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ABSTRACT

The purpose of the work in this thesis was to model carbide precipitation in practical steels.

There is a brief introduction of previous work about modelling precipitation in Chapter 1.
The importance of precipitation in industrial steels is introduced with typical applications,
including high strength low alloy steels and secondary hardening steels of the kind used in

power plant.

The basic theory for precipitation processes, including a recent theory for simultaneous pre-
cipitation reactions, is reviewed in Chapter 2. Theory about the nucleation and growth of
individual particles is on the whole well-established. There has been some significant progress
in the theory for the overall transformation kinetics of transformations which happen at the
same time. The new theory is an adaptation of the classical Avrami model. However, the
concepts have only been tested against limited data so in the present work the theory has been
validated with new experimental data on a number of power plant steels (Chapter 4). The

experimental procedures are described in Chapter 3.

There are a number of fundamental problems which are outside of the framework of simulta-
neous transformations, associated with the growth of individual phases, which in the present
work have been found to prevent accurate solutions. For example, new methodologies have
been developed for the growth of needle-shaped and spherical precipitates, taking proper ac-
count of mass balance during multicomponent diffusion—controlled growth whilst at the same
time dealing with the associated capillarity effects. These methods have been tested on molyb-
denum carbide precipitation in martensite (Chapter 5) and on niobium carbide precipitation
in austenite (Chapter 6). Both were satisfactorily validated against published experimental
data. This includes the estimation of changes in the volume fractions and particle sizes of
equilibrium alloy carbides in ternary steels with coarsening emerging as a natural consequence

of capillarity, without any need for a separate explicit treatment.

Precipitate fractions are quite small in typical power plant steels. This has been used to
advantage by eliminating the distinction between extended and real space, thus allowing the
precipitate size distribution and number densities to be estimated. In the course of this work,
it was discovered that most previous treatments have an iﬁcorrect treatment of the number
density of nucleation sites by many orders of magnitude. New calculations have been carried

out which show the proper physical behaviour and good agreement with experimental data,
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not only about voluine fractions but also particle sizes for each alloy carbide in 3Crl.5Mo and

22Cr1Mo steels. '

Computer programs incorporating all the research have been documented and placed on a

materials algorithms library for free access.

iv



Contents
CHAPTER ONE Introduction ............c.cooenmiiiiiiiiiiaiaanaaann. 1
1.1 AIm of this WoTK ... .ot 1
1.2 Carbides in practical steels ....... ... . 5
1.2.1 High strength low alloy steels................................ T 5
1.2.2 Powe'rplantsteels...................; ........................................... 8
IO 1011 4= o A P PP 16
CHAPTER TWO Theory for precipitation reactions in steels ................ 17
2.1 INtrodUcCtiOn .. ..ottt e e 17
2.2 Classical NUCleation . ........onuiniiini i e 17
2.3 Interfacial energy during nucleation ................ .. i 20
2.4 Diffusion—controlled growth in a binary system .......... ... i 20
D.4.1 Rate Control .......... . 20
2.4.2 Zener model for diffusion—controlled growth ... 22
2.4.8 Capillarity effect on concentrations at the interface ............................ 24
2.4.4 Growth of plate-shaped and needle—shaped particles ........................ ..., 27
2.4.5 Growth of spherical particles ... e 28
2.5 Diffusion—controlled growth in a multicomponent system ............................ 30
2.6 Non—equilibrium transformations ...............c.oooiiiiiiiiiiiiiiiii i 32
2.6.1 Paraequilibrium transformation ........ ... .. ... i 32
2.6.2 Martensitic transformation .......... ...t Seeeieiiii 32
2.7 Overall transformation — Avrami theory — ......... . i 34
2.8 Soft-impingement .................. R S 37
2.9 Simultaneous precipitation reactions in power plant steels ........................... 38
2.9.1 INErodUCLiON .. ... ..ot e 38
2.9.2 BasiC COMCEPE . ..o ettt e e e 39




2.9.8 SPECIAL CASES ..o\t 39
2.9.4 Complex simultaneous reactions in secondary hardening steels ................... 40
2.10 Particle COAISENING .. ... ...c.iiii i e 48
2,11 SUIMINATY . oottt ettt e e et e e et e e e 50
CHAPTER THREE Experimental procedures .................................. 51
3.1 IntrodUCtion .. ...ttt 51
" 3.2 Materials and processing conditions .............. ... i 52
3.3 Optical MICIOSCOPY ..ttt vttt et e et 54
3.4 Hardness MeasUEIENts . . ....ven et ettt ettt ettt it 54
3.5 Transmission electron microscopy (TEM) ......... .. ... i, 54
8.5.1 Sample preparation ........ ..o e 54
3.5.2 Identification of precipitates using electron diffraction ........................... 55
3.6 X-ray diffraction from electrolytical extraction residues ...................... ... . ... 57
3.7 Measurement of particle size ............... . 57
CHAPTER FOUR Experimental verification ................................... 60
4.1 Introduction ........... ...l A 60
4.2 Previous experiments in literature ........... ... i i 60
4.3 Experimental TeSults ............o.i i e 61
4.8.1 Optical microstructure and hardness ... .. BT TR 61
4.8.2 X-ray analysis ............ ... i e 64
4.3.3 TEM observations ...................... TS PP 65
4.4 Verification....... e e e e e e e e e e 71
4.4.1 Comparison between theory and experiments......... S e 71
4.4.2 Difficulty 1: Cementite precipitation ............. ..., 74
4.4.8 Difficulty 2: The aspect ratio of MyC ... 75

vi




4-4-4 Difficulty 3: Avrami theory ..... e e 75

4.4.5 Difficulty 4: Diffusion—controlled growth in a multicomponent system ........... 75
4.5 New calculations for 3Crl1.5Mo steel ... 77
A6 SUINIMIATY . . .o\ttt e e e et e et e e et et e et e e e e e 79

CHAPTER FIVE Modelling precipitation of needle-shaped precipitates ....80

5.1 INtrodUCtiOn . ..ottt e e e e 80
5.2 Modelling carbide kinetics in Fe-Mo-C system ........................... .. P 83
5.2.1 Cementite precipitation ... 83
5.2.2 MyC precipitabion .........ooooiiii e 86
5.3 Diffusion coefficient ...........ooiiiii i e 92
5.4 Thermodynamic calculations for M,C in Fe-Mo~C system ........................... 92
5.4.1 Driving force for nucleation ......... ... .. 92
5.4.2 Equilibrium concentration and capillarity effect ...l 94
5.5 Calculations for M,C precipitation in Fe-Mo-C system .............................. 96
T 1 Y 1Y 102

CHAPTER SIX Modelling precipitation and coarsening of spherical precipi-

177 = < 103
6.1 TntTodUCHION . ...l e e 103
6.2 Modelling the kinetics of NbC in Fe-Nb-C system ................coooivieiiiiinn. 103
6.2.1 NUCIEALION .o oot e e et e 104
6.2.2 Growth .........ccoviiieineeenn.. TP 104
6.3 Thermodynamic calculations for NbC in Fe-Nb—C system ..........ccoveverviennnn. 109
6.8.1 Driving force for nucleation .......... ... ... . 109
6.3.2 Equilibrium concentration and capillarity effect .................. ... 110
6.4 Calculations for NbC precipitation in a multicomponent framework ................. 111

vii



6.5 Summary ................ S e 120

CHAPTER SEVEN Modelling simultaneous alloy carbide sequence ........ 121
7.1 INtrodUCtiOn ... ..ot e 121
7.2 Modelling of multiple precipitation reactions ..................... e 121
7.3 Thermodynamic calculations for alloy carbides in power plant steels ................ 121
7.4 Particle $ize MEASUTEIMENES ...\ vvteee ettt eeeeeeee... 123
7.5 Morphology of alloy carbides ........... .. ... ..o 124
7.6 Particlesize change ............. ... ... .o P 126
7.7 Comparison between theory and experiments ..., 129

771 Parameters .........c..oooeoiiiiiiiiiiiiiiiiiiiea e 129

7.7.2 Volume fraction change ............ ... . i 129

7.7.8 Particle size change .............. ... ... e 131
7.8 Summary ...... ST 133
CHAPTER EIGHT Conclusions and suggestions for further work .......... 134
APPENDIX ONE Computer Programs ................... R e 136

APPENDIX TWO Precipitation in a power plant steel containing silicon . 198

APPENDIX THREE Alloy carbide precipitation on grain boundaries ...... 203
APPENDIX FOUR Solubility products .........................o 206
REFERENCES ... i 211

viii



NOMENCLATURE AND ABBREVIATIONS

Area of collector—plate

Constant relating the volume fractions of two phases precipitating simultaneously
Constant relating solubility product

Transformation temperature for ferrite + austenite — ferrite 4+ cementite
Transformation temperature for austenite — ferrite 4+ austenite

Constant relating the volume fractions of two phases precipitating simultaneously
Constant relating solubility product

Carbon

Constant relating parabolic growth

Constant relating the volume fractions of two phases precipitating simultaneously
Speed of light in a vacuum

Concentration of solute atoms

Concentration of carbon

Concentration of substitutional solute M

Concentration of carbon for cementite with thickness d

Concentration of solute in « in equilibrium with 3

Concentration of carbon in « in equilibrium with 3

Concentration of substitutional solute M in o in equilibrium with 38

" Concentration of solute in « in equilibrium with a curved 3 interface

Concentration of solute in « in equilibrium with ~ for paraequilibrium
Mean concentration of solute |

Mean concentration of solute with paraequilibrium cementite
Instantaneous mean concentration of solute due to soft-impingement
Diffusion coefficient -

Pre—exponent factor for diffusion coeflicient

Diffusion coefficient for carbon

Diffusion coefficient for substitutional solute M

Diffusion coefficient for grain boundary diffusion

Diffusion coefficient for volume diffusion

Thickness of M;C plate

Spacing of hkl planes

Size of collector—plate

ix



aul

4]

[T o L
e 1~
=2

o

z 2z 3 3 3 3

(=]

W

CZ uz 02 OZ

2z

Mean distance between particles

Charge of an electron

Free energy

Free energy barrier to nucleation

Free energy for g

Free energy for 8 with a curved interface of radius r

Free energy change

Overall free energy change for transformation

Overall free energy change for 3 precipitation per mole

Overall free energy change for 3 precipitation per mole due to soft-impingement
Driving force for nucleation per mole by common tangent
Driving force for nucleation per mole by parallel tangent
Chemical driving force for nucleation per unit volume of nucleus
Planck’s constant

Lattice plane indices

Nucleation rate per unit volume

Instantaneous nucleation rate per unit volume

Diffusion flux across a unit area

" Boltzmann’s constant

Mean needle length

Camera length

Length of grain boundary per unit volume
Constant in Zener—Hillert equation

Time exponent in Avrami equation
Constant in Zener—Hillert equation
Electron rest mass

Number density of sites or particles

Initial number density of sites

Initial number density of sites for
Number density of grain boundary corners
Number of particles per unit area
Number density of particles

Fixed number density of sites -

Number density of particles for 3



Activation energy (for diffusion or nucleation)
Molar gas constant

Measured distance between transmitted and diffracted spots on microgragh
Length of a precipitate on grain boundaries
Radius

Critical radius for viable nucleus

Average particle size before Ostwald ripening
Critical radius of curvature

Final radius

Instantaneous radius

Top radius giving maximum growth rate )
Mean particle radius

Thickness of a precipitate on grain boundaries
Area of grain boundary per unit volume
Temperature

Time

Time for enrichment of solute to cementite with thickness d
Volume fraction

Accelerating voltage

Equilibrium volume fraction

Maximum volume fraction

Volume fraction"of 8

Extended volume fraction of g

Instantaneous volume fraction

Growth rate

Molar volume of 3

Carbon concentration in wt%

Volume of each particle nucleated at time of 7
Mean diameter of particles

Position co-ordinate

Instantaneous position

Effective diffusion distance

Ferrite

3—dimensional parabolic growth constant

xi



> & 2 H

do
dn

HSLA
MTDATA
SCE
SGTE
TEM
TTP

Capillarity coefficient

Austenite

Thickness of grain boundary

Electron wavelength

Constant used in the general form of the Avrami equation
Chemical potential of solute M in «

Chemical potential of solute M in « with a curved interface
Dimensionless supersaturation

Dimensionless supersaturation with capillarity effect
Extent of reaction parameter

Aspect ratio of needle

Interfacial energy per unit area

Incubation time

Bragg angle

Volume fraction untransformed

Change of interface area with an extra atom transformed from matrix
High strength low alloy

Metallurgical and Thermochemical Databank

Saturated calomel electrode

Scientific Group Thermodata Europe

Transmission electron microscopy

Time-temperature—precipitation

- xii



CHAPTER ONE

Introduction

1.1 Aim of this work

Steels are the most important and popular structural materials because they are cheap and
their mechanical properties can be controlled over a very wide range of values. The mechanical
properties are dependent on the microstructure which in turn can be varied by changing the
chemical composition and thermomechanical processing conditions. Therefore, microstructure

control is very important for alloy design (Fig. 1.1).

Properties required

Y

Alloy design
Microstructure control Optimisation
- Transformation <**| - Chemical composition
- Recrystallisation - Thermomechanical
- Precipitation processing conditions’
Experimental work Modelling
Time-consuming process - Semi-empirical model
Good predictability for limited
‘ applications but many unclear
: parameters
Reduce _
time-consuming  [*w+eeef - Physical model
process Widely applicable but
" difficult in complicated case

Fig. 1.1: Schematic illustration for alloy design.
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Precipitation reactions are important in design of suitable microstructures for specific appli-
cations. Table 1.1 shows some of the typical examples of precipitation systems in several
commercial steels. As shown in Table 1.1, alloy carbide precipitation has played an important
role in industrial steels, especially for strengthening micro—-alloyed steels (High Strength Low
Alloy steel, termed HSLA) and secondary-hardened heat resistant steels. A great deal of ex-
perimental work generally is often required to get the desired properties. Modelling is very

useful method to reduce such time—consuming experimental work (Fig. 1.1).

Steels Precipitates concerned Role of precipitates Industrial application
Interstitial Free| TiC, NbC, TiN, NbN |Reduce carbon and nitrogen Panel for

Steel for good formability automobiles
High Strength TiC, NbC, VC, VN Precipitation strengthening Pipe lines
Low Alloy Steel
Heat resistant | MC, M,C, M;C;, M;3Cq,|  Strengthening for creep Power plant

Steel Intermetallic compounds resistance

Stainless M,,Cq, MC, Creep resistance, Chemical plant

Steel Intermetallic compounds Corrosion resistance Power plant

Table 1.1: Examples of alloy carbides in commercial steels.

Table 1.2 shows some examples of previous work on the modelling of precipitates in steels
(Le Bon etal., 1975; Dutta and Sellaré, 1987, Saito etal., 1988; Akamatsu etal., 1992; Liu
and Jonas, 1988; Miyahara et al., 1995; Okamoto and Suehiro, 1998; Gustafson etal., 1998).
Most of these deal with the precipitate as an equilibrium phase and some of them use overall
transformation theory based on the extended volume concept (Kolmogorov, 1937; Johnson
and Mehl, 1939; Avrami, 1939, 1940, 1941). Recently, Sellars pointed out that semi-empirical
models have been applied successfully for HSLA steel but there is not still a full understanding
(1998). Dutta and Sellers modelled NbC precipitation in austenite during hot deformation
(1987). This was a semi—empirical model and in good agreement with experiments obtained
by several researchers. However, it was necessary to adjust several parameters which did not
always have clear physical meaning. This kind of a semi—empirical model must be limited in
its application. Akamatsu et al. also suggested a model for NbC precipitating on dislocations
during hot deformation in austenite. This model was based on nucleation and growth theory.

‘The nucleation sites were assumed to be on dislocations which changed as recavery proceeded.
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Authors Precipitate Steel Conditions Comments
A. Le. Bon HSLA | Deformation The relationship between fraction
J. Vernis NbC at high recrystallised and Nb precipitation
C. Rossard temperatures | kinetics were investigated. Experimental
data were related using the K.JMA theory.
B. Dutta HSLA | Deformation Initial nucleation density of NbC was
C. M. Sellars NbC at high determined experimentally and the time
temperatures for 0.05% of equilibrium fraction was
obtained with Zener-Hollmon parameter.
Y. Saito HSLA Deformation | Volume fraction of NbC was calculated
C. Shiga NbC at high by classical nucleation and growth
T. Enami temperatures using the KJMA theory.
S. Akamatsu HSLA | Deformation Volume fraction and size of NbC were
T. Senuma NbC at high calculated by classical nucleation and
M. Hasebe temperatures diffusion—controlled growth.
R. Okamoto HSLA Isothermal Volume fraction and size of NbC were
H. Suehiro | Nb(C,N) heat- calculated by classical nucleation.
treatment | diffusion—controlled growth and capillarity.
W. J. Liu HSLA | Deformation | Precipitation starting time was determined
J. J. Jonas TiC at high experimentally using a relaxation test.
temperatures
K. Miyahara 10 wt%Cr Volume fraction of Laves phase was
J. Hwang Laves heat- Tempering calculated using the KJMA theory.
T. Iwamoto resiéting
Y. Hosoi steel
A. Gustafson 10 wt%Cr | Isothermal Size of (V,Nb)N in ripening was
L. Hoglund | (V,Nb)N heat- heat- calculated by multicomponent diffusion
J. Agren resisting | treatment (DICTRA).
Steel |

Table 1.2: Review of precipitation models. KJMA stands for Kolmogorov-

Johnson-Mehl-Avrami, who originally proposed the extended volume concept.




CHAPTER ONE — Introduction

The growth was dealt with taking proper account of the diffusion both Nb and C, with few
adjustable parameters. In the context of multicomponent diffusion, the computer software
DICTRA has been developed for the analysis of growth (Andersson etal., 1990). Gustafson
et al. modelled the ripening of (V, Nb)N in 10Cr wt% power plant steel with DICTRA (1998).
The particle size was predicted and consistent with experimental data. All of these models can
cope with only one precipitation reaction occurring at any instance, as an equilibrium phase.
In practice, many reactions may occur simultaneously and non-equilibrium phases are often
important. For example, heat-resisting steels contain many kinds of carbide precipitates,
only some of which enhance creep resistance and many of which are metastable. In fact,
| the precipitation and dissolution processes continue during service at elevated temperature
as equilibrium is approached. The conventional models described above cannot be applied

directly to such simultaneous reactions in practical steels (Fig. 1.2).

Precipitation kinetic model

— Existing model— For practical steels

-To dea}l.wifh only one phase | _ | |- Simultaneous precipitation reactions
as equilibrium phase Several metastable phases

- Particle distribution
Shape? needle (¢.g. Mo,C) or
sphere (e.g. NbC)v

- Based on Avrami

Size?

Robson and Bhadeshia- Density?

model

- Simultaneous kinetics '

- Modified Avrami theory \

’ " | - Verification for simultaneous kinetic
model with Low-Cr power plant steel

- Particle size prediction
Needle : molybdenum carbide
Sphere : niobium carbide

- Modelling simultaneous kinetics and
particle sizes for each phase in Low-
Cr power plant steel )

Fig. 1.2: Schematic illustration of activities for modelling simultaneous pre-

cipitation reactions.
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Recently, a new theory which generalises the extended volume concept to simultaneous pre-
cipitation reactions has been established (Jones and Bhadeshia, 1997; Robson and Bhadeshia,
1997a). Its application to secondary hardened steels has been confirmed experimentally with
very limited data (Robson and Bhadeshia, 1997b), just the change in the volume fraction of
each precipitate which occurs during the isothermal heat treatment of power plant steels. Pre-
cipitation strengthening strictly depends on particle size and on the distribution of precipitates,

rather than just on the volume fraction.

The purpose of the work presented in this thesis was firstly to check comprehensively the
validity of the Robson and Bhadeshia model (1997a), and secondly to create a better model for
alloy carbide precipitation, which is able to cope with particle sizes and coarsening phenomena
as a natural consequence of aging. In this work, niobium carbide in HSLA steel (as a spherical |
precipitate), molybdenum carbide in secondary hardening steel (as a needle-shaped precipitate)
and alloy carbide sequence in low chromium power plant steels have been chosen for being

modelled.

1.2 Carbides in practical steels
1.2.1 High strength low alloy steels

For certain critical applications, such as in the construction of pipelines for the oil and gas
industries, there is an overriding need for good toughness and strength, and hence the need
for careful microstructural control (Tamura et al., 1988), embodied in thermomechanical pro-
cessing which leads to a general refinement of the microstructure. Small amounts of niobium,
titanium or vanadium,’lead to the precipitation of fine carbides or nitrides which pin austenjte
grain boundaries, prevent grain growth and hence lead to a reduction in grain size. Because of
relatively easy way to get high strength, there are now a number of industrial applications, not
only for critical applications in which toughness is vital, but also for many other applications,

for example, in the reduction in weight of automotive vehicles (Esaka et al., 1985).

Thermomechanical processing

During cooling after hot-rolling, the fine austenite grains transform to even smaller ferrite
grainé which nucleate at the austenite grain boundaries. Obviously, the size of the carbonitride
particles and their volume fraction are very important factors. According to Zener (1948), the

finer particle size, the more effective is the pinning. To ensure fine particles it is necessary to
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consider aspects of the précipitate solubility at the temperatures where hot-rolling is carried
out. During hot deformation the steel is heated (“homogenised”) at higher temperature and
then rolled. During homogenisation, the solute dissolves in the austenite. During rolling and
subsequent cooling, the solubility decreases and fine precipitation ensues with typical alloy
concentrations (Fig. 1.3). Fig. 1.4 shows that the carbides and nitrides can dissolve at
temperatures in excess of 1200 °C with precipitation at typical rolling temperatures (e.g.
900 °C). Therefore, very fine particles can be obtained during hot-rolling and cooling as

schematically shown in Fig. 1.3.

(a) (b)
s
~1150C

Deformed ¥
grains

1 : Recrystallization
region

L.~ 950°C >~ e a0 /
’ v 3 .
\“’\\_‘w Deformation Fine microstructure by
I : Non-recrystallization band precipitates

region \
—— Ars . - .

I (¥+o0l) region

Temperature —

(B)

\

Fine ferrite grains

Equiaxed grains

Strain —

Fig. 1.3: Schematic illustration of the thermomechanical processing that leads
to fine grains in micro-alloyed steels. A, 3 and A, represent transformation
temperatures for ¥ — v+ a and o+ — a+carbide respectively, where 7 is
austenite (face—centred cubic structure) and « is ferrite (body—centred cubic
structure) (Tanaka, 1981).
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C content / wt%

(a) NbC (b) TiC (c) VN
o\; 0.14 | - -
~ 012} - -
= A
c . R
g
08 1200°C "
3 ° 1200°C 1000°C
o .
£
- o =
900°C o
5 0.02 i 900°C | eo0°c
I °
0 1 1 1 i
0 0.1 0.2 0.30 0.1 02 030 0.005 0.010

C content / wt%

N content / wt%

Fig. 1.4: Solubility of (a) niobium carbide: NbC, (b) titanium carbide: TiC
and (c) vanadium nitride: VN as a function of temperature and carbon or
nitrogen content (adapted from Meyer et al., 1976). These were derived from
enthalpy data for each precipitate formation, NbC in 0.005C to 0.18C-ONb to
0.92Nb wt% steel, TiC in 0.1C-0.058Ti to 0.35Ti wt% steel and VN in 0 to
0.017N-0.35V to 2.78V wt% steels respectively.

Effect of Nb, Ti or V addition

Fig. 1.5 shows the effect of Nb, Ti and V additions on the ferrite grain size (Meyer et al., 1976).
The fine grain and particle size leads to an increase in the strength and toughness. Table 1.3
shows the basic crystallographic data for the carbide and nitride- important in micro-alloyed

steels.

As shown in Fig. 1.5, Nb has the most effective to get fine grains. This is because Nb addition
does not only form fine carbide but also retard recrystallisation in hot deformation (Le Bon,
etal., 1975). The retardation of recrystallisation by Nb is more effective than by alloying
elements such as Ti and V (Fig. 1.5). Therefore, there have been several studies of NbC pre-
cipitation during hot deformation, as already listed in Table 1.2. In many cases, the nucleation
sites were assumed to be dislocations. Because of the complexity of hot deformation, in which
recovery, recrystallisation and precipitation occur at same time, such models include many
parameters, some of which are not well-understood physically but used as fitting parameters.

It would be useful to develop a basic model with general applicability.
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140

120

100

0]
o
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Ferrite grain size / pm
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o
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o

0 | | 1 L !
0 002 004 006 008 010 012

Alloying element / wt%

Fig. 1.5: Effect of Nb, Ti and V on ferrite grain size (Meyer et al., 1976).

Precipitate structure Lattice parameter / A
NbC Cubic-F | a=4.4T1
TiC -~ Cubic-F a=4.380
VN Cubic-F a=4.139

Table 1.3: Data for alloy carbides and nitride from the ASTM card index.

1.2.2 Power plant steels

Efficient energy generation is a prime goal for all industrialised economies. This calls for steels
which can withstand higher operating temperatures over long periods of time. Table 1.4 gives

the typical pressure, temperature and efficiency data for power plant (Kougami and Isaka,
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1990). If the present main steam temperature which is 538 ?C at 25 MPa is raised up to

650 °C at 35 MPa, then the efficiency will increase to 456%, an 8% improvement. To reach

these objectives, it will be necessary to develop new types of high chromium ferritic steels and

possibly austenitic stainless steel.

538 °C - 25 MPa 595 °C - 32 MPa 650 °C - 35 MPa

(present condition)

Main steam temperature in °C and pressure in MPa

consumption
1

/ 10° tons year™

Efficiency / % 41.5 44.0 44.8
Improvement 0 6.0 8.0
of efficiency / %
Reduction in coal ‘
0 130 150

Table 1.4: Present and expected conditions of main steam temperature, pres-
sure and efficiency (Kougami and Isaka, 1990). Improvement of efficiency and

possible amount of coal to be reduced are compared with current values.

Table 1.5 shows the anticipated materials for each component (Kougami and Isaka, 1990).

Basically, the materials must have good heat resistant properties, in which the improvement

of high temperature creep properties is generally the most important.

Main steam temperature in °C and pressure in MPa

538 °C - 25 MPa  595°C - 32 MPa 650 °C - 35 MPa

(present condition)

Main tube in boiler- Z%CrlMo 9CrMo Austenitic steel
Valve in boiler Q%CrlMo ' 9CrMo Austenitic steel
Main rotor in turbine CrMoV 12Cr Austenitic steel

Table 1.5: The expected materials for each component (Kougami and Isaka, 1990).
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High temperature creep deformation

Creep can be defined as time dependent plastic deformation at stresses below the normal yield
strength. Creep deformation occurs at a significant rate at temperatures greater than about

half of the absolute melting temperature.

There are several meth;)ds of strengthening against creep. Firstly, solid solution strengthening
is basically due to the lattice strain caused by misfitting solute atoms. One advantage of this
mechanism in the context of creep is that its contribution remains constant during service as
long as precipitation does not deplete solute. Unfortunately, the magnitude of the effect is not
very large at high temperatures. However, solutes may affect the creep rate through the stack-
ing fault energy and via the overall diffusion coefficient (Barrett and Sherby, 1965). Secondly,
precipitation strengthening provides obstacles to the movefnent of dislocations (McLeén, 1962).
For high strength, the particles should be small and dispersed homogeneously. The effect of
precipitation strengthening is generally much higher than that of solid solution strengthening.
However, over long periods in service at elevated temperatures, precipitates can coarsen or

transform.
Necessity of new ferritic steels

Besides the basic demand of creep resistance, there has recently been another requirement, that
of thermal fatigue resistance. Changing electricity demands means that it may be necessary
to make power plant capable of intermittent operation. For thermal fatigue resistance, the
material must have a low coefficient of thermal expansion and a high thermal conductivity.
A ferritic steel with body—centred cubic structure is therefore better than an austenitic steel
with face—centred cubic structure (Yamanaka et al., 1967). On the other hand, a ferritic steel
is weaker at high temperatures. Therefore, it is especially necessary to strengthen ferritic
steels at high temperatures or to reduce the expansivity of austenitic steels. The latter is
difficult and expensive, so that the priority is to focus on new ferritic alloys. Table 1.6 shows
the developing history of new ferritic steels, including their main chemical constituents and

properties (Masuyama, 1998).
Tempering martensite

To get a good balance between hardness and ductility in such ferritic heat resistant steels
as shown in Table 1.6, the tempering of martensite is usually carried out at temperatures,

between 150 °C and 700 °C. During tempering, excess carbon is rejected from supersaturated
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105 h creep rupture strength at 600 °C / MPa
35 60-80 80-120 120-140 180

[2.25¢r 1Mol 9Cr2Mo |
9Cr1Mo —H 9Cr1MoVNb— 9Cr 1Mo —{9Cr0.5Mo1 8WVNb| | 11Cr0.2Mo
-Optimised V and Nb 2.6WVNb
12CrIMoV [ 12Cr1MoWVNb |——12C10.5Mo2 WVNbCu| Coll

Table 1.6: The developing history of new ferritic steels including the main

chemical constituents in wt%. (Masuyama, 1998)

solid solution to form carbides. Whereas tempering at low temperatures (less than about
500 °C) results mostly in the formation of cementite or other iron-rich transition carbides,
substitutional solute-rich “alloy carbides” are able to form as the tempering temperature is
raised to a level where these solutes become mobile. Extensive studies have been carried out
on carbide changes during the tempering of power plant steels. Most of the research has
focused on the populaf ferritic heat resistant steels, e.g. 1CrMoV and Q%CrlMo steels. The
microstructure changes during tempering have been reported td occur in four stages as follows

(Balluffi et al., 1951; Baker and Nutting, 1959; Nutting, 1999).
Stage 1

The first stage of tempering of martensite is that the hexagonal € carbide with the composition
of Fe, ,C precipitates as narrow plates with a well defined orientation relationship. After €

carbide precipitates, the martensite may still be supersaturated with carbon.

Stage 2

During the second stage of tempering, any retained austenite present in the microstructure

decomposes and cementite (Fe3C) forms.
Stage 8

During this stage, cementite precipitates at the expense of the transition iron-carbides (such
as €) and grows. It is likely that the cementite nucleates at the interface between € carbide and

the matrix which is no longer supersaturated with carbon and hence is referred to as ferrite.
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Stage 4

If the material is a plain carbon steel, cementite coarsens and there will eventually be spherical
cementite and equiaxed ferrite grains formed in this. last stage of tempering. However, all
power plant steels contain strong carbide—forming alloying elements, such as Cr, Mo, V, Nb
and W to improve the resistance to creep deformation. These alloying elements are able to
diffuse at reasonable rates at tempering temperatures greater than about 500 °C to form more
stable alloy carbides than cementite, which starts to dissolve. The alloy carbides are finer and
at first coherent or semi-coherent with the ferrite. This causes an increase in the strength and

have the term “secondary hardening”.

The first three stages of tempering are completed in a relatively short time compared with
stage 4 which requires the diffusion of substitutional solute. Those alloy carbides may nucleate
early, even though they may not be the most stable from a-thermodynamic point of view. This
leads to a sequence of precipitation reactions as equilibrium is approached. Fig. 1.6 shows
an example of experimental results on carbide sequence in Q%CrlMo steel which is one of the
most popular power plant steels (Nutting, 1999). The specific details of this sequence strongly

affects the creep properties.

750 - M, Gy + M, C
725
700
675

650

Tempering temperature / C

. 05 1 5 10 50 100 500 1000

Tempering time / h

Fig. 1.6: Carbide sequence in Z%CrlMo steel (Nutting, 1999). “M” stands

for metallic elements.
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Structure of alloy carbides

There have been many studies on alloy carbide precipitation in power plant steels (e.g. Kou,
1953; Shaw and Quarrel, 1957; Baker and Nutting, 1959; Woodhead and Quarrel, 1965; Yakel,
1985). Table 1.7 contains same details of typical alloy carbides in power plant steels are
summarised (Andrews et al., 1967). Because of many alloying elements, the chemical formulae

are often written with M which stands for total metallic elements partitioned to each alloy

carbide.
Precipitate structure Lattice parameter / A
Fe,C Orthorhombic a=4.5241, b=5.0883, c=6.7416
M,C, ' Trigonal 2=13.982, c=4.506
Mo, C Hexagonal 8=3.002, c=4.724
M,C Cubic-F a=11.082
Table 1.7: Data for alloy carbides in this work (Andrews et al., 1967).

Cementite in plain carbon steels forms with the composition Fe;C. The structure is approxi-
mately hexagonal closed—packed in which iron atoms are arranged with localised distortions to
accommodate the interstitial carbon atoms. Each carbon atom is surrounded by 6 iron atoms

with a triangular prism as shown in Fig. 1.7 (Jack and Jack, 1973).

In alloy steels, other metallic elements may partition into the cementite in which case its
composition is written MzC which frequently remains iron-rich with the same orthorhombic
structure as Fe;C. Woodhead and Quarrel (1965) reported that Mn and Cr can be soluble
into M3C. For example, Thomson has reported more than 30 wt % Cr was detected in the
cementite in a 24 Cr1Mo steel during tempering at 565 °C (1994a, 1994b). Other elements, Ni,
Mo, W and V which are often added to power plant steels have also been found to dissolve in

MSC-

M;C formation occurs by a paraequilibrium mechanism (details in Chapter 2), in which inter-
stitial atoms can reach equilibrium but substitutional atoms cannot diffuse (Hultgren, 1947;

Bhadeshia and Christian, 1990). This means that alloying elements are trapped in cementite
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with the same concentration ratio to iron as the parent phase. Solute partitioning can occur
subsequently to allow equilibrium to be achieved. The enrichment of solutes is dependent on
the size of the particles and the partitioning ratios of the ferrite matrix (Bhadeshia, 1989). ‘
Thomson reported that in low chromium power plant steels the enrichment rate is so slow that

the composition of cementite may not reach the equilibrium within the design life time (1992).

S:197A
12044

Fig. 1.7: The prism environment of iron atoms around carbon in FezC (Jack
and Jack, 1973).

M,C is a molybdenum-rich carbide with a hexagonal structure. Cr, V and Fe readily dissolve
in this phase (Vyrostkova etal., 1998). M,C commonly precipitates as fine needles parallel to
the < 110 > direction in ferrite with the specific orientation relationship (Pitsch-Schrader,

1958):

(0001) pp,0 Il (011), and  [1120] s, || [L00],,

M,C, is a chromium-rich carbide with the trigonal crystal structure. Fe dissolves in M,C,
with smaller solubilities for Mn, V and Mo. M,Cj; tends to nucleate near cementite or on the

interface between cementite and ferrite (Baker and Nutting, 1959; Kuo, 1953). Woodhead and

Quarrel (1965) stated that M,C, would only be observed when the chromium concentration is

— 14—
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high enough. Beech and Warrington (1966) reported that there might be a chromium—enriched

zone left when cementite dissolves, forming an ideal site for M,C; precipitation.

The diffraction pattern of M,C, often includes characteristic streaks which are attributed to
faults lying on (10.0) planes (Beech and Warrington, 1966). This feature is very useful to

distinguish M,C; from other carbides.
M, Gs

This phase is also a chromium-rich carbide with the face—centred cubic structure. Fe, Mo and
W are significantly soluble in M,3C4. For many power plant steels, this carbide is often one of
the equilibrium phases observed during tempering at elevated temperatures. The nucleation
of this phase have not been fully investigated but may occur on the prior austenite grain
boundaries, martensite lath boundaries (Senior, 1989) or adjacent to M,C,; (Nutting, 1999).
The morphology of My;Cy particles does not change much during aging (Nutting, 1999). It
precipitates rapidly as a large particle which may stabilise the lath boundaries (Bjérbo, 1994)
so that M,,Cq is thought not to directly contribute to creep strength.

M,C is a molybdenum-rich carbides with the face-centred cubic structure frequently contain-
ing Fe but not Cr. For power plant steels containing Mo, MgC is often one of equilibrium
phases at elevated temperatures. Nucleation tends to occur on the M,C and M,;Cg interphase
boundaries (Kurzydlowski and Zielinski, 1984), prior austenite boundaries or martensite lath
boundaries. However, recently, Nutting reported the phase may not nucleate by an in-situ
transformation from previously existing carbides (1999). As dissolution of former precipitated
carbides occurs, solutes dissolve into the matrix and then are transferred into MyC by diffusion
(Nutting, 1999). This carbide may also be so large and its formation causes less stable fine

carbides to dissolve, leading to a reduction in the creep strength.

Fig. 1.8 shows the calculated equilibrium composition for each alloy carbide at 600 °C for
3Cr1.5Mo and 2%Cr1Mo steels, both of which are described in later chapters. During temper-

ing, chromium may diffuse from one carbide to another (Thomson, 1992).
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a) 3Cr1.5Mo steel at 600C ' b) 2.25Cr1Mo steel at 600C
1.0 1.0
! ! M Mn
Mo
I N Fe
W Cr

Mole fraction of each element

Mole fraction of each element

(para.) (equi.) {para.) (equi.)

Fig. 1.8: The equilibrium composition for each alloying element in each

" alloy carbide at 600 °C for (a) 3Crl.5Mo and (b) Z%CrlMo steels, which
will be investigated in later chapters. The calculations have been done using
MTDATA (Hodoson, 1989) and SGTE database, allowing existence of ferrite
and each carbide in each case. M3;C (para.) and M3C (equi.) represent .

cementite with paraequilibrium and equilibrium respectively.

1.3 Summary

Alloy carbides are of great impoftance in obtaining reliable mechanical properties in a variety of
steels. Especially in HSLA steel and Power Plant steel, they play very important role to control
microstructure and to obtain applicable strength. Although a great deal of experimental work
has been done to characterise the precipitation process and although semi-empirical models
have been successfully applied, the precipitation process is not still fully understood. Therefore,

there is a big demand for the physical modelling of transformation kinetics.

16—
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Theory for precipitation reactions in steels

2.1 Introduction

The formation of an individual particle involves its nucleation and growth but the overall
precipitation process must also account for impingement effects. The latter phenomenon can be
dealt with using the theory for overall transformation kinetics as first expressed by Kolmogorov
(1937), Johnson and Mehl (1939) and Avrami (1939, 1940, 1941). They are reviewed in this
chapter.

2.2 Classical nucleation

" When a new phase is created during a heterophase fluctuation, its interfacial energy with the
matrix tends to oppose its formation giving rise to an activation barrier even though the parent
phase is thermodynamically of a higher free energy. When a spherical embryo with a radius r

is created by a thermal fluctuation, the change of free energy, AG, is given by

AG = g-ﬂ'r?’AGv + 41?0 (AG, £0) (2.1)

where AG, (negative) is the chemical free energy change per unit volume, o is the interfacial
energy per unit area, assumed to be isotropic. Equation 2.1 also assumes that the strain energy

can be neglected. Fig. 2.1 shows the relationship between AG and r.

The maximum free energy occurs at a critical radius, r*, when the net free energy change has a
value, G*, known as the activation energy. A nucleus with a bigger radius than r* will tend to
grow rather than dissolve since its growth leads a decrease of free energy. At r = r*, dAG /dr

equals to zero, so that G* is given by:

_ 1670

=@ (2.2)

G*

The nucleation rate depends on the attempt frequency, which can be written as kT'/h, where h
is the Planck constant, & is the Boltzmann constant and T is the absolute temperature. Thus,

the nucleation rate in the untransformed region I is given by (Christian, 1975);
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[

4G
interfacial energy term  oc r2

P
radius, r

Chemical energy term  oc r3

Figure 2.1: The free energy change associated with the formation of a nucleus

as a function of radius 7.

kT G +
I= NO—-}-L—exp(— kTQ> (2.3)

where N, is the number, of nucleation sites per unit volume, @ is the activation energy for the
transfer of atoms across the embryo / matrix boundary. Turnbull and Fisher suggested that
this equation 2.3 is for nucleation process without long-range diffusion (1948). If long-range
diffusion occurs as in carbide precipitation, @ will be the activation energy for solute diffusion
and the equation should be multiplied by mole fraction of the diffusing solute € for nucleation
process (Turnbull and Fisher, 1948). Then, the nucleation rate per unit volume at any instance

I’ can be assumed to be:

1 _an KT G +Q
I' =¢N, hexp( T ) (2.4)

In order to evaluate this equation, it is necessary to determine G*. While Q can be assumed
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to be the activation energy for solute diffusion and independent of temperature, G* is strongly
dependent on temperature. The calculations of G* require a knowledge of the chemical driv-
ing force for nucleation AG, which depends on the chemical composition. Fig. 2.2 shows
schematically the free enérgy curve of the matrix o and precipitate 8 in a Fe-M binary system.
Equilibrium precipitation leads to a reduction AG, in free energy as shown in Fig. 2.2(a).
The corresponding free energy per unit of equilibrium precipitate is given by AG, = AG,/f
where f = (—c*?)/(c?* — c*P) is the fraction of precipitate. However, AG,, does not properly
describe the change in free energy during nucleation because the composition of the matrix
hardly changes as a consequlence of nucleation. Furthermore, the composition of the nucleus
need not be that corresponding to equilibrium (i.e. ¢°*) since an alternative composition may
lead to a larger free energy change. The composition that maximises the free energy change

at the nucleation stage is given by the parallel tangent construction illustrated in Fig. 2.2(b)

(Bhadeshia, 1992).

a)
)
()]
L
Q
c
Q
[+})
[
| .
L
b)
>
()]
e
Q
C
Q
[<}]
Q
} .
(4

coB _c' cBe
Cocentration of M

Figure 2.2: An illustration about construction for finding the driving force

for nucleation.
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Thus, AG,, is the correct term to use as the chemical driving force in any nucleation equation.
In steels, where the solubility of carbon in ferrite is limited, AG,, = AG,, so that AG,, may
be used as a good approximation. Since free energies are often expressed as molar quantities,
they can be converted into the free energy per unit volume by division with the molar volume

of the phase concerned.

2.3 Interfacial energy during nucleation

One of the major difficulties associated with the application of the classical nucleation theory
is how to decide on the interfacial energy o. A typical critical nucleus size may be in the range
1-2 nm and it could be argued that ¢ should depend on the size itself (Christian, 1975). In the
solid-state o may reasonably be expected to depend also on the orientation of the interface
plane. Detailed information of this kind is simply not available and it is usual therefore to
consume a constant value of o to describe the entire nucleation process. This assumption adds

enormous uncertainty to any calculations of nucleation rates.

However, the recent work by Miyazaki (1999) has demonstrated that the approximation of a
constant value of ¢ is in fact justified. They measured the critical particle size in a concentration
gradient (i.e. as a function of the driviné force) by direct observation and demonstrated that

a single interfacial energy could describe data, irrespective of the particle size.

The method they used not only confirms that it is reasonable to use a single value of o for
nucleation but also provides a precise technique for the experimental determination of the

interfacial energy during the nucleation process.

2.4 Diffusion—controlled growth in a binary system
2.4.1 Rate control

The velocitonf the interface between matrix and precipitate depends on the mobilities of atoms
and is related to the atom transfer across the interface. These processes are in series. There is
a dissipation of free energy durihg the motion of an interface. Growth is said to be diffusion—
controlled when mﬁch of this free energy is dissipated in the diffusion of solute ahead of the
interface. In this case, the compositions of the phases at the interface are given approximately

by a tie-line of the phase diagram (Fig. 2.4) as shown in Fig. 2.3 (a) (Bhadeshia, 1985)..
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a) Diffusion-controlied b) Interface-controlled
Cﬂa ...... o ————
Precipitate: B Precipitate: B
T b e e
Matrix: o Matrix: o
COff | -omsvmsonmnmnnnns

Distance

Figure 2.3: Schematic illustrations of the solute concentration profile at the
interface between the matrix ¢ and the growing precipitate 3 for (a) diffusion—
controlled growth and (b) interface—controlled growth. The concentration in
o which is in local equilibrium with 3 is ¢*P, whereas that in o which is in

local equilibrium with 3 and B respectively. T is the mean composition.

7

-----------------------------------------

Temperature

Concentration of M

Figure 2.4: A schematic phase diagram showing the equilibrium compositions

of & and [ phases at the transformation temperature.
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By contrast, interface-controlled growth is said to occur when most of the available free energy
is dissipated in the transfer of atoms across the boundary. The compositions of the phase at the

interface will no longer be given by the phase diagram as schematically shown in Fig. 2.3(b)

(Bhadeshia, 1985).

Since the diffusion of solute is rather difficult in the solid—state, it is reasonable to assume that,

at high temperatures, most solid—state transformations will occur with diffusion being the rate

controlled process.
2.4.2 Zener model for diffusion—controlled growth

For simplicity, we consider at first one-dimensional growth of a planar interface with a constant

far—field solute concentration.

The solute concentration profile at the interface during diffusion—controlled growth is illustrated

in Fig. 2.5. The flux J at the interface is given by Fick’s first law:
J._,. =—D(dc/dz),_,. (2.5)

z=2z*
where z* is the position of the interface along the co-ordinate 2, D is the diffusion coefficient

of the solute in the matrix and ¢ is the concentration of the solute.

—

)]
)
R

Concentration of solute

)
[~
™

a Z, .. >

Distance Z

Figure 2.5: Schematic illustrations of the solute concentration profile at the
interface between matrix o and growing precipitate 3. 2, is a nominal diffusion

distance and 2* is the position of the interface.
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In order to maintain a constant concentration at the interface, this flux must equal the rate at

‘which the solute is partitioned:

v(?* — caﬁj =J, (2.6)

where v is growth rate, c®* is the solute concentration in the precipitate 8 which is in local
equilibrium with the matrix o and ¢ is the solute concentration in a which is in local
equilibrium with 3. These concentrations are from the phase diagram as shown in Fig. 2.4 for

a binary system.

One simplification is the Zener approximation (1946) in which the concentration gradient ahead

of the interface is assumed to be constant (Fig. 2.6) so that,

de/dz = (€ — c*?) /2, (2.7)

where  is an alloying concentration of the solute, z, is the “diffusion distance”.

Concentration of solute

Distance Z

Figure 2.6: The constant concentration gradient .approximation profile of

solute atoms (Zener, 1946).
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1

Solving these equations 2.5, 2.6 and 2.7, the precipitate growth can be calculated in terms of

the dimensionless supersaturation (2 given by:

(€—c*)
= — 2.8
= (P o) @8)
It follows from equations 2.5 to 2.8 that the growth rate is given by:
DQ
v=— (2.9)
Zd
2z, can be estimated from mass conservation by writing
%zd(i — ) = (P* —2)2* (2.10)
so that 5
2(cP*-32) ,
= ———— 2.11
24 (-c- _ C"‘ﬁ) z ( )
By substitution of the equation 2.11 into the equation 2.7, growth rate is driven:
_d _D,-cf) , (2.12)
dt— 2 (cfx—-7) ‘
In many cases, it can be assumed that (c®* —¢) = (c®* — ¢*?). Then,
dz* D '
= =022 2.13
i 2" (2.13)
Integration of the expression for the growth rate gives
2+ =QVDt ' (2.14)

The precipitate size corresponding to the planar interface position therefore varies with the
square root of time, giving the classical parabolic law for one-dimensional growth in a binary
system. It applies in all circumstances where the diffusion distance ahead of the interface

increases as the particle grows.
2.4.8 Capillarity effect on concentrations at the interface

The example considered above is for one-dimensional growth with a planar interface. The state

of equilibriﬁm between two phases changes with the curvature of the interface separating them.
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This well-established capillarity effect scales with the interfacial energy because additional
work has to be done to create new interfacial area when a curved interface moves. This is the

well known Gibbs-Thomson effect.

The equilibrium phase diagram applies to large phases with flat interfaces. For a curved
interface, there must be the increase of the interface area as the particle grows. The increase

of free energy due to expanding interface area is given by (Fig. 2.7) (Christian, 1975 p.181):

do
r 7 dn (2.15)

where G? is the free energy of 8 with a curved interface, o is the interfacial energy per unit area
for the precipitate which contacts with the matrix and dO/dn is the change of the interface

area with an extra atom transferred from the matrix to the precipitate.

Free energy

cop ¢ chacpe

Concentration of M

Figure 2.7: Schematic illustration of free energy and interface concentration
changes due to the capillarity effect in a Fe-M binary system. GE is free
energy for precipitate 8 which is in contact at a curved interface with radius

of curvature 7. c,‘:ﬁ and cf @ are the corresponding equilibrium concentrations

in matrix and precipitate, respectively.
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dO/dn depends on the interface shape which affects the change of interface area during growth

(Christidn, 1975).

For hemispherical interface as in spherical particles or at the tip of needles,

do P

— - 2.16a

dn r (2.16a)
For edges of plate-shaped particles,

do f

—_ 2.16b

dn r ! )

where v? is the molar volume of the 8 phase, r is the radius of the curvature at the interface.

The changes in the equilibrium compositions are shown in Fig. 2.7. The equilibrium composi-
tions, ¢® and c®* which correspond to the concentrations for a planar interface with r = oo,
are changed to c®® and c?, respectively for a curved interface with radius of curvature r. By

the common tangent construction, it follows that (Christian, 1975):

o dO 1—c*P

a ~ —— —————————
Hparr — By = adn cBx — caff (2'17)

where pufy . and u3, are the chemical potentials of the solute M in matrix with a curved
interface and with a planar interface, respectively. Assuming a constant activity coefficient,

the left hand side in the equation 2.17 can be approximated by:

c*P
coP

B3r e — by ~ kTn (2.18)

where k is Boltzmann constant, T' is absolute temperature. Equations 2.17 and 2.18 lead to

the following relationship between the concentrations ¢** and ¢2*:

af B _ g0 0 1 — o8
e & & —C 0 d0 1—-c¥ (2.19)
coB coB kT dn cP> — c*P

The modified concentrations by the curved interface are given by (Christian, 1975) :

For spherical particle and hemispherical tip of needle,

2r

e =1+ —r-.)c“f’ - (2.200)
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For plate edge and cylinder,
: r

¢ =1+ ;)c""ﬁ (2.20b)

where T' is capillarity coefficient, given by (Christian, 1975):

ovP 1 —coP

= T Ba  —aB 2
kT cPo — coB (2.21)

2.4.4 Growth of plate—shaped and needle-shaped particles

For plate-shaped and needle-shaped particles, the growth is greatly affected by the capillarity
effect because of the small radius of curvature at the interface. Assuming the curvature on the
interface is constant (e.g. needle tip as hemisphere), the concentration change by capillarity

effect is constant over the curved interface. The supersaturation is then given by:

€~
(> —c2?)
Assuming that the value of (c* — ¢2#) is nearly equal to that of (¢®® — ¢*f), this can be

Q, = (2.22)

simplified by writing:

Te :
Q. =(01- T)Q (2.23)

where r, is critical tip radius at which growth ceases. Assuming that diffusion field z, is equal

to a tip radius, the growth rate v, following equation 2.9, is given by (Christian, 1975):

v D8 DOy T (2.24)
zd r r

Note that the critical radius for a needle is twice as large as that for plate (Trivedi, 1970). The

supersaturation for a needle-shaped precipitate is therefore smaller than that for plate.

This equation only expresses the relationship between growth rate and the tip radius. To
calculate the growth rate, it is necessary to evaluate the value of r. Zener assumed that the
particle selects a radius which gives maximum rate of growth, in this case at » = 2r,. This has
been demonstrated experimentally for solid—state reactions in a few cases (Purdy, 1971). The

growth rate is given by:

(2.25)
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The critical radius r, is given by (Christian, 1975):

For plate, S
- R ) (2200

For needle, -
N (2.26b)

where I is the capillarity coefficient. Note that in the absence of soft-impingement, the growth
rates for plate and needle shaped particles do not depend on time because the solute is parti-

tioned to the sides of the precipitate.

Hillert has given more rigorous treatment of the diffusion problem for plate growth. The
concentrations at the interface in two co-ordinates which are in the direction of growth and
normal to the plane were taken into account. Then, the steady—state growth rata is given by

(1957):

—(1 - =2) (2.27)

where m and m, are arbitrary constants, approximately equal to » and r, respectively. Com-

pared with equation 2.24, the diffusion field 2, is corresponding to:

o« =

2= 2(7(;;-:_0;—2,)7' (2.28)
Trivedi has given the most satisfactory solution fqr the growth of needles and plates, taking into
account the variation of'capillarity and interface kinetics effect at different particles along the
interface (1970). It has been assumed that the needle shape remains paraboloid of revolution
even when the needle grows. In this treatment, the curvature will change along the interface
and the compbsition will also change along with it. However, the maximum rate hypothesis is

still necessary. In general, when the supersaturation is low enough, predictions by both models

may not be very different.
2.4.5 Growth of spherical particles

For the growth of spherical particle, parabolic growth is expected because solute can only be
partitioned ahead of the interface. The radius of r! of the sphere, which is also the radius of

curvature at the interface, is given by as a function of time ¢:
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rl =t | (2.29)

To obtain the value of Cy, it is necessary to evaluate the diffusion equations as follows:

dc &c 2D [ dc
%-0(5)+%(5) (2:30)

This equation is for three-dimensional growth. The boundary conditions for a solution of the
equation are c(r!,t) = ¢® and c(rf,0) = 2. For simplicity, r is big enough that P coP.
Zener showed that if c(r!,t) was constant c¢®?, then the distribution of solute is given by

(Christian, 1975):
ot (0B _ oy alr/(DD)*]
e(r,t) =2+ (¥ -9 SO0 (2.31) .
where gy (a) = [ 17 exp(~17/4)dn.

For parabolic growth, the term, »{/(Dt)%3, is ‘a dimensionless function of the solute concen-
tration. This term is written as as, the parabolic rate constant (for 3-dimensional growth).

a, can be obtained as follows (Christian, 1975):

1drf ag? —a? .
e = z 2.32
Qd ~ doleg PP’ | (2
and hence ,
2Q exp(—2)
ad = —42 2.33
3 }3[0] ( )

This equation is an implicit expression for any supersaturation, the growth law is giveh by:

rl = a,(Dt)*® (2.34)
In case of low supersaturations, the value of ay is given by:
(2.35)
This parabolic growth law can be applied only for spherical or cylindrical particles growing

radially in which the particle radius is big enough so that the capillarity effect on equilibrium

concentration is small.

— 29 —
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2.5 Diffusion—controlled growth in a multicomponent system

A reasonable approximation for isothermal diffusion-controlled growth is that the compositions
of the phases in contact at the interface are locally in equilibrium, as described earlier. For a
binary system, it follows that the compositions at the interface are given by a tie-line of the
equilibrium phase diagram. The concentration profile which develops during the precipitation
of a solute-rich phase 3 from a matrix « is illustrated in Fig. 2.5. In this case, only one
mass conservation equation needs to be satisfied for a binary system with the tie-line passing

through alloy composition.

_pdu
0z .

ZzZ=2z

v(cP® — ¢*P) = (2.36)

Practical steels, however, contain many solute elements. In a multicomponent system, the
mass conservation equations for each element should be satisfied simultaneously if equilibrium
is to be maintained at the moving interface. Therefore, for an alloy carbide in a Fe-M-C
system, at least two mass conservation equations, one for the substitutional solute M and the

other for the interstitial carbon C, must be satisfied simultaneously :

dc
po _ By __ _p M
'U(CM cM) az - (2 37)
C’Ba aﬁ. BCC '
v(eg” — ¢z ) =“Dc—a';
z=z*

This poses difficulties in the choice of the tie-line since the interstitial and substitutional

elements have vastly different diffusion coefficients.

Coates (1973) and Kirkaldy (1958) realised that because Dy, < Dy, it would in general be
impossible to satisfy these equations simultaneously for a tie-line passing through ¢, apparently
implying that growth cannot occur with equilibrium at the interface. However, for a ternary
alloy, there is an additional degree of freedom givén by the phase rule so that there is a choice
of tie-lines at any given temperature. Fig. 2.8 shows the common tangent construction for
two coexisting phases, & and 3, in a ternary system. The contact of the tangent plane with
the free energy surfaces defines the equilibrium compositions but since the plane can be rocked
while remaining in contact with the surfaces, it is possible to define an infinite set of tie-lines

which in turn generated the o + 3 phase field at a constant temperature.
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u%e =u1[3c

Free energy

M

Figure 2.8: Schematic illustration of common tangent construction in a Fe-
M-C ternary system. Note that u$, and /“L?VI are the chemical potentials for
solute M in o and 3 phases respectively and those for Fe and C are indicated

in the same way.

It is this choice of tie—lir}es which allows multicomponent diffusion with local equilibrium at
the interface. For example, the local equilibrium condition can be maintained by choosing a
tie-line which either minimises the concentration gradient of carbon (thus allowing the the
flux qf element M to keep pace) or maximises the gradient of the substitutional solute to
cofrgensate for its small diffusivity. These are two ways in which the mass conservation
equations for elements of M and C can be satisfied simultaneously. The first is to choose
a tie-line which greatly increases the concentration gradient of element M to compensate
for its low diffusivity. Thié would require the precipitate (carbide) to have virtually the same
concentration of element M as the matrix with very little partitioning of element M, but with a
sharp concentration spike at the interface in order to maintain local equilibrium (Coates, 1973;

Kirkaldy, 1958). This situation is called “Negligible Partitioning Local Equilibrium” (termed
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as NP-LE). NP-LE is only possible at very large driving forces. For alloy carbide precipitation
in commercial steels, it is well-established that the carbide is usually substitutional solute-rich
- so that NP-LE may not be possible. All micro—alloyed steels strictly involve precipitation at
low supersaturations. In these circumstances, the only alternative is to choose a tie-line which
reduces the concentration gradient of element C (carbon) to such an extent that the flux of
carbon is decreased to a level consistent with that of element M. This is called “Partitioning
Local Equilibrium” (termed as P-LE). In Fig. 2.9, the concentration profiles for NP-LE and
P-LE between phases, a (ferrite) and + (austenite) in steels, were illustrated (Bhadeshia, 1992)

2.6 Non—equilibrium transformations

The transformation mentioned above is constrained by the need to maintain local equilibrium
at the interface. There are other transformations which require great driving forces and less
diffusion when compared with equilibrium growth. Such a transformation may therefore occur

rapidly and hence have a kinetics advantage.
2.6.1 Paraequilibrium transformation

Local equilibrium breaks down when the driving force is large and transformation is too rapid
for substitutional atoms to redistribute. Hultgren (1947) introduced the term “paraequilibrium”
to describe a r’éafction, in which interstitial atoms can reach equilibrium subject to the con-
straint that substitutional atoms are trapped in the same concentration ratio to iron. There-
fore, the paraequilibrium will occur when the time is long enough for diffusion of interstitial
atoms but too short for the substitutional atoms to be mobile. For example, cementite forma-
tion in power plant steels during fast cooling from the normalising temperature is known to
occur by the paraequilibrium mechanism. In that case, only carbon can redistribute but the

substitutional atoms are trapped.
2.6.2 Martensitic transformation

Martensitic transformation often occurs when steels are cooled rapidly fromv austenite. Marten-
site is very hard and brittle because the carbon dissolved in austenite is trapped in the marten-
. site. By tempering martensitic steels, it is frequently possible to obtain a good balance between
toughness and strength so that such tempered steels are widely applied‘, including as power

plant steels.
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NP-LE

CAY - el C
— PARAEQUILIBRIUM
P a y
a Y : <
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C%Y- ”
: MARTENSITIC ‘
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INTERSTITAL SOLUTE (C,N) SUBSTITUTIONAL SOLUTE

Figure 2.9: Schematic illustration of the composition variation in the vicinity
of the transformation interface for a variety of growth mechanisms (Bhadeshia,
1992). Note that ¢*” and ¢7* are equilibrium concentrations in & and y respec-

tively, cg"V and cz"‘ are those for paraequilibrium and € is alloy composition.
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This transformation requires a large driving force but no diffusion. The martensite transfor-
mation is then caused by diffusionless shear process so that there may not be a concentration
change (Fig. 2.9) but there must be highly crystallographic in character. The orientation rela-
tionship between martensite and austenite normally may consist approximately of close-packed
planes and the directions, such as Kurdjumov-Sachs or Nishiyama—Wasserman orientation re-

lationships.
Kurdjumov-Sachs relationship: {111}, [/{011},, and < 10T >, || < 11 >,
Nishiyama-Wasserman relationship : {111}, [|{011},, and < 112 >, || <110 >,

Moreover, because of diffusionless transformation, the rate can be extremely rapid. The trans-
formation does not proceed until the undercooling below the critical temperature at which the

difference of free energy between austenite and martensite reaches a critical value.

In summary, Fig. 2.9 shows the illustration for concentration profiles for interstitial and

substitutional elements in each transformation between o and + phases (Bhadeshia, 1992).

2.7 Overall transformation — Avrami theory —

When modelling precipitation, impingement must be accounted for. There are basically two
types of impingement (Christian, 1975). Hard impingement is when particles growing from
different sites touch. Soft impingement is when the particles interact via their diffusion fields.
In this section, hard impingement will be introduced with the concept of extended volume

(Avrami, 1940). Soft impingement will be described in a later section.

Consider that some precipitate particles (3) exist in matrix () without any impingement when
the time is ¢ as shown in Fig. 2.10 (a). In the next interval between ¢ and ¢ + At, some new
nucleation, as represented by particles a and b in Fig. 2.10 (b), will occur. If the new nuclei
form where there have already been particles, they should not be counted as a real volume
increase. When new nucleation occurs where no particles have precipitated yet, the real volume
increases. This reasoning applies also to any growth.of pre—existing particles during the period

At.

Extended volume includes not only the real volume but also any overlap of volume, i.e., even
previously transformed regi(;ns are able to contribute. Assuming random nucleation, possibility

that a new transformation occurs in untransformed parent phase should be (1 — V') where V
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O

©)

Time= t Time = t+At

Figure 2.10: Schematic illustration of the change of particle volume with
time, (a) time = ¢ and (b) time = t + At. During At, particles a and b are
assumed to nucleate. The volume of particle ¢ is an increase in real volume.
Volume of particles ¢ and b should be counted as an increase in extended

volume.

is real volume fraction and the total volume is assumed to be equal to one when the time is
t. During the interval between ¢ and t + At, the relationship between real volume fraction

increase and extended volume fraction increase is therefore:

Vs = (1 = V)dv§ | (2.38)

where dV; and dVj are changes of real volume fraction and extended volume fraction of 3
precipitation during the time increment dt respectively. When this equation is integrated, we

obtain:

Vs =1 —exp(-Vj) (2.39)

When precipitates occur homogeneously and are isotropic, the volume of a particle which

nucleates after an incubation time, 7, is represented:

4. .3(¢ _ .3 , :
wT:{Sm (t-7) 27 (2.40)

where w,. is volume from the nuclei which occur during the incubation time, 7, and v is the
growth rate. The number of new nuclei occurring between ¢ = 7 and ¢ = 7 +dr is Idr, where
I is the nucleation rate per unit volume. Assuming that the nucleation rate is constant, the

change in the extended volume fraction during the interval dr is given by :
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4
dVg = §7r113(t — 1) Idr (2.41)

Integrating this equation, V5 can be obtained:

Vs = %mﬁlt“ o (242)

and then, the real volume fraction of precipitation can be calculated using equation 2.39.

) .
Vo=1- exp[—ngsI(t)“] (2.43)
This is the Kolmogorov—Johnson— Mehl-Avrami equation for the assumed set of conditions.

The case described above is a special one with homogeneous nucleation. However, as most
industrial materials are polycrystalline, nucleation may not occur homogeneously. The pos-
sibility of nucleation on grain boundaries may be higher than on other sites. Cahn (1956)
considered three types of sites on grain boundaries: planes, edges and corners. In each case,
the relationship between volume fraction and time was in the form; V = 1 — exp(—«t™=),
generally called the Avrami equation. Table 2.1 shows the results for values of x and m,.

Therefore, the Avrami equation has the general form as:

V =1— exp(—kt™) (2.44)

Where x and m,, are constant but depend on the specific assumptions (Table 2.1).

Nucleation site Time exponent: m, k-value
Homogeneous nucleation 4 I
A plane on grain boundary 1 . 2545 Lgs
An edge on grain boundary 2 wL v
A corner on grain boundary 3 %ﬂch3 :

Table 2.1: Values of m, and & in the general form equation 2.44 (Cahn, 1956),
where I is nucleation rate, v is growth rate, Sgb is area of grain boundary per
unit volume, L gb 15 length of grain boundary edge per unit volume and N, is
density of grain boundary corners. All nucleation on the grain boundaries is

assumed to occur before the growth.
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2.8 Soft—impingement

The changes in the chemical composition of the matrix during precipitation are vital to the
development of the precipitation process. Composition gradients develop in the matrix o and
the gradients originating from different particles eventually interfere, changing the boundary
conditions for the rate equations. Wert and Zener tried to deal with soft-impingement (1950),
assuming that all nuclei were initially present, that the supersaturation was low enough to
decrease particle growth and that the distance between particles is large. The boundary

conditions about the time-dependent solute concentration ¢(t) are given by:

c(00) = c*® and ¢(0) =T ‘ (2.45)

where c*? is equilibrium solute concentration in the matrix « at the interface between matrix
o and precipitate 3, € is the alloy composition of the solute. Then, the velocity of the interface

v can be written in the similar formula to the equation 2.9.

- De(t) —c*f
iy P 2.46
25 Px — coB (2.46)

Because all nuclei initially exist, the final radius of all particles 7/ will be same. The volume

fraction untransformed { can be written as:

‘= (g)s | (2.47)

where r! is instantaneous radius. The following relationship is also obtained:

c(t) —c*?

s =1—¢ (2.48)

The diffusion distance z, is approximately equal to r so that equation 2.49 is obtained:
d¢ 3D (T—c*f)

PR e v R (249

The solution of this equation is very complicated. Wert and Zener made a numerical integration
about the change of ¢ with time. Their result indicated that there is deviation towards the

end of transformation, compared with that given by Avrami equation (Christian, 1975).




