9. The Nucleation of Acicular Ferrite on Ti Based Inclusions

9.1 Introduction

The analysis of chapter 8 revealed the strong effect that chemical reaction between an
inclusion and steel has upon the nucleation of ferrite at a ceramic/steel interface. These
mechanisms, potent as they are, do not account for the nucleation of a.,.;. for several reasons:

(i) Silicon carbide is not readily formed in the weld pool as, generally, carbon levels are low
and the activation barrier to formation of SiC is not easily overcome. Silica or silicates are much
more likely at the oxygen levels present; the former has shown no tendency to act as a CAI to
nucleate ferrite. Cobalt oxide also has not been reported as a constituent of weld metal inclusions
and its high cost has prevented its widespread use in fluxes, although weld alloying with Co is
being investigated for high toughness applications. The reaction with this ceramic is limited to the
inclusion itself with little effect on the steel outside.

(ii) The mechanism of chemical activity promoting formation of o around SiC i.. that of
inclusion dissolution to release Si and C into solid solution. This results in enhanced Si levels
around the inclusion compared with the bulk, but STEM analysis around nucleating inclusions in
HSLA welds “ failed to reveal any variation in substitutional alloying element concentration. The
silicon levels recorded around inclusions are = 0.4-0.5wt%, which are far below those needed for
the effects seen with the SiC/steel diffusion bonds. EDS undertaken on Olgcic during this project
indicated that there was no variation in substitutional alloying elements concentrations either
along or across an Oyeic Plate or extending over the '(x/'y interface. Further there was no
difference between the o,y,/y and the levels recorded at the a,;/y interface, so that variation in
[Si] is not responsible for the preferential nucleation of ferrite upon inclusions.

(iii) Nucleation of O,cic has often been associated with inclusions rich in Ti also with Al and
Mn. Any dissolution of these oxides would release Ti into solid solution, which would locally
increase the hardenability of the steel and retard nucleation of ferrite. ‘

The body of evidencF (section 6.3.3.2) for nucleation of Olacic ON titanium oxides merits a
closer examination of these inclusion phases and their relationship to the y-o transformation.
Some clue may be gained from the preceding chapter where both chemical reactions resulted in a
change in the carbon level in the steel locally, albeit an increase. Indeed the local increase in [Cr]
and [C] at the interface is sufficient to precipitate chromium carbides in both cases. Therefore, the
studies of chapter 8 were extended to include those inclusion phases often associated with manual
metal arc (MMA) and submerged arc (SA) weld metal for [O] levels around 200-300ppm, namely
TiO, TiO,, TiN, TiC, TiB,, AlyO3, A»SiH07, MnO and MnO,.
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9.2 Experimental

The same high hafdenability steel 4857 (Fe-4.08wt% Cr-0.31wt% C) was used for these
experiments as for those in chapter 8. In addition a 3.0 Mn-2.04 Si-0.22 C (wt%) steel (4862),
unusable for the silicon studies was used with TiO,. This was of similar composition to the weld
metal PJ304 used in deducing phase transformation theory for a.,.;.. The steel was prepared as
10mm lengths as in chapter 8 and the ‘composite’ specimen set up in the same way. The applied
pressures used were 12.5MPa and less, well below the yield stress of the steel, although yielding
at the asperities occurred causing the inclusion to be embedded into the steel. This probably
approximates well to the stress state around an inclusion in a cooling weld and helped to generate
a more intimate interface to study chemical effects, lattice matching and stress transfer. The heat
treatments are listed in Table IX.1.

9.3 Aluminium Based Ceramics

Welding Institute research ®*® has highlighted the possibility of Olacic Nucleation on alumina
or alumino-silicates, although not all the changes introduced by the flux variation were taken into
account. To test their nucleation behaviour, runs were carried out using AlyO3 and Al;SiHO7 as
ceramic interlayers, the composites being reaustenitised at 900°C for 10mins before isothermal
treatment at 505°C for times between 60 and 900 seconds.

1. Alumina .
The interface regions for 4857/Al,O4 are shown in fig. 9.1 and indicate that no ferrite
nucleation occurred at the ceramic/steel interface. Microanalysis by EDS showed no change in
substitutional alloying element concentration up to the ceramic, nor was there any significant
change in hardness over the same region. This phase therefore exhibits no chemical activity and
is merely acting as an inert surface which is insufficient to cause nucleation in this regime. The
planar disregistry' is = 16.0% *® and so lattice matching is poor; however thermal strains may

also be present through differential thermal expansivities.

2. Alumino-silicate

Unlike AlyO3, treatment of 4857/A15SiyO; couples at 505°C for 60 and 900s after
reaustenitisation at 900°C for 10mins caused the formation of a thin ferrite film along the
steel/ceramic interface. Afier 60s at 505°C a continuous layer 4-6um thick developed at the
ceramic/steel interface, whereas the bulk of the steel was martensitic. The ferritic layer developed
further into the grain along prior y grain boundaries, doubtless due to faster growth and diffusion
along these defects. In some cases, flow of metal took place around particles of the ceramic
powder and the entrapped steel is seen to have fully transformed to ferrite, fig. 9.2. When the

1 I [uvw], of the nucleating particle is parallel to [UVW] o Of ferrite, the planar disregistry is given by:

100 x (interatomic spacing along fuvw],)-(interatomic spacing along [UVW1)

(interatomic spacifig along [UVW]) -
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isothermal treatment time was extended to 900s then the ferrite layer formed is not as uniform in
thickness along the interface, although this may be due to inhomogeneities in the original powder
interlayer, which may not have been of uniform thickness. Along the majority of its length the
interface is decorated by a layer of ferrite that has developed to a thickness of = 4-6um into the
steel. At one end of the interlayer, however, there has been interpenetration of the ceramic and
steel with the latter flowing round particles of the former, fig. 9.3. This has probably occurred by
plastic flow of the steel where less constraint existed due to the lower density of the interlayer,
as, at the end, the particles are less tightly packed. The result of this is the formation of a much
greater thickness of ferrite in this region, up to 12-16 pum. Inspection of the ceramic indicates the
greater formation of ferrite leads to a discolouration of the interlayer, which adopts a uniform
dark grey appearance when associated with areas of high transformation. This is in contrast to the
speckled light/dark grey appearance for the ceramic associated with regions where less
transformation has taken place. This is not due to compaction or sintering during heating and
loading as this would be constant along the whole of the interface; its association with the amount
of transformation might be chemical in nature or the result of volume changes upon formation of
.

9.4 Manganese Based Ceramics

The most common Mn based ceramic encountered in steels is probably the sulphide MnS, but
this phase has not been reported as nucleating 0, ;. in weldments. Indeed, Evans “* reports a
decrease in the nucleation behaviour of inclusions when coated with a Fe-Mn sulphide film. The
Welding Institute ®® also found that increased sulphide contents did not lead to increased
Olycic Ducleation, hence it was decided not to study the sulphide phases but to limit the
investigation to manganese oxides. The two oxides studied, Mn(I)O and Mn(IV)O,, had free
energies of formation of = 400-500kJmol-! at 298K, a range of values that had previously
exhibited chemical activity. The presence of Mn as one of the major alloying elements in low
alloy weld deposits gives rise to the frequent presence of Mn oxides and silicates in weld metal
inclusions. The fonnatior} of aluminium manganese silicates in medium (<50% A1203) alumina
fluxes has been linked to nucleation of Olacic- The determination of the role of these phases is
thus important. In order to provide a comparison with the other oxide series studied a standard
reaustenitising treatment of 10 mins at 900°C was adopted, followed by a series of times at
505°C. The applied load was maintained at 100kg giving an applied pressure of 12.5MPa, this
was applied at the start of the reaustenitisation treatment and removed during the quench from the
isothermal treatment temperature. "

9.4.1 Manganese (II) Oxide
This interfaced well with the steel to give a reasonably sound bond, but remained as a pale
green powder. Optical metallography of the interface after both 60 and 900 seconds at 505°C, fig.
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9.4, reveals the absence of any ferrite at the ceramic/steel interface. In the interfacial region of the
steel, there was no change in the substitutional alloying element content, which correlated with
the lack of any strong variation in microhardness. This is therefore another example of a
chemically inactive inclusion.

9.4.2 Manganese (IV) Oxide

This oxide, when pure, is a highly reactive entity and so its reaction with steel came as no
surprise. The interface region for a specimen held at 505°C for 5 minutes after reaustenitisation at
900°C for 10 minutes, fig. 9.5, indicates the formation of a layer of ferrite at the steel/ceramic
interface. The ferrite layer is uneven, being = Sum thick along most of the interface, but, in
some regions, extending up to 15um into the steel. The latter regions are associated with areas of
greater steel/ceramic interpenetration. Ferrite growth is also enhanced along prior 7y grain
boundaries. There may be a densification of the original powder, but this was not investigated
further and could have resulted from the specimen loading during bonding. Cracking of the prior
Y grain boundaries adjacent to the ceramic interlayer was observed, but the reason for this is not
clear. Separation of the ceramic and steel occurs very readily, interface bond strength being very
weak with the bond being held together at points of steel/steel contact.

9.5 Titanium Based Inclusion Phases

These compounds appear to be very important to Oacjc Nucleation, various ones being
favoured by North et al. ®*” (TiN), Mori et al. ®® (TiO) and Dowling et al. *® (TiOy) and so
they .merit extensive investigation. Pure powders of TiO, Tiy03, TiO,, TiC, TiN and TiB, were
obtained; the oxides have been reported as inclusion constituents, the nitride and carbide have low
lattice disregistry with ferrite and the boride is sometimes added to high toughness fluxes.

9.5.1 The Oxides

Initially each interlayer was used between blocks of 4857 and heat treated for 60s at 505°C
following reaustenitisation at 900°C for 10mins. This treatment is insufficient to cause grain
boundary nucleation of ferritic phases at grain boundaries within the bulk of the steel, which was
fully martensitic. This allowed comparison of the nucleation behaviour of the steel/ceramic
interface with prior ¥ grain boundaries. The resulting interface regions are illustrated in fig. 9.6
for each oxide and indicate the formation of a layer of ferrite at the steel/TiO, interface up to
10um thick. The ferrite layer was observed to be of uniform thickness along the interface,
showing no preference for any particular grain. These are of varying orientation and so a variety
of lattice matchings should result along the interface, the absence of any preference indicating that
lattice matching is not important. Growth into the steel was again seen to be accelerated along the
prior y grain boundaries. The shape of these grains of ferrite and their preference for grain
boundaries suggest that they are diffusional in origin and hence are not bainite as the TTT
diagram would indicate, nor are they O4¢ic Plates. The corresponding interfaces for TiO and
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TiyO4 are devoid of ferrite, so that, under these conditions, they exhibit no nucleation behaviour,
or one that is much less potent than that operating in the case of TiO,. The same load (100kg)
was applied for these tests and so the stress state experienced at the interface is the same
indicating that this is not influencing the behaviour. Lattice mismatch between TiO and ferrite is
much less than for Ti;O3 and TiO, and it is unlikely that this is a major factor in the nucleation
of o at inclusion/steel interfaces.

9.5.2 Development of Ferrite at SteellTiO4 Interfaces

The steel/TiO, interface was further investigated to try to establish the effects of austenitising
time, temperature and isothermal treatment on the ferrite layer. The various heat treatments are
listed in Table IX.2. |

9.5.2.1 Austenitising Treatment

Extension of the reaustenitisation treatment, either time (2-10 minutes) or temperature (1000-
1200°C), causes an increase in the thickness of ferrite at the interface, fig. 9.7. However,
increased reaustenitisation treatment also causes the quench time to increase, e.g. increased
reaustenitisation time from 2 to 10 minutes caused the quench time to increase from 60 to 140s.
The increased ferrite thickness may arise from processes active during the quench to the
isothermal temperature or during the reaustenitisation. It is not possible to separate these two
effects without greater control over the quench rate.

The resulting layer of ferrite at the steel/TiO, interface is seen to be composed of two layers,
fig. 9.8, parallel to the original steel/TiO, interface. The layer adjacent to TiO, exhibits a very

uniform thickness along the interface and its variation with isothermal holding time is small.
However, the thickness of this layer increases with increases in both reaustenitising time and
temperature.

In contrast, the second layer varies considerably with isothermal holding time and the majority
of the ferrite thickening is associated with this layer. The two layers can now be associated with
the two stages of the heat treatment;the one:adjacent to TiO, forms during reaustenitisation
and/or the quench and the second represents formation of ferrite during isothermal holding. It is
the latter layer that develops preferentially along the prior ¥y grain boundaries.

The ferrite thicknesses observed in figs 9.6-9.9 and listed in Table IX.2 illustrate several
trends:

(i) The thickness of ferrite increases with increased holding at the isothermal temperature, due
to diffusional growth of ferrite.

(ii) Increased austenitising time and temperature, or their effects on subsequent cooling, cause
increased ferrite formation.

(iif) There is negligible effect of pressure, in the range 0-12.5 MPa, on the thickness of ferrite
formed.
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These indicate the nucleation and growth of allotriomorphic ferrite during heat treatment at the
steel/TiO, interface.

9.5.3 Titanium Nitride

The effect of lattice matching is further revealed by the use of TiN as an interlayer, which has
a cubic lattice, a=4.064A, enabling it to give a cube-on-cube orientation with v and o. In fact O,
C and N are interchangeable on a general TiX lattice and so similar effects viz surface effects are
expected for all three. After the standard treatment of 60s at 505°C, the interface between 4857
and TiN - like that between 4857 and TiO - showed no evidence of ferrite formation, fig. 9.10. It
can therefore be construed that the effect of lattice matching is a weak mechanism acting in the
solid state nucleation of ferrite, although it may be effective in liquid- solid transformations. TiN
had been proposed as being responsible for enhanced .. nucleation in Ti-B containing fluxes
as it soaks up N to retain boron in solid solution, where the latter can segregate to 7y grain
boundaries and inhibit the nucleation of allotriomorphic ¢.. The possibility exists that remanent

TiB, from the flux still present in the weld metal may nucleate c. in these welds. Under the

acic
same conditions, however, no ferrite formed at the 4857/TiB, interface, a similar result occurring
with both pure Ti sheet and wire (0.5um diameter), fig. 9.11.

The results from this Ti-based series indicates that TiO, is a potent nucleation site, but that
the other compounds studied (and pure Ti) are not effective. This leads to the conclusion that
some chemical effect particular to the TiO, lattice is responsible as the same area and stress was
used for all runs and the lattice matching of the TiX series is superior.

EDS examination of the interface region was used to determine to what extent any variation in
substitutional alloying elements had been induced during the heat treatment. These traces, fig.
9.12, revealed that for both nucleating and non-nucleating inclusion phases there was no variation
in the levels of substitutional alloying elements either in the ceramic or the steel. This is not
unexpected for the nucleant phases as any diffusion of Ti into the steel or Fe into the ceramic
would locally increase hardenability and retard ferrite formation. The absence of any substitutional
element effects in the non-nucleant phases means that their behaviour arises because they are inert
rather than because they react to release Ti or consume Fe.

Changes in elements with atomic numbers less than 13 (Al) cannot be detected easily using
EDS (a windowless detector was not available and may not have been sensitive enough for the
low levels involved here) and so variation of these elements may occur. Light elements also play
a large role in nucleation, especially carbon and so any effect on these will be very potent and
must be investigated.

It was therefore decided to study any carbon effects that may have occurred with respect to
the ceramic. The formation of ferrite with TiO, means that studies of carbon in the adjacent steel
for this couple will not reveal anything of interest as redistribution of carbon into y from o will
take place during growth of the ferritic phase. Therefore, laser microprobe mass analysis
(LAMMS) was used to investigate the light elements in the ceramic phase. The theory of this
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technique is detailed elsewhere ®**, but is briefly covered here, fig. 9.13. The actual analyser used
was a Cambridge Mass Spectrometry LIMA 2, in which the specimen was placed and the area of
interest targetted using a He:Ne spotting laser. A laser pulse was then applied using the
Q-switched Nd:YAG laser, which was frequency- doubled to give either a maximum pulse energy
of 150mJ and 6-7ns pulse-length (waivelength=532nm), or frequency-quadrupled to an energy of
80mj, pulse length 4-5ns and wavelength 266nm. These result in a power density of 107-
101 'wem™ in the diffraction limited beam at the specimen. The application of this intense pulse
over an area of = 1um in diameter causes evaporation of this small area of surface, down to a
depth of = 0.3um. In addition the vapo_rised material is ionised and the resulting microplasma is
accelerated through 3kV and the mass-to-charge ratio of the (positive) ions extracted from the
plasma measured in a time-of-flight mass-spectrometer. The data from the spectrometer are then
processed to effect the chemical analysis. This process analyses all elements including those, such
as carbon and oxygen, outside the range of EDS. The technique is still relatively new and so is
not fully quantified, one of the major problems being pulse-to-pulse variation, which leads to
differences in the yield of each shot; the yield of each element also varies with its ionisation
potential so that peaks cannot be directly compared. However, the technique is sensitive to small
amounts of light elements and qualitative variations can be relatively easily detected, the detection
limit for light elements being as low as 10ppm. Samples of TiO,, TiO and Ti;O5 were analysed
after heat treatment, bonded to 4857. As the composition of the steel was known, this was used
as a standard to calibrate the spectra as the peak level for carbon could be compared with this
known level (0.31wt%). To take account of shot-to-shot variability a series of ten shots was taken
on the steel, well away from the interface area and so unaffected by events there. The mean
value, corresponding to 0.31wt% C) of these shots is :
33163 = 14171

Spectra were then taken from the ceramic, often the yield varies dramatically between metals,
ceramics and polymers, but in this case the overall yield was fairly similar, allowing a rough
comparison of the peak heights.

The spectra obtained for TiOp, TiO and TipO3 are shown in fig. 9.14 and indicate the
presence of carbon in thc; first ceramic, but not in the latter two. Further investigation revealed
that the carbon was not uniformly distributed, but separate light and dark regions existed in the
interlayer, which corresponded to carbon-poor and carbon-rich peaks respectively, fig. 9.14a and
b. The dark regions were scattered throughout the interlayer and were not concentrated at the
interface, as might be expected and so could be carbon sinks in the original structure to which
carbon migrated during the heat treatment. The use of lower beam energies results in less
breakdown of the material in the plasma and forms some molecular ions, i.e. electrons are
removed rather than bonds broken. When lower energy beams were used on the TiO, sample
peaks were seen corresponding to TiO, and TiO, but no peak was observed for TiC, so that the
formation of the carbide does not appear to have occurred. Instead the carbon is in solid solution
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and comparison of the carbon peaks heights for the steel and ceramic gives a ratio of 101,
indicating a carbon concentration of = 0.03wt% in the ceramic. Low energy shots with TiO gave
only peaks for TiO.

The action of the inclusion phases can now be deduced as being the removal of carbon into
solid solution in the inclusion. This will locally decarburise the surrounding y so reducing
hardenability in the locality of the ceramic, promoting ferrite formation. The different behaviour
of the oxides, therefore, must be due to variations in their lattice structures that allow carbon to
dissolve in the TiO, lattice, but not in TiO, Ti;O4, Ti, TiC and TiN. The lack of any nucleation
behaviour for TiC, fig. 9.15, compared with TiO, indicates that it is the removal of carbon from
the steel that enhances ferrite formation rather than the formation of regions of TiC, which
subsequently nucleate ferrite.

9.6 Titanium Based Inclusion Structures

9.6.1 Titanium Monoxide

TiO, like many transition metal low oxides, carbides and nitrides, adopts a cubic NaCl
structure that is stable over a wide range of compositions TiO, (0.7<x<1.25). Along with VO and
NbO, TiO is notable for its non-stoichiometric nature with a structure containing large numbers of
both metal and oxygen vacancies. The equiatomic oxide (TiOq ) contains = 15% vacancies on
both metal and oxygen lattices. As the concentration varies then the ratio of these vacancies
changes with predominantly more O vacancies for x<1.0 (and the converse true for x>1.0) so that
at x=0.7 the Ti lattice is almost defect free. The large number of defects involved means there
must be some stabilising effect, which was found by Terauchi and Cohen ®*, using diffuse-
diffraction studies. The ‘stoichiometric’ composition was found to exhibit both vacancy-vacancy
and vacancy-ion interactions stabilising the defect population, whereas only the latter interaction
occurred for the sur-stoichiometric oxide TiOq 5. The effective pair interactions in these
structures are calculated at:

-105.42meV for TiOq 1
-128.06meV for TiOq 55

and are related to the Fermi level in these structures, falling just below it.

Various attempts have been made to model the electronic structure of non-stoichiometric TiO
using approaches based on valence electron concentration (VEC) ®9, electron-valence models %9,
Bloch functions ®", virtual crystal approximations (VCA) ®#9 and linear combinations of
atomic orbitals (LCAO) ®. Full descriptions are beyond the scope of this work, but they are
summarised in Table IX.3.

Calculations based on 27 atom clusters ®", e.g. OTigO,Tig, representing the first three
nearest neighbour sets indicates that oxygen vacancies lead to redistribution of wave functions
into and increased electron density in the metal d states near the Fermi level. The metal-oxygen

bonds have excess d occupancy as well as considerable 4s,p occupancy, forming diffuse electronic
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states. The restriction of the cluster model to 3 shells neglects the vacancy-vacancy and vacancy-
jon interactions noted above, which are dominated by 5th and 6th shell interactions. The
redistribution of wave functions delocalises excess charge so that the charges for the components
(inner shell) are: ' '

Vacancy cluster Perfect cluster
Ti +1.21e +1.25¢
0O -1.6%¢ -1.25¢

Such large scale charge delocalisation, which is associated with a slight rearrangement of the
6-fold oxygen co-ordination shells, results in great stabilisation of the defect structure. It also
indicates the high activation energy that is required to fill the vacancy by a heteroatom, such as
carbon. In order to fill the vacancy, Ti-C bonding orbitals must be established acting across the
former vacancy. However, in the vacant site, electron density across the vacancy is depleted,
being redistributed into the metal d orbitals and remaining Ti-O bonds. Therefore, redistribution
of electron density back into Ti-C orbitals will have to pass through a highly activated state, as
the delocalisation stabilisation is removed.

The cluster model considers isolated vacancies and so is not able to model the vacancy
interactions such as clustering and ordering, which occur at large concentrations of defects. These
represent a step up in scale and have important effects on the structure and behaviour of the
monoxide below = 900°C. This corresponds to the temperature used in the nucleation study and
merits further investigation.

TEM studies of various quenched specimens of TiO, “®? have shown the presence of
micredomains and ordered structures, whose nature varies with composition. No substructure is
noted for the high temperature (1500°C) structure - -4, but if annealed below 950°C
numerous superlattice reflections are observed. These corresponded to equiaxed domains = 3um
in diameter with a series of internal bands parallel to {110}of the cubic NaCl lattice. Careful
indexing reveals a distortion of the cubic lattice into a monoclinic cell (a=5.855A, b=9.3404,
c=4.142A, ¥=107°32"), which contains 12 Ti, 12 O and 16.7% vacancies. The defect structure that
produces this cell can be visualised as one in which every third (110) plane of the high
temperature cubic structure has half its oxygen and titanium sites missing altemately, fig. 9.16.
This structure holds, at least, over the range TiOg o-TiO; ; with alternating variants forming to
minimise ordering stresses.

The end-member of the TiO composition range (TiOj 55) orders, at long times, below 900°C
to a tetragonal cell (a=6.594A, c=4.171A), where the 22% vacant Ti sites are ordered on the body
centring sites, fig. 9.17. Annealing intermediate compounds, e.g. TiOq 19, for long periods at
700°C causes superlattice spots from both previous types of ordering to be observed with a
microstructure consisting of domains with lamellae of TiO and TiOj 5. The lamellae are
~ 20Athick and build up small domains = lum in diameter. The interface planes of these
lamellae have been indexed parallel to {120}of the cubic NaCl structure.
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The various levels of stabilisation are necessary to enable the highly defective structure to
exist and must, necessarily, mean that the oxide is less reactive than the vacancy concentration
suggests.

9.6.2 Titanium Dioxide

The dioxide is also a non-stoichiometric oxide, which is oxygen deficient, exhibiting semi-
conducting properties and can be generally represented as TinO,p, 1 (=TiO, ). For small
deviations from stoichiometry (large n) the low defect concentration is accommodated as a
random solid solution. Decrease in n, however, results in the breakdown of the random solid
solution as ordering into Magnéli phases ®*. These develop as a series of shear type phases,
generally crystallographic shear (CS) phases. These CS phases are planar singularities that exist in
substoichiometric, i.e. oxygen deficient, oxides of V4, V3+ NpS+, Mo6"' and WOt as well as
Ti%+ ions, where the cations are octahedrally coordinated in oxide structures. An oxygen vacancy
in this type of structure removes an oxygen from a shared apex or edge of the coordination
octahedra, resulting in a high formal unscreened charge on the adjacent cations. These oxides also
exhibit a high degree of metal-oxide orbital overlap and the stoichiometric changes are
accommodated by a structural change on certain planes. Crystallographic shearing preserves the
cation coordination, but results in the near elimination of a sheet of anion vacancies from the
crystal, fig. 9.18. As the process is repeated throughout the crystal, a set of crystallographically
defined structures is developed. These were first observed parallel to {121}of the cubic structure
for low n phases, such as TijgO7, but at higher n values {132}type CS phases are observed, up
to Tizg071. On approaching stoichiometry, the CS phases do not extend throughout the crystal,
but are confined to domains. Their presence reduces the population of point defects randomly
distributed and this is generally around 10’4, calculated from the density and spacing of CS
phases ®¥. The latter quantity approaches an equilibrium value, so that the CS planes interact to
align themselves into parallel groups with a long range interaction that results in an equilibrium
spacing.

Introduction or elimination of CS planes is generally a slow, high activation energy process,
but changes in composition are accommodated very readily by rotation of these planes. The
planes remain largely planar, in preference to curving or kinking due to interfacial energy
considerations and have been observed in TEM studies of TiOq 9.1 98 **-

The high temperature defect structure of the dioxide changes from one containing oxygen
vacancies to one with interstitial Ti, a transition that can be interpreted by a shearing model.

Comparing tﬁe two oxide families TiO1y, and TiO,_, both exhibit ordering and large scale
stabilisation of the defect populations at sizeable deviations from stoichiometry, which reduces the
reactivity of these structures. At small deviations from stoichiometry, the defect population in
TiO, is relatively random, consisting of point defects. TiO, however, still contains large numbers
of defects and retains substantial amounts of defect interactions and stabilisation. The defects in
the monoxide are, therefore, much less reactive than the corresponding species in the dioxide,
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close to stoichiometry.

9.6.2.1 Energetics of Defects
Various models exist for the defect structure of TiOp_, ®**®, which have been derived from
measurements of x or ¢ (electrical conductivity) as a function of oxygen partial pressure Poz.
Thermogravimetric techniques are generally used for determination of x and have been applied
over the temperature range 800-1100°C ™, This range is more applicable to these studies than
other previous investigations, which concentrated on temperatures above 1000°C. Plots of log(x)
vs. log PO2 from the results of Marucco et al. ®, indicate linear regions, whose slopes vary
from -1/6 (800°C) to -1/5 (1100°C). The change in slope can be attributed to a variation in the
defect type so that, at high temperatures, interstitial titanium (Ti4') exist, with an equilibrium
given by:
Tip{*+20g*=Ti*+e'+05@ .. (66)
KTi4.=[Tii4'][e’]4Po2 err 67)
x=2(Ti*] & Pg,-1/5
The subscripts Ti and O refer to the Ti and O lattices respectively.
At lower temperatures, the dominant defect species is the doubly ionised oxygen vacancy, V.
For this species the relevant equations are:

O =V +2¢'+050,@® L. (69)
KV..=[VO"][e’]2[P02]0-5 ..... (70)
x o Pg 2'1/6 ..... (71)

Other regimes that exist are the CS phases and the singly ionised oxygen vacancies, O, or
impurity Fe3* and A13+, which are affected by the doubly ionised oxygen vacancies.

The enthalpy of formation of these defects has = been calculated from P » measurements to
give:

Defect AHg/Jmol !

Ti% 976.1 (10.1eV)  independent of x
02 441.7 (4.57¢V) independent of x
O 372.1 (3.85¢V) x-dependent

The various enthalpies 'can be compared with the formation of a neutral defect and the sum of
the necessary ionisation energies. Microcalorimetry measurements can be used to determine
AH(O,) associated with the non-stoichiometric TiO, oxygen system. At 1050°C, this value was
found to be -977.0kJmol"l ®®, for the composition range TiOj gg5 t0 TiOy gggg, Which agrees
well with Zador’s -941.4kJmol™! ®2 derived from differentiation of AG(0y), but splits the value
of Forland, -878.6kJmol"! ®", and Kofstad, -1096.2kJmol"! @9, From the constancy of these
values, however, it can be deduced that the defects form a dilute solution at least between
TiO; gg5 and TiOg gggg. so that Henry’s law can be applied to the randomly distributed defects.
For the formation of doubly charged oxygen vacancies os m equation 69, the associated entropy
change is:

250




AS=SVO-°+0-5502°+25e’+SO Ox ..... (72)
and for an oxygen partial pressure of 1 atmosphere:

AS(Og)=-SAS .. (73)
Considering the various terms in eqn 72, a relationship of: '
2(ASk6R (74)

(ot

The values for V' and Tii4‘ are 4R and SR respectively.

Having determined the energetics of the defects it is necessary to ascertain, which of these
defects, if any, carbon interacts with. Evidence of this comes from studies of oxidation, reaction
with CO and ion implantation of titanium. The use of Auger, RHEED and energy loss
spectroscopy “® indicates the greater solubility of carbon in surface oxide layers rather than in
bulk Ti with carbon occupying oxygen vacancies. This is shown by the carbon peaks in Auger
and electron spectroscopy (ESCA) results on oxidation of Ti, where carbon, initially present as a
carbide enters solution in TiO, as this layer forms. Ion implantation of steels with Ti and
subsequent oxidation results in the formation of a surface layer rich in Ti, O and C, whose
concentrations decrease further into the specimen.

The high formation energy of doubly charged oxygen vacancies would require some
stabilisation to occur; some of this will be derived from entropy effects. It has also been proposed
that carbon can stabilise oxygen vacancies, as large deviations of the O/Ti ratio from 2.0 can be
tolerated if carbon diffuses into the vacancies created by oxygen migration ®®, Once carbon is
removed, however, the rutile lattice is unable to maintain the large defect density and collapses.
The tesults just mentioned were recorded during heating of Ti in dry oxygen and in the initial
oxidation stages carbon is incorporated into the rutile surface as it forms. This illustrates that
incorporation of carbon into the surface of rutile can readily occur to stabilise oxygen vacancies.

These results all generally refer to TiOp with a low degree of non-stoichiometry, when the
defects can be assumed to be randomly distributed. No reports seem to have been made on the
interaction of carbon with CS phases present at larger deviations from stoichiometry. The TiO,
used in this study was close to stoichiometry and so the dissolution of carbon is due to the
interaction of carbon with Surface oxygen vacancies, which are randomly distributed point defects.
The defect ordering that occurs with TiO to stabilise the high defect concentrations means that,
although suitable sites may exist for carbon to enter (O vacancies), the activation energy for
such a process is too high for this to take place. The microdomain structure would be disrupted
on entry of carbon into the defects which would remove some defect stabilisation and oppose the
entry of carbon. In TiO,, the formation of CS phases probably has the same effect, in that the
ordered structure resists disruption by carbon interaction. The CS phases also remove large
numbers of vacancies to leave only a small residual population, with which carbon can interact.
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9.7 Thermodynamics of Decarburisation by TiO,

Assuming that TiO, causes decarburisation of the surrounding steel by accommodation in the
oxygen vacancies, then the driving force for the process is two-fold.

(1) Removal of defects in TiO, releasing the excess free energy associated with them.

(ii) Lowering the free energy of austenite by the removal of carbon.

Point (ii) suggests that the decarburisation process becomes more favourable as the activity of
carbon in 7y increases during cooling and also that the effect will be larger in higher carbon
steels.

EDS analysis indicates there is no change in substitutional alloying element content in either
the ceramic or the steel and so equilibrium will only be achieved between the two phases with
respect to carbon. Hence, the system is similar to a modified form of paraequilibrium and for
carbon equilibrium between TiO, and v, the chemical potentials for carbon in both phases must
be equal:

uTi02 =Y, (75)

The subscript 1 refers to carbon.

The chemical potential of a component i in phase ¢ is given by:

u¢i=°G¢i+RTlna¢i

from its standard state.
a®=activity of i in ¢.
Therefore, equation 75 becomes:
°G,T02 + RTIn@T02)) = °G,Y + RTn@a;y .. an
The previous discussion on the defect population in TiO, indicated that Henry’s law applies to
the oxygen vacancies and so should also apply to carbon filled vacancies, therefore:
ali0p, = 410, (78)
xTi021=mole fraction of carbon in TiO, )
The activity coefficient of carbon in 7y (yyl) can be estimated, in the low alloy regime, by
Wagner interaction parameéters:
(Y=g 1)V + et ggaxg¥+ . L (79)
Subscripts 2, 3, etc. refer to the other alloying elements in steel, e.g. Mn, Si and Cr.
x;¥=mole fraction of i in ¥.
Hence, In(a;¥) can be replaced by:
In(x(Y) + €%V +epx¥ +gaxg¥+ ) L (80)
The Wagner interaction parameters and OGIY can be accurately estimated and so the right
hand side of equation 77 can be calculated. The problem lies in 0G1Ti02 for which no data is
readily available. This energy term represents the transfer of C from its graphitic form into
solution within the TiO, lattice, occupying oxygen vacancies. As the introduction of C into TiO,
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removes an oxygen vacancy, then this will release some of the energy of formation of that defect.
In addition, there will be changes in the entropy terms for the random defect solution dependent
upon the fraction of vacancies filled.

The nature of bonding has also changed with C now bonded to Ti in a tetragonal (c.f. a cubic
lattice for Ti-C) compared to the C-C bonding in graphite. This change in bonding nature causes
some charge stabilisation to delocalise the excess charge introduced by the vacant site. Therefore,
the free energy of solution of C in TiO, cannot be approximated to the free energy of the vacant
site, which it replaces. It is clear, however, that there is a sizeable driving force for carbon
solution in TiO, and it is likely that the solution energy of C in TiO, is more negative than that
of C in v. On this premise it is possible to deduce a lower limit for the decarburisation of y by
TiO, and the subsequent increased driving force for ferrite formation. By equating the solution
free energies of C in TiO, and ¥, equation 77 becomes:

n@l92)) = nGxTi02))=inxY)) + ey xp+epxVp+) oo 81)

The approach now adopted being to assume a value of xlTiOZ based on the LIMA results
(section 9.3.2) and calculate the value of x71 that satisfies equation 81. the initial value selected
for x71 is the bulk composition and a Newton-Raphson iteration method is used to solve equation
81 for xY;. The resulting value of xY] at the ¥/TiO, interface after decarburisation is then used in
the TTT prediction program ®V, as used in the BSG model, to calculate the shifts in
transformation behaviour induced by TiO,.

Table IX.4 lists xlTiOZ, x17 after decarburisation and the change in AGY® (free energy for
v-a transformation at 505°C) c.f. bulk metal at various temperatures. Also listed are the
incubation times for allotriomorphic ferrite formation at the ferrite nose, from which it can be
seen that the experimental cooling curve will cross the diffusional C curve, if decarburisation
takes place. The analysis is seen to be inaccurate and entropy effects mean that as xlTiOZ
decreases then greater decarburisation takes place. A limit of the number of vacancies and the
amount of TiO, available for decarburisation needs to be incorporated. Hence, once
decarburisation of the steel adjacent to TiO, has occurred at 900°C during reaustenitisation,
allotriomorphic ferrite would be expected to form during cooling at the steel/TiO, interface, as
was observed. The variation in ferrite thickness with time at 505°C then results from growth of
the nucleated o into y away from the steel/TiO, interface. This also explains why it was not
possible to avoid allotriomorphic o formation and study the nucleation of bainite with this
equipment. In order to do that either:

(i) The quench rate must be significantly increased by use of a smaller chamber and/or helium
quenching directed at the interface, or: ,

(i1) Lower carbon, higher alloy steels must be used, as the effect is enhanced by high carbon
levels. With lower carbon levels, the decarburisation process will take place less readily at higher
temperatures and will be shifted to lower temperatures, where aIY increases. Higher alloy steels
will be required to maintain hardenability.
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Point (ii) illustrates the probable role of TiO, in nucleating o, .., as lower carbon levels are
experienced in welding situations, which would shift the nucleation behaviour down into the
bainitic transformation regime.

If decarburisation occurs at too high a temperature then ‘the possibility of intragranular
nucleation of allotriomorphic ferrite exists, giving rise to ferrite islands. Additionally, if grain
boundary allotriomorphic ferrite forms then carbon is partitioned into the remaining y so raising
the hardenability of these regions. Decarburisation around TiO, may then provide that extra
driving force required to promote intragranular nucleation of bainite ovei' nucleation at
o/y interfaces, resulting in an Oacic Microstructure.

Slow cooling, as in high heat input processes, such as submerged arc (SA) welding, may allow
sufficient time for redistribution of carbon in y around TiO, particles. As the TiO, particles
become saturated in carbon as the vacant sites are filled, diffusion of carbon in y to level out
composition gradients would remove the nucleation behaviour of the TiO, particles.

9.8 Further Nucleation Studies

The action of oxygen vacancies in TiO, in removing carbon from solid solution in y would
suggest that similar non- stoichiometric oxides could also be chemically active inclusions. The
similarity between the oxides of vanadium and titanium has previously been mentioned and V5,05
is the vanadium equivalent of TiO,, both structurally and chemically. Oxides of vanadium may
also be present in weld deposits by dilution effects when welding HSLA steel baseplates.
Therefore, samples of 4857 were interfaced to V705 and reaustenitised (in INTER) at 900°C for
10 miinutes before quenching to isothermal holds at 505°C for 60, 300 and 900s. Specimens were
also continuously cooled to room temperature from 900%sp C and isothermal holds at 550 and
450°C for 300s after reaustenitisation were also studied for comparison.

Fig. 9.19 shows the resulting ceramic/steel interface region for the heat treatments listed
above. These indicate the formation of a thin layer of ferrite at the steel/V,Og interface, which
increases in thickness with holding time at 505°C, fig. 9.20. The layer is absent in the
continuously cooled specimen, but increases to = 6um after 900s at 505°C. Similar thicknesses
are observed after 300s holding at 450, 505 and 550°C, the ferrite being slightly thicker in the
first case, probably due to the greater driving force for ferrite formation , once nucleated, at lower
temperatures.

EDS again revealed no variation in substitutional alloying element concentration in the vicinity
of the steel/ceramic interface, fig. 9.21. The LAMMS spectrum, fig. 9.22, gave a very low yield
and revealed only V, O and V,Og peaks. It is probable, with such a low yield, that carbon was
not detected in the small sample area available.

It appears that V,Og acts in-a similar manner to TiO, by locally decarburising the adjacent
steel, the carbon entering vacant lattice sites in the oxide structure. The thicknesses of ferrite
obtained for steel/V,Og interfaces are less than those for the corresponding steel/TiO, interfaces.
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This may be due to the oxygen vacancies in V505 having a lower free energy and reactivity than
those in TiO, and/or the resulting M-C interaction being more favourable for M=Ti than for
M=V. The latter point is bome out in the precipitation processes in HSLA steels, where TiC
exsolves in ¥, but VC precipitates at th o/y interface, at much lower temperatures, indicating a
stronger Ti-C interaction than V-C.

The riucleation behaviour of Ti and (less potently) V oxides is also consistent with the
observations (section 2.5.5.9), that the optimum V level for Oycic formation was dependent upon
the Ti content present in the weld deposit. This can be seen to tie in with the provision of
sufficient chemically active inclusions of the decarburisation type to nucleate %acic

Finally, runs were performed using Y,03 and ZrO, coupled with 4857, Table IX.5. The
interface regions of these specimens are shown in fig. 9.23 and indicate very little nucleation
behaviour for either species, although some o may be present for 4857/Y 203.

These results also agree with the carbon-oxygen vacancy model, as the defect density (of
oxygen vacancies) in ZrO, is low and that of Y,Og3 is heavily stabilised so that both oxides are
relatively unreactive.

9.9 Summary

The mechanism for inclusion nucleation of ferrite that would be compatible with the formation
of o,.i. in welds can be deduced as localised decarburisation of the steel in the vicinity of an
inclusion. To remove carbon from the steel the inclusion must possess vacant lattice sites suitable
for carbon occupancy and must interact favourably with carbon. The defect population must be
sufficiently energetic to react, but not so high that ordering or CS phase formation occurs to
stabilise it. |

These conditions are met by high valence transition metal oxides, which have a random array
of oxygen vacancies, which can accommodate carbon. The variable valency of the metal allows it
to stabilise the initial defect somewhat, but also to interact with carbon establishing M-C bonding
orbitals. il

The formation of ferrite with Al,Si»07 is probably associated - [charge centres or dangling
bonds introduced into the Si02 network by Al The possibility also exists of oxygen vacancies in
the silicate network of a suitable size and charge to accommodate carbon. This is consistent with
the nucleation of a.,.;. on manganese-alumino-silicates and galaxite (Al,03MnO) 9,

These chemically active inclusions are the most potent nucleation sites, but in their absence,
or the absence of carbon, the other (weaker) proposed mechanisms may come into prominence.
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Table IX.1. Heat treatment details for Al, Mn and Ti based ceramics.

Steel Ceramic | Reaustenisation Quench Isothermal
temperature/ C| time/s | time/s |temperature/C| time/s
4857 Al,04 900 600 55 505 60
4857 Al,04 900 600 180 450 180
4857 | AL,Si,0, 900 600 110 502 60
4857 | AL,Si,04 900 600 118 503 900
4857 MnO 900 600 120 503 60
4857 MnO 900 600 110 503 900
4857 MnO, 900 600 105 503 300
Steel Ceramic Reaustenitisation Quench Isothermal )
temperature/ C | time/s | tmek | temperature/C | timels
4862 Ti0, 1200 600 - 417 30
4862 .| TiO, 1000 600 - 116 30
4857 Tio, 900 600 132 550 30
4857 | TiO, 900 120 60 550 30
4857 Ti0, 900 60 quenched fo room temperafure
4857 TiO, 900 60 75 505 60
6857 | Tilwire) 900 600 112 . 505 60
4857 TiB, 900 600 110 "~ 505 60
4857 TiN 900 600 104 505 60
4957 TiC 900 600 105 505 60

Table IX.2. Extra 4857/Ti02 heat treatments after reaustenitisation for 10 minutes at 900°C.

Tiso/°C | tisofs tq/s P/MPa o width/um 2nd layer/um
550 30 132 0 4.5-5.0 2.3
550 30 83 12.5 3.8-4.5 1.5
450 90 190 0 4.5-6.0 -
450 90 155 12.5 3.8-5.2 -
505 60 75 0 6.0 -
505 60 112 12.5 7.5 -

P=bonding pressure, tq=quench time to isothermal temperature
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Table IX.3. Models for TiO defect structure.

Model

Basis

Comments

Valence Electron
Concentration

Non-stoichiometry does not affect
distribution of density of
states, only occupation

Lowering of Fermi energy stabilises
defect structure. Suggests vacancies
stabilise any compound.

Electron-valence

Vacancies form new local levels
near the Fermi energy

Essentially qualitative

Virtual Crystal Treat vacancies as a potential Quantitative, but poor correlation

Approximation dependent on their concentration with data as limited to small
density of states

Bloch wave Tight binding approach Quantitative, but Fermi energy

formalism increases with density of states

LCAO Quantum mechanical Semi-empirical, good agreement
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Table IX.4. Carbon mole fraction in TiO, (xlTiO2) and austenite '(x17) and ferrite nose (Tj,

t)-

x; 102 | TPC x¥ AGY-%Imol- 1| T;°C tifs
o0t 900 0.0011 -95 720 1.7
0.01 800 0.0007 -98 740 1.7
0.01 700 0.0004 -100 740 1.8
0.01 600 0.0003 -104 720 1.8
0.01 500 0.0001 -106 760 1.6
0.02 900 0.0023 -89 720 2.9
0.02 800 0.0016 92 720 2.4
0.02 700 0.0010 -102 720 1.8
0.02 600 0.0006 -99 740 1.8
0.02 500 0.0003 -104 720 18

Table IX.5. Heat treatments for 4857/Y203 and 4857/Zr02 after reaustenitisation for 10
minutes at 900°C.

Ceramic Tiso/°C tisofS
Y503 503 60
Y,03 503 300
Y,03 502 900
ZrO, 504 60
ZrO,y 504 - 900
ZrO, 548 300
ZrO, 450 300
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10um
Figure 9.1. Interface region for 4857/A12O3 (900°C 10mins - 505°C 60s).

Figure 9.2. Interface region for 4857/A1,Si;07 (900°C 10mins - 505°C 60s).

20um
Figure 9.3. Interface region for 4857/Al,Si;O4 (900°C 10mins - 505°C 900s).
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20um
Figure 9.4. Interface region for 4857/MnO (900°C 10mins - 505°C 60s).

MnO2

Figure 9.5. Interface region for 4857/MnO, (900°C 10mins - 505°C 300s).
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9.6(c) 4857/TiO
Figure 9.6. Steel/titanium oxide interfaces, 900°C/10 mins - 505°C/60s.

261




e ’:"; ot § \... '

ot

S

(a) .min_.

(©) 7.5um (@ 15um,

Figure 9.7. Effect of reaustenitisation treatment on ferrite formation at steel/TiO, interface, (a)
4857, 900°C/2 mins-550°C/30s, (b) 4857, 900°C/10 mins-550°C/30s, (c) 4862, 1000°C/10 mins-
416°C/60s, (d) 4862, 1200°C/10 mins-400°C/60s.
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12um. OMPa. 12um. 12.5MPa.
Figure 9.9. Interface regions for 4857/TiO, couples under varying load. 900°C/10 mins-

450°C/90s.
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TiN

Figure 9.10. 4857/TiN interface region, 900°C/10 mins 503°C/60s.
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Figure 9.11. 4857/Ti and 4857/TiB, interfaces after reaustenitisation at 900°C for 10 minutes
then 60s at 505°C.
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Figure 9.12. EDS traces across steel/ceramic interfaces.
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Figure 9.14. LAMMS spectra for titanium oxides after heat treatment.
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Figure 9.15. Absence of ferrite at 4857/TiC interface, 900°C 10 mins-503°C 60s.
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Figure 9.16. Ordered structure for TiOg o-TiOq ; *2.
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Figure 9.18. Formation of CS phases in non-stoichiometric titanium dioxide.
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(a) 12um (b) 12um

(e) 15um
Figure 9.19. 4857/V205 interfaces reaustenitised at 900°C for 10 mins then (a) held at 505°C
for 60s, (b) 505°C/300s, (c) 505°C/900s, (d) 450°C/300s, (e) 550°C/300s.
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Figure 9.20. Variation of ferrite thickness at 4857/V,Os interfaces with holding time at 505°C.
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Figure 9.21. EDS trace across 4857/V5Os interface after heat treatment.
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Figure 9.23. Interface regions for (a) Y,03/4857,Zr0,./ZrO,. 900°C/10 mins - 505°C/60s. (b)
4857/ZrO,, 900°C/10 mins-450°C/300s.
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10. Conclusions and Further Work

10.1 Acicular Ferrite

The detailed analysis of Chapter 4 has revealed that acicular ferrite is a form of bainite
intragranularly nucleated on deoxidation products. However, to fully describe the transformation,
quantitative surface tilting values are required. These will allow the strain energy associated with
the transformation to be determined and allow the govemning thermodynamics to be accurately
modelled.

10.2 Microphases

The importance of carbon redistribution in austenite from prior formed ferrite phases has been
deduced and is shown to be strongly dependent on interface equilibrium. The effect of interfacial
equilibrium is to reduce the driving force for carbon redistribution into austenite and so results in
much less diffusion than predicted by the model adopted. Modelling of carbon redistribution into
austenite away from the ferrite/austenite interface needs more work and evaluation.

103 inclusion Nucleation Studies

hos Yacen  dedurced .

A viable mechanism for nucleation of ferrite upon certain types of inclusion phases) The most
effective nucleation mechanism is of a chemical nature, i.e. inclusions that are chemically
active are the most favourable sites. The studies presented here have revealed several types of
chemical activity, fig. 10.1. The results of chapters 8 and 9 still have to be correlated with
welding trials, where the presence of turbulent weldpools and higher temperatures may lead to
modified effects. Initial attempts have been made in this direction by welding over a powder filled
groove, fig. 10.2. Problems with this arise due to loss of powder, dissolution and redistribution of
the particles; typical results are shown in fig. 10.3. This area also requires more work, especially
nucleation of ferrite at lower temperatures (= 456°C) and with lower carbon steels interfaced with
TiO, and V5Os.
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Chemically Active Inclusions
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Appendix

Matrix Notation ‘

In order to define a vector u and relate it to other vectors, it is necessary to have a reference
set of co-ordinates. For a cubic crystal, this reference set are most conveniently provided by the
orthogonal axes of the unit cell, a;, ap and a3, fig. Al. The vectors g; are the basis vectors and
the basis is A, such that when u is referred to that basis:

U=ud) + U3y + u3dz
u can be represented as the row vector (uy uy u3) or the column vector [u, Uy u3].
These are also given, in matrix notation, as:
(uy vy uz)=(w;A)
fug uy uzl=[A;u]

referred to the basis A.

If the vector u is now referred to a second basis B, fig. A2, then A can be transformed into B
by the action of a co-ordinate transformation represented by the matrix

B A
So that (a; ap az)=(b; by b3)B J A) in this case
;= 1by + 1by + Obg
H=-1b; + 1by + Obj
' a3= 0b; + Oby + 1bg
ie.
BJA= 110
-110
001
and can be used to transform u between bases A and B as
(B:ul=(B J A)[Au]
As a matrix (B J A) has a transpose (A J’ B) and inverse (A J B) for which
;B)=(w;AXA J’ B)
[Asul=(A J B)[B;u]
WA)=(w;B)YB I’ A)
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