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Abstract

Ordinarybainiteconsistsof a mixtureof platesof ferrite andcementiteparticles.Thecementite
precipitatesfrom carbon–enrichedaustenite,areactionwhichcanbesuppressedby alloying thesteel
with silicon. The austenitethenbecomesstabilisedby the carbonandthe resultingmicrostructure
canbe toughandstrong. This phenomenonhasbeenexploited in the designof bainitic steelsbut
never in thecontext of weldingalloys. Wereporthereaninvestigationof thepropertiesof low–alloy
steelweldingalloys containingdeliberateandrelatively largeconcentrationsof silicon,andpropose
amechanismfor theinfluenceof siliconon thestabilityof cementite.

Introduction

Silicon inhibits the precipitation of cementite. Concentrations of about 2wt% silicon can
change a brittle, cementite–rich white cast–iron into a ductile graphite–rich grey cast–iron.
In high–strength steels the silicon is used to control the tempering of martensite [1–6]. Indeed,
this is the basis of the successful very strong steel, 300M , containing about 1.6 wt.% Si; in
this case the rate at which cementite precipitates from supersaturated martensite is reduced
when compared with a corresponding steel without the silicon [7].

Silicon also retards the precipitation of cementite from austenite [8–16]. There is a new
class of high–strength steels which exploit this principle. By adding sufficient silicon, it is
possible to produce a distinctive microstructure, consisting of a mixture of bainitic ferrite,
carbon–enriched retained austenite and some martensite [17]. In the past, the full benefits
of this carbide–free bainitic microstructure have not been realised. This is because the
bainite reaction stops well before equilibrium is reached, i.e. when the carbon concentration
of the residual austenite reaches a point given by the T0 curve, beyond which diffusionless
growth is prevented. The T0 curve is the locus of points on a plot of temperature versus
carbon concentration, where the free energies of austenite and ferrite of the same chemical
composition are identical. Because the bainite reaction is limited by the T0 curve rather than
when equilibrium is achieved, large regions of austenite remain in the final microstructure.
These can under stress decompose into hard and potentially brittle martensite [17].

Bhadeshia & Edmonds [18] first presented the design procedure which avoids this difficulty
in three ways: by adjusting the T0 curve using substitutional solutes; by controlling the
mean carbon concentration; and by minimising the transformation temperature. Steels were
designed on this basis and when tested, revealed a reduction in the ductile–brittle transition
temperature of more than 100 K [19].

Fracture toughness measurements confirmed the remarkable levels of toughness that could
be achieved, in some cases matching the expensive marageing steels [20]. Other aspects of
the theory have been verified using a variety of advanced research techniques, reviewed in
[17].



        

The first major commercial exploitation came with the development of a kinetic theory
[17] to complement the thermodynamics inherent in the T0 concept, so that continuous
cooling transformation which is typical in industry, could be dealt with. This led to the
invention and manufacture of a bainitic steel with outstanding wear and rolling–contact
fatigue resistance. The steel transforms into the correct microstructure during the routine
manufacturing process used for making rails [21].

Some further achievements of the design procedure [18] are illustrated in Fig. 1a, includ-
ing our most recent research [22,23] in which gun barrel bainitic steels with the highest
strength/toughness combinations ever recorded were designed theoretically and verified ex-

perimentally. Toughness values of nearly 130 MPa m
1
2 have been obtained for strength in

the range 1600–1700 MPa (Fig. 1a). Current work is dealing with steels with a strength of

2500 MPa and a toughness in excess of 30 MPa m
1
2 [24].

The purpose of the present work was to see whether the principles used in the design of
wrought bainitic steels can be applied to produce high–strength welding alloys. A study of
welding alloys containing relatively large concentrations of silicon was by conducted by Evans
[25] but the alloys all were of a low hardenability and hence had conventional microstructures
of allotriomorphic ferrite, Widmanstätten ferrite, acicular ferrite and microphases.

Fig. 1: (a) Properties of mixed microstructures of bainitic ferrite and austen-

ite (points), versus those of expensive marageing steels [25]. (b) Weld prepa-

ration.

Experimental Method

The experimental welds were fabricated using the manual metal arc welding process and
4 mm diameter electrodes, at the ESAB AB laboratories in Sweden. The study was aimed at
the properties of the weld metal so the joint geometry (Fig. 1b) complied with the ISO2560
standard, designed to avoid dilution with the base plate. Approximately 30 runs were needed
to fill the weld gap, with 2–4 beads per layer, deposited at 174±1 A and 25±1 V D.C., with
an electrical energy input of 1.08± 0.05 kJ mm−1 using an interpass temperature of 250 ◦C.

The chemical compositions of the welds are given in Table 1; the nitrogen and oxygen
concentrations were determined using Leco furnaces whereas the other elements were char-



     

acterised using spark emission spectroscopy. Note particularly that the carbon concentration
is relatively large, and that molybdenum has been added in order to control potential prior–
austenite grain boundary embrittlement due to phosphorus; silicon is known to enhance the
detrimental effect of phosphorus [26]. The silicon concentration is significantly different for
the three welds. The oxygen concentration decreased a little as the silicon concentration was
increased; silicon is a known deoxidiser. The other alloying elements are added to control
the hardenability as discussed in the next section. [27].

Weld C Mn Si P S Cr Ni Mo

A 0.100 2.24 0.86 0.009 0.011 0.03 2.11 0.21

B 0.120 2.30 1.38 0.009 0.011 0.03 2.12 0.21

C 0.102 2.18 1.63 0.009 0.005 0.02 2.07 0.23

Weld V Cu Ti Sn As B O N

A 0.017 – 0.024 0.011 0.005 – 0.0249 0.0108

B 0.017 – 0.033 0.01 0.005 – 0.0261 0.0121

C 0.019 0.03 0.039 0.010 0.013 – 0.0205 0.0113

Table 1: Weld–metal chemical compositions, wt%

Transmission electron microscopy was conducted on 3 mm diameter rods machined from
the centre of weld C along the welding direction. The specimen preparation technique has
been reported elsewhere [28]. The details of the standard mechanical property tests are also
described there [28].

Microstructure

The main focus of the microstructural work was on the high–silicon weld C. The weld
was characterised using optical microscopy, which revealed a rather uniform microstructure
not containing allotriomorphic ferrite (α) or Widmanstätten ferrite (αW ), Fig. 2a. The
absence of these phases, which are common in low–alloys steel welds, is due to the relatively
high hardenability resulting primarily from the combination of carbon, manganese and nickel.
This was established by calculation [29] during the design stage of the alloy; some illustrative
results are presented in Table 2, where the top row represents the composition of weld C (the
concentrations of all other elements are as in in Table 1). Note that changes in the silicon
concentration are not expected to significantly influence hardenability [29] so the results in
Table 2 apply to all the welds A, B and C.

Scanning electron microscopy revealed a bit more detail, the microstructure consisting of
obvious regions of bainite and martensite (Fig. 2b).

However, both bainite and martensite require transmission electron microscopy to resolve
whether the desired microstructure is in fact obtained. Fig. 3 shows that upper bainite has
been obtained but with retained austenite films between the fine plates of bainite, instead
of the cementite that forms in low–silicon steels. Extensive microscopy failed to reveal any
carbides, as might be expected given the large silicon concentration. This also indicates that
the material is resistant to tempering since the studies are based on multipass welds where



       

C Mn Ni Vα VαW

0.10 2.18 2.07 0.00 0.00

0.10 1.00 2.07 0.18 0.04

0.10 1.00 1.00 0.27 0.07

0.05 1.00 1.00 0.46 0.23

Table 2: Calculated phase fractions of α and αW as a function of the

concentrations of carbon, manganese and nickel in weld C.

Fig. 2: Weld C: (a) Optical micrograph. (b) SEM micrograph.

underlying beads are expected to be heat treated on each occasion that new weld metal is
deposited. It is worth noting that the scale of the microstructure is consistent with upper
bainite, the platelets being submicrometer in thickness [17].

The carbon that is rejected by the bainitic ferrite partitions into the residual austenite,
which becomes enriched with carbon to a concentration approximated by the T0 curve of the
phase diagram [17]. However, it is well known that the carbon is not distributed homoge-
neously in the remaining austenite. Larger regions of austenite tend to have a lower carbon
concentration [30,31,32,17]. It is inevitable that some of the larger regions must decompose
by transformation into high–carbon martensite, as illustrated in Fig. 4. Such martensite is
probably detrimental to toughness.

Mechanical Properties

All–weld metal tensile test results are presented in Fig. 5. There is not much of a variation
in strength as a function of the silicon concentration. The proof stress to ultimate tensile
strength ratio increases from 0.88 to 0.92 as the silicon concentration changes from about
0.8 to 1.6 wt%. The elongation was in the range 20–23% and the reduction of area in the
range 60–62%.



  

Fig. 3: Transmission electron micrograph and corresponding diffraction pat-

tern.

Fig. 4: Transmission electron micrographs of weld C. (a) Shows the expected

mixture of bainitic ferrite plates interspersed with retained austenite films.

(b) Region containing high–carbon, untempered martensite.

The tensile test data show that in the context of welding alloys, a very high strength has
been achieved, in all cases in excess of 830 MPa proof and 950 MPa ultimate strength. This



    

Fig. 5: 0.2% proof stress and ultimate tensile strength data.

is much higher than in conventional high–silicon welds of the type reported by Evans [25].

Even though the tensile properties are not greatly affected, the toughness improves as
the silicon concentration is reduced (Fig. 6). It is speculated that this is because of the
effect of silicon in retarding the tempering of martensite. At low silicon concentrations the
high–carbon martensite that forms from the enriched–austenite can become tempered during
multipass welding, resulting in an improvement in toughness. The silicon is added primarily
for the purpose of stopping carbide precipitation but the toughness data show that it is useful
to minimise its concentration, but not so much that cementite is induced in the upper bainite
microstructure. There is a need for theory capable of optimising the silicon concentration.
The remainder of this paper deals with a theory for the effect of silicon on the precipitation
of cementite from austenite.

Mechanism of Cementite Precipitation

There is good evidence to suggest that the carbides which precipitate from austenite dur-
ing the formation of upper bainite, grow without the partitioning of substitutional solutes
[17]. The mechanism of growth is displacive but the interstitial carbon atoms are mobile
so growth occurs at a rate controlled by the diffusion of carbon in the austenite ahead of
the transformation interface. There exists a constrained equilibrium at the interface, known
as paraequilibrium [33,34,35], in which the substitutional solutes are configurationally frozen
whilst the carbon achieves a uniform chemical potential. This means that the substitutional
solute to iron atom ratio remains unchanged on transformation.

Silicon has an incredibly low solubility in cementite. Nevertheless, the displacive mecha-
nism of cementite growth ensures that it becomes trapped in the cementite lattice (parae-
quilibrium transformation). This reduces the free energy change accompanying the reaction
and hence retards precipitation. Given that equilibrium partitioning of silicon is not possible
at the temperatures where the cementite associated with upper bainite forms, it is possible
that there is no driving force for the paraequilibrium precipitation of cementite, in which



    

Fig. 6: Charpy impact energies as a function of the test temperature.

case it is completely eliminated, not just retarded.

This hypothesis can be investigated by calculating the equilibrium and corresponding
paraequilibrium phase diagrams when austenite (γ) and cementite (θ) coexist.

The calculations are illustrated in Fig. 7, whence it becomes clear that the single–phase
austenite field is greatly expanded when transformation is constrained to occur by parae-
quilibrium mechanism. Notice that for 773 K, the alloy marked X falls in the γ + θ field
in the equilibrium phase diagram, whereas it falls in the single–phase γ field in the diagram
representing paraequilibrium. Since the cementite associated with bainite is constrained to
grow by paraequilibrium, it would not in this case precipitate at all.

The phase diagrams illustrated in Fig. 7 have been calculated using MTDATA, which is
a Gibbs free energy minimisation algorithm developed by the National Physical Laboratory,
U.K. The algorithm is used in conjunction with a thermodynamic database. However, there
are no data on the equilibrium composition of cementite in Fe–Si–C systems since the solu-
bility of silicon in cementite is negligible. As a result, this solubility was assumed arbitrarily
to be 1 p.p.m. at 298 K and other thermodynamic interactions were assumed to be ideal.
This allowed the calculation of both the equilibrium and paraequilibrium phase fields. The
assumptions are probably reasonable but cannot strictly be justified so the diagrams are
simply there to illustrate a point rather than to make actual predictions. A quantitative
treatment of the silicon effect must await progress in the thermodynamic database.

Conclusions

By analogy with previous work on wrought steels, it has been possible to design strong
weld deposits based on a mixed microstructure of bainitic ferrite, retained austenite and
martensite. The resulting welds have good mechanical properties including high strength



   

Fig. 7: Calculated equilibrium and corresponding paraequilibrium phase

diagrams for the Fe–Si–C system. The concentrations are in mole fractions.

and reasonable toughness. It is possible that further improvements can be achieved by a
better understanding of the role of silicon in the precipitation of cementite from carbon–
enriched austenite.
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