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Abstract

Ultra—high strength steel weld deposits are currently produced using low carbon levels
(<0.1 wt%) and significant additions of Mn, Cr, Si and Ni. These materials combine high
strength (>700 MPa) with good toughness properties. The purpose of the work presented
in this thesis was to investigate the means by which such properties are produced with a

view to designing superior welds.

The microstructures of this class of weld were found to contain fine—plates of ferrite and
occasionally martensite, separated by films of retained austenite with virtually no carbides.
A series of welds, based on a commercially available electrode, was produced and tested to
investigate the effect of compositional variations upon mechanical properties. Reductions
in carbon and alteration of manganese, nickel and chromium levels in this series produced
many interesting results but did not deliver significant improvements in strength. Neural
network modelling, metallurgical interpretation and dilatometry revealed the cause of the
often observed strength variations in such welds, found to be attributable to insufficient

control of the interpass temperature. This was subsequently proved in careful experiments.

A model developed for estimating the strength of steels containing mixed microstruc-
tures of bainite and martensite was investigated in the context of these welds. This model
considers the linear summation of strengthening effects resulting in an estimate of yield
stress. Great discrepancies were found between predictions and measured strengths. The
cause of such discrepancies was investigated using long tempering treatments to remove the
microstructure. These experiments showed that the solid solution aspect of the strength-
ening model was not at fault. Much improved results were obtained by more correctly
calculating the effect of the fine scale microstructure due to the realisation that the dis-
location density and carbon content of bainite and martensite are not separable in the

model.

A novel weld microstructure comprising predominantly bainite plates separated by
austenite films was produced having a higher carbon content and high levels of silicon
(= 1.6 wt%) to prevent carbide formation. Tests indicated rival strength but inferior

toughness. Studies were performed into the role of the austenite films in such an alloy
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and their resistance to carbide precipitation. The ‘as—welded’ microstructures showed no
decomposition as a result of the welding process. Tempering of 1 h at 500 °C was necessary
to promote notable decomposition into carbides, later identified as cementite with electron

diffraction.

Modifications to thermodynamic data used in conjunction with thermodynamic mod-
elling software allowed calculation for the first time of the effect of silicon additions on the
paraequilibrium Fe-Si-C phase diagram. Silicon was found to greatly increase the extent of
the single phase (austenite) field under paraequilibrium conditions thus retarding or pre-
venting the precipitation of cementite by this mechanism. Comparison with experimental
data showed that the number of paraequilibrium carbides and their tempering resistance
in an alloy can be explained in terms of the distance from the calculated paraequilibrium
single phase boundary. Hence an upper bound in preventing paraequilibrium precipitation

can now be evaluated in terms of temperature or composition.

The production of a weld containing significant levels of Cu provided much interest as
considerable strengthening resulted. A model was produced as a first step to predicting
the complicated precipitation strengthening phenomenon in welds. This model considers
the effects of nucleation, growth and coarsening of e-Cu particles in a ferrite matrix as
a function of composition, time and temperature. Varying agreement was found between
predictions and experimental data from Fe-Cu alloys. However, trends were correctly
modelled and a reason for the discrepancies highlighted, allowing possible further devel-

opment and application to HSLA steels and weld alloys.

A number of new welds were designed and tested with the aid of thermodynamic
modelling software and the results of experiments. In the conventional welds, tungsten
was found to have a strong solid solution strengthening effect but toughness was reduced.
However, superior results were produced by an increase in nickel partly at the expense of

manganese.

In the novel bainitic weld, a composition containing half the previous level of silicon was
found to have similar properties indicating that very high silicon levels are not required.
Attempts were made at improving the experimental weld by reducing silicon levels and
increasing the extent of the bainite reaction using cobalt whilst reducing the hardenability.
A reduction in the level of silicon was not detrimental to mechanical properties although

a reduction in hardenability was thought to have caused some reduction in strength.
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Chapter 1

Introduction

Steel is arguably the world’s most useful material. It is found in thousands of applications
from the superstructure of oil platforms to the simple paper clip. World annual production
of iron and steel is approximately one billion tonnes, second only to concrete and two orders

of magnitude greater than that of aluminium or of all the other metals combined.

The success of steel is due to its incredible versatility and low production costs. This
versatility is a consequence of the natural complexity of the iron—carbon alloy system.
Alloying with other elements and using suitable mechanical and heat treatments it is
possible to produce a range of steels with very diverse properties such as yield strengths

ranging from 200 MPa to 5000 MPa.

In many applications, particularly those on a large scale, the formation of strong
joints between steel components is essential. Welding is the most effective method of
joining steel in that it forms a continuous joint, reducing the stress concentrations and
corrosion problems associated with fasteners and allows the transfer of large loads between

components.

Since its beginnings in the late 19th century research into welding technology has
become increasingly active following the general trends in the steel industry. In the last
30 years great advances have been made due to microscopy and phase transformation
theory. Despite scientific advances there is still a large emphasis upon the skill of the

welder, automation of the process being particularly difficult in many cases.

Modern welds are produced with mechanical properties designed to match or exceed
those of the components being joined. A great research effort is directed at improving weld
mechanical properties, enhancing their reproducibility and ensuring safety to match the
demands of modern design. Driving down the costs of the welding process is also desirable

as for example approximately half of the cost of a new ship can be due to welding.
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The scope of this project lies within the field of high—strength steel welds. These welds
are required to join components in specialist applications many of which are involved with
the marine industry. For example, submarine hulls are constructed from high strength
steel, allowing operation at greater speeds and depths (Fig. 1.1). Typically, the hull

sections are welded together manually.

Figure 1.1: A typical application — at 172m long, the Russian Navy’s latest Typhoon

class nuclear submarines are the largest ever constructed [1].

As wrought steels have superior mechanical properties in comparison with welds, the
improvement of welds is likely to remain the focus of much research. Many different
processes can be used to weld steels, but manual metal arc (MMA) welding is still the most
versatile, as it can be performed in confined spaces, in many positions using only one hand
and requires only a simple portable power supply. This project involves the development
of ultra—high strength weld metals, those with strengths in excess of 700 MPa, fabricated
with the MMA process.

1.1 Aims of this work

The aim of this work was to further the understanding of ultra—high strength weld mi-
crostructures with a view to producing welds with superior mechanical properties. At the
outset a series of welds was produced for study, based upon an electrode (OK75.78) known

to have good strength and toughness properties, with an approximate composition:-

Fe-0.05 C-2Mn-3 Ni-0.3Si-0.4Cr-0.6 Mo  (values in wt%)
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The compositions and microstructures of these welds were to be investigated and re-
lated to their mechanical properties. Drawing upon the results of such experiments it
was hoped to design welds with improved mechanical properties. Additionally, there were
some questions concerning the reproducibility of the tensile properties of such welds and

it was hoped to both highlight the cause and provide a solution.

A further aim was to use modelling techniques in conjunction with experimental data.
Specifically, it was hoped to further the development of a physical model currently used
for predicting tensile properties by comparison with data from appropriate experiments.
Models were also considered a valuable research tool and were to be used in the interpre-

tation of data.

As another major aim of this project it was intended to produce and investigate a
new class of high—strength weld microstructure based on carbide—free bainite. Such a
microstructure has never been used in welds but could provide strong competition to the
more conventional lower—carbon alloys. In a similar manner, microscopy and mechanical

testing experiments were planned with a view to producing further improved welds.

A final aim was the novel consideration of using copper to precipitation strengthen
high—strength welds. The focus here was to be upon modelling as a first step towards the

incorporation of such a model into a more general tensile properties model.



Chapter 2

Formation of Weld

Microstructures

2.1 Introduction

Fusion welding of steel is of paramount importance in the fabrication of engineering struc-
tures. It can be achieved using a variety of techniques but fundamentally they all involve

the deposition of a small amount of liquid steel in a gap between components.

This project involves welds fabricated using the manual metal arc (MMA) process (also
called shielded metal arc welding or SMAW) in which an electric arc is struck between an
electrode and the work piece, the electrode containing not only the metal required to fill
the joint but also compounds to control the arc, generate a suitable protective slag and to
generate a gas shroud to protect the weld pool from the atmosphere (Iig. 2.1). Electrode
technology is therefore complicated but it nevertheless provides an elegant simplicity to

the process, requiring in addition only a suitable power supply.

2.1.1 MMA electrodes

An MMA electrode comprises a central metallic core surrounded by a complex coating.
The core wire is usually made of mild steel, alloying additions found in the final weld de-
posit coming from powders such as ferrosilicon and ferromanganese, added to the coating.
There are four main types of coating, basic, cellulosic, rutile and acid, which in addition to
metallic powders, contain various quantities of minerals such as rutile, fluorospar, quartz,
carbonates and organic compounds including cellulose. Their choice is determined by the

characteristics of the arc, the welding position and the type of weld produced.
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a)
Electrode Electrode Power
Holder Source
Work Piece
b)

Electrode

Electric Arc
Core Wire

AN INRRRRRRRRRR

Weld Pool

N\

Weld Deposit Work Piece

Figure 2.1: a) The principle of the MMA process and b) interaction of the electrode with

the work piece.
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The coatings form a cover slag which protects the hot metal from the atmosphere
during cooling and provides physical support to the weld metal. The slag is effective in

removing elements such as oxygen, sulphur and phosphorus from the weld pool.

Due to the high temperatures involved in the welding process it is necessary to protect
the weld metal from environmental attack during fabrication. This is achieved using min-
eral fluxes or shrouds of inert gases such as COs. These measures are never fully effective
and the oxygen content of welds is much higher than in wrought steels (Table 2.1). The
oxygen is present in the form of oxides which become trapped as the weld solidifies. Ele-
ments such as manganese and silicon form manganese silicates and magnesium, zirconium,
calcium and aluminium frequently form very stable oxides. Although the deoxidation pro-
cess is efficient with an estimated 90% of oxygen removed prior to solidification [173], the
remainder which is locked in non—metallic ‘inclusions’ can be detrimental to the toughness,
although in some cases they may cause a favourable change in microstructure promoting
acicular ferrite. However, oxygen is sometimes not found to have a significant effect upon

the as-deposited microstructure [38, 39].

Table 2.1 also shows that the weld copper content is high as the electrode in this case
had a copper coating to improve electrical contact. Weld metal silicon levels are also
higher because silicon is used as a deoxidising element. The final composition of the weld
metal thus has a complex dependency upon the compositions of the wire, the flux and the

plate being welded.

C | Mn| Si | Cu Al N 0O

Plate | 0.21 | 1.0 | 0.2 | 0.05 | 0.04 | 0.01 | 0.004
Wire | 0.14 | 1.5 | 0.2 | 0.31 | 0.01 | 0.01 | 0.001
Weld | 0.16 | 1.1 | 0.3 | 0.16 | 0.01 | 0.01 | 0.053

Table 2.1: A comparison of the chemical composition (wt%) of a submerged arc weld with

that of the plate being welded, and the wire used as the consumable electrode.

2.1.2 The welded joint

Detailed examination of a welded joint reveals two distinctive regions, the ‘fusion zone’
and the ‘heat affected zone’ or HAZ (Fig. 2.2). The ‘fusion zone’ is a region in which both
the deposited metal and metal melted during welding can be found. Adjacent to this lies
the heat affected zone in which the microstructure of the unmelted metal in the welded

components has undergone significant changes due to the influence of heat.
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Figure 2.2: Definition of terms describing a welded joint.

This chapter and indeed this project is concerned primarily with the metallurgy of the
fusion zone in steel welds. This includes solidification and subsequent solid—state phase

transformations.

2.2 The fusion zone

2.2.1 Equilibrium phases of Steel

Pure iron is ferritic (§) with a body-centred cubic lattice at temperatures just below
the melting point (1534°C). As it cools, the ferrite then transforms to austenite (7),
with a face—centred cubic lattice at 1390 °C. Further cooling to below 910°C causes a
transformation back to ferrite () which is the stable phase at all lower temperatures
(Fig. 2.3). a and ¢ ferrite are identical in crystal structure but the latter symbol is used

conventionally for the higher temperature form.

The strong influence of carbon upon this system is fundamental to the widespread use
of steels. Carbon’s atomic radius is only approximately 60% that of iron and consequently
it enters both the ferrite and austenite lattices as an interstitial solute [89]. However, in
either case the interstices are not large enough to accommodate carbon atoms without
some local distortion. In the body—centred cubic ferrite lattice, tetrahedral and octahe-
dral interstices exist, the latter being occupied preferentially despite their smaller size as
this allows easier accommodation of strain. The austenite face—centred cubic lattice has
larger interstices, reducing lattice strain, the important distinction being that the strain

in austenite is isotropic whereas that in ferrite is tetragonal. In any case, although it is
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Figure 2.3: The Fe-rich end of the Fe—C equilibrium diagram. § and « denote the high

and low temperature ferrite stability fields respectively, whereas v denotes austenite.
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an oversimplification to discuss solubility purely in terms of size factors, austenite has
a maximum carbon solubility of approximately 2wt% in comparison with 0.02 wt% for
ferrite (Fig. 2.3). The figure also indicates the presence of an iron carbide phase with fixed
stoichiometry of FegC. This iron carbide, cementite, is thermodynamically metastable but
is nevertheless conventionally represented on the equilibrium diagram as it is almost al-
ways obtained rather than the equilibrium phase graphite for typical steel compositions

(< 1.5wt% C).

Solution treating a steel in the austenite phase field allows complete carbon dissolu-
tion. Subsequent cooling to ambient temperature, produces either a mixture of ferrite and
precipitated iron carbide or a metastable supersaturated ferrite with a distorted lattice,
depending upon the cooling rate. This transformation, its various mechanisms and the
relative carbon solubilities in ferrite and austenite, produce the incredible range in the

mechanical properties of steels.

The addition of small amounts of alloying elements to the iron produces similar phase
changes but at modified temperatures. Unlike carbon, these elements are almost exclu-
sively substitutional in that they take up similar positions as iron in the lattice. Common
substantial additions to steels are silicon, manganese, nickel, molybdenum and chromium.
These affect the free energies of the component phases and therefore can be used to con-
trol transformation behaviour. Both transition temperatures between phases and the sizes
of phase stability fields are affected. A distinction is often made between elements that
stabilize austenite such as C, Ni, Mn and those that stabilize ferrite such as Mo and Cr,
termed austenite and ferrite stabilizers. Alloying has many other effects on properties

particularly in terms of strength, toughness and corrosion resistance.

2.2.2 Weld Solidification

Many weld deposits begin their formation by solidifying as d—ferrite. The solidification
occurs epitaxially at the edge of the fusion zone and progresses inwards in a columnar
manner along thermal gradients [38, 57, 157]. Grain selection occurs because those oriented
with their <100> directions aligned with the direction of maximum heat flow stifle the
growth of other grains. Hence the width of the columnar grains is observed to increase as

a function of the distance from the fusion zone boundary.

It is possible to prevent the formation of the d—ferrite phase by increasing the cooling
rate, carbon content or levels of alloying additions such as manganese or nickel [63, 69]. In
the majority of cases where the solidification product is é—ferrite, austenite forms on the
columnar §—¢ grain boundaries. The appearance of these columnar austenite grains is very

similar to that of the original microstructure. The resultant size and shape of the austenite
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grains affects all subsequent transformations since the number density of austenite grain
boundary nucleation sites changes inversely with the grain size [89]. The morphology of
the austenite grains can be idealized as long hexagonal prisms, typically around 100 gm
wide and around 5mm in length [38]. There are fewer grain junctions in such a structure
in comparison with an equiaxed one and therefore the hardenability is larger than in an
equivalent wrought alloy. In welds that solidify as austenite the grain size is expected to

be larger than that formed by transformation from the d—ferrite phase.

2.2.3 Solidification—-Induced Segregation

Solidification produces inhomogeneities in the resultant microstructure. This chemical
segregation occurs in welds due to their high cooling rates and fluctuations in process
parameters [33]. The effects of the latter are extremely difficult to predict but some
estimate of segregation due to non—equilibrium solidification can be made. This is based
upon the partition coefficient x; which is simply the ratio of the solute element in the solid
phase to that of the liquid [147]. Diffusion is assumed not to have time to occur during
solidification with the exception of interstitial solutes such as carbon and consequently
the solid phase does not contain a homogeneous solute distribution. This affects later
transformations as regions low in solute content will transform at higher temperatures.
Chemical segregation is not desirable as it causes localised variations in the microstructure

and properties which are difficult to predict.

2.2.4 The as—deposited microstructure

The microstructure which forms as a steel weld cools from the liquid phase to ambient
temperature is called the ‘as—deposited’ or ‘primary’ microstructure. In general allotri-
omorphic, acicular and Widmanstatten ferrite form the majority of this microstructure
(Fig. 2.4). In the case of strong welds (= 400 MPa) acicular ferrite and even martensite
may be dominant. Small amounts of degenerate pearlite, retained austenite and martensite
are also observed which are collectively termed ‘microphases’. Acicular ferrite is common
in welds because of the non-metallic inclusions which provide intragranular nucleation

sites.

2.2.5 Allotriomorphic ferrite

Allotriomorphic ferrite is the first phase to form on slow cooling of the austenite grains

below the Aes temperature (Fig. 2.5) [48, 120].

10
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Inclusion

b)

Figure 2.4: a) Illustration of the morphology of allotriomorphic («), acicular (a,) and
Widmanstdtten ferrite (aw) and b) scanning electron micrograph of a weld microstruc-

ture [149].

11



Chapter 2 — Formation of Weld Microstructures

1000
aus\t/enite

900 _L—910% A<n
O Aey
o |
. 800 vHa — y+FeC
=
& 700 re 723C
E a+F

600 — ferrite + cemen?ite

500t —— | —— \

0 0.02 0.5 0.78 1.0 15

Carbon / wt%
Figure 2.5: Schematic Fe—C equilibrium diagram at low carbon concentration.

Nucleation occurs at the columnar austenite grain boundaries which become decorated
with thin layers of ferrite that thicken at a rate controlled by the diffusion of carbon in
the austenite ahead of the advancing interface [12, 40]. Under isothermal conditions the

thickness of the ferrite, S changes parabolically as a function of time, ¢ [203]:-

S = aytz (2.1)

where o is called the one—dimensional parabolic rate constant and takes the form:-

= 1/2
ar ~ 21/2{i} (2.2)

Ve — py
where 27 is the solute concentration in the ferrite in equilibrium with the austenite and

™Y the corresponding concentration in the austenite. z is the solute composition of the

austenite far from the interface.

In this approximation an assumption is made that the solute concentration rises linearly

from z®7 to Z as a function of distance into the austenite ahead of the interface (Fig. 2.6).

The high cooling rates found in welds do not allow transformation to ferrite under
equilibrium conditions [45]. However, the transformation under ‘paraequilibrium’ condi-

tions is possible, in which the partitioning of substitutional solute atoms does not have

12
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Figure 2.6: Actual (dashed curve) and approximate (solid curve) carbon concentration

profiles ahead of the a—y interface.

time to occur [5]. Paraequilibrium is a kinetically constrained equilibrium in which the
adjoining phases have identical X/Fe atom ratios, where X represents substitutional solute
elements. The substitutional lattice is configurationally frozen but the greater diffusiv-
ity of interstitial solutes such as carbon allows them to partition and attain equilibration
of chemical potential in both phases. Substantial undercoolings are required to produce
paraequilibrium transformations avoiding a mechanism involving the diffusion of sluggish

substitutional solutes.

The growth of allotriomorphic ferrite in welds is therefore controlled by the diffusion
of carbon. Hence the values z, x*¥ and z7® in Eqn. 2.2 refer to carbon concentrations.
It can be seen from Eqn. 2.2 that carbon levels only slightly in excess of the solubility
limit in ferrite 27 will cause large variations in the rate constant oy (Fig. 2.7). Such low

carbon levels are typically used in welding applications.

In welding, transformations are not even approximately isothermal, but nevertheless,
because nucleation is often not rate limiting, the fraction of allotriomorphic ferrite obtained

correlates directly with the parabolic rate constant [37].

Eqn. 2.2 also shows that the growth rate slows as transformation proceeds. This is
because the distance over which carbon has to diffuse increases with time. The growth
rate for a given alloy goes through a maximum as a function of temperature, because
the driving force for transformation increases with undercooling whereas the diffusivity

decreases.

13
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2.2.6 Lower temperature transformations

As the weld cools to temperatures less than about 600 °C, the reconstructive growth of
ferrite becomes sluggish and consequently the layers of allotriomorphic ferrite reach a
limiting thickness. At this point displacive transformation mechanisms become kinetically
(though not thermodynamically) favoured. Widmanstitten ferrite, bainite and acicular
ferrite form by the co—ordinated movement of iron and substitutional atoms and hence
can occur at lower temperatures. Figure 2.8 shows a mechanism by which the austenite
can transform to ferrite without the need for large movements of atoms. Considering
two adjacent face—centred cubic (fcc) cells of austenite, a body—centred tetragonal (bct)
cell of austenite can be defined within the same structure as shown in Fig. 2.8, in which
some lattice points have been removed for clarity. Transformation to a body-centred
cubic (bcc) ferrite lattice can then be achieved by expansion along the apq directions,
accompanied by a contraction along cpe. This is known as the Bain Strain. No diffusion
is required by this mechanism but in a constrained system further deformation is required
to ensure a minimisation in strain energy. The observed macroscopic shear is therefore
not the one described by the Bain Strain, but is rather an invariant-plane strain (IPS)
in which the homogeneous lattice deformation required to convert the parent lattice into
the product is coupled with a inhomogeneous lattice-invariant deformation. This latter
deformation leaves the respective unit cells unchanged but macroscopically produces the
correct structure. The resultant strain energy with this mechanism is still considerable
and sufficient driving force is required to enable it to become feasible. Such a driving force

is provided by significant undercooling below the equilibrium transformation temperature.

2.2.7 Widmanstatten Ferrite

At relatively low undercoolings plates of Widmanstiatten ferrite form by a displacive
paraequilibrium mechanism. Transformation of polished austenitic specimens to Wid-
manstatten ferrite causes surface relief indicative of a displacive mechanism often doubly
tilted but occasionally singly tilted consistent with an IPS mechanism [195]. However, at
such low undercoolings it has been shown that there is insufficient free energy available for
the formation of a single plate by this mechanism [7]. Transformation involves co—operative
growth of pairs of mutually accommodating plates reducing the strain energy involved to
a value of around 50J mol=! [27, 28] (Fig. 2.9). Carbon diffusion is still required during
the formation of Widmanstétten ferrite but growth with a plate morphology prevents the
build up of carbon ahead of the advancing interface. The carbon is accommodated at the
sides of the advancing plate such that the plate tip always encounters fresh austenite in

which to advance. Plate lengthening therefore occurs at a constant rate for this phase.

14
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Figure 2.7: An illustration of the parabolic thickening of ferrite during isothermal trans-
formation at 740 °C. Each curve represents a Fe-1Mn—C wt% steel with the carbon con-

centration as indicated.
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Figure 2.8: Illustration of the Bain deformation. “bct” denotes a body—centred tetragonal

lattice. Note that some lattice points have been removed for clarity.
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Figure 2.9: Typical Widmanstatten ferrite morphology showing mutually accommodating

plates.

Measured growth rates are very large for most weld compositions such that the trans-
formation is completed within a fraction of a second (Fig. 2.10) and is often considered to
be essentially isothermal for this reason [33]. The growth rate is again strongly dependent

upon the austenite carbon content at values close to the solubility limit in ferrite.

It might be thought that this reaction would complete the transformation processes
within the weld. However, much less Widmanstitten ferrite forms than would be expected
due to hard impingement with acicular ferrite plates growing towards the grain boundaries

from their nucleation sites upon inclusions [33].

2.2.8 Bainite

Bainite is an interesting phase as its mechanism has been the cause of much debate.
This centred upon the role of diffusion in the transformation, one side arguing strongly
for a reconstructive mechanism, the other holding that it was a two stage reaction be-
ing displacive and diffusionless, followed by the later decarburisation of the ferrite by
diffusion [2, 31, 32, 84, 108]. It is now clear that the bainite forms by a shear transfor-
mation. Repeated nucleation and growth of platelets collectively form larger aggregate
structures known as sheaves (Fig. 2.11). The individual platelets are not resolvable by op-
tical microscopy, the sheaves giving the appearance of thin wedges. Transmission electron
microscopy reveals the individual sub—units. Sheaves macroscopically appear to grow by
a lengthening and thickening process but this is misleading as it is actually due to the
nucleation of platelets (sub-units) at the tips of and adjacent to those already present
(also shown in Fig. 2.11). Nucleation appears to be favoured at the tips giving the overall

impression of continuous growth of a sheaf [29].

The growth rate of bainite sheaves shows similar sensitivity to carbon concentration as
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Figure 2.10: Sensitivity of Widmanstatten ferrite lengthening rate to carbon concentra-

tion in a Fe-1Mn—C wt% steel at 600 °C. Note the growth rate sensitivity at low carbon

levels [33].
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Figure 2.11: Schematic illustration of bainitic sheaves formed by sub-units of ferrite [25].
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higher temperature phases (Fig. 2.12). However, the observed lengthening and thickening
rates of sheaves have not as yet been adequately explained. Measurements have revealed
approximately constant lengthening rates [83]. Thickening rates appear related to length-
ening rates but this does not imply a dependence as thickening can be observed to continue
after lengthening has stopped [83]. The growth rates of sub—units might be expected to
occur at a rate limited by the velocity of sound propagation in steel, as is the case for
some martensites. Measured growth rates are far less than this limiting velocity but still
a number of orders of magnitude greater than diffusion controlled growth velocities. This

is due to plastic deformation associated with the transformation.
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Figure 2.12: Dependency of bainite lengthening rate upon the carbon concentration in a

Fe-10Ni-C wt% alloy at 400 °C [148].

The sub—units also form with a full supersaturation of carbon inherited from the
austenite [31, 32]. The ferrite then decarburizes either by diffusion of carbon back into
the austenite phase and/or by the precipitation of carbides within the ferrite. These two

possibilities form the classical upper and lower bainite microstructures (Fig. 2.13).

In the case of upper bainite no carbides precipitate within the ferrite rather precipi-
tating from the thin layers of austenite trapped between sub—units [114]. Upper bainite
forms at higher transformation temperatures due to enhanced carbon diffusion. The car-
bon enriched austenite may then transform to a ferrite/carbide aggregate, transform to
martensite or remain as retained austenite. Generally in upper bainite the precipitated

carbide is cementite.

Lower bainite comprises two main kinds of carbides. Like upper bainite there is pre-
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Figure 2.13: Schematic illustration of upper and lower bainite platelets [25].
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cipitation of carbides between individual sub—units and in addition a fine dispersion of
plate—like carbides can be found within the lenticular plates of ferrite. These carbides are

generally either e-carbide or cementite.

It has been suggested that the time taken to decarburize the ferrite in comparision
with that required for precipitation within ferrite distinguishes between the two possibili-

ties [176].

Calculations indicate that the strain energy due to the bainite reaction is around
400J mol~! [28], a corresponding value for martensite being 600 J mol=! [55]. The smaller
value for bainite reflects the smaller aspect ratios of platelets. Hence, transformation to
bainite is prevented when insufficient driving force is available to overcome this strain
term. Such conditions might arise from insufficient undercooling below the austenite
phase boundary, Aes (as shown earlier in Fig. 2.5) or due to the constraint that the carbon
content of the ferrite cannot cannot be so high as to cause the free energy of ferrite to excced
that of austenite. The latter leads to the well documented incomplete reaction phenomenon
in which the bainite reaction fails to go to completion due to enrichment of austenite during
transformation (the phenomenon is more fully discussed in Chapter 7) [25, 109]. This is
consistent with the theory describing a diffusionless first stage followed by later carbon
partitioning. On the other hand a reconstructive transformation would be expected to
continue until the austenite carbon content reached the paraequilibrium Aes boundary.
Thus a self-consistent picture is developing that bainite is the product of a displacive
invariant—plane strain transformation involving an initial diffusionless stage followed by

the partitioning of carbon.

Bainitic microstructures are found in applications where high strength and toughness
are required. For example, weld deposits containing bainite are common in power plant

applications as this microstructure is quite temper resistant.

2.2.9 Acicular Ferrite

‘Acicular ferrite’ is a phase most commonly found due to austenite transformation in low
alloy steel weld deposits [34, 76]. It is prominent in welds as it nucleates on non—metallic
inclusions which are far less common in wrought steels [100]. However, acicular ferrite
can be formed in such steels by deliberate inoculation with non—-metallic inclusions [133].
The term ‘acicular’ means shaped and pointed like a needle but this is really a misnomer
derived from its appearance in two-dimensional microscopy sections (Fig. 2.14). The true
three-dimensional morphology is thought to be that of thin, lenticular plates that are

arranged in an interlocking pattern [33, 59]. Random planar sections reveal typical plate
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lengths of =~ 10 gm and widths of &~ 1 um and consequently the true aspect ratio is likely

to be much smaller than 0.1.

Figure 2.14: Morphology of acicular ferrite [149].

Weld deposits are well known to contain large prior-austenite grains, reducing the
grain boundary area available for intergranular nucleation of bainite. As acicular ferrite
nucleates intragranularly in direct competition with bainite the promotion of one phase at
the expense of the other should be possible by control of the austenite grain size (Fig. 2.15).
This has been demonstrated elegantly by reaustenitizing weld microstructures at low and
high temperatures, the latter promoting larger grains [198]. Alternatively, vacuum remelt-
ing of a weld deposit that originally transformed to acicular ferrite under similar heating

conditions has been shown to promote bainite by removal of inclusions [81].

Acicular ferrite shows similar relief on polished surfaces due to the transformation and
this is consistent with an IPS shape change [171]. Microanalysis experiments also indicate
that there is no bulk partitioning of substitutional alloying elements during transforma-
tion [171]. Acicular ferrite exhibits a high dislocation density and measurements indicate
the stored energy has a similar value to that of bainite at ~ 400J mol=! [171, 199]. There
are further similarities with bainite as upper and lower variants of acicular ferrite can be
promoted by adjusting the weld chemistry [168]. The lower variant was only observed
recently (1989) as high carbon levels are required whereas they are usually kept low in
welds to prevent formation of high—carbon martensite. An important characteristic of
bainite is the ‘incomplete reaction phenomenon’ [25] where the degree of reaction tends
to zero as the transformation temperature approaches the bainite start temperature; this
is also observed in acicular ferrite [25, 171, 199]. Bainite nucleates on y—y grain surfaces

and continues to grow by repeated formation of sub—units to generate the classical sheaf
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morphology [198]. This morphology is not found in acicular ferrite and this is possibly due
to hard impingement as independent nucleation upon inclusions must by necessity occur
in a localised area. However, secondary nucleation upon previously transformed regions is

also common, increasing the number of possible nucleation sites.

There is strong evidence therefore that the mechanisms of transformation to acicular
ferrite or bainite are identical, the only difference being that the former nucleates on

inclusions.

Some recent work has argued that acicular ferrite in some cases may comprise intra-
granularly nucleated Widmanstétten ferrite rather than bainite [182] which can be easily
distinguished, the scale of the former being much larger. Transmission electron microscopy
should reveal two mutually accommodating plates if Widmanstatten ferrite is present and
it may be necessary to make the distinction between this intragranularly nucleated Wid-
manstitten ferrite and acicular ferrite as their transformation mechanisms are different.
Conventional acicular ferrite will remain the superior microstructure in terms of properties

due to its finer scale.

The fine chaotic nature of the acicular ferrite microstructure is ideal for mechanical
properties as it imparts great strength to the material whilst exhibiting good toughness

levels by presenting a tortuous path to cracks [101].

2.2.10 Martensite

Martensite is formed by a diffusionless transformation in steel and occurs when there
is sufficient driving force to cause diffusionless nucleation and growth. Martenite forms
with a plate morphology that can extend across austenite grains. However, spanning
of austenite grain boundaries cannot occur without separate nucleation in the adjacent
grain. Austenite is retained between the plates in a similar manner to bainite and surface
relief is also observable due to the invariant plane strain transformation. Transformation
velocities can be of the order of the speed of sound in austenite which far exceeds diffusional
velocities therefore trapping the carbon. Martensite in steel is generally too brittle to use
in its virgin state, a tempering treatment relieves some of the strain, improves toughness

and reduces the strength by carbide precipitation.

Martensite is not generally a major constituent in welds because it is hard and brit-
tle. Solidification and segregation during welding produce inhomogeneities which, when
combined with the possibility of martensite formation, can lead to extremely hard regions
occurring within the weld metal causing toughness and cracking problems. Martensite is

however difficult to avoid as a microconstituent but can be tolerated in small quantities.
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In specialist applications such as ultra—high strength alloys low carbon martensites can
be formed with acceptable properties but their great strength is often compromised to
allow reasonable toughness levels to be attained. Martensite, bainite and acicular ferrite

all become rather difficult to distinguish at very low carbon concentrations (= 0.05 wt%).

2.2.11 Other constituents

Most of the austenite will have transformed by the time the temperature of the weld metal
has fallen to 500 °C. The residual austenite will be stabilized by enrichment with carbon
and this may transform to the hard martensitic phase or it may form degenerate pearlite
(not having the time to form the more familiar lamellar structure). Lower cooling rates
favour pearlite but it is also possible to retain austenite to room temperature depending
upon the weld chemistry. These ‘microphases’ can be considered as inclusions due to
their relatively high hardnesses and they are consquently particularly important when

considering the fracture behaviour of the weld metal [173].

2.3 Control of Microstructure

Techniques for the promotion of particular phases in weld microstructures are more limited
in welds than wrought steels. The use of thermomechanical processing in welding is
obviously limited. As welding permanently fixes components within a structure there is
little that can be done subsequently to the microstructure of either the base plates or the
weld metal. Simple preheating and post weld heat treatments can be used but as the
cooling rate of the weld metal cannot be altered greatly the weld microstructure has to
be controlled mainly by the chemical composition. As a further constraint, the level of
alloying additions in weld deposits is usually kept low to prevent cold cracking and other
defects caused by the formation of brittle phases [174]. The microstructure is therefore
determined by the cooling rate and composition. The cooling rate is controlled by the
welding parameters which include the joint geometry, welding process, energy input and
speed. The time required for the weld to cool from 800 °C to 500 is often used to describe
the cooling rate, typical values for welds lying in the range 5-40s [175].

The kinetics of transformations in the weld must be controlled such that the natural
weld cooling rate promotes the formation of the desired microstructure. This can be
considered in terms of the continuous cooling transformation (CCT) diagram for the weld
deposit (Fig. 2.16). With a characteristic cooling rate, the positions of the diffusional and

displacive transformation curves must be moved to promote the desired microstructure.
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High strength welds require fine microstructures so the diffusional transformations must

be retarded.

The hardenability is critical in that it must be low enough to avoid transformation
during cooling of residual austenite to high—carbon untempered martensite. An alloy’s
hardenability can be expressed in terms of the carbon equivalent (CE). Two commonly
used expressions exist for carbon equivalent as a result of the sensitivity of transformation
kinetics at low carbon contents discussed earlier. The relationship due to Ito and Bessyo

(for <0.18 wt% C) is presented here [99]:-

Si Mn4+Cu+Cr Ni Mo \Y%
E=C4 L 2tmuw it MO Y LB wt 2,
CE=C+3p+ 20 teoot s TR Wt (2:3)

As Equation 2.3 indicates, carbon is the most important alloying addition as this has the
greatest effect upon strength and hardenability. Control of hardenability to create a fine,

temper—resistant microstructure such as acicular ferrite is vital for high strength welds.

The ferrite structure in pure iron is relatively weak. Alloying elements added to control
hardenability also strengthen the lattice and in the case of nickel can also improve tough-
ness [160, 173]. In a typical high—strength weld deposit, a large solid solution strengthening
effect results from alloying elements, raising the lattice strength to more than double that

of pure iron (=200 MPa) [121, 167].

2.3.1 Multi-run welds

In practice, the gap between the components to be joined often has to be filled by a se-
quence of several weld deposits. These multi-run welds can therefore have a complicated
macrostructure (Fig. 2.17). The deposition of each successive layer heat—treats the under-
lying microstructure, the volume fraction of the reheated zone depending upon the number
and size of beads deposited [62]. Some of the regions of original primary microstructure are
reheated to temperatures high enough to cause the reformation of austenite (reausteniti-
zation), which during the cooling part of the thermal cycle may transform into a different
microstructure denoted as ‘reheated’ or ‘secondary’ microstructure. Other regions may
simply be tempered by the deposition of subsequent runs. Consideration must be given to
this ‘secondary’ microstructure and ideally its mechanical properties should be engineered

to approach those of the primary microstructure.

The multi—-run process limits the development of more martensitic welds as the inher-
ent reaustenitizing and tempering can cause unwanted inhomogeneities, a homogeneous

microstructure also favours toughness [192].
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Figure 2.15: Illustration of the effect of prior—austenite grain size on the competing acicular

ferrite and bainite reactions.
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Figure 2.16: Schematic CCT curve for a high strength weld.
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Figure 2.17: The macrostructure of a multirun weld, made by sequentially depositing a

number of beads [151].
2.4 High strength weld microstructures

Good welding practice stipulates that the joint should have superior mechanical properties
to the base material [173]. Traditionally the yield strength of weld deposits has been kept
quite low (= 350-550 MPa) to avoid cracking and formation of brittle martensite islands
which plague higher carbon compositions [174]. This approach is therefore rather limiting
as there are many applications in which the use of stronger steels would be beneficial.
The increased use of high strength steels in applications such as pipelines, ships and oil
platforms has necessitated the development of weld deposits with much greater strength
(> 750 MPa). Such weld deposits are typically rather heavily alloyed, for example Ni and

Mn contents may be in excess of 2 wt%.

The design of such high strength weld deposits must firstly involve a choice of mi-
crostructure. It is well known that the strengthening effect of the microstructure is recip-

rocally related to the grain size. The Hall-Petch relationship of o d-1/2

, relating the
yield stress of a material o to the grain diameter d, indicates that fine microstructures
of predominantly acicular ferrite, bainite or martensite are required for such applications.
The fundamental strengths of allotriomorphic and Widmanstéatten ferrite are insufficient

for this reason [174].

The multi—run fabrication technique favours the choice of acicular ferrite over marten-

site as the major phase. Acicular ferrite has excellent toughness but its maximum strength
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has been estimated to be around 600 MPa [64] whereas greater strengths are desired.
Hence a mixed microstructure of acicular ferrite and martensite can be used to increase
the strength. In practice mixed microstructures are often naturally formed due to carbon
partitioning and conveniently these give superior properties even to those of individual
phases [202]. Low carbon contents (< 0.1wt %) are required to ensure sufficient toughness
and ductility of the martensite, the volume fraction of acicular ferrite for the higher car-
bon contents in this range must also be kept to about 0.5 to prevent excessive austenite
enrichment [25]. The lowering of the Aes temperatures by alloying and the accompanying
high hardenability ensures that the microstructures of high—strength welds in as—deposited

and reaustenitised beads are quite similar [149].

A series of high strength welds formed by a multi-run manual metal arc process was
studied by Yang [200], the significant alloying levels being 0.03-0.05 wt% C, 0.3-0.4 wt% Si,
2.4-2.6 wt% Ni and 1.6-2.0 wt% Mn. The microstructures were found to contain approxi-
mately 90% acicular ferrite and measured yield strengths were in the range 650-850 MPa.
Good impact toughness values were also reported (= 70.J at -50 °C for the highest strength
weld). The absence of any classical bainite morphology was noted. Approximately 30% of
the microstructure was reaustenitized emphasising the importance of this effect. This work
demonstrated that acicular ferrite can be used to produce weld deposits with strengths
sufficient for high strength applications, the benefits to toughness of this microstructure

being apparent.

High strength welds using more martensitic microstructures have been studied by
Oldland et al. [139]. In this case a single pass submerged arc welding process was used on
two alloys with compositions in the range 0.08-0.09 wt% C, 0.2-0.4 wt% Si, 2.1-2.4 wt% Ni,
1.5-1.7wt% Mn and 0.6-0.8 wt% Mo. Yield strengths of around 940 MPa were produced
with much lower toughness levels than in the former case at =~ 20J at -50 °C for a similar
heat input. A predominantly martensitic microstructure was reported for a comparable

energy input, higher values producing more bainite.

These two studies indicate the relative benefits of the rival microstructures but a strict

comparison cannot be made as a multi—run techniques was not used in the latter case.

2.5 Conclusions

An overview of the formation of steel weld deposits has been presented. The cooling
of such alloys from the austenite phase field can produce a number of possible phase
transformation products which have been discussed individually. The transformation rates

of many of these phases has been shown to be particularly sensitive to the carbon content
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at the low concentrations typically used in high strength weld alloys. This is of particular
concern as it is likely to cause inhomogeneity within the microstructure. In addition, the
relative desirability of such phases as weld constituents has also been considered. The
constraints placed upon weld design due to natural cooling rates have been highlighted
particularly in the context of hardenability. Despite the constraints of the welding process
it has been shown that careful control of alloy chemistry can produce fine, homogeneous

microstructures with remarkable mechanical properties.
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Chapter 3

Microstructure and Mechanical

Properties of Experimental Welds

This chapter details the fabrication and examination of a series of six experimental welds
in addition to a seventh, which was designed using an alternative strategy. The purpose
was to examine the effects of altering chemical composition on elementary mechanical

properties.

3.1 Production of experimental welds

All of the welds were fabricated using the manual metal arc (MMA) process from ex-
perimental electrodes produced to our composition specification at ESAB AB Central
Laboratories, Gothenburg, Sweden. As this work focuses upon the weld metal itself, a
joint geometry (ISO 2560) was chosen to reduce the effects of dilution due to mixing with
the base metal (Fig. 3.1). The welds were fabricated using 20 mm thick plates. Approx-
imately 30 runs were required to fill the gap, with 2-4 beads per layer. Welding was
performed using a current of 174 &1 A, at a potential of 25+ 1V DC to give an electrical
energy input of 1.084+0.05kJ mm~!. An interpass temperature of 250 °C was specified.
‘Buttering’ of the plates was performed prior to welding, involving the deposition of a layer
of weld beads along the edge of the plates [136]. Carbon diffusion into the weld metal
from the base material can reduce toughness and cause cracking. Buttering provides a
boundary layer that is not constrained during fabrication and is less likely to crack than

the weld metal.

Six of the welds, denoted H1-H6, had chemical compositions based on that of a com-

mercial electrode OK75.78, which in the present work is designated H1. Weld H7, was
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a) 20 degrees
Weld Beads
Buttering
20 mm
} } ™ Backing Plate

b)

Figure 3.1: a) Geometry of an ISO 2560 weld. b) Image of the weld metal etched to reveal
the weld beads.
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designed as a high—silicon, high—carbon, carbide—free bainitic weld which ought to have a
different microstructure which has never been investigated in the context of welds. Ta-
ble 3.1 lists the proposed compositions of H1-H7; the actual compositions achieved are
listed in Table 3.2 where all concentrations other than oxygen and nitrogen were deter-
mined using spark emission spectroscopy. Oxygen and nitrogen levels were measured using

Leco furnaces.

Element Weld Name
/ wt% H1 | H2 | H3 | H4 | H5 | H6 H7
Carbon 0.05 | 0.02 | 0.05 | 0.02 | 0.02 | 0.02 || 0.10
Manganese 20 | 20 | 1.0 | 1.0 | 1.0 | 1.0 || 2.0
Silicon 0.30 | 0.30 | 0.30 | 0.30 | 0.30 | 0.30 || 1.75
Chromium | 0.45 | 0.45 | 0.45 | 0.45 | 0.00 | 0.00 || 0.00
Nickel 30 | 3.0 | 40 | 4.0 | 4.0 | 4.0 || 2.0
Molybdenum | 0.6 | 0.6 | 0.6 | 0.6 | 0.6 | 0.6 0.2
Copper 0.0 | 0.0 | 0.0 | 0.0 | 0.0 | 2.0 || 0.0
Iron bal. | bal. | bal. | bal. | bal. | bal. | bal.

Table 3.1: The intended chemical composition of welds H1-HT.

Weld H2 was produced to study the effect of reducing the carbon concentration relative
to H1. At 0.02wt% the concentration is close to the maximum solubility of carbon in
ferrite. Consequently, phase transformations which lead to the partitioning of carbon
should not enrich the residual austenite, thus avoiding the subsequent formation of any
hard martensite. H3 was designed with a higher nickel concentration with the aim of
enhancing toughness since nickel is known to have a beneficial influence on the ability of
ferrite to absorb energy during fracture [160]. Weld H4 provides a similar comparison to
the lower carbon variant H2 with the emphasis on manganese. H5 is similar to H4 but
without a deliberate addition of chromium. Copper can be used to precipitation harden
steel. Copper precipitates are relatively soft so may not be too detrimental to toughness.
It was in this context that weld H6 was made. With the exception of Cu, H6 is similar to
H5. Weld HT7 has a relatively large carbon concentration and significantly, a much higher
silicon content which prevents carbide precipitation due to the higher carbon level. The
idea is to have a microstructure containing fine plates of bainitic ferrite, each of which
is separated by thin films of stable retained austenite. Such microstructures have in the
past been proven to give a good combination of strength and toughness but never in the

context of welds.
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Comparison between Tables 3.1 and 3.2 shows that generally the measured levels of
alloying additions did indeed match the target values. The largest discrepancies occurred
with welds H2, H6 and H7. The carbon content of H2 was higher than intended at
0.037 wt% (c.f. 0.02wt%). Such a difference is significant because it is known that trans-
formations are sensitive to the carbon at low concentrations [89]. The molybdenum level
in weld H6 unfortunately turned out to be only 0.13 wt% compared with the intended
concentration of 0.6 wt%. Weld H6 was designed to test the effect of copper; a possible
consequence of the lower molybdenum content would be a reduction in any secondary
hardening effects. Some secondary hardening is expected in a multi-run weld; otherwise

the alloy has sufficient hardenability.

Element Weld
/ wt% H1 H2 H3 H4 H5 H6 H7
Carbon 0.049 | 0.037 | 0.045 | 0.026 | 0.025 | 0.022 || 0.102
Manganese 2.09 2.13 1.11 0.97 0.85 0.78 2.18
Silicon 0.29 0.27 0.29 0.23 .022 0.17 1.63
Phosphorus | 0.005 | 0.010 | 0.008 | 0.010 | 0.010 | 0.010 | 0.009
Sulphur 0.012 | 0.006 | 0.006 | 0.010 | 0.009 | 0.011 0.005
Chromium 0.43 0.46 0.43 0.44 0.03 0.03 0.02
Nickel 3.04 3.03 3.91 4.00 3.91 4.25 2.07
Molybdenum | 0.59 0.60 0.58 0.61 0.60 0.13 0.23
Vanadium 0.019 | 0.019 | 0.016 | 0.015 | 0.015 | 0.011 0.019

Copper 0.03 0.03 0.03 0.03 0.03 2.18 0.03
Titanium 0.014 | 0.014 | 0.014 | 0.012 | 0.012 | 0.010 0.039
Tin 0.007 | 0.010 | 0.007 | 0.004 | 0.002 | 0.001 0.010

Arsenic 0.012 | 0.012 | 0.012 | 0.006 | 0.005 | 0.000 || 0.013
Boron 0.0005 | 0.0006 | 0.0004 | 0.0002 | 0.0001 | 0.0000 {| 0.0007
Oxygen 0.0267 | 0.0307 | 0.0310 | 0.0348 | 0.0299 | 0.0423 || 0.0205
Nitrogen 0.0118 | 0.0143 | 0.0101 | 0.0143 | 0.0148 | 0.0125 || 0.0113
[ron bal. bal. bal. bal. bal. bal. bal.

Table 3.2: Results of chemical analysis of welds H1-HT.
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3.2 Tensile tests

Tensile test specimens were machined along the welding direction (Fig. 3.2) with the
dimensions illustrated in Figure 3.3. All specimens were degassed at 250 °C for 16 h prior
to testing to failure at an applied stressing rate of 13+ 1Nmm~2s~!. Data for 0.2%
and 1.0 % proof stresses, ultimate tensile strength (UTS), elongation and reduction in
area were obtained from pairs of tensile tests from each weld. The results are shown in

Table 3.3 and the strength data are illustrated in Figure 3.4.

Tensile Specimen

20 mm A \ P B

16 mm

Figure 3.2: Cross—section of an ISO 2560 weld indicating the position from which tensile

test specimens were machined.

90 mm

A
Y

16 mm
Figure 3.3: Geometry of tensile test specimens.

There is slight scatter in the data, the largest due to the yield strength of H1, discussed
more fully in Chapter 5. It is clear from Figure 3.4 that welds H2-H6 have inferior strength
to that of H1. A reduction in carbon could be expected to reduce the strength of such
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welds. Replacement of manganese with nickel did not maintain strength levels as was
hoped. The only comparative improvement was gained in H6 compared with weld H5,
where the addition of 2wt% Cu improved the strength by over 100 MPa. Encouragingly
high strength levels were attained in weld H7, particularly in terms of the UTS.

Weld | 0.2% Proof / MPa | 1.0% Proof / MPa UTS / MPa
Test 1 Test 2 Test 1 Test 2 Test 1 Test 2
H1 872 838 874 844 922 918
H2 827 837 830 845 903 909
H3 803 809 800 810 841 851
H4 714 723 713 731 776 788
H5 627 626 641 630 703 695
H6 750 763 749 762 804 807
H7 845 827 857 843 969 971
Weld Elongation / % Reduction in Area / %
Test 1 Test 2 Test 1 Test 2
H1 22.0 21.6 67 64
H2 21.0 22.8 65 64
H3 21.0 20.6 66 64
H4 21.6 24.4 66 68
H5 23.0 25.0 71 72
H6 20.6 22.2 60 62
H7 23.6 23.3 62 60

Table 3.3: Comparison between tensile test results for H1-H7.

Ductile deformation consists of two essential components; there is an initial stage of
uniform elongation during which the work hardening caused by plastic deformation ade-
quately compensates for any increase in stress due to reduction of area. This is followed by
non—uniform elongation and the formation of voids which generally nucleate at inclusions.
If the voids are few and far between there there is considerable elongation before they link

and cause ultimate failure (Fig. 3.5).

Elongation should decrease as the inclusion content of the weld metal increases [36].
Assuming that the number density scales with the inclusion content, Barba [19] has shown
that the elongation should be inversely proportional to the sum of the oxygen and sulphur

contents of the welds [19]. Figure 3.6 shows that this is indeed the case. The welds all
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Figure 3.4: Comparison of yield and UTS data for welds H1-HT.
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Figure 3.5: An illustration of a low ductility fracture caused by a high inclusion density.
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had acceptable levels of elongation.
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Figure 3.6: Inverse relationship between elongation and the sum of oxygen and sulphur

contents of welds HI-H7. ‘p.p.m.w.” denotes ‘parts per million by weight’.

3.3 Charpy Impact Toughness

Standard 10 mm x 10 mm Charpy V-notch specimens were machined from all-weld metal
samples (Fig. 3.7). The position of the notch lay within the weld metal and the axis of the
specimen was normal to the welding direction. Between 2 and 5 samples were fractured at

each temperature, greater numbers of specimens being used at temperatures of interest.

The fracture surfaces were examined using a Philips X1.30 scanning electron microscope

(SEM) operating at 20 kV, imaging with secondary electrons.

3.3.1 Results

As expected, the commercial weld H1 exhibited excellent impact toughness at all test
temperatures (Fig. 3.8); the yield strength of ~850 MPa is high in the context of welds.
Charpy impact curves are often described as being sigmoidal in shape owing to the ductile—
brittle transition in bcc iron. Fractographic examination (Fig. 3.9) shows that such a
transition does indeed occur but is very gradual with mixed ductile and cleavage failure

even at -60°C. This is probably responsible for the smooth appearance of the impact
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Charpy Specimen

| /|

20 mm

A
Y

10mm¢ ﬁ&ﬁ

10 mm _”m/

2 mm

Figure 3.7: Specifications of Charpy impact specimens.
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toughness vs. temperature curve (Fig. 3.8). Average impact energy values are presented

in the following figures.
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= 1
0 ottt

-100 -80 -60 -40 -20 0 20
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Figure 3.8: Effect of temperature upon impact toughness in H1.

Since the overall composition of weld H2 is similar to that of weld H1, it is not surprising

that they have comparable toughness (Fig. 3.10).

On the other hand, the lower strength of weld H3 in which a portion of Mn was replaced
with Ni, resulted in a higher toughness in the ductile regime (Fig. 3.11).

The reduced carbon concentration in weld H4 (0.02wt% C) relative to that of weld
H3 (0.05wt%) led to a reduction in the strength by approximately 10%. The associated
coarser microstructure leads to a sharper definition of the ductile-brittle transition in weld
H4 (Fig. 3.12), causing a reduced cleavage fracture but better toughness in the ductile

fracture regime in spite of the somewhat larger inclusion content relative to weld H3.

The weld with the highest toughness (and the lowest strength) was H5. The com-
position of weld H5 was similar to H4 but with chromium removed. The toughness of
H5 was superior to H4 across the entire temperature range (Fig. 3.13). The removal of
chromium caused a large reduction in yield strength (=100 MPa). Comparison between
the micrographs in Figures 3.14 shows perhaps a slight increase in dimple size in the H5

specimen, consistent with a lower inclusion content.

A drastic reduction in toughness was caused in weld H6 by the addition of 2wt% Cu
to H5 (Fig. 3.15). Weld H6 not only has a higher strength (by 120 MPa) but also a much
greater oxygen content (H6: 0.0423 wt% compared with 0.0299 wt% in H5). Both of these
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b)

Figure 3.9: H1 specimens fractured at a) -60 °C indicating a more brittle fracture and b)

room temperature showing more ductile dimpled regions.
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Figure 3.10: Comparison between the impact toughnesses of welds H1 and H2.
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