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REAUSTENITISATION FROM BAINITE IN STEELS

Manabu TAKAHASHI

Darwin College

Department of Materials Science and Metallurgy

SUMMARY

A large number of industrial steel manufacturing and processing methods involve heating

the alloy into a temperature regime where austenite is the stable phase. The characteristic and

subsequent transformation of this austenite during cooling determine the final properties of the

steel. The formation of austenite in steels has, therefore, been investigated both theoretically

and using a variety of experimental methods. Since the general problem of austenite formation

is very dependent on the initial microstructure, the work presented in this thesis concentrates

on bainitic starting microstructures. Bainitic steels are at the forefront of new and exciting

developments in steel technology.

The thesis begins with a literature review and critical assessment of the bainite reaction

and of austenite formation. As a consequence, two interesting and unresolved problems relating

to the bainitic transformation are first investigated. A quantitative model is developed which

is shown to be capable of predicting the transition from upper to lower bainite. This has

led to some unexpected predictions which explain a previously unnoticed phenomenon, that

lower bainite does not occur in plain carbon steels containing less than about 0.3 wt.% carbon,

and that upper bainite is not found when the carbon concentration exceeds about 0.4 wt.%.

The second problem tackled relates to the kinetics of the bainite reaction. A model has been

developed and applied to enable the prediction of time-temperature-transformation diagrams

for the bainite reaction.

The studies on bainite are followed by experimental work on the growth of austenite from

mixed microstructures of bainite and residual carbon enriched austenite. The need to nucleate

austenite has been avoided by using this starting microstructure, although comparative exper-

iments were also conducted on initial microstructures without any austenite. A detailed and

completely new theory has been developed to enable the interpretation of the experimental

data on austenite growth. The theory is based on the concept of local equilibrium at the trans-

formation interface, involves multicomponent diffusion in both the parent and product phases,

and makes predictions which are on the whole consistent with the experimental data. Non

equilibrium growth is also featured in the form of paraequilibrium growth of austenite.
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CHAPTER 1

REAUSTENITISATION IN STEELS

1.1 INTRODUCTION

A knowledge of the factors controlling the kinetics of austenite nucleation and growth is of

interest both from a fundamental point of view, and because most commercial processes rely

to some extent on heat treatments which cause the steel to revert into the austenitic condition.

The reverse transformation of low temperature (Cl') ferrite into austenite differs in many

ways from the more usual case where the parent phase, which is stable at elevated temper-

atures, transforms on cooling below the equilibrium temperature. This is highlighted by an

examination of the temperature dependence of kinetics for the two cases. The vast majority of

transformations exhibit classical C-curve kinetic behaviour, in which the overall transformation

rate goes through a peak as a function of supercooling below the equilibrium transformation

temperature. This can be interpreted to be a consequence of two opposing effects; diffusion

coefficients decrease with temperature, whereas the driving force for transformation increases as

the under cooling increases. The kinetics of austenite growth from ferrite depend on the degree

of superheating above an equilibrium transformation temperature. Both the diffusion coefficient

and the driving force increase with superheating, so that the overall rate of transformation rises

monotonically as the temperature is raised.

This in turn leads to several interesting effects. It is a common feature of normal recon-

structive transformations, that they can be suppressed by rapidly cooling into a temperature

regime where the rate of transformation becomes unreasonably small, when compared with the

service life of the component concerned. Hence, austenite can in many steels (e.g., 18/8 stain-

less steel) be retained by rapid cooling, even though it ceases to the thermodynamically stable

phase at ambient temperature. It should be impossible to retain similarly the ferrite phase

to high temperatures during a reaustenitisation experiment where only austenite is the stable

phase at the elevated temperature, since atomic mobility always increases with temperature.

In steels which are lightly alloyed, rapid cooling from the austenite phase field does not al-

ways lead to the retention of the austenite. However, its decomposition may then be suppressed

to very low temperatures so that any transformation cannot rely on substantial atomic mobil-

ity. The austenite may then decompose by a displacive mechanism, such as the martensitic

transformation. During reverse transformation however, the temperatures involved are usually

high enough to permit the rapid reconstructive transformation of austenite, and it is rare that

the austenite grows by a martensitic mechanism from the ferrite.

In compendiums of time-tempera tu re-transformation (TTT) diagrams for steel, the kinetics

of austenite decomposition are usually presented as a function of alloy chemistry and the amount

ofaustenite grain surface per unit volume (i.e. the austenite grain size). The number of variables

to be considered when presenting similar data for the reverse transformation to austenite is

much larger, since the initial microstructure can vary widely. It may consist of a mixture

of any of the usual transformation products of austenite. The degree of sophistication with

which it is necessary to specify the characteristics of the starting microstructure remains to

be determined, but factors such as particle size, the distribution and chemistry of individual

phases, homogeneity of the microstructure, the presence of nonmetallic inclusions, etc. should

all be significant.
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From an industrial point of view, any attempt at the estimation of microstructure of

steels calls for a knowledge of the kinetics of reaustenitisation as a function of alloy chemistry,

thermomechanical processing and the starting microstructure. Since such information is rarely

available, there are few examples where the theory of phase transformations has been applied

quantitatively towards the design or optimisation of commercial processes.

It is possible to think of many examples where detailed knowledge on the reaustenitisation

process could be applied to considerable advantage. For example, one of the most difficult

and widely used processes is that of welding, where unlike most commercial routes, an opti-

mum microstructure is expected immediately after deposition from the liquid state, without

the luxury of homogenisation or thermomechanical treatments after deposition. Furthermore,

the welding process itself dissipates heat into the adjacent parent plates being joined, thereby

influencing its microstructure, often in a detrimental manner. Any attempt at the estimation

of microstructure in the fusion or heat-affected zones of such welds requires either a knowledge

of, or a method of computing the TTT diagram for the transformation of a specified initial

microstructure into austenite. It would be essential to have such information as a function of

the chemistry of both the weld deposit and of the parent plate, since they are unlikely to have

the same composition. A facility must also exist for converting the isothermal transformation

diagrams into continuous-heating transformation (CHT) diagrams, since most industrial pro-

cesses involve anisothermal heat-treatments. During welding, regions of the parent plate and of

the fusion zones of multirun welds undergo transient temperature rises, which sometimes take

the alloy into the Q' + 'Y phase field or beyond, causing profound changes in microstructure by

the time the weld has cooled again to ambient temperature. In multirun welds, each region can

be expected to undergo several such thermal cycles.

The purpose of this review is to collate and assess the work that has already been reported

in the literature on reaustenitisation. However, an attempt is also made to use the opportunity

to consider how the research can be extended in a systematic way, so as eventually to provide

a framework for the estimation of microstruct ure in steels.

1.2 NUCLEATION OF AUSTENITE

The formation of austenite in steels is well established to be a nucleation and growth process

[1]. The nucleation site, growth rate and morphology of the austenite that forms is sensitive to

the initial microstructure, as well as the chemical composition and reaction temperature. As

pointed out earlier, this contrasts with the decomposition reactions of austenite in steels, where

the initial austenite grain size and chemical composition are usually the only important factors

which need to be represented in TTT diagrams.

Much of the research on the role of the initial microstructure on the morphology of the

austenite during growth, points towards two main types; in one case, the austenite is said to

be "acicular", the term meaning needle-like, but implying a plate shape in three dimensions.

Acicular austenite is often said to form intragranularly with respect to the prior austenite grain

structure. The other common observation is of "globular" austenite in which the new phase

seems to grow more or less isotropically, the nucleation sites often being the prior austenite

grain boundaries. Most of these observations are based on reaustenitisation experiments in

which the initial microstructures consisted of pearlite, martensite or mixtures of ferrite and

carbide particles. There are very few data for initial microstructures which are completely

ferritic or bainitic.
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1.2.1 Initial Microstructure: Ferrite and Pearlite

Reaustenitisation beginning with a mixture of ferrite and pearlite is important in the

production of dual phase steels which have a final microstructure of ferrite and about 20%

martensite. These steels have a good combination of strength and uniform ductility, and find

applications in the automobile industry.

When a fully pearlitic steel, or one containing pearlite and allotriomorphic ferrite is heated

to induce reverse transformation, the austenite nucleates heterogeneously at the junctions be-

tween pearlite colonies [1]' or at the interfaces between the grains of allotriomorphic ferrite and

pearlite colony boundaries [1-5]. Garcia and DeArdo [3] studied the formation of austenite in

a series of 1.5Mn wt.% steels which were annealed in and above the intercritical region; the

intercritical region is the part of the phase diagram where mixtures of austenite and ferrite can

be in thermodynamic equilibrium. The austenite was found to nucleate on cementite particles

located on either pearlite colony boundaries or boundaries separating pearlite colonies and fer-

rite grains. A similar result was reported by Speich et al. [2] for austenite formation in eutectoid

steels. This is in spite of the relatively large amount of inter-lamellar surfaces available within

the pearlite colonies, which seem to be much less effective as sites for the nucleation of austen-

ite [2]. Sharma et al. [6] have reported interlamellar spacings for pearlite in Fe-0.74C-OACr

wt.% alloy; using their data, we estimate that the interlamellar surface per unit volume is some

30-600 times larger than the amount of inter-pearlite-colony surface per unit volume. A full

explanation of why the latter kind of surface is more effective in nucleating austenite is not

yet available. It may be the case that the allotriomorphic ferrite/pearlite colony junctions, or

junctions between pearlite colonies represent relatively high energy interfaces, in which case the

free energy gained as such junctions are eliminated by the formation of nuclei would tend to

proportionately reduce the activation free energy for nucleation. Of course, the activation free

energy would have to be sufficiently small to overwhelm the higher site density associated with

the inter-lamellar boundaries.

1.2.2 Initial Microstructure: Ferrite and Cementite

For an initial microstructure of a ferrite mixed with isolated cementite particles, the parti-

cles are usually located either at ferrite/ferrite grain boundaries or within ferrite grains. When

low-carbon martensite is heavily tempered, the resulting cementite particles tend to locate

at the ferrite/ferrite grain boundaries. However, if a martensitic specimen is tempered, cold

worked and then recrystallised by tempering, then most of the cementite particles are dispersed

in the ferrite matrix away from the ferrite/ferrite grain boundaries [2]. The effects of these

different dispersions of cementite particles on the nucleation of austenite has been examined in

many investigations [2-4,7]. Austenite is found to nucleate predominantly at junctions between

cementite particles and ferrite/ferrite grain boundaries, rather than on the particles located

within the ferrite grains. Speich et al. [2] suggested that this is because an additional surface

free energy is available from the 0:/0: grain boundary when austenite nucleates on a cemen-

tite particle located at such a boundary. It is however, difficult to guess which of the three

different sites, i.e. Fe3C/0:/0: grain boundaries, grain edges and corners, is the most effective

nucleation site for austenite, given uncertainties in the values of the interface energy terms

for ferrite/carbide, austenite/carbide and ferrite/austenite boundaries. A knowledge of these

interface energies as a function of crystallography and chemical composition is also required for

a more complete description. Experimental data on three phase orientation relationships do

not seem to be available.
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If the ferrite grain size is very large, the density of sites available at Fe3C/a/a junctions

can become very small compared with the density of cementite particles within the ferrite

grains, and nucleation on the latter sites might be expected to dominate even though the

activation energy is higher. Consistent with this, Lenel and Honeycombe [4] have reported the

intragranularly nucleation of austenite when the initial ferrite grain size is very large.

1.2.3 Martensitic Initial Microstructure

The formation of austenite from an initially martensitic microstructure is of obvious rel-

evance to high-strength steels, but also to dual phase steels with a microstructure which is

a mixture of martensite and allotriomorphic ferrite. Martensite is in general a very unstable

phase, especially so in iron alloys containing interstitials such as carbon or nitrogen. In such

alloys, the heating that is necessary to induce the reverse transformation may first lead to a

tempering of the martensite and eventually, to its decomposition into virtually carbon free fer-

rite and cementite or other carbide phases. The process of reaustenitisation from martensite in

steels can therefore be complex, and there are interesting differences that arise when the iron

alloy does not contain any interstitial alloying elements.

1.2.3.1 M adensite in steels

In experiments on reaustenitisation from martensite, the nucleation of austenite is found

to occur preferentially at the prior austenite grain boundaries [8-10]. Intragranular nucleation

with respect to the prior austenite grain boundaries, has been also reported, although it is not

clear whether such nucleation has been confirmed using stereological analysis [11-13]

The effect of alloy chemistry on the nucleation site of austenite has been studied by Plichta

and Aaronson [12] and Koo and Thomas [13]. Plichta and Aaronson [12] classified the sites in

two groups. In ternary steels containing Mo or Cr, the main nucleation site was found to be

the prior austenite grain boundaries. On the other hand, in ternary steels containing Mn, Ni,

Cu, Si, Al or Co, the martensite plate boundaries were found to be the the predominant sites

for the nucleation of austenite. There does not seem to be any explanation for this effect.

Martensite in steels tempers rather rapidly at elevated temperatures; carbon in iron even

has significant mobility at ambient temperatures [14,15]. Hence, when reaustenitisation is car-

ried out at high temperatures, the austenite forms from a spheroidised microstructure rather

than from martensite proper [8]. Another factor to consider is the possible existence of retained

austenite trapped between martensite laths, which may persist to the reaustenitisation tem-

perature if the heating rate to that temperature is high enough to prevent its decomposition

during heating [16]. Any retained austenite particles which survive to the reaustenitisation

tern peratures, can then grow, so that the nucleation of austenite is not required.

1.2.3.2 Martensite in interstitial-free iron alloys

The reverse transformation from marte'nsite in interstitial-free alloys can be classified fur-

ther into cases where the martensite behaves in a thermoelastic manner, and those in which

the transformation tends to be less reversible. The lack of reversibility in the latter cases is

usually attributed [17] to a loss of interface coherency during the growth of the martensite

itself, due to any plastic accommodation effects accompanying the martensitic transformation.

When the martensite is then heated, the plates do no shrink by the backwards movement of the

austenite/martensite interface, but small plates of austenite grow by a displacive transforma-

tion mechanism within the martensitic regions. This was demonstrated by Kessler and Pitsch

[18] using surface relief and light microscopy observations on an Fe-33Ni wt.% alloy. They also
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showed that each martensite plate tends to transform into several different crystallographic

variants of austenite, so that the original austenite grain structure is not reproduced. On the

other hand, such a mechanism could be used to refine the austenite grain size, by repeated

cycling between the MF and TF temperatures.

For the austenitic transformation discussed above, it is evident that the reverse displacive

transformation of a single plate of austenite can lead to several orientations of austenite plates.

This contrasts with thermoelastic martensites, which are usually found in ordered alloys, the

ordering promoting crystallographic reversibility by making the reverse transformation path

unique [17]. Consequently, a single crystal of martensite would then be expected to trans-

form back to a unique orientation of austenite. The first thermoelastic ferrous martensite was

reported by Dunne and Wayman [19,20] in ordered Fe-Pt alloys, which in the disordered condi-

tion showed nonthermoelastic behaviour with considerable hysteresis between the Ts and Ms

temperatures.

The shape memory effect in thermoelastic martensites is a consequence of the reversibility

of the martensite/ austenite transformation. The martensite which forms when a single crystal

of the parent phase is cooled, tends to grow as clusters of self-accommodating groups. Under

the influence of stress, at temperatures below MF' the glissile inter-variant interfaces are able to

move in a way which accommodates the externally applied stress. Thus, some crystallographic

variants of martensite grow at the expense of others. Under suitable conditions, a single orienta-

tion of martensite may be left, which when heated, converts back into the original single crystal

of austenite [21]. The transformation back into the original single crystal of austenite is a con-

sequence of the fact that there is in these alloys, a unique reverse correspondence between the

martensite and austenite, even though there may be several forward lattice correspondences so

that each austenite grain can transform into several martensite crystals [22]. These arguments

can be extended to polycrystalline materials as well, although the details might be different

[22].

1.2.4 Ferritic Initial Microstructure

Little work has been done on reaustenitisation of specimens which are fully ferritic, because

of their extremely low harden ability. This makes it almost impossible to freeze the austenite

microstructure to ambient temperature, even in the form of martensite. Speich et al. [2] studied

the formation of austenite in a low carbon steel using a laser-pulse heating and a helium-water

droplet spray technique, which is capable of achieving a heating rate of '" 106QCS-l and a

cooling rate of", 105QCS-l. They showed that austenite initiated at the ferrite grain boundaries

and during the quench to ambient temperature, each austenite grain transformed back to ferrite

which had a much finer grain size when compared with the original ferritic microstructure.

1.2.5 Bainitic Initial Microstructure

The formation of austenite from bainitic microstructures such as bainite and acicular fer-

rite has been studied by Nehrenberg [23]' Matsuda and Okamura [9]' Law and Edmonds [10].

For a bainitic initial microstructure, Law and Edmonds [10] have reported that the nucle-

ation of austenite occurs primarily at the prior austenite grain boundaries. This contrasts

with a martensitic initial microstructure in the same steel, which exhibited the intragranular

nucleation of austenite during isothermal reaustenitisation at high temperatures, although the

intragranular nature of the nucleation was not established using stereological analysis.
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1.2.6 Summary

The nucleation of austenite can, therefore, be usefully characterised by the nature of the

heterogeneous nucleation site. When the initial microstructure is either a mixture of ferrite and

cementite particles, or a mixture of ferrite and pearlite, the nucleation of austenite is found to

occur predominantly at ferrite/ferrite grain boundaries. At these grain boundaries, there may

be further preferential location of the nucleation site at positions where the boundaries have

junctions with carbide particles. These carbides may consist of isolated spheroidised cemen-

tite, or of the edges of the pearlitic-cementite lamellar where they impinge on ferrite/ferrite

boundaries. In pearlitic steels, sites where two colonies meet, giving rise to ferrite/ferrite grain

boundaries (with cementite lamellar in contact), are also known to be favourable positions for

the heterogeneous nucleation of austenite. It should be noted that when austenite forms from

martensite in steels, tempering during heating to the AC
1
temperature can make the reausteni-

tisation process identical to that for the ferrite and carbide starting microstructure. All these

results emphasise the role of high energy ferrite/ferrite grain boundaries, whereas the lower en-

ergy boundaries, such as those between martensite plates within the the prior austenite grains

do not seem to be as effective in nucleating austenite. It seems reasonable to assume that the

grain boundaries resulting from the impingement of ferrite grains growing from two different

adjacent austenite grains are likely to be of a higher energy, than those interfaces resulting from

the tempering of martensite plates formed within a single austenite grain.

Direct or indirect measurements of the nucleation rate or the nucleation density have been

carried out by Judd and Paxton [7]' Dirnfeld et al. [24] and Roosz et al. [25]. Roosz et al. [25]

measured the volume fraction of austenite formed in an eutectoid steel, and obtained a value four

for the time exponent n in an application of the Avrami equation. By expressing theoretically

the volume fraction and the amount of austenite/pearlite interfacial area per unit volume as a

function of the nucleation rate and the growth rate, and by comparison with experimental data,

they were able to determine the nucleation rate of austenite as a function of a superheating

from the Ae
1
temperature. Consequently, the nucleation and the growth rates were found to

be constant throughout the reaction.

Judd and Paxton [7] also measured the number of austenite particles formed from a mix-

ture of ferrite and cementite particles, and showed that the nucleation rate of austenite was

reasonably constant. They obtained the incubation periods for the reaction at different temper-

atures by extrapolating the linear relation between the number of nuclei and the holding time

back to zero nuclei. Dirnfeld et al. [24] also reported the change in the number of austenite

particles formed from a mixture of ferrite and cementite particles. Although the nucleation

rate at the very early stage of the reaction seems to be constant at a particular temperature,

it decreases with time when the volume fraction of austenite reaches about 0.2, because of site

saturation.

1.3 GROWTH OF AUSTENITE

1.3.1 Ferrite-Pearlite Mixtures

Speich et al. [26] studied the formation of austenite from a mixture of ferrite and pearlite,

and suggested that its growth could be divided into three stages. In the first stage, immedi-

ately after the nucleation of austenite at the ferrite-pearlite interface, the austenite grows into

pearlite until the latter is completely consumed. The growth rate during this stage is assumed

to be controlled by the rate of carbon diffusion in the austenite behind the advancing interface,
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the diffusion path lying along the pearlite-austenite interface, and the diffusion distance being

related to the inter-lamellar spacing of the pearlite. Because of the short diffusion distance, the

growth rate during this step is expected to be rather high, with wider inter-lamellar spacings

tending to reduce growth rate; wider spacings are also known to lower the nucleation rate of

austenite [1]. When the dissolution of pearlite is complete, the austenite has a relatively high

carbon concentration but is not in equilibrium with the remaining ferrite. Consequently, in the

second stage, the austenite grows into the surrounding ferrite to achieve its equilibrium volume

fraction as specified by the lever rule in the two phase region, at a rather slow growth rate,

which at high temperatures is controlled by carbon diffusion in the austenite. In alloy steels the

growth involves either paraequilibrium or negligible-partitioning-Iocal equilibrium at the inter-

face. At relatively low temperatures, substitutional elements are required thermodynamically

to partition between the phases and growth may then occur under partitioning local equilibrium

conditions. In any event, as the austenite grows into the ferrite, the extent of the diffusion field

involved increases, causing the reaction to exhibit parabolic kinetics. Eventually, the diffusion

fields of different austenite grains may interfere, leading to soft impingement; in this, the final

stage, the growth rate is very slow indeed. The final stage may involve the homogenisation

of substitutional alloying element gradients in the austenite and ferrite, and diffusion of such

elements in austenite is particularly sluggish.

While the scheme described above is on the whole reasonable, Nemoto [27] has demon-

strated, using hot-stage electron microscopy, that as the austenite grows into the colonies of

pearlite, the lamellar of cementite may not dissolve completely at the advancing interface, but

may be engulfed by the austenite to dissolve later, as time permits. The ferritic part of pearlite

can therefore transform to austenite more rapidly when compared with pearlitic cementite.

Cementite dissolution in the austenite after the cementite has been engulfed by the austenite

has also been reported by Roberts and Mehl [1] and Nehrenberg [23].

1.3.2 Ferrite-Spheroidised Cementite Mixtures

When austenite nucleates at ferrite/ferrite grain boundaries in a mixed microstructure of

ferrite and cementite particles, the allotriomorphs of austenite eventually engulf any carbides ly-

ing on the grain boundary [2]. Subsequent growth can occur only by carbon diffusion within the

austenite envelope, from the position of the dissolving carbide to the advancing ferrite-austenite

boundary [2,4,7]. The rate of dissolution of cementite particles during reaustenitisation has been

investigated [7,28]. Judd and Paxton [7] assumed local equilibrium at all the interfaces, and

calculated the volume fraction of austenite during isothermal reaustenitisation using experi-

mentally determined incubation periods and a constant nucleation rate for the formation of

austenite. They also claimed that some of the carbides begin to dissolve in the ferrite during

the incubation period prior to austenite nucleation, thereby raising the carbon concentration

of the ferrite close to the concentration given by the extrapolated met astable phase boundaries

governing the equilibrium between ferrite and cementite. This leads to a reduction in the car-

bon concentration gradient within the ferrite to very low level, so that the flux of carbon from

isolated particles within the ferrite, to any growing austenite must be very small indeed.

Hillert et al. [28] categorised the process of austenite formation from Q' + Fe3C mixtures,

where the cementite is in the form of spherical particles isolated in a matrix of ferrite, into

five distinct regimes (Fig. 1.1). When the distance between particles of cementite is very

large (as in low carbon steels), the dissolution of each particle, after becoming engulfed by

austenite, will be controlled by the diffusion of carbon in the austenite shell (type 1). For more
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realistic carbon concentrations, the distance between adjacent particles is not large enough

to neglect any flux arising from carbon transport through the ferrite matrix from isolated

cementite particles to austenite particles (type 2). This situation must become more prevalent

when the nucleation rate of austenite is low. At sufficiently high carbon contents, an austenite

grain containing an undissolved cementite particle may come into contact with neighbouring

cementite particles before the dissolution of the original cementite particle is complete (type

3). If the carbon content is much higher than the critical value at the Ae3 phase boundary, the

austenite continues to grow with the cementite particles inside the shell being partially dissolved,

and the dissolution continuing at some distance behind the austenite/ferrite interface, (type

4). At very high supersaturations, the formation of austenite can virtually reach completion

without the dissolution of the cementite particles, with subsequent slow cementite dissolution

occurring after the transformation of all the ferrite, (type 5). Hillert accounted for the effect

of substitutional alloying elements on the carbon flux through the austenite shell and ferrite

matrix assuming the local equilibrium at all the phase interfaces and linear gradients of chemical

composition in the two phases, and obtained a good agreement with the experimental data.

1.3.3 Bainitic Ferrite-Austenite Mixtures

When an iron-carbon alloy is heated to a temperature within the 0' + 'Y phase field until

equilibrium is established between allotriomorphic ferrite and austenite, a small rise or fall in

temperature leads to the growth or dissolution respectively, of the austenite until the volume

fractions once again satisfy the lever rule [29]. The transformation of austenite into allotriomor-

phic ferrite is in this sense reversible, and exhibits little or no hysteresis. On the other hand, for

martensite in steels, there is a large difference between the Ms and the austenite-start temper-

ature (Ts) recorded during heating. This is because the martensite tempers (or autotempers)

and because its formation does some work in the form of irreversible plastic deformation. It is

in this context that the results of reaustenitisation experiments on bainite can be interpreted.

If carbides precipitate from the austenite during the bainite reaction then a considerable

hysteresis is expected during reverse transformation which would require the renucleation of

austenite. On the other hand, a large hysteresis effect is not expected if reverse transformation

begins from an equilibrium mixture of just bainitic ferrite and austenite. Of course, if the

bainite forms by diffusionless transformation and the excess carbon is rejected into the residual

austenite subsequent to transformation, then the reaction would cease before an equilibrium

mixture of ferrite and austenite is reached, so that an increase in temperature would not lead

to an immediate reversal of transformation.

Recently, Yang [16), and Yang and Bhadeshia [30,31] have investigated the growth of

austenite in bainite or acicular ferrite microstructures. t The reaustenitisation experiments

involved the heating of mixtures of either bainitic ferrite and austenite or acicular ferrite and

austenite, obtained by isothermal transformation below the Bs temperature. The starting mi-

crostructures thus already contained austenite, which grew during the reaustenitisation process.

The problem can be studied best in steels which transform to bainite without any precip-

itation of carbides. In these circumstances, the microstructure obtained by isothermal trans-

t Acicular ferrite is similar in transformation mechanism to bainite, but because the plates of acicular ferrite

nucleate intragranularly on inclusions, the detailed morphology differs. Bainite sheaves consist of parallel platelets of

bainitic ferrite, whereas clusters of acicular ferrite consist essentially of platelets radiating outwards from the "point"

nucleation sites.
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formation below Bs is a mixture of bainitic ferrite and carbon-enriched residual austenite. To

study the reverse transformation, the mixture can be heated to an isothermal reaustenitisation

temperature, so that the nucleation of austenite is unnecessary. Experiments like these have

shown that the reaustenitisation occurs by a diffusional process, and have established clearly

that there is indeed a large difference between the Bsand Ts temperatures. This is in spite of

the fact the starting microstructure exists in a metastable Q' + I phase field. Furthermore, the

Ts temperature is found to correspond approximately to the Ae3 temperature of the residual

austenite. The degree of reaustenitisation increases from zero at the Ts temperature, to 100% at

the austenite-finish or TF temperature, which is the Ae3 temperature of the alloy as a whole. It

should be emphasised that if bainite was simply the product of equilibrium or paraequilibrium

transformation like allotriomorphic ferrite, a rise in temperature above the isothermal bainite

transformation temperature should lead to a reversal of reaction with little hysteresis.

The observed reaustenitisation behaviour can be understood on the basis of the follow-

ing model [30,31]. In steels where carbide precipitation from austenite is relatively sluggish,

the formation of bainite ceases prematurely during isothermal transformation as the residual

austenite carbon concentration approaches the T~ curve on the phase diagram. The stage at

which reaction stops is when the carbon content of the residual austenite reaches the T~ curve

of the phase diagram (Fig. 1.2). It follows that the carbon concentration xi of the austenite
when the formation of acicular ferrite ceases at Tb' is given by:

(1.1)

as indicated by the point a Fig. 1.2. Furthermore, we note that:

(1.2)

where x Ae3 {T;} is marked b in Fig. 1.2.

Thus, although the formation of bainite ceases at Ti, because the carbon content of austen-

ite is far less than the equilibrium concentration (i. e. xi « x Ae3 {Td), the driving force for

austenite to transform reconstructively to ferrite is still negative.

This remains the case until the temperature T is high enough (i. e. T = Ts) to satisfy the

equation:

(1.3)

Hence, reaustenitisation will first occur at a temperature Ts, as indicated by the point c

III Fig. 1.2, and as observed experimentally. This is a consequence of the mechanism of the

bainite reaction, which does not allow the transformation to reach completion. If this were not

the case, then the lever rule demands that the temperature need only be raised infinitesimally

above Tb in order for the reverse Q' -+ I transformation to be thermodynamically possible.

The theory predicts that at any temperature Ty greater than Ts, the Q'b -+ I transformation

should cease as soon as the residual austenite carbon concentration (initially xT,{Tb}) reaches
o

the Ae3 curve, with

xl = X Ae3 {T')'}

The equilibrium volume fraction of austenite at the temperature T')', is then given by:
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(1.5)

assuming that the carbon concentration of ferrite is negligible and that x Ae3 {T-y} > Xl' When

x Ae3 {T-y} = xl' the alloy eventually becomes fully austenitic (point cl, Fig. 1.2), and if this

condition is satisfied at T-y = TF, then for all T-y > TF, the alloy transforms completely to

austenite.

This model explains why the degree of O'b -+ I transformation increases from approximately

zero at Ts (the Ae3 temperature of the residual austenite) to 100% at TF (the Ae3 temperature

of the alloy as a whole). The behaviour is a direct reflection of the fact that the composition

of the residual austenite after the bainite reaction has ceased is far below equilibrium. This

in turn provides further support for the incomplete reaction phenomenon and its implication

that the growth of bainite is diffusionless. Finally, it should be noted that the model discussed

above assumes that the carbon concentrations of both phases is uniform at all stages.

1.3.3.1 Kinetic theory: One-dimensional growth from a mixture of austenite and bainitic ferrite

When reaustenitisation is from a starting mixture of bainitic ferrite and austenite, the

transformation kinetics are relatively easy to interpret since austenite nucleation need not be

considered.

Since both bainite and acicular ferrite are in the form of thin plates, the movement of

the planar austenite/ferrite interfaces can, during the early stages of reverse transformation,

be modelled in terms of one-dimensional growth. For simplicity, it is assumed that growth is

diffusion-controlled. All the redistribution of carbon must occur within the austenite during its

growth, since the amount of carbon in the ferrite is negligible. Microanalysis experiments have

demonstrated that the reaustenitisation process involves the reconstructive growth of austenite

in the alloys studied by Yang and Bhadeshia [30,31], with substitutional elements partitioning

between the austenite and ferrite [30,31]. The extent of substitutional solute partitioning is

known to decrease with an increase in driving force (which in turn increases with T-y). The

microanalysis experiments reported were not of sufficient spatial resolution to identify the com-

positions at the transformation interface, but it is likely that local equilibrium exists at the

interface for low T-y with a tendency towards zero bulk partitioning, (i. e. negligible-partitioning

local equilibrium or paraequilibrium [32-40], as T-y increases to beyond the Ae3 temperature

of the alloy. This makes a full analysis impossible since it is not yet possible to determine

theoretically, which of these infinite possibilities, between the limits of local equilibrium and

paraequilibrium, the system chooses to adopt as a function of temperature. In other words, the

compositions of the phases at the interface cannot as yet be deduced theoretically.

If local equilibrium is achieved at least approximately at the transformation interface, then

the growth rate calculated assuming carbon diffusion-controlled motion of the I/O' interface,

using the equilibrium carbon concentrations may give a good guide to the factors influencing the

kinetics of transformation. This amounts to assuming that the effect of substitutional solute

gradients in influencing the flux of carbon is zero [36]. There is a further implicit assumption

that the tie-line (of the equilibrium phase diagram) which determines the interface cornpositions

passes through the bulk composition of the alloy. This is unlikely in substitutionally alloyed

steels [35,39], but may be a good approximation since the alloys considered here are dilute.

Finally, any effects due to soft impingement (overlap of diffusion fields) were not taken into

account, since it is only the early stages of transformation that are considered in the present

study. Hence, the austenite and ferrite are both in effect assumed to be semi-infinite in extent.
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One-dimensional diffusion-controlled growth involves the parabolic thickening of layers of

austenite. The increase in the half-thickness of austenite can therefore be described as (see for

example, [40,41]):

q = 0'1 tl/2

dq = O.Sa
l
t-l/2dt

(1.6)

(1.7)

(1.8)

where q is the increase in the half-thickness of the austenite layer, of starting thickness a, and

0'1 is the one-dimensional parabolic thickening rate constant.

The geometry assumed for the thickening of austenite layers is based on the plate shape

of bainite or acicular ferrite. If c is the largest dimension of a bainitic ferrite plate, idealised as

a rectangular parallelepiped with sides of length a, band c, with c = b ~ a, then when both of

the sides of a ferrite plate are penetrated by the growing austenite, the total area of the, / a

interface which advances into the plate of ferrite is 2c2• This reduces the thickness of the plate

by tlam/2 from either side. If the minimum detectable change in volume fraction is tlV1" then

it follows that:
t::..a",,/2

tl V1' = 2nc2 J dq

o

where n is the initial number of particles of austenite per unit volume, and tlam is the minimum

detectable thickness increase.

On combining equations 1.7 and 1.8, we get:

T

tl V1' = 2nc2 J O.Sal e
l
/
2
dt

o

where T is the time taken for the minimum detectable transformation.

After integration, this becomes:

so that

(
tlV )2

T- l'

- 20'1nc2

However,
2 -

2nc = Sv = 2/L

so that

(1.9)

(1.10)

(1.11)

(1.12)
T_(tlV1')2

alSV

where Sv is surface area of ,/ a boundary per unit volume, and 1/L is the number of intercepts
of ,/0' boundary per unit length of test line [42]. It is clear from equation 1.12, that the value

of T is dependent on not only the parabolic rate constant 0'1 but also the surface area of ,/0'
interface per unit volume Sv for a specific amount of reaustenitisation.

For the same starting microstructure and a specific amount of transformation, T decreases

rapidly as the isothermal reaustenitisation temperature increases due to the increase in al'

Equation 1.12 also indicates that the morphology of the starting microstructure will effect T,

because Sv must depend on the detailed nature of the initial microstructure. This explains the
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different rates at which the O'b + 'Y and O'a + 'Y reaustenitise; the distribution of plates in an

acicular ferrite microstructure is such that Sv is smaller than that of a bainitic microstructure,

so that it reaustenitises at a slower rate. The analysis shows that for a specified amount of

reaustenitisation, and a fixed initial microstructure,

(1.13)

1.3.3.2 Estimation of the Parabolic Thickening Rate Constant

The parabolic rate constant 0'1 can be deduced by analogy with already existing theory

for the 'Y ---+ 0' transformation [40,43,44]. Fig. 1.3 shows the carbon concentration profiles in 0'

and 'Y before reaustenitisation and during austenite growth; the austenite must become more

dilute in carbon as it grows, the rate of interface motion being determined by the diffusion of

carbon in the austenite behind the interface. In Fig. 1.3, the xl is the carbon concentration

in the austenite before the start of reaustenitisation; it is given by xl = xT'; for Tb = 4600 C,
o

xT' = 0.01235 mole fraction of carbon (Fig. 1.3). In Fig. 1.3, the carbon concentration of 'Y at
o

'Y/0' interface during reaustenitisation is xf:>t, and the carbon concentration of'Y far away from

the interface remains xl. It is assumed that the carbon concentration of 0' remains the same,

x~'Y, before and during reaustenitisation. The coordinate z is defined normal to 'Y / 0' interface.

During reaustenitisation the flux of carbon in the austenite, towards the 'Y /0' interface, at

the position of interface can be expressed as:

J = _D{x'Ya} (8xI)
1 8z

(1.14)

where the use of braces implies a functional relationship, i. e. D{ x la} implies that the function

D is evaluated at the concentration xla. The diffusion coefficient of carbon in austenite,

D, is known to be strongly concentration dependent [45-49]. We assume that a weighted

average diffusivity, D, can adequately represent the effective diffusivity of carbon [50] in the

concentration gradient; it is given by:

X "''I
I

D = J Ddx1/(X~'Y - xi)
-'I
XI

The rate at which carbon concentration of austenite is diluted can then be written as:

(1.15)

(1.16)

where v is the velocity of interface.

Given that the position z* of the interface along the coordinate z is defined by the equation:

z* - 0' t1/2- 1 ,

it follows that:

(1.17)

Combining equations 1.16 and 1.17, the rate at which carbon concentration of'Y is diluted can

be expressed as:

(1.18)
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Conservation of mass at the interface requires that (i.e., combining equations 1.14 and 1.18):

(1.19)

The concentration gradient axIlaz* in equation 1.19 is evaluated at the position of the interface,

i. e. at z = z*. Equation 1.19 simply states that the rate of dilution of the austenite, per unit

of time, equals the carbon flux towards the I/O' interface. From Fick's laws, the differential

equation for the matrix is given by:

ax 'Y
__ 1 _

at (1.20)

subject to the boundary condition xi = xil> at z = z{ t}, and xi = xi at t = 0, and equation

1.19. It can be solved [40,43,44,51] to give an implicit relation for 0'1 as a solution of the form:

(1.21)

(1.22)

where

H{D} = (O.~~)0.50'1 [erfc{ O;o~;}]exp{ :L}
Finally the parabolic rate constant 0'1 can be calculated using equations 1.21 and 1.22 with

the diffusivity calculated following Bhadeshia [49].

1.3.3.3 The Relation between the Parabolic Rate Constant and TTT Curves

Consistent with the theory discussed earlier, Fig. 1.4 and Fig. 1.5 [18] show that log{ T} is

found experimentally to be proportional to log{ 0'12}, the linear correlations in all cases being

extremely good. It is, however, noted that the slope, which is expected to be the unity from

the theory discussed earlier [40,41], appears not to be equal to unity.

1.3.4 Reaustenitisation from Cementite and Bainitic Ferrite

The earliest reported work on reaustenitisation from bainite containing cementite seems

to be that of Nehrenberg [23]; the morphology of austenite which grew from high-temperature

transformation products, such as pearlite, was found to be more or less equiaxed in shape.

On the other hand, the austenite particles formed by the transformation of martensite or

bainite, was found to assume an "acicular" morphology. The acicular morphology seemed to

be generated by the growth of austenite between bainite or martensite platelets (i. e. along

plate boundaries). By contrast, later work on the reaustenitisation of a Fe-1V-0.2 wt.% carbon

steel found that with martensite and bainite as the starting microstructure, the austenite forms

predominantly at the prior austenite grain boundaries [10]. This latter study also indicated

that the nucleation rate of austenite tends to increase in the order of martensite, bainite and

allotriomorphic ferrite as the starting microstructures.

Whether the austenite grows in an equiaxed or an acicular morophology is of practical

importance, not because of the detailed difference in morphology, but because in the latter

case, the steel exhibits a memory effect in which the original austenite grain structure is re-

generated (both with respect to shape and crystallography) when the reaustenitisation process

is completed [52,53]. When the memory effect operates, the austenite grain structure cannot
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be refined by repeated cycling into the austenite phase field followed by transformation. This

can be a disadvantage in many commercial applications. The creep ductility of bainitic and

martensitic steels of the type used in the power generation industry is improved by grain re-

finement [53]. t The memory effect prevents the achievement of a fine austenite grain structure

even when the austenitising temperature used is relatively low.

The memory effect has been shown to be a direct consequence of the existence of retained

austenite in the starting bainitic or martensitic microstructure [53]. The reaustenitisation

heat treatment causes the films of austenite to grow, and those originating from the same prior

austenite grain then coalesce to regenerate the prior austenite grain structure (Fig. 1.6). In these

circumstances, the reaustenitisation process does not require the nucleation of new austenite

grains, although if the superheating is large enough, then the nucleation of new grains may

follow in addition to the growth of the retained austenite.

The memory effect vanishes if the bainitic microstructure is annealed at a sufficiently high

temperature to remove the retained austenite, and then reheated into the austenite phase field

(Fig. 1.6). Furthermore, the austenite then grows with a more or less equiaxed morphology.

The austenite may also decompose during heating to the reaustenitisation temperature, so that

slow heating from ambient temperature also destroys the memory effect. Very rapid heating to

the reaustenitisation temperature can reduce the memory effect by inducing the nucleation of

new austenite grains [53].

It is interesting to note that the memory effect does not exist when the starting microstruc-

ture is allotriomorphic ferrite [53]. This is probably because the ferrite allotriomorphs usually

grow into both the adjacent austenite grains, thereby destroying the prior austenite grain struc-

ture. With martensite and bainite, the plate growth is entirely restricted to the grain in which

they nucleate, so that there exist sharp discontinuities in crystallographic orientation at the

position of the prior austenite grain boundaries. Indeed, it is for this reason that the prior

austenite grain boundaries are good sites for the nucleation of new grains of austenite when the

initial microstructure is bainitic or martensitic. If the steel contains residual impurities such

as arsenic, phosphorus or tin, which tend to segregate to the prior austenite grain boundaries,

then the memory effect is enhanced [53]' presumably because the segregation reduces the grain

boundary energy, thereby making heterogeneous nucleation less likely.

1.4 OVERALL TRANSFORMATION KINETICS

The overall transformation kinetics can be characterised by TTT (time temperature trans-

formation) curves for different volume fractions of a phase formed by the transformation. Once

TTT curves are obtained, it becomes possible to calculate the evolution of the transforma-

tion during any heat treatment assuming the additivity of the transformation, although this

assumption is not generally correct as discussed later [41].

During decomposition process of austenite in steels, the driving force for the transformation

increases when the reaction temperature is reduced. However, the mobility of atoms decreases

with temperature. Therefore, the well known C-shaped TTT curves are obtained for this process

(Fig. 1.7). In the case of reaustenitisation, on the other hand, both the driving force and the

mobility of atoms increases with the reaction temperature. As the result, the time required for

reverse transformation decreases monotonically with temperature (Fig. 1.7).

t Note that creep in these materials, for typical circumstances, is not controlled by grain boundary diffusion or

sliding.
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The volume fraction of austenite normalised by its equilibrium volume fraction, e, trans-
formed during isothermal holding at a temperature T can be expressed by the Avrami type

equation.

(1.23)

As was pointed out by Christian [41]' a kinetics investigation limited to the establishment of

the value of n in the Avrami equation most appropriate to the assumed growth law, does not

give sufficient information for the growth mechanism to be deduced. Nevertheless, this method

is one of the shortest ways of obtaining information of the overall reaction. For investigating

the overall transformation kinetics of austenite, attempts have been made at fitting the Avrami

equation to extra data [2,24,25]. Speich et al. [2] have made optical microscopic measurements

of the volume fraction of austenite in hypereutectoid steels transformed during isothermal hold-

ing at different reaction temperatures, and obtained a value of three for the power of time n in

the Avrami equation. Rooz et al. [25] have also measured the volume fraction of austenite in

an eutectoid steel, and declared that the slope was four instead of three. They have concluded

from this n value and the optical studies which show that the austenite nuclei appear at the

edges of the pearlite colonies, that reaustenitisation from pearlitic microstructures occurs at a

constant growth rate and the constant nucleation rate without the occurrence of site saturation

throughout the reaction [25]. In the case of the formation of austenite from a mixture of ferrite

and spheroidised cementite particles, Dirnfeld et al. [24] reported that the slope n depends on

the reaction temperature and changes in the vicinity of about 0.05 and 0.4 of volume fractions

transformed. Although all these experiments seem to be valid for the particular system consid-

ered, they cannot directly be applied to other systems having different initial conditions and

chemical compositions.

The constant kA in equation (1.23) was studied in a special case where site saturation

occurs [24]. The value kA calculated for the grain boundary, edge and corner nucleations using

the observed grain diameter and growth rate of austenite. The observed kA value at 40% of

transformation is almost constant which is close to the values of the grain boundary nucleation

at a low temperature (i.e. 760°C), the edge nucleation at medium temperatures (i.e. 780°C

and 800°C) and the corner nucleation at a high temperature (i.e. 820°C).

There have been several attempts to predict the formation of austenite theoretically [7,28,

54,55]. They all assume the existence of the local equilibrium at the interface between austenite

and ferrite matrix. The calculations solve the diffusion equation either analytically or numer-

ically. All of them, therefore, dealt with the growth rate of austenite into a ferrite matrix

controlled either by the diffusion of carbon in austenite and/or ferrite or by the diffusion of

both carbon and the substitutional alloying element in austenite and/or ferrite. Although they

managed to calculate the growth rate of austenite in each case, it was necessary to assume or

neglect the nucleation rate of austenite since there was no theory available. In the case of the

formation of austenite from a mixture of ferrite and austenite, since the nucleation of austenite

is essentially unnecessary, the calculation of the growth rate of austenite can be converted to

the evolution of the reaction directly.

1.5 ANISOTHERMAL TRANSFORMATION

In a real heat treatment which involves reaustenitisation, the transformation does not take

place isothermally but in a non-isothermal manner. As it is widely used for the calculation of the

transformation process in a non-isothermal process from isothermal data such as a TTT curve,
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the additivity of the transformation is usually assumed for the calculation of reaustenitisation

during a non-isothermal heat treatment. However, as discussed by Christian [41]' the additivity

of the reaction is valid only when the reaction is isokinetic [56], in which the fraction transformed

at a fixed temperature is dependent only on the time and on a single function of the temperature.

In general, the reaction is not isokinetic because of the different temperature dependence of the

growth rate and nucleation rate of the transforming phase. However, when the site saturation

of the reaction is maintained at the early stage of the reaction, the reaction will be considered

to be isokinetic and the additivity of the transformation can be used [41].

In the case of the formation of austenite from a mixture of ferrite and austenite, the

nucleation of austenite is not necessary since austenite already exist before the onset of the

reaction. The increase in volume fraction of austenite is then conducted by the growth of pre-

existing austenite, and therefore the reaction can be treated as isokinetic allowing the use of

the additivity of the reaction.

If T{T} is the time taken to produce a fixed amount of transformation, an additive reaction

implies that the total time t to reach a specified stage of the transformation is obtained [41]

from

i
t dtl

o T{T} = 1

where T is now a function of time. The calculation can be done practically by replacing the

non-isothermal integration by the summation of a set of sufficiently small steps of isothermal

reactions.

1.5.1 Continuous Heating Transformation

The behaviour during continuous heating should be related to the isothermal transforma-

tion kinetics. For example, the continuous heating curve could be treated as a series of small

isothermal steps, each occurring at a successively higher temperature, with a time interval t;

associated with each step (where i is the subscript identifying the step number). If the time

necessary to reach a specified increment of transformation is written as T; for the isothermal

transformation at temperature T;, then the simplest approximation is to assume Scheil's rule

[70]. In this, the specified increment of transformation is achieved during continuous heating

when
n

""' t·L~=1.
T·

;=1 '

( 1.24)

An application of this rule to the T values listed in Table 1.1, for the O'a +1" starting microstruc-

t ure, showed that during continuous heating (0.06 QCS-l) of that microstructure, reausteniti-

sation should begin at a temperature of ~ 685 QC. It is however evident from Fig. 1.8 that for

the same heating rate, the as-deposited welds begin to transform to austenite at a much lower

temperature of about 630 QC.

Of course, the incubation time data of Table 1.1 refer to reaustenitisation from an initial

microstructure generated by isothermal transformation to acicular ferrite or bainite at 460 QC.

On the other hand, the primary weld microstructure arises during continuous cooling of the weld

to ambient temperature. The carbon concentration xl of the austenite in the weld may then be

approximated by xT' evaluated at the martensite-start Ms temperature of the alloy concerned.
Q

This is because the weld can be assumed to continue transforming to acicular ferrite until the

Ms temperature is reached. Unfortunately, the composition ofthe residual austenite is expected
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to change as acicular ferrite forms, so that its Ms temperature is not easy to evaluate, especially

if the carbon is inhomogeneously distributed in the austenite [57-59]. Nonetheless, the values of

xT' evaluated at the Ms temperature of the untransformed alloy must provide a lower limit to
o

the carbon concentration of the residual austenite. Since this is larger than the corresponding

value at 4600 C, it is not surprising that the welds begin the reaustenitisation process at lower

temperatures and at faster rates when compared with isothermal reaustenitisation in which the

initial microstructure was generated by transformation at 460 a C.

In fact, the rate at which the reaustenitisation-start temperature Ts is expected to decrease

as the temperature Tb for the isothermal formation of acicular ferrite decreases, is given by

(1.25)

where ST~ and 5Ae3 refer to the slopes of the T~ and Ae3 curves of the phase diagram re-

spectively. For the alloy (Table 1.1), the ratio ST~/SAe3 is found to be 2.36 (Fig. 1.9) for the

carbon concentration range 0 ---+ 0.04 mole fraction on the phase diagram. Since the difference

in Ts {0.06 a Cs} between the samples isothermally transformed at 460 a C and the as-welded

microstructure is 685 - 630 ac, the effective value of Tb for the as-welded microstructure is

estimated to be 436 ac.

1.6 CRYSTALLOGRAPHY

There are few crystallographic studies on partially reaustenitised microstructures when

compared with those on the microstructures obtained by the decomposition of austenite.

The orientation relationship between austenite formed during heating and ferrite matrix

was studied by D'Yachenko and Fedorov [60] in a Fe-0.6C wt.% steel using X-ray diffraction at

high temperatures. They observed a relation (111)1' 11 (110)0 when a quenched specimen was

heated slowly. However there were no general features of the orientation relations when the

specimens were annealed before the heat treatment, or when a higher heating rate was used,

and grain refinement was observed in these cases. A consistent orientation relationship between

austenite and the ferrite matrix has also been reported by other researchers. Fong and Glover

[61] reported orientation relationships between austenite precipitates formed during nit riding

in a Fe-1.93Mn wt.% steel, which were close to a Kurdjumov-Sachs (K-S). This observation was

supported by Matsuda and Okamura [9]' Koo and Thomas [13]' Law and Edmonds [10] and

Lenel and Honeycombe [4].

Matsuda and Okamura [9] showed that the acicular austenite grains formed in a martensitic

initial microstructure nearly all had the same orientation, with a K-S orientation relationship

between the austenite and the ferrite matrix. They concluded from the results that the mecha-

nism of formation of acicular austenite is martensitic. However, it is known that this orientation

relationship can also be obtained even for reconstructive transformation [40]. Hence different

evidence such as surface relief will be required to confirm this conclusion.

Law and Edmonds [10] studied the crystallographic relationship between grain boundary

nucleated austenite grains and adjacent ferrite grains. They found that austenite nodules were

K-S related to the ferrite grains into which they did not grow but not with the ferrite grain

into which they grew. However Lenel and Honeycombe [4] studied the orientation relationships

between austenite and ferrite matrix in the case of the formation of austenite from a mixture

of ferrite and pearlite, showing that the austenite can grow into one or both ferrite grains to
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which the austenite grain was K-S or Nishiyama- Wasserman (N- W) related. Further studies

are necessary to understand the direction of the growth of grain boundary nucleated austenite.

1. 7 APPLICATIONS

There are many examples in which reaustenitisation plays an important role in the evolu-

tion of the ultimate microstructures, and thus the final mechanical properties of products.

1.7.1 Ferrite-Martensite Dual Phase Steels

Ferrite-martensite dual phase steel, which gives good strength-ductility combinations, is

one ofthe major successful applications of heat treatment in the manufacture of steels [62]. Such

steels are now used widely in the automobile industry and contribute to the major reduction in

automobile weight achieved in the past two decades. This has been one of the most desirable

targets in the automobile industry from not only an economical point of view after the oil crisis

but an environmental point of view. There are two different approaches in the production of

dual phase steels [63]. One of them involves a combination of the accelerated cooling and a

slower cooling of austenite at around the ferrite transformation-start temperature, Ar3, after

hot rolling at rather low temperatures. This method provides as-hot-rolled dual phase steels

which are cheaper than those produced after cold rolling followed by intercritical annealing at

temperatures between Ae1 and Ae3. In this latter heat treatment, a certain volume fraction of

austenite, which has been produced by the intercritical annealing, is surrounded by soft ferrite

matrix; the austenite then transforms into martensite during a final quenching process. In both

cases, the amount, hardness and distribution of martensite, and the ferrite grain size determine

the ultimate mechanical properties of the dual phase steels. When a steel is annealed at an

intercritical temperature, the amount, size, distribution and chemical concentration of austenite

particles formed during the annealing are determined by the reaction temperature, holding time

at the temperature and initial microstructure of the steel. In order to obtain the microstructure

including an appropriate amount of austenite with its optimum size and distribution, one needs

to select these conditions carefully.

1.7.2 Steels containing some Retained Austenite

Using a similar process as the production of dual phase steels, Sawai et al. [64] and Mat-

sumura et al. [65,66] reported very high strength steels with an excellent ductility. These steel

were reported to contain less than 25 % retained austenite. In high carbon steels, this phe-

nomenon is known as transformation induced plasticity (TRIP after Zackay [67]). The heat

treatment conducted here was more complicated than that to get the dual phase steel mentioned

earlier. Steels are heated to an intercritical temperature for a short period (e.g. 1.5 min). The

steels are then cooled down to a bainite transformation temperature followed by an isothermal

holding at the temperature for less than 30 min, thus allowing bainite transformation at the

temperature to be completed. The steels quenched after the bainite treatment have microstruc-

tures containing ferrite, bainite, martensite and retained austenite. In order to make austenite

particles stable even at ambient temperature, bainite transformation process was added to the

process for the production of conventional dual phase steels. In this process, not only are the

prediction of the amount, size, distribution and chemical content of austenite particles formed

during the intercritical annealing important, but also the bainite transformation following the

intercritical annealing must be predicted. This low carbon retained austenite steel is expected

to be used for automobiles.
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1.7.3 Welding of Steels

Welding is, as well recognised, a complicated heat treatment of an inhomogeneous material.

The welded part is usually divided into two different regions; the weld deposit, which is the

melted region, and the heat affected zone, which may have been heated to various temperatures

during welding. Especially in multirun welds, the layers deposited initially are reheated by the

deposition of subsequent layers and experience a complicated thermal cycle which results in

several modifications of microstruct ure. The weld deposit and heat affected zone sometimes can

act the weakest part of toughness because of the coarse microstructure developed in these regions

during welding. The fine microstructure which has been achieved by special technique such as a

controlled rolling and an accelerated cooling, can be easily broken during welding. A theoretical

model to predict the microstructure of weld deposits has been developed by Bhadeshia et

al. [40]. However, the heat affected zone can contained regions of complete reaustenitisation,

partially reaustenitisation, recrystallisation and tempering. Therefore the prediction of the

reverse transformation is essential to complete the prediction of the microstructure of the heat

affected zone.

1.7.4 Initial Austenite Grain Size

Obtaining a fine grain microstructure is known to be almost the only way of improving

the toughness and ductility without sacrificing the strength of steels. It is for this purpose that

micro-alloying and controlled-rolling technology have become so prominent in steel manufac-

tures. In addition to this, there is no doubt that the initial austenite grain dimensions can

affect the scale of the final microstructure in steels.

Even in the case of hot working, the larger the initial austenite grain diameter the larger

the scale of final microstructure in those cases where the total reduction in thickness is not

large. It is also useful to note that rapid heating and cooling techniques are used to get

the fine microstructures [68]. After the completion of reverse transformation, austenite grows

by reducing its total grain boundary energy, and the rate of growth depends on the metal's

composition, the temperature and on the initial grain diameter (see for example [69]). Normal

grain growth usually stops long before a metal has become converted into a single crystal and

there is, in practice, a maximum attained grain size. The magnitude of this maximum grain size

usually depends on the composition and the annealing temperature. When there exist dispersed

particles in the specimen, a maximum grain size beyond which grains cannot be expected to

grow is determined by the ratio of the mean radius and volume fraction of the particles (see

for example [69]). Therefore the austenite grain diameter will be determined by the reverse

transformation and the grain growth after the completion of the transformation. In the cases,

where the initial austenite grain diameter can influence the scale of the final microstructure,

not only reverse transformation kinetics bu t also grain growth mechanism after transformation

is important and needs to be investigated.

1.8 TRANSFORMATION FROM AUSTENITE

The main aim of this work is to investigate the formation of austenite from different initial

microstructures as a function of chemical composition and temperature. Since the reausteniti-

sation process is strongly affected by the initial conditions such as microstructure and chemical

distribution, it is essential to understand the transformation from austenite to ferrite.

In this section, the Widmanstatten, bainitic, martensitic transformation and diffusional

formation of ferrite are summarised. The key characteristics of phase transformations in steels
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have been rationalised by Bhadeshia ([70]' Table 1.2). When austenite is rapidly cooled to

a very low temperature, there may not be enough time or atomic mobility to facilitate the

diffusional formation of ferrite. Under the circumstance, Widmanstatten ferrite, bainite or

martensite can form depending on a level of the under-cooling. In contrast, when specimens

are cooled to a relatively high temperature below the Ae3 temperature, the austenite phase can

undergo complete reconstruction into the ferrite phase. Allotriomorphic ferrite, idiomorphic

ferrite and pearlite are considered to be in this category.

1.8.1 Widmanstiitten ferrite formation in steels

Widmanstatten ferrite can form at low under-coolings below the Ae3 temperature where the

driving force for transformation is small, so that the partitioning of carbon during transforma-

tion is thermodynamically necessary. The formation of Widmanstatten ferrite is accompanied

by a change in the shape of the transformed region; the shape change due to a single wedge

of Widmanstatten ferrite consists of two adjacent and opposing invariant-plane strain defor-

mations which allow an elastically accommodated strain energy accompanying plate formation

to be rather small, of the order of 50 Jmol-1 [70]. These invariant-plane strain deformations

imply the existence of an atomic correspondence between parent and product phases as far

as the iron and substitutional solute atoms are concerned, although carbon atoms can diffuse

during the growth. When Widmanstatten ferrite nucleates from grain boundary allotriomorphs

of ferrite, it is called a "Widmanstatten ferrite side-plate" but when it nucleates directly from

austenite grains, it is referred to as a "Widmanstatten ferrite primary side-plate". The growth

rate of Widmanstatten ferrite has been reported to be in a good agreement with the calculated

edgewise growth of a plate or a needle. The growth of Widmanstatten ferrite is controlled by

the carbon diffusion in the matrix ahead of the moving interface.

1.8.2 Bainite transformation in steels

The bainite transformation has been summarised recently by Christian et al. [71] and

Bhadeshia [70]. Bainite forms from austenite in steels in a temperature between that in which

pearlite is produced and the martensitic transformation. Although the pearlitic and bainitic

transformation temperature ranges overlap each other in low alloy steels, and this makes the

interpretation of microstructure and kinetics difficult, two separate C-curves can be detected in

medium alloy steels in the isothermal time-temperature-transformation (TTT) diagrams. The

upper C-curve represents the time taken for the initiation of diffusional transformations whereas

the lower C-curve for the initiation of the Widmanstatten ferrite or bainite transformation which

are considered to be conducted by a shear mechanism rather then a diffusional mechanism.

The lower C-curve usually exhibits the flat top corresponding to the bainite-start tem-

perature B s' and this relates to the nature of bainite transformation in steels. The bainite

transformation exhibits the classical kinetics of nucleation and growth, but ceases well before

the completion of the decomposition of residual austenite has occurred. The volume fraction

of bainite isothermally transformed is a function of the reaction temperature, and increases

with decreasing reaction temperature. The point which corresponds to 0% transformation can

define the Bs temperature. The termination of bainite transformation occurs when the carbon

content of residual austenite reaches the value where ferrite, whose free energy is raised by a

stored energy term associated with the strain of the transformation, and austenite of identical

composition have the same free energy [70]; this is called the incomplete reaction phenomenon.

Unlike the prod ucts of diffusional transformation, a platelet in a sheaf grows to a limiting
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size which is typically about 10 p,m long with a thickness of about 0.2 p,m. The bainite trans-

formation causes a change in the shape [70] of the transformed region, which is known to be an

invariant-plane strain. In the invariant-plane strain shape change, an atomic correspondence

between the parent and product phases exists at least for the iron and substitutional alloying

elements. As a consequence of the shape deformation, which is identical for each platelet within

a sheaf, bainitic ferrite has a stored energy of about 400 Jmol-1 [72]. The platelets within a

sheaf have a small spread of orientations so that where they impinge on one another only "low

angle" boundaries are formed. At relatively high temperatures where bainite forms, any excess

carbon in ferrite can rapidly partition into the residual austenite since the diffusivity of carbon

at the temperatures is high when it is compared to the rate of carbide precipitation from a

supersaturated ferrite. At lower temperatures, on the other hand, the carbide precipitation

can occur prior to the partitioning of carbon atoms from the supersaturated ferrite into the

surrounding untransformed austenite,

Bainite is usually classified into upper bainite and lower bainite. The difference of these

phases is the existence of cementite particles within the ferrite matrix in the case of lower

bainite but not in the case of upper bainite. Both upper and lower bainite tend to form as

aggregates (sheaves) of small lenticular platelets of ferrite separated by regions of austenite,

martensite and/or cementite, When the time to decarburise the ferrite is small relative to the

time required to relieve the carbon supersaturation by the precipitation of carbides within the

ferrite, then upper bainite is obtained; otherwise, lower bainite forms [73].

The orientation relationship between bainitic ferrite and austenite is close to either the

Kurdjumov-Sachs or the Nishiyama- Wassermann orientation relationships. Though the relative

orientations of the cementite and austenite is not known, the ferrite and cementite are relatively

oriented in a variant of the Bagaryatskii relationship commonly observed for the precipitation

of cementite in tempered martensite or quench-aged ferrite [74].

1.8.3 Ma7'tensitic transformation in steels

Martensitic transformation has been studied initially because of its technological impor-

tance in the hardening of steels and recently because of its special characteristic of shape

memory. Martensitic transformations have recently been summarised by Nishiyama [75,76].

The martensite transformation is a phase transformation that occurs by the cooperative atomic

movements without any diffusion of atoms. The time taken to form a martensite crystal in

steels is in some cases said to be of the order of 10-7 sec. A necessary condition for the oc-

currence of martensitic transformation is that the free energy of martensite be lower than that

of austenite [76]. Moreover, since additional energy, such as that due to surface energy and

transformation strain energy, is necessary for the transformation to take place, the difference

between the free energies of austenite and martensite must exceed the required additional en-

ergy. Therefore the austenite to martensite transformation cannot occur until the specimen is

cooled to a particular temperature below the value where the free energy difference between

austenite and martensite is zero. This temperature is called martensite-start temperature Ms,

and varies with the chemical composition of steels.

It is well known that martensite crystals produced in an austenite crystal have definite

crystallographic relations to those of the untransformed part of the austenite crystal, which are

designated the Kurdjumov-Sachs or Nishiyama- Wassarmann orientation relationships.
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1.8.4 Reconstructive formation of ferrite in steels

The reconstructive transformation of austenite to ferrite in steels has been summarised by

Bhadeshia [77]. When transformation is controlled totally by diffusion in the matrix ahead of

the interface, a reasonable approximation for the growth of ferrite is that the compositions of

the phases in contact at the interface are in equilibrium; this is referred to as local equilibrium

at the interface. The diffusional formation of ferrite in Fe-X-C (X indicates a substitutional

alloying element) alloys can be governed by a variety of possible growth modes [77], because of

the large difference in the diffusivities of carbon and substitutional atoms in austenite.

At a low supersaturation, considerable partitioning and long-range diffusion of substitu-

tional alloying elements can occur, so that the driving force for carbon diffusion will be reduced

to a level which allows the substitutional element flux to keep pace with the carbon flux at the

interface. This state is called the partitioning under local equilibrium (or PLE) [39]. However

at higher supersaturations, the partitioning of substitutional atoms can be negligible, so that

it causes a very large gradient of the substitutional element at the interface, which increases

the driving force for X diffusion in austenite and allows the flux of X to keep up with the long

range diffusion of carbon in austenite. In this situation, the diffusion of substitutional atoms

is limited to an extremely short range. This state is referred to as the negligible partitioning

under local equilibrium (or NPLE) [39]. In contrast to the two equilibrium states where the

local equilibrium exists at the interfaces and both carbon and substitutional element diffuse

during transformation, there exists a state where the local equilibrium cannot be satisfied at

the interfaces because of the rapid reaction. In this case, at very high supersaturations, the

diffusion of substitutional atoms can be completely negligible and the two adjoining phases

have identical X/Fe atom ratio, even though carbon atoms diffuse during the reaction keeping

the chemical potential identical in both the phases at the interface. Therefore, the rate of the

reaction is controlled by the diffusion of carbon in the austenite. This state is designated as

paraequilibrium [32].

1.9 PREDICTION OF MICROSTRUCTURE IN STEELS

Theories of phase transformations can be effectively used in the prediction of the mI-

crostructure of steels. In turn, these could be applied to the design of new alloys or new

processes. Although all of the kinetics of phase transformations in steels have not yet been es-

tablished, even partial knowledge of the phase transformations can be applied to this purpose.

1.9.1 Microstructure prediction in welding

Welding is a process where an extended range of temperature is experienced by a material

used in the process. Therefore there are various different reactions happen during welding such

as reaustenitisation, melting, solidification, delta ferrite to austenite transformation, formation

of ferrite from austenite and dissolution and formation of various kinds of precipitations. In

addition to this, a repeated heat input in a multi-run welding makes the problem more compli-

cated. The phases formed in a deposition during cooling may be heated again by the subsequent

deposition on it, which may make the position experience additional phase transformations and

leads to a completely different microstructure from the beginning.

Bhadeshia and his coworkers [40] have reported a model to predict the microstructure of

a weld deposit from the alloy chemistry and thermal history of the deposition.

The model consists of the TTT curve prediction and the kinetics calculation of phase trans-

formations from austenite. They assumed the initial austenite microstructure as a columnar
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which is usually observed in solidification. The growth offerrite allotriomorph at austenite grain

boundaries is calculated by first evaluating the one-dimensional parabolic thickening controlled

by carbon diffusion in austenite. The paraequilibrium is assumed in the calculation. When the

temperature reaches the Ws temperature, which can be calculated from the alloy chemistry, the

formation of Widmanstatten ferrite takes place. Since Widmanstatten ferrite can grow through

the whole grain, hard impingement, which is an impingement by a structural contact of two

adjacent growing phases, is expected to occur. They took into account of the effect and added

the formation of acicular ferrite, which is well known as a phase which improves the toughness

of the weld, within the austenite grains. Since the model is based on thermodynamics, they

managed to take into account the effect of alloy additions on the microstructural development

during the heat cycle such as Si, Mn, Ni, Mo, Cr, V. Although the TTT calculation model

does not deal with the effect of the initial dimension of austenite grains, the subject has been

recently tackled by Reed and Bhadeshia [78] with a model for predicting heat cycles which is

experienced by any part of a weld during multirun welding from welding conditions and the

weld geometry.

1.9.2 Microstructure prediction of hot worked steels

Computer control systems has been widely used in hot working processes mainly to control

the sizes and shapes of products. However, there has been a growing demand for numerical

models which make it possible to predict mechanical properties of hot worked steels via the

prediction of microstructural development during and after hot working. This sort of model

is desired not only from the industrial point of view but also from its fertile theoretical inter-

est. Once a model is obtained, it could be used and contribute to a remarkable reduction in

the amount of mechanical testing carried out to guarantee the properties of products, to an

extension of the possibility of producing various levels of mechanical properties out of a steel

using a wide range of prod uction conditions which may lead a new concept of an alloy design

in industries, and to a decrease in time on research and development by providing a flexible

simulation model on computers.

When one intends to predict a microstructural development of hot worked steels, one may

consider the effect of hot working; in other words the effect of defects introduced by the hot

working, on phase transformations which occur on cooling after the hot working and determine

the ultimate microstructure in the products. Especially when it is essential to obtain a very

fine grain structure in the final stage of the production in order to maintain a high toughness

or ductility without tolerating its strength, a combination of hot working at relatively low

temperatures of austenite single phase region, and rapid cooling after the hot working has

been commonly used; this is referred as the controlled rolling technique. In this case, the

transformation occurs from work-hardened austenite which is very different from that from

undeformed austenite in terms of the overall reaction rate.

A phenomenological study on microstructural development of austenite associated with

hot working led to the construction of an empirical model which deals with recrystallisation,

recovery and grain growth processes of austenite (for example [79]). Sellars [79] collated the

knowledge on recrystallisation and grain growth of austenite and proposed an empirical model

which can calculate dynamically the development of austenitic microstructure during and after

hot working. The change in the austenitic microstructure during and after hot working in

a austenite single phase region consists of two phenomenologically different recrystallisation

processes as well as the grain growth and recovery.
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Recrystallisation which occurs during hot working is called the dynamic recrystallisation.

The minimum required strain for the onset of the dynamic recrystallisation is a function of

strain rate, temperature, initial austenite grain size and alloy chemistry. The larger the initial

grain size, the lower the hot working temperature and the larger the strain rate of the working,

the larger is the strain required for the onset of the dynamic recrystallisation. In addition to

this, the minimum required strain for the onset of the dynamic recrystallisation is increased

by additions of alloying elements such as niobium and titanium. The average grain diameter

of recrystallised grains relates only on the strain rate and reaction temperature but not on the

strain nor on the initial austenite grain diameter.

When a hot worked steel which has not recrystallised dynamically, is held at a high tem-

perature after the hot working, the static recrystallisation may take place. In this case, the

minimum required strain for the onset of the static recrystallisation is dependent on the initial

austenite grain size, reaction temperature and alloying compositions but not on the strain rate.

The average grain diameter of statically recrysatallised grains is determined only by the initial

austenite grain diameter and strain but not by the reaction temperature nor the strain rate.

Therefore static recrystallisation is believed to play an important role in the case of high

speed hot workings such as continuous hot rolling processes whereas the dynamic recrystallisa-

tion in low speed hot workings such as thick plate hot rolling processes.

Dynamic recovery occurs on hot working and determines the final dislocation density at

the end of the hot working. The higher the strain rate and the lower the reaction temperature,

the higher the dislocation density. The static recovery, on the other hand, occurs after the hot

working by a diffusion of atoms.

Considering all of these factors as well as the grain growth of austenite, one can predict the

microstructure of austenite before the onset of phase transformations during cooling after hot

working as a function of hot working conditions such as temperature, time, strain and strain

rate, and chemical compositions of steels. An example of the calculation flow chart can be seen

in Fig. 1.10.

When hot working is carried out at a temperature at which work-hardened austenite can

recrystallise in a short period, the initial austenite microstructure of phase transformations

during the following cooling process does not differ significantly from that of the reheated

austenite despite the fact that the average grain diameter of austenite is finer in the former

case than in the later case. In the case, therefore, phase transformation could be considered

independently from the hot working except the effect of the initial austenite grain diameter,

which can be taken into account as the difference in the nucleation site density. However, when

a hot working is conducted at lower temperatures, partially recrystallised or unrecrystallised

austenite microstructures is expected to dominate the microstructure before the temperature

of the steel reaches the point at which the formation of ferrite can occur. It has been well

established that finer microstructure can be obtained in the case than the cases with hot working

at higher temperatures. Because the controlled rolling technique has been very important from

industrial point of view, the effect of hot working at lower temperatures on phase transformation

has been studied although most of this work is empirical.

Umemoto et al. [80] studied the formation of pearlite from work-hardened austenite and

managed to model the effect of hot working on the pearlite formation. The effect of hot working

consists of three factors when a steel was hot worked at a temperature where no recrystallisation

was observed, which are; 1) an increase in the austenite grain surface area per unit volume due
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to an elongation of austenite grains, 2) an increase in the nucleation rate per unit area of

austenite grain surface, and 3) an formation of additional nucleation sites such as deformation

bands and deformed twin boundaries. They considered the effect of the elongation of austenite

grains from geometrical calculation; i. e. a spherical austenite grain becomes an ellipsoid after

rolling. The effect of the increase in the nucleation rate per unit area and the increase in the

additional nucleation sites (deformation bands) were assumed to be proportional, respectively,

to the true strain and a square of the true strain based on previous experimental results [81,82].

Using experimentally obtained constants for these factors, they compared the effect of the three

factors mentioned above on the acceleration of the formation of pearlite. When the austenite

grain diameter is relatively small (less than 100 JLm ), the acceleration of the formation of

pearlite is mainly due to the increase in the nucleation rate per unit area of austenite grain

surface. When the initial austenite grain diameter is larger, on the other hand, the formation

of additional nucleation site rather than austenite grain surface becomes dominant [81,82].

Numerical models which deal with the hot working and cooling process have been reported

independently [83,84,85]. They adopted the Avrami type expressions for the kinetics ofthe for-

mation of ferri te, pearlite and bainite, and independently obtained coefficients in the expression

by a least square fitting to the experimental data. Once one can calculate the microstructure

such as volume fraction, strength and diameter of each phases, mechanical properties can then

be predictable through an empirical relations between microstructure and the mechanical prop-

erties. The relationship between microstructure and mechanical properties in multi-phase steels

are, however, less understood. Even for a dual phase structure, a full stress-strain curve (S-S

curve) is not reproducible from S-S curves of each phases. Empirically observed relations which

have been checked to have good correlations to experiment have a form as follows.

(1.26)

where Y is a mechanical property and Vi, Hi and di are respectively volume fraction, hardness

and diameter of i-th phase. It is rather well known that the strength of a ferritic steel can be

expressed by the form, namely;

(1.27)

where u is either tensile or yield strength, da average ferrite grain diameter, and uO' a
i
and b

are constants to be determined from experiments.

Esaka et al. [83] have extended the idea to ductilities of steels without any justification,

and succeeded in expressing the mechanical properties of hot worked steels with various kind of

microstructure including ferrite, acicular ferrite, pearlite, bainite and martensite from chemical

content of the steel, hot working conditions and cooling conditions.

Although all of the models are not physically based, it must be emphasised that the

accumulated knowledge of recrystallisation and phase transformation in steels is now at a stage

of being applied to predict the ultimate microstructure obtained by heat treatment and thermo-

mechanical treatment. The work has not, however, been extended to processes including reverse

transformation which may become important either when the initial microstructure plays an

important role for the development of the final microstructure or when full or partial reverse

transformation is introduced during the process.
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1.10 SUMMARY

It appears that in practice, austenite grows by a reconstructive transformation mechanism

because diffusion rates are significant at the elevated temperatures where the reaction normally

occurs. The exception to this is iron based shape memory alloys, and cases involving remarkably

large heating rates.

The reconstructive growth process may involve a variety of conditions at the transformation

front, including paraequilibrium, local equilibrium and a variety of intermediate states. Which

of these operates in practice is a challenging subject for research.

There is very little known about the nucleation mechanism of austenite, apart from some

general data on the types of nucleation sites as a function of the starting microstructure. How-

ever, a first approximation in the derivation of overall transformation kinetics might be to ignore

nucleation on the grounds that it is likely to be rapid at high temperatures. There are inter-

esting features of the overall transformation kinetics; both the driving force and diffusivities

increase with superheat, making austenite formation distinct from the usual C-curve kinetics

of classical TTT diagrams. In fact, the formation of austenite should always become easier as

the degree of superheating is increased.
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Fig. 1.] Different mechanisms of dissolution of cementite during the formation of austenite from
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Table 1.1 Time taken for the smallest detectable amOllnt of reaustenitisation from a mixture of
acicular ferrite and austeni te.

C Si Un Ni Mo Cr V Ti Nb

0.060 0.27 1.84 2.48 0.20 0.05 0.01 0.02 0.01

Temperature, ·c Time, seconds
680 250

690 90

700 30

710 10

720 5

wt% Fe-0'060C - O'27Si -l84Mn- 2-48Ni-0·20t1:>

ClJStalitisgj

• 1200°C,30 min.

D 950°C,10 min. I

700

u 600
o

w

~500
~

E5
Cl..

~400

300
0·00 0·02 0·04 0·06 0·08 0'10 0'12

MOLE FRKTION OF CARBON
0·14 0'16

Fig. 1.9 Calculated phase diagram of the steel in Table 1.1
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Table 1.2 Key characteristics of transformations in steels [70]. a' is martensite, a/b is lower bainite,

aub is upper bainite, aa is acicular ferrite, alV is \Vidmanstiitten ferrite, a if allotriomorphic

ferrite, Pis pearlite, and X denotes suhstitutional alloying elements. Comments all each

characteristics are (=) consistent, (#) inconsistent and (<:9) only sometimes consistent with

transformation.

Comment a
,

a'b aub a. a •. Pa ai

Nucleation and growth reaction

Plate morphology '!' '!' '!'

IPS shape change with shear component '!' '!' '!'

Diffusionless nucleation '!' '!' '!' '!' '!' '!' '!'

Only carbon diffuses during nucleation '!' '!' '!' '!'

Reconstructive diffusion during nucleation '!' '!' '!' '!' '!'

Often nucleates intragranularly on defects '!' '!' '!' '!' '!'

Diffusionless growth '!' '!' '!' '!'

Reconstructive diffusion during growth '!' '!' '!'

Atomic correspondence (all atoms) during growth '!' '!' '!' '!'

Atomic correspondence. during growth.

for atoms in substitutional sites '!' '!' '!'

Bulk: redistribution of X atoms during growth '!' '!' '!' '!' '!' ® ® ®

Local equilibrium at interface during growth '!' '!' '!' '!' '!' ® ® ®
Local paraequilibrium at interface during growth '!' '!' '!' '!' ® ® '!'

Diffusion of carbon during transformation '!' '!' '!' '!'

Carbon diffusion-controlled growth '!' '!' '!' '!' ® ® ®

Cooperative growth of ferrite and cementite '!' '!' '!' '!' '!' '!' '!'

High dislocation density ® '!' '!' '!'

Incomplete-reaction phenomenon '!' '!' '!' '!' '!'
Necessarily has a glissile interface '!' '!' '!'

Always has an orientation within the Bain region '!' '!' '!'
Grows across austenite grain boundaries ..J.

r

High interface mobility at low temperatures '!' '!' '!'

Displacive transformation mechanism '!' '!' '!'
Reconstructive transformation mechanism
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CHAPTER 2

A MODEL FOR THE TRANSITION FROM UPPER TO LOWER BAINITE

2.1 INTRODUCTION

Bainite can be regarded as a non-lamellar mixture of ferrite and carbides, but within this

broad description, it is possible to identify two classical morphologies, traditionally called upper

and lower bainite (see for example, [1-4]). Lower bainite is obtained usually by transformation at

lower temperatures, although both phases can sometimes be found in the same microstructure.

Both upper and lower bainite tend to form as aggregates (sheaves) of small platelets or laths

(sub-units) of ferrite. The essential difference between upper and lower bainite is with respect

to the carbide precipitates. In upper bainite, the bainitic ferrite is free of precipitation, any

carbides growing from the regions of carbon-enriched residual austenite which are trapped

between the sub-units of ferrite. By contrast, lower bainitic ferrite contains a fine dispersion of

plate-like car bides (e.g. J E-carbide or cementite) within the bainitic ferrite plates.

The transition between upper and lower bainite is generally believed to occur over a narrow

range of temperatures. There are circumstances where both phases can form simultaneously

during isothermal transformation near the transition temperature [5]. The first clear indication

of the mechanism of the transition emerged from the work of Matas and Hehemann [6]' whose

experiments on several steels (containing 0.38-1.0 wt.% C) indicated a narrow transition tem-

perature range centered around 350 DC, irrespective of steel composition. They suggested that

the difference between upper and lower bainite is related to the kinetics of carbide precipita-

tion from ferrite. In their model, both upper and lower bainite form with a supersaturation of

carbon, but with the former, almost all of the excess carbon is rejected into the residual austen-

ite; with lower bainite, carbon precipitates rapidly in the supersaturated ferrite, so that the

amount that diffuses into the residual austenite is reduced. The relatively constant transition

temperature was explained by suggesting that E-carbide will, for some reason, not precipitate

from ferrite at temperatures above"" 350 DC. The E-carbide was envisaged as a precursor to

the formation of cementite.

While the Matas and Hehemann model is intuitively reasonable, their belief that the tran-

sition temperature, Ls, is constant for all steels is not consistent with other experimental results

[5,7-10]. The transition temperature can be as high as 500DC and is found to vary with the

carbon concentration. The model also requires the carbide in lower bainite to be E-carbide,

which might then convert to cementite on further tempering. Later work has shown that it

is possible to obtain lower bainite containing the appropriate cementite particles, without any

E-carbide as a precursor [11]. Franetovic et al. [12,13] have also reported lower bainite con-

taining 77-carbide (Fe2C) in a high-silicon cast iron and there is no reason to suppose that

precipitation temperature and behaviour of 77-carbide should be similar to that of E-carbide.

It is also difficult to explain why E-carbide should not precipitate from ferrite at temperatures

above 350 DC.

Pickering [5] found that Ls rises initially and then decreases to "" 350 DC, becoming inde-

pendent of the carbon concentration beyond"" 0.8wt. %C. His explanation of the transition is

essentially the same as that of Matas and Hehemann [6]' that the transition to lower bainite

occurs when the rate of carbon diffusion from ferrite is slow, so that the carbides have an oppor-

tunity to precipitate. The model does not, however, account for any changes in the kinetics of
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(2.1 )

carbide precipitation as a function of carbon concentration. Similar results have been obtained

for more heavily alloyed steels, where the peak in the experimental transition curve is found to

shift to lower carbon concentrations [8]. Pickering suggested that for high carbon steels (where

the transition was claimed to be insensitive to carbon concentration), the cementite precipitates

directly from the austenite, as its carbon concentration xl exceeds the concentration xt~ which
is given by the extrapolated 1'/ er + Fe3C) phase boundary; this does not explain the formation

of carbides within the bainitic ferrite.

To summarise, a plausible model for the transition from upper to lower bainite could be

constructed from the assumption that there is no fundamental difference in transformation

mechanism between these two forms of bainite, if the bainitic ferrite is, when it forms, super-

saturated with carbon. The excess carbon may partition eventually into the residual austenite

or precipitate from the ferrite in the form of carbides. If the latter process is dominant, then

lower bainite is obtained. Upper bainite is obtained only when the carbon partitions relatively

rapidly into the residual austenite, before the carbides have an opportunity of precipitate. This

essentially amounts to the Matas and Hehemann model [6]' but without the constraint that the

transition temperature is limited to a narrow temperature range around 350 QC. The model is

illustrated schematic ally in Fig. 2.1. The purpose of this chapter is to test as far as is possible,

the quantitative form of the hypothesis summarised above, and to assess any predictions in the

context of available experimental data. The work utilises recent results on the theory for the

time required to decarburise supersaturated ferrite; cementite precipitation kinetics are treated

approximately using information from martensite tempering data.

2.2 TIME REQUIRED TO DECARBURISE SUPERSATURATED FERRITE

If it is assumed that the diffusivity of carbon in ferrite is very high when compared with

that in austenite, and that local paraequilibrium is established during the partitioning of carbon

between the austenite and ferrite, then the time td required to decarburise a supersaturated

bainitic ferrite plate of thickness w is given by [4]:

a21r(x _ XQ"Y)2
t - I I

d - 16D(xr - xl)

where xl is the average carbon concentration in the steel as a whole. x~"Y and xIQ are the carbon

concentrations in ferrite and austenite respectively, when the two phases are in paraequilibrium.

The diffusivity D of carbon in austenite is very sensitive to the carbon concentration [14-17].

Hence, when dealing with concentration gradients, it is necessary to consider instead a weighted

average diffusivity [18]' D, given by

(2.2)

This procedure is valid strictly for the situation where the concentration profile does not change

with time, but is recognised to be a good approximation for non-steady state conditions, as

exist during the partitioning of carbon from the supersaturated ferrite. In the present work, D

was calculated as discussed in [19].

The calculated kinetics of partitioning are illustrated for three steels with different carbon

concentrations with calculated [20,21] martensite-start (Ms) and bainite-start (Bs) tempera-

tures, in Fig. 2.2. The calculations assume that a = 0.2 JLm, and this is the approximation used
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throughout this work. For each steel, the time td goes through a mInImUm as a function of

transformation temperature. The minimum arises because the diffusion coefficient of carbon

decreases with temperature (leading to an increase in td), while at the same time, the amount of

carbon that the austenite can tolerate, xl''', rises with falling temperature; xII:> was calculated

as in [22]. The decarburisation time also increases as the average carbon concentration of the

steel rises; given that an increase in carbon concentration should accelerate the precipitation

of carbides in the ferrite, it should lead to an increase in Ls' as reported by Pickering [5] and

Llopis and Parker [8] for low carbon concentrations.

2.3 TIME FOR THE PRECIPITATION OF CEMENTITE

Information on the kinetics of the cementite precipitation from supersaturated ferrite is

not available in sufficient depth to enable the first principles calculation of the volume fraction

of cementite as a function of time, temperature and chemical composition. An attempt is made

here to derive the overall kinetics of cementite precipitation using published data [23,24] on

hardness changes observed during the initial stages of isothermal tempering of martensite.

2.3.1 An Empirical Method

When martensite contains an excess concentration of carbon in solid solution, the carbon

will tend to precipitate in the form of carbides during tempering. Prolonged annealing can also

lead to recovery, recrystallisation and the coarsening of cementite precipitates. For the present

purposes, it is consequently important to focus on the early stages tempering, which should

represent solely, the effects of precipitation from supersaturated ferrite.

Speich [23] reported that the change in hardness of martensite in plain carbon steels after

an hour of tempering at temperatures above 3200 C, includes significant contributions from

recovery, recrystallisation and coarsening of cementite particles (Fig. 2.3). Hence, the data

representing hardness changes during tempering below 3200 C were utilised to obtain a function

which expresses the change in the volume fraction of cementite precipitation as a function of

time and temperature. An Avrami type equation [25] was used for the purpose:

(2.3)

(2.4)

where ~{t} is the volume fraction of cementite normalised by its equilibrium volume fraction

at the reaction temperature, t is the time, and k A and n are rate constants determined from

the experimental data. It is assumed that ~{t} is related at any time t to the hardness of the

martensite, H {t} as follows,

~{t} = Ho - H{t}.
Ho - HF

Ho is the hardness of the as-quenched virgin martensite, H F is its hardness when all the

carbon has precipitated, but before any significant recovery, recrystallisation or coarsening has

occurred. Implicit in this relation is the assumption that the amount of carbon precipitated is

linearly related to the change in hardness during the early stages of tempering.

Using the values of hardness for plain carbon martensite tempered for 1 hour at 3200 C,

reported by Speich [23]' HF was expressed empirically as a function of the initial hardness and

average carbon concentration x~ (mole fraction), as follows:

(2.5)
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This equation is valid for plain carbon steels containing less than 0.4 wt.% carbon (xr < 0.0186),

the value of H F becoming constant thereafter. The hardness Ho of plain carbon martensite

before tempering can be also be deduced from the data reported by Speich [23]:

Ho = 1267xr 0.9 + 240 (2.6)

where the hardness of martensite in pure iron is 240 Hv [24]. This equation reflects empirically,

the hardness of virgin martensite in plain carbon steels as a function of carbon in solid solution;

there is however, evidence to suggest that the effect of carbon tends to saturate, so that Ho

should not exceed a maximum value of about 800 Hv irrespective of carbon concentration [26].

Consequently, the maximum value of Ho permitted in the present analysis is taken to be 800

Hv.

2.3.2 An Independent Calculation

There are more elaborate theories available for the change in the strength of low-carbon

martensite due to the precipitation of cementite, so that the difference (Ho - H F) can be

evaluated independently from the empirical approach discussed above. The change can be

expressed in terms of the decrease in solid solution strengthening as carbon is absorbed during

the growth of cementite, and an increase in strength as the cementite particles precipitation

harden the martensite. Thus, the yield strength of martensite, (T y' is expressed as a combination

of the intrinsic yield strength, the effect of the dislocation cell structure, and precipitation

hardening by cementite [27]:

(2.7)

where (To is the intrinsic strength of martensite, El is the average transverse thickness of the

cell structure, and lp is the average distance between a particle and its two or three nearest

neighbours. The latter is given by lp = 1.18r( 32~8)' where r is the average particle radius

measured in rn, and Ve is volume fraction of the particles. k£ and k
p
are constants, with

k
p
= 0.519Ve

1
/
2

, MPam-1. The value of k£ is not relevant for the present work since it is the

changes in hardness prior to recovery that are of interest.

The intrinsic strength of martensite can be factorised into the solid solution strengthening

effect of carbon, (Te' and the residual strength (Tb:

(2.8)

From the work of Speich and Warlimont [28]'

(2.9)

Since the hardness H {t} relates to the yield strength as follows [28]'

(Ty = 2.59H {t} - 78.20 , MPa,

the change in hardness of martensite due to cementite precipitation can be written

(2.10)
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where f}.uy is the change in yield strength (measured in units of MPa), due to cementite

precipitation in the early stages of tempering. Equations to calculate the number of cementite

particles and its volume fraction will be given in a later section. The calculated hardness

changes of martensite in 0.1, 0.2 and 0.4 wt.% carbon steel, in terms of the decrease in solute

carbon and the increase in cementite precipitates, are shown in Fig. 2.4. Although the relation

between hardness and the amount of the precipitation (thus the decrease in solute carbon) is

not linear, the predicted changes in hardness are remarkably consistent with those indicated by

Speich [23] (Fig. 2.5).

2.3.3 Parameters for the Avrami Equation

The tempering data can now be used to 0btain the parameters of the Avrami relation given

in equation 2.3. For the case where martensite is tempered for one hour, the rate constant k

can be calculated using the relationship:

kA = -In{l - ~{1 hr}} (hours)-n (2.11)

where ~{lhr} = (Ho - H{lhr})/(Ho - HF). The calculated k values for different temper-

ing temperatures for data from Speich [23] could then be used to express k as a function of

temperature:

(2.12)

giving kAO = 4.07 X 104XIO.635hours-n, Q = 33598 Jmol-I. R is the universal gas constant.

The time exponent n in the Avrami equation can be obtained by plotting logln{l/(l -

~{t})} against log{t}. The data reported by Speich [23]' which show the changes in hardness

during the tempering of martensite in 0.18 and 0.097 wt.% carbon steels, were used and n was

found to be 0.62. It follows that

(2.13)

This equation can be used to estimate the time necessary to obtain a specified degree of trans-

formation as a function of temperature and the carbon concentration of the steel.

The formation of cementite is known to be exceptionally slow in steels containing large

amounts of silicon. Bhadeshia and Edmonds [26] measured the change in hardness of martensite

by tempering in Fe-0.43C-2.0Si-3.0Mn (wt.%) system at different temperatures. Although their

data are not extensive enough to reveal all the constants needed in the Avrami equation, k AO

was, for that steel, evaluated by assuming that Q and n are the same as for the plain carbon

steels considered previously:

kA = 550exp{-33589/RT}, hours-no (2.14)

2.3.4 Calibration for tf)

The method used to estimate the upper to lower bainite transition temperature, involves

a comparison of the time td required to decarburise a plate of ferrite, with the time interval tf)

necessary to obtain a "detectable" amount of cementite precipitation in the ferrite. If td ~ tf)

then it may be assumed that upper bainite is obtained, and vice versa (Fig. 2.6). Of course, tf)

is a function of ~, and instead of choosing a detectable value of ~ in an arbitrary way, the value

was fixed by comparison with experimental data on Ls' The Fe-0.43C-2.0Si-3.0Mn (wt.%)
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system is ideal for this purpose since the Bs, Ms and Ls temperatures are well characterised

[20]. Calculated values of td and te (the latter for e = 0.01, 0.02 and 0.05) are plotted, together
with Bs, Ms and Ls temperatures in Fig. 2.7. As expected, the td curves exhibit minima, while

te was, over the temperature range of interest, found to increase as the reaction temperature

decreased. For temperatures below the calculated Bs temperatures, where it is possible for

bainite to grow, any intersections between the td and te curves are of relevance to the location

of the transition temperatures. Ls is defined as the highest temperature at which te < td.

On comparing the te and td curves for the Fe-0.43C-2.0Si-3.0Mn wt.% alloy, it was found that

the experimental Ls of around 3200 C could be predicted fairly accurately is the "detectable"

volume fraction of cementite is set as e = 0.01. Consequently, for all subsequent calculations,
the Ls temperature is defined by the point where te{e = 0.01} < td'

The reason why it is necessary to consider only a very small amount of precipitation

(1%) to explain the onset of lower bainite may be that the relation between the hardness and

the amount of carbon atom used up for the precipitation is not linear (Fig. 2.3); thus, the

calculated 1% precipitation may in reality correspond to a larger degree of precipitation. The

time for decarburisation may also be increased by soft-impingement of the diffusion fields of

neighbouring sub-units of bainitic ferrite in a sheaf of bainite. The partitioning of carbon may

also be retarded by the precipitation of carbides within the ferrite, since the net flux towards

the austenite/ferrite interface would be reduced.

The calculated td and te for plain carbon steels with carbon concentrations of 0.1,0.2,0.3,

0.4 and 0.5 wt.% are shown in Fig. 2.8 as a function of reaction temperature. As expected, the

higher the carbon concentration the longer is the time required to decarburise the plates. On the

other hand, the driving force for cementite precipitation increases with carbon supersaturation,

so that te is found to decrease with Xl' The calculated Ms and Bs temperatures are also

plotted in the Fig. 2.4.

The calculated Ls temperatures are plotted against the carbon content of steels in Fig. 2.9.

According to the calculations, lower bainite should not be observed in plain carbon steels with

carbon concentrations less than 0.32 wt. %. Furthermore, only lower bainite (i. e. no upper

bainite) should be found in steels with carbon content more than 0.4 wt.%. Steels containing

between 0.32 and 0.4 wt.% of carbon should exhibit both both upper and lower bainite, de-

pending on the reaction temperatures. Finally, it should be noted that at low temperatures

where te and td both become very large, the times required for precipitation or redistribution

of carbon exceed that to complete transformation, consistent with the fact that untempered

martensite can be obtained at temperatures near Ms, with the degree of autotempering of the

martensite decreasing as Ms is reduced.

2.4 DISCUSSION

2.4.1 Comparison between calculated and observed Ls temperatures

The general behaviour indicated by the calculations for plain carbon steels, is found to

be that observed experimentally. Some very recent interesting work by aka and Okamoto [10]

(Fig. 2.10) proves that there is no upper bainite in plain carbon steels with more than 0.8 wt.%

of carbon; the only bainite observed was classical lower bainite at all temperatures above the

Ms temperature. This is consistent with the present calculations.

Ohmori and Honeycombe [29]' in a study of plain carbon steels, showed that during isother-

mal transformation above the Ms temperature, only upper bainite could be obtained in samples
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containing less than OAC wt.% (Fig. 2.11). This is consistent with the calculations presented

earlier, although their observation that upper bainite can be obtained in steels with a carbon

concentration up to '" 0.85C wt.% is not consistent with the theory, nor with the data reported

by Oka and Okamoto [10]. Their diagram additionally indicates a constant Ls temperature

of around 350°C, which is also inconsistent with the theory and with the Oka and Okamoto

results. These particular discrepancies and contradictory experimental results cannot be ex-

plained at this moment, and further research is called for. Although their published diagram

[29] is based on experimental data, the actual data points are not presented and it is therefore

difficult to assess the validity of some of the boundaries illustrated.

The change in the transition temperature from upper to lower bainite has also been reported

by Pickering [5] and Llopis and Parker [8] for a variety of alloyed steels. Their observations

(Fig. 2.12) show that the Ls temperature increases with carbon concentration in lower carbon

region and then goes through a maximum value as the carbon concentration is increased further.

After the maximum, Ls is found to stabilise at a constant value. This tendency is quite

consistent with the present calculations, although the reported constant value of Ls at higher

carbon concentrations is not. A possible explanation arises from the fact that the calculated

Bs temperatures [21] for the alloys concerned turns out to be in very good agreement with

L s temperatures reported by Pickering [5] for carbon concentrations above 004 wt.%. The

implication is that the high carbon data become consistent with the work of Oka and Okamoto,

if it is assumed that no upper bainite is obtained in those steels, the so called transition

temperature corresponding to the Bs temperature. Furthermore, if we focus on Pickering's

data (excluding some of the other points he plotted from unspecified published research), then

the Ls plateau shown in Fig. 2.12 may simply be an artifact of plotting since a smooth sloping

curve can be fitted through all the high carbon data.

According to the present calculations, only lower bainite is expected in steels with more

than 0.32 wt.% of bulk carbon content. However, the calculations are for ferrite plates whose

carbon concentration is initially identical to that of bulk alloy, since the model assumes that

bainite growth is diffusionless, with carbon redistribution occurring after the growth event. As

a consequence of the redistribution, which is expected to be substantial when t
d
is smaller

than to, there is an enrichment in the carbon concentration of residual austenite as the bainite

transformation proceeds. Consequently, any bainite which forms from enriched austenite will

itself have a higher than bulk concentration of carbon. This leads to the possibility of the

transformation beginning with the growth of upper bainite, but with the enriched austenite

then decomposing to lower bainite at the later stages of transformation. There is then a real

possibility of obtaining a mixture of upper and lower bainite in steels containing less than 0.32

wt.% carbon, especially if carbide precipitation from the austenite is relatively sluggish, and

therefore does not act to relieve any carbon enrichment in the austenite.

The maximum carbon concentration that can be tolerated in residual austenite before

the bainite reaction ceases is expressed approximately by the T~ curve [3,4,22]. Therefore if

the carbon concentration in residual austenite at the T~ curve (i.e. xT' ) is greater than 0.32
o

wt.%, lower bainite can be expected to form during the later stages of reaction. However, the

formation of cementite from the residual austenite also becomes possible if xT' > xl
o, where

o

xt is a point on the 'Ylb + B) phase boundary (calculated as in [30,31]), since the austenite

will then be supersaturated with respect to the cementite. The fact that a curve showing the

carbon concentration in austenite which is in equilibrium with cementite in plain carbon steels
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crosses the T~ curve at 0.4 wt.% of carbon concentration (560 DC), leads to the identification

of three regimes for bainite on the Fe-C phase diagram (Fig. 2.13). In steels with more than

0.4 wt.% of the initial bulk carbon content (region B), lower bainite is to be expected from the

earliest stages of transformation. For steels whose composition lies in region A, lower bainite is

expected to be absent during isothermal transformation at all temperatures above Ms, and this

behaviour is valid for any stage of transformation since the austenite cannot be supersaturated

with cementite as far as regime A is concerned. The behaviour in the region marked C should

be more complex. The residual austenite for these steels (region C) may at some stage of

transformation contain enough carbon to precipitate cementite. If the kinetics of cementite

precipitation from austenite are rapid, then lower bainite may not be obtained in steels with

an average carbon concentration less than 0.32 wt.%, but otherwise, a mixed microstructure of

upper and lower bainite might arise.

2.4.2 Comparison with the tempering of martensite

In the present model for the upper to lower bainite transition, the microstructure of lower

bainite in effect arises due to the "autotempering" of supersaturated plates of bainitic ferrite.

The lower bainite should consequently exhibit many of the characteristics of tempered marten-

site. When high-carbon martensite is tempered, the first carbide to form is usually a transition

carbide such as (-carbide, which is replaced eventually by the thermodynamically more stable

cementite. Similarly, when lower bainite forms in high carbon steels, (-carbide forms first, and

transforms subsequently into cementite during prolonged holding at the isothermal transforma-

tion temperature [6].

The chances of obtaining (-carbide (instead of cementite) in lower bainite increase as the

transformation temperature is reduced for the same steel (see Table Il, [6]). As the transfor-

mation temperature is reduced, and the time required to decarburise a supersaturated plate

of bainite increases, a high carbon concentration can persist in the ferritic matrix for a time

period long enough to allow the formation of (-carbide, which does not form if the carbon

concentration is less than about 0.25wt.%, [32]. This effect also explains the result that a

medium carbon Fe-0.43C-3Mn-2Si wt.% steel transforms to lower bainite containing cementite

particles [33]' although when quenched to martensite, gives (-carbide on tempering [26] Some

of the carbon is in the former case, lost to the austenite by diffusion, thereby preventing the

formation of (-carbide.

The ideas discussed here can in principle be predicted using the present model. Fig. 2.14 il-

lustrates calculation for a Fe-0.6C wt% alloy, for transformation temperatures where only lower

bainite is obtained. The continuous curves represent the time required for the carbon concen-

tration in the bainitic ferrite to drop to a specified level, and the vertical line represents the time

tc taken for this concentration to reach 0.25 wt.%, the level below which (-carbide should not

form [32]. The bainitic ferrite is assumed to have an initial carbon concentration of 0.6 wt.%.

The curves are calculated using equation 2.1, but by replacing x~..,with xr, which represents
the amount of carbon in the bainitic ferrite at any instant of time, with x~'" :s; xr :s; Xl' The

dashed curves are schematic, and represent the time (tJ required to precipitate a detectable

volume fraction of (-carbide; there is as yet no theory which can predict these curves, nor

are there suitable experimental data which can be used to estimate the curves empirically. Al-

though the curves are schematic, their form is based on the corresponding curves for cementite,

as used in the earlier analysis. If te < tc, then the lower bainite should contain (-carbide

rather than cementite, and vice versa. It is evident that it is possible to envisage circumstances
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where a lowering of the transformation temperature can lead to a transition from lower bainite

containing cementite, to lower bainite containing (-carbide. A similar diagram could be used to

rationalise the observation that in a medium carbon steel, the lower bainite is found to contain

cementite, while the tempering of martensite in the same steel leads to (-carbide formation.

2.4.3 Other Differences between Upper and Lower Bainite

The fact that lower bainite forms at a higher undercooling below Bs when compared with

upper bainite has other implications. Sub-unit growth during the bainite transformation ceases

when the interface is blocked by plastic accommodation induced defects [34]. For a given defect

density, lower-bainite sub-units should be longer than those of upper bainite, since the driving

force for transformation increases with undercooling. At lower transformation temperatures the

matrix is able to support higher strains without plastic deformation so that the defect density in

the matrix itself would be lower. Step quenching experiments in which an alloy is first partially

transformed to lower bainite and then up-quenched into the upper bainite transformation range

are consistent with this since they show that the growth of lower bainite ceases following the

up-quench [35]. This also appears to be the case when specimens partially transformed to lower

bainite experience an increase in temperature within the lower bainite transformation range

[36].

2.5 CONCLUSIONS

A model, based on an idea by Matas and Hehemann, has been developed to enable the

estimation of the temperature at which the upper bainite reaction gives way to the formation

of lower bainite. The model involves a comparison between the times required to decarburise

supersaturated ferrite plates with the time required to precipitate cementite within the plates.

If the decarburisation process dominates, upper bainite is predicted whereas relatively rapid

carbide precipitation within the ferrite leads to the formation of lower bainite.

Some of the predictions of the theory are in agreement with reported experimental data.

Consistent with the results of Ohmori and Honeycombe, it is found that lower bainite cannot

form in plain carbon steels containing less than,..; 0.3 wt.% carbon. Upper bainite is predicted

to be absent in plain carbon steels containing more than 0.4 wt.% carbon; this is in agreement

with the results of Oka and Okamoto, although contradictory results have been reported by

Ohmori and Honeycombe, who were able to obtain both upper and lower bainite in high carbon

Fe-C alloys. The maximum in the curve of transition temperature versus carbon concentration,

reported by Pickering and Llopis & Parker is also consistent with the theory.

To summarise, more experimental work is needed to verify some of the detailed predictions

of the model, and to resolve some of the discrepancies between experimental data reported in the

li terature. More work is also needed from a theoretical point of view, to develop fully the kinetics

of cementite precipitation from supersaturated ferrite, and to couple the processes of cementite

precipitation with the simultaneous redistribution of carbon into the residual austenite. In the

mean time, the current model seems to provide a rational basis for the transition temperature.
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(2.15)

APPENDIX

- Further Modelling of the Kinetics of Cementite Precipitation in Ferrite -

In this section, we consider alternative models for the kinetics of cementite precipitation

in ferrite, with the aim of examining the possibility of more fundamental theory compared with

the rather empirical martensite tempering data based methods used earlier. Such models could

be useful in taking account of alloying element effects on the kinetics of cementite precipitation

from supersaturated ferrite, and hence permit an easy extension of the transition work to alloy

steels.

It is assumed here that the growth of cementite platelets is controlled by the diffusion

of carbon in the supersaturated ferrite, and that it involves the one-dimensional advance of

interfaces parallel to the habit plane of each cementite particle. A one-dimensional parabolic

thickening rate constant ((}'l) for this process can be calculated using the following equation

[25]:

Xl - xre = ~(}' exp{~} [1 _ erf{ (}'l }]

x~a - xre V 4Dfl 1 4Dfl J4Dfl

where x~a and xre are the equilibrium carbon concentrations in cementite and ferrite respec-

tively, at the interface between cementite and ferrite, and Dfl is the diffusion coefficient of

carbon in ferrite [37].

The lengthening rate of the "allotriomorphs" of cementite is correspondingly given by a

rate constant with is taken to be (}'3 ::::= 3 x (}'l; this seems somewhat arbitrary, but gives a similar

aspect ratio to that obtained for allotriomorphic ferrite [38]. The volume of a cementite plate,

Ve, is then given approximately by:

Ve = ((}'ltl/2)((}'3tl/2)((}'3tl/2)

= 9(}'~t3/2
(2.16)

Venugopalan and Kirkaldy [39] reported the average grain size of cementite fa before the

onset of the Ostwald ripening, as a function of tempering temperature of martensite.

(2.17)

where Ve is the volume fraction of cementite, T is the tempering temperature in K, and fa is

the average grain size of the cementite particles in p.m. The number of cementite particles per

unit volume (Ne) can therefore be described by

(2.18)

where vee is the maximum volume fraction of cementite obtained at the temperature concerned,

and can be calculated from the initial carbon concentration in the ferrite Xl (mole fraction) by

vee ::::= 1.0065l~~~1 ' taking account of the difference in ferrite and cementite densities in respect

of the unit cell.

Assuming now, that there is initially a number Ve of sites available for the growth of

cementite, and that no new sites are formed subsequently, the precipitation process can be

described simply in terms of the growth of cementite. Thus, using the extended volume method
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of Avrami to take account of impingement between growing particles, the volume fraction of

cementite normalised by the maximum volume fraction vee is expressed by

(2.19)

where ee is an extended fraction, given by

(2.20)

For cases where it may not be justified to start the transformation from a fixed number

of growth centres, it is necessary to have some kind of a nucleation rate function. If it is

assumed that nucleation always occurs heterogeneously on dislocations, the nucleation rate per

unit volume, I, on dislocations can be written as follows [25,40]:

(2.21)

(2.22)

where h is the Planck constant, NV the number of atoms per unit volume which are on dis-

location lines, tlG~ the activation free energy of nucleus formation on a dislocation, and tlG~

the activation energy for the transfer of atoms across the nucleus/matrix interface. p is the

dislocation density.

Therefore the volume fraction of cementite normalised by the maximum volume fraction

of cementite is in these circumstances expressed by:

with

1 it 18Ia
3

e = -I(9a3) (t - r)3/2dr = - _1 t5/2
e vee 1 ° 5 vee

where r is the incu bation period.

The activation energy for nucleation, tlG~, should decrease as the inverse square of the

driving force for nucleation of cementite from ferrite:

(2.23)

so that tlG~should tend to become small relative to tlG~at high carbon supersaturations. In

such circumstances, tlG~may be ignored and the nucleation rate may be expected to decrease

with undercooling. This is consistent with the data from the empirical analysis discussed earlier,

where it is found that te increases monotonically with a decrease in temperature, rather than

showing a C-curve behaviour. Consequently, it seems justified to ignore the tlG~ term for the

present analysis, where it is assumed that tlG~« tlG~. The value of tlG~ is not known,
but the activation energy for the self diffusion in ferromagnetic iron is 240 kJ mol-1 [41]'

and since the a/ () interface has a relatively high energy, tlG~is expected to be less than 240

kJ mol-1. In order to "derive" its value, an attempt was made to match the values of Ne

obtained as discussed earlier, with the number of particles per unit volume, to be expected

using the nucleation function in equation 2.21.

Assuming that the dislocations all lie along < 111 > directions, NV = p/[V} X 2.8664 X

10-1°]. The dislocation density in bainitic ferrite formed at different temperatures has been
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measured by Smith [42] and Fondekar et al. [43]. Because these data are not on their own

adequate to obtain an expression of the dislocation density as a function of the reaction tem-

perature, similar data for martensite, reported by Kehoe and Kelly [44]' were included in the

analysis, to yield the following empirical relation for the dislocation density in ferrite (Fig. 2.15):

6880.73
log p = 9.28480 + T

1780360

T2
(2.24)

where p is the dislocation density in m -2, and T is the reaction temperature in K. For the

martensite, the transformation temperature was taken to be the Ms temperature. Although

dislocation densities of martensite measured by Norstrom [45] are also plot ted in the figure, those

data were not used in deriving the above expression because of uncertainties in the method used

to assess the thickness of the thin foil samples used. The curve plotted in Fig. 2.14 does not

therefore take account of these data.

To find the most appropriate value of ~G~, the number of particles per unit volume Ne at

the completion of precipitation was calculated as follows:

00

Ne = J 1[1 - ~{t}] dt

o

(2.25)

and Fig. 2.16 shows that a reasonable fit with the empirical data of Venugopalan and Kirkaldy

[39] could be obtained by setting ~G~ = 190 kJ mol-
1
. This was the value used in all subsequent

calculations.

Another possibility of the calculation of the volume fraction of cementite is based on the

theory of diffusion-controlled growth of plate shaped particles [46]. The edgewise growth of a

precipitate plate from a matrix which is initially at a uniform solute concentration Xl' can be

obtained from following equation.

(2.26)

with
vEr",

p = 2Da
11

xaer
1 D

re = ae -
Xl - Xl

( ae -)
Vc = /Lo Xl - Xl

oq -

n - Xl - Xl

0- xa-y _ xea
1 1

W here Vc is the velocity of a fiat interface which is controlled by interface kinetics only, r", is

the radius of curvature at the advancing tip of the plate, re is the critical radius for growth at

which the concentration difference in the matrix vanishes in absence of the interface kinetics,

and vE is the edgewise growth rate of the plate. The functions Sl and S2 have been presented

graphically in [46]. The terms xre, x~a are the carbon concentrations at the interface in ferrite

and in cementite, rD is the capillarity constant, given by
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where (J'a(J is the alO interfacial free energy per unit area, V is the molar volume of cementite,

and Drl is the diffusivity of carbon in ferrite.

If a disc shape is assumed for a cementite plate, whose height and radius are respectively

c(J and r, the volume v(J per cementite plate is

(2.27)

where f3 is an aspect ratio of cementite plates. Therefore, using the extended volume method

of Avrami, the volume fraction of cementite normalised by the maximum volume fraction of

cementite V(Je is found to be

where

e{t} = 1- exp{-ee} (2.28)

(2.29)

and N(J is the number of cementite particles per unit volume.

In Fig. 2.17, the calculated times required for e = 0.05 of cementite precipitation in a Fe-

OAC wt.% in terms of only the parabolic growth, the combination of nucleation and parabolic

growth, and plate growth are compared with the calculated times using the empirical methods

used earlier. The calculations used (J'a(J = 0.7J m-2 [47), x~a = 0.25, and the equilibrium carbon

concentration in ferrite as presented in [48]. The aspect ratio f3 in the plate growth model is

assumed either to be three, which is to consistent to the parabolic growth model, or fifteen,

which was as observed approximately in Fe-OA3C-2.0Si-3.0Mn wt.% .

It is evident that the models based on parabolic thickening both indicate much faster

transformation kinetics relative to the empirical results, although the result from the nucleation

and growth model approaches the empirical result at lower temperatures. The plate growth

model, while differing in an absolute sense from the empirical data, gives a similar trend as a

function of temperature. It could in principle be adapted (for example, by reducing the number

of nucleation sites available per unit length of dislocation line) to better fit the experimental

data. An appropriate selection of the nucleation function for cementite precipitation, and the

use of the plate growth theory could, therefore, give closure with the empirical result and allow

the estimation of the lower bainite transformation temperature in alloyed steels as well as in

plain carbon steels. However, it is essential to investigate the early stages of the cementite

precipi tation in detail before any further modifications to the theory for the transition. Note

also that the models ignore any precursor reactions such as the precipitation of (-carbide,

which may influence the overall kinetics of cementite formation.
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TRANSITION FROM

UPPER TO LOWER BAINITE

SUPERSATURATED FERRITE

/
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" ~ ~ I 1/ , .
.. :. -.---- .... : ..

-
UPPER BAINITE LOWER BAINITE

Fig. 2.1 Schematic illustration of the transition from upper to lower bainite. Lower bainite is oh-

tained when the time required for excess carbon to partition from supersaturated ferrite

into the residual austenite becomes large relative to the time required to precipitate cemen-

tite within the bainitic ferrite. Note that any carbon-enrichment of the residual austenite

may eventually lead to the precipitation of further carbides, as illustrated above.
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Fig. 2.2 Calculated time for the decarburisation of supersaturated ferrite plates (of thickness 0.2
JLm ) in plain carbon steels with 0.1, 0.2 and 0.4 wt.% carbon respectively. The calculated
martensite-start and bainite-start temperatures are also indicated.
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Fig. 2.3 Hardness curves for iron-carbon martensite samples which were tempered for 1 hour at
the temperatures indicated; data due to Speich, [23]. The data to the left of the vertical
line lar&e1y represent changes due to the precipitation of carbides, rather than recovery or

coarselllllg processes.
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Fig. 2.4 Calculated changes in the hardness of martensite, due to cementite precipitation in 0.],
0.2 and 0.4 wt.% plain carbon steels. Note that the horizontal axis represents the volume
fraction of cementite normalised with respect to its equilibrium volume fraction.
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Fig. 2.5 Comparison of calculated changes in the hardness of plain carbon martensite, during tem-
pering which leads to the precipitation of excess carbon in the form of cementite, with data
reported by Speich [23].
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Fig. 2.6 Schematic illustration of how differences in the relative behaviours of the td and te curves
can lead to: (a) a steel which is incapable of transforming to lower bainite; (b) a steel which
should under appropriate transformation conditions be able to transform to upper or lower
bainite; (c) a steel in which bainitic transformation always leads to the formation of lower
bainite. The abbreviations LB and UB refer to lower and upper bainite respectively.
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CHAPTER 3

A MODEL FOR THE MICROSTRUCTURE OF SOME ADVANCED BAINITIC STEELS

3.1 INTRODUCTION

Bainitic steels are now at the forefront of some potentially exciting developments in the

steel industry, especially when the steels are destined for high-technology applications [1-15].

This, combined with recent advances in phase transformations theory, provides a unique op-

portunity for the development of fundamental alloy design procedures which could be used in

the optimisation of candidate steels before they are fully commercialised.

In discussing bainitic steels, it is necessary to distinguish between two microstructural

classes of bainitic steels. Although bainite is generally recognised to be a non-lamellar mix-

ture of ferrite and carbides, the carbide precipitation reaction often lags behind the growth

of bainitic ferrite, the time lag sometimes being so long that carbides are simply not found

in the microstructure obtained by transformation within the bainite temperature range - the

microstructure then consists of just bainitic ferrite and carbon-enriched residual austenite (to-

gether with any martensite which might form as the residual austenite is cooled to ambient

temperature) [16-18]. A large number of bainitic alloys are used in a condition where carbides

are not found in the microstructure, and this forms one of the classes of bainitic steels; the

other is the more conventional microstructure in which carbide particles are found between the

bainitic ferrite platelets, and in the case of lower bainite, within the platelets as well. The

theoretical problem which is the aim of the present work, is also therefore two fold: to predict

mixed microstructures of bainitic ferrite, austenite and martensite, and to predict those con-

taining mostly mixtures of bainitic ferrite and carbides. The complete problem is in fact quite

formidable (Fig. 3.1) and only some aspects of it are addressed in this chapter.

3.2 CARBIDE-FREE BAINITIC STEELS

It is an experimental fact that in steels where other reactions do not interfere (or occur

simultaneously) with the growth of bainitic ferrite, the maximum volume fraction of ferrite

that forms on prolonged holding at the isothermal transformation temperature is far below that

expected on the basis of equilibrium or paraequilibrium transformation [19-22]. The important

characteristic of this incomplete reaction phenomenon is that the reaction stops well before the

austenite achieves its paraequilibrium carbon concentration as given by the Ae~ curve on the

phase diagram [17,18]. In fact, it stops when the carbon concentration of the residual austenite

approaches the To curve, which describes the locus of all points on the phase diagram where

austenite and ferrite of the same chemical composition have identical free energies. For bainite,

whose growth is accompanied by an invariant-plane strain shape deformation, the strain energy

of transformation is about 400 Jmol-1 [23]' and the To curve as modified to account for this

stored energy is called the T~ curve.

A transformation in which carbon partitions during growth, and in which the mechanism

of transformation is reconstructive (so that the product phase is not limited by austenite grain

boundaries, and can grow to any size), can continue until the austenite achieves its equilibrium

or paraequilibrium composition. Such a mechanism cannot therefore explain the observations
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described above. On the other hand, the incomplete reaction phenomenon can be understood

if it is assumed that the bainitic ferrite grows withou t diffusion, with the carbon being parti-

tioned into the residual austenite immediately after the growth event. As the austenite becomes

progressively enriched with carbon, a stage is eventually reached when it is thermodynamically

impossible for further bainite to grow by diffusionless transformation. At this point, the compo-

sition of the austenite is given by the T~curve of the phase diagram. This also explains why the

degree of transformation to bainite is zero at the bainite-start (B s) temperature and increases

with under cooling below Bs' The T~ curve has a negative slope on a temperature/carbon con-

centration plot; the austenite can therefore tolerate more carbon as the temperature is reduced,

before diffusionless transformation becomes impossible. The To and T~ curves are in fact only

slightly different in carbon concentration, and given that the carbon is often inhomogeneously

distributed in the residual austenite [24-27], it is a reasonable assumption to neglect the strain

energy term in estimating the austenite composition when isothermal bainitic ferrite growth

ceases.

3.2.1 Thermodynamics

As emphasised above, the incomplete reaction phenomenon can only be assessed quantita-

tively in steels where other reactions do not overlap with the formation of bainitic ferrite. These

steels must obviously have a large enough bainitic hardenability and in addition should con-

tain elements such as AI, Si, or er which retard the precipitation of cementite [28-33]. Many

commercial alloys satisfy these conditions: ultrahigh-strength alloys such as "300M" steel,

austempered ductile cast irons, forging steels, bainitic dual phase steels, etc. In all cases, their

microstructures should consist of mixtures of bainitic ferrite, retained austenite and martensite.

An established method of estimating the limiting volume fractions in such microstructures

is based on the To concept [18]. This assumes that isothermal reaction is permitted for a time

period te which is long enough to permit the volume fraction of bainitic ferrite to reach its

limiting value. The effect of kinetic limitations is considered later.

The microstructure after isothermal transformation (at Tb) in the upper bainite trans-

formation range followed by cooling to ambient temperature (TA) consists of bainitic ferrite,

carbon-enriched retained austenite and untempered martensite which forms during cooling from

Tb -+ TA' At Tb' the bainite reaction will cease when the carbon concentration of the residual

austenite (xi) approaches the To curve:

(3.1 )

If the small difference in density between the ferrite and austenite is ignored, then the

maximum volume fraction of bainitic ferrite (i.e. vbe) is given by a lever rule applied to the

Ae~ and To curves:

(3.2)

where xr'Y is the paraequilibrium carbon concentration of the bainitic ferrite, Xl the average

carbon concentration of the alloys and 5 is the amount of carbon which is tied up as carbides

within the bainitic ferrite.

On cooling the sample to ambient temperature, some of the residual austenite may trans-

form to martensite with the remainder being retained. The martensite-start tern perature (Ms)
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of the residual austenite can be estimated by assuming that its carbon concentration is xTo' so

that the amount of martensite (V",/) that forms is given by [34]:

(3.3)

Note that when dealing with upper bainite, the method permits the calculation of the

volume fractions of all the phases and also their detailed chemical compositions. There is

unfortunately, no method for predicting S, so that similar calculations for lower bainite are not

yet possible. The method also assumes that the partitioned carbon is distributed homogeneously

within the residual austenite. No account is taken of the fact that many industrial alloys are

chemically heterogeneous.

Some new published data are available for comparison against the To criterion. The lattice

parameters of austenite retained in Fe-0.2C-1.5Si wt.% alloys containing varying concentrations

of manganese have been measured using X-ray diffraction by Usui et al. [35]. Since carbon

in solid solution causes an expansion of the austenite lattice parameter, these data can be used

to deduce the carbon concentration of the retained austenite. Taking the relationship between

the lattice parameter and xI to be given by [36]:

a-yo = 0.3573 + 0.00075xi, nm (3.4)

It is found that the calculated compositions of the retained austenite agree well with the

calculated To curves (Fig. 3.2), and the effect of manganese is also well represented by the

thermodynamically calculated To curves.

3.2.2 Kinetics

Many industrial heat-treatments involve isothermal transformation for time periods less

than those required to allow the bainite reaction to reach completion. It is often the case

that the heat-treatment utilised is not isothermal. The thermodynamic approach described

above fails in both of these circumstances. To correctly treat such cases, it is necessary to

be able to predict the appropriate time-temperature-transformation (TTT) and continuous-

cooling-transformation diagrams for bainite.

Bhadeshia has presented a method [37]' based on Russell's expression for incubation time

during nucleation [38,39], for estimating the TTT diagram of multicom ponen t steels. The

TTT diagram is considered to consist essentially of two 'C'-curves, the high temperature curve

representing reconstructive reactions such as allotriomorphic ferrite and pearlite, the lower

temperature curve representing displacive transformations such as Widmanstatten ferrite and

bainite. Most of the features of published TTT diagrams for steels can be understood via

the different effects of alloying elements on these two C-curves. The original paper however,

dealt with just a prediction of the incubation period prior to the onset of transformation at each

temperature (i.e. the curves representing the initiation of a detectable degree oftransformation).

This is of course inadequate for the present requirements but the method can be adapted to

predict the whole family of C-curves representing the progress of bainitic reaction in a particular

steel, as described below.

In the original model, the incubation time T for the beginning of transformation is given

by:
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(3.5)

where p, z, Q' and C
4
are constants obtained by fitting to experimental data, b..Gm represents

the maximum driving force available for nucleation and T represents the incubation time prior

to the formation of a detectable degree of transformation product. As the bainite reaction

proceeds beyond this initial stage, the austenite becomes enriched with carbon. The degree

of enrichment can easily be calculated using the mass balance condition. In the present work,

bainite C-curves representing further degrees of reaction are calculated by applying equation

(3.5) to enriched austenite, with b..Gm depending on the new composition of the austenite.

Scheil's rule [39] is then used to convert the TTT diagram into a CCT diagram. It is

therefore assumed that the additivity principle applies to each of the C-curves in the TTT

diagram, with the specified degree of transformation being achieved if

(3.6)

where Tj{T} is the incubation time at temperature T for the C-curve representing a fraction f

of reaction, b..t is the time interval spent by the sample at the temperature T, and t is the time

defined to be zero above the bainite-start temperature.

Typical calculations, for a series of low alloy silicon-rich steels are presented in Fig. 3.3.

Note that they do not allow for the formation of lower bainite, for the solidification-induced

chemical segregation that is inevitably present in commercial alloys, the effects on inhomoge-

neous carbon distributions, etc. The calculations are in this sense, unrealistic, but the trends

that they indicate should be correct.

3.3 CARBIDE PRECIPITATION FROM BAINITIC FRRITE

As discussed earlier, the growth of bainite is probably diffusionless, but any excess carbon in

the supersaturated ferrite soon afterwards partitions into the residual austenite or precipitates

within the bainitic ferrite in the form of carbides. When the process of carbon partitioning

into the residual austenite is rapid relative to that of car bide precipitation, the transformation

product is called "upper bainite", whereas "lower bainite" is obtained when some of the carbon

supersaturation is relieved by precipitation within the bainitic ferrite.

The transition from upper to lower bainite can therefore be estimated by comparing the

time td required to partition excess carbon into austenite, with the time tc necessary to achieve

a detectable degree of carbide precipitation within the ferrite [40]. The diffusion time is given

by:

(3.7)

where Xl is the average carbon concentration in the steel as a whole, x~'"1and xr' are the carbon

concentrations in the ferrite and austenite which are in paraequilibrium, and D is a weighted

average carbon diffusivity in austenite [41,42].
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Although there is as yet no rigorous model capable of predicting the kinetics of carbide pre-

cipitation from supersaturated ferrite, it is possible to fit Avrami type relationships to marten-

site tempering data and estimate the time period te [43]' and consequently, by comparing td

and te, the upper to lower bainite transition temperature L s' Using this method, it has been

demonstrated that there is a maximum in Ls as a function of carbon concentration at around

0.4 wt.% carbon (Fig. 3.4) in Fe-C alloys. It is further predicted that in plain carbon steels,

only upper bainite can be obtained before the onset of martensitic transformation, followed

by a narrow range of carbon in which both upper and lower bainite are possible, and as the

carbon concentration is increased (> 0.4 wt.% C), only lower bainite and martensite can be

obtained during heat treatment at temperatures below that at which pearlite forms [43]. These

predictions, together with the position of the peak and the shape of the transition curve are in

fact consistent with published experimental data on plain carbon steels [43] (Fig. 3.5).

On applying this model [43] to experimental data on Fe-Mn-Mo-C alloys [44]' without

taking account of any effect of the substitutional alloying elements on carbide precipitation

kinetics, good agreement between theory and experiment is once again obtained (Fig. 3.6).

3.4 CEMENTITE PRECIPITATION FROM SUPERSATURATED AUSTENITE

Austenite is supersaturated with respect to cementite (0) precipitation when xl > xt; for

the bainite reaction, this means that xTo > xI8 since the growth of bainitic ferrite stops when

xl reaches the value xTo given by the To curve of the phase diagram. A consequence of the

precipitation of cementite from austenite is that its carbon concentration drops below xTo' so

that the growth of bainitic ferrite can continue to an extent larger than would be otherwise

possible. It is therefore important to be able to predict the kinetics of cementite precipitation

from the residual austenite, and the problem is one of nucleation and growth of cementite.

Assuming that the cementite forms by reconstructive transformation (the actual mecha-

nism has yet to be established), the incubation time T for nucleation can be estimated using

Russell's model [37,38]. The incubation time should decrease as the magnitude of the maximum

driving force for nucleation, !:i.Gm, increases (see equation 3.4). Our calculations based on the

assumption that the nuclei form with the equilibrium composition, indicate that the retardation

of cementite precipitation by silicon cannot be related to the nucleation stage, since silicon is

actually found to increase !:i.Gm (Fig. 3.7).

3.4.1 Effect of Alloying Elements on Cementite Growth

The growth rate is here estimated using the theory of diffusion-controlled interfacial motion.

Since the cementite particles found in bainitic microstructures are plate shaped and usually

have large aspect ratios, it may be a good approximation to represent the formation of these

plates using a one-dimensional parabolic thickening rate constant (a1), so that the plates are

essentially treated here as allotriomorphs. It is further assumed that any concentration gradients

can be approximated as being constant (after Zener) and the problem is studied for ternary

Fe-C-X alloys, where "X" denotes a substitutional solute; C and X are in the equations that

follow, identified using the subscripts 1 and 2 respectively. When local equilibrium is assumed to

exist at the transformation interface, it can be demonstrated using the methods of Kirkaldy and

Coates [45,46] that the parabolic thickening rate constant can be obtained from the simultaneous

solution of the following equations:
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(3.8)

(3.9)

(3.10)

(-'Y 'Y9)2
2 D'Y X2 - X2

0'1 = 22( 9'Y -'Y)( 9'Y 'Y9)·X2 - X2 X2 - x2

where xl and x; represent the average composition of the austenite, and X~:2 and xI~2 the

equilibrium compositions of the cementite and austenite respectively. 15J.l is the weighted
average diffusivity of car bon in the austenite, DI2 represents the dependence of the carbon flux

in austenite on the concentration gradient of the substitutional solute, and D;2 the diffusivity

of the substitutional solute in the austenite. The diffusion coefficient DI2 is given by

'Y

D'Y - D'Y f12Xl

12 - 11 1+ f X 'Y
11 1

where the f terms are the Wagner interaction parameters which arise in dilute solid solution

models, as discussed elsewhere [47]. It is assumed that the composition of the growing cementite

is uniform everywhere.

It is also possible that the cementite grows with paraequilibrium, in which case the iron

atom to substitutional solute atom ratio should be constant everywhere. The rate constant is

then given by:

(-'Y 'Y9)2
0'2 _ If' Xl - Xl
1 - 11 (9'Y -'Y)( 9'Y 'Y9) (3.11)

Xl - Xl Xl - Xl

Note that the concentration terms x~'Y and xI
9
now represent paraequilibrium rather than

equilibrium compositions of the two phases.

Fig. 3.8 shows the results of growth rate calculations, carried out assuming paraequilibrium

growth of cementite from austenite. It is evident that the growth of cementite is substantially

retarded by silicon.

3.5 STABILITY OF AUSTENITE AND EFFECT ON PROPERTIES

The mixture of bainitic ferrite and austenite is in principle an ideal combination from

many points of view [11-15]. Most modern high-strength steels are clean in the sense that

they are largely free from nonmetallic inclusions. Those destined for critical applications are

usually vacuum arc refined prior to fabrication and heat-treatment. As a consequence, it is the

components of the intrinsic microstructure, such as particles of cementite, which are responsible

for damage initiation. The upper bainitic ferrite and austenite mixture is however, free from

cleavage and void nucleating cementite. The ferrite also has a very low interstitial content, since

much of the excess carbon is partitioned into the residual austenite; the toughness of ferrite is

known to deteriorate rapidly with an increasing concentration of carbon in solid solution.

The microstructure derives its strength from the ultrafine grain size which results from the

displacive mechanism of ferrite growth, giving an effective grain size which is much less than

1 tt m. Such a small grain size cannot be achieved by any commercial process other than me-

chanical alloying (powder metallurgical process). A fine grain structure is an optimum method

for improving strength since unlike most other strengthening mechanisms, the improvement in
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strength is also accompanied by an improvement in toughness. The intimately dispersed and

ductile fcc austenite films between the ferrite platelets can be expected at the very least to

have a crack blunting effect, and could also make increase the work of fracture by undergoing

martensitic transformation under the influence of the stress field of the propagating crack (i.e.

the TRIP, or transformation induced plasticity effect [48,49]). The diffusivity of hydrogen in

austenite is relatively sluggish [50]' so that its presence can in some circumstances enhance

stress corrosion resistance [51,52]. And all these potential benefits can be achieved by cre-

ating a duplex microstructure with the cheapest austenite stabiliser available, carbon, whose

concentration in the austenite is enhanced during transformation, so that the average carbon

concentration of the steel need not be large.

In spite of all these potential advantages, the bainitic ferritejaustenite microstructure has

on many occasions failed to live up to its promise [11-15, 53]' primarily because of the instability

of relatively large or blocky regions of austenite which become trapped between sheaves of

bainite. The blocks of austenite tend to transform to high-carbon, untempered martensite

under the influence of small stresses and consequently have an embrittling effect. The films

of austenite that are trapped between the platelets of ferrite in a sheaf are much more stable,

partly because of their higher carbon concentration, and also because of the physical constraint

to transformation due to the close proximity of plates in all directions.

If it is assumed that a fraction 4J of a sheaf is consists of films of austenite, then it can be

demonstrated that the ratio of the volume fractions of film and blocky austenite (prior to any

martensitic transformation) is given by:

(3.12)

where V: and V-yB are the volume fractions of film and blocky type retained austenite re-

spectively, and Va and V-y the total volume fractions of bainitic ferrite and residual austenite

respectively. It is found experimentally that high strength and good toughness can be obtained

by maintaining the above ratio to a value greater than 0.9 [11,12]. The question then arises

as to the factors which control this ratio. There are in fact three different ways of minimising

the volume fraction of blocky austenite, each involving an increase in the volume fraction of

bainite.

Lowering the transformation temperature permits the bainite reaction to proceed to a

greater extent but there is a limit to the minimum transformation temperature since the lower

bainite and martensite reactions eventually set in. An increase in the extent of reaction can

also be achieved by reducing the overall carbon concentration of the steel, so that the austenite

reaches its limiting composition at a later stage of the reaction. The To curves of the phase

diagram, which determine the composition of the austenite at the point where the reaction

stops, can also be shifted to higher carbon concentrations by altering the substitutional solute

concentration of the steel. The effect on toughness in reducing the amount of blocky austenite

is very pronounced, with large reductions in the impact transition temperatures as the ratio

of film to blocky austenite is increased in the manner just described. Note that for a duplex

(}'+ 'Y microstructure, the strength actually increases as the fraction of bainitic ferrite increases,

so that the better toughness is obtained without sacrificing strength. Typical compositions of

high-strength steels which show good toughness are given in Table 3.1. Fig. 3.9 shows how the
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mechanical properties compare with quenched and tempered steels. It is evident that in some

cases, the properties match those obtained from much more expensive maraging steels.

Table 3.1 Chemical compositions (wt. %) of some successful alloys based on a mixed microstruc-

ture of bainitic ferrite and austenite.

C

0.22

0.40

Si

2.0

2.0

Mn

3.0

Ni

4.0

The properties of these steels improve only slightly when tempered at temperatures not

much higher than the transformation temperature at which the original bainite formed. How-

ever, annealing at elevated temperatures or prolonged periods at low temperatures can lead

to the decomposition of the austenite into ferrite and carbides, with a simultaneous drop in

strength and toughness, especially the upper shelf energy. The latter effect can be attributed

directly to the void nucleating propensity of carbide particles in the tempered microstructure,

as illustrated by the much smaller void size evident in the fracture surface of the tempered

sample.

The mechanical property data on these high silicon steels, especially those steels designed

using the phase transformation theory discussed earlier, look extremely promising. It is how-

ever, unlikely that the experimental steels represent the optimum compositions and further

development work could lead to even better properties. It is also necessary to carry out a

comprehensive assessment of properties such as stress corrosion resistance, fatigue etc.

3.5.1 Ductility

The influence of retained austenite on ductility has been studied mainly in steels contain-

ing a high silicon concentration, where cementite formation can be prevented, and consequently

large quantities of carbon-enriched austenite can be retained. Ductility as measured by tensile

elongation, reaches a peak (optimum) value as a function of the volume fraction of retained

austenite, when the amount of austenite is varied by altering the volume fraction of isother-

mal transformation to bainite [54]. Furthermore, the uniform elongation behaves in a similar

way to total elongation when plotted against the volume fraction of retained austenite. The

difference between the uniform and total elongation decreases as the optimum volume fraction

of retained austenite is reached; beyond the optimum value, tensile failure occurs before the

necking instability so that the difference between uniform and total elongation vanishes.

It seems that the best elongation behaviour is observed when the retained austenite is

present mainly in the form of films between the sub-units of bainite, rather than as blocky

regions between the sheaves of bainite [54]. Hence, the optimum retained austenite content

increases as the transformation temperature decreases, because the sub-unit thickness decreases,

permitting more of the austenite to be in the film morphology for a given volume fraction

of transformation to bainite. For the same reason, the elongation becomes less sensitive to

retained austenite content as the transformation temperature is reduced. While mechanically
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unstable austenite, i.e. the austenite which decomposes to deformation induced martensite, is

recognised to cause a deterioration in toughness for bainitic steels [11,12,53], this is not the

case for ductility, presumably because of the TRIP effect and the lower strain rates involved in

conventional tensile tests.

It must be emphasised that all these results are very difficult to interpret quantitatively.

Changes in retained austenite content cannot easily be made without altering other factors

such as the tensile strength and the distribution of the austenite. For example, Miihkinen and

Edmonds [14] have reported a monotonic increase in uniform and total ductility with retained

austenite content. The latter was varied by altering the transformation temperature, so that

the strength increased as the austenite content decreased.

3.6 SUMMARY

A start has been made on the complicated problem of predicting the microstructure of

bainitic steels, by developing an approximate method of calculating the time-temperature-

transformation diagram for the formation of bainite. There remain significant difficulties: future

work will have to address the problem of chemical segregation, nonuniform distribution of

carbon in any residual austenite, more complete models for carbide precipitation during bainitic

transformation, and other problems highlighted in Fig. 3.1. It should nevertheless be possible

to give good hints on the expected changes of microstructure and mechanical properties as alloy

chemistry and thermal treatments are varied. Steady progress is also being made in evaluating

the relationships between microstructure and mechanical properties, although more research is

needed to establish these on a quantitative basis.
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MODELLING OF BAINITIC MICROSTRUCTURES

I
(carbide-free bainite J (Conventional bainiteJ

I
Bainitic ferrite nucleation and

growth kinetics

I
Effect of solidification induced

chemical segregation

I

Nonuniform distribution

of carbon

I

Intragranular nucleation on

inclusions

I
Martensitic decomposition of

carbon-enriched austenite

Carbide precipitation

from austenite

Carbide precipitation

from supersaturated

ferrite

Transition from upper

to lower bainite

Fig. 3.1 Flow chart summarising the aspects of transformation which need to be addressed in order
to be able to generally predict the microstructure of bainitic steels.
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An analysis of published data [35] on the carbon concentration of retained austenite in
a mixed microstructure of bainitic ferrite, martensite and retained austenite. The cal-
culations of the Ae~ and To curves were carried out as described in [11,12]. Usui et al.

[35] measured the lattice parameter of austenite and used a relationship between the pa-
rameter and carbon concentration to deduce the data illustrated by curve 1. A better
parameter/carbon relation is used here to generate curve 2. It is evident that there is good
agreement of the austenite composition with that predicted by the To calculations.
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Fig. 3.4 Prediction of the upper to lower bainite transition temperature as a function of the carbon
concentration for a series of plain carbon steels [43]. Bs, L s and NI s represent the bainite-
start, lower bainite-start and martensite-start temperatures. Both calculation and tlleory
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CHAPTER 4

REAUSTENITISATION FROM A MIXTURE OF BAINITE AND AUSTENITE

4.1 INTRODUCTION

In this chapter, reaustenitisation from a mixture of ferrite and austenite is studied since it

may then proceed only by the growth of pre-existing austenite. The nucleation of austenite may

not therefore be a controlling factor. For this purpose, a mixture of bainitic ferrite and residual

austenite was selected as the initial microstructure. Prior to reaustenitisation experiments from

a mixture of bainitic ferrite and austenite, the bainite transformation itself was studied to better

understand the mechanism of transformation. Fe-C-Cr and Fe-C-Si-Mn alloys were used for

this purpose.

4.2 EXPERIMENTAL PROCEDURE

A Fe-0.30C-4.08Cr wt.% ternary alloy was used to study reaustenitisation from a mixture

of a bainitic ferrite and austenite. The same material has been studied separately by Bhadeshia

[1,2] .

All dilatometry was performed on a Theta industries high speed dilatometer, which has a

water cooled radio-frequency furnace of essentially zero thermal mass, since it is only the speci-

men which undergoes the programmed thermal cycle. The length transducer on the dilatometer

was calibrated using a pure platinum specimen of known thermal expansion characteristics. The

dilatometer has been specially interfaced with a BBCj Acorn microcomputer so that length, time

and temperature information can be recorded at microsecond intervals during the heat cycle,

and the data are stored on a floppy disc. The information is then transferred to a mainframe

IBM3084 computer for further analysis. Specimens for dilatometry were machined in the form

of 3 mm diameter rods with about 20 mm of length. To avoid surface nucleation and surface

degradation, they were plated with nickel. This nickel plating process is in two stages; nickel

striking and nickel plating. Striking was carried out in a solution made up of 250g nickel sul-

phate, 27 ml concentrated sulphic acid and distilled water, amounting to one litre in all, at 50 °C

with a current density of 7.75 mAmm-2 for three minutes. The plating solution consisted of

l40g nickel sulphate, l40g anhydrous sodium sulphate, 15g ammonium chloride and 20g boric

acid, was made up to one litre with distilled water. The plating was carried out at 50 QCwith

a current density of 0.4 mA mm-2 for fifteen minutes. This two processes finally give a plate

thickness of approximately 0.08 mm.

Isothermal and continuous heating reaustenitisation experiments from a mixt ure of bainitic

ferrite and austenite have been carried out on the dilatometer. All specimens used in the

experiments were heated at 1l00°C for 30 min and quenched in water with ice, to get a

martensitic microstructure prior to the actual heat treatments.

In order to obtain a mixture of bainite and austenite, specimens were reaustenitised at

1000 °C for 10 min and quenched to selected bainite transformation temperatures, 420, 448,

472 °C and held there for 30 min. The quenching from the reaustenitising temperature to the

bainite transformation temperatures was conducted in the dilatometer using helium gas giving

about 30 °C S-l of cooling rate between 800 °C and 500 °C, where the diffusional transforma-

tion of austenite was expected to occur. The calculated [3] time-temperature-transformation
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(TTT) curve for the Fe-0.3C-4.08Cr wt.% alloy is shown in Fig. 4.1. According to this calcula-

tion, the equilibrium transformation temperature from austenite to ferrite Ae3, paraequilibrium

transformation temperature from austenite to ferrite Ae~, bainite-start temperature Bs and

martensite-start temperature Ms are 781, 730, 492, 348 °C respectively. As it can be seen in

the figure, the depressed diffusional C-curve (upper C-curve) makes the formation ofbainite di-

rectly from austenite easy. In fact, no evidence of transformation during helium quenching was

observed from the length change of the specimens on quenching to the bainite transformation

temperatures.

Following to isothermal transformation to a mixture of bainite and residual austenite, the

specimens were heated directly to isothermal reaustenitisation temperatures of interest with-

out being cooled below the bainite transformation temperatures. Isothermal reaustenitisation

experiments were carried out at temperatures between 720 °C and 820 °C with a rapid heat-

ing from the bainite transformation temperatures at around 500 °C S-l. Continuous heating

reaustenitisation experiments at heating rates between 0.1 and 11.0 °C S-l were also carried

out to study the formation of austenite on heating. We emphasize again that the reausteniti-

sation treatments were started directly from the bainite transformation temperatures after 30

min of isothermal holding without cooling below it (Fig. 4.2).

After the isothermal reaustenitisation at each reaction temperature, the specimens have

been helium quenched to ambient temperature to freeze the completely or partially transformed

austenite into untempered martensite for metallographic study and other experiments.

Prior to the experiments, all specimens were homogenised at 1250°C for 3 days while

sealed in quartz tubes containing a partial pressure of pure argon, and they were quenched into

iced-water to get fully martensitic microstructure.

Optical microscopy was carried out on an Olympus microscope and photographs were taken

by using an Olympus camera fitted to the microscope. Specimens were hot mounted in acrylic

plastic, and ground on silicon carbide paper to a sufficient depth to remove any unrepresentative

surface, and then mechanically ground down to 1200 grade emery paper and finally polished

with 6 and 1 /lm diamond pastes. Before optical microscopy, specimens were etched using 2%

nital.

Microhardness measurements were done on a Leitz hardness measuring digital eyepiece

with the option of Vickers hardness tester to which a computer-count er-printer is attached.

Specimens were polished and etched by 2% nital before the measurements. The indentation

load applied was selected either 0.0981 N or 98.1 N in each case.

Thin foil specimens were prepared for transmission electron microscopy from 0.25 mm thick

discs slit from specimens used in the dilatometry. The discs were ground to about 0.04 mm

by abrasion on 1200 grade emery paper and then electro-polished in a twin jet electro-polisher

using a 5% perchloric acid, 25% glycerol and 70% ethanol mixture solution either at ambient

temperature or at around 0 cC, and 50 V. The microscopy was conducted on either a Philips

EM300 or a Philips EM400T transmission electron microscopes operated at 100 or 120 kV.

4.3 BAINITE TRANSFORMATION

Isothermal experiments were conducted to examine the nature of bainite transformation

which is used to obtain the initial microstructure for reaustenitisation experiments. Fe-2.0Si-

3.0Mn wt.% systems with four different carbon contents; 0.059, 0.12, 0.22 and 0.43 wt%, were

studied as well as the Fe-0.3C-4.08Cr wt.% alloy.
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4.3.1 Bainite transformation in the Fe-O.3C-4.08Cr wt. % alloy

Three bainite transformation temperatures were selected to obtain three different mixtures

of bainite and residual austenite. The relative length changes during isothermal bainite trans-

formation at these temperatures are shown in Fig. 4.3. It can be seen that 30 min of holding at

each bainite transformation temperature is long enough to allow the specimen to stop reacting.

In interpreting the experimental data, it is usually assumed that the dimensional change

observed during isothermal reaction is proportional to the volume fraction of transformation,

and it is sometimes assumed that the point where dimensions cease to change represents a 100%

of transformation. When reaction ceases before the parent phase has completely transformed,

it is useful to be able to calculate the volume fraction of product phase that has been obtained.

For the transformation of austenite er) into a mixture of bainitic ferrite and carbon-enriched

austenite, Bhadeshia [3] has shown that the relative length change can be related to the volume

fraction of ferrite (Va) by the equation:

with

!:i.L

L

2Vaa~ + (1 - Va)a~3 - a~

3a3-y
(4.1)

where

aa = aao(1 + 13a(T - 300))

a-y = a-yo{x1, xl}[1 + 13-y(T - 300)]

a; = a-yo{ xi, xl} [1 + 13-y(T - 300)]

(4.2)

: length change due to transformation per unit length,

: linear thermal expansion coefficients of ferrite and austenite respectively, K-1,

average carbon content in the steel, mole fraction,

alloy concentrations in austenite, mole fraction; i's denote different alloying element,

carbon content of residual austenite at any stage of the reaction, mole fraction,

lattice parameter of austenite at ambient temperature as a function of chemical concen-

trations in the austenite,

: lattice parameter of austenite at the reaction temperature before the reaction,

: lattice parameter of austenite at reaction temperature at any stage of the reaction,

: lattice parameter of ferrite at ambient temperature (300 K),

aa : lattice parameter of ferrite at reaction temperature.

In equation (4.1), it is assumed that ~L is a third of the relative volume change a:; this
is a very good approximation since the changes in density during transformations in steels are

small. For the same reason, the implicit assumption that mass fractions are identical is also

justified. If this last assumption is avoided, we obtain [4]:

{ [ ] }

1/3
!:i.L 1 2a3 a*3
_ - 1+ - a -y _ a3 - 1
L - a~ Vaa~3 + 2(1 - Va)a~ -y

However the difference between the results from equation (4.1) and (4.2) is found to be

negligible. The factor of two in the numerator of equation (4.1) arises because the unit cell of

ferrite contains two iron atoms whereas that of austenite has four.
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Note that equation (4.1) can be used for all situations where austenite decomposes into a

mixture of carbon-enriched residual austenite and ferrite, and furthermore, the ferrite mayor

may not be supersaturated with respect to carbon, since the effect of excess carbon is manifested

in an alteration of the lattice parameter of the ferrite. Using a similar method, the following

equation can be derived for the case where cementite precipitation occurs in conjunction with

ferrite formation from austenite [4]:

!:i.L

L

2Vaa~ + Vea~/3 + (1 - Va - Ve)a;3 - a~

3a3
i

(4.3)

where

Ve volume fraction of cementite,

a~ : aebece,

ae, be, ce : lattice parameters of cementite, which are 4.51,5.08 and 6.73 A at ambient temperature

respectively.

The volume fraction of cementite, where the total carbon content in ferrite including any

cementite particles is S, can be obtained as follows assuming all carbon atoms in the ferritic

matrix are locked in cementite:

with

v: __ l_
e - 1+ k

e
(4.4)

(4.5)

where xg is iron mole fraction in ferrite.

The dependence of the lattice parameter of austenite on alloying elements was reported by

Ridley et al. [5] and Dyson and Holmes [6]' giving,

aiD =3.573 + 0.0065C + 0.0010Mn - 0.0002Ni + 0.0006Cr + 0.0056N + 0.0028AI

- 0.0004Co + 0.0014Cu + 0.0053Mo + 0.0079Nb + 0.0032Ti

+ 0.0017V + 0.0057W

where chemical composition and aiD are measured in at% and A respectively.
The carbon concentration of resid ual austenite xl is related to the volume fraction Va of

ferrite or ferrite and cementite transformed, and expressed by :

i xl - VaS
Xl = ----

1- Va

Therefore the lattice parameter of austenite in the equations changes with the volume fraction

of ferrite or ferrite and cementite.

Fig. 4.4 represents the relations between volume fractions transformed and corresponding

relative length changes during transformation at 4200 C to ferrite with 0.03 wt. % carbon, to

supersaturated ferrite with 0.2 wt.% carbon and to a mixture of carbon free ferrite and cementite

with 0.2 wt. % of carbon locked in the transformed phases altogether respectively. In these
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calculations, the expansion coefficients of ferrite and austenite are taken to be 1.1826 x 10-5

and 1.8431 X 1O-5K-1 [3), and the linear expansivity of cementite is assumed to be the same

as that of ferrite. It is evident that the linearity between volume fraction of transformation

products and corresponding relative length change is preserved, at least, up to 0.7 of the volume

fraction.

It is emphasized however in equations (4.1), (4.2) and (4.3) that it is never justified that the

maximum length change observed during isothermal transformation corresponds to the com-

plete transformation of austenite [4]. Bainite transformation in steels is considered to be a good

example of this. Although the growth of bainitic ferrite is displacive and diffusionless, carbon

redistribution can occur after the reaction because bainite transformation usually takes place

at higher temperatures where carbon atoms can still move very quickly. As a consequence,

the carbon enrichment of residual austenite occurs. The following formation of bainitic ferrite

occurs from the carbon-enriched residual austenite causing further enrichment of carbon in the

residual austenite. When the carbon concentration in residual austenite reaches the T~ curve

(where ferrite, whose free energy has been raised by a stored energy term (400 Jmol-1 [7])

associated with the transformation strain, and austenite of identical composition have the same

free energy) further diffusionless formation of ferrite becomes thermodynamically impossible

since it requires a positive free energy change as shown in Fig. 4.5: this is referred to as the in-

complete reaction phenomenon. Therefore even when the reaction is observed to have stopped,

carbon enriched austenite can still exist if other competing processes such as cementite precipi-

tation directly from the carbon enriched austenite and reconstructive formation of ferrite, such

as pearlite formation do not overlap the reaction. This can actually be seen in Fig. 4.6 where a

relative length change during helium quenching after the completion of bainite transformation

at 420 QC is presented. There is an expansion which corresponds to martensitic transformation

of untransformed austenite at 420 QC on cooling.

The calculated carbon concentrations of residual austenite after 30 min of isothermal hold-

ing at 420, 448 and 472 QC in the Fe-0.3C-4.08Cr wt.% alloy were plotted in Fig. 4.7, where the

calculated Ae3, Ae~, To and T~ curves were also drawn. The calculation of the Ae3 curve is

based on the work reported by Gilmour et al. [8] and Kirkaldy et al. [9), and the other values

are calculated according to Bhadeshia's work [10]. The error bars correspond to the values of

the carbon content offerrite, 5, between 0.03 and 0.2 wt.% [3]. The calculated carbon contents

of residual austenite from the maximum relative length change during the isothermal bainite

transformation are in good agreement with the T~ curve. This shows that bainite transfor-

mation ceases well before the equilibrium condition is achieved, thus establishing that bainitic

ferrite grows by a diffusionless transformation mechanism with carbon redistribution after the

initial growth event.

The microstructure of a specimen which was helium quenched after 30 min of isothermal

bainite transformation at the temperature consists of martensite, which was austenite before

the helium quench, and some retained austenite and bainite (Fig. 4.8), as it was expected from

the TTT curve of the material used (see Fig. 4.1) and its thermal history. Micro-hardness

measurements show 802 Hv{10g} for martensite which is the white etched area in the picture

and 550 Hv{10g} for bainite.

As it can be seen in a TEM micrograph of a specimen quenched after the termination of bai-

nite transformation at 420 QC (Fig. 4.9), the initial microstructure shows a typical lower bainitic

microstructure. An average thickness of the residual austenite films was about 0.04JLm whereas
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the average thickness ofbainitic ferrite plates was found to be 0.3JLm. The ferrite matrix (which

is plate or lath in shape) contains cementite particles as it can be seen in the figure. As discussed

in Chapter 2, the cementite particles in lower bainite are considered to have precipitated directly

from carbon supersaturated bainitic ferrite. The cementite particles which can be seen within

bainitic ferrite seem to have a very similar orientation as it can be seen in the TEM micrograph.

It is usually said that cementite particles which precipitate from carbon supersaturated bainitic

ferrite show a single variant; this can be seen in Fig. 4.9. This is sometimes taken as evidence

of cementite precipitation at interfaces between bainitic ferrite and austenite matrix, instead

of within the bainitic ferrite. It is not understood why cementite particles in lower bainite

have a single variant. However, a multi-variant cementite precipitation is also observed in some

cases although the possibility of a sectioning effect has not been assessed. Fig. 4.10 shows a

TEM micrograph of the Fe-0.3C-4.08Cr wt. % alloy isothermally held at 478 a C for 23 days after

austenitisation at 1000 ac. The microstructure is still a mixture of bainite and austenite, and

the bainitic ferrite seems to contain multi-variant cementite precipitation.

4.3.2 Bainite transformation in Fe-2.0Si-3.0Mn system

In order to investigate the formation of ferrite without carbide, Fe-Si-Mn alloys with dif-

ferent levels of carbon content were examined. A Mn addition can suppress the upper (recon-

structive) C-curve, and provides a remarkable difference in incubation periods for the displacive

and reconstructive formation of ferrite below the Bs temperature. Since the solubility of Si in

cementite is extremely small, a Si addition can retard remarkedly the cementite precipitation

from untransformed carbon enriched austenite. Therefore, the alloys are ideal for examining

the formation of ferrite from austenite without any carbide precipitation throughout a wide

range of reaction temperatures. The materials used in the present experiment were Fe-2.0Si-

3.0Mn wt.% alloys with 0.059, 0.12, 0.22 and 0.43 wt% of carbon respectively. All specimens

were homogenised at 1250 a C for 3 days prior to the experiments. After being heated to 950 a C

for 10 min, specimens were helium quenched to and held at various ferrite formation tempera-

tures for an extended period of time in the dilatometer which allows the specimens to complete

the reaction. First the bainite transformation temperature for each alloy was selected as such

to give the identical free energy change due to the transformation from austenite to ferrite:

-615 Jmol-
1

calculated as discussed by Bhadeshia [11]. The bainite transformation temper-

atures used in the experiment were listed in Table 4.1 for each alloy with its bainite-start

and martensite-start temperatures. In addition to these temperatures, a bainite transforma-

tion temperature, 270 a C for Fe-0.43C-2.0Si-3.0Mn wt. % alloy at which austenite is expected

to transform to lower bainite instead of to upper bainite, and temperatures between 400 and

500 ac for the Fe-0.12C-2.0Si-3.0Mn wt.% alloy were used to examine the incomplete reaction

phenomenon in bainite transformation.

The relative length changes obtained during the bainite transformation are shown in

Fig. 4.11. It can be seen that the holding time is long enough to allow the reaction to cease

during the isothermal holding at each reaction temperature. Typical TEM micrographs for

upper and lower bainite obtained in the present experiments in the Fe-0.43C-2.0Si-3.0Mn wt.%

alloy are shown in Fig. 4.12. The relative length changes were then converted to the volume

fractions of ferrite transformed during the isothermal holding and the carbon concentrations in

untransformed austenite using equation (4.1). The calculated results can be seen in Table 4.2.

These calculated carbon concentrations at the end of the bainite transformation were plotted
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Carbon content wt% Tb' ° C Bs Ms

0.059 495 545 422

0.12 470 515 388
0.22 435 475 337

0.43 350 398 227

Table 4.1: Bainite transformation temperature Tb for each alloy used in the experiment at which

the free energy change due to ferrite transformation is identical; i.e. -615 Jmol-i. Calculated

B s' and Ms temperatures are also listed.

in a calculated phase diagram of Fe-2.0Si-3.0Mn wt.% system (Fig. 4.11). It can be clearly

seen that the bainite transformation has terminated far before the residual austenite reaches

its equilibrium in the system, and that the carbon concentrations in the residual austenite are

close to the T~ curve even in the case of lower bainite transformation at 270 °C in the Fe-O.43C-

2.0Si-3.0Mn wt.% alloy. The calculated result for 270 °C in Table 4.2 did not take into account

of cementite precipitation in ferrite. When the total carbon content in ferrite including any

cementite is altered up to 0.2 wt.%, the calculated xl varies between 0.028 and 0.030 mole

fraction.

Carbon content, wt% Tb' ° C

0.059 495
0.12 470
0.22 435
0.43 350
0.43 270

t::.L/L

0.00318
0.00334
0.00226
0.00343
0.00299

x I, mole fraction

0.004
0.010
0.014
0.035
0.030

Table 4.2: Carbon concentration in residual austenite calculated by equation (4.1).

A TEM micrograph of a specimen which was allowed to transform partially to bainite

at 350 °C shows that a bainite sheaf consists of many small units of bainitic ferrite plates

which form side by side. An extension of bainite sheaf seems to stop at a prior austenite grain

boundary or when it encounters one of the neighbouring bainite sheaves as can be seen in

Fig. 4.13. Although it is not clear from the micrograph, the two bainite sheaves which touch

may have started from different points in the same austenite grain, since an identical origin of

the start of the extension of a bainite sheaf may have one direction of propagation.

Fig. 4.14 shows a lower bainite microstructure obtained at 270 °C. Untransformed austenite

is trapped between two adjacent bainitic ferrite plates.

As clarified by isothermal bainite transformation experiments in the Fe-2.0Si-3.0Mn and

Fe-0.3C-4.08Cr wt.% alloys, transformation stops when the average carbon concentration in

austenite reaches the To or the T~ curves. This means that the microstructure at the completion

of bainite transformation consists of bainitic ferrite and austenite as long as no additional

reaction, such as cementite precipitation from untransformed austenite or pearlite formation,

overlaps with the bainite reaction. Therefore a mixture of bainitic ferrite and austenite can be

obtained easily for use as an initial microstructure for reaustenitisation experiments.
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4.4 ISOTHERMAL REAUSTENITISATION FROM A MIXTURE OF

BAINITE AND AUSTENITE

Isothermal reaustenitisation from a starting microstructure of bainitic ferrite and residual

austenite was studied in the Fe-0.3C-4.08Cr wt. % alloy (heat cycle 3 in Fig 4.2). The nucleation

of austenite is therefore unnecessary during reheating experiments thereby allowing growth

effects to be studied in isolation.

4.4.1 Microstructural study

A bainite transformation temperature of 4200 C was used to obtain a mixture of bainite

and austenite as the initial microstructure for the experiments.

Optical and transmission electron microscopy was carried out on specimens quenched after

30 min of isothermal reaustenitisation at different reaustenitisation temperatures. No transfor-

mation except martensitic transformation was detected during the helium quench to ambient

temperature.

Optical micrographs of isothermally reaustenitised specimens are presented in Fig. 4.15.

The white areas correspond to martensite, which was austenite at the reaction temperature, and

the dark etched area is tempered bainite which remained untransformed during austenitisation.

The volume fraction of austenite increases with the reaction temperature and reaches unity

above 805 °C (Fig. 4.15). At a temperature slightly below 8050 C, the martensitic microstructure

shows traces of a residual bainitic microstructure indicating the existence of some chemical

heterogeneity.

Although the volume fraction of austenite changes significantly with the reaction tem-

perature, the morphology of the untransformed bainite does not show large differences. This

suggests that reaustenitisation proceeds by the dissolution of the bainitic ferrite and there was

no evidence of independent nucleation of austenite. The pre-existing austenite simply grows by

the motion of the original Q:bh interfaces as discussed by Yang and Bhadeshia [12-14].

A typical TEM micrograph of a specimen quenched after isothermal reaustenitisation is

shown in Fig. 4.16. A bainitic structure still remains after 30 min of isothermal reaustenitisa-

tion at 781 0 C. Since cementite is not stable at that temperature, the lower bainitic cementite

precipitates have disappeared completely, and new precipitates, larger in size and located rather

randomly in the tempered ferrite matrix were observed. These precipitates are expected under

equilibrium conditions to be M7C3 chromium rich carbides confirmed by a convergent beam

diffraction pattern (Fig. 4.17). Fig. 4.17 also shows that the average thickness of austenite is

around OApm, which is far larger than that in the initial microstructure. This shows that the

reaustenitisation progresses by the thickening of pre-existing austenite films at the expense of

ferrite.

A TEM micrograph of a specimen reaustenitised at 778 °C is presented in Fig. 4.18. A

grain boundary between the austenite and ferrite matrix can be seen in the micrograph. The

dislocation density in the ferrite was found to be very low because it has been tempered at

778 °C for 30 min during the austenitisation heat treatment. The M7C3 precipitates were also

found in the specimen. However, the size of the precipitates found in the tempered ferrite

matrix was larger than those in austenite. The average particle size in the ferrite matrix was

about 0.3pm compared to around 0.06pm in the austenite region. This may be understood as

follows. Since the solubility of chromium in austenite is higher than that in ferrite, the particles

which have precipitated in ferrite dissolved in austenite after being engulfed by the austenite.

As a result, fine precipitates, which may have been dissolving during the reaction, but have not

87



had enough time to dissolve completely, can be found in the austenite. This is also supported
by the fact that the advancing interface in Fig. 4.18 seems to have been growing towards the
particles which locate in ferrite matrix. The same feature can be seen in Fig. 4.19 where no
particles were observed in austenite whereas precipitates, about 0.2 p,m in diameter, were found
in ferrite.

The micro-hardness measurements (Fig. 4.20), show an increase in hardness with the re-
action temperature. Since the hardness of martensite depends mainly on the carbon concen-
tration, the hardness of martensite should be higher at a lower reaustenitisation temperature,
where a higher carbon concentration in austenite is expected as long as there is no phase other
than ferrite and austenite. There is, however, M7C3 carbide at these temperatures which may
reduce the carbon concentration in austenite. As it is discussed in Chapter 6, the equilibrium
carbon concentration in austenite decreases with superheat in the Q' + 'Y + M7C3 region. In
the 'Y + M7C3 region, on the other hand, the carbon concentration increases with temperature.
Chromium concentration, however, increases mono tonically with temperature. As a result, the
hardenability of austenite seems to increase with austenitisation temperature.

4.4.2 Dilatometry

A contraction of specimens during reaustenitisation is expected to occur due to the dif-
ference in the density between austenite and ferrite. Typical relative length changes obtained
during isothermal reaustenitisation are shown in Fig. 4.21.

In the case of high reaustenitisation temperatures, reaction starts during heating in spite
of the high heating rate. Therefore in order to obtain the total degree of transformation at the
reaction temperature, the relative length change should be corrected as follows [15]. Since the
length change during up-quenching was recorded by the computer, the correction can be done
easily as shown in Fig. 4.22. If there is no transformation during heating, the length of the
specimen will vary approximately linearly with temperature due to the constant expansivity
of the initial phase. Therefore the deviation from the straight line which corresponds to the
linear thermal expansion of the initial microstructure must due to the transformation which
occurred on heating. If the low temperature part of the curve is extrapolated to the reaction
temperature, the vertical difference between the extrapolated line and the act uallength change
curve gives the true length change due to the transformation, as if no reaction had occurred
during heating to the isothermal transformation temperature. As a result, the maximum relative
length change due to the whole transformation should be t1Lm instead of t1Li illustrated in
the figure. This correction can be regarded as a temperature correction of the data. Consider
a point i in a length versus temperature plot, with coordinates Li and Ti. The contributions
to the term Li arises from thermal expansion and dimensional changes due to transformation
during heating to the isothermal reaustenitisation temperature T-y. We need to remove the
effect of the transformation during heating to T-y. This can be done by adding to Li, the length
increment associated with heating from Ti to T-y, so that the corrected length Li is given by;

(4.6)

where l3i indicates the thermal expansivity of the initial microstructure obtained from the
up-quenching part of the data. The corrected relative length changes for the data shown
in Fig. 4.22 are plotted in Fig. 4.23. The maximum relative length change t1Lm is also
indicated in the figure. The relative length changes during isothermal reaustenitisation at
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different reaction temperatures are compared in Fig. 4.24; these data have been temperature
corrected using equation (4.6). At each reaction temperature, the relative length decreases
rapidly at the beginning of the reaction. Then the reaction rate becomes sluggish and reaches
a saturation value. Not only the maximum relative length change but also the reaction rate
increases with reaction temperature. The maximum length changes b.Lm due to the isothermal
reaustenitisation at different reaction temperatures are plotted in Fig. 4.25. The b.Lm increases
with the reaction temperature and reaches the maximum value at around 790°C.

Any further increase in the reaction temperature did not result in an increase in relative
length change: a slight decrease in the relative length change is observed between 805 and
820 °C. This can be understood as follows. The relative length change due to the 100% trans-
formation can be obtained as the difference in the mean atom spacing in ferrite and in austenite
at the temperature: the mean atom spacing in austenite is smaller than that of in ferrite. How-
ever the thermal expansivity of austenite is larger than that of ferrite, the higher the reaction
temperature the smaller the difference in the mean atom spacing is, hence the smaller relative
length change due to the 100% transformation at the temperature is obtained (Fig. 4.26). While
the maximum degree of the transformation increases with the reaction temperature, the relative
length change due to the reaction increases until the reaction temperature is raised to the point
above which the 100% reaustenitisation can occur. A further increase in the reaction temper-
ature, however, causes the decrease in the relative length change due to the reaustenitisation
because of the difference in the thermal expansivities of ferrite and austenite. Therefore the
maximum in the relative length change is obtained at a certain temperature which corresponds
to the Ae3 temperature of the system.

Martensite transformation occurs during helium quenching after 30 min of isothermal
reaustenitisation. The relative length changes during quenching are shown in Fig. 4.27. The
higher temperature part in each graph shows a straight line corresponding to thermal con-
traction of the microstructure obtained at the end of the isothermal reaustenitisation. The
relative length change due to transformation during quenching (Fig. 4.27 e) is due to marten-
sitic transformation. Fig. 4.27 f shows that the relative length changes are almost the same at
the reaction temperatures 805°C and 815 °C corresponding to martensitic transformation from
fully austenitic microstructures, consistent with the results discussed above.

4.4.3 Equilibrium study of the maximum degree of the reaction

As discussed by Yang and Bhadeshia [12,13], reaustenitisation from a mixture of austenite
and bainite or acicular ferrite starts when the reaction temperature is raised to the Ae3 tem-
perature T"(l of residual austenite in the initial microstructure, whose carbon concentration is
given by the T~curve at the bainite or acicular ferrite transformation temperature. And partial
reaustenitisation is expected to occur between T"(l and T"(2 (the Ae3 temperature of the steel).

The temperatures, T"(l' and T"(2' above which the completion of reaustenitisation occur in
the Fe-0.3C-4.08Cr wt.% alloy can be then obtained from the phase diagram shown in Fig. 4.28.
For the material used in the present experiment, the carbon content of residual austenite after
the cessation of bainite transformation at 420 °C was calculated to be 0.00228 in mole fraction
which is xT' at 420°C. Paraequilibrium is assumed here for the calculation at 420°C. The

o
calculated Ae3 temperatures of austenite with its carbon concentration identical to 0.00228
and the bulk carbon concentration are used to determine the temperatures T"(l and T"(2' The
temperature range of partial reaustenitisation was found to be between T"(l = 751 °C and
T"(2 = 781 ° C. The equilibrium volume fraction of austenite at a temperature between these
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two temperatures can be calculated from Ae3 curve of the system as discussed earlier [12-14].
In the case where the carbon content of ferrite is not negligible, however, the volume fraction
of austenite should also be a function of carbon concentration in ferrite transformed

(4.7)

where S is carbon content of ferrite (the carbon may be in solution or in the form of precipitates
in the ferrite). The calculated equilibrium volume fraction of austenite V-y is listed in Table 4.3,
where the value S has been assumed to be 0.2 wt%.

Temperature, 0 C XAe3' at.% V-y

750 2.30 0.33
755 2.16 0.38
760 2.01 0.42
765 1.86 0.48
770 1.72 0.57
775 1.57 0.70
780 1.42 0.91

Table 4.3: Equilibrium volume fractions of austenite at different temperatures calculated from
equation (4.7)

To calculate the relative length change from the equilibrium volume fraction of austenite,
three different reactions were assessed:

(1) Q' + I'(x-y = XT~) ---+ I'(x-y = XAe3) + Q'

(2) Q' + B + I'(x-y = XT~) ---+ I'(x-y = X Ae3) + Q' + B
(3) Q' + B + I'(x-y = XT~) ---+ I'(x-y = X AeJ + Q' + B no dissolution of B
In case (1), the starting microstructure assumed to be a mixture of ferrite (Q'), whose carbon
content is negligibly small, and austenite h) whose carbon concentration can be determined by
the T~ curve at the bainite transformation temperature Tb' and the final structure of a lower
quantity of ferrite and austenite with its carbon concentration is identical to that given by the
Ae3 curve at the reaustenitisation temperature. For case (2), the starting structure is assumed
to be a mixture of ferrite with zero carbon content, cementite (B) and austenite with its carbon
content identical to the value at the T~ curve. The final stage, in this case, is assumed to be a
mixture of ferrite with zero carbon, cementite and austenite with the carbon content identical
to the equilibrium value. The ratio of the volumes between ferrite and cementite is assumed
to be the same during the reaction. In the last case, (3), the same initial structure as in the
case (2) and a mixture of ferrite, cementite and austenite with the carbon content identical to
the equilibrium value for the final structure are assumed. So that, in this case, no dissolution
of cementite in austenite is assumed. The conversion of the equilibrium volume fraction of
austenite into relative length change can be done using the following equations:
For case (1);

t:..L !a;3V-y + 2a~(1- V-y) - a~V-yo - 2a~(1- V-yo)
L 3 a~ V-yo + 2a~ (1 - V-yo)
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For case (2);

(4.9)
For case (3);

with

!:::.L

L
1 a;3V, + 2a~(1- V, - Veo) - a~V,o - 2a~(1- V,o - Veo)
3 a~V,o + 2a~(1- V,o - Veo)+ ~a~Veo

aa = aao(1 + f3a(T - 25))

a, = a,o(1 + f3,(T - 25))

a~ = a~o(1+ 1,(T - 25))

(4.10)

where
V,o = volume fraction of austenite in the initial microstructure,
V, = volume fraction of austenite at any stage of the reaction,
Veo = volume fraction of cementite in the initial microstructure,

The volume fraction of cementite in the initial microstructure, where the average car bon content
in ferrite including cementite particles is 5, can be obtained as follows assuming all carbon atoms
in ferrite are locked in as cementite particles:

1
Veo= --k-(l - V,o)

1+ e
with

a3(1 - 3~)a x"
ke = 31 S D

a !:I 2 xo
The relative length change due to complete reaustenitisation at each temperature can be then
calculated by setting V, = 1 in the equations.

The calculated relative length changes for each case are drawn in Fig. 4.29, where aa =
2.866 A (after Bhadeshia [3]), f3a" = 1.244x1O-5, 2.065x10-5 K-1 (obtained in the present
work from continuous heating experiments with the starting structure of martensite) and the
same expression as the previous section for the thermal expansivity of austenite as a function
of alloying element compositions was used. The thermal expansion coefficient of cementite was
reported to increase with temperature [16]. Using data published by Stuart and Ridley [16] the
expression of the mean linear expansion coefficient as a function of temperature was obtained
as follows:

f3e = 5.4872 x 10-6 + 3.6450 x 1O-9T + 9.2833 X 1O-12T2

where T is temperature in DC. Although the data were available only up to 700 DC, this ex-
pression was assumed without any justification to be applicable at higher temperatures than
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7000 C. It may be worth noting that the thermal expansivity of cementite is very close to that
of ferrite at temperatures where reaustenitisation occurs.

For cases (1) and (2), there are rather big discrepancies between the experimental data
and calculated values. The value obtained for the maximum relative length change at around
8000 C differs significantly from that given by the two calculations. The calculated slope for the
partially reaustenitised part, however, seems very similar to that obtained in the experiments
although there is about 10 or 150 C difference between the calculations and experimental results.
The maximum relative length changes which correspond to full transformation into austenite;
i.e. the cases reaustenitised at 805 and 815 °C, are well expressed by case (3), where the cemen-
tite is assumed not to dissolve in austenite. The slope for the region where the transformation
to austenite is incomplete, on the other hand, does not agree with the experimental results.
When the reaction temperature is very high, where alloy carbides are not thermodynamically
stable, the dissolution of cementite (which has existed in the initial ferrite matrix) will occur
after the completion of reaustenitisation as discussed by Hillert et al. [17]. Therefore, in this
case, the relative length change due to the isothermal reaustenitisation can be calculated by
equation (4.10). However, when the reaction temperature is not high enough for the effect of
dissolution of cementite to be neglected, the calculation in case (3) should be modified. This
might be one of the reasons that the slope of partially transformed part is not in good agreement
with the data.

Another reason of the discrepancy could be due to the existence of alloy carbide precipita-
tion at the reaction temperatures. The equilibrium phase diagram of a steel which has similar
chemical composition; Fe-5 wt.% Cr, is shown in Fig. 4.30. The calculated equilibrium phase di-
agram for Fe-C-Cr ternary alloy [18] at different temperatures is also shown in Fig. 4.30. M7C3
is stable below about 820°C both in the ferrite and in austenite phases. Thus, the theory
which has been proposed by Yang and Bhadeshia [12-14] should be modified. The precipitation
reduces the carbon content ofaustenite below the a/I equilibrium carbon content, XAe3, which
is obtained assuming that there is no effect of precipitation on the equilibrium. Hence further
transformation is expected to occur after the precipitation; transformation from austenite to
ferrite might occur. When the reaction temperatures are not high enough, the precipitation
can occur before or during the formation of austenite. In this case, the Ae3 temperature should
be calculated under the ferrite, austenite and alloy carbide three phase equilibrium condition.
Although this calculation has not been tackled, the existence of stable precipitation will raise
the Ae3 temperature, so that the Ty1 and T-y2 temperatures will be calculated higher than in
the absence of carbide precipitation. This may Oexplain the difference between the theory and
experimental data in the temperature range of partial reaustenitisation.

The calculated temperature range of partial reaustenitisation in the Fe-0.3C-4.08Cr wt. %
system by the theory proposed by Yang and Bhadeshia [12-14] was between 751 °C and 781 °C
and the value expected from the experimental results was, on the other hand, between 7600 C
and 7950 C.
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4.5 CONTINUOUS HEATING REAUSTENITISATION FROM A MIXTURE OF

BAINITE AND AUSTENITE
Although isothermal study of transformation is always necessary to understand the ki-

netics of the reaction, heat-treatments in practice are rarely isothermal. Continuous heating
reaustenitisation is therefore studied in this section.

4.5.1 Dilatometry

Experiments have been carried out on the specimens with three different starting mixtures
of bainite and austenite. The relative length changes during continuous heating are shown in
Fig. 4.31. The upper part of the figure shows changes in the relative length and temperature
during heating as a function of time, and the lower part is the plot of the relative length
change against temperature. It can be seen that the change in temperature of the specimen is
controlled to give a constant heating rate throughout continuous heating up to 1000 °C although
a constant rate is of course not necessary in any fundamental sense. The transformation-
start and -finish temperatures can be determined easily by plotting the relative length change
against temperature as can be seen in Fig. 4.31. The lower temperature part of the relative
length change curve shows a straight line corresponding to a linear thermal expansion of the
starting microstructure (a mixture of bainite and austenite). The linear thermal expansion
coefficient of the initial microstructure increases with the bainite transformation temperature
(Fig. 4.32). When a lower bainite transformation temperature is selected, a specimen contains
larger amount of austenite whose thermal expansion coefficient is larger than ferrite. The higher
temperature part of the curve, on the other hand, is due to the linear thermal expansion of
austenite since the specimen is then fully austenitic. Therefore the points where the actual
relative length curve deviates from each straight lines give the transformation-start, Ts, and
-finish, TF, temperatures respectively.

The transformation-start and -finish temperatures determined from the relative length
change during continuous heating at different heating rates are plotted in Fig. 4.33. Both
increase with the heating rate. The effect of the initial austenite volume fraction and the carbon
content of residual austenite, i.e. bainite transformation temperature, on the transformation-
start and -finish temperatures can be also seen in the figure. When the heating rate is low,
1.1 °C s-t, the higher the bainite transformation temperature the lower the transformation-
start and -finish temperatures. At 5°C S-l of heating rate, in contrast, this tendency has been
inverted. The normalized austenite volume fraction transformed on heating was calculated from
the relative length change (Fig. 4.34).

With relatively low heating rates, however, an expansion ofthe specimen before the onset of
reaustenitisation has been detected (Fig.4.31). This expansion of specimen has been pointed out
as the decomposition process of residual austenite by Yang [15]. Therefore the transformation-
start temperatures which have been observed in low heating rates are not the proper Tc for
the starting microstructure of the mixture of bainite and austenite obtained at each bainite
transformation temperature. However the data obtained with higher heating rates can be
treated as proper transformation-start and -finish temperatures, because no transformation of
specimens has been observed before the start of reaustenitisation during continuous heating.

4.5.2 Decomposition of austenite during heating

As it has been discussed by Yang and Bhadeshia [12-14], the transformation-start tem-
perature during continuous heating from a mixture of austenite and either bainite or acicular
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ferrite is restricted by the carbon concentration of residual austenite just before the start of
continuous heating directly from the bainite or acicular ferrite transformation temperatures.
When the bainite or acicular ferrite transformation temperature is lower, the carbon content of
residual austenite will be higher because of the negative slope of the T~ curve. Higher bainite
transformation temperatures give correspondingly higher reaustenitisation-start temperatures
during continuous heating.

However, in the present experiments, the transformation-start temperature during the
continuous heating at 1.1 °C S-l is lower when the bainite transformation temperature Tb was
higher. The situation corrects itself when the heating rate is raised to 5 °C S-l , with the order
of the transformation-start temperature being in agreement with the theory. The reason for
the disagreement at the low heating rate, is the decomposition of austenite during heating. For
a heating rate of 1.1 °Cs-I, austenite decomposition during heating was observed for all the
bainite transformation temperatures used (420, 448 and 472 °C). For a heating rate of 5 °Cs-I,
in contrast, the decomposition of austenite could not be detected during heating.

The temperature at which the relative length change versus temperature first indicates
the decomposition of austenite is designated Td •. When heating rate was 1.1 °Cs-I, the Td•
temperatures determined experimentally were found to be as shown in Fig. 4.35. Td• is found
to decrease with increasing Tb' This order can be understood as follows. When Tb is lower,
the carbon concentration in residual austenite is higher because of the negative slope of the T~
curve. Thus reconstructive formation of ferrite from the residual austenite becomes sluggish.
This corresponds to to the fact that the upper C-curve in the TTT diagram is shifted to a
longer time direction by increasing the carbon concentration in austenite. As a result, the lower
the bainite transformation temperature, the higher the temperature at which a reconstructive
formation of ferrite from the residual austenite on heating starts.

In order to investigate the decomposition process during continuous heating, a specimen
was helium quenched from 730 °C after heating at 1.1 °C S-l after 30 min of isothermal bainite
transformation at 448 °C. The microstructure of the specimen (Fig. 4.36) consists of three
phases; white, black and a dark etched areas. The micro-hardness of the white areas correspond
to that of martensite (austenite before quenching) at 753 Hv (lOg). The dark etched areas are
expected to be bainite, with a hardness of 444 Hv (lOg). The hardness of the third phase was
400 Hv (lOg), and a TEM micrograph confirmed (Fig. 4.37) that it is pearlite.

The volume fraction of pearlite formed by the decomposition of austenite during continuous
heating can be calculated from the relative length change obtained in the experiments. A
relative length change due to decomposition of residual austenite to pearlite during heating was
expressed by:

b.L
L

with

~ V,a;3 + (1- V, - V9)2a~ + V9~a~ - V,oa~ - (1- V,o - V9o)2a~ - V90~a~
3 V,oa~ + (1 - V,o - V9o)2a~ + V90~a~
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The lattice parameters of austenite all> a,2' ferrite aa' and cementite a~ = aebece were calcu-
lated as described earlier. The carbon content of austenite has been assumed to be constant
during the decomposition process. The calculated volume fractions of austenite (now marten-
site), bainite and pearlite are listed in Table 4.4. The calculations are for the data obtained at
730 QC. According to the calculated results, the volume fraction of pearlite is larger when the
bainite transformation temperature was 448 QC than both the cases of the transformations at
420 and 472 QC. This can be understood as follows. When the bainite transformation tempera-
ture is lower, decomposition starts at a lower temperature. So a higher degree of decomposition
may be expected than in the case of a higher bainite transformation temperatures giving a
higher amount of normalised volume fraction of decomposition. It is, however, important to
note that the initial amount of austenite which has the potential to decompose is smaller in lower
bainite transformation temperatures. As a result, the amount of austenite which decomposes
on heating to 730 QC reaches a peak at the bainite transformation temperature.

Temperature, QC xl, at.%

420
448
472

2.4
1.6
1.4

0.30
0.67
0.94

0.03
0.08
0.59

0.27
0.59
0.35

Table 4.4: Calculated volume fractions of the phases obtained by the reaction.

Phase Vopt Veal

Bainite 0.58 0.50
Martensite 0.24 0.23
Pearlite 0.18 0.27

Hv(10g)

444
753
400

Table 4.5: Volume fractions derived from dilatometry, of the specimen helium quenched during
heating at 1.1 QCS-l. Starting microstructure is obtained by bainite transformation at 445 QC.

The volume fractions of the three phases observed in the specimen helium quenched from
730 QC on heating at 1.1 QCS-l after the 30 min of isothermal bainite transformation at 448Q C
can also be calculated from the relative length change obtained. The total relative length
change due to the decomposition of austenite during heating was measured as 6.64xlO-4. The
calculated volume fraction and carbon content of residual austenite after 30 min of isothermal
bainite transformation, which showed 2.24x 10-3 ofrelative length change, was 0.5 and 1.7 at.%
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respectively. From these values, the volume fraction of pearlite transformed from austenite
during heating was calculated (designated as Veal in Table 4.5). The results of the quantitative
optical measurements were also listed (designated as Vopt in Table 4.5). The dilatometric results
are in reasonable agreement with the optically measured volume fraction of each phase.

4.6 CONCLUSIONS

Bainite transformation behaviour has been studied in a Fe-0.3C-4.08Cr wt.% alloy, and
III a Fe-2.0Si-3.0Mn steel with 0.06, 0.12, 0.22 and 0.43 wt%C. Bainite transformation was
confirmed to cease prematurely when the carbon concentration in the residual austenite reaches
the To or T~ curve rather than the paraequilibrium concentration. This suggests that bainite
transformation in steels proceeds by diffusionless growth of bainitic ferrite.

Bainite transformation was used to obtain mixtures of bainitic ferrite and austenite, so
that the growth of austenite layers could be studied. The following results were obtained.

From isothermal reaustenitisation experiments:
1) Reaustenitisation does not start until the temperature is raised to the Ae3 temperature of
the austenite in the initial microstructure.

2) 100% reaustenitisation occurs at temperatures above the Ae3 temperatures of the bulk
carbon content.

3) The maximum relative length change due to 100% reaustenitisation shows a slight decrease
with increasing temperature since the difference in thermal expansivities of ferrite and
austenite decreases as the temperature is raised.

4) From an equilibrium analysis of the relative length change for reaustenitisation, the reaction
at higher temperatures seems not to be accompanied by dissolution of cementite whereas
some dissolution does occur at partial reaustenitisation temperatures.

5) Reaustenitisation seems to proceed by the thickening of pre-existing austenite in the start- -
ing microstructure.

6) M7C3 chromium rich carbide can be found after 30 min of isothermal reaustenitisation at
temperatures below 8150 C.

From continuous heating reaustenitisation experiments:
7) A lower reaustenitisation-start temperature was obtained for a lower bainite transformation
temperature.

8) Decomposition of pre-existing austenite to pearlite occurs on heating when the heating
rate is less than 5 °c s-1.

9) The decomposition-start temperature can be understood by the TTT curves for the austen-
ite in the initial microstructure.

10) This supports that the concept of the incomplete reaction phenomenon, which was also
suggested by isothermal bainite transformation.
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