constant as previously considered in the absence of measurements of Ny,
for twins and € platelets [5 6] Since the growth of a twin corresponds
to the propagation of Shockley dislocations on every plane. it is reaso-
nable to assume a constant aspect ratio for twins i.e. thickness to dia-

meter ratio. If £ = ¢ D then f should equal ke N2/Np. Fig. 3 illus-
trates the variation of NL 2/Np with the volume fraction. There is some

scatter in the data for large volume fractions which is due to the dif-
ficulty of determining Np, the number of twins per unit area, under these
conditions. However a regression analysis of the results shows that the
hypothesis does hold with D/t = 26 independently of temperature. This
yields in particular for the diameter of the first twins to form do=4T
and 26pm at 293K and 473K respectively.

IV. The Nucleation Model

The formation of a twin can be considered as achieved by the propa-
gation of stacking faults in neighbouring planes as for € platelets.
Most of the models proposed for the nucleation of a twin from a single
stacking fault are in fact growth models [see e.g. 12]. Recently Mahajan
and coworkers have proposed that fcc twin nuclei (or hcp martensite
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nuclei) can be three layer microtwins (six layer hcp platelets) [13,1h].
These microtwins (or hcp platelets) may evolve from the interaction of
two perfect dislocations; these dislocations may be coplanar slip dislo-
cations as considered by these authors or also dislocations of different
slip planeswith the primary plane of one dislocation being the cross slip
plane of the other. However the twin nuclei evolve from the interaction
of perfect slip dislocations with suitable Burgers vectors for aresolved
shear stress higher than a critical value. The existence of a critical
stress for the occurrence of fcc twinning is strongly borne out by single
crystal experiments [12, 15]. Accordingly in the case of polyecrystals
twinning will only occur for a critical strain €. which corresponds on
the average to the critical stress level.

Accordingly the number of macroscopic twins which form per unit
volume of matrix can be assumed to be proportional to the number of dis-—
locations which interact nj. For an applied strain increase dep the num-
ber of twins per unit volume of specimen increases from Ny to Ny+dlNy
with

av, = (1 - £) p dn; (2)
where p is a constant independent of the strain level which is the effi-
ciency of dislocation interactions in nucleating twins and which should
vary with SFE.

The number of dislocations per unit volume ny can be obtained by
considering dislocations as rods of length k x p~1/2with p the disloca-
tion density per unit area and k a constant around 16 as obtained for
cell size by Staker and Holt [16], which yields n, = (2/k) 03/2. It can
be shown from stereology that the number of dislocation interactions
per unit volume of the matrix n; is proportional to the square of ny :

ni:-g m13 ny2 (3)
with 1 the distance of interaction between total dislocations which
should be of the order of b the Burgers vector for perfect dislocations
but in the present case 1 could be higher thanks to the low value of
SFE. In the following this distance will be treated as constant and inde-
pendent of temperature. The number of dislocation interactions is there-—
fore directly related to the matrix strain e since the dislocation den-
sity has been shown to be proportional to the strain in a low SFE auste-
nitic stainless steel with a proportionality constant K~2.4 10 m?
[17]. In the following the matrix strain is identified with spplied strain,
which has been shown to be a reasonable approximation [6].

On the other hand the increment of number of twins per unit volume
dN, can be written as

Ny = 4 (2) (L)

<l

with v the mean twin volume. The average volume can be expressed as a
function of f taking into account Eq. (1) and the constant aspect ratio,

by :
v v o= vo(1—f)q (5)

=359=



where q = 3n and V, the volume of the first twins to form is 2.7T5 10715
and 0.60 10-15 m3 at 293K and 473K respectively. Substituting Eqs (4),
(5) and (3) into Eq. (2) one obtains a differential equation relating f
and €. This equation can be easily integrated remembering the boundary
condition €= €, for f = O, which gives

o(£) = ale> - ) (6a)

2_
with 21) = 7 . qrgery 4 1(+1(_qf);3$’ - 1) (6v)
and a=p.(8r/3) . 10K /i (6c)

Accordingly the volume fraction of twins is expressed as a function
of strain through an implicit function which depends upon two parameters
€. and a. €, 1s related to the existence of a twinning stress which
depends upon the SFE see e.g.[12]. o which has the dimension of the
inverse of a volume, is proportional to p the efficiency of dislocation
interactions in nucleating twins. In Eq. (6c) all the constants are known
except 1 the distance of interaction of dislocations which is some mul-
tiple of the Burgers vector.

V. Discussion

The nucleation model as defined by Eq. (6) has been fitted to the
data of Fig. 1 assuming that the growth process of twins was described
by Eq. (5) at 573K and 623K with the same constants as at 473K. One can
check in Fig. 1 that the kinetic curves so obtained, as indicated by
solid lines before necking and dotted lines for higher strains, are in
good agreement with experimental results at the various temperatures.

The values of the critical strain €. at the onset of twinning are
given in Table I with the corresponding critical shear stress for twin-—
ning estimated from the tensile stress using Taylor's theory [6]

Table I Estimation of the twinning stress from the critical strain €o
at the onset of twinning

Temperature € twinning stress SFE

m.J/m2 3

(K) - (1073) 10 7ub
293 .035 0.8 15 0.80
473 T 1.8 2l 1.32
573 .20 2 29 1.67
623 .22 2.1 31.5 1.85

y and b are shear modulus and Burgers vector of slip dislocation respec-
tively.

The large temperature dependence of the twinning stress shown in Table I
is simply the result of the large increase of intrinsic SFE with increa-
sing temperature. This behaviour is in good agreement with most results

obtained on both single and polycrystals with fcc structure[seeeag.7,12}
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The variation of the o parameter is reported in Fig. 4 as a func-
tion of temperature. However this parameter has the drawback to be not
dimensionless and of no direct phy51cal meanlng So we have also given
in the same diagram the constant p 1 3/v3 to which a is proportional. A
direct estimation of p is unfortunately beyond the present possibilities
of dislocation description of the deformed state. This would require
first a good theory of deformation by both slip and twinning not yet
available and a statistical evaluation of the proportion of total dislo-
cation interactions giving rise to twin nuclei. In addition 1 the dis-
tance of interaction between two dissociated dislocations is needed as
the ratio of the density of mobile dislocations to the overall density,
assumed here constant. Remembering these limitations, both & and p 13/b
vary with decreasing temperature as a the probability function of a gaus-
sian distribution with respect ot temperature i.e. with respect to SFE
which is linearly related to temperature above 293K. The mean and stan-
dard deviation of this distribution are 513 and LTK for temperature or
26 and 2.5 mJm~2 for SFE. This behaviour is in good agreement with that
expected from the model : the efficiency of events of dislocation inter-
actions giving rise to twin nucleil increases when the SFE decreases and

low enough values of SFE.

Finally it is worth noting the strong partitioning effect which is
due to the fact that twins are strong obstacles to the propagation of
twinning dislocations as discussed previously |T,18| . The lower values
of the dimensions of the first twins to form at 473K as compared to 293K
and their lower dependence upon the amount of transformation can be
explained as follows : at 473K twinning appears at a higher critical
stress and thus higher strain. Accordingly twinning partials have to pro-
pagate into a denser dislocation array which impedes their growth.
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Obsevation of Early Stages of Martensite Formation in Fe-Ni-Mn Alloy
Setsuo Kajiwara

In an attempt to understand the nucleation mechanism of
the martensitic transformation, early stages of the marten-
site formation in an Fe-Ni-Mn alloy were observed by a 500 kV
electron microscope. The observed results show that the
invariant plane strain condition is the controlling factor
for the martensite formation even in its nucleation stage.

I. Introduction

Observation of early stages of martensite formation is a vital
step toward the understanding of nucleation mechanism of martensitic
transformation, but no successful attempts have been made so far
although a few scattered observations were reported [1-2]. The main
reason for the failure of such an observation was due to the fact that
martensite plates usually grow to their final sizes once they have
nucleated. Recently the present author found by optical microscope
that the martensite plate formed isothermally in Fe-Ni-Mn alloys is not
a single plate but consists of small, fragmented plates which are
aligned along the habit plane [3]. This fact suggests a possibility
that very small martensite plates which are considered as early stages
of martensite formation may be observed by electron microscope. In the
present work such observations were performed using 500 kV electron
microscope and the results are discussed in connection to current
nucleation models.

II. Experimental Method

Rolled sheets of Fe-22.88Ni-3.81Mn (wt.7%) with 0.3 mm thickness
were heated in evacuated silica capsules at 1423 K for 20 min and
quenched into water. 1In this heat treatment the specimens were enve-
loped by a sheet of Fe-Mn alloy to prevent the sublimation of Mn atoms.
After removing a surface layer of 0.05 mm, the specimens were quenched
to 77 K or to 143 K, and kept there for 1 month (at 77 K) or 1 week
(at 143 K). At these low temperatures the martensitic transformation
from fcc to bcc ocurred isothermally. Thin foils prepared from these
specimens were observed by a 500 kV electron microscope.

ITII. Experimental Results

The essentially same results were obtained for both the specimens
transformed at 77 K and 143 K. Figs. 1(a) and (b) show a group of
martensite platelets typically observed in this study. Micrographs (a)
and (b) in these figures are at different diffracting conditions. Each
martensite plate has a straight edge parallel to direction A. It was
found that this direction coincides with the projection of a <110> £
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Fig. 1. Thin martensite platelets formed isother-
mally at 143 K. (a), (b) and (c) are at
different diffracting conditions. Micrograph
(c) shows the framed region E in (a).

The substructures seen in (b) are twins with
the twin interface parallel to (lOl)f.
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Fig. 3. Nucleating
stage of martensite.
The micrograph is
an enlarged one of
area F in Fig. 1(a).

(-]
100
Fig. 2. Stereographic analysis of crystallo-
graphic features of thin martensite plate.

= (b) ;
Fig. 4. Martensite plates nucleating from a grain boundary.
Fig. 5. The same martensite plates as in Fig. 4, but at a different
diffracting condition.
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direction on the specimen surface. (The subscript f stands for fcc.)
This was true for all the cases examined. So we can reasonably assume
that the straight edge direction is parallel to <1107f. Then it is
possible to determine uniquely the the habit plane of martensite from
this edge direction and the intersection of the martensite plate with
the specimen surface. This is equivalent to the two face analysis.

The habit plane_thus determined was (0.375 0.837 0.375), which is only
3° away from (252) toward the (111) pole. The foil normal is [1 3 10].
The stereographic presentation of such analysis is shown in Fig. 2
together with other crystallographic features. As seen clearly in Fig.
1(b), the martensite plates contain substructures and it was found by
electron diffraction that these are twins with a (112)b mirror plane.

(The subscript b stands for bcc.) The twin interface was determined
from the intersection of the twin plate with the specimen surface, i.e.,
direction B in Fig. 1(b), and the intersection of the twin plate with
the habit plane, i.e., [lOl]f. It is very surprising that the twin

interface is not the (112)b plane but a plane parallel to (101)f plane.
The angle between the (112)b and (-iOl)f is about 5° as shown in Fig. 2.
The twins with (iOl)f interface are usually seen for thin martensite

platelets, but in some cases such twins were observed also for thick
plates. The transition from the (101)f interface to the normal (112)b

twin interface in the lateral growth of the martensite plate could be
identified by a micrograph in which both the (101)f and (112)b planes
are normal to the specimen surface.

Another interesting feature in Fig. 1 is about the dislocation
structure in the austenite near the martensite plates. It seems that
dislocations have been emitted_from the edge of each martensite plate
and they are confined to the (111)_ slip plane of which the intersec-
tion with the specimen surface is parallel to direction C in Fig. 1l(a).
It is worth noting that straight dislocations such as shown by the
dotted arrow in Fig. 1(a) are frequently observed. These dislocation
lines are parallel to the edge direction, [101]_., of the martensite
plate and hence they are of screw type with the a/?.-[lOl]f Burgers
vector. It is conceivable that these screw dislocations were originally
interface dislocations predicted by Frank [4]. Fig. 1(c) shows the
framed region E of Fig. 1(a) at another diffracting condition, where
tangled dislocations are seen along the austenite-martensite inerface.

The orientation relationship was determined to be (iil)f ”’(lOl)b,
[lOl]f//[lli]b (Fig. 2), namely the K-S relation. It is interesting to
note that the [101]f which is parallel to [llI]b is the zone axis of

the habit plane, the twin interface (i01)f, and the (ﬁl)f on which the

the slip in the austenite is first activated during early stages of the
martensite formation. (Fig. 1(a)) It was found that the [lll]b direc-
tion is also the twinning shear derection in the martensite. The crys-
tallographic features presented by the stereographic projection of Fig.
2 were confirmed for all the cases oberved, in some completely and in
others partly.
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Fig. 6. Habit planes of thin on
martensite plates. Fig. 7. Habit planes of fully

grown martensite plates.
Fig. 3 is an enlarged photo of the framed area F of Fig. 1(a). The

region indicated by the arrow in Fig. 3 may be regarded to be in the
nucleating stage of martensite formation. The estimated size of this
small martensite plate is about 100 nm in diameter and probably the
smallest size ever observed with bulk specimens. Tangled dislocations
are seen around this martensite. Figs. 4 and 5 show thin martensite
plates nucleating from a grain boundary. The grain boundary in these
figures is identical and micrographs (a) and (b) show thicker and
thinner parts of the same foil specimen, respectively. Figs. 4 and 5
are at sightly different diffracting conditions. Many dislocations are
seen around these thin martensite plates. It seems that dislocations
were pushed out also toward the other side of the boundary. Twins are
contained even in these very thin martensite plates. (Fig. 4(a))

The habit plane of these martensite plates was determined to be

(0.415 0.415 0.809) which is 6° away from (225).

Fig. 6 shows habit plane normals for thin martensite plates with
50-180 nm thickness, which were determined by the same method as
described for Fig.l. A main source of experimental error in this method
comes from inaccuracies in the determination of the specimen foil ori-
entation, although this could be much improved by use of high voltage
electron microscope. Fig. 7 shows habit plane normals for fully grown
martensite plates determined by the two face analysis of bulk specimens
[3]. It is clear from these figures that the haibit plane of very thin
martensite plates which are in the early stage of martensite formation
is essentially the same as that for the fully grown martensite plate,
that is, the {225y habit for both cases.

IV. Discussion

The results described in the preceding section are discussed in
reference to a nucleation model of martensite proposed recently by
Olson and Cohen [5]. One of the basic assumptions of this model is
that the martensite forms on a (111)_ plane at the very early stage of
the fcc to becc transformation. The results in the present work are
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incompatible with this basic assumption; the (111) habit was never
observed. The crystallographic features of thin martensite plates

shown in Fig. 2 are in complete agreement with the predictions by Bowles
and Mackenzie which are drawn based on the invariant plane strain condi-
tion with the dilatation parameter 6=J§7§-a/a’ [6]. Here a and a' are
lattice constants of the austenite and the martensite, respectively.
Therefore it is more reasonable to assume that the invariant plane
strain condition is the controlling factor for the martensite formation
even at its earliest stage. The dilatation parameter § in the Bowles-
Mackenzie theory is 1.0188 for the present case (a=0.3581 nm, a'=0.2870
nm), which means that the martensite crystal must be uniformly and iso-
tropically dilated by 1.88% in the plane of the austenite-martensite
interface. This strain is too large to be elastically accommodated and
hence the plastic deformation must occur. However, the flow stress of
the martensite may be much higher than the austenite at such a low tem-—
perature as in the present experiment. It is very probable that this
strain is accommodated in the austenite. The dislocations around the
martensite plates observed in the present study are considered to have
generated from this accommodation. The edge of the martensite plate
with such strain may be a point of high stress concentration, and there-
fore, dislocations are emitted into the austenite as seen in Fig. 1(a).

The origin for the isotropic dilatation at the austenite-martensite
interface is considered as follows. The directions, [101]_. and [111], ,
which are parallel with each other in the K-S relationship, lie in the
(252) habit plane. Since the interatomic distance along this direction
is greater by 1.84% for the austenite than for the martensite, the mar-
tensite crystal must be dilated by 1.84% in this direction to keep_the
coherency between the atoms at the habit plane. The spacings of (111)
and (101)b planes are different by 1.83%, that of the austenite being
again greater. So the intersections of these planes with the habit
plane, namely [lOl]f and [111], atom rows, differ also by 1.83% in their
inter—atomrow spacings. Therefore, if the planes (111)_ and (101), are
to be kept coherent at the habit plane, the martensite crystal mus? be
dilated by 1.83% in the direction normal to [111], within the habit
plane. Thus the martensite must be isotropically dilated by about 1.8%
at the habit plane to keep atomic coherencies at the austenite-marten-
site interface. The amount of the dilatation for {225} habit assumed by
the Bowles-Mackenzie theory is surprisingly in good agreement with that
drawn from the above simple atomistic considerations.

In conclusion, the plastic deformation for the relaxation of the
stress imposed by the dilatation parameter ¢ is the controlling factor
in the early stage of martensite formation and probably in the nucle-
ation stage too.
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A Macroscopic Model for Predicting Thermoelastic Growth

H. C. Ling and W. S. Owen

On the assumption that thermoelastic growth is possible only when
no macroscopic plastic deformation accompanies the thickening of an
isolated plate of martensite, a model is presented from which the as-
pect ratios at which significant plastic flow will occur at Mg can be
estimated. It is demonstrated that the model clearly differentiates
between alloys which behave thermoelastically (ordered Fe3Pt and Au-47.5
Cd and those which do not (disordered FesPt and Fe-30 Ni). Further,
it is demonstrated that whereas the change in the anisotropy ratio on
cooling has little influence on the driving force at Mg in ordered FejPt
(typical of fcc®cc transformations), it has a large effect on Au-47.5
cd (typical of R-alloys) and probably accounts for the unusually small
transformation driving-force in the latter alloy.

I. Introduction

In two previous papers [1,2], we have developed macroscopic models
for predicting thermoeslastic growth; starting with the assumption that
the only necessary condition for thermoelastic growth of an isolated
plate of martensite is that the transformation shape change be accommo-
dated by the matrix without plastic deformation [3]. In the second pa-
per [2], strain field calculations were based on a continuum model de-
rived from Eshelby's treatment of the elastic strain fields surrounding
an inclusion [4]. The model is three-dimensional and, unlike the first
model proposed [1], it takes into account the dilatation strains. It
was assumed [2] that the matrix and the plate of martensite are elasti-
cally isotropic with the same modulus. Because in a continuum model
there is always a region of the matrix near the periphery of an ellip-
soidal plate where the von Mises criterion for yielding is satisfied,
the critical aspect ratio for thermoelastic growth was assumed to be
that for which the nlastic zone is less than 1% of the plate radius.

Recently, the single-crystal elastic constant.of Fe,Pt have been
measured as a function of temperature and the order and the polycrystal-
line elastic moduli of Fe3Pt martensite have been determined [5)

These data encouraged us to extend the model to take account of the dif-
ferences in elastic properties of the matrix and the martensite plate
and also to attempt computations of the elastic strain fields using
anisotropic elastic constants. A new, and we think more realistic,
criterion for thermoelastic growth is proposed.

II. Extension of the Model

The new stress field calculations utilized the Eshelby model, as
described earlier [2]. 1In the first extension of the model, the matrix
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and the martensite were assumed to be elastically isotropic but with
different elastic moduli. The martensite plate is assumed to be a
thin, ellipsoidal coherent particle of radius r and semithickness c
lying in the x-y plane with the transformation shear in the x direction
(eT13 # 0). Plastic flow will occur within a volume enclosed by a sur-
face at which the von Mises criterion for yielding is satisfied. The
relevant parameters are listed in Table I for ordered and disordered
Fe3Pt, Fe-30 Ni and Au-47.5 Cd. The two thermoelastic alloys, ordered
Fe3Pt and Au-47.5 Cd, have a much smaller shear modulus and a larger
yield stress than the non-thermoelastic alloys. Furthermore, Au-47.5
Cd has an unusually small lattice shape strain. All the calculations
were made for alloys at their Mg temperature. The stress fields in

the matrix of FejPt at Mg were calculated as a function of the aspect
ratio c¢/r for various degrees of atomic order S. Figures 1 and 2

show the shear stress 053 in the plane of the plate (along the x-axis)
and normal Eo the plate (along the z-axis) for S = 0.6. Along these
two axes, Ojj3 is the ogly non-zero stress component. In the plane of
the plate, curves of Op3for various aspect ratios always exceed the
critical shear stress, Dovgy = Oy//g, at some distance from the edge

of the plate. Along the z direction, O.,gg is exceeded only for plates
with an aspect ratio larger than 0.04 (Figure 1).

The extent of the plastic zones are shown in Figure 3. The shear
modulus of the martensite phase and the transformation shape strain re-
main nearly constant in the four cases considered. Hence, changes in
the size of the plastic zone with the degree of order of the austenite
reflects the combined effect of changes in the elastic properties and
flow stress of the austenite. In the disordered case, the plastic
zone disappears entirely from the broad interface for plates with a
small aspect ratio. By calculating the aspect ratio at which this
plastic zone vanishes, an upper limit to the chemical driving force at
Mg, Agc, for thermoelastic growth can be deduced.

At Mg, a martensite plate grows rapidly in the radial direction
till it hits a barrier:; then it thickens. Under thermoelastic equili-
brium, the thickening stops when a balance between the chemical driving
force and the elastic strain energy is reached. Then [6]

hg, + 24 (L) =0 (1)

where = __ e . Thus, thermoelastic growth is generally
here A ﬂé%iy%%-(z T35, Thus, thermoel h 11

associated with the thickening of a plate, i.e., the movement of the
broad interface between martensite and austenite. We now postulate
that the criterion for thermoelastic growth is that there should be no
plastic zone along this broad interface. The plastic zone which always
exists at the tapered edges of the plate extends into the barriers
blocking the radial growth. The interaction of this zone with the bar-
rier probably presents a restraining force in the final stages of the
reverse transformation, but it is not an essential factor in determin-
ing whether or not the growth is thermoelastic.

Using this new criterion, a quantitative measure of the size of

-369-



the plastic zone is the distance along the thickening direction [001]
at which the yield stress is exceeded. Figure 4 shows this parameter,
r_, as a function ratio at different points along the [100] direction
for FesgPt, S = 0.6. At x = 0.75r, the plastic zone disappears at an
aspect ratio of 0.03. The elastic strain energy of such a plate is

59 cal/mole (247 J/mole) and from Equation 1, the upper limit of Ag

is 118 cal/mole (494 J/mole). For S = 0.4 and 0.2, the critical B
aspect ratios are 0.025 and 0.02 respectively. The upper limit of Agc
is 108 cal/mole (451 J/mole) in both cases. Since the chemical driv-
ing force decreases with ordering, it can be concluded that Agc does
not exceed 108 cal/mole (451 J/mole) in the ordered states. A theore-
tical calculation of Agc [5] based on the Olson-Cohen nucleation model
[7] yields similar values for ordered FesPt.

Fe-30 Ni behaves similarly to disordered Fe3Pt. With Ag.*300 cal/
mole, Equation 1 predicts an equilibrium aspect ratio of 0.038 at Mg if
a thermoelastic condition is attainable in this alloy. Figure 5a shows
the plastic zone associated with a plate of this size. Clearly elastic
accommodation is impossible. The situation with Au-47.5 Cd is entirely
different. With a transformation shear of 0.07 [8] and Ag. (MS)~10
cal/mole (42 J/mole) [?], an equilibrium aspect ratio of 0.02 is pre-
dicted at Mg. Yet at an aspect ratio four times as large (c/r = 0.08),
there is still only a smalil plastic zone near the periphery of the
plate (Figure 5b).

III. The Influence of Anisotropy

So far, the problem of elastic accommodation has been discussed
in the context of isotropic elasticity. However, it is known that
thermoelastic alloys are highly anisotropic at Mg. Since in most
alloys both the habit plane and the shape strain direction do not have
simple indices, the effect the increasing anisotropy with decreasing
temperature of the austenite on the elastic accommodation of the
transformation strain can not be predicted from qualitative arguments.
A calculation using the measured anisotropic elastic constants was
undertaken to determine the elastic strain energy and the stress field
in the matrix for ordered FesgPt. It was found that [5] for small
aspect ratios, the anisotropic elastic energy varies linearly with c/r
and it does not deviate significantly from the isotropic model dis-
cussed earlier in which the average shear modulus was used. The factor
A in the elastic energy term in Equation 1 is not altered to any signi-
ficant extent for the particular orientation of the martensite plate
under consideration. It was not possible to do extensive calculation
of the stress fields in an anisotropic matrix because of the amount of
computing time involved. However, sufficient data was obtained to in-
dicate that the resolved shear stress on the nearest slip system, {111}
<011> in the austenite in the direction normal to the habit plane does
not exceed the critical shear stress for slip for a plate with aspect
ratio of 0.02. 1If this ic taken to be the lower limit to the critical
aspect ratio, the corresponding Ag. (Mg) is 100 cal/mole (418 J/mole).
Hence, an anisotropic calculation has not changed significantly the
estimate of Agc for thermoelastic growth in ordered Fe3Pt. It appears,
then, the increasing anisotropy of the austenite on cooling does not
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play an important role in the minimization of strain energy of a grow-
ing plate.

The increasing anisotropy of the austenite is expected to have a
greater effect on the nucleation process in B-alloys than in ferrous
alloys. Transformation in B-alloys involves {110}<110>B shear followed
by {112}<111>B shear. The elastic constants corresponding to these two
shear modes exhibit softening on cooling [10,11]. The softening is
most drastic in C' = 1/2 (Cqy - C12), which measures the resistance to
{110}<110>B shear. This is reflected in a large increase in the aniso-
tropy ratio (= C 4/0'). In the fcc?bee transformation, such as in the
ferrous alloys, ?1ll}<110> and {111}<112>Y shears are involved [7].
Resistance to both of these shears is determined by the elastic con-
stant 1/3 (C11 - C12 + C44). Compare ordered Fe3Pt (representative of
fcezbee alloys) and Au-47.5 Cd (representative of B-alloys). In both
alloys, C' softens and reaches nearly the same value at Mg (0.33 x 10
dyn cm'z). In Fe3Pt, 1/3 (Cy; = Cyo + C44) also softens on cooling and
reaches a value of 2.7 x 101} dyn cm~4 at Mg. However, between 200°C
and Mg, C' changes by a factor of ten, whereas 1/3 (Cy1 - Cyp + C44)
decreases by only a factor of two, and at Mg the value of the former
is much smaller than that of the latter. Since the shears in the
transformation of FegPt are controlled by 1/3 (Cyj - Cyp+ C44) and in
Au-47.5 Cd by C', it is expected that the effect of elastic anisotropy
on the transformation in Au-47.5 Cd is much greater than in Fe3Pt and
that the chemical driving force of the B-alloy at transformation is
much smaller. The latter is observed experimentally.
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Table I Relevant parameters in the macroscopic model
for predicting thermoelastic growth

ordered disordered
Fe3Pt(S=O.6) FeBPt(S=O) Fe-30 Ni Au-47.5 Cd

M -196°C 0°c -30°C 50°C

Transformation

shear 0.2 0.2 0.2 0.07 [8]

Volume change ~0 1.4% 2.3% ~0

Shear modulus M

(x 10711 dyn/cm?) 2.50 5.93 6.50 1.67 [11]

Poisson's ratio V 0.43 0.21 0.25 0.42

Flow stress O

(MPa) 700 [12] 220 [13] 270 [12]} 500-700
[14]

Anisotropy ratio

= 1

(=C,,/c") 32 3.4 4 14

Shear modulus of

martensite 2

(x 10711 dyn/em®) 5.77 5.40 5.5

Figure 1. The shear stress 031 along z-axis. Fe3Pt. =0.6

(X10'1odyn/cm)

o
31

-1.0

-372-



Fig. 2.
along the x-axis due to
ellipsoidal plate lying
x-y plane with shear in

X direction. Fe3Pt.
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Fig. 3. Matrix yield stress contours
of an ellipsoidal plate lying in x-y
plane with shear in x direction.
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ON THE THERMODYNAMICS OF THE MARTENSITIC GROWTH-
*
ARREST IN A BURST TRANSFORMATION

++
G. A. Knorovsky+ and Morris Cohen

ABSTRACT
The thermodynamic driving force required to propagate a

martensitic plate during a burst transformation has been determined
by means of thermal-gradient and concentration-gradient experiments.
In the iron-nickel single crystals under investigation, the martensitic
plates are arrested when the driving force is less than about 905 J/
mole if the arrest is gradual (isothermal), and less than about 760 J/
mole if the arrest is sudden (adiabatic). The former value corres-

A->M o
ponds to -AG at the temperature or composition of growth-arrest,

g

whereas the latter value corresponds to -A at the temperature or

composition of growth-arrest.

*This research was part of a doctoral thesis submitted by G. A. Knorovsky
in February 1977 to the Department of Materials Science and Engineering
at the Massachusetts Institute of Technology, Cambridge, MA, USA. The
work was sponsored by the National Science Foundation under Contract

No. DMR-7622993.
+Sandia Laboratories, Albuquerque, NM 87185, USA.

++Massachusetts Institute of Technology, Cambridge, MA 02139, USA.
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Electric and Optic Kinetic Study of the Martensitic Burst
in an Fe-32wt7 Ni Alloy

M. Robin*, G. Lormand” \ and P.F. Gobin".

If a sample of Fe-32Ni, not subjected to a d.c. current, is cooled
in the martensitic range, electric transient signals are detected at its
ends. In other samples of the same alloy, we have shown that an electric
transient signal is always superimposed to the signal due to variations
of d.c. electrical resistance directly induced by the first martensitic
burst. We give thus evidence that an electric emission is related to the
martensitic growth in that type of alloy. It is proposed to relate this
emission to interaction between highly mobile austenite-martensite in-—
terfaces and the conduction electrons of the alloy. In order to evalu-
ate directly the duration of martensitic bursts, we have designed an
optoelectronic device to measure the time of formation of martensitic
relief : the intensity of light reflected onto the surface of a pre-
viously polished Fe-32Ni sample is measured with a fast response photo-
diode. The reflecting power of the sample decreases suddenly with the
successive bursts. The durations of the electric emission and of the re-
flectivity decrease due to the first burst are of the same order (=5us);
these values are consistent with the estimation generally done for the
rate of growth of martensite plates.

I.Introduction

The martensitic transformation y»a' in Fe-29v347Ni alloys has a pe-
culiar kinetic : on continuous cooling, the transformed volume fraction
f increases by jumps - or bursts - and its value may attain 0.8[1—3].
We have tried to measure the duration of ‘a martensitic burst and the
growth rate of lenticular martensite plates by two methods very different
and nevertheless well suited for the study of fast phenomena.

Chemical Composition (in wt%) of the Alloy used

Ni C Si Mn Cr Mo Fe

32 0.010 <0.010 <0.027 <0.021 <0.011 | balance

*Groupe d'Etude de Métallurgie Physique et de Physique des Matériaux,
E.R.A. n°463 Batiment 502, INSA de Lyon 69621, Villeurbanne Cédex,
FRANCE.

*xLaboratoire d'Etude des Matériaux, E.R.A. n°602
Batiment 303, INSA de Lyon 69621 Villeurbanne Cédex, FRANCE.
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II.Electrical Study.

(1)Experimental procedure.

The alloy is reduced by wiredrawing at room temperature from 1.8mm
down to 0.35mm diameter and annealed 24 hours at 1500K in hydrogen. The
samples, 8mm in length, have then the bamboo structure. The sample is
immersed in stirred petroleum ether and submitted to a cooling-heating
cycle at S5Kmn—! between room temperature and 190K. The electrical ten-
sion between ends of the samples is measured by a pen recorder (riseti-
me 0.4s) and a transient recorder (time resolution 10mns).

(2)Results.

In a first series of tests the sample is submitted to a d.c. current
of 100mA kept constant within 4.1073 whatever the amplitude and rate of
variation of the resistance of the sample may be. Figure 1 shows the
relative tension change y=V(T)/VY(273K), obtained by the pen recorder,
with temperature T of the cooling liquid. The graph is composed with :
-two linear and reversible parts AB and DE corresponding respectively
to the resistivities of the sample before and after transformation.

-an irreversible jump BC corresponding to a big decrease of tension
which duration is less than 0.4s. Point B corresponds to the time to at
which the sample reaches the transformation triggering temperature Mb
and point C to the time to+58[4]. Mb=200+5K, in good agreement with
measurements by Delorme ES] on other samples from the same melt.

Y
% S -\
B <P H
I
: |
: |
H :
e
D i
¥ i
I
0 2 I:J_i 1 Ji !
180 M, 213 K

Figure 1. Pen recording of tension Figure 2. Longitudinal section of
changes during a thermal cycle. a transformed sample.

Figure 2 shows a longitudinal cut of a transformed sample. By stu-
dying several analogous micrographs, we could estimate the mean number

N, of plates per sample and the transformed volume fraction f. For the
group of 6 samples previously mentionned Np%300 and £=0.74%0.03.

Figure 3 shows the typical aspect of the electrical signal obtained
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Figure 3.Typical aspect of electri- Figure 4.Typical aspect of electri-
cal signal with d.c. current. cal signal without d.c. current.

by the transient recorder when the temperature of the cooling liquid
reaches M. The total duration tj;-tg of the signal is about 5us. Between
to and tj, the signal is formed by an oscillation packet (i) and a ne-
gative peak with the same duration as the packet. After tj, an
offset of the trace remains in the same direction as the jump BC in
figure 1, but with a slightly smaller amplitude due to the adiabatic
heating induced by the burst [4]. The oscillations have an apparen-
tly random aspect, a peak-to-peak value of about 20mV and their mean
number per signal is between 20 and 40. If a magnetic field of 5.1030e
(this one is greater than the saturation values for y and a') and paral-
lel to the sample's axis_is applied, peak is suppressed but oscil-
lations (:) and offset remain.

In a second series of tests, the d.c. current has been suppressed.
When the temperature reaches My, the pen recorder does not measure any
tension, but the transient recorder takes the signal shown in figure 4.
With respect to the signal of figure 3, the packet of oscillations
remains alone, with the following characters : zero mean value, dura-
tion between 2 and 8us, number per signal between 20 and 50, peak-to-
peak value between 5 and 40mV.

(3)Discussion.

Some characteristics of the transient signal obtained with a d.c.
current (Fig.3) can be simply explained by assuming that this signal
lasts at least as the burst [4]. As the offset is proportionnal to
the current and to the variation of resistance of the sample induced by
the transformation, we must expect that (;) is zero when the current is
suppressed. The peak (2) is probably due To the ferromagnetic properties
of y and o' phases [6]; it is similar to the "anomalies" already obser-
ved by Kimmich and Wachtel [7].
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When no d.c. current passes through the sample, the occurrence of
electrical signals during the transformation has already been observed
[8,§] but not specifically studied. All our observations give evidence
that, in the alloy studied, the martensitic transformation triggers an
electric emission characterized by oscillations <:> . In the transfor-
med volumes, growth of martensite causes expansion, magnetic perturba-
tions and adiabatic heating. The electrical effects associated with
these phenomena cannot explain the observed signal [6]. On the other
hand, the movement of austenite-martensite interfaces induces transient
variations of the ionic .density of charge to which the electron gas al-
most immediately responds. This mechanism implies a momentum transfer
between ions and electrons. We can estimate the signal amplitude by in-
version [Hﬂ of the reasonings made in order to explain defects resis-
tivities and electromigration phenomena []1]. If n is the electron den-
sity, a tension U=pgne v is induced during the displacement of an
interface of specific resistivity pg and velocity v. Giving tovareaso-
nable value and taking for pg a value measured for iron grain boundaries
[12], we find that U is included between 1 and 100mV which is an order
of magnitude consistent with our measurements.

In our samples, several interfaces are moving during the martensitic
burst in all directions and almost at the same time. Thus, the magnitude
and sign of the measured tension must vary in an apparently random
fashion, as we have observed. An electronic origin seems then probable
for oscillations ; a detailed interpretation will be published el-
sewhere [Kﬂ. As the total duration of the burst must be at least equal
to the time of formation of the biggest plate, we estimate that the mean
velocity for propagation of a y-a' interface would be greater than

tozms‘ﬁ, which agrees with values previously proposed by other workers
14,15].

III.Optical Study.
(1)Experimental procedure.

A 1.8mm diameter wire is laminated at room temperature down to O.3mm
in thickness, then annealed at 1373K for 24h in argon gas. A fast res-—
ponse photodiode placed on the eye piece of a metallographic microscope
measures the intensity of light reflected by an area of about lmm? of a
previously polished sample. The sample is submitted to a coolingheating
cycle at 25Kmn~! between room temperature and 77K in a cooling stage un-
der vacuum. The tension delivered by the photodiode can be measured by
the pen recorder or the transient recorder previously used.

(2)Results

Figure 5 shows the typical aspect of the dependance of reflectivity
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Figure 5.Pen recording of reflec- Figure 6.Typical aspect of a tran-
tivity during a thermal cycle. sient optical signal.

with temperature, as measured
with the pen recorder. We can see
several jumps of decreasing am-—
plitude. Figure 6 shows the de-
pendence of reflectivity on time
during the first jump, as measu-

‘L f red by the transient recorder.
- T S \* . Figure 7 shows the superficial
? L o F\\zk ; f martensitic relief formed after
VAL ‘ ZOOU;‘/‘“]‘ . the first jump.

Figure 7.Superficial relief on a
transformed sample.

(3)Discussion.

The jumps in figure 5 correspond to successive martensitic bursts
of decreasing values. These samples have a different form and a smaller
grain size than those used for the electrical study ; the bursts have
thus a less greater extent. As in the case of the electrical study, the
mechanism of the burst is too complex to enable us to distinguish, on
figure 6, in what sequence the different plates form. However, the to-
tal duration of the reflectivity decrease, and thus of the first burst,
is of the same order as in the preceeding study. A detailed description
of these optical experiments will be done elsewhere [16].
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IV.Conclusion.

We have measured with good accuracy the duration of the first mar-
tensitic burst on cooling of a Fe-327Ni alloy. We have developed for
this purpose an electrical method first proposed in 1940 [17] but rare-
ly used since this date.

These measurements have been verified by a new optical method
fairly simple to use.

Due to the complexity of the burst phenomenon, the growth rate of
single martensitic plates have only been estimated : we think that it is
at least equal to 102ms—1,

In the alloy studied, we have shown that an electric emission ta-
kes place during the martensitic burst and we described it. We propose
to attribute that emission to an interaction between the conduction
electrons and the moving austenite-martensite interfaces.

References.

(1] E.s. Machlin and M. Cohen : Trans. AIME, (1951), 746.

[2] J.C. Bokros and E.R. Parker : Acta Met., 11 (1963), 1291.

(3] R.L. Patterson and C.M. Waymann : Acta Met., 14(1966), 347.

{47 M. Robin and P.F. Gobin : Scripta Met., 11 (1977), 669.

(5] J.F. Delorme, thése, Lyon (1971).

(61 M. Robin, G. Lormand and P.F. Gobin : Scripta Met., 12 (1978), 399
[71 H. Kimmich and E. Wachtel : Arch. Eisenhutt., 35 (1964), 1193.
[8] H. Beisswenger and E. Scheil : Arch. Eisenhutt., 27 (1956), 413.
9] E.E. Lahteenkorva : Ann. Ac. Sc. Fenn. AVI. 87 (1961), 3.

(10)] L. Turban, P. Noziéres and M. Gerl : J. Physique, 37 (1976), 159
(1] J.N. Pratt and R.G.R. Sellors : "Electrotransport in Metals and

Alloys", Trans. Tech. (1973).

[12] s. Arajs, B.F. Oliver and J.T. Michalak : J. Appl. Phys.,38 (1967),
1676.

[13] M. Robin, thése, Lyon (to be published).

[14] R.F. Bunshah and R.F. Mehl : Trans. AIME, (1953), 1251.

[15] K. Mukherjee : Trans. AIME, 242 (1968), 1495.

[16]) G. Lormand and M. Robin : to be published

[17] F. Forster and E. Scheil : Z. Metall., 32 (1940), 165.

-380-



Inhibition of the Martensitic Transformation of Small Austenite
Particles in Low-Alloy Steels

J. M. Rigsbee*

Abstract

Annealing of various low-alloy steels in the intercritical fer-
rite plus austenite region produces a ferrite matrix with individual
small particles of austenite. Upon cooling to room temperature, aus-
tenite particles smaller than ca. 1 p in diameter do not transform to
martensite. These retained austenite particles, which can comprise
as much as 10 vol. 7 of the material, are extremely stable and do not
transform even when cooled to liquid helium temperature. Analysis of
chemical partitioning shows that carbon and manganese are partitioned
to retained austenite and silicon to ferrite. High resolution TEM
techniques show good compatability between the austenite and ferrite
phases since the interphase interface is semicoherent. Size of indi-
vidual retained austenite particles was shown to be very important in
their relative stabilities since the average untransformed retained
austenite particle size decreases with increasing mechanical strain.
The respective roles of chemistry, interfacial structure and particle
size are discussed with regard to inhibition of the martensitic trans-
formation of discrete retained austenite particles.

Introduction

Research in the general area of high-strength steels has accel-
erated during the past five years because of the extensive vehicle
weight reduction programs initiated in the automotive industry. Much
high-strength steel research in the steel industry has centered about
development of a class of steels, termed ''dual-phase,'" which exhibit
strength/formability combinations superior to current HSLA steels [1-
4]. During development of ''dual-phase' steel microstructure-mechani-
cal property relationships [5-7], transmission electron microscopy
and X-ray diffraction techniques revealed that surprisingly large
amounts of austenite (ca. 5 to 10 vol. 7%) are typically retained in
these low-alloy steels at room temperature. The retained austenite,
which appears in the form of discrete submicron sized particles, is
contained in a ferrite matrix and is extremely stable since it does
not transform to martensite when quenched in liquid helium [8] or
when relatively unconstrained in a TEM foil. The objective of this
work was to develop an understanding of the origin of the austenite
stability by: examination of the chemistry of the austenite with
energy dispersive and wavelength dispersive X-ray analysis techniques;

* Republic Steel Corporation Research Center, 6801 Brecksville Road,
Cleveland, Ohio 44131.
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examination of the interfacial structure at the austenite/ferrite in-
terface with high resolution weak-beam dark-field (WBDF) transmission
electron microscopy; and examination of austenite particle sizes in
both the unstrained condition and as a function of tensile strain.

Experimental Technique

Material and Heat Treatment

The nominal chemistry for the commercial alloys used in this study
is: Fe, balance; C, 0.15 wt %; Mn, 1.45; Si, 0.47; Cb, 0.02; V, 0.05;
and Al, 0.04. The hot-rolling schedules involved finishing temper-
atures of ca. 890°C (1635°F) and coiling temperatures of ca. 650°C
(1200°F). The as-hot-rolled microstructures typically consisted of
equiaxed ferrite grains with banded regions of pearlite (pearlite
banding is caused by Mn segregation with higher than average alloy
Mn composition present in the pearlite bands). Intercritical anneal-
ing of the as-hot-rolled steels to produce a "dual-phase' microstruc-
ture involved reheating the materials to ca. 845°C (1550°F), holding
at this temperature for 2-4 minutes, and cooling to room temperature.

Microstructural Analysis

Optical and scanning electron microscopy involved the use of an
etch (2 gms (NH4)2S208, 2 ml HF, 50 ml CH3COOH and 150 ml Hp0) which,
through differing rates of attack, made it possible to distinguish
the various microconstituents. Carbon and manganese partitioning to
austenite particles was analyzed using SEM wavelength-dispersive and
energy-dispersive procedures, respectively. TEM imaging (bright- and
dark-field and WBDF) and diffraction (selected area and convergent
beam diffraction) modes were used for detailed analysis of the micro-
structure. Details on TEM sample preparation techniques and on the
application of WBDF imaging techniques for high resolution analysis
of interphase interfacial structure are discussed in reference [9].
Quantitative analysis of retained austenite.volume fractions was done
using a standard X-ray diffraction procedure [10] discussed in detail
in reference [5].

Results

General Microstructure

Intercritically annealing material with the previously discussed
time/temperature conditions produces a microstructure consisting of
equiaxed ferrite grains with particles of austenite nucleated, ptre-
dominately, at ferrite grain boundary carbides. Figure 1 shows a
typical microstructure after cooling from the intercritical annealing
temperature. The ''second-phase' austenite generated by intercritical
annealing now appears to be divided into two distinct classes: par-
ticles which etch darker than the ferrite and are, on the average,
greater than 10" m in diameter; and particles which etch lighter than
the ferrite and are, on the average, smaller than the darker etching
class of particles. Tt has previously been shown [5] using quantitative
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metallography, X-ray analysis, and TEM techniques that the darker etch-
ing particles are martensite (i.e., austenite that transformed upon
cooling) and the lighter etching particles are retained austenite.

High magnification SEM examination of etched samples revealed the
source of the etching contrast differences between the retained aus-
tenite and martensite particles. The retained austenite particles
shown in Figure 2(a) have smoother surfaces than the ferrite and, be-
cause of their higher surface reflectivity, would therefore appear
lighter in an optical micrograph than the ferrite background. Con-
versely, the larger martensite particle shown in Figure 2(b) has a
rougher surface than the ferrite and would appear darker in an optical
micrograph than the ferrite background. The general lack of internal
structure for the retained austenite and the profuse amount of inter-
nal structure for the martensite (discussed next in the TEM section)
would favor the martensite being most rapidly attacked by the etchant.

Figure 3(a) and 3(b) show low and high magnification views of a
typical martensite particle. As evident from Figure 3(a), this mar-
tensite particle is composed of a complex arrangement of several trans-
formation variants. The higher magnification TEM micrograph shown in
Figure 3(b) illustrates the internal transformation twin structure of
two adjacent martensite variants. All martensite regions observed in
this investigation exhibited the internally twinned structures charac-
teristic of high-carbon, low-transformation temperature plate martens-—
ite [11, 12] and most martensite regions contained more than one mar-
tensite transformation variant. As previously reported [5, 6] for
"dual-phase'" steels, TEM examination showed a high dislocation density
in the ferrite regions directly adjacent to many of the martensite
particles. This result is explained by the ca. 2 to 37 volume expan-
sion [13] accompanying the austenite to martensite phase transforma-
tion.

Figure 4(a) is a bright-field TEM micrograph showing a particle
of retained austenite surrounded by the ferrite matrix. The conver-
gent beam electron diffraction pattern shown in Figure 4(b) quantita-
tively identifies the particle as austenite. The important points of
interest in this micrograph are (a) the faceted nature of the austenite/
ferrite interphase boundary at all positions (note dashed lines) around
the retained austenite particle and (b) the linear structures lying
approximately normal to the interphase boundary extinction fringes.
The relevance of the interfacial faceting and boundary structure to
the coherency of the austenite/ferrite interface will be detailed in
the Discussion section.

Austenite Chemistry

SEM point analyses and line scans across retained austenite/mar-
tensite* (A/M) particles revealed significant partitioning of carbon

KA
kS

Although it was not possible in the SEM to unambiguously determine
whether the particles examined were retained austenite or martensite,
no drastic chemical differences are expected between the two particle
types.
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and manganese to austenite and silicon to ferrite. Figure 5(a) shows
a wavelength dispersive (WDX) carbon line scan across two A/M parti-
cles along the path denoted by the horizontal line. Carbon partition-
ing to the two particles (relative to the ferrite matrix) is clearly
shown by the peaks in the count rate versus beam position curve. Al-
though the peak signal from the smaller of the two A/M particles ap-
pears less than that from the larger particle, the difference most
probably results from the fact that the electron beam sampling volume
(ca. 1 um diameter for the kV used) included a portion of ferrite.
Figure 5(b) shows an energy dispersive (EDX) manganese line scan
across two A/M particles. The partitioning of Mn to A/M and its rela-
tive depletion in the ferrite matrix is clearly shown by the respec-
tive peaks and valleys in the count rate curve. Preliminary TEM thin
foil EDX point analyses of austenite particles (identified by electron
diffraction) and the ferrite matrix have also shown Mn to be parti-
tioned to austenite and Si to be partitioned to ferrite.

Austenite/Ferrite Interphase Structure

Figure 6(a) and (b) are WBDF TEM micrographs (obtained using a
ferrite <020> reflection with a deviation of ca. 0.015 &1 from the
exact Bragg diffraction condition) which show interfacial structures
typically found at the interface between a retained austenite parti-
cle and its ferrite matrix. Figure 6(a) is a lower magnification mi-
crograph which shows the entire austenite particle and the surround-
ing ferrite matrix. The wide projected width of the austenite/ferrite
(y/a) interface results from the interface being nearly parallel (with-
in 10°) to the plane of the foil and allows a clear presentation of
the complex interfacial structure. The faceted nature of the y/a in-
terface is indicated by the three dashed regions labeled 1, 2, and 3.
The spacing and arrangement of the interfacial features varies from
facet to facet. The primary interphase structures evident in Figure
6(a) are the growth ledges which lie nearly perpendicular to the y/a
interface extinction contours at facets 2 and 3 and which are nearly
semicircular at facet 1. The ledge nature of these features (which
apparently nucleate at some position on facet 1) are proven by the
extinction contour deflections which they produce. Figure 6(b) shows
additional linear features which are spaced ca. 30 ] apart and lie
along the indicated direction only at facet 1.

Strain Induced Austenite to Martensite Phase Transformation

Samples strained in tension from O to 20% showed steadily de-
creasing amounts of retained austenite with increasing strain [5].
The percent austenite transformed to martensite per unit strain also
showed a maximum at the lowest strains and decreased with increasing
strain. The key result of metallographic analysis of the strained
materials showed that the average untransformed retained austenite
particle size decreased rapidly with increasing strain.
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Discussion of Results and Conclusions

It is proposed that chemical partitioning, y/a interphase struc-
ture and austenite particle size each play roles, not independent of
one another, in austenite stabilization. C and Mn, which were shown
to partition to austenite, are well-known to stabilize austenite by
depressing the Mg temperature [14]. However, complete partitioning
of C and significant partitioning of Mn to austenite would not reduce
Mg below 0°C. The experimental results on the faceting and inter-
facial structure of the y/a interphase boundaries support previous
detailed computer modeling [15] and TEM analyses [9] of f.c.c.:b.c.c.
boundaries which show that it is possible for a partially coherent
interface to exist between ferrite and austenite which would be an
effective barrier to growth. Such an interface would be effective
in mechanically constraining the particle and would serve to increase
the degree of chemical partitioning by reducing the growth of the aus-
tenite. The increase in stability with decreasing particle size can
be explained by the probable higher level of chemical partitioning
and by the increased effectiveness of the interface (relative to the
volume of the particle) in constraining the particle against the re-
quired particle shape changes accompanying a martensitic transforma-
tion.
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Fig. 1: Optical micro- Fig. 2: Scanning electron micrographs; (a)
graph; F = ferrite, M = retained austenite particles, (b) martensite
martensite, A = retain- particle.

ed austenite.

e

g T

Fig. 3: Transmission electron mi- Fig. 4: Transmission electron

crographs, martensite particle; (a) micrographs, retained austenite;
low magnification, (b) high magni- (a) bright-field, (b) {001} con-
fication of area "X" of 3(a). vergent beam diffraction pattern.
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Fig. 5: Scanning elec-
| tron micrographs showing
concentration profiles
across retained austen-—
ite/martensite particles
of (a) carbon and (b)
manganese.

L0.2m !

. PR ———

Fig. 6: Weak-beam dark-field transmission electron micrographs (éOZO’
ISI =~ 0.015 -l) showing retained austenite/ferrite interphase inter-
face structure; (a) entire austenite particle (1, 2, 3 indicate facets),
(b) higher magnification micrograph of the same boundary (L indicates
growth ledge).
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Martensitic Transformation in High Magnetic Fields
M. K. Korenko* and M. Cohen**

The kinetics of the isothermal martensitic transformation in Fe-29.6Ni
and Fe-22.5Ni-4Mn a]]oys were investigated as a function of constant mag-
netic fields, ranging up to 140 KOe (11 x 10° ampere/m). The principal
role of the applied magnetic field is to increase the free-energy difference
between the product and parent phases in these iron-based alloys, and so
the transformational driving force for a given composition can be varied
even at a fixed temperature. In the Fe-Ni alloy, the isothermal transfor-
mation rate is increased by raising the magnetic field as well as by low-
ering the temperature, leading in either case to the entre of burst
characteristics. The Fe-Ni-Mn alloy does not transform perceptibly
without an applied field, but exhibits isothermal C-curve kinetics in
fields above 60 KOe (4.8 x 10° ampere/m). There is some tendency for
the morphology to become Tess lath-like and more plate-like with increasing
f1e1d strength at a given transformation temperature, and likwise with

increasing temperature at a given driving force. Evidently the prevail-
ing view that martensite becomes more plate-like with decreasing trans-
formation temperature is not a pure thermal effect as such, but is rather
a consequence of the attendant increase in driving force.

I. Introduction

In typical steels, the martensitic phase is ferromagnetic while the
austenite is paramagnetic. Under these conditions, the application of a
magnetic field can induce an additional free-energy difference between the
parent and product phases.

In 1929, Herbert [1] found that magnetizing a quenched steel caused
an increase in hardness. This effect was not linked to the martensitic
transformation until 1960, when Sadovskiy etal. [2] reported that they
induced extensive martensitic transformation in a Fe-23Ni-1.5Cr-0.5C
steel at 77°K with a nulsed field of 350 KOe. Since that time, work in
this area has flourished [e.g., 3-10]. Much of this effort has been
carried out by Russian investigators using up to 500 KOe pulsed magnetic
fields on athermally transforming iron-nickel-chromium alloys. Typically,
the effect of the field is to raise M in a linear fashion by some 0.1
to 0.3°C/KOe.

There have been comparatively few magnetic studies on alloys which
undergo isothermal martensitic transformations [11-14]. Estrin [12]
showed that the application of a steady field caused an increase in the
rate of transformation. More recently Peters, Bolton and Miodownik [14]
described the transformation of an Fe-26Ni- 2Mn alloy 1nduced by steady
fields up to 20 KOe over a temperature range of -60 to -80°C. They
changed the field strength during the course of the reaction, and adopted

* Hanford Engineering Development Laboratory, Richland, WA 99352, USA
** Massachusetts Institute of Technology, Cambridge, MA 02139, USA

-388-



the Kaufman-Cohen (K-C) model [15] to evaluate the shift in activation
energy for nucleation due to the magnetic field, as well as the temperature
dependence of the critical-embryo size.

In the present investigation, the magnetic field is used as a thermo-
dynamic variable to investigate the kinetics of martensitic transformations
Since the effective driving force can be raised by increasing the field
strength or by lowering the temperature, it becomes possible to separate
the interdependent roles of temperature and chemical driving force.

II. Experimental Procedure

The two alloys investigated, Fe-29.6Ni-0.0090C and Fe-22.5Ni-4.0
Mn-0.0055C, had a final grain size of 41 and 22 um respectively. Elec-
trical resistivity specimens were prepared by spot welding nickel-wire
leads onto swaged wire stock and then carbon doping the surfaces to
prevent preferential surface nucleation.

The magnetic fields were generated at the MIT Francis-Bitter National
Magnet Laboratory by passing up to 25 Kamps through special axial-flow
helical solenoids. The fields varied from 20 to 140 KOe for times up to
3-5 hours in a 2.1-inch bore magnet. Subzero temperatures were held to
+0.2°C over a temperature range of +10° to -140°C.

The isothermal transformations at subatmospheric temperatures were
followed by changes in electrical resistance, measured with a Kelvin
double bridge. The fractional resistance change corresponding to a 1 per-
cent transformation from austenite to martensite (calibrated by quantita-
tive metallography) was found to be 6.96 x 10-3 and 3.10 x 10-3 for the
iron-nickel and iron-nickel-manganese alloys, as referred to 25°C.

The magnetization of the austenitic and martensitic phases in each
alloy was measured at the temperatures of interest as a function of
field strength, using a vibrating-sample magnetometer in a suitable dewar.

ITI. Results and Discussion

The Fe-22.5Ni-2.0Mn alloy does not detectably transform by isothermal
holding at any temperature. However, by applying magnetic fields in the
range of 60 to 140 KOe, it is possible to transform this alloy up to 50%
martensite. This illustrates quite clearly that applying a field is very
different from lowering the temperature. Figure 1 demonstrates the effect
of applying higher and higher fields at constant temperature, whereas
Fig. 2 illustrates the effect of varying the temperature at constant
field. The transformation is definitely isothermal over the whole temp-
erature range and exhibits a C-curve behavior, which is typical of Fe-Ni-
Mn alloys. The higher Mn content of the present alloy (4% Mn) shifts the
C-curve out of the experimentally detectable range, unless the kinetics
are accelerated by high magnetic fields.

Shih, Averbach and Cohen [16] empirically correlated the nose tem-
perature versus percent Mn. According to their correlation, the nose
temperature of the present composition should be below -140°C, approxi-
mately 20°C lower than the 140 KOe field-induced nose temperature.
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Thus, the magnetic field apparently shifts the C-curve to shorter times
and to higher temperatures.

The zero-field martensitic transformation curves for the Fe-29.6Ni
alloy are shown in Fig. 3. Isothermal transformations can be observed
within convenient times at temperatures below about -8°C. As the reac-
tion temperature is lowered, the kinetics are accelerated but remain
fully isothermal down to approximately -20°C, where the transformation
may be described as a very fast initial reaction (or burst) followed by
a relatively slow isothermal stage. With further lowering of the trans-
formation temperature, the burst is more pronounced and the subsequent
isothermal stage becomes smaller. The total amount of transformation
observed in these runs increases with decreasing temperature.

The effect of magnetic fields on the transformation kinetics at
constant temperature (-2 and +9°C) is illustrated in Figs. 4 and 5.
Higher fields are necessary to +9°C than at -2°C to obtain comparable
results because of the smaller chemical driving force prevailing at the
higher temperature. In comparing Figs. 3, 4 and 5, it is interesting
to note that the magnetic field makes it feasible to observe the marten-
sitic transformation at higher temperatures than would otherwise be pos-
sible. As the field is increased , the reaction rate in this Fe-Ni
alloy is enhanced in somewhat the same manner as lowering the tempera-
ture; however, as will be demonstrated shortly, Towering the tempera-
ture is different from increasing the magnetic field, even when the
same effective driving force is achieved.

Under zero-field conditions at temperatures from -9° to -18°C, the
structure is lath-Tike having a loose-packet morphology as shown in
Fig. 6(a). As the temperature is lowered from -9° to -13°C the amount
of this Tath martensite increases; however, the structure of the indivi-
dual martensite units remains unchanged. As the temperature is lowered
further, however, the structure changes to a mixture of {259} plates
with definite midribs and irregular interfaces surrounded by the higher-
temperature lath structure, as shown in Fig.,6(b). The temperature at
which the plates are first observed is -20°C, where the reaction kine-
tics change from isothermal to bursting in Fig. 3. As the temperature
is lowered even further, the plate morphology begins to predominate.
Since these morphological changes (shown in Fig. 6) occur at constant
nickel content, we are led to conclude that alloy composition is not
the only variable dictating the morphology.

If temperature were the major determining factor in the morphologi-
cal transition, then the field-induced transformation runs (which are
at higher temperatures) should be lath-like in nature. Fig. 7 shows
instead that these specimens go through the same transition in mor-
phology as those of Fig. 6. We can, therefore, conclude that tempera-
ture is not the only parameter controlling the morphology.

It was possible to compare the structures of several sets of speci-
mens which transformed under nearly the same Gibbs free-energy change;
some were produced simply by lowering the temperature and others by a
combination of Towering the temperature and increasing the magnetic
field. The morphology and kinetics of specimens transformed under con-
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ditions of similar driving torces may be quite different.

Likewise, when specimens are compared having the same activation
energy AWa, it is found that the field-induced specimens display faster
transformation rates and have the greater tendency to form the plate
morphology. The reason for this is rather straight-forward. The mag-
netic field accelerates the reaction not only by increasing the Gibbs
free-energy difference between the phases but also by allowing the reac-
tion to occur at higher temperatures, thereby taking advantage of the
additional thermal energy. For a thermally activated process, like
the martensitic phase transformation, the temperature per se is just
as important as the magnitude of the activation energy.

Finally, when a comparison is made among specimens having the same
AWa/T, or the same transformation rate, it is found that they have
nearly identical structures. Thus, the rate of transformation governs
the morphology or vice versa. Since aWa/T is obviously inversely pro-
portional to the temperature, we are forced to make the controversial
deduction that high temperature favors {259} martensite, in direct
contrast to the usual experimental observation in which we see plate
martensite only at Tower temperatures. This is not a contradiction,
however, since at the Tower temperatures we have a higher chemical
driving force and lower aAWa which, up to the present use of magnetic
fields, has invariably masked the intrinsic effect of temperature in
martensitic transformations.

This work was supported by the National Science Foundation.
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(a)
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FIG. 6 Morphological transition in Fe-29.6Ni under
zero-field conditions. (a) Laths at -13°C,
(b) mixture of plates and laths at -196°C.

FIG. 7 Field-induced morphological transition in Fe-
(a) Laths at 40 KOe, (b)

29.6Ni at -2°C.
mixture of plates and laths at 140 KOe.




Sequence in Variation of Kinetico-Morphological

Characteristics of Transformation from "Normal"”

to "Martensitic" with Rise in Driving Force of
the Process

E.Ve. Safonov and A.V. Shalimova

As a result of the investigation of the processes
taking place in rhodanic ammonium single crystals it was
found four kinetico-morphological types of transformation
upon heating. For the first time it was possible to fol-
low the subsequent changes of almost all the varieties of
transformation of one substance from "normal"™ to "marten-
sitic", that were described in the literature. The change
of the kinetico-morphological type of transformation upon
heating occurs so that the orientation influence of the
matrix increases with rise in temperature. The martensitic
transformation takes place at the highest deviation from
the phase equilibrium temperature, T . Lower deviation
from Tocxmresponds to more inert kin8tic. A detailed study
of the~ tramnsformation kinetics reveals the spasmodic
character of the phase boundary which consists of the dis-
placement and halt in all types of transformations. In the
course of transformation of one type of transformation to
another the displacement value does not essentially change;
only the expectation time between separate boundary move-
ment acts varies considerably. In martensitic transforma-
tion the expectation time tends to zero. The experimental
data obtained supports the conclusion of the heterogeneous
structure transformation theory that there exists apparen-
tly a single stable phase formation mechanism for all poly-
morphous transformations.

At the present time there is a great deal of experi-
mental data in literature showing that the shift of kine-
tico-morphological transformation from normal to marten-
gsitic is due to varying the rate of heating or cooling. The
essential distinction in the kinetics of these transforma-
tion as observed in many cases leads to the conclusion that
there exist two different mechanism in form a new phase:
civil (corresponding to normal transformation) and mili-
tary (cooperative martensitic transformation). However,
there exists another generally recognized point of view
that no matter how great the difference in the kinetics
and morphology of normal how great the difference in the
kinetics and morphology of normal or martensitic transfor-
mations may be, it need not necessarily be counted as a

Central Sclentific Research Institute of Ferrous Metal-
lurgy, Moscow
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result of a strict difference pertaining to their particu-
lar mechanism. It can be regarded as a result of relaxa-

tion of the internal stresses occurring in the ordered
contact of phases [1]. The relaxation processes obscuring
the ordered picture of transformation peculiar to the mar-
tensitic kinetic, decrease the degree of crystallographic
interaction of the phases and bring about the occurrence of
a8 whole spectrum of diverse kinetico-morphological types of
one and the some polymorphic transition.

To check the above-mentioned conception the simula-
tion method for processes occurring in metals on optically
transparent crystals was used, as this method proved to be
highly appreciable in elaborating the theory of crystalli-
zation. Rhodanic ammonium was the material to be investi-
gated, the kinetico-morphological peculiarities of trans-
%?rm%fion development of this compound was described in

5y 2]«

By generalizing the experimental data obtained in
these studies, corresponding to certain isothermic expo-
sition temperatures, it was possible to descern the fol=-
lowing development of the process:

I. The T = 79°C = transformation starts with the for-
mation of one or two nuclei on the sample faces to be fol-
lowed by crystal growth. Their interphase boundary of ip-
regular shape leaves behind a high temperature phase sin-
gle crystal during its movement. No relief is observed on
the sample faces at the site of the rise of the new phase.
The rate of the interphase boundary movement is given in
Fige 1, curve a.

ITI. The T = 83°C -~ character of the onset of trans-
formation does not change. The nucleation of a new phase
appears on the sample faces as previously, but a poly-
crystalline structure starts to form behind the front of
the growing crystale The interface of the phase repre-
sents a well-pronounced broken shape. The sample does not
exhibit any relief on its faces or any change in shape.
The rate of the movement on such a boundary increases
noticeably (Fige. 1, curve b).

IITI. T = 80°C = growth of the high temperature phase,
nucleated én the sample face, proceeds at the expense of
the interphase boundary of rectilinear shape passing
through the whole sample. The growing domain preserves a
polycrystalline structure. An essential distinction of
this type of transformation from the previous one, with
the exception of the boundary rectilinearity, is the
dramatic change in sample shape. The boundary movement
rate is illustrated in Fig. 1, curve c.

IV. T = 93°C - beginning with this temperature one
witnesses a dramatic martensitic transformation charac-
terized by a high speed of transformation of high tempe-
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rature phase crystals strictly oriented relative to the
lattice of the low temperature phase, by the change in the
shape of the sample and abhermic kinetic. The growth of
the new phase proceeds at the expense of formation of new
crystals, but not owing to the growth earlier formed crys-
tals. The transformation ends with the formation of a
high-temperature phase single crystal.

The peculiarities of the transformations behaviour
described above, shows that not all the external features
of development of the process change simultaneously in the
transition of one type of transformation to another. For
instance, the shape of the interphase boundary of the
first and second types of transformation preserve the same
irregular shape in spite of the substantial structural
change of the high-temperature phase the change from sin-
gle crystal to polycrystale The tramsition of the second
to the third type of transformation leads to smoothing out
of the interphase boundary front, but the polycrystalline
nature of the structure which has undergone a domain trans-—
formation, remains invariable. A considerable change in
the shape of the sample accompanying the third type of
transition is one of the most characteristic features of
martensitic transformation. A more vivid inheritable
character of tramsition of types of formation manifests
itself in the analysis of the orientational influence of
the matrix on the growth of crystals of a new phase.

The mutual position of the lattices of the growing
crystals and matrices was determined using the polariza-
tionally-optical technique for angles of total extinction
in a crossed polaroid. By turning the sample in the plane
perpendicular to the axis under observation it is possible
to get in line the direction of the axis of the optical
indicatrice of the crystal and the mutually-perpendicular
axes of the analyser and polarizer. This corresponds to a
condition of an absolute extinction in the circular polari-
zer. In the formation of new phase crystals the birefrin-
gepce conditions changes and by revolving the microscope
table the position of absolute extinction is restored. The
required angle for this rotation is referred to as an ab-
solute extinction angle. Different rotation angle values
relative to the original position of absolute extinction
correspond to different orientations of the daughter crys-
tals. The experimental results for transformations "I" and
"TI" are illustrated in the diagram in Fig. 2. The extinc-
tion angle values from =45 to +45° relative to the posi-
tion of absolute extinction of the matrix are plotted as
coordinates. The chosen range covers the entire high tem-
perature phase orientation spectra and its further expan-
sion is unreasonable due to the limitation superimposed
by the polarizationally-optical procedure symmetry. The
measurement accuracy of the angle is =0.5°. The encounter-
ing frequency of one and the same angle values is laid off
along the X-axis.
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As is seen from the data obtained for transformation

I (Fig. la), one may practically notice all possible (tak-
igg acgount of the measurement accuracy data§ disorienta-~
tion angle values of the growing phases and matrices. How-
ever, some of these directions are more preferable than
others. For example, the angle values 2°, 6°, -33° occur
twice more often than the mean repetitien number, - equal

to 5. On the other hand six values occur only once, where-
as five are not registered at all. The difference between
the minimal and maximal quantity of repetition of the ex-
tinction angle values is more than an order. A well-defi-
ned tendency of formation of high-temperature phase ori-
entation in certain groups (Fig. 2b) is noticeable in
transformation II. Here, the repetition of the extinction
angle values is slightly higher since a large number of
grains of similar orientation occurs simultaneously in
polycrystal structures.

Transformation III is characterized by the formation
of a complex polycrystalline structure wherein the achi-
evement of an absolute extinction position for the majo-
rity of the high-temperature phases was a failure. The
orientation of such siteg, where absolute extinction is
possible, varies within =6° relative to the extinction
angle value, equal to 13°..

Finally, as a result of the martensitic transforma-
tion IV strictly oriented relative to the matrix system
of mutually-perpendicular crystals of a high-temperature
phase forms. This system has one extinction angle value,
equal to =13°,

A more detailed analysis of the kinetic process has
produced interesting results regarding the genetic rela-
tionship of different types of transformation. The cinema-
tographic films analysis of the process reveals an inter-
rupted character of the boundary movement (Fig. 3) in-
herent in all the types of transformation under investi-
gation consisting of intrinsic displacement and cessation.
When the superheating enhances, the jump value
does not change effectlvely, only the expectation time
changes noticeably between the individual acts of move-
ment, which frequency rising with its increasing
(Fig. %28, b, c)e. The extrapolation of the dependence of
the expectation time on the superheating tending to zero
offers a critical superheat value close to the onset the
martensitic transformation (¥ige. 4). The path of the tra-
velling boundary for one act of movement for transforma-
tions IT and III are significantly less than the size of
separate grains of high-temperature phase polycrystal
structures. The normal movement of the boundary for all
types of transformation is realized at the expense of
swelling its separate sites and subsequent pulling the
rest parts to a normal level.
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The analysis of the obtained experimental data has
shown that a more satisfactory explamnation is found in
the framework of the theoretical conception based on the
relaxation mechanism.

The enhancement of the orienting influence of the
matrix with a rise in the driv force of the process
during heating cannot be convinc ly accounted for from
the position of admitting the existence of two mechanisms
of civil and military transformation. The action of the
first one is traditionally associated with the high mobi-
lity of atoms. With the rise in temperature the action of
this mechanism should lead to the weakening of the orien-
ting influence of the matrix. The experimental data are
indicative of an opposite tendency which is, as in the
case of the interrupted character of the boundary move-
ment, well explained by the action of diverse relaxation
mechanisms accompanying the interphase boundary movement
in solids (4] . The tendency of the expectation time be-
tween individual boundary movement acts toward zero when
approaching the time of onset of the martensitic trans-
formation, confirms the presence of a genetic relation-
ship between different types of polymorphic transforma-
tione.

Thus, the unique case of observation under normal
pressure on one surstance of a successive interchange of
almost all the known kinetico-morphological types of
transformation in the aggregate with the basic experimen-
tal data on the character of the interphase boundary
movement and orientational relationship of the phases al-
lows one to make an assumption on the possibility of
there existing a single mechanism for all types of poly-
morphous transformation. The visual observing discrepan-
cy between morphology can be apparently connected with
diverse degree of proceeding of the relaxation mechanisms
on interphase boundary during its movement.
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Premartensitic Phenomena
X : 1O w10 . XX
L. Delaey”, P.F. Gobin , G. Guenin and H. Warlimont

Various phenomena which are regarded as ''premartensitic" in the li-
terature are reviewed and schematically represented for comparison. Two
main aspects of these phenomena are considered : the anomalous evolution
of bulk lattice properties and the occurrence of microregions having a
structure and properties different from those of the parent phase. The
pertinent aspects of the elastic constants, phonon dispersion and elec-
tron microscopic observations are emphasized. Some phenomena have a di-
rect effect on the martensite formation, others are just competitive and
still others may be regarded as an intermediate stage.

A main conclusion is that "premartensitic' phenomena should be dif-
ferentiated with respect to those which are bulk properties and those
which occur in conjunction with lattice defects and interfaces, in par-
ticular with free surfaces. Based on the bulk properties of the parent
phase in the temperature range above M , the martensitic alloys can be
classified into three main groups. In each group the lattice stability
or instability has a different degree of influence on the transformation
characteristics (structure morphology, mechanism and nucleation). The
effects associated with defects and interfaces permit, on the other hand
to analyse some of the changes of structure and properties pertinent to
the bulk "premartensitic'" phenomena and to the martensitic transforma-
tions.

I. Introduction

A number of phenomena which do not comply to the normal behaviour of
metals and alloys occur in alloys which transform martensitically.
These phenomena observed mainly in the temperature range above MS are a
softening of elastic constants, inelastic neutron scattering, resistivi-
ty anomalies, anomalous magneto-resistance effects, calorimetric effects,
diffuse and extra diffraction effects, the occurrence of an w-phase and
similar structural transitions, contrast effects and shimmering or
streaming effects in transmission electron microscopy, changes in inter-—
nal friction, hardness, magnetic susceptibility and in Mossbauer effects,
anisotropy of the Debye-Waller factor and anomalous effects observed by
positron annihilation. These effects are referred to in the literature
as "premartensitic", "premonitory'", "precursory", "pretransition'", "in-
termediate'", "soft mode effects", "elastic softening', "phonon softening"
"lattice instabilities", triggering effects', "dispersion anomaly" and
even "unidentified fluctuation observations (UFO)".
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Department of Physical Metallurgy, Institut National des Sciences Ap-—
pliquées de Lyon, Villeurbanne (France)

X
Vacuumschmelze GmbH, Research and Development, Hanau (W. Germany)

-400-



Some of these observations concern bulk properties, others concern
thin foil observations and still others are concerned with the appear-

ance of martensite plates already above the "macroscopic" Mg, i.e. the
transformation temperature obtained by conventional macroscopic proper-—
ty measurements.

In connection with these observations several theories have been de-
veloped to explain the phenomena and the underlying processes. In sev-
eral interrelated theories lattice instabilities are calculated taking
into account anharmonic terms of elastic or strain free energy. In
these theories plane waves of large amplitude phonons are assumed to ex-—
ist in the pretransformation region and are assumed to trigger the mar-
tensitic transformation. These theories are known in the literature as
"localized soft phonon", "strain spinodal", "heterophase fluctuation',
"condensation of phonons'", "phonon nucleation" theory, etc.

In 1965 at the conference on "The Physical Properties of Martensite
and Bainite" [1] only two papers LZ, 3] have been concerned with the re-
lation between the elastic properties of the parent phase (the lattice.
instability with respect to shear modes, as first explained by Zener [4)
and the transformation temperature and nucleation. The study of shape
memory alloys brought the problem of "the premartensitic phenomena" to
the foreground of the discussions, because it is in those alloys that
most of the anomalous phenomena are observed. 1In 1975 at the conference
on "Shape Memory Effects in Alloys" [5] eight papers out of thirty-four
treated the premartensitic phenomena. The localized soft mode theory
had already been introduced at that time [6]. It was shown that there
is an intimate relation between the softening of the elastic constants
and the thermoelastic and pseudoelastic behaviour [7, 8]. The elastic
softening in the B-Hume Rothery alloy systems was explained by the tem-—
perature dependence of the repulsive ion core interaction [9]. The crys-—
tallographic relation between vibrational modes, static displacements
and martensite formation was also discussed [10 . Some of those points
were reconfirmed in 1976 at the Kobe symposium |11, 12, 13]. The exist-—
ence of some new intermediate phases in steel was reported [}4] and the
nucleation of stress—induced martensite was attributed to large ampli-
tude lattice waves [13]. At the ICOMAT 1977 Conference in Kiev [16 the
concept of lattice instabilities prior to the martensite transformation
was further analysed[/4.Based on earlier work [|7], calculations of lat-
tice stability with respect to a bcc » w, bcc > 9R and fcc > bec transi-
tion using third order elastic coefficients were presented. However,
attention was drawn to the heterogeneous nature of the nucleation of mar-—
tensite nucleation and to the finite and often large undercooling re-
quired to nucleate martensite; these features common to all martensitic
transformations are not required for phase transitions which proceed by
infinite lattice softening [18 ¢

Since many alloys show no lattice softening, others a moderate but
not infinite softening at Mg and still others - a limited number - exhi-
bit a drastic softening, the alloys which transform martensitically will
be treated according to these groups throughout the present paper.

-401-



II. Mechanical Lattice Stability

The mechanical lattice stability is a direct consequence of the in-
teratomic bonds. This stability may be studied using two different ap-
proaches : a static approach treating the conditions are determined for
a lattice to be stable when submitted to small static or quasistatic ho-—
mogeneous strains, and a dynamical approach treating the dynamical cha-
racteristics that a lattice should possess in order to be mechanically
stable. The former approach leads to the elastic constants whereas the
latter, which is more universal, leads to the study of phonons.

The static approach : the free elastic energy density may be expres-—
sed by 5 5

1
F =F +HHC E: Bq *

1
—= L 5 @ p 3 T wen
o 1] ij 1 ] 3! 1jk Cle €1 €J €k (1

C;; are the second order constants, Cj;i the third order elastic con-

stants, €; the homogeneous strains and F, the free energy of the un-

strained lattice.

For a lattice to be stable when submitted to small homogeneous
strains, the free elastic energy density must increase for all possible
strains. The quadratic form ZCijEiE- must therefore be positive because
the other forms can then be neglecteé. Mathematically this is expressed
by saying that all the eigenvalues of the Cij—matrix must be positive or
all the determinants of successive minors of the Cjj-matrix must be po-
sitive. In the case of cubic crystals these conditions reduce to C44>0,
C11"012>0 and Cll + 2012>0.

These stability conditions can be modified in the strained regions
of the lattice because of the existence of the anharmonic terms (third
and higher order elastic constants [6, 19, ZOJ). Schematically this can

be understood as follows : formula (1) can be simplified as
B 1 2 1 3
F—FO+§CZE +6C3€ (2)
The restoring force against a strain € is then given by
2
o7 F _
5 = C2 + C3 € (3)
9 €

In the general case C, is a combination of second order elastic constants
(Cij) and C, 1s a combination of second and third order elastic constants
(Cij, Cijk)- Formula (3) shows that this restoring force may increase or

decrease with strain depending on the sign of Cj €.

The dynamic approach : Born and Huang [2]] have shown that the above
criteria are not sufficient to ensure complete stability, in particular
for heterogeneous strains such as those produced during short wave length
propagation of vibrations. Born and Huang established that a crystal
will be stable for all kinds of small strains if all the normal modes ex—
hibit real frequencies (w? > 0%Q = 1/A). The study of complete insta-
bility is therefore done through the examination of phonon dispersion
curves. The tendency towards mechanical instability is seen when a par-—
ticular vibrational mode (q = q,), either optic or acoustic, at q¢ = 0 or
elsewhere in the Brillonin zone becomes unstable
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w * 0 for an optic mode at q = 4 ( qp)
w > 0 for an acoustic mode at q = qq (g, # 0)

dw/dq > 0 for an acoustic mode at qo = 0.
The particular mode becoming unstable is called a "soft mode". A struc-—
tural transition is called a soft mode transition when, at a temperature
T., a particular mode is unstable leading to a spontaneous distortion of
crystal. The structure of the new phase is uniqually determined by the
eigenvector is simply the arroy of atomic displacements accompanying the
exitation of that mode. In that case the transition is second order.

In most real cases the martensitic transition in metals and alloys
occursbefore any vibrational mode being completely unstable (w # 0O or
dw/dq # 0), the structural transition is thus first order.

III. Schematic Representation of the Observed Phenomena

In table I a number of characteristic alloys are classified accord-
ing to their lattice mechanical instability.

Table 1 Classification of various martensitic alloys according to the
magnitude of lattice softening.

Group A Group B Group C

no lattice mechan- moderate lattice me-— drastic lattice mechan-
ical instability chanical instability ical instability

Fe-C Cu—, Ag—, Au- and Ni- In-X alloys

Fe-Cr-Ni B Hume-Rothery phases (X =Tl, Cd, Hg ....)
Fe-Mn-C U. Al5 compounds (V3Si,

Co Fe-Ni (Ni7Z > 30%) Nb3Sn)

Co-Ni Fe-Pt (near FesPt) antiferromagnetic alloys
Fe-Ni (Ni7Z < 307%) (Mn-Cu, Mn-Ni, ....)

On fig. 1 are drawn some selected C' and C4, measurements represent-
ative for a wide variety of martensitic alloys are plotted. Table 2
shows some data for comparison extracted from figure 1 and literature.
The common features are a large or very large elastic anisotropy A in
the vicinity of the transformation, which is mainly due to a low value
of C', and an anomalous positive temperature coefficient, dC'/dT > O.
From these data, in particular (1/C') (dC'/dT), it is obvious that
groups B and C should be differentiated. Some typical dispersion curves
are given for the same alloys, if available, in figure 2. In the case
of Fe-Ni no special behaviour is observed [30], for the ordered Fe,Pt
{31] and the P-phase alloys [32, 33, 34] we notice that the entire TA,

gqu branch, the slope of which at the origin corresponds to C', is low
or very low in energy qualitative and for some cases (e.g. Cu—Zn-Al) in
quantitative, and decreases with decreasing temperature, which is in a-
greement with the ultrasonic measurements. In the case of Au-Cu-Zn and
Cu—Zn—-Al an anomaly is observed at q = 2/3 qpax, but there is no criti-
cal behaviour at_Mg. By contrast, in the case of Nb3Sn |35, 36} a soft
mode on TA2 [&&q] branch is located at q = o, the remaining branch being
"normal" as Mg is approached.
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Figure 1 : C' and C44 measurements

Fe-Ni 31.5 7 (22), Fe-Pt (23), Cu—Zn-Al (24), Au-Cd (25),
In-T1 (26), In-Cd (27), Nb3Sn (28), VBSi (29).

Table 2 Data on elastic constants (C' and C

Ki

) and the elastic aniso-

tropy A at Mg and their temperature dependence.
10 10 :
el 9" Ta _Jaﬂffﬁi dct reference
Cuy c' A at Mg C4y  dT = C' arT 2
at MS at MS 10 107
Nb3Sn 2.73 0.27 > 10 + 25 " 2800 (32)
V451 7.6 0.61 > 12.5 + 2.4 v 960 (31
InT1 7.9 0.03 287 - 8.6 v 700 (26)
InCd 8.06 0.10 67 - 9.1 " 1300 (27)
AuCd 4.1 0.29 14 - 3.6 27 (25)
CuZnAl 8.6 0.58 15 - 4 4.3 (80)
AuCdZn 5.6 0.7 7.5 = .3 7 (78)
NiAl 13.5 1.47 9 = 5.7 6 (81)
CuAlNi 10.2 .76 13 = 3.5 3.9 (78)
Fe3Pt 8 1 1.16 7 11 47 (23)
FeNijg g 10.4 1.8 5.6 1.4 11 (22)
FeNig) 5 11.2 2.8 4.1 - 0.4 3.3 (22)
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Figure 2 : [ggq]phonon branches (LA and TA,)
Fe-Ni (30), Fe-Pt (31), Au-Cu-Zn (32), Cu-Zn-Al (33),
Cu-Al-Ni (34), NbsgSn (35)(36).

The observations referred to as '"premartensitic'" in the literature
will now be analysed in more detail.

Group A In this group no lattice softening is observed. The low
temperature electron microscopic observations of Oshima and Wayman [35]
and Fujita and coworkers [14] appear, to the authors' knowledge, to be
the only observations in iron base alloys which are interpreted as '"in-
termediate''structures. Based on a six layer structure, which explains
the diffraction patterns, Fujita proposes a new path of the martensitic
transformations in steel. His model which is based on thin film obser-
vations appears to be compatible with other bulk phenomena. On approach-
ing Mg a gradual increase in the distance between two partial disloca-
tions was observed for a Fe-Cr-Ni alloy [}6]. This corresponds to a de-
crease of the stacking fault energy. This observation was used by Olson
and Cohen [37] to support their nucleation model which involves the ap-
pearance of defects and intermediate phases, the first step being a
stacking fault or group of stacking faults.

Group B The alloys which have received most attention regarding
"premartensitic' phenomena are the B-Hume Rothery phases and the ferro-

magnetic Fe-Ni and Fe-Pt alloys.

The B-Hume-Rothery phases have a body centered cubic structure which
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usually undergoes a disorder—order transformation prior to the marten-—
site transition [83]. High temperature diffuse scattering is observed

in X-ray as well as electron diffraction which is explained by high am-
plitude vibrational modes leading to entropy stabilisation at high tem-
peratures [38, 39]. The B-phases are characterised by a high equilibri-
um and quenched-in vacancy concentration (up to 107% ~ 10=3). Upon
cooling the metastable and even the stable B-phases, the C'-shear elas-
tic constant and Young's modulus become progressively %ore anomalous.

The magnitude deceases (C' < 1010 N/m2, E < 7000 kg/mm“) and the tempe-
rature coefficient turns positive, 3C'/3T > 0, 9E/3T > 0. At the same
time the elastic anisotropy increases, values for A = 2C44/(C11 - Cjyg)

as high as 18 are reported. C' and E become minimum but not zero at
Mg whereas A reaches a maximum. The elastic shear constant C' is strong-
ly affected by uniaxial stresses as shown in figure 3 [20, 4@], whereas
the other elastic constants are not much affected. The transverse acous-—
tic TAp-branch is low in energy, a local softening at q = 2/3 [110] on
approaching Mg is observed only in alloys which transform to a 9R-type
martensite and not to a 2H-martensite. Apart from the softening of

(Cll - C]Z)/z at least two other types of elastic mode have been shown

to become soft prior to the martensite transformation [66, 67, 77].

In thin foil observations anomalous diffraction and contrast effects
are found, which have been explained by various structural transitions
such as the B - w transitions, or others such as proposed by Sato, Naga-

Ve
Va

Fig. 3 : Ultrasonic velocity
dependence on static
uniaxial stress for
Cu-Zn-Al —— (40) and
Cu-Zn -—= (20)
curves 2 and 8 rela-
tive to (110) [110]
velocity measurements
when stressed in the
[001] andLl]d]direc-
tions respectively.
Other curves are re-
lative to other velo-
city measurements cor-—
responding to C,,,
C;p and Cp, (see ref.
40) .
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sawa, Delaey et al. [41, 42, 43, 44, 45, 62, 69 ]and Prasetijo et al.
[771 . Even reflections from the martensite structure are observed far

above Mg [43, 46]. From diffuse electron scattering experiments it was
concluded that low frequency transverse acoustic phonon modes, []10

Dl@ existed in the pretransformation region. In the following paper,
the attention will be drawn to the fact that these anomalous diffraction
spots are due, at least in Cu-Zn-Al, to finely dispersed 9R martensite
with the habit parallel to the foil surface [48]. This phase has thus
to be considered as '"concurrent" instead of "premartensitic"

Lattice softening has been predicted to occur also in the martensite
phase upon heating and prior to the reverse transformation [49]. Such
a behaviour has been found in a Cu-Zn-Al martensite single crystal as
shown in [50, 19]

The ferromagnetlc Fe-Ni and Fe-Pt alloys show pronounced elastic
softening prior to martensitic transformation [22 2%] But it is ob-
served only if the Curie temperature T, is above M (Ni Z > 30 Z). Pho-
non dispersion [3]] and specific heat [51] measurements corroborate that
the elastic anomalies of these systems are lattice properties associated
with their large invar effects; however, a '"central peak'" in the phonon
dispersion of FesPt is not yet completely understood [31]. In FejPt al-
loys with Tc > Mg a tetragonal distortion of the austenite was observed
by X-ray and electron diffraction above Mg [68] It has been attempted
to show by Mossbauer spectroscopy that the area of the resonance absorg—
tion peak, f', which depends on the mean square atomic displacement <X
as f' = exp ( —(4m /k ) <X2>), indicates an increase in displacements
on approaching Mg (52, 53 The evidence is not strictly conclusive at
present but it may point to an effect beside magnetic softening. An in-
crease in magneto resistance, 5 to 6 K above M, in Fe-Ni has been found
and interpreted in terms of the occurrence of Rstrain embryos" [54].
Recently, diffuse electron and X-ray scattering in Fe-Ni alloys was stu-
died. It was interpreted as indicating the existence of fluctuation
waves of displacements characterized by two-dimensional regions parallel
to {110} with polarization vectors <110> and interference effects of
these [55].

The titanium- and zirconium-based alloys are characterized by a low
shear elastic constant C' [56]which decreases with decreasing tempera-
ture. Low frequencies are also observed by inelastic neutron scatter—
ing [571. Moreover, an w-transition, athermal and isothermal, occurs in
these alloys prior to martensite transformation. From measurements on
the hexagonal low temperature phase [73] it can be concluded that the
martensite phase is probably characterized by a low shear modulus which
decreases anomalously upon approaching A and a high elastic anisotropy
which increases upon approaching Ag.

Hexagonal metals such as Ti, Zr, .... [5&1, which transform marten-
sitically to the bcc-phase upon heating, all show a positive temperature
coefficient of A = C44/C66 in the hexagonal phase; the hexagonal metals
which do not transform to bcc high temperature phases all show a nega-
tive temperature coefficient.

The low temperature phase transition in alpha uranium shows anoma-
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lies in the thermal expansion, Hall coefficient, electrical resistivity
and thermoelasticity power. The Cjj-constant is strongly affected by the
transition and the lattice instability is believed to be a result of the
nature of certain interatomic bonds [59].

Group C For these alloys the transition is characterized by a te-
tragonal or orthorhombic distortion of the cubic high temperature struc-—
ture at a critical temperature Tj. It remains to be analysed conclu-
sively whether the entire volume is distorted simultaneously at T < Ty
or the low temperature phase forms by nucleation and growth. The lamel-
ar microstructures observed may arise from stress relaxation in the
former and from martensitic growth in the latter case.

The In-X alloys transform from fcc to fct. Both parent and marten-—
site phase show a low elastic shear constant (C' in the parent phase and
C55, which corresponds to C', in the twinned martensite). Both decrease
drastically on approaching the transformation temperature [26, 2ﬂ . To
the authors knowledge no intermediate or "'premartensitic' phases are ob-
served.

The A 15 compounds (V3Si and Nb3Sn) have at high C' constant at room
temperature leading to a nearly elastically isotropic behaviour. On
cooling to low temperatures C' is diminished drastically when approach-
ing the transition temperature. The martensit phase is a tetragonal
distortion of the cubic structure of the parei - phase. This soft mode
is localized at q = 0 (see figure 2). Although no premartensitic phase
is observed, it was suggested that local distortions occur around point
defects [60, 6[}. This would lead to locally extremely small regions
with tetragonal symmetry above the bulk transformation temperature.

In the Mn-X (X = Cu, Ni) magnetostrictive antiferromagnetic alloys
the antiferromagnetic ordering is frequently accompanied by a distortion
of the crystal lattice. Young's modulus exhibits a sharp decrease and
often a minimum at or slightly below the Néel temperature Ty. Single
crystal measurements on a Mn-Ni alloy have shown that C' decreases sharp-
ly, but because of extreme attenuation effects magnitude of the decrease
is unknown [82, 83, 84]; the onset of all the elastic anomalies is above
TV'

L

IV. Discussion

A. Bulk properties. The reasons for the widely observed softening
of the C' mode are certainly different from one alloy to the other as
suggested by the large quantitative discrepancies.

The elastic anomalies in the ferromagnetic alloys can be fully ac-
counted for by the magnetic anomalous contributions to the elastic con-
stants [22, 23J.

But apart from the "premartensitic'" effects which are strictly mag-
netic in origin, others are possibly related to a lattice instability.
Since heat treatments which lead to ordering in FejPt and to unknown
structural changes in Fe-Ni stabilize the austenite, i.e. lower Mg, the
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question, whether the observed non-magnetic premartensitic effects are
related or competitive to the martensitic transformation is still open.

On the other hand a reduction of the elastic stiffness of the parent
phase, even if it is caused magnetically, will reduce the nucleation
free energy of a martensitic transformation. Lattice defects and inter-
faces will modify the nucleation conditions as shown e.g. by the surface
nucleation effects and thickness effects on the variation of Mg [70, 7ﬂ.

The elastic anomalies in the B-Hume Rothery alloys have been discus-—
sed by Zener [4], Nakanishi [72], Rusovic et al. [9, IZ], Swartz et al.
[ZQ]. The B-phases, when considered as hard sphere bcc structures, are
mechanically instable, the lattice stability is mainly provided by a par-
ticular balance between the ion core repulsion, electrostatic and Fermi
energy contributions. Some results point to a major significance of the
temperature dependency of the ion core repulsion |9, 12, 74| and others
to a dominating effect of the Fermi energy contribution [75

The soft mode observed in InTl is attributed by Gunton and Saunders
[26]to the electrostatic and band structure contributions to the total
free energy. Labbe and Friedel [86, 8i} explained the soft mode in V3Si
and Nb3Sn in terms of an Jahn-Teller electronic instability.

For the alloys of group A the martensitic transformation appear to
be essentially unrelated to the lattice mechanical stability. In the
case of the alloys of group C the transitions at T4 are nearly of second
order because in the vicinity of the transformation temperature the C'
modulus of the parent phase is very small and decreases catastrophical-
ly. Consequently large lattice vibrations occur with low frequencies
inducing large displacements correlated over large distances (critical
fluctuations). Since C' goes to very low values but not exactly to ze-
ro/the trhansition from the cubic to the non—cubic structure requires
very low stress; its magnitude depends in addition on the temperature de-
pendence of the change in lattice parameter on passing Tj. Assuming
that the latter is low, too, very small strains associated with internal
stresses or with lattice defects will suffice to "nucleate'" the new
phase and to permit rapid spontaneous growth. If the misfit between the
high and low temperature structures is low such that elastic accommoda-—
tion without discrete interfacial dislocations is possible, the phase
interface will be diffuse, not identifiable and will move rapidly a-—
cross an entire crystal or crystallite. Whatever the mechanism in de-
tail, the soft mode like behaviour of C' is the '"cause'" of the transfor-
mation and the parent phase becomes unstable at a very small temperature
decrement below Ty, leading to a quasi-instantaneous transformation.
This is the essential feature that differentiates this group of alloys
from the other two. Moreover, the soft mode is also the path from the
parent to the martensite structure. Indeed the cubic to tetragonal
transformation can be understood as the frozen-in of two equal shear C'
phonons (for example (110)[11@] + (101)[101] at q = 0 (i.e. a homogenous
shear) .

For the alloys of group B, in spite of a low C' and a high elastic
anisotropy at the transition temperature, the temperature variation of
C' is smooth (see table 2). This means that the parent phase has not
lost its inherent mechanical stability completely at temperatures even
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far below Mg. The lattice is rather thermodynamically unstable with re-—
gard to a different more stable structure (i.e. another phase), as is
also the case for group A. However, the lower C' can affect the "path"
of the transformation and widely help the nucleation and growth for two
reasons : — it reduces the strain energy terms in the energy balances
controlling both the nucleation and the growth of martensite [7]; - it
is associated with large amplitude vibrations which contribute to over-—
coming the remaining energy barrier. If, moreover the volume change at
the transformation is small, a low value of C' will essentially contri-
bute to the occurrence of thermoelasticity, pseudoelasticity and shape
memory effects.

Another prominent anomalous stability effect of these group B alloys
(at least for B-Hume Rothery phases) is the high sensitivity of C' with
respect to uniaxial stress. This denotes a high corresponding anharmo-
nicity. Consequently, local strained regions near lattice discontinui-
ties (surface, dislocations, vacancies, ....) exhibit much lower C' than
in the bulk []9]. As will be shown in another contribution [lg], C' may
even become zero locally. The role that plays the low magnitude of C'
plays in determining the path of the transformation is thus greatly en-—
hanced in the immediate vicinity of lattice defects. This may lead to
local nucleation of martensite or orther concurrent or intermediate
phases.

B. Discussion of the electron microscopic observations.
Many electron microscopic and X-ray diffraction investigations clearly
show that in the temperature range above Mg, contrast and diffraction
effects are present, which cannot be attributed to either the matrix
phase or the martensite phase. Although nearly all the observed diffrac-
tion phenomena can be fully explained by a phase whose crystal structure
can be interpreted as intermediate between that of the parent and marten
site phase, no direct experimental evidence of any geometrical correla-
tion between the intermediate particles and the onset or nucleation of
the martensite phase has been given until now. The mottled structure
shown in figure 9 of ref. [3?] is perhaps the only direct indication
that a correlation exists; the mottling in the B—Cu-Zn phase is associ-—
ated with a linear contrast structure in the habit plane between the f
and a 9R martensite plate. All these observations have a common merit
of proposing new transformation models consisting of a combination of
shuffling mechanism or lattice wave displacements which result in that
intermediate structure and a dislocation type shear of the intermediate
structure which results in the martensite phase.

The low temperature electron microscopic observations of Oshima and
Wayman [35] and Fujita Llé] appear, to the authors' knowledge, to be the
only observations in iron base alloys which are interpreted as identify-
ing "intermediate" structures. Based on a six layer structure which ex-
plains the diffraction patterns, Fujita []Q] proposes a new path of the
martensitic transformations in steel. His model is however based on
thin film observations but appears compatible with other bulk phenomena.

Most of the other investigations pertain to the B-Hume Rothery phases

(Cu-, Ag—, Au- and Ni-alloys). They all show diffraction patterns with
streaks, which are continuous or contain diffraction maxima, along di-
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rections at or close to <110>;. Since the observation that the diffrac-
tion pattern can fully be exp%ained by surface martensite (see the fol-

lowing contribution [Aé]), the explanations given in the literature
should be reanalysed. It is shown [48] that only high angle tilt (+60°)
experiments on the same sample area fully reveals the true crystal struc-
ture of the so-called premartensitic phases : the extra-spots in the
[110]—zone patterns and which were believed to originate from a w-struc-—
ture [88, 85, 77, 3q1 or an orthorhombic structure [41, 45] or a hexa-
gonal phase [90, 9lj are explained by a 9R-finely dispersed martensite
phase with its habit plane parallel to the (110) foil surface. By high
tilting experiments a [10@1 diffraction pattern such as used by Na-
gasawa et al. [42 - 441 and also observed in Ni-Ti [9ﬂ is formed.

Unless complete sets of electron diffraction patterns taken of the
same sample area by high angle tilting experiments are available, it re-
mains uncertain whether all the thin foil observations should be inter-
preted either as "premartensitic" or as "thin-foil" or "surface marten-
site'". The structure of this thin foil martensite needs not neces-—
sary to be the same as that observed in the bulk. The structure may
even be different from foil orientation to foil orientation. This would
explain the diversity of the [IOOJ—zone and [lllj—zone diffraction pat-
terns in which the stacking sequence effects the exact position of the
extra spots. The extra spots appearing in the [lld] zone patterns are
however unaffected [45] by the stacking sequence.

As shown for Fe-Ni [7]] the Mg-temperature in thin foils may be con-
siderably higher than in the bulk. Care is thus recommended in inter-—
preting thin foil results.

It can be concluded that the thin foil observations are due to trans-—
formation products which compete with the subsequent martensitic phases
[QQ} or to phases resulting from a still unknown effect of free surface
and sample geometry on the lattice stabilities; rather than due to "pre-
martensitic phenomena'. The"intermediate" or 'competitive' phases may
even stabilize the matrix against martensitic transformations, as has
been studied e.g. in the Cu-Sn system [85].

V. Conclusion

Many so-called '"premartensitic' phenomena should be considered as in-
timately linked with the lattice instability of the parent phase rather
as precursory phenomena determined by the martensite phase. In terms of
the lattice mechanical instability three groups may be differentiated.

In the first group (A) only observations such as those made by Fuji-
ta can be interpreted as '"intermediate' martensite.

In the second group (B), the anomalously low value and temperature
evolution of C' in the parent phase, implies the path of the transforma-
tion or predisposes a limited number of specific deformations of the lat-
tice leading to the martensite phase. Thus C' is primarly a property of
the parent phase with a "predisposing' effect on the martensitic trans-
formation process, and thus also on the thermoelastic, pseudoelastic and
shape memory behaviour. Other phases such as surface martensite, w, etc.
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should be regarded as "concurrent" phase transformations which are also
predisposed by the low value of C'.

In the last group (C), the soft mode of the parent phase reflects

both the final structure of the martensite phase and the path of the
transformation already at temperatures above M. The soft mode beha-

viour of this group may therefore be regarded as a genuine

"premarten—

sitic'" phenomenon.
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Premartensitic Phenomena: Manifestations, Genesis and Role
In Crystallographic Transformations

K. Mukherjee*

In recent years there has been a great deal of interest in pre-
martensitic and/or precursor phenomena associated with diffusionless
transformation. Much scattered information related to anomalous be-
havior of observable physical properties preceding and sometimes during
the actual crystal structure change, has been cited in the literature.
A whole host of such effects ranging from precipitous drop in elastic
modulus, anomalous sound propagation, galvanomagnetic effects, resis-
tivity anomaly, x-ray diffraction peak broadening and splitting, 'shim-
mering'" of image preceding transformation under transmission electron
microscope, diffuse electron diffraction patterns are a few of the re-
ported observations. In this paper some specific experimental obser-
vations, related to premartensitic and very early stages of martensitic
transformation in Au-Cd and Ti-Ni are presented. These results are dis-
cussed in terms of the nature and any possible role of the precursor
phenomena in martensitic transformation.

I. Manifestations

In recent years, considerable interest has been generated in the
field of "premartensitic" phenomena Ll-l(ﬂ . Manifestations of pre-
transformation effect include mottling and diffuse electron diffraction
ﬁrS,ll,lZ], electrical resistivity anomaly [2,8] , nonlinear magneto-
resistanceEﬂ, x-ray peak broadening and splitting]l|, anomalous micro-
hardnessCi}], anomalous changes in elastic moduli and sound wave veloc-
ity [14-17] and "streaming" or shimmering effects [18] at temperatures
approaching the Ms.

II. Genesis

What gives rise to such anomalous effects is not clearly under-
stood. It has been suggested, for example, that the mottling is pro-
duced by a spinodal decomposition in a thin foil‘:19]. Whether, such a
spinodal reaction in a highly ordered alloy such as Au-Cd, for example,
is possible, is not immediately obvious. Further, in Au-Cd the mottling
and associated relrod effects appear as the Ms temperature is ap-
proached and disappear at a few degrees above it. More importantly,
mottling as well as diffuse diffraction effects precede stress induced
martensite (SIM) formation in this alloy.

Likewise, the pronounced electrical resistivity anomaly in Ti-Ni
alloy[:2-6J does not have a simple explanation. Clearly, the resistiv-
ity peak in this case is accentuated as a sample is cycled between Mf
and Af temperatures a few times. As the Ti-Ni virgin sample is ther-
mally cycled, its Ms temperature also decreases. It can be argued that,
initially, the resistivity peak is masked by the decrease of resistance

* Department of Physical and Engineering Metallurgy, Polytechnic
Institute of New York, New York 11201, U.S.A.
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due to martensitic transformation. However, as the Ms is lowered, the
pretransformation temperature range becomes separated. Question then
still remains, what is the cause and what is the effect.

The answer to the above question might be sought by looking at
other physical property changes associated with the thermal cycling of
Ti-Ni. One such observation is the hardening of the parent phase in-
duced by transformation cycling[llSJ. What is observed, is that as the
sample is cycled, the parent phase becomes harder and the Ms tempera-
ture becomes lower. A linear relation between the transformation in-
duced hardening of the parent phase and the shift in Ms temperature
exists [ 13]. Direct electron microscopic observation shows that the
dislocation density of the parent phase increases with increasing
number of transformation cycling [20]. The hardening or the excess
dislocation debris must produce a kinetic barrier (stress field of
dislocations, barrier to interface motion, etc.) for the martensitic
transformation. Thus a larger driving force is now necessary for
transformation, i.e., Ms shifts to an even lower temperature relative
to the thermodynamic equilibrium temperature T,. When this happens
the temperature regime, within which the system is thermodynamically
unstable, is expanded.

Meaning of thermodynamic instability can be broadened to include
such a phenomenon as the charge density waves [21,22]. A charge
density modulation can be either commensurate or incommensurate with
the lattice periodicity. This charge density modulation causes each
lattice ion to see a different potential, resulting in the displace-
ment of ions in a new equilibrium position. The actual ion displace-
ments are quite small; of the order of a few tenths of an angstrom. An
incommensurate charge density wave can be locked-in by impurities with
an attractive potential or by structural imperfections (such as dislo-
cations) at which lattice relaxation is relatively easier. Lock=-in or
stabilization of such waves will produce changes in all thermodynamic
and transport properties of the crystal at or near T . Electrical re-
sistivity may be drastically changed due to a change in carrier density
as well as elimination of some Fermi surface sections (thus produces a
change in scattering). In Ti-Ni, the dislocation debris produced by
transformation cycling, may provide such a lock-in mechanism. Further-
more, if Ms is suppressed by thermal cycling one is able to approach a
temperature well below T at which the charge density wave becomes more
dominant. Such a chargeodensity wave can also explain the anomalous
magneto-resistance preceding martensitic transformations in Fe-Ni and
Au-Cd alloys reported by us [4]. Elimination of some Fermi surface
sections will affect the second order galvanomagnetic effects such as
magnetoresistance [23,24).

III. Premartensitic-Martensitic Transformation

A commensurate charge density wave will give rise to a periodic
modulation of the lattice resulting in a mottled contrast akin to a
spinodal decomposition. Such a mottling of the /3-phase in Au-Cd alloy
is observed prior to martensitic transformation. Figure 1 shows a
sequence of martensitic nucleation in a Au-47.5 at.% Cd alloy. Clearly
the very early stages of plate formation is crystallographically related

-416-



to the mottled substructure. In Fig. 1(b) is shown (arrow) a disloca-
tion loop like feature in the mottled region, which coarsens as the
transformation proceeds. Figure 2 shows another example of the
parallelism between the mottled substructure and the growing marten-
sitic plate.

In the Ti-Ni alloy pronounced changes in x-ray diffraction pat-
tern are observed in the temperature range at which the electrical
resistivity peak exists. Figure 3 shows a systematic broadening and
splitting of (110) B reflectiog in this range. The intensity profile
of the (110) reflection at 16.5 C corresponds to the resistivitg peak.
Thereafter, splitting and peak separation continues. Even at 13°C ,
the integrated intensity of the split reflection is, within experimen-
tal error, equal to that at 18°C. New diffraction lines corresponding
to martensitic phase occur after the integrated intensity of this
split (110) peak begins to drop. It would, therefore, appear that a
continuous distortion of the /3 lattice and development of unequal
sets of (110) d-spacing gradually merge into the final martensitic
structure in this alloy. It is of particular interest to note that
stacking modulated martensitic structures can be constructed, in this
alloy, by appropriate stacking shifts along sets of (110) planes of the
ol -phase.

IV. Nucleation and Early Stages of Martensitic
Growth in Au-47.5 at.% Cd alloy.

Figures 4(a) - (d) show the sequence of nucleation of martensitic
plates in a Au-47.5 at.7% Cd alloy. Arrow in Fig. 4(a) shows an ill-
defined contrast area in the mottled /3-background. This region grows
along both directions as indicated by the arrows in Fig. 4(b). 1In
Fig. 4(c), although this region has now been converted to a recogniz-
able martensitic plate, its upper boundary as well as its internal
structure are poorly defined. The plate boundary becomes better de-
fined after an adjacent plate ("B" in Fig. 4(d)) forms. Figure 5
shows a higher magnification electron micrograph of this nucleation
region. Two sets of faults, one parallel to the growth direction and
the other at an angle of ~A.72.5 to_this direction, are clearly visi-
ble. The arrow corresponds to [110] direction and arrow 2 corresponds
to a [112] direction in this micrograph. It is suspected that the time
dependent refinement of internal structures of a freshly formed mar-
tensite is responsible for the aging necessary for obtaining rubber-
like behavior of the martensitic phase in this alloy. It is proposed
that the driving force for this adjustment of internal structures
(twin interfaces) is the order parameter. Small displacements (frac-
tional lattice spacing) of atoms occur at these interfaces to optimize
unlike=-pair contact distances. As a corollary, stronger ordering
forces will require shorter or zero aging time and weaker ordering
forces (as in a non-stoichiometric alloy) will require longer aging
times before this interface adjustment (and thus rubber-like be-
havior) can occur.
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Fig. 1. Martensitic nucleation in the mottled'g matrix
of a Au-47.5at.%4CD alloy,
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Fig. 2. Growth of martensit plates
in the mottled A -matrix of
Au-47.5.at.% cd alloy.
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Fig. 3. Broadening and splitting
of (110) reflection in the
pre-transformation range
in Ti-Ni
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4. Nucleation and growth of thermoelastic marten-

site in a Au-47.5 At.% Cd alloy.
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Fig. 5. Fine structure of the martensitic
nucleation site in a Au-47.5 at.%
Cd. alloy.
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Elastic Soft Modes and Mechanism of Martensitic Phase
Transformation in B Phase Alloys

Akira Nagasawa, Norihiko Nakanishi*, Yoshie Matsuo and Kazuyuki Enami#*%*

Besides the C' softening, several kinds of elastic anomalies occur
as the preceding phenomena of the martensitic phase transformation in
the B phase alloys. The elastic constants C' and C44 exhibit coopera-
tively non-linear changes near the Mg point. Due to such changes, an-
other kind of the lattice softening is induced. This softening, named
the special mode softening, is responsible to the formation of the
close packed planes in the martensite. From a view point of the soften-
ings of C' and the special mode, we discuss dynamical mechanisms of the
martensitic phase transformation in the B phase alloys. The origin of
the lattice softenings are also discussed.

I. Introduction

Before the martensitic phase transformation in the B phase alloys,
the Bl phases exhibit many anomalies known as the preceding phenomena.
Among them, elastic, structural and phonon anomalies are typical. The
elastic anomaly, i.e., the softening of C', is found in such alloys as
AuCd[1], Au-Cu-Zn[2], Cu-Al-Ni[3], NiAl[4] and others. As already re-
ported by us[5-7] and others[8], the X-ray, electron and neutron dif-
fraction studies reveal that the structural anomaly is also induced in
the By phase as a premartensitic phenomenon. This is due to an enhanced
lattice wave with wave and polarization vectors, q and e, of the [110]
and [110] directions. The phonon anomaly is softening of a TA phonon
mode with q=[110]/3 and e// [110] as observed in Au-Cu-Zn alloy[8].

When the martensite is formed in the B phase alloys, on the other
hand, two kinds of shears are necessary to occur in the B; phase. The
one is the (110)[110] type of the periodic shear propagating along the
[110] direction and the other is the (112)[111] shear. This geometrical
relationship is known as the Burgers relation[9]. It must be noted here
that all the anomalies mentioned above relate commonly only to the
(110)[110] shear in the B; phase. Any anomaly has not concerned the
(112)[111] shear process. This situation is unusual.

The present study is planned to solve this problem. We will show
firstly the existence of elastic anomalies concerning the (112)[111]
shear. Secondly, nature of such anomalies will be elucidated. Based on
the obtained results, we will finally discuss the dynamical mechanism
of the martensitic phase transformation in the B phase alloys.

Department of Physics, Nara Women's University, Nara 630, Japan.
*Department of Chemistry, Konan University, Kobe 658, Japan.

**Department of Materials Science and Engineering, Osaka University,
Osaka 565, Japan.
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II. Elastic Waves and Special Mode

The elastic properties of a crystal are represented by the elastic
stiffness constants. To survey immediately the elastic behaviours in
the crystal, however, velocity surfaces of elastic waves are more ade-
quate than the constants. The three kinds of the wave velocity surfaces
are obtained by substituting the constants in the elastic wave equation
and they are named the L, Ty and Ty modes. L and T represent longitudi-
nal and transverse types of the waves, respectively. On any velocity
surface, there are some extremum points along the several directions.
Among them, the two points are important for the present problem. The
one is the minimum point corresponding to a transverse wave (T] mode)
with q and e parallel to the [110] and [110] axes respectively on the
(001) plane. This gives the elastic constant C'. The other, which has
so far escaped from our notice, relates to another transverse wave (T2
mode) along a special direction on the (110) plane.

On the (110) plane in any cubic crystal, the velocity surface
section for the T mode is given by the following equation:

2 _ l _ 1 _ . 2n0 1 _ 1 _ o D
pv- = 2[D1 2(D2 D3)51n 0] 2[{D2 2(D2 D3)81n 6}
— 2(D2 s 2D3)(D2 - D3)sin29c0829]1/2 s (1)

where p is the density of the crystal, 6 the angle of q from the [001]

i i = e = - = .
direction, D1 Cll C44, D2 Cll 044 and D3 C12+C44

Fig.l shows the velocity surface section of the T, mode on the

(110) plane in the case of Cu-Al-Zn alloy; the behaviour of the T; mode
on the (001) plane is also shown for convenience. It is clear that the
velocity of the Tp mode becomes minimum along a special direction close
to the [112] axis.

The angle es of the special direction is expressed as
1 2
[ 'z, (2)

= 1
88 = sin 2(D2 + D3)/(3D2 + 5D3)]

The minimum velocity ¥ BT the corresponding elastic constant Cg at
this angle is given as

? -
va_CS

1
7(Cyy

c' o+ = C')sinzes i (3)

The wave given by this equation is named the special mode[10].

The eq.(3) indicates that the behaviours of the special mode depend
mainly upon the characteristics of both C' and C44. As typical features
of the B phase alloys, C' becomes soft while C44 hard during cooling.

We can expect, however, that the special mode softening will occur ac-
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cording to a correlation between C' and C44. In fact, we have found the
special mode softening to occur really in the B phase alloys such as
NiAl, AuCd, Cu-Al-Zn, Au-Ag-Cd and others[10,11]. Fig.2(a) and (b) are
examples in the cases of Cu-Al-Zn and Au-Ag-Cd alloys. As is seen in
the figures, the special modes exhibit the softening in the temperature
ranges above the Mg points. The detailed experimental results will be
reported in another paper of this symposium.

III. Nature of Specila Mode Softening

When the B phase undergoes the martensitic transformation, the
(112)[111] shear is necessary to occur as one of the formation pro-
cesses of the martensite. We emphasize here that this process is origi-
nated from the special mode softening. The reason is as follows. The
direction of q of the special mode, obtained by the eq.(2) as 64, is
close to the [112] axis. This is common for all of the alloys examined
by the present study. The polarization vector e is the eigenvector in
the wave equation. In the case of the special mode of the B phase
alloys, e lies commonly on a direction close to the [111] axis. There-
fore it is evident that the special mode corresponds closely to the
(112)[11T] shear, although the special mode is a quasi-transverse wave.
Since any elastic constant is resistance to the corresponding strain,
the fact that the special mode becomes soft proves existence of the
mechanism to cause easily the (112)[111] shear. That is, the origin to
form the close packed planes in the martensite is no more than the
special mode softening.

A detailed examination on the elastic behaviours in the By phase
is important to understand nature of the special mode softening. Fig.3
(a) and (b) show temperature changes of C' and C44 in Cu-Al-Zn alloy.
In many B phase alloys, C' decreases while C44 increases with decreas-
ing temperature. As shown in Fig.3, however, it is noticed that both C'
and C44 exhibit non-linear changes, which begin to occur cooperatively
at the temperature near the Mg point.The non-linearities are essential
for the present problem. Because the special mode softening starts im-
mediately after such phenomena, as are comfirmed by comparing Figs.2
(a), 3(a) and 3(b) with each other. This is just the prediction of the
eq.(3). Consequently, we can conclude that an interaction between the
lattice waves corresponding to C' and C44 is the origin of the special
mode softening. That is, the special mode softening is due to an an-
harmonic effect in the B; phase. The B phase alloys such as Au-Ag-Cd
[11], NiAl and others exhibit also the non-linear phenomena. Detailed
results will be reported in another paper of this symposium.

The structural anomaly is also remarkable as the preceding phe-
nomenon of the martensitic transformation in the B phase alloys. The
anomaly appearing on the diffraction pattern is characterized by some
periodic extra spots with diffuse streaks along the [110] direction.
As analysed by us[5-7] and others[8], such an anomaly relates to the
periodic stacking modulation of the (110) planes in the By phase. This
means existence of an enhanced lattice wave corresponding to the C'
softening. Another type of structural anomaly has recently found by us
in the case of NiAl. Fig.4 shows an example of anomalous electron dif-
fraction patterns. We can see the [112] diffuse streaks. This implies
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existence of an enhansed transverse lattice wave propagating along the
[112] direction. Such a situation can be interpreted by a term of the
special mode softening.

IV. Transformation Mechanism

The Burgers relation[9] is known as a geometrical model of the
martensitic transformation in the Bl phase. It requires the (110)[110]
and (112)[111] shears in the course of the transformation. From a dy-
namical point of view, however, one of the most important problems is
what mechanism plays essential role to induce such shears.

During cooling, the C' mode softening is firstly induced in the Bp
lattice. This is responsible to the lattice distortion with stacking
modulation of the (110) plane. As reported previously[5,6], the modu-
lated or distorted lattice has the same symmetry as that of the final
product, i.e., the martensite. In the case of the Heusler type lattice,
for an example, the symmetry of the B; phase changes as follows:

13 oy ——» 13 ;om)
; 2h 2h
0. ()
1 1,
Gy, (L) ——> Cj (M;18R)

where DL and M mean respectively distorted lattice and martensite. That
is, the symmetry change due to the transformation is completed before
the formation of the martensite.

On the other hand, any lattice distortion causes an increase of
strain energy. Hence the distortion can be realized if the symmetry
change is attended with so sufficient decrease of crystal energy that
its decrement exceeds the increment of the strain energy. A possible
and reasonable mechanism is that a certain kind of degenerate energy
state is split by the symmetry change and the crystal energy decreases
with the lattice distortion. The structural phase transformation in the
B-W type alloys is just due to such a mechanism known as the band Jahn-
Teller effect[12,13]. It is attractive to suppose that the lattice in-
stability related to the C' softening is also originated from the band
Jahn-Teller effect. Thus we can suppose that characteristics of the
degenerate energy state will firstly design a direction of the symmetry
change. Along the direction, the Bl lattice will begin to fluctuate.
This is the lattice instability observed as the C' softening.

Further cooling of the B; phase causes the cooperative and non-
linear changes of both C' and C44 and then the special mode softening
is induced. This stage of the lattice instability is responsible to the
formation of the close packed planes. The (112)[111] shear correspond-
ing to the special mode softening is not related to the symmetry change
and hence the origin of this softening is quite different from that of
the C' softening. The (112)[111] shear will be a mechanism to lower the
crystal energy, because the close packed arrangement of atoms is more
stable than that on the (110) plane. The special mode softening is
originated from an anharmonic effect.
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(b): Au-10.0Ag-47.5Cd alloy cooled slowly.
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Elastic Softening of Special Mode Preceding Martensitic Phase
Transformation in NiAl, Cu-Al-Zn and Au-Ag-Cd Alloys

Akira Nagasawa, Norihiko Nakanishi*, Toshiharu Suzuki,
Kazuyuki Enami** and Soji Nenno**

Elastic anomalies in NiAl, Cu-Al-Zn and Au-Ag-Cd alloys are studied
in detail mainly from a view point of the special mode softening. The
special mode softening is responsible to the (112)[111] shear, i.e., to
the formation process of the close packed planes. It is essencial for
the dynamical transformation mechanism in the P phase alloys. Such a
softening is due to non-linearities occurring cooperatively in C' and
C44. Ultrasonic attenuation show also non-linear anomaly, which relates
closely to the special mode softening. The above mentioned anomalies
depend strongly on the heat treatments of the alloys. Base on the soft-
ening phenomena, we discuss the elastic properties of metals and alloys.

I.Introduction

The martensitic transformation in the B phase alloys is structur-
ally characterized as the change of the Bl phase to the martensite with
the close packed layer structure. The B phases have the order struc-
tures such as the CsCl, FejAl and Heusler type ones. In the transition
process, the (110)[110] and (112)[111] shears are necessary to occur as
expected by the Burgers relation[l]. However, this geometrical model
does not give any indication on the dynamical mechanism of the phase
transformation. Present interests are to solve the problem what plays
essencial role for the transformation mechanism.

Recent studies on the premartensitic anomalies have presented some
important informations concerning the problems. Firstly, as observed in
AuCd[2], Au-Cu-Zn[3], Cu-Al-Ni[4], NiAl[5] and others, the shear con-
stant C' becomes soft as a precursor of the transformation. This is re-
sponsible to the (110)[110] shear. The C' softening, on the other hand,
relates. closely to the structural and phonon anomalies[6-8] and, as just
reported by us in this symposium, it is originated from the mechanism to
reduce crystal energy by the symmetry change. Secondly,another kind of
the lattice softening, named special mode softening, occurs in the B
phase alloys as observed recently by us[9,10]. This concerns with the
(112)[111] shear. Therefore, in order to understand the essential nature
of the martensitic transformation, it is necessary to investigate the
special mode softening in detail. This is a main subject of the present
paper. In addition, the elastic properties of metals and alloys are dis-
cussed in this paper from a view point of the elastic softenings.

Department of Physics, Nara Women's University, Nara 630, Japan.
*Department of Chemistry, Konan University, Kobe 658, Japan.
**Department of Materials Science and Engineering, Osaka University,
Osaka 565, Japan.
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II. Experimental

Specimens examined by the present study are single crystals of Ni-
36.8A1[5], Cu-17.1A1-13.8Zn[11] and three kinds of Au-Ag-47.5Cd[10]
alloys. Composition are shown in at%. Au-Ag-47.5Cd alloys contain 10, 28
and 357%Ag. Procedures such as specimen preparations, heat treatments,
determination of crystal orientations and others are abbreviated; for
details refer to the paper cited above.

The single crystals with the (100) and (110) surfaces were examined
in a wide range of temperature by the ultrasonic measurements using the
MATEC 6000 and 6600 systems. The elastic constants were obtained by the
wave velocity data determined by the overlapping pulse-echo method with
5MHz ultrasonic wave. We pay a special attention to the measurements in
a temperature range near the Mg point, because the anomalies are very

enhanced in the range. The ultrasonic attenuations were also measured in
Au-Ag-Cd alloys.

ITI. Results and Discussion

The elastic shear constant C' of all alloys examined by the present
study exhibits softening behaviour as expected. This softening means
decrease of resistance to the (110)[I10] shear and hence it is responsi-
ble to the periodic stacking modulation of the (110) planes in the Bq
lattice. On the other hand, the structural anomalies[6,7,11] and the
phonon softening[8] have been already found as the premartensitic phe-
nomena. Since these anomalies are due to an enhanced lattice wave with
wave and polarization vectors, q and e, parallel to the [110] and [110]
axes, the origin of them is same as that of the C' Softening.

Besides the C' softening, the B phase alloys show another kind of
lattice softening, i.e., the special mode softening[9,10]. This soften-
ing is commonly observed in all alloys examined by the present study.
Fig.1(a) and (b) show examples of the softening behaviours of C' and Cg;
Cs is the elastic constant corresponding to the special mode. The spe-
cial mode is a quasi-transverse wave with q and e nearly parallel to the
[112] and [111] directions. This means that the Cs softening is related
closely to the (112)[111] shear, which is necessary for the close packed
planes in the martensite to be formed. These situations lead us to the
conclusion that the C' and Cg softenings give a dynamical meaning for
the geometrical model known as the Burgers relation[l] to the martens-
itic transformation in the B phase alloys.

As just reported by us in another paper of this symposium, property
of the special mode depends mainly upon characteristics of both C' and
C44. In addition, Fig.l indicates clearly that the special mode soften-
ing occurs near the Ms point. Therefore, to examine in detail the behav-
iours of C' and C44 near the Mg point is useful. Fig.2(a) and (b) show
the temperature changes of C' and C44 in the two kinds of Au-Ag-Cd
alloys. It is clear that they exhibit non-linear changes, which begin to
occur cooperatively near the Mg point. It is also noticed that the Cg
softening is induced immediately after such cooperative non-linearities
start. Thus we can understand that the origin of the Cg softening is an
interaction between the C' and C44 modes, i.e., an anharmonic effect.
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The non-linearities of C' and C44 are also considered to result from the
enhanced anharmonicity in the B lattice near the Mg point. These phe-
nomena occur commonly in all the alloys studied. The case of Cu-Al-Zn
alloy has been already reported in another paper.

The stage at which the special mode becomes soft corresponds to a
heavily fluctuated state of the B; phase. At this stage, we can expect
a certain kind of anomaly of the ultrasonic attenuation to occur. Fig.3
shows an example of the attenuation curve of the C' mode in Au-Ag-Cd
alloy; the C' curve is drawn for convenience. The attenuation curve ex-
hibits a non-linear anomalous feature as expected. That is, it begins to
increase rapidly at about 190K. Then it attains the peak closely near
the Mg point. By comparing the two curves in Fig.3 with each other, we
can find that the attenuation anomaly relates closely to the non-linear
change of C'. This relation suggests strongly that the origin of the
attenuation anomaly is same as that of the special mode softening. In
other words, the attenuation mechanism at this stage is the enhanced
anharmonicity of the By phase.

Properties of the B phase alloys depend strongly upon history of
heat treatments of the alloys. In the case of Au-Ag-Cd alloy, the CsCl
to Heusler type of the phase transformation occurs; T, is about 500K.
The 81 phases cooled slowly and quenched from a temperature range above
the Tc point have respectively the Heusler (higher ordering) and CsCl
(lower ordering) type structures. These two kinds of the B] phases will
exhibit different behaviours, though they have the same compositions.
Fig.4(a) and (b) show the Cg softenings of the slowly cooled and quench-
ed Bl phases. It is clear that the softening in (b) is steeper than that
in (a). Besides the Cg softenings, both the C' and C44 curves of the
quenched alloy behave in different manners from those of the slowly
cooled one. The features of C' and C44, of course, influence the charac-
teristics of the Cg softening. These situations are common for the other
Au-Ag-Cd alloys.

It is possible to interpret this problem from two different points
of view. The one is as follows: Before the martensite is formed, certain
kinds of embryos will nucleate in the R] phase. If lattice defects fa-
cilitate such nucleations and if the formation of embryos is related to
the lattice softening or the locarized soft mode[12], the quenched B
phase wiil exhibit more considerable softening than the slowly cooled
one. Because the quenched alloy is lower ordering and has many quenched
vacancies. The other interpretation is a converse one: The Mg point of
the quenched alloy is genarally lower than that of the slowly cooled
one. This implies that the lattice defects act as obstructions to the
phase transformation. Therefore, for the transformation to occur in the
quenched alloy, the softening of the B phase must proceed so markedly
that the lattice instability exceeds a threshold formed by the lattice
defects, as seen in Fig.4. The two interpretations are inconsistent with
each other. Question which of them is appropriate remains to be solved
in future.

With respect to the elastic softenings, we will finally discuss the

elastic properties in metals and alloys with the cubic symmetry. Many
materials do not undergo any phase transformation. Elastic behaviours of
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them are normal. That is, the elastic constants increase with decreasing
temperature, Therefore, all the velocity surfaces of the elastic waves

expand over whole directions with the lowering temperature, as schemati-
cally shown in Fig.5(a). We classify them into the first group. The B-W
type alloys such as Nb3Sn and others undergo the structural phase trans-
formation, which is similar to the martensitic one. Elastic behaviours
of them are also typical. That is, all the velocity surfaces contract
continuously with decreasing temperature. They are belonging to the
second group as classified in Fig.5(b). In the alloys, the C' mode shows
perfect softening, i.e., C'=0 at the transition temperature. This corre-
sponds to freezing of a TA phonon mode at the I' point in the Brillouin
zone[13,14]. The B phase alloys undergoing the martensitic transforma-
tion belong the third group. As shown in Fig.5(c), the temperature de-
pendency of the velocity surfaces exhibits complicated phenomena. That
is, the C' and Cs modes shows imperfect softenings while the others
become hard. Any material will belong to one of the three kinds of
groups, or at least to a modified one.
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On Nature of Premartensite Shear Instability in
3/2 Electron Compounds

V.kE.Panin,I,.I.Naumov and M,F.Zhorovkov

The pseudopotential method is applied to investigate
the temperature and cgmposition dependences of the shear
elastic constant c¢'= _i%:_ﬁ& in 3/2 electron compounds

such as _A -brass, The noted dependences are shown to be
explained in terms of "interaction" between Fermi surface
and Brillouin zone facets, The theory is in qualitative
agreement with experiment.

It is well known that above Mg the pure shear elastic
constant c¢' in Jg-brass'type alloys shows the anomal

temperature dependence (a%'>-0). Moreover, there is corre-

lation between Mg and c¢' as the functions of z (z-elec-
tron-atom ratio): Mg greater for lower c' and vice versa,

As suggested by 1—3] the true interpretation of
c¢'(T) and c¢'(z) may bé possible only in case of taking in-
to account the Born-Mayer ion repulsion. As to c¢'(T),it is
as follows, The repulsion between the nearest ions leads
to a negative contribution to c¢', As the distance between
them decreases with temperature the repulsion increases
and c¢' drops, that is it shows the anomal temperature be-
haviour,

In spite of its elegance and simplicity this mechan-
ism of temperature lattice softening doesn't seem to be
plausible, If so,the temperature anomaly must be observed
at all concentrations of quenched uﬁ —phases, This fact
is in contradiction with experiment, For instance,in some
stoichiometric composition systems (CuZn,AgMg,NiAl)
22—'< O. Incorporation the interaction between second

dT
nearest neighbours doesn't solve the problem, Moreover,in

this case,as may be easily shown,the probability of lattice
softening becomes rather small, especially in alloys with
different atom size components,

The above mentioned gives the possibility to think
that the Born-Mayer forces don't determine the behaviour
of c'(T) above Mg, At the same time the explanation of the

Siberian Physico-Technical Institute, Tomsk,
Pl, Revolutsii I, U S SR
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temperature as well as
the concentration change

of ¢' may be reached by
consideration of C'ygs

i.e.the contribution to
c¢' from the band struc-
ture energy Eyge To de-
scribe Ebs we use the

pseudopotential model
L4, which takes into
consideration the "real"
(instead of sphere) Fer-
mi surface,

As the analysis
shows,the peculiarity of
the shape of c{(z) is

determined by its sin-
gular terms,correspond-
ing to the set of recip-
rocal vectors { h¥*}
such as %?1110) .The
singularity in question
(Kohn anomaly) arises as
a result of "interaction"
between the Fermi sur-
face and the Brillouin
zone boundaries (110).
For the measure of this
interaction one may take
the band energy gap

AE=2 V(q)/Q=hx, where
V(q) is the ‘screened
form factor of pseudopo-
tential,

The calculated
curve ¢'(z) for \/ (n¥)
% 0.,9ev is shown in
Fig.l (the atomic volume
§2doesn't depend on z
and equals to one for

S —=Cuzn of stoichiomet-
tic_content: Q =86.I5at.
un.), This curve has a

Figure 1, LElastic constant c¢' and density of states

N(Ep) calculated in
of z
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almost linear and great enough increase of c'(z) with z;
it is in agreement with experiment [3 6—8].

As has been noted in literature (see, for example,
[9]) there is a direct junction between the lattice softe-
ning and the behaviour of density of states N(E) in the
vicinity of the Fermi level Ep. The calculated dependence
N(Ep)=f(z) is shown in Fig.l. At z=z] and z=z, it has the
well known van Hove singularities of M)~ and Mz-type res-—
pectively, That is why the minimum of ¢' corresponds to
the peak of NCEF) and vice versa, Such correlation take
place, for example, in the case of the superconductive
BCC-metals (V, Nb, Ta, Cr, Mo, W) and their alloys. The
low values of their shear constant c' correspond to the
high density of states at the Fermi level,

Let us investigate the sign of the derivative dc'

with different z values, Like Zener [ld], we shall as-
sume that the dependence c'=c'(T) is due to the tempera-
ture lattice expansion solely, that is

de' de! af A .

= . uasiharmonic approximation). The change
T T (a PD ) g
c¢' wuthS2 is illustrated by Fig.2. The decreasing of vo-
lume 2 leads to compressing of c'(z) along the axis z
and to the stretching of it along the axis c¢', This, there
are three areas (z £ X]3Xp £ 7 £ X and z > X ) of the
usual change of c', wheTe %%_‘4 0% Two areas €x1<:z < X5

and x3<iz < x,) correspond to the anomal temperature de-
pendence of ¢! (%%Lj> 0). The former of the two areas

(a broader one) appears to be in accordance with experi-
ment, which testifies that the anomaly change of c¢'(T)

mostly takes place to the left of z=3/2, As to the second
area,it is to the right of z=3/2 and, perhaps, outside of

the _A -phases contents,
The curves c'(z) corresponding to differentS) may

also be interpreted as the ones corresponding to different
pressures, In quasiharmonic approximation the sign of the

derivative %%l is opposite to the sign of %%L automati-
cally., The simultaneous measures of 4¢' and de' in Ag-
-47,5at % €d [11] show that §5-> 0 and $$°<0j it is

in agreement with quasiharmonic approximation.'However,in
the case of CuZnAl it was found [12] that %%_ was above

zero as well as %%l . It follows that desecribing c'(T) and

c'(P) seems to be not exact enough in quasiharmonic appro-
ximation, In more correct approach alongside the quasihar-
monic effects it is necessary to take into account the

self unharmonic ones, )
It should be noted that there two alternative approa-

-437-



R
T 1

'ﬁwmq@UM%)
N N

Las

12 74 /4 Lo 16 77 76
Z——-ﬁ

~Ir L L

Figure 2, Dependences c¢'(z) calculated in
LB —CuZn for two different atomic
volumes; 1+ = 86.15at.,un,,
Q,= 96.15at.un.

z-like form with two sharp peaks (minimum a2nd maximum) at
the points z7 and z, respectively. The former point indi-
cates the value z when the Fermi surface first touches the
Brillouin zone plane and the latter-when the overlap first
occurs, From the view point of long-wave limit such a form
of the curve is due to Kohn anomaly in phonon spectra and

there is fa%omaly down" for z < 2z and "anomaly up" for
z > zo |5
I% is of interest that in vicinity of the point z=z

¢' not only minimal, but negative as well, In other words,
c'es on its own account predicts the absolute instability
of lattice, The compositions of 3/2 electron phases are
within [2z3%z,] , where the Fermi surface is in contact
with the energy gap plane, There the theory predicts an
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ches to the problem of understaznding of the lattice softe-
ning in 3/2 electron compounds dealing with the Born-Mayer
repulsion and band structure energy respectively, No final
choice between alternatives is possible at present, In
this connection the further investigations of the elastic
constants in the frame of microscopic theory are highly
desirable,
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Temperature and Pressure Dependence of the Elastic Constants

of f-Aucd Near M and Uode Cofpoming in C°

* %% * %%
T.D. Kohan, D.E. Schuele, R.F. Hehemann, and W.L. Gordon

The adiabatic elastic stiffness constants, C,, C44, and C' of
Au-47.5 at.7 Cd and Au-50 at.7% Cd were determined using the ultrasonic
pulse echo technique. These constants were measured as a function of
temperature and pressure in the vicinity of the martensite phase trans-
formations of this system. The volume independent temperature deriva-
tive reveals the strong anharmonic character of the C' mode, and this
mode softens with decreasing temperature and increasing pressure as the
transformation temperature is approached. This is opposite to the be- |
havior of the other modes, which behave normally. A determination has
been made of the crystalline directions in which this mode softening
appears. Both of the low temperature phases were stabilized by increas-—
ing pressure, with the transformation temperature rising 1.7 * .2°C/kbar
and 1.0 * .2°C/kbar for 47.57% Cd and 50% Cd respectively. Hydrostatic
weighing confirms a volume decrease on transformation during cooling.
The structural change in 47.57 Cd is consistent with acoustic mode sof-
tening resulting from a zone boundary mode instability while the 507% Cd
does not lend itself to this direct interpretation.

I. Introduction

Two martensitic transformations which occur in B-AuCd are of inter-
est here: B(B2) to B'(B19) and B to ' (trigonal or hexagonal) [1].
More recent work indicates trigonal symmetry [2]. The composition ranges
over which these transformations appear are shown in Fig. 1 which illus-
trates the dependence of MS on composition [3].

Hehemann and Vatanyon [2] have used crystallographic relationships
of the parent and product phases of the gold-cadmium alloy to predict
static displacement waves which carry the parent phase into the product
phase. For the 47.57 crystal this static displacement wave consists of
zone boundary shear modes. For the 507 crystal the static modes neces-
sary to carry the parent phase into the product phase are longitudinal
modes which occur at a wave vector of 2/3 [111] and [110] to the zone
boundary. It is customary to relate such static displacements to one or
more soft lattice modes which, according to their analysis, should be
different in the two transformations.

The work reported here tests for indications of softening at low
wave vector through elastic constant measurements in two compositions,
Au-47.5 at.7Z Cd and Au-50 at.% Cd. While the wave vectors of the above
static displacement waves are well beyond those involved here, the
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behavior of the low wave vector region can be expected to show trends
such as a general softening of a dispersion curve. The shear elastic

constant C' = (011-012>/2 is known to be small and to show a positive
temperature coefficient for both of these compositions [4]. Elastic con-
stants and their pressure derivatives have been obtained in this study in

order to determine the temperature and volume dependence of the acoustic
mode frequencies above Ms'

IT. Experimental Procedure

Single crystal samples of Au-47.5 at.7Z Cd and of Au-50 at.7% Cd
alloys were grown from high purity starting materials by a Bridgman
method in sealed quartz crucibles and annealed for several days at
550°C. Sample compositions and the absence of vertical concentration

gradients were confirmed by resistance measurement of Mg and compared
with the results of Nakanishi and Wayman [2]. Elastic stiffness meas-

urements by a standard pulse-echo method at 10 Mﬂa Fﬁqul[tﬂ ﬁﬂleﬁg wi[n

paraliei 21105 faces on which 1/2" diameter x-cut or y-cut quartz trans-

ducers could be mounted. Orientation of the sample faces was less than %
degree from the desired axis. Sucrose was used as the bond material and,
while surface relief in 47.57% samples due to the transformation occasion-
ally caused bond deterioration, an adequate bond could eventually be ob-
tained. Surface relief caused no problems in the 507 samples. High

presure measurements (1-2 kbar) were carried out with octoil as the
pressure transmitting fluid.

III. Results and Discussion

Atmospheric pressure values of elastic stiffnesses are presented in
Table I and illustrated in Fig. 2. Both C44 and C, (longitudinal) behave
in the usual manner with negative (dC/dT)p, while (dC'/dT)p is positive.
The low value of C' is illustrated by the anisotropy ratio, A = C44/C',
of 13 and 10 for 47.57% and 50% samples. When extending the results below
Mg in Fig. 2, we note that these data do not correspond to the same modes
as above because of the non-cubic structure of the low temperature phases.
However, this does demonstrate some of the changes occuring at the trans-
formation including hysteretic behavior and dramatic changes in ultra-
sonic velocities. The plots also indicate that with the transducer
oriented to observe C, above Mg a signal could be followed continuously
through the transformation, whereas the other two modes could not due to
attenuation or crystal orientation.

Table II lists the experimentally determined temperature and press-—
ure derivatives of the elastic stiffnesses. Again, the C' mode stands
out with both temperature and pressure derivatives of opposite sign to
the other modes.

The logarithmic volume derivative (Gruneisen parameter, Y) of the
normal mode frequency is tabulated for the three acoustic modes in the
[110] propagation direction. It is seen that both the 47.5% crystal and
the 50% crystal have negative Gruneisen parameters for the C' shear mode
whereas the C44 shear mode and the longitudinal mode both show positive
Gruneisen parameters which is the usual case. Examination of the ex-
plicit temperature dependence of the normal mode frequency, which is a
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direct measure of the anharmonicity of this mode, shows, also from
Table II, that it is the C' mode for both crystals which is highly an-

harmonic.

Fig. 3 schematically depicts the range of propagation directions
over which negative pseudo-transverse acoustic mode Y values occur within
the unit cell of the cubic phase. Shear modes whose polarizations lie in
the (001) plane change from pure C' at [110] to pure C44 at [100] but are
not far from pure C' out from [110] as far as the range of softness ex-
tends. In moving from [110] toward [111], softness persists to [111]
where the two transverse modes are degenerate.

The static displacement wave found by Hehemann and Vatanyon [2] to
explain the 47.57% crystal displacement transformation is consistent with
the softening of the C' acoustic shear mode. However in the 507% crystal
we find no softening of the acoustic longitudinal modes which one would
expect from the analysis of Hehemann and Vatanyon. According to the
ultrasonic measurements one would have expected the transformation char-
acteristics of the 47.5% crystal and the 507% crystal to be essentially
the same since both exhibit a C' acoustic mode softening. However, ex-
amination of Fig. 1 shows that at approximately 48.5% the transition
goes over from the B phase to the trigonal phase while below 47.5% the
transition is to the orthorhomic phase. The changeover on the Mg vs. T
diagram is not smooth and the possibility exists that the mechanism of
transformation for the two compositions is different. Thus the soft
mode theory may only be applicable to one of the transformations. There
is a possibility that the soft mode for the B to ¢ transformation may be
associated with an optical mode. However, a direct test of the dynamic
soft mode theory by neutron diffraction methods cannot be done in this
system.

An alternative explanation for C' softening in the B phase as Mg is
approached is that of the formation of a coherent second phase (w-like).
The measured C' is no longer that of the pure B phase but of a mixture
and is dependent on the properties and relative amounts of each com-
ponent. For example, the simultaneous appearance of w phase and C'
softening has been documented in B CuZn [5]. 1In such a case, it is not
clear whether C' softening is a result of the formation of the second
phase alone or whether soft modes also appear in the B lattice. While
definite evidence of an w phase has not been reported in AuCd, diffuse
diffraction effects are present in both 47.5% and 50% Cd alloys [3].
These diffuse <111> streaks which appear about 200°C above Mg are cor-
related with w formation in systems in which the w phase is documented.

Temperature dependent resistance measurements on representative
samples yielded dMS/dP values consistent with those found in elastic con-
stant results: 1.7 * .2°C/kbar for 47.5% and 1.0 * .2°C/kbar for 50%
samples. Hydrostatic weighing was used in determining the temperature
dependence of the density, necessary to the reduction of the elastic con-
stant data. Water was adequate for the 507 sample but tetrabromoethane
was used with the 47.57 sample to avoid bubble formation in the higher
temperature range. The volume reduction on transformation to the lower
temperature phase was (0.20 + ,05)% for the 47.5% sample and (0.11 * .05)
% for the 507 sample. These results yield a heat of transformation of
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104 £ 10 and 85 + 10 cal/mole for 47.5% and 50% crystals, respectively -
significantly lower than the values estimated by Gefen and Rosen [6]
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Premartensitic Elastic Anomalies and Thermoelastic Properties
in Au52.5_XAgXCd47'5 Pseudobinary Allocys

Norihiko Nakanishi, Mikio Takano, Hiroshi Morimoto, Sei Miura*
and Akira Nagasawa¥**

We have studied a phase relation in Au5p, 5-xAgyCd47,5 pseudobinary
alloys in which the transition temperatures of the Heusler- and marten-—
sitic transformations were measured as a function of Ag content. It is
to be noted that in the case of Heusler-ordering, the To(=%(MS + As))
temperature gradually decreases with increasing Ag content and exhibits
a minimum at about 30 at% Ag, and then a maximum at about 35 at% Ag.
While in the case of CsCl-ordering, T, shows a minimum at about 35 at%
Ag and a maximum at about 47 at% Ag. Temperature dependence of the ela-
stic constants was measured by the ultrasonic pulse—echo method in the
temperature range above and near Mg, using single crystals. Elastic
softenings of C'=3(Cqq- Cq2) and Cg, corresponding to respectively the
shear waves along (110) [110]Jpce and close to (112) [1171]pee, were thus
found in the premartensitic range. These shear waves appear to be very
important for the transformation mechanism. Thermoelastic properties
of the alloys were summarized as follows; (1) the temperature difference,
To=Mg =4 K, is very small and also in the concentration range over 23
at%h Ag, Ag-Mg 20 is observed on the curves of electrical resistivity,
(2) the difference in enthalpy change between cooling and heating,
4H,-AHp, is close to zero, (3) the so—called pseudoelastic behavior is
observed in stress—strain relations, and (4) the entropy change associ-
ated with the martensitic transformation becomes nearly constant regard-
less of Ag content, e.g.AS=0.8~1.3 J/mol-K.

I. Introduction

We have recently found the following characteristics, such as ther-
moelastic martensitic properties, pseudoelastic behavior and premarten—
sitic elastic softening of C'=5(Cq1- C12) [1], in an Au-Cu-Zng5a~ 49
pseudobinary alloy. As just reported by Nagasawa et al. in this sympo-
sium, the so—called premartensitic elastic anomalies of the shear elas—
tic constants, such as C' ( (110) [110] type) and Cg (close to (112) [111]
type), were observed in the temperature range above Mg, and it was sug—
gested that these anomalies (or softening) may be responsible for dy-
namical mechanisms of the nucleation process of martensite [2].

In the present study, the followings are reported in single Crys—
tals of Ausp, 5_xAgxCdy7.5 pseudobinary alloys; (1) an influence of the
CsCl and the Heusler orderings upon the martensitic transformation tem-—
peratures, (2) premartensitic elastic properties and (3) the thermoelas-
ticity of martensite and related pseudoelastic behavior. The results
obtained are compared with those obtained in the Au—Cu—Zn45n,49 alloys.

Department of Chemistry, Konan University, Kobe. *Department of Mechani-
cal Engneering, Doshisha University, Kyoto. **Department of Physics,
Nara Women's University, Nara, Japan.
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IT. Experimental Method

To complete the Heusler ordering the alloys were slowly cooled for
36 hrs from 993 to 373 K. The CsCl ordering was attained by rapid quen-
ching from 993 to 273 K. Transition temperatures and related enthalpy
changes were measured by differential scanning calorimetry. The electri-—
cal resistivity measurements were made by using the standard four—termi-
nal technique. Measurements of elastic constants were carried out by the
overlapping pulse—echo method (using a MATEC 6000 system) with a fre—
quency of 5 MHz. Tensile tests were performed on an Instron-type test—
ing machine. The strain rate mainly employed was 8.3 x 10—4/sec.

III. Experimental Results and Discussion

o
IH Blg.4 LLe critical femperaiuregTC) of the Heusler-ordering was
found around 480 X, being about 200 K lower than that of the AuqCuqZnp
alloy[3]. This may be due to some difference in the strength of ionic—
bondings between Au-Ag and Au—Cu pairs in the Heusler lattice. In the
figure are also shown the martensitic transformation temperatures T,
against Ag content. The T, lines were obtained by the measurements of
enthalpy change, electrical resistivity change and stress—temperature
curves, in which the critical stresses for inducing the martensite were
extrapolated to zero and temperatures thus reached were thought to be
the Mg temperatures. It must be noted that in the present alloys only
the CsCl-order can be frozen by rapid cooling from the B4 region, thus
thermally formed martensite is holding the CsCl atomic arrangement.
While the Heusler lattice can be developed during slow—cooling from the
B4 region and therefore the martensite lattice formed by further cooling
holds the Heusler arrangement. As is seen in the figure, in the case of
quenching the Ty temperature gradually decreased with increasing Ag con-—
tent and a peak appeared at about 47 at% Ag. While in the case of slow-
cooling, Ty also decreased with the increase of Ag content and exhibited
a minimum at about 30 at% Ag, and then a maximum at about 35 ath Ag.
Here we have two significant questions; (a) the reason why the transi-
tion temperature of the Heusler-ordered martensite behaves differently
from that of the CsCl-ordered martensite, and (b) the reason why the Tg
temperature becomes minimum near the Heusler composition (~ 30 at% Ag),
while Ty did show a maximum at the Heusler composition in the AuCuZn
alloy. Although the answers to these questions are not clear at present,
it is of interest to note that in both the alloys the T, temperatures
exhibit a similar tendency, i.e. both Tp's have the minimum at lower Ag
and Cu concentrations and then the maximum at higher Ag and Cu concen-—
trations. Now, we discuss dynamical models for premartensitic nucle-—
ation according to some data of the shear elastic constants in the tem-
perature range above and near the Mg temperature.

Fig.2 shows the temperature change of C! above and close to Mg in
10 and 35 at% Ag alloys. The softening occurred above Mg and dC'/dT
values were nearly equal (2.82 and 2.44 x 107 dyn/ch-deg. were respect-
ively obtained). It is noticed that the curvature becomes steeper near
Mg (not linear) and the ultrasonic wave disappeared at slightly lower
temperatures than Mg. On the other hand, an ultrasonic attenuation began
at temperatures several ten degrees higher than Mg and showed a sharp
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peak at Mg. As reported already in Au-Cd[4], Au-Cu-Zn[3] and Cu-Al-Ni
(5] alloys, the shear wave (C') became soft, but could not reach zero
at Mg. The values recently obtained in AuCuZng7 alloys are dc'/dT =5.20
and 4.53 x 107 dyn/cm2.deg. in the temperature range above Mg's of 30
at% and 33 at% Cu, respectively[6]. Nagasawa[7] and Yamada et al.[8]
suggested that the existence of 1/3(110)(1707soft phonon could be re-—
sponsible for the formation of metastable structures, as the distorted
lattice or another model, in the premartensitic nucleation process.
Moreover, the shear movements on the (110) plane with the [ 110] direc—
tion play an important role to make a stacking modulation of the close
packed plane in the formation process of martensite lattice. Since the
softening of C' observed is related to phonons with g=0, the information
expected from the softening of shear elastic constants is still incom-
plete. This suggests that the phonon dispersion relations must be re-
quired. The fact that the ultrasonic attenuation corresponding to the
C' softening began to increase at temperatures much higher than Mg may
suggest an early preparating process for the martensitic nucleation.

In Fig.3 is shown the temperature change of the shear constant Cyy
of (110)[001] type, which has a close relation to another important
shear mode Cg ((112) [111] type). The values of dC44/dT were negative
above Mg and Cygq increased gradually from higher temperature toward Mg.
However, a detailed observation showed that this increase is saturated
at temperatures a few degrees above Mg , then the curves become flat,
and finally rather slightly decrease just above Mg. This shear wave
disappeared just below Mg. A marked difference obtained by comparing
the case to C' is that the attenuation was fairly small and even any
increase did not occur in the temperature range above Mg. dC44/dT =
-8.62 and -15.80 x 107 dyn/cm2.deg. were obtained in 10 and 35 at% Ag
alloys, respectively, and these values are not so different from those
obtained in Au-Cu-Zn47 alloys.

Fig.4 shows the temperature dependence of the special mode Cg,
which has been found by one of the authors (A.N.) in NiAl alloys[9],
and so far observed in many B-phase alloys, such as Au-Cd[9], Au-Cu-Zno
{10], Cu-Al-Ni[10] and also Nb3Sn{9]. This mode corresponds closely to
the (112) [111] type shear, which is responsible for the formation of
the close packed planes in the martensite phase. In other words, it cor-
responds to the %pange of §;omic angle on the close packed plane ((110)
[[(0001)) from 70 32' to 60 , which first suggested by Burgers[11] as a
mechanism of the martensitic transformation in Zr. It is necessary to
understand the special mode softening as a correlation effect with the
non-linear change of C' and Cg4q modes. When the shear, close to (112)
[117] type, operates together with the C' shear ((110) [110] type), a
static model from bcc to close packed structure can be developed. This
implies that the origin of the special mode softening is an anharmonic
effect in the lattice waves. Therefore, the higher order elastic con-—
stants will play an essential role for the transition mechanism in the
B-phase alloys. Experimental results showed that the decrease in C' be-
gins at temperatures considerably higher than Mg and the special mode Cg
and the mode Cyyg subsequently begin to decrease near Mg.

In Fig.5 is shown the temperature dependence of the elastic an—
isotropy values C44/C'. Of course, the values increased up to Mg and the
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slope became a little steeper below Mg. The values of 19.40 and 15.08
are obtained at their Mg's; 260 K (10 at% Ag) and 175 K (35 at% Ag),

respectively. The fact that fairly large values of the anisotropy were
obtained at temperatures near Mg may have a close relation to the dis-
location stability in an anisotropic elastic field and accordingly to
the formation of the martensitic nuclei, in view of the movements of the
transformation dislocations.

It is certainly clear that the so-called thermoelastic martensitic
transformation has occurred in the present alloys, because of the fol-
lowing experimental facts; (1) the difference of enthalpy change AH
associated with the transformations on cooling and heating was almost
zero, suggesting that the elastic strain energy which generated in the
temperature range from Mg to Mf can be stored in the specimen and almost
the same amount of the strain energy can be released between Ag and Ap
during the reverse transformation, (2) the elastic strain energy associ-
ated with the transformation which can be calculated by a simple thermo-
dynamic method was considerably small, AGgy =12 J/mol, and (3) the tem—
perature hysteresis connected with the forward and reverse transforma-
tions was very small, Ag-Mg =1~8 K, as will be shown.

The temperature change of the longitudinal wave Cq4 exhibited an
increase at Mg on cooling and a decrease at Ag on heating, thus making
a hysteresis loop (Fig.6(a)). This tendency is similar to the change in
electrical resistivity observed in Fig.6(Db).

Fig.7 shows the Ag content vs.AH and AS in the cases of slow-
cooling (Heusler) and quenching (CsCl). It is of very interest that AH
gradually decreased with the increase of Ag content, which is quite a—
nalogous to the Ty vs. Ag content relation. Accordingly AS exhibited to
be constant regardless of Ag content; AS =1.0 J/mol-K. This value ob-
tained here is almost similar to 0.84+ 0.42 in AuCd, 1.30+£ 0.04 in CuZn
[12] thermoelastic martensitic alloys, and quite different from the case
of Fe-C steel[13] where AS =5.86 J/mol-K.

The so—-called pseudoelastic behavior has been understood as one of
the typical properties of the thermoelastic martensitic transformation.
This is the present case. For example, in Fig.B(a) are shown the stress—
strain curves obtained in the case of quenching the single crystal of
35 at% Ag. (1) At 77 K which is below Mg (=145 K), two-stage yieldings
were observed, which are similar to the curves obtained in Au-47.5 Cd
binary alloys[14], and the second yield appears to correspond to the
martensite-martensite transformation, (2) at 156~ 164 K, (slightly above
Mg), superelastic loops having two-stage yieldings appeared and (3) at
higher temperatures (175~195 K), the superelastic loops having only one
yielding appeared. Fig.8(b) shows the critical stress vs. temperature
relation obtained from the stress—strain curves, which exhibited cor-
relations among the B1, thermally formed martensite and stress induced
martensite regions.
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Dispersion Anomaly of Ultrasonic Waves
in the Cu-Zn Alloy Single Crystals

Kenichi Kojima,Taijiro Miyazaki,Masayuki Kikuchi and Tetsuro Suzuki

The dispersions of ultrasonic waves in Cu-Zn alloys are observed
at the temperature range between 373 K and 78 K in the frequency of
MHz. Not only TA2 wave but also LA wave corresponding to shear elastic
constants C' and longitudinal elastic constants Cp, respectively, showed
the dispersion. It seems that these dispersions mainly depend on the
modulated structure.

I. Introduction

The quenched Cu-Zn alloys undergo the martensitic trnsformation
at lower temperature. The temperature dependence of the shear elastic
constants C' of the alloys shows the well known anomalous behavior,
which has been interpreted in terms of the vibrational entropy of the
B.C.C.-type lattice. Prasetyo, Reynaud and Warlimont [l1] have pointed
out the possibility that the anomalous temperature dependence of the
shear elastic constants may be related to the presence of the modulated
structure of W-1like phase.

Because the presence of the modulated structure can lead to the
dispersion of ultrasonic waves with appropriate wavenumbers, the dis-
persion of ultrasonic waves in the quenched Cu-Zn crystals has been
measured by use of a new technique.

II. Experimental Procedure

Single crystals of j3brass with a diameter of 25 mm and a length
of 70 mm were grown by the Bridgeman technique. These crystals were
cut parallel to a (110) plane to investigate the elastic constants and
the dispersion of ultrasonic wave velocity in the frequency range of
1 -100 MHz. The chemical analysis of these crystals shows
Cu-46.5at.%Zn as the composition of used alloys. The dimensions of
specimens for ultrasonic experiments are 5 mm thickness and 10x10 mm?
area. These specimens are homogenized at 1073 K for 24 hr and then
quenched into water at 273 K.

The block diagram for the equipment used in the ultrasonic disper-
sion experiment is shown in Fig.l. An electric pulse is sent from
the pulse generator to one of the transducers. The longitudinal or
shear waves are transmitted through a specimen and received at another
transducer. These repeated signals are trnsformed by a sampling
oscilloscope into a single wave train which sweeps at very slow rate.

Department of Physics, Yokohama City University, Seto 22-2, Kanazawa-ku
Yokohama 236, Japan.

-452-



The output of it is fed into a slow digital wave

SYSTEM memory device, which has a capacity of recording
up to 1024 words of digitally converted data of
L Pulse Ge"@mﬂ the ultrasonic response. The ultrasonic respon-

se of the specimen with a dulation of 1 ys can
be recorded with an effective time resolution of
1 ns. These digitally recorded data are
transmitted to a computer by use of a standard

Y ASC II paper tape or a magnetic tape., These data

E Bigital Hemory 1 are analyzed by the computer to obtain the
dispersion of an ultrasonic wave.

Sample

[ Sampling Oscil loscop;l

[ Tape Puncher ] Since the details of the method of analysis
have been already published [2,3], the basic
” principles are briefly summirized here:
The first echo ul(t) and second one u,(t) are
L Mt Computerj recorded digitally on a 1.:ape: The Four1e¥
transforms of each echo is given by equations
(1) and (2):
Fig.l Experimental U (k) = E u, (nd t)elwn 9t pt (1)
Arrangements n .
U, (W) =§ us(ngt)elWn At At (2)
n

where 4t is the sampling interval time, (vis the angular frequency and
n is the interger. The transfer function H() corresponding to a
passage of the ultrasonic wave through the specimen is defined by H(w)
=U2(w) /U1 (W). Aprediction filter h(t) which predicts the second

echo u2(t) from ul(t) is determined according to Winner's theory [2,3].
Once the prediction filter h(t) is obtained, the transfer function H(w)
is given by equation (3) as the Fourier transforms of h(t):

N\ .
HUU)=E h(nat)elWRAt 4¢ (3)
M' .
Tgking the time shiftfeinto account, the phase of the transfer function

H(\w) gives the deviation of the phase referred to w'z;,

c@P=:§P-‘Q'?B (4)

where

P
le = Arg(H(W)) . (5)

The nonliniearity of phase shift d'(P with respect to W shows the disper-
sion of ultrasonic waves.

III. Results and Discussion

The variation of the elastic constants C C' and Cp, of the
Cu-46.5at.%Zn alloys in the temperature range %rom 373 K to 78 K is
shown in Fig.2. The behavior of C4q4 and Cp with the increasing
temperature is normal. In contrast, C' is abnormal because the slope
is positive. This behavior is known as the chracteristics of many
quenchedﬁ—type alloys such as Ag-2Zn, Au-Zn, Au-Cd [4] and Cu-Al-Ni
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[5] and others.

The deviation of the phase shift in Cu-Zn alloy for the ultrasonic

waves corresponding to Cp, Cyq and C' as a function of temperature was
measured in the frequency range 1 -100 MHz. Hereafter, the ultrasonic
waves corresponding to Cp, Caq and C' are degignated as LA, TA, and

TA, waves, respectively. Fig.4 shows that the typical deviation of a
phase shift of LA wave. Above 10 MHz, the phase shift decreases with
increasing frequency and reaches the maximum around 30 MHz and then
stay constant with weak fluctuations. The maximum phase shift near

30 MHz decreases as the temperature decreases. This result indicates
that the delay of phase velocity of a given frequency will depend on
the temperature. The curves of phase shift of TA; show the weak
periodic fluctuations around =zero in the frequency range above 10 MHz.
This small amount of phase shift is comparable with errors so that we
can expect that the delay of phase velocity of TAj is quite small.

On the other hand, the behavior of the phase shift of TA; wave is quite
different from LA and TA; waves as shown in Fig.3. In the higher
frequency range than 10 MHz, the amount of the phase shift successively
increases with the increasing frequency at every temperature. There

is a weak temperature dependence of the magnitude of the phase shift.
Hence, it is possible the phase shift increases near martensitic trans-
formation temperature. In the lower frequency range (<10 MHz), the
more detailed experiment is being carried out.

The relative delay of the phase velocity ( Jv/vo) can be estimated
by equation (6):

dv/vg = vo@/z L (6)

where f, VO:J- and L are the frequency, the signal velocity, the phase
shift and the ‘propagation distance, respectively. The results for LA
and TA); waves are shown in Fig.5 and Fig.6. The delay of phase veloci-
ty of LA wave rapidly increases at ~10 MHz and reaches the maximum
which depends on a temperature i.e. 0.9% at 373 K and 0.2% at 78 K.
Above 40 MHz, |§v/vg| decreases slowly. This result points out

the phase velocity of the higher friquency is faster than that of

the lower frequency. On the other hand, a IJV/VOI of TA, successively
increases with the increasing frequency. This shows that the phase
velocity is slower with the increasing frequency. Although a tempe-
rature dependence on ]JV/VO] is quite small, the delay of the phase
velocity increases at lower temperature. These results of LA and TA,
waves can suggest that a dispersion relationship of ultrasonic wave
exists even in small wave numbers.

A dispersion of ultrasonic waves is expressed by
8k/ky = vodP/2 T £L (7)
where kj is the wave number of vy and Ak is the deviation of wave
number kn. An expression of eq.(7) is identical with eq.(6) with
respect to the frequency so that the dispersion curves of LA and TA,

waves show the same behavior as JQVVO of them. A characteristic
of the dispersion curve of LA wave has a small dip near 30 MHz,
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which is getting small with the decreasing temperature. In contrast,
it should be noticed that the dispersion behavior of TA, wave is

anomalous, i.e. (1) the amount of dispersion increases with the

increasing wave numbers and (2) the dispersion indicates a decreases
at lower temperature.

In general, the dispersion of ultrasonic waves in a solid may be
mainly caused by (1) the scattering of waves by densely distributed
fine inhomogeneities in the material (scattering dispersion) and

(2] the absoxption ok diggipation of wave enerqy into heat and othar

forms of energy in an irreversible process (dissipative dispersion).
Prasetyo, Reynaud and Warlimont [1] showed that precipitates are
several tens nm in diameter and 100 -200 nm long inthe alloy which
has the same composition and same heat treatment as we used.

Hence, the scattering effects of ultrasonic wave can be one of the
important factors of dispersion in this alloy. This suggests that
such a dispersion is a characteristic of martesitic transformation.
Although drastic instability of TA, wave was not observed in this

wave number range until 78 K, the softening could be expected at
temperature near transition.
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Softening of Young's Modulus of Polycrystalline Nb3Sn

D. O. Welch, J. F. Bussidre, and M. Suenaga

Ultrasonic measurements show that the shear modulus (Cll-Clz)/Z
softens dramatically as single crystals of Nb3Sn approach the martens-
itic transition near 50K. It is expected that Young's modulus of poly-
crystals will also soften, but previous ultrasonic measurements, which
suffer from severe damping, fail to show the expected effect. We have
measured Young's modulus of polycrystalline Nb3Sn between 4.2K and 300K
by static beam deflection methods, and observe marked softening. A
value of 14.3%.5x10l1 dyne cm~2 was obtained at 300K by the deflection
of thin Nb3Sn-Nb-Nb3Sn composite strips by external stress. The varia-
tion of the modulus with T was obtained from the change in the radius
of curvature of internally stressed Nb3Sn-Nb composite strips. (This
method is made possible by the near perfect match between the thermal
expansion coefficients of Nb and Nb3Sn.) The modulus is found to be
proportional to InT between 50K and 300K and is temperature independent
below the superconducting T., resulting in a decrease by a factor of ~2
between 300K and 18K. The observed softening is somewhat less than
that predicted by a polycrystalline average of the experimental single
crystal elastic constants, but is much larger than that observed with
ultrasonic measurements,

I. Introduction

Nb3Sn undergoes a reversible cubic = tetragonal martensitic phase
transition near 50K. This transition is sensitive to the degree of
order, presence of defects, and other microstructural properties; a
summary of the characteristics of the transition in Nb3Sn and other
A1l5 compounds can be found in [1]. The temperature dependence of the
elastic constants of single crystals and its relation to the phase
transition have been studied in detail, both theoretically and exper-
imentally [1,2]. A most striking feature is the vanishing of the shear
modulus (C31-C12)/2, and hence of Young's modulus in the [100] direc-
tion, at the transition.

Since technological applications of Nb3Sn as a superconductor uti-
lize polycrystals, their elastic behavior and its temperature depen-
dence are of interest, Measurements on polycrystals, however, are
scarce and inconsistent with single crystal data. Old and Charlesworth
[3] found a value for Young's modulus at 300K of 17.9x10L1 dyne cm-2
using an ultrasonic '"critical angle'" technique, while the published
sound velocity data of Testardi et al. [4] lead to a value of 23.6x1011
dyne cm~2, These values are considerably higher than is obtained by a
Voigt-Reuss-Hill polycrystalline average [5] of single crystal constants
[6,7], 13.7x10L! dyne cm~2. Furthermore the Young's modulus derived
from sound velocity data [4] softens much less than the modulus de-
rived from single crystal data [7], as may be seen in Figure 1.

Brookhaven National Laboratory, Upton, NY 11973.
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Such discrepancies do not occur for the Al5 compound V35i, for which
the softening predicted by polycrystalline averaging agrees with that
from ultrasonic data [4]; dynamic resonance experiments on V3Si poly-
crystals also show substantial softening [8]. In order to determine
whether or not polycrystals of Nb3Sn show substantial softening of
Young's modulus as the temperature approaches that of the martensitic
phase transition, we have measured the static deflection of bimetallic
(Nb+Nb3Sn) composite strips under the influence of internal and ex-
ternal stress and derived the Young's modulus of Nb3Sn in the range of
4,2 to 300K.

II. Experimental Procedure

Nb3Sn/Nb/Nb3Sn composite strips were made by a solid state dif-
fusion process (the '"bronze process'"). Initially, a Cu-13wt%Sn bronze
is cast around a 3.2mmx40mmx150mm plate of pure niobium. The bronze/
niobium composite is then rolled to obtain a tape of niobium (~25um
thick) with ~50um of bronze on each side, which is then slit into 12mm
x50mm pieces and reacted at 725°C for 50h. This results in Nb3Sn lay-
ers of ~3-4um thickness at the interface between the niobium and the
bronze.

Because the thermal expansion coefficient of the bronze substan-
tially exceeds that of the Nb and Nb3Sn, cooling from the reaction
temperature, 725°C, results in an internal stress. With bronze layers
of the thickness in these experiments, the internal stress is suffi-
cient to cause plastic flow in the unreacted Nb during cooling. Thus,
an internal stress remains in the Nb3Sn/Nb/Nb3Sn composite which is
obtained by etching away the bronze layers in dilute nitric acid. It
is possible to remove this internal stress by annealing the composite
strip (without bronze) at 725°C for 1/2 hour.

The temperature dependence of Young's modulus was determined with
internally stressed composite strips (unannealed). The presence of
the internal stress is made manifest by etching away one of the Nb3Sn
layers in 4 parts HNO3, 2 parts H90, and 1 part HF, a solution which
etches Nb3Sn much faster than it does Nb. The resulting Nb3Sn/Nb
asymmetric composite curls with the Nb on the inside diameter, indi-
cating that the Nb3Sn was initially in compression. As described be-
low, the thermal expansion coefficients of Nb and Nb3Sn are very well
matched; thus changes in the radius of curvature of the curled compos-
ites with temperature can be used tp deduce the temperature dependence
of the Young's modulus of Nb3Sn.

The match between the thermal expansion of Nb3Sn and Nb was de-
termined by measuring the radius of curvature of a composite, annealed
at 725°C for 1/2 hour (without the bronze matrix), where one layer of
Nb3Sn is removed. These measurements indicate that the mismatch in.
AL/L of the two materials between 725°C and room temperature is less
than 1073 and less than 5x10-6 between 300K and 4.2K. Thus any cur-
vature in unannealed composites can be attributed to mismatch due to
plastic flow in the Nb and this mismatch, A, is independent of tem-
perature below room temperature.
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With isotropic elasticity theory, it is straightforward to derive
the resulting radius of curvature, R, of the bimetallic composite [9,
10]. The result is of the form:

A = R‘lF(El,EO OIS R (1)

where E is Young's modulus, V is Poisson's ratio, 1 is the layer thick-
ness, and the subscripts one and zero refer to Nb3Sn and Nb, respec-
tively. Because A is independent of temperature, the temperature de-
pendence of the radius of curvature is of the form:

R(T)/R(300K) = F(300K)/F(T) (2)

where the temperature dependence of F comes primarily from that of the
Young's moduli; we shall neglect the temperature dependence of
Poisson's ratio (a source of ~10% error). Explicitly writing F yields
the relation between the temperature dependence of R and E [9]:

1 REI

=1

1/2. -1

Ei_= R'go . §{1+[1-4k-2a-2L2(R/R')2] } (3)
where:
L = ;l k = ;2;2;;;21;
o 11 o
2

a =k 2{ (1+k) (L2100 43k (14L) 2~k (R/R" ) (4+6L+412) }

and the primed and unprimed symbolsrefer to values at low temperatures
and room temperature respectively; the subscripts one and zero refer to
Nb3Sn and Nb, respectively.

The temperature dependence of R was measured by enclosing a Nb3Sn/
Nb composite strip in a cryostat with windows through which the strip
could be photographed at temperatures between 4.2 and 300K. The radius
of curvature was obtained by measuring the negatives in an optical com-
parator. These values, when inserted in Eq. (3) together with elastic
data for Nb, yield the temperature dependence of E for Nbj3Sn.

III. Results and Discussion

The radii of curvature of two curled Nb/Nb3Sn bimetallic strips,
with characteristics summarized in Table I, were measured between 4.2
and 300K; changes were of the order of ~40%. These results were used,
as described above, to derive the data shown in Fig. 1. For simplic-
ity, the Poisson's ratios of Nb and Nb3Sn were taken to be equal and
temperature independent (resulting in an error of ~10%); a Voigt-Reuss-
Hill average of the single crystal data of [11] was used for the tem-
perature dependent Young's modulus of Nb. Fig. 1 shows that ENb3Sn
softens by about a factor of two between 300K and 50K, in marked con-
trast with the sound velocity data of [4]. The softening is somewhat
sample dependent and is somewhat less than that predicted by a Voigt-
Reuss-Hill polycrystalline average of single crystal data. The modulus
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f

is essentially proportional to In T between 50 and 300K and becomes
temperature independent at the onset of superconductivity (~18K).

Three-point bending measurements were made on annealed Nb3Sn/Nb/
Nb3Sn composites to obtain Young's modulus at 300K. An average of the
results of such measurements on five samples, to be described else-
where [9], yields a value of 14.3+.5x1011 dyne cm~2, in good agreement
with 13.7x1011 dyne cm~2 obtained by a Voigt-Reuss-Hill average of
single-crystal data [6,7], and in disagreement with the result of 01d
and Charlesworth [3], 17.9x1011, and the value 23.6x1011 derived from
the data of Testardi et al. [4].

*Work supported by the U.S. Department of Energy.
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Table I Characteristics of the Curled Nb/Nb3Sn Strips
Used to Obtain ENb3Sn(T)'
Maximum
Radius of Compressive
Nb Nb3Sn Curvature Strain in
Thickness Thickness at 300K Nb3Sn, 4.2K
Sample (um) (um) (mm) (%)
1 17,2 3iel 7.5 .11
2 14.9 3eb 9.5 .04
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Electron-Energy Spectrum of TiNi in Visinity of
Martensitic Transformation

A.I.Lotkov,S.A.Shabalowskaja,I.I.Sasowskaja*,A.A.Baturin

By the methods of positron annihilation and metal
optic the electronic structure of the intermetallic com-
pound TiNi in austenite B2 and martensite B19' and also
on the stages preceeding the beginning of the direct and
indirect martensitic transformation (MT) are investigated.
The optical constants n and k are measured in the energy
region (0.07-4.5) ev, Basing on the analyses of optical
conductivity it is established that by MT the infra-red
part of TiNi the spectrum is mainly changed. In the struc-
ture B2 in the infra-red regions the intense interband ab-
sorbtion is observed, which testifies to the high density
of states in immediate proximity to En., In the structure
B2 the gap is formed around Ep which reaches 0,52ev wide,
The changes of the electronic structure on the stages pre-
ceeding MT testify to the change of the Fermi surface near
the transition. The probable nature of the structure B2
instability which is connected with the peak N(Eg) is un-
der discussion,

I.Introduction

The intermetallic compound TiNi CsCl ordered in the
narrow region of concentration around room temperature
undergoes some changesl{[both of the first order and those
close to the second,going according to martensite-like me-
chanism., The transformation of B2-R (R-rombohedric dis-
tortion B2) was treated as the stage preceeding MT B2-BI9
for a long time, In all the investigations of the changes
of electronic structure by MT made these transformations
were not divided, Therefore it seems impossible to say
something definite about the electronic structure, its
changes and its role in various MT, The aim of this inve-
stigation is to get the information about the electronic
structure in the phases B2 and Bl9, about its signific-
ance in the realization of MT,
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II., lMethods

TiNi alloy of the equiatom like composure is prepared
out of electrolytic nickel and iodide titanium by electron
-beam melting in helium atmosphere, Before taking the mea-
surements the samples cut out of one ingot were annealed
in vacuum (not lower than IO—4mm mercury column at 800°C
in the course of one hour),than they were cooled together
with the furhace. To get the smooth smrface the samples

were mechanically- and then eleCtIQleiﬁnﬁﬂ. The optical

constants 77 and K were measured by the Bitty polarimeter
methods to within 2-3%[2IMT being over,on the smooth sur-
face of the samples was constantly appearing by the heat-
ing a small relief in the way that the smoothness was pre-
served but its quality grew worse, The spectrum received
on the relief surface duplicated on the smooth surface in
the alloy (Ti-5I at % Ni), which was in the same structur-
al state, The relief appeared to bring only to the reduce
of optical absorbtion in the whole investigated interval
by 4-5 units, The investigations of positron annihilation
were made in the apparatus with the angular resolution of
1 mrad., MT in the alloy of the given composure in the
first cycles goes without rombohodral distorted of the
initial B2 structure, The temperatures of MT are Ms=78°C,
Mf=45°C and As=130°C, The angular distributions of the
annihilated photons (ADAP) are received in martensite at
room temperature and in austenite at the T=170°C and also
on the stages preceeding the direct MT at 90°C and indir-
ect MT at 75°. The optical experiment were made at the
same temperaztures with the exception of austenite state.
To avoid the oxidation of the surface the measurements in
austenite were made at the temperature T=I130° with the
preliminary heating to 150°C.

JII. Results and Discussion
1, Positron Annihilation

The analyses of ADAP (fig,I a,b) show that they con-
sist of 2 contributions both in the structure B2 and in
the structure Bl9. One of them is satisfactory described
by the gaussiana Gj,reaching 17 mrad, The second fraction
within the limits of an experimental mistake could be de-
scribed in two ways: either by the gaussiana G, or like a
superposition of the parabola P and transitional function

¥ (fig.I b),., This dual description of the second frac-

tion proves the fact that it was caused by both the anni-
hilation of the stringly bonding electrons and free elec-
trons. From the analyses of ADAP in the systems TiFe, TiCO,
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TiNi follows the fact that the two fractions in ADAP ref-
lect the positron annihilation with two groups of elec-
trons of bonding (Gy) and antibonding (Go) types. The last
group is absent in %he electronic spectrum of TiFe accord-
ing to the calculationlflcorrespondingly ADAP is described
by one gaussiana., By the MT B2-Bl9 the redistribution bet-
ween the two fractions is observed in the way that in the
more closely packed structure Bl9 the fraction from the
parabola in ADAP is increased to 3%, The width of impulse
distribution doesn't change by this and constitues 9,8mrad
in the half of the maximal intensity. The changes observed
are the consequences of the increasing number of free ele-
ctrons and testify to the strengthening of the metallic
character of the bonding forces in the structure B1l9, In
table I the fractions in various states in ADAP are given,
ADAP on the stages preceeding MT undergo considerable chan
ges, In martensite at 75° (fig.I a) ADAP is changed by
this in the way that one can describe it by the superposi-
tion of the gaussian and the parabola without the transi-
tional function. The width of ADAP is decreased to 92mrad
The fraction of gaussian 1is increased by this considerab-
ly owing to P and P (see table I) and reaches the quan-
tity typical of the phaze B2, ADAP on the stage preceeding
the direct MT (at 90°C) is transformed so that it may be
described by one gaussiana, These changes of ADAP on the
stages preceeding MT testify to the considerable redistri-
bution of the electrons in the valency spectrum and recon-
struction of the Fermi surface long before MT.

2., Optical Measurement

In fig.2 the spectrum of optical conductivity‘TﬁﬂKV
( YV =light frequency) for 2 structural states - that of
austenite and martensite is shown, One can see that both
spectra have 2 intensive absorbtion bands which are divid-
ed by a deep minimum, The band localized in the visible
region (1.2-4,.5ev) does not change its energy state by MT
and preserves the elements of its structure. The absorb-
tion-edge is much more clearly out in austenite., The maxi-
mum by the energy of 3ev is transformed in martensite into
the shoulder,the high-energy part of the band is narrowed
to 0.2ev, The infra-red part of the spectrum where the se-
cond band is localized is changed cardinally by MT. In
austenite 0 (w) is growing steadily by the reducing of
the energy,displaying the peaks of the interband ahsorb-
tion,which are absent in martensite,up to the lowest ener-
gies including. In martensite a new intense band of an as-
symetrical shape with the maximum at the energy 0.52ev ap-
pears, The growth of ( (W) at hw < 0.2ev is probably
caused by the fraction from the free carriers of the
Drude-Zinner-type. The presence of 2 bands divided by a
clear cut minimum in the spectrum of optical conductivity
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mgy.testiy to the presence of 2 groups of electrons in
TiN1 valency spectrum, one of which is localized in the

region Ep, The origin of the intense interband absorbtion
in the infra-red region in austenite is due to the transi-
tions between the bands which closely approach Epe. The
analyses of the results received in the model of direct
transitions on the basis of the energy bands TiNi [4]
showed that the infra-red part of the absorbtion spectrum
can't be described on the basis of this model, As for the
visible part of the spectrum it is described satisfactory
enough, For the analyses of optical conductivity in the
model of mostly indirect transitions we used the curve of
the density of states N(T) calculated in [5]. The struc-
ture N(E) in the occupied part of the valency bend is de-
termined by d-states localized on the nickel atoms. The
fraction of d-states of titanium is considerably lower,
Using the curve N(E) we calculated the theoretical optical
conductivity 07 («w) by the formula Berglund-Spaiser sup-

posing the constant ??trix—element approximation W(£)
F-he

O ()= o [WCEWEW(E-he)aE @)

From fig.320ne can see that there are 2 absorbtion
lines in the spectrum (7(wW) as well as in the spectrum
Oexp (W) . The infra-red band in (7(w) arises from the
electronic transitions in the region Ep and gives the in-
formation concerning mostly d-states localized on the ni-
ckel atoms. The structure of (7 () band in the visible
region is well divided and renders the peculiarities of
Texp (W) o+ The maximum A' in 07 (w) 1is caused by the
electronic transitions from the areas of the points X5
and /os and also by( X5/, /7o ) on Ep and transitions
from the Fermi edge to the peak ( (the eleventh band in
the directions Z and X ). A good qualitative descrip-
tion of Cexp (w) in the indirect transition model in the
whole investigated energy interval testifies to the fact
that the indirect transitions can give a large fraction
into the spectrum of optical absorbtion in TiNi, But the
spectrum (r(w) completely lack the peak at the energy
of 2,l16ev, It may be connected either with the fact that
it was caused exclusidely by the direct transition X3-Xs
or by the fact that the spectrum 0r(w) is shifted rela-
tive to Cexp (W) to 0.5ev, One may get a full accordance
in the localization of the bands in 07r(w) and Cexp (W)
if one shifte the peaks B and C on the curve N(E)
0.5ev nearer to En. The observed displacement 07 (w)
calculated in the model of indirect transitions relative
to OUexp(w) may be connected with the inaccuracy of non-
selfconsistent calculation N(E)., The self-consistence in
the case of TiFe(CsCl) results the considerable lowering
of the energy of states /72 (~ 0,6ev) as well as the
redistribution of the bands near X [4]. Such a lowering
of d-states (T, , X5/ ) in the TiNi case will cause their
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getting on Ep,The localization of Ep in the region of the
narrow peak makes it possible to suggest the approach to
the analyses of the probable reason of the B2 structure in
TiNi instability analogous to that developed in the com-
pounds with the structure A-15, In the most of the models
explaining MT in these compounds,peak N(E) near E. series
as a necessary condition of the structural instabglity re—
alization, The place of Ep in the immediate proximity to
the peak N(E) in TiNi determines the tendency to the insta-
bility of B2,

Now we shall pass to the discussion of the results of
the investigation in the structure B19', The greatest chan
ges of 0 (w) by MT are observed in the infra-red region
which testifies to the considerable change of the Fermi
surface during the transition B2-B19', By the given MT the
deep states and also the states higher than Ep forming the
bands at the energy of 2,16 and 2.,65ev in the structure
CsCl change a little, The absence of the visible changes
in the localization of the minimum of Jexp(w) and also in
the place of the band in the visible part of the spectrum
makes it possible to suggest that if Ep shifts during NT
this shift is insignificant, By methods photoelectron spec-
troscopy we established that the shift Ep hy MT B2-Bl9' is
not more then 0,2ev, The disappearance of the most length-
waved bands in the infra-red part of the spectrup in mar-
tensite and the appearance of the intense peak of absorb-
tion at the energy of 0.52ev testifies to the fact that in
the region Ep in the great part of the Brillouin zone one
gap is made in some directions., The minimum of the density
of states around Ep is formed by this. The observed changes
of optical conductivity speaks for the fact that the chan-
ges of the electronic structure by the given NT shouldn't
be treated in the model of the rigid band,which suggests
the stability of the N(E)form as it was supposed in the
ref,[6]. The change of ((W)by heating, fig.4,shows that al-
ready in the martensitic phase the elements of electronic
structure,typical of austenite, are formed., All the re-
sults received confirm the hypothesis of F.E.Wang about
the electronic nature of MT in TiNi,
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Table I,Contributions of constitu-
ents Gy,p,p ~ [
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Fig.l, ADAP of TiNi a) in Bl9' at the T=20°C (continuous
line) and by the T=75°C (dotted line), b) two ways of ex—
panding into its constituents G1+Go , G1+P+ &
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Fig.2. Optical conductivity & (w)

of TiNi in the structure B2(1) and in the B19'(2) struc-
ture; b) IK-part & (w) of TiNi in the L2(1) and
B19'z2) structures
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DENSITY-OF-STATES AND ELECTRON-PHONON-INTERACTION EFFECTS RELATED
TO THE MARTENSITIC TRANSFORMATION IN
NiAl and Ti (Ni Co) CUBIC By ALLOYS

Daniel ABBE*, René CAUDRON* and Paul COSTA*

In several cubic systems the electronic specific heat coefficient v, which increases
when close to the concentration which corresponds to the onset at OK of a displacive
transformation, is then reduced by the occurrence of this new phase. This effect can be
associated to a reduction of the one-electron density of states at the Fermi level. We have
found such a behaviour on two families of cubic B, alloys showing a martensitic transfor-
mation, on which we have performed low temperature specific heat and magnetic suscep-
tibility experiments : Ni_, Al alloys and TiNi ordered alloys in which cobalt has
been partly substituted to nickel in order to reduce the martensitic transformation tempe-
rature. The results show that a large phonon enhancement of the specific heat occurs, as
expected in the vicinity of a displacive transformation since strong electron-phonon cou-
pling effects are to be found. Beyond this remark, the results are altagether consistent
with the former explanation in terms of Fermi density-of-states effects.

| — INTRODUCTION

Several models have been put forward to explain in terms of one-electron-state
energy the displacive phase transformations that may occur in metallic systems. A first
class of models has been invoked for transformations which lead to a reduction of the
phase symmetry, but no increase of the volume of the primitive cell (fig. 1) : if a degene-
rate van-Hove anomaly of the one-electron density of states is present near the Fermi
level and if the reduction in symmetry suppresses the degeneracy, one may expect, when
the transformation progresses, a reduction of the density of states at the Fermi level, toge-
ther with an energy lowering —the total energy being taken as a sum of individual electron-
energies—. This type of effect called band Jahn-Teller effect has been invoked in particu-
lar for the phase transformations in A,  alloys [1] and also in several hydrides [2]. Similar
effects can also be expected in relation with phase-transformations generated by a non-
homogeneous displacive process ; the argument is of the same nature as in the Peierls trans-
formation [3].

Such density-of-states effects could be detected either through low-temperature speci-
fic heat or magnetic susceptibility measurements. As usual, the main intricacy of the pro-
blem comes from the electron-phonon and electron-electron mass-renormalisation effects
which modify the value of the electronic specific heat. Similar difficulties occur in the in-
terpretation of the paramagnetic susceptibility, mainly in the case of Stoner-enhanced
transition systems.

The work which is presented below deals with two cubic B, systems which undergo
a displacive transformation : the Ni1+x Al, _ and the Ti(Ni, Co) families. In both cases, near
the critical concentration for the onset at QK of the transformation, is found a large increase
of the phonon term of the specific heat. In relation to this effect an important phonon
enhancement of the electronic specific heat is found, which precludes any interpretation
in terms of density of bare states. On the opposite, information can be drawn from the
susceptibility measurements : in both cases the displacive transformation leads to a reduc-
tion of the Fermi-level density of states, in agreement with the former models.

* ONERA, 29 avenue de la Division Leclerc, 92320 Chatillon, FRANCE.
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| "¢ Il-Ni  Al_ ALLOYS

1=

E E- For x = 0.2 these alloys transform into a
L1, type (Cu Au ) martensite |4|. Specific
heat experiments between 1.2 and 20 K, and
magnetic susceptibility experiments between 4
a = = b and 300 K, for a series of alloys ranging from
x = 0 to x = 0.24, were performed. The main
E  results are summarized on figure 2. The values
Figure 1 Density of states in the higher of the § phonon coefficient, deduced from the
symmetry phase (a) and in the lower specific heat measurements in the 1.2 - 7 K
symmetry phase (b). E £ Fermi level. range, show a gradual increase in the cubic
phase with increasing x values, in relation with
the reduction of the elastic constant C’' [5]. This effect is linked to the anomalies in the
phonon spectrum at g = 0. Moreover, strong deviations of the phonon specific heat from
the low temperature BT3 asymptotic behaviour are found in the 5 - 20 K range, in the
vicinity of the critical concentration for the onset of the martensitic transformation
(fig. 3). This behaviour is related to the occurrence of anomalies at q # 0 (lowering of
frequencies into the range of values which contribute to the low temperature specific
heat). Similar effects have been described and interpreted in relation with the phonon
spectrum as deduced from neutron inelastic diffusion experiments for the 82—9R trans-
formation in Cu Zn Al alloys [6, 7]. In consequence in the vicinity of the critical concen-
tration the plotted (§ values are larger than those that would have been deduced from a
correct analysis. Nevertheless the general trend is correct, as ascertained by the computed
B values deduced from the OK-extrapolated elastic constant values by Rusovi¢ [5] and
Enami [8], showing a pathological behaviour in the critical region.

)
)

The variations of the ¥ T electronic term should be red in parallel with the magnetic
susceptibility in order to be understood. For the latter the values given in table 1 and
figure 2 do not show any anomalous variation ; they were obtained after subtraction of
an estimated value of the diamagnetic term (—20 x 10°¢ emu/at.) and deduction of the
Curie-Weiss like term associated to anti-structure Co, Fe and Mn impurities. A more exten-
sive description of this analysis could be found in a more thorough paper to be published
[9]. On table 1 is also given the ratio of this susceptibility to the y coefficient expressed
in reduced units (i.e. equivalent in terms of Fermi-level density of states). With increasing
nickel concentration one may observe as a general trend an increase of this ratio, which
should be related to an increase of the Stoner exchange enhancement factor (the system
approaches the condition for the onset of intinerant ferromagnetism, as expected if it is
recalled that Ni_ Al belongs to this class of ferromagnetic materials). Superimposed to this
trend one might see a reduction of the observed ratio in the vicinity of the critical concen-
tration, in the region where the phonon specific heat is very large. This effect should be
understood as an increase of the phonon enhancement of the electronic specific heat.

Beyond these remarks the main effects to be found on figure 2 are :

1. the simultaneous increase of the electronic specific heat coefficient and of the sus-
ceptibility with increasing nickel content, in the cubic phase ;

2. the reduction of the susceptibility associated to the displacive transformation for
values of x beyond the critical value.

Both results are consistent with the model presented in the introduction : with

increasing values of x, the Fermi level gets closer to a singularity of the density of states,
up to a point where the transformation occurs, which reduces the Fermi-level density.
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Figure 2 Values of y (® 0) and 3 (A &) Co|T o
specific heat coefficients (units :'10°* J/K? 18 e
atom and 10° J/K* atom) and x,, (& <) W‘ "
residual magnetic susceptibility (units : | -
10°° emu/atom). (full dots correspond to 14 .
the cubic phase, empty dots to the mar- 1 Rt
tensitic phase). v : computed values of 3 12J‘ s
deduced from [5] in the cubic phase. &

10- :

8 F

Figure 3 Low temperature specific heat of

Ni Al (x =.19). (Units : C,/T : 4,
1+ x
103 J/K? atom ; T? : K?). 2
T T T T’
o 100 200 300
XO
X | 0 0.014 0.078 0.123 0.154 0.181 0.193 ] 0.219 0.230 0.245
0% 1.32 1.38 144 15 1.6 1.77 1.84 1856 1.88 1.87
Xo 30 3156 415 455 495 53 b4 44 46 48

R 1.68 1.68 212 224 229 220 2.15 1.74 1.8 1.89
(cubic phase) (mart. phase)

Table 1 Values of electronic specific heat coefficient v (units : 1073J/K? atom)
and magnetic susceptibility p o (units : 107% emu/atom), after deduction of
diamagnetic term, versus x, for Ni 1+x Al,_, alloys. R :ratio of this susceptibility
to the vy coefficient expressed in reduced units for these alloys.
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Il = Ti (Ni, Co) ALLOYS

TiNi undergoes a martensitic transformation (Ms ~ 50°C) which leads to a distorted
B19 structure [10]. When cobalt is substituted to nickel, Ms is reduced. The critical co-
balt concentration for the suppression of the martensitic transformation in Ti(Ni, _Co,)
alloys falls between x = 0.25 and x = 0.5. This result has been checked both by low
temperature X-ray diffraction experiments and by susceptibility experiments which showed
irreversible behaviour above 50 K in the x = 0.25 specimen.

The specific heat and susceptibility results are presented on figure 4. The experiments
were performed on compositions which were shifted towards a slight excess of titanium
(Ti (Ni Co,) ), in order to reduce the number of antistructure nickel and co-

0.502 1-x 0.49 i : e
balt atoms. Indeed),( he Eiatter at least are magnetic, and the Pauli susceptibility cannot be
measured properly when their concentration is too high (it is overshadowed by the magne-
tic term). Similar difficulties show up in the analysis of the low temperature specific heat.

As in the former system, one should notice the very large values of § which have
been found in the vicinity of the critical concentration (Xg)- Besides, very strong devia-
tions to the BT3 law have been observed for the specimens corresponding to x = 0.5 and
0.25 (fig. 5). No correct analysis can be given, due to the magnetic contribution.

Besides, near the critical composition, the electronic specific heat term is also maxi-
mum. The ratio of the susceptibility value, —after deduction of the diamagnetic* and the
Curie-Weiss like term— to the electronic specific heat coefficient value, expressed in reduced
units are given on table 2. The decrease of this ratio near the critical concentration proves
the onset of very strong electron-phonon coupling effects.

One should also notice that the large reduction of the magnetic susceptibility asso-
ciated to the B, — martensite transformation is again consistent with the above-given
interpretation in terms of one-electron-state energies. But inthis case no conclusion can
be drawn on the Fermi-level density of states, because of simultaneously large electron-
phonon and electron-electron coupling effects.
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Figure 5 Low temperature specific
heat of TiNi,  Co . (units : Cp/T -
1073 J/K? atom ;[ T* : K?).

o)

X 0 0.25 0.5 0.6 0.75

v 2.5 5 6.75 6.62 5.95

Xn 130 180 236 2475 318

R 3.83 2.65 2.58 2.76 3.94
(mart. phase) (cubic phase)

Table 2 Values of electronic specific heat coefficient vy (units : 10°* J/K? .atom)
and magnetic susceptibility Xg (units : 107 emu/atom), after subtraction of
diamagnetic term, versus x, for Ti(Ni 1 _ xCoy/ alloys. R : ratio of this susceptibility
to the vy coefficient expressed in reduced units for these allo Vs.
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Lattice Instability, Martensitic Transforma=
tions, Plasticity and Anelasticity of TilNi.

Velle Khachin, Ve.E. Gjunter,
Ve.Po Sivokha and A.S. Savvinov

The character of structure transformations, shape~-
~memory effects, superelasticity, internal friction, she~-
ar modulus and plasticity were investigated within a wide
range of temperature, stress and composition changese It
was found that in TiNi from one to three martensitic
transformations are realized, viz. B2 == R (the transfor~-
mation near to the seccond type), R == B19' and B2 === B19!
(transformations of the first type), where B2 is the ini=-
tial phase, R is rhombohedral distortion B2 and B19' is
orthorhombic martensite with monoclinic distortion. The
number and succession of transformations are determined
by the composition and thermomechanical treatment of the
alloye. Transformation B2—= R is found to be effected un-
der the conditions of developing mechanical instability
of lattice ("softening"of shear modulus) and is probably
the consequence of it. Here the trend to unstable state
of lattice causes the anomaly of high plasticity of the
alloy in premartensitic region. Clear indications of deve-
loping structure instability and anomalous properties we-
re not found before two other transitions. Every marten-
sitic transformation is shown to be accompanied by shape=
~memory, superelasticity and high damping anelagstic effe~
cts of their own, differing from others in hysteresis,
magnitude and temperature of development. It was establig-
hed that ability of alloys to developing these anelastic
effects, martensitic transformation type and plastic pro=
perties of the material are interdependent. Proceeding
from this optimum conditions (composition, heat treatment,
initial phase state) are determined for the most clear
developing of one or another effect of anelasticity and
plasticity,.

I. Introduction

Anelasticity (effects of shape=-memory, superelasti=-
city, high damping modulus defect) and plasticity of a
number of alloys including TiNi are due to martensitic
transformations, which in their turn can be the results
of the loss by the crystal lattice of its stability at

Siberian Physico-Technical Institute,
Tomsk State University, Tomsk, TSSR.
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definite temperature, pressure and composition. In this
paper complex investigation of aforesald properties and

structure of TiNli and Tilli doged with iron up to 5 at %
*instead of nickel. All the'alloys had been annealed at
the temperature 800 °C for one hour and cooled together
with the furnace. The composition of the studied alloys

is given in the table,

II. Structural Transformations.

Using the results of the preceding paper [1] by the
methods of roentgenography and electrical resistivity for
Jbinary TiNi and ternary TiNi Fe alloys diagrams for mar=
tensitic transformations in the process of cooling (Fig.
la, b) were built. As an example the character of chan~
ging structure and electrical resistivity in cooling the
alloy Ti + 49 at.% Ni + 1 at.% Fe. was shown in Fig.2.

As seen from Fig. la, b the initial B2 phase depending

on the composition undergoes three different sequences of
martensitic transformationse. It alloys enriched with ti-
tan one transformation B2 == B19' is observed. In alloys
enriched with nickel and doped with iron there are two
martensitic transformations, i.e. B2=> R and R == B19!,
FPinally in alloys near to stoichiometry three structural
transformations take place: B2 —s B2 + B19'—= R + B19!
B19', The martensitic transformation B2 =*= R posgesses a
very narrow hysteresis and two=~phase region (2-3"C) and
is a transformation close to the second type. On the con~
trary the two other transformations R="= B19' and B2 <=
B19! possess a wide hysteresis and two-phase region (20~
~507C) and are definitely transformations of the first ty~
pe. One should note that the transformation B2 R occurs
by stages which will be described in another paper. More~
over B19' in further cooling may undergo additional dis~-
tortions of the lattice [2]. In the given paper only the
three pointed out martensitic transformations will be
considered.

III. Lattice Instability.

The trend to mechanical instability of lattice on
approach to the point of phase transformation shows it-
self in anomalous behaviour of elastic constant of the
alloy C!' = 1/2 (C1 - ) or elastic anisotropy A = C44/
¢r (C'— 0, A«*—ooi. Tﬂglgtter is closely connected
with the shear modulus G [3] . Therefore the investigati~
on G (T) (or frequencies of natural oscillations of the
sample since G ~ £*) enables to obtain objective informa~-
tion on developing the process of lattice instability.

In the state B2 one can observe a wide region of
anomalous dependence G(T) (4G/dT> 0) which precedes the
martensitik transformation B2 ——R, i.e. the transforma-
tion which is near to the second type. After this the
shear modulus transformation behaves normally up to
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M R-’-B19O (Fige 3, curve 1). It is important to note that
at the moment of transformation greater or less decrease
of oscillations frequency occurs. However this process does
not show the true behaviour of G(T), but it is due to the
modulus defect. The modulus defect is caused by developing
anelastic deformation by displacement of interphases. The
same modulus defect is also responsible for a high interw~
nal friction in martensitic transformation. After the com~-
pletion of transformation a relative.contribution of the
modulus defect to the change of G(T) is small and it does
no longer distort the path of curve in monophase R and
B19!' states.

Formally "softening" of the shear modulus is observed
also before the transformation B2—— B19' a transition of
the first type. However total results of all investigated
alloys and available information on the character of pre-
martensitic phenomena (4,5 enable us to draw the follo~
wing conclusion. All the anomalies of properties and stru~-
cture in the state B2 are associated with the preparation
of the material to transformation B2 —— R, but not with
premartensitic state B2—=— B19'. The transformation B2—
R, however, does not always have time to realize. In stoi~-
chiometric and enriched with titan alloys it is preceded
by another martensitic transformation B2 —=— B19!, to
which aforesaid indications of structure instability bear
no relation. It should be pointed out that a mechanical
instability of lattice caused by anomalously great plas~-
tic anisotropy of the alloy is meant here. Other indica~
tions reflecting preparation and the mode of structural
rearrangement of the lattice are likely to take place in
transformations of the first type. In this paper they ha-
ve not been investigated and they are not discussed.

In spite of the fact that the developing of "soft"
mode in B2 does not bear a direct relation to the trans-
formation B2——B19', it can affect the final crystallo-
graphic structure of the martensitic phase. In particular
an additional distortion B19 can be just the consequence
of "freezing" the "soft" mode in an orthorhombic phase
which did not have enough time to do it in the state B2.

IV. Plasticity

With the approach to the point of martensitic trans-
formation B2— R plasticity of the alloy grows, and af~
ter the completion of transformation it reduces (Fig. 3,
curve 2). Within the range of temperatures preceding the
second transformation R—= B19' where shear modulus beha~-
ves normally premartensitic anomyly of plasticity was not
detected. Therefore relatively high plasticity of inter-
metallid TiNi and its very great anomaly before martensi-
tic transformation is the result of developing lattice in~-
stability.
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Ve Anelasticity

It is found that a definite complex of anelastic ef-
fects of shape-memory, reversible shape change, super-
elasticity and high damping corresponds to each of the
three martensitic transformations. Here anelastic effects
in B2 == R transformation naturally differ from those in
R == B19' and B2 == B19 transformations by hysteresis,
the magnitude and temperature of developing. In Fig. 4a,
the effect of reversible shape change is presented as an
example in successive realization of two martensitic
transformations B2—= R (with Tg) and then R=*=B19 (with
MS) e« The first transformation is practically without hys~-
teresis, the hysteresis of the second transformation is
about 50°C. Of special interest is the precess of develo~-
ping martensitic transformations upon loading and particu-
larly the conditions of developing the effect of superel-
asticitye. It is found that higher than B2—=— B19' marten~-
site is formed under stress onlg in the immediate neigh~-
bourhood (not higher than 20~30C) from Mg/B2—— B197),
Here contribution of anelastic deformation to the joint
deformation of the alloy quickly reduces with dropping
the loading temperature from Mg (Fig. 4a). On the contra-
ry higher than R—=B19' one may manage to bring about a
martensitic reaction by external stress even 200°C before
M3 (R—= B19') and the share of anelastic deformation at it
remains on a high level (Fig.4 c, d). The reason for this
difference is the following. The mobility of the martensi-
tic transformation temperature upon loading IS is determi-
ned by the value of the coefficient oG p=8H/ T, , where

aH is a specific enthalpy, £~ 1s a shear in martensitic
transformation, 7. is the temperature of equilibrium of
phases., It turmed,out that above B2—= B19' the value of
d6/dr ~1.2 kG/mm“~ grad., and that above R-—=—B19 the va=-
lue is only~0.3 kG/mm*grad. As a result of this upon lo-
ading higher than Mg (B2#B19Y criticel stresses at the be-
ginning of martensitic transformation soon go beyond the
limit of alloy elasticity and the plastic flow process
becomes more precferable than phase transition. At the sa-
me time low value of the coefficient aboye lg(R—=—B19Y
provide a wide temperature interval aT=M35— ﬁs before the
plastic flow of the metal starts. Hence, in particulecr,
it is clear why superelasticity effect in stoichiometric
and enriched with titan alloys is absent and why it is
clearly developed in other compositions of this systcme.
By using a prgliminary plastic flow combined with annea-
ling at the T~ 300~550C, one may change the succession of
martensitic transformations from B2 === B19' into B2==—R
== B19' and simultaneously increase the elastic properties
of the alloy. In this case the effect of superelasticity
is observed in alloys containing more than 50 at. % of
titane.

In conclusion we shall point out that in deformation
in the state R one can observe itwo different effects of
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superelasticity. First a reversible rearrangement of the
domain structure of rhombohidral phase takes place and
this process defines the first not large effect of super~
elasticity (Fig. 4d, in the first upper corner). Then a
monodomainized rhombohedral structure undergoes marten-
sitic transformation and this process gives the main ef-
fect (Figo 4d)o

Thesc problems will be considered in detail and pub-
lished in [6,7].
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The "martensite~martensite" transformation
in NiTi

L. A. Monasevich, J. I. Paskal

The X~ray examination of TiNi~base alloys with vary-
ing nickel contents has been carried out. In the alloy
with 49,8% Ni the broadening of certain B19!' structure
reflections was observed in course of cooling below Mf,
the final temperature of B2 — B19' transition. This is
due tc transition from monoclinic B19!' phase to triclinic
B19'! phase. The B19' — B19'! transition occurs in the
monoclinic phase formed only from the cubic B2. In the al~
loys with 50,0; 50,3 and 50,75% Ni where B19!' phase formed
from the rhombohedral R the broadeging of the same reflec~
tions was not observed up to - 196°C. The B19' —> B191!
transition, as well as B2 —> R, is similar to the second~-
~order transition. The atomic displacement transforming
B19' to B19'' are like the ones which transform B2 to R.
It is supposed that the physical factors causing B2 — R
transition continue to act in the monoclinic structure
when this transition does not realize but, instead, the
first~order B2 — B19' transition occurs. These factors
cause the B19'—B19'?! transition in Ti ~ 49,8% Ni alloy.
On the contrary the realization of the same factors as a
result of B2 — R transition leads to the conservation, by
further cooling, of the B19' phase formed from R.

The crystallography of martensite transformation in
TiNi=base alloys has been extensively studied by many
authors [1 =~ 6]. It was established that "austenitic"
high-temperature phase in these alloys has B2 (CsCl-type)
structure and is transformed by cooling to low-symmetric
martensite phase directly or through an intermediate rhom-
bonedral phase. The majority of suthors have supposed that
the low=-symmetric martensite structure is of a B19-type
with additional monoclinic or triclinic distortion. A si-
multaneous formation of the two trensformation products of
the same (monoclinis [3]) or different (triclinic and he-
xagonal [4]) structure is pogsible.

It has been shown in [5] that in TiNi-base alloys de-
pending on their composition and pretreatment the follo-
wing transition sequences (TS) take place:

Tomsk State University, Tomsk, USSR
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T51: B2 —> B2 + B19' — B19!
T32: B2 —>R —>R + B19' —B19!
7S3: B2 — B2 + B19' — R + B19' — B19!

Here R designates the rhombohedral phase and B19' de-
signates the B19 structure with additional monoclinic dis~-
tortion.

The alloys Ti~49,8; Ti-50,3 and Ti~50,75% Ni (all in
atomic %) were melted from iodid titanium (99’9) and elect~
rolitic nickel (99,9) in high~frequency induction furnace
under an argon atmosfere. The ingots were subjected to
six~fold arc~remelting. The weight loss during the prepa-
ration procedure was negligibly small and hence the alloy
ingots can be assumed to possess the nominal composition.
After remelting and homogenisation the ingots were hot~
~rolled in sheets of 1 mi%limeter thick. The specimens we~
re annealed for 1h at 600°C.

X~ray diffraction examination was made by using a
diffractometer DRON=~2 with Cu-K, radiation. The high-
~temperature and low-~temperature devices were used to exa~-
mine the intensity and profile of X~ray lines during coo~-
ling and heating through the temperature region of direct
and inverse martensite transformations.

In Ti~49,8% Ni alloy martensite transformation occurs
during the first cycle accordingly to TS1. In course of
cooling below M_ = 85°the reflections of low=~symmetric
product appears” and their intensity grows. Simultaneously
the intensity of "austenitic" reflections falls without
any broadening or splitting. The structure of this transi-
tion product is well deseribed as monoclinic with parame=
ters which were estcblished in paper [6]

a =2,898; b =4,128; ¢ = 4,628; 8 = 96,8°

The formation of the structure with these tattice pa-
rameters may be Bain deformation that transforms b.c.c., B2
structure to monoclinic B19' and of the additional shear
(100) 54 [OOf]B19 that creates a monoclinic distortion of

B19. Here we discuss a crystallgeometry of martensite
transformation regardless of shuffles (in this case along
(100)51q [OO{]B19). The {ﬁ1Q}B2 - type plones are trans-

formed to planes (002), (11T), (020), (111) of the mono-
clinic martensite B19'. One can seen it from matrix equa-

tion
h oo0T h
<k - (3%0] (%

1/ 5191 T10 1) 32

The results of examination are shgwn in fig.1. It is
seen that in course of cooling below O°C (this temperature
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is lower than M. for the B2 — B19' transition in Ti ~49,8
% Ni alloys a b?oadening of reflection (111)B19' starts,
Simultaneous broadening of other reflections™ “originated
from the {110}, does not take place.

The broad@ﬁing of only one of these reflections may
be explained solely by the structure phase transition from
the monoclinic B19! structure to tryclinic B19!'?,

Inasmuch as the displacement of X~ray reflections,
i.e. variation of interplanar distances due to the B19!?

—>B191' transition within the method accuracy does not
exceed the temperature dependance of the lattice parame-
ters we may suppose that in the course of this transforma~
tion the parameters a,b,c and B remain constant and the
observed broadening of the (111)B19? reflgction is due to
the deflections of X and ¥ angles from 90°. T

We find from the constancy of the width of (111)B19¢
reflection, i.e. from condition sin2® J11-sin20 117 = 0,
and from the broadening of (111)pq19: reflection, B=20111~
~20111, that « and X' varys from %80 to 90,50 and 90,20
respectively. The variation of the width of (111)gqg: ref-
lection occurs gradually without jump and is comp?egely re-
vergible without hysteresis. One can suppose that the
B19* == B19!'!' transition as well as B2 == R is similar to
the second~order transition.

The same analysis of the alloys containing 50?0;50,3
and 50,75% Ni in course of cooling below Mf (the final
temperature for the B2 — B19!' transition) does not show
any sign of reflection broadening. Up to ~ 1960C the struc~-
ture of these alloys remains monoclinic and may be deseri-
bed by the parameters established in paper [3] within the
s§?e accuracy as a martensite structure in the Ti-49,8% Ni
alloy.

This different low~temperature behaviours of different
alloy compositions are comarable to difference of the tran-
sition sequences studied earlier [5]. In the Ti~49,8% Ni
alloy the monoclinic martensite B19!' ig formed from the
cubic B2 phase (TS1), in the Ti~50% Ni mostly (TS3) and in
the Ti~50,3% and the Ti~50,75%% Ni completely (TS2) from
the rhombohedral phase R. Thus, monoclinic martensite pha~-
ses formed from the cubic B2 and rhombohedral R have diffe-
rent behaviours by cooling below Mf.

One should drow attention to the fact that the B19!

~ZB19'! transition is similar to the B2 == R transition.
Both of them represent a transition from an initial high~
~symmetric structure to a final low-symmetric structure
by means of a gradual small distortion, without a Jjump.

The R~phase structure is like W ~phase structure [8].
Theprincipal and primary component of the lattice deforma-
tion is the shuffle of planes {112}p2 along <111> B2 1it
is equivalent to mutual_displacements of {111} g2 planes
in certain sequences [7] ). The shuffle is accompanied by
obgserved rhombohedral distortion of an elementary cell.

It is known that the premartensitic states in TiNi
is characterized by diffraction effects that may be inter-
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preted as local dynamic or static displacements along
(111) o [8] . These displacements are precussors of the

W ~type structure formation. Thus, the premartensitic sta~
te diseussed here is in essence a prerhombohedral state.

In TS1 the tendency to form the R-phase is not reali-
sed due to the B2 —> B19!' transition. It is a well~defined
firgt~order transition and is due not to mechanical insta~
bility of the B2~phase, but to more complicated thermody~-
namical reasons. Unlike the above the B19'' structure may
be formed from the B19!' by means of a certain small dis-
placement in the direction neur to one of the <111> B2
direction. Fig 2 shows four directions originated from tse
different {111)po~type directions by means of the B2 -~ B19!
transition. The distortion in the two of these directions
( [ToT] and [T01]) changes the monoclinic angle and the
one in two others ( [TT0] and [T10]) transforms the mono-
clinic structure to triclinic.

This enables us to suppose that the physical factors
causing premartensitic (prerhombohedral) state and the
B2 & R transition are conserved in the monoclinic struc~-
ture. When the TS1 is realized and the B2 —> R transition
does not occur these factors result in the B19' ~»B191?
transition. On the contrary, the realization of these fac-
tors as a result of the B2 — R transition causes the con~-
gervation (by further cooling) of the B19' phase formed
rom R.
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Martensitic Transformation and Precursor Phencmena in Fe3Pt

M. FOOS™, C. FRANTZ® and M. GANTOIS"

Premartensitic effects have been revealed in the long range ordered
Fe_.Pt alloy by means of X-ray diffraction and transmission electron mi-
croscopy at low temperature. It has been found that these effects corres-—
pond to a tetragonal distorsion of the austenite due to the simultaneous
action of two shears {011} ,<011>, on two planes lying at 60° from each
other. The origin of these phenomena might be due to the existence of an
internal driving force acting on a metastable softened austenite lattice.
A microscopic model based upon the observed shears describes a possible
path for the transformation of austenite into martensite.

I. Introduction

First, we shall recall the results obtained by X-ray diffraction and
electron microscopy at low temperature which show unambigously the exis-
tence of premartensitic effects in the long range ordered stoechiometric
FesPt alloy [1].

Then, we shall interprete these phenomena and try to explain their
origin. We know that such effects have already been observed in several
alloys, particularly in B alloys of the CsCl type [2-4], and they were
often interpreted by soft modes [5-T7 for example]. However, there is no
evidence that such soft modes exist in Fe Pt in the full sense of the word :
only a softening of certain elastic constants is well established [8-9].
Therefore, we shall consider the appearance of the premartensitic effects
in FesPt in terms of an internal driving force wich operates on a softened
metastable system.

Finally, we shall present a microscopic model which is consistent with
our experiments and explains how the L1, austenite phase could transform
into a b.c.t. martensite through the medium of transitory stages whose
first steps are revealed experimentally.

ITI. Experimental Procedure

The studied alloy, prepared in an induction furnace under helium from
platinum and iron with purities of 99,997 % and 99,95 % respectively, is
stoechiometric and exhibits a long range order parameter of about 0.70.

It is a one phase alloy. Its Mg temperature is near - 170°C and its Curie
temperature near 130°C. The b.c.t. structure of the martensite can be
deduced from the Lil, austenite structure by the Bain distorsion [10].

The X-ray lines are either established discontinuously by numeration
or sometimes recorded continuously. The radiation used corresponds to the
Ka1—Ka2 doublet of the cobalt. The diffractometer is equipped with a cooling

* Laboratoire de Génie Métallurgique - Ecole des Mines de Nancy -
54042 NANCY-CEDEX (France)
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device permitting to reach the temperature of liquid hydrogen. The samples
are either bulk specimens or platelets of fine compressed powder.

The specimens for transmission electron microscopy are first electro-
lytically jet-thinned by a 85-15 aceto-perchloric mixture and then by 1on
bombardment. The electron microscope can work up to the temperature of
liquid nitrogen.

III. Results and Discussion

The X-ray lines, characteristic of a L1p structure at room temperatur
are modified when the temperature decreases (figures 1-3). This becomes
obvious from - 155°C (figure 3), about 15°C above Mg. The lines of the non
transformed austenite are very broad at - 195°C (figures 2-3) and split in
two, except the (111)Y and (222)y ones. They exhibit an enhancement of the
intensity near the angle corresponding to the initial line at room tempera
ture. This enhancement indicates the existence of a small amount of non af
fected austenite as it can be shown by the extrapolation to - 195°C of the
lattice parameter measured in a temperature range where the lines broade-
ning is imperceptible.

By transmission electron microscopy, relrods appear at low temperatur
on the electron diffraction patterns and striations are associated on the
micrograph. These striations are well in ccontrast in the dynamical regions
of the foils near the extinction bends. Whether the relrods lie or not on
the observation plane (figures 4d-La), their orientations are parallel to
the <110>§ directions and the corresponding striations on the micrograph
are parallel to the traces of the {110 ]-Y planes. We do not observe indi-
vidual domains on the micrograph which would characterize the existence of
two distinct phases.

All these effects observed by radiocrystallographic analysis or by
transmission electron microscopy are reversible and reproducible at each
thermal cycle.

The X-ray lines broadening suggests that the austenite, initially cu-
bic, becomes tetragonal from a temperature T4 = - 155°C higher than Mg of
about 15°C. The tetragonal austenite would be a transitory phase between
the parent and the product phase. It would exhibit a broader and broader
distribution of the lattice tetragonality parameter g = % as the tempera-
ture decreases (figures 2 and 3), its structure approaching the martensite

one.

This interpretation is consistent with the small broadening and the
unicity of the (111)Y and (222)y lines : the corresponding reflecting pla-
nes are identically sollicitated and as the calculation shows, their inter-—
planar distances are weakly affected by the tetragonal distorsion of the
initial cubic lattice. In the same way, the sense and the amplitude of the
other interplanar distances variations explain the splitting and the broa-
dening of the corresponding X-ray lines. The X-ray lines geometrical broa-
dening is estimated from the room temperature measurements and thus, can
be eliminated. The unicity and the small broadening of the (111)y and
(222)Y lines subsequently justify that the influence of other factors, such
as the dimensions of diffraction domains or the existence of eventual elas-
tic stresses, is neglected. In these conditions, if we only consider the
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distribution of the tetragonality parameter as the origin of the lines
broadening, the q values lie between 1 and 0.93 at - 195°C and between 1
and 0.85 at - 253°C. The g average values corresponding to the center
lines are respectively 0.96 and 0.92 for the two previous temperatures.
Figure 5 describes the evolution with temperature of tpe parameter nN= !—C/a
which can be chosen as the order parameter of the L12 into b.c.t. lattice
transformation. It shows that the austenite tetragonal distorsion seems

to be a second order structural transition.

The relrods and the associated striations can be explained by the ap-
pearance of small deformations due to {011}Y <011>y shears. Such effects
too have already been observed for the case of nucleation and growth trans-
formations [11] as well as for the case of martensitic transformations [2-
12-13-14]. According to [14], due to the elastic anisotropy, the observed
relrods may be described in terms of fluctuation transverse waves of dis-
placements propagating along <110>, and polarized along <110>y which, by
local ordering of shifts of <110>y linear atomic chains, give rise to
atomic planes displacements containing these directions. In FesPt, they
are the {110}Y planes sheared along <T1O>Y. It should be pointed out, as
for every disorder displacement, there is no diffuse intensity at the reci-
procal lattice origin.

According to [8][9] who studied the Fe7pPtpg alloy which however never
transforms into martensite, our observations_show a loss of rigidity of the
austenite lattice with respect to {011} <011>y shears. [8] and [9] suggest
that the lattice softening could be due to a magneto-elastic coupling : the
anisotropy constant A = increases as soon as the temperature is lower
than T.. The loss of rigidity becoming important well below T., this could
explain that no effect has been observed in the long range disordered FezPt
alloy where Mg is near T,. If the stoechiometric Fe3Pt alloy exhibits the
same behaviour as that of the FeTthgg alloy, the elastic constants do not
cancel at Mg and the premartensitic effects do not indicate a true soft mode
in austenite. The lattice softening, if it is not at the origin of the mar-
tensitic transformation, contributes nevertheless to make its nucleation
easier. The driving force associated with the tetragonal distorsion of the
austenite begins to act froman equilibrium temperature T, lying between Mg
and Ap. It gives the necessary energy to the shear deformation of the matrix,
provided that its elastic limit is high enough to can accommodate reversibly
the corresponding stresses. The driving force increasing from T,, the lattice
is soft enough at T§, between T, and Mg (figure 5), to be deformed preferen-
tially by {011}Y <O1T>Y shears whose amplitude continuously increases with
the decrease of the temperature. The reversibility of the premartensitic
phenomena is explained by the elastic nature of the deformations.

We know that most of the microscopic models, giving a possible crystal-
lographic path for the f.c.c. * b.c.c. or b.c.t. transformation, are based
upan a double shear mechanism [15-16-17]. The first shear being always along
(111)y, these models differ from each other in the magnitude of the first
shear and in the nature of the second shear which happens either on a poten-
tial twinning plane (112)y+ or on a compact plane (110)4, of the martensite.
These models account for the usually observed crystallographic relationships
but not for the habit plane. Taking into account the nature of the first
shear, they cannot explain the premartensitic effects observed in Fes3Pt
which rather suggest that austenite becomes tetragonal by the action of
{011}Y <017>y shears.
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Considering that the initial lattice can be deformed before the appet
rance of the first martensite platelet, the Llo lattice can become b.c.t.

by the simultaneous action of two {011}, <011>y shears of same amplitude ¢
the shear planes lying at 60° from each other. This transformation 1s ac-
companied by a rigid body rotation around a <110>y axis. The lattice tetre
gonality parameter q = % can be expressed in terms of the shears magnltude
In FesPt, with S = 0.70, g is included between O and 0.0L6 at = 195°C and
between O and 0.1 at - 253°C ; its average values are respectively 0.026
and 0.054 at these two temperatures. We suppose that the shears magnitude
continues to increase till the final lattice is quasi b.c.c., without the
elastic limit of austenite is reached. The moduli of the base vectors des-
cribing the new lattice are respectively 0.795 ao , 0.793 &, and 0.795 ao
(with ag, the initial L1, lattice parameter) and their angles : 90°06 ,
86°67 and 88°88. The shuffles, necessary to describe the final martensitic
lattice, have a small magnitude. During the whole distorsion, the (111)
plane and the [110], and [112]y directions stay parallel to their trans-
forms (011)gr , [100¥a' and [01T]yr , respectively. The crystallographic
relationships existing between the initial and the final lattice are con-
sistent with the Nishiyama-Wasserman relations. Although the (111)Y plane
stays parallel to its transform (011)yr , it is however distorded and
cannot be considered as an invariant plane of the transformation.

However, the internal stresses associated with the double shear will
become so high that, in certain regions of the alloy, they will be largely
accommodated by transformation plasticity. Thus, some martensite will appes
and interfaces will be created by internal shear of martensite on (112)g:
planes [20]. This martensite shear is very likely energetically favourable
because it happens on planes which correspond to the austenite (OH)Y plane

According to the mathematic theory of the martensitic transformation
(18-19], it appears that the deformation matrix associated with the propo-
sed double shear mechanism corresponds, neglecting some small shuffles, tc
the product of the Bain distorsion B by a rigid body rotation R. As the
determinant of the matrix is unity whatever is the shear magnitude, the
proposed deformation takes place without any volume change. This is consis-
tent with experiments, particularly in the case of the stoechiometric
Fe3Pt alloy whose long range order parameter is at least equal to 0.60 and
which exhibits a thermoelastic martensitic transformation [10][21][22].

IV. Conclusion

The L1, austenite lattice of the long range ordered Fe3Pt alloy exhi-
bits, about 15°C above Mg, premartensitic effects which are revealed by
X-ray and electron microscopy experiments. These effects are interpreted by
a tetragonal distorsion of the austenite due to the joint action of two
shears {011}y <011>y, the shear planes lying at 60° from each other. These
effects might find their origin in the existence of an internal driving
force increasing from a temperature T,, between Mg and Ag, and becoming
efficient at a temperature T$ between T, and Mg, when it applies on a
metastable system which is soft enough : in this case, the Curie tempera-
ture is much higher than T4§.

A microscopic model based upon these two previous shears give a pos-

sible path for the Llo-b.c.t. transformation and anticipates the N.W. lat-
tice relationships : it is consistent with the observed premartensitic
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effects which can be expressed according to the phenomenological theory
of the martensitic transformation, by the beginning of the deformation
due to BXR, where B is the Bain distorsion and R the rigid body rotation.
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The MYssbauer Effect Study of Martensite Transformation
of Thermoelastic FezPt Alloy

Ryuichiro Oshima, Katsuro Adachi and Francisco E. Fujita

The °Fe MUssbauer effect measurements are performed for Fe-Pt alloys
in the neighborhood of the composition of FezPt. The area of MYssbauer
absorption is measured as a function of temperature, and lattice soften-
ing is observed in the ordered FezPt alloy in the vicinity of the Mg tem-
perature. Rather negative temperature dependence of recoil-free factor
during the process of thermoelastic martensite transformation indicates
the large looseness of coupling of atoms, or the deviation from the har-
monic oscillation of atoms occur in the lattice.

The internal magnetic field distribution is also obtained as a func-
tion of temperature. The austenite of ordered alloy shows a broad dis-
tribution curve similar to that found in Fe-Ni Invar alloy and different
from that in Pt rich FezPt Invar alloy. Two peaks appear in the distrib-
ution curve of ordered martensite corresponding to two kinds of Fe sites,
while a single peak distribution is seen in the disorderd martensite.

I. Introduction

Ultrasonic measurements in V3Si[1l] and NbzSn[2] have indicated a
remarkable drop in the elastic moduli and a lattice softening upon cool-
ing to the phase transition temperature at which a B-W type cubic struc-
ture changes martensitically to a slightly distorted tetragonal structure.
Since then, a MYssbauer spectroscopy[3] and an inelastic neutron scatter-
ing experiment[4] also showed the appearance of soft phonon mode in NbzSn.
Many recent works on the martensite transition of noble metal alloys have
revealed that the soft phonon mode is a precursor of the thermoelastic
martensite transformation. For ferrous alloys, most of which undergo a
burst type martensite transformation, it has not been so clear whether a
lattice softening exists as a premonitory phenomenon of the transformation.
However, Suzuki et al.[5] reported that a resonant frequency of ultrasonic
attenuation for a polycrystalline Fe-28%Ni alloy remarkably decrease just
above the Mg temperature. Recently Oshima et al.[6] observed some pre-
martensitic effect and an intermediate phase during the martensite trans-
formation process of Fe-Mn-C alloy. Among ferrous martensite alloys
FezPt alloy is a unique material. The austenite of this alloy has an
order-disorder transition around 700°C. The morphology of martensite
depends on the order parameter. A disordered FezPt alloy shows a typical
burst type martensite transformation, while an ordered FezPt alloy exhib-
its a thermoelastic martensite transformation. The Mg temperature also
remarkably falls from above room temperature to below -196°C as the order
parameter increases. Taking into consideration of the characteristic
thermoelastic martensite transformation of the alloy, the ordered FezPt
is a suitable material to investigate the lattice softening in ironalloys.

Since the M8ssbauer spectroscopy provides the information of the dy-
namical behavior of MYssbauer atoms in the lattice, the 57Fe MYssbauer
resonance in FezPt alloys are investigated during the process of martens-
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ite transformation in the present study. From the total area of MYssbauer
absorption the recoil-free factor, f, is measured as a function of tem-

perature, because the f-factor directly reflects the rigidness o_f a lat-
tice, and it is found that a lattice instability exists in the wide tem-
perature range between just above the Mg and the Mf.

The fcc FezPt alloy is also famous for its Invar behavior. A magnet-
ic heterogeneity is reported to be required for the Invar behavior,
while a recent MUssbauer spectroscopy of Fe-Pt alloy does not suggest the
magnetic heterogeneity. So the internal magnetic field distribution in
the specimen is also determined. The result shows that iron atoms with
small internal magnetic field do exist in the wide range of temperature
below the Curie temperature, indicating the magnetic heterogeneity as in
the Fe-Ni Invar alloy.

II. Experimental

FezPt alloy used in this study is prepared from electrolytic iron
and sheets of a platinum plate of 99.9% purity. It is melted in an induc-
tion furnace in argon+5%H; atmosphere. After homogenized, it is cold-
rolled to 30 um thick. The foils of specimen are annealed for various
period at 650°C to obtain an ordered structure. The order parameter (s)
is determined by comparing the intensity of a normal and an order relec-
tion of an X-ray diffraction pattern. The transformation temperature of
Mg, Mg, Ap and Ag is examined by the electrical resistance measurement.
The MUssbauer spectroscopy is carried out with transmission geometry
between 20°C and -196°C using 14.4 kev y-ray from 57Co source dissolved
in copper.

ITI. Results and Discussion

(I) Area of MYssbauer Absorption

In the present work Fe-24%Pt alloy is
mainly used, because all of the transforma-
tion temperature Ms, Mf, As and Af of the
ordered alloy of this composition are be-
tween room temperature and -196°C, and that
is convenient to the MUssbauer spectroscopy.

A disordered specimen quenched to 20°C
water from 1100°C shows a burst type marten-
site at room temperature, while an ordered
specimen exhibits a thermoelastic marten-
site transformation. The ordered specimen
also reveals a remarkable shape memory ef-
fect. The crystal structures of austenite
and martensite of an ordered alloy are
shown in Fig.l. There are two kinds of
iron atom site in the martensite of which
nearest neighbor configurations are 4 Pt -
4 Fe, and 8 Fe, respectively. The ordered
martensite is a tetragonal structure, but
the disordered martensite has a cubic sym- Fig.l Crystal structures
metry . of austenite and martensite

The transformation temperature of the of an ordered FezPt alloy.
ordered specimen of the present case was-

O Fe , ® Pt
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MS=-118:C, Mg=-175°C, 1}5=-157°C and Fe-24gt%Pt

Ag=-100"C. The variation of MUss- | m— T | B D G T
bauer pattern is shown as a function Ordered 30.r «t650°C
of temperature in Fig.2. The pattern : ‘
obtained at room temperature appar-
ently consists of complex peaks.
This pattern is similar to that of
an Invar type pattern. The Curie
temperature of this specimen is de-
termined by the magnetic balance
method and the central peak counting
rate of the MUssbauer absorption.
The obtained Curie temperature is
97°C, and the specimen must be ferro-
magnetic at room temperature. Never-
theless, the specimen has small in-
ternal magnetic field, which is quite
different from the ferromagnetic com-
ponent at low temperatures. As the
temperature is lowered, the small in-
ternal magnetic field component de-
creases. When a Lorentzian function
is considered for a MBssbauer spec-
trum, the area of a resonant peak is
expressed as

m fsD

( arbit. units)

Counts

where fg is a recoil-free fraction, '

D is'the effective Fhickness of Fhe 8 6 4 2 0 2 4 6 8
specimen, and Texp is the half-width Doppler Velocity (mm/s)

of observed peak. The area of ab-

sorption is proportional to recoil- Fig.2 MYssbauer spectra obtained
free fraction, and the latter is with an ordered Fe-24%Pt alloy
given by at several temperatures.

2
fs = exp{- _;‘_\12 <u>?} , (2)
Y

where Ay is a wave length of Y-ray, and <u>is a mean square displace-
ment of MYssbauer atoms. Generally, <u>® reflects the thermal shift of
atoms, which will determine the Debye characteristic temperature. However,
if a lattice softening occurs when a soft phonon mode is excited, <u>
will become large in the special crystallographic.direction and fg factor
will be reduced. The reduction of fg is also caused by the deviation of
the mode of atomic vibration from a harmonic oscillation. Thus, the tem-
perature dependence of fg factor measurements can provide a good check on
the lattice dynamical behaviors. Although the measurement of absolute
value of fg factor is difficult, the relative change of it can be obtained
by the evaluation of the total area of a MYssbauer resonance spectrum as
a function of temperature. Fig.3 is the temperature dependence of the
absorbed area which is normalized by the value of room temperature.
Around the Mg temperature, the area remarkably decreased, and does not
change so much between the Mg and Mf. This fact suggests that a lattice
softening appears around the transition temperature, and the lattice is
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unstable between the Mg and the Mg
where the austenite and martensite

coexist. The area of the single
phase of martensite has a larger ab-
sorption area than that of austenite
corresponding to higher Debye tem-
perature. The lattice instability
between the Mg and the Mg is confirm-
ed by the following analysis.

Taking a as the volume fraction
of martensite and B the volume frac-
tion of austenite, we have

A(T)

Relative Area Ratio (A 22,0)

N

o

® Fe-24Pt (Ord.)
0 Fe-245Pt(Disord)
A Fe245Pt(0rd.)

I

'

-200

=100 9
Temperature (°C)

a=1, B=0 T<Mf Fig.3 Temperature dependence of
o +B =1 Mg<T<Mg (3) the M8ssbauer absorbed area of
Fe-Pt alloy.
@a=0, B=1 Mg<T ¢ o4
Accordingly the absorption area S(T) r—— ey -
can be written as Fe-249%Pt /
S(T) = a(T) Sy(T) + B(T) SA(T), oo o /
= /
4) 2
where SM(T) and S, (T) are the total o
Mssbauer resonant area at temper- o i
ature T of martensite and austenite, E
respectively. The a(T) and B(T) are 3
experimentally determined by taking -
the peak intensities of X-ray diffrac- '
tion pattern at T. Fig.4 shows the e e : .

variation of a(T) and B(T) estimated
from the peak intensity change of
(112)y and (022), reflection of the
same specimen which is used for the
present MBssbauer spectroscopy. By
using this result the temperature de-
pendence of S(T)/S(RT) is calculated
as indicated by the solid line in
Fig.5. Sy(T) of the ordered FezPt at
room temperature is not available,
because the specimen does not trans-
form to martensite at this temperature.
Therefore, instead of it Sy(T) of dis-
ordered Fe-24.5%Pt with Mf above room
temperature is examined at room tem-
perature and -196°C. At the same
time, in order to check the temper-
ature dependence of the absorbed

area of austenite, an ordered Fe-

24 .5%Pt alloy is also measured at

room temperature and -196°C, which is
shown in Fig.3 and 5 together with

the data for disordered Fe-24,5%Pt.
Comparing Fig.5 with Fig.3, it is
clear that the measured absorption
area of the Fe-24%Pt specimen is
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remarkably small between the Mg and the Mg, This means that the state of
the MUBssbauer atoms is unsteady during 1078 sec life time of Y-ray, that
is, the lattice is very unstable between the Mg and the Mf. Hausch[7]
studied elastic constant of a disordered Fe7yPtg alloy and found a large
anomaly of elastic anisotropy below the Curie temperature. He also found
that Young's modulus of ordered FezPt becomes very small at -196°C. He
concluded that it is not due to the soft phonon mode excitation but due
to the magnetic elastic effect. However, since the result of the MYss-
bauer experiment directly indicate the rigidness of the lattice, the pres-
ent result clearly shows the softness of austenite lattice at around the
Ms temperature.

The excitation of soft phonon mode has not been reported in FezPt
alloy. The present MYssbauer experiment first shows that low recoil-free
fraction exists in wide temperature range between just above the Mg tem-
perature and the Mg temperature. Notwithstanding that the volume frac-
tion of martensite increases when the temperature decreases below the Mg
temperature, the area of MYssbauer absorption slightly decreases in that
temperature range. This indicates that rather negative temperature de-
pendence of f-factor appears in the two phase region, suggesting anhar-
monic coupling of atoms in the lattice.

(IT) Internal Magnetic Field Distribution
The fcc FezPt alloy shows Invar behavior as well as the Fe-Ni alloy.
The coexistence of two magnetic states has been considered as the origin
of Invar behavior of Fe-Ni system. However, no experimental evidence of
the magnetic heterogeneity is obtained from the typical Invar composition
of Fe-35%Ni alloy. Sumiyama et al.[8] studied both the ordered and dis-
ordered states of the Fe7,Pt,g Invar alloy by the MYssbauer effect and
NMR experiments, and found no indication of the coexistence of two magnet-
ic states. They concluded that thermal expansion and magnetization
anomalies are not due to the inhomogeneity, but are attributable to a
fundamental property of the ferromagnetic fcc alloy. In this respect it
is interesting to examine the internal magnetic field distribution on the
alloy used in the present experiment. The computer fitting is carried
out by using some fitting parameters such as the range of internal magnet-
ic field distribution, the number and species of nearest neighbor atoms,
and the spin orientation
parameter. The isomer shift
is also taken into consider- //\

Internal Field Distribution of Fe-24Pt Order

ation. The internal field e \ _ise°c
distribution is thus obtained ' o0\ %
by the Fourier analysis by © Vi \ \
computer. The temperature - \v \

_ \

dependence of internal mag-

netic field is shown in . PN . \
T RT. / / \
™~

Probability

Fig.6. The shapes of the
curves do not substantially ~ ,,fr—“’/ \
change by the parameters o N

T T \~'/

100 200

\/ \
used. At room temperature 2N \\Z \
which corresponds to 0.79 Tc, 0 300 400 H(KOe)
the internal magnetic field
distribution curve has three Fig.6
peaks, as was seen in the
Fe-Ni Invar alloy. Although
such widely spread internal

Internal field distribution curves
of ordered Fe-24%Pt alloy at several
temperatures.
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field distribution is difficult to explain, the result clearly indicates
the magnetic inhomogeneity in the austenite lattice. As the temperature
decreases, the three peaks shrink to a broad single peak. Sumiyamaet al.
reported that the paramagnetic central peak in the MBssbauer spectra of
the ordered and disordered Fe7pPtpg alloy already disappeared at 0.90Tc.
In the present case of the lower Pt concentration it still remain at
0.79Tc, in consistent with the case of Fe-Ni alloy.

The internal magnetic field distribution curve of the ordered mar-
tensite consists of two peaks. The peaks must arise from the two kinds
of Fe sites; one with 8 nearest neighbor Fe atoms and the other with 4
nearest neighbor Fe and 4 nearest neighbor Pt atoms. The first peak of
340 kOe corresponds to the Fe site with 8 nearest Fe atoms,and the second
peak of 370 kOe to the Fe with 4 nearest Fe and 4 nesrest Pt atoms. The
smaller second peak can be expected from the deviation of the alloy con-
centration from the stoichiometric composition and that of the order
parameter from the complete ordering.

IV. Conclusion

Lattice softening has been observed in ordered Fe-24%Pt alloy by
means of the MBssbauer effect. The total area of the MBssbauer absorption
begins to decrease just above the Mg temperature, and has rather negative
temperature dependence between the Mg and Mg, The results suggest that
large looseness of coupling of constituent atoms occurs in the lattice in
that temperature range.

The internal magnetic field is also determined for the austenite and
martensite from the MUssbauer spectra, and widely spread distribution is
obtained. This is consistent with the case of Fe-Ni Invar alloy, but not
with the Pt rich Fe-Pt Invar case. The internal magnetic field of 340 kOe
and 370 kOe are obtained from the ordered FezPt martensite, corresponding
to the two kinds of Fe site with 8 nearest neighbors,and 4 Fe and 4 Pt
neighbors, respectively.
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Martensite Pretransition Phenomena in Fe-Ni Alloys:
Analysis Technique of Diffuse X-ray Scattering

R. J. Comstock and J. B. Cohen*

The first order nature of the martensite transition implies the
presence of anharmonic interactions in the parent phase. The anharmon-
icity implies interactions among phonons (i.e. atomic displacements).
Such displacement interactions could take place throughout the solid
near M _, but be amplified at imperfections which then are the actual
nucleii If these effects do occur for most of the atoms they can be
observed in an X-ray scattering experiment. A technique has been de-
vised to separate the third and fourth order atomic displacement contri-
butions from the total X-ray diffuse scattering thereby providing an ex-
perimental means of examining the nature of the anharmonic terms prior
to the transformation. Measurements are being made of the diffuse X-ray
scattering in an Fe-31Ni sample as the MS temperature is approached.

Introduction

Recent work has suggested that lattice vibration modes may provide
the means by which a martensite embryo is formed. Since the martensite
transformation is first order, higher-order displacement terms would
appear important in understanding the nature of the transformation.

Clapp[1] has used this concept by expanding the elastic free ener-
gy to third order in strain. By doing so, he demonstrated that the
strain required to produce a lattice instability was only a few percent
and that the mode of strain causing the instability was very close to
the Bain strain.

Suzuki and Wuttig [2] approached the problem of martensite nuclea-
tion by considering both third and fourth order displacement terms in a
model involving the forces on atoms. They showed that the anharmonic
terms could produce '"martensite-like" regions in computer simulations.

Thus, anharmonic lattice vibrations can lead to instability in the
structure which results in the transformation of the parent phase to
martensite., Following that line of reasoning, it is suggested here
that the third and fourth order displacement terms in a diffuse X-ray
scattering experiment which would arise only for such anharmonic inter-
actions be measured as the sample is cooled to the M_ temperature. The
results of such an experiment would be twofold. First, since X-rays
"see" only the average atom, one could determine if the anharmonic ef-
fects are localized (such as around defects on free surfaces) or are

*Department of Materials Science and Engineering, Northwestern Univer-
sity, Evanston, Illinois 60201, U.S.A,
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occurring for all atoms. If the effects are localized, there would be

no change in the higher-order displacement contributions to the diffuse
intensity as the M_temperature is approached. But, if the anharmonic
effects involve most atoms, then whether it is due to the third or
fourth order interactions in the martensite transformation can be de-
termined. In fact, there have been reports of changes in the diffuse
scattering near M_ [3].

Theory

The method to be described here to separate the diffuse scattering
into various components is based on a suggestion by Tibballs [47 and
implemented by Georgopoulos and Cohen [5]. The total diffuse scatter-
ing from a binary cubic solid can be expanded in powers of inter-
atomic displacements from the average lattice. 1Inclusion of third and
fourth order terms results in a total of 100 terms for the diffuse
scattering as compared to the 25 terms Georgopoulos and Cohen obtained
by terminating the expansion at second order in displacements. Since
the terms are periodic in reciprocal space, total diffuse intensities
at 100 (or more) equivalent positions could in principle be measured
and then the set of equations could be solved exactly (or by least
squares) to obtain the 100 components of the diffuse scattering. How-
ever, in practice, such a procedure is unworkable as it is unlikely
that 100 points could be reached in reciprocal space and the time re-
quired for such measurements would be prohibitive. Therefore, a means
must be developed to reduce the number of terms to a manageable size.

Following the development of Georgopoulos and Cohen but including
third and fourth order displacement terms, the diffuse intensity from
a binary AB alloy having atomic concentrations of Cp and Cg can be writ-
ten as,

= QAA BB
ID(hl,hz,h3) = Igpo + hln - + hngx + hanAAy
BB AA BB 2 _2_AA 2 __AB
h
+ hzg% + h3n.QZ + h3ngZ + hln RX2 + 1ﬂ§RX2

+ hfngBg + additional second, third, and fourth
X

order terms, (1)

where £ = £ /(£ -fB), n= fA/(fA-f ), and £, is the atomic scattering
factor of atom A.  The first term is the sﬁort range order intensity
and remaining terms represent contributions to the diffuse scattering
from atomic displacements. The subscript on the displacement compo-
nents refer to the direction and the order of the average relative dis-
placements between an A-A, A-B, or B-B pair of atoms as designated by
the superscript. The components of the diffuse scattering (such as
Isros Q's, R's and higher order terms) are periodic functions in reci-
procal space as shown by the following equations for Igpy and QX :
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ISRO =9y azmn cosZnhlzcos2nh2mc052nh3n
4 mn

AA CA AA

= - e 1 ‘;
Q, I DX {(C + azmn) (xzmn)51n2nhlzc032nh2mc032nh3n

4 mn B
. AA ;
where is the short range order parameter and (x Y is the average

o

relativémndisplacement in the x direction between twO A atoms sepa-
rated by a lattice vector £a; + ma, + nas. Details of the algebra
involved in obtaining equation (1) are Eiven by Schwartz and Cohen [6].
It should be noted that the terms of , QAB, and QAB have been elim-
inated from the equation by using the ?act that thezaverage displace-
ments of A-A, A-B, and B-B pairs are related since there is an average
laﬁtice. The relation allows QﬁB to be written in terms of QQA and

.

X

The second, third and fourth order terms include contributions
from A-A, A-B, and B-B displacements. A typical example is the fol-
lowing three third order terms,

2 2 2 B 2 2_BB
hoh,n U5+ hihonet®s + hihg%u”)
xy Xy xy
These three terms can be rewritten in the following way, hihzngﬁ 2
where xy

C
- 3 1, A 2 AA 2 AB
U, =4 22 ZE&E+a, WNEy), )+ 2(1-a, NHETy), )
X2y " 4mn {g Cy 4mn 4mn 4mn 4mn
C
£ B 2_\BB .
+ ﬂ(CA + o, ) (x Y)zmn>} cos2nh, gsin2mh mecos2rh ,n.

U 9 will be periodic in reciprocal space provided the coefficient of

tﬁeytrigonometric functions is independent of h ,h2,h . The only
dependence the coefficient has on hl,h ,h3 is t%rough the scattering
factor ratios 7 and £. For an Fe-NI afloy irradiated with MoK, radia-
tion, it can be shown that the coefficients vary little with h,,h_,h
and therefore Uy2  can be approximated very well as being periodiC in
reciprocal space.

By combining the remaining A-A, A-B, and B-B terms of second,
third, and fourth order, the number of diffuse scattering terms can be
reduced from 100 to 38. Written out explicitly, the diffuse intensity
in Laue units is the following:

_ AA BB AA

Ipthyshyehy) = Tgpe + By~ + ByEQ ™+ hyMQp
BB AA B

h2§Qy € h3an + h3§Qz

+

B 2 =
+ hlnngz

+

2, = 2= v -
hzngRyz + B3MER 5 + hyhpTES,  + hohaTES
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= 3 = 3 = 3 =
+ h3h1ngsZX ‘3 hlngTX3 + hzngTy3 # h3ngTZ3
+1nh,ME0 , + h2h €U , + hh 7D
1 zn X2y 2 1T\§ yzx 2°3 yzz

2 == 2 = 2 o
+ h3h2n§Uzzy + h3h1n§U22x + h1h3T|§UX2Z

= 4 - 4 __— b =
+ h1h2h3n§vxyz + hlngwx4 + hzngwy4 + h3ngw24

3, = 3, = 3, = 3 .o
+ h-h _mEX + h_ h_mMEX + h’h MEX 3 + hih 7EX
iR W Lt T i L T L N

3 - 3 - 2,2 —
+ h3hlngx 3 + h1h3ngx 3 + hlhzngY 29
Z X X z Xy

2 - 2.2 = 2 -
+ h§h3n§Y 9 2 + h3h1ngY 9 9t h1h2h3ngz 9
y z z X X

yz

2 = 2 =
+ h2h3h1ngz s  F h3h2h1n§2 o (2)
y zx z yx

The diffuse scattering components can be obtained by solving in a
least squares sense a set of m equations in n unknowns where m > n.
The m equations should be of the form of equation (2) where the left
hand side of the equations will be determined by measuring the diffuse
intensity at m symmetry related points. The n unknowns correspond to
the components of the diffuse scattering. (As Georgopoulos [7] has
successfully carried out such a procedure with 25 terms and up to ~ 50
measurements several times in reasonable intervals, this is entirely
feasible.)

Experimental

Measurements are being made of the diffuse scattering from an
Fe-31INi sample using monochromated Mo radiation from a pyrolitic
graphite monochromator. MoK  enables a large region of reciprocal
space to be measured thereby providing a sufficient number of symmetry
related points for the separation of the various terms in equation (2).
Fe-31Ni was chosen for the experiment as its M_ temperature is below
room temperature and the contributions to the diffuse scattering from
short range order is small because the scattering factors are similar
(I.. o« (f,-£)2).

SRO A B
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Loss of Lattice Rigidity in Austenite*
. : + tt
Nicholas DeCristofaro and Roy Kaplow

Mossbauer spectra were taken at and below room temperature in iron
-2.4 wt.% nitrogen samples containing various amounts of stabilized
martensite and austenite (MS T 260K). The intensities of the martensite
spectra increase with decreasing temperature as expected from the normal
thermal variation of the recoilless fraction. Conversely, the inten-
sities of the austenite spectra are smaller below room temperature and
M , and decrease with decreasing temperature. This corresponds to a de-
L§easing recoilless fraction, which is associated with a lessening of
..attice resistance to excitations caused by the transference of the
fgamma-ray recoil momentum. This behavior is thought to be related to
lattice instabilities in the austenite phase, possibly related to its
transformation to martensite. The magnitude of the effect indicates
that, although the excitations in themselves may be localized, these
instabilities are characteristic of the bulk material and cannot be ex-
plained in terms of the conventional theory of pre-existing martensitic
embryos.

I. Introduction

Recently, the concept that various crystal lattices become struc-
turally unstable on cooling has assumed an important role in models for
martensitic or displacive transformations. In this context, a number
of anomalous effects occurring in the parent (austenite) phase at tem-
peratures above M_ have been reported. Electron microscopic effects
[1-5], softening 8f elastic constants [6,7], and resistivity and mag-
netic anomalies [8,9] have been observed. Mossbauer studies of Fe-Ni
and Co-Fe systems [10-12] show a decrease in the recoilless fraction of
the parent phase as the temperature is lowered to M . It has been ar-
gued that these '"'premartensitic phenomena" intensif? as the temperature
is lowered to Ms [1] and continues to exist in the retained austenite
at temperatures below MS [13] .

These effects have been associated with the martensitic transforma-
tion in a variety of ways. Models exist in which specific phonon modes
in the parent phase related to the martensitic structure [14,15] be-
come unstable and eventually trigger the transformation through their
own stress fields [16-18]. Other interpretations speculate two step
processes including either the slight distortion of the parent lattice
[5] or the precipitation of a transitory phase [3,4] preceding the actual
transformation. In many instances, the model for martensitic trans-

* This paper is based in part on the Ph.D. thesis of N.D. The work
was sponsored by the Office of Naval Research, under Contract No.
NO0O1l4-76-C-0171, NRO31-795.

T Corporate Development Center, Allied Chemical Corporation, Morris-
town, NJ 07960.

T+ Department of Materials Science and Engineering, Massachusetts
Institute of Technology, Cambridge, MA 02139.
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formation involves inhomogeneously distributed "embryos'" based on (a)
spatially localized, "soft" vibrational modes [19], (b) static atomic

displacement waves [10], or (c) particular configurations of defects
(e.g. dislocations) [21].

II. Experimental Procedure

Samples of iron 2.4 wt.% nitrogen (8.9 at.%) austenite (M_ approx-
imately 260°K) [22] were produced by nitriding iron foil (0.02§ mm
thick) in flowing mixtures of NH, and H2 at 973°K and rapidly quenching
directly from the nitriding atmoSphere.

M8ssbauer spectra were measured on a constant acceleration spectro-
meter with a gamma-ray source of 57Co embedded in a copper matrix. The
austenite absorber was mounted in a low-temperature dewar on this spec-
trometer so that its temperature could be controlled in situ, without
disturbing the source-sample-detector geometry.

The austenitic sample was cycled a number of times between room
temperature (295°K) and 183°K. The total time spent at 183°K exceeded
24 hours and the total time at room temperature following the first
quench exceeded one week. This process served to ensure that the mar-
tensite formed was stabilized both in amount and with respect to short
term room temperature aging for this temperature range. The first data
set, following this treatment, comprised a sequence of Mossbauer mea-
surements at 295, 183 and 295°K. The spectrum recorded at room temper-
ature is illustrated in Figure 1; it indicates the presence of approx-
imately 40% martensite (the complex, spectrum labeled M), and 607 aus-
tenite, (the spectrum labeled A).

The sample was then quenched to 82°K and cycled between this tem-—
perature and room temperature in a manner similar to that described
above. Following this treatment, another series of Mossbauer spectra
were recorded at 295, 183, 82 and 295°K. The spectrum measured at room
temperature indicated that during the additional cooling from 183°K to
82°K, the amount of martensite increased to approximately 55%.

ITII. Analysis of Mossbauer Spectra

The recoilless fraction, which determines the absolute magnitude
of the relevant spectra, is related to a recoil energy, R, that would be
transferred to a single free and motionless atom when its nucleus ab-
sorbs a gamma-ray, and to the effective, quantized energy increment for
available lattice excitations, E*, in the form: [23]

f. = exp (- R/E*) (1)

For the vibrational excitation of a Debye solid:
0

E* = (1/6) k. 0_/{1/4 +(T/0.)%S o/" E S 2)
- B D (795" g X1
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where k_ is Boltzmann's constant, 6. the Debye characteristic tempera-
ture, and T the absolute temperature. On the basis of ordinary temper-
ature-dependent vibrational behavior, the recoilless fraction should in-
crease with decreasing temperature. This temperature dependence, ex-—
pressed in terms of f,_/f 95° predicted by Equation (1) and (2), is il-
lustrated as the solid cufve in Figure 2. The value of §_. n411°K, taken
as an average and from interpolation and extrapolation of various data
[24,25] is appropriate for both phases.

The theoretical intensity of a Mossbauer absorption peak, Pth (E),
is related to the recoilless fraction, fT, through the convolution: [56]

Pop (B) = ST L (B, E) [1-exp (-frn o (E))] (3)

where I (E,E ) is the nominally Lorentzian energy distribution of the
gamma-ray source, n is the effective thickness of the absorber in nuclei
per cm , and g (E) is the cross section for resonant absorption. In
practice, the proper absorption intensities and shapes are obtained
through the convolution of the theoretical intensity with a Gaussian
curve to compensate for instrumental broadening [17]. Since the nuclear
parameters are constant, the temperature variation of the magnitude of
resonant absorption in each phase is dependent only on fT.

When the argument of the exponential term in Equation (3) is small,
the depth of the Mossbauer peaks is also small and may be approximated as
being directly proportional to f,_. This is the case for the ferromagne-
tic martensite spectra. For the austenite spectrum, where the exponent
is larger, the more rigorous nonlinear treatment of Equation (3) must be
applied.

IV. Experimental Results

The first series of Mossbauer measurements, on 407 martensite sta-
bilized at 183°K, were recorded at 295, 183 and 295°K again. The marten-
site peaks showed increased intensity at the low temperature by the a-
mount expected from the thermal increase in f,,. The austensite peak,
however, showed a decrease in intensity correSponding to a decrease in fT
of approximately 97%.

The second series of measurements, on 557 martensite stabilized at
82°K, were recorded at 295, 183, 82 and 295°K again. As in the first
series, the martensite peaks were observed to increase with decreasing
temperature in the expected manner while the austenite showed a contin-
uous decrease in f,_ with decreasing temperature. In both series of mea-
surements, all peaEs returned to their original room temperature inten-
sities when the sample was reheated to 295°K.

The measured relative recoilless fractions are compared to the theo-
retical values in Figure 2. An important aspect of these results is that
the f_, value for austenite at 183°K is the same, within precision, for
both series of measurements.
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IV, Discussion

The reduced value of the recoilless fraction in the austenite at
low temperature implies an increase in the probability that a gamma-ray
will create a lattice excitation, i.e., that it will be absorbed in a
non-recoilless manner. This increasing probability reflects a lessen-
ing of lattice resistance to excitation. The energy available fr?m the
gamma-ray to create an excitation is, at most, the free atom r?c011 en-
ergy, R. R is determined by the_§§mma-ray energy and thg atomic mass of
the atom, and equals 3.1348 x 10 joules (1.9567 x 10 ~ ev) for the
Mossbauer transition in °7Fe [28]. This value is an order of magnitude
less than thermal energy at room temperature.

Since at temperatures below M _ there is a driving energy for the
transformation of austenite to martensite which increases with decreas-
ing temperature, such lattice excitations formed in the austenite struc-
ture might be related to the martensitic transformation. Without dis-
tinguishing between excitations in the form of static distortions or vi-
brational displacements (such as of soft normal modes) one can conceive
of an excitation causing a localized change in the atomic configuration
toward the martensitic structure. The behavior of the recoilless frac-
tion of the austenite with decreasing temperature is consistent with
such a proposition. The essential independence of the recoilless frac-
tion of the austenite from both the amount of martensite already formed
and the immediate tendency to form more martensite indicates that it is
at least primarily an intrinsic property of the austenite. This does
not necessarily mean that prior treatment (e.g., the formation of the
additional amount of martensite at 82°K) does not change the excitation
probability at all, but only that such effects (e.g., as may be due to
strains, etc.) are small in comparison to the intrinsic effect.

If the localized excitations are normal vibrational modes enhanced
by a lessening of certain elastic constants, a decreasing f, would imply
a decrease in the vibrational characteristic energy required to create
the excitation (e.g., the Debye excitation energy given in Equation
(2)). 1If the excitations are different from the normal modes and inde-
pendent of them, the probability of a recoilless event would take the
form:

fT = foS (4)
where f_ is the measured recoilless fraction at temperature T, f _ is the
probabiTity that the gamma-ray absorption will not create a normal ther-
mal excitation, and f_ is the probability it will not create a special
excitation. If we assume that f_, = 1 at 295°K and f,, is the Debye value
at all temperatures, the temperagure variation of f_ and E* can be es-
timated (where E* is the characteristic energy associated with the spe-
cial excitation and f_ = exp(-R/E*)). These values are given in Table I.
Although the wvalue Eg decreases with temperature the probability of such
excitations existing through thermal effects, estimated through the
Boltzman factor, exp (-E*/kT), does not increase, since the thermal en-
ergy, kT, .decreases more rapidly. If we were to assume that the austen-
ite tendency toward instability onsets well above M the absolute values
of the fT's would be slightly lower. This alternaté assumption has only
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minor effects on the derived values.

The anomalous decrease in f,_, which amounts to 27% at 82°K, is too
large to be explained in terms o¥ localized instabilities at small meta-
stable regions ("embryos') which are postulated to serve as nucleation
centers for martensite. Based on estimates of their size (106 atoms)
and density (107/em3)[29], "embryos" would comprise only 1010 of the
material. Even if all atoms in an "embryo'" behaved as if f._ = 0, they
could not in themselves cause the observed behavior. Thus, the loss of
lattice rigidity in the austenite must be a bulk effect, reflecting the
overall mechanical instability of this phase at low temperatures.

VI. Summary

The anomalously decreasing recoilless fraction of the austenite with
decreasing temperature below ambient is associated with lattice instabil-
ities of this phase, possibly related to its transformation to marten-
site. The magnitude of the effect indicates that, although the excita-
tions themselves may be localized, they are characteristic of the bulk
material and cannot be explained in terms of the conventional theory of
pre-existing martensitic embryos. It is unknown whether the gamma-ray
induced excitations are stable or unstable. However, in the course of
each Mossbauer measurement, it is certain than an appreciable amount of
additional martensite has not been formed.
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TABLE I: Estimated Values of fS and Eg

T °K fr fp fg EX (joules) exp (-E/KT)
295 0.778 0.778 1.0 i — 0.0

183 0.720  0.846 0.851  1.95%10 1% 0.463
82 0.661  0.901 0.734  1.01%10 % 0.409

FIGURE 1: 295°K Mossbauer Spectrum FIGURE 2: Temperature Dependence of
of Fe-2.4 wt.7%N. the Recoilless Fraction; Debye
Theory (=) and Experiment.
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The Study of the Stability of the )Y-Phase
at the Martensitic Transformation

BE.I. Estrin and V.H. Serebryakov *)

The elastic constant C' = 1/2 (¢ ,=C,,) (determining
the stability of the Y -phase) has bebh na&sured by ultra-
sonic echo-pulse method on the monocrystalline samples of
the alloys Fe-33. 7% Ni (I) and Fe = 5.9% Ni = 4.4% Mn -
0.48% C (II) in the close vicinity of the martensitic
points. It has been found that during slow cooling no
transformation occurred up to 4.2 K in the samples of al-
loy (I), which had been stabilized by heat treatment. At
fast cooling or warming the "burst" martensitic transfor-
mation take place in the same samples at temperatures rang-
ing from 35 to 75 K. In this connection it was possible to
measure C' for such samples during slow cooling from 200

to 4.2 K, i.e. at a temperature range involving the marten-
sitic point. It has been established that C' has a finite
value essentially different from zero and does not show

any singularities when approaching the temperature at which
the "burst" martensitic transformation takes place. In al-
loy samples (II) with a martemsitic point at 266.5 K, C! is
measured at temperatures from 392 to 267.5 K. In such sam-
ples C' has a normal temperature dependence (the constant
rises as the temperature decreases). Hence, in alloys (II)
C' shows no signs of anomaly when approaching the marten-
sitic point and there are no tendencies towards a loss of
the lattice stability. Consequently, the martensitic trans-
formation in the alloys examined is not related to the full
loss of the ) =phase stabilitye.

I. Introduction

Martensitic polymorphic transformation,which can pro-
ceed at very low temperatures. with a high velocity ("at-
hermally"),is a well=known process in crystalling solids.

Ziner [1] propose that such transformations may be
asgsociated with the loss of the mechanical stability of
the crystalline lattice. The prove of this assumption is
a principal problem. There exists experimental evidence of
this hypothesis in the case of transformations close to
transformations of the second kind (in V;Si, NbBSn, In-Te
alloys [2]). However, for typical transforfiations”of the
first kind there are no data for allowing one to make an
unambiguous conclusion [2].

*°Central Scientific Research Institute of Ferrous Metal-

lurgy, Moscow

-508-



In the case of a fcc— bec transformation stability
of the initial X-phase is determined by magnitude of elas-

tic constant C!' = 1/2 (¢, =¢,,) (i.e. by magnitude of cor-
responding second deriva%lVelgf thermodynamic potential).

Total loss of stability means vanishing C':C'— O.

The elastic constant C' in Fe-Ni alloysdecrease with the
drop in temperature, but near the martensitic point (Tm)
it remains finite L3, 4]. In reference [ 4] the constant
C' (T.) lowers monotonously with Ty decreasing. Therefore,
it is quite possible that at a very low position of the
martensitic point the corresponding C' (T,,) value appears
close to zero.

Besides references[5, 6] indicate that a sharp de-
crease in the elastic constant is possible in the immedi-
ate vicinity of the martensitic pointe

In this connection a study has been carried out by us
on phase transformation of the first kind, fcc— bce
(¥=+A ) in Fe-Ni alloys regarding the temperature depen-
dence of the shear constant C', with the martensitic point
positions being as low as possible (when it is unlikely
possible to overcome the energy barrier at the expense of
thermal fluctuations) and with the temperature being as
close as possible to Ty [7]. The behaviour of C' in Fe=-
Ni-Mn-C alloy also has been studied.

II. Material and Methods

The investigation was carried out on a single crystal
alloy Fe - 33.7 wt % Ni, size P 38x40 mm, grown according
to Bridgeman's methed. Samples of 5x10x10 mm was cut out
and oriented in the direction of [110]. The elastic con=-
stant C!. was calculated from the measurement of velocity
of the shear ultrasonic wave (frequency ~ 4 M c/s) propa-
gating in the direction of [110] and polarized along
[110], using the echo-pulse method. The accuracy of the
relative measurement was not worse than 0.1%. The sauple
was cooled by slowly immersing it into a Dewar transport
helium vessel, capacity 235 l. The temperature of the
sample was taken with a copper-constant thermo-couple.

The cold thermo-couple Jjunction was inserted in liquid
nitrogen. The temperature gradient along the sample length
under the cooling conditions employed. did not exceed

0.6 K.

ITI. Super-cooling Phenomenon of "Birst"
Martensitic Transformation

To reduce the martensitic point the stabilization
¥Y-phase phenomenon was used as a result of chilling the
samples to a temperature close to T,.,and subsequent an-
nealing at 500°C [813.
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In our case the single crystals of the alloy under
investigation was subsequently cooled to temperatures 120,
110, 100, 90 and 80 K and annealed after each cooling at
500°C for one hour. Thanks to such a treatment it was pos=-
sible to observe a super-cooling phenomenon of "burst"
martensitic transformation [91.

For a long time the martensitic transformation was
regarded as an athermal process which could not be super-
cooled. In 1948 G.V. Kurdyumov supposed [10] and later
GeV. Kurdyumov and O.P. Maksimova [1ll, 121 experimentally
revealed the possibility of a partial and then a full super-
cooling of martensitic transformation.

In recent ysars research,carried out into kinetic of
the martensitic transformation and the morphology of its
products, has allowed one to get insight into the exist-
ence of two kinds of wmartensitic tramnsformation - isother-
mal and athermal, each of which is characterized by kine-
tical and morphological peculiarities [ 15-181. In accord-
ance with this elucidation the athermal martensitic trans-
formation as distinct from isothermal, proceeds at a ra-
pid rate (often burst-like) at all temperatures and does
not supercool. Typical representatives of alloys with
athermal martensitic transformation are Fe-Ni alloys of a
high percent of nickel (> 31%), low T,., and a "burst" nature
of transformation.

It was in this kind of alloy that a possibility was
found for supercooling the "burst" transformation. It
turned out that the single crystal undergoing stabilization
treatment can be cooled slowly down to 4.2 K and slowly
heated up to room temperature without transformation. The
results of measurements of the elastic constant C!', car-
ried out during cooling and heating coincide fully (Fig.
1), thus testify to the absence of transformation dur—
ing slow cooling. subsequent accelerated cooling or
warning of the same single crystals or in the process of
isothermal treatment there occurs a "burst" transforma-
tion.

For instance, a "burst" martensitic transformation
took place in one of the single crystals, that had under-
gone a cycle of slow cooling down to 4.2 k without trans-
formation and a slow warming up to room temperature, at
repeated accelerated (30 deg/min) cooling in a tempera-
ture range of 75-35 K. The relief arises on the prelimi-
narily ground faces (110) of the single crystal is illus-
trated in Photo 1.

The same "burst" transformation at accelerated cool-
ing of crystals which did not undergo transformation at
slow cooling to lower temperatures was observed in two
more sampless In the first one the transformation occurs
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at a temperature in the vicinity a little lower than 77 K,
although before that the single crystal was slowly cooled
to 4.2 K and warmed to room temperature. In respect of the
second one the procedure was the following: the single
crystal was slowly cooled to 98 K, heated it 101 K for

10 minutes and then brought down to room temperature after
which a "burst" transformation took place during repeated
accelerated (10 deg/min) cooling at 113 K, i.e. at a tem-
perature 15 K higher than the temperature that was used
when the crystal was cooled without transformation in the
previous slow cooling process.

In the fourth single crystal of the same composition
the "burst" martensitic transformation did occur duri
accelerated warming process after slow (0.3 deg/min) cool-
ing to 110 K and held at this temperature for 2 min. One
more case of "burst" transformation was observed to occur
in the single crystal with a composition close to the pre=-
¥10u§58n§ during isothermal treatment (for 9 min) at

Thus, the "burst"™ transformation in Fe - 33.7% Ni sin-
gle crystal alloys described above took place at tempera-
tures much higher than the lowest temperature to which
these crystals were preliminary cooled. This testifies to
the possibility of supercooling the "burst" (athermal)
martensitic transformation at slow cooling of the single
crystalline samples and, likely, to the casual fluctua-
tional character of nucleation during this kind of trans-
formation.

IV. Temperature Dependence of Elastic Constant C' and
Y =phase Stability in Martensitic Transformation

The supercooling "burst" martensitic transformation
phenomenon has enabled measuring the Y=phase elastic con-
stant, C', at temperatures not only close to the vicinity
of the "burst" martensitic transformation temperature,
but also below it.

It follows from Fig. 1 that the temperature depen-
dence of C' assumes_a curve w%th a smooth minimum at 35 K,
where C' = 1.781011 dynes/cm<. Such a character of change
in C' coincides with the data obtained in C19] on single
crystal alloy Fe-Ni of invar composition. After these mea=-
surements one of the crystals was annealed at 1100°C for
1.5 hours in vacuum after which measurements of comnstant
C!' was repeated at slow (l.l1 deg/min) changing of the
temperature. The measurement was made up to 75.0 K. With
further decreasing the temperature at 74.8 K the "burst"
martensitic transformation took place. Thus, in this run
of experiments it was possible to measure the elastic
constant C’to the temperature standing at 0.2 K from the
transformation starting point. The data obtained as a re-
sult of repeated cooling, are illustrated in Fig. 2. The
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same figure presents the curve (thin line) plotted from

the results of the first cooling. It issued from Fig. 2
that the temperature dependence of comnstant C!' of the an-
nealed single crystal repeats totally the temperature de-
pendence of constant C' of the crystal subjected to stabi-
lization treatment,which has not undergone a transformation
up to 4.2 K. No changes in the behaviour of C' were obser-
ved near "burst" martensitic transformation starting

pointe.

The same results were obtained for the three single
crystal samples observed in the supercooling "burst"
transformation phenomenon described above. The measure-
ment of constant C!' for two of them were made to 4.2 K.
The transformation at a more faster repeated cooli in
one of them happened near 35 K: in the other near g% K. In
the third one measurement of C' was made down to 110 K,
the transformation took place when warmed from this tempe-
rature. Thus, the measurements of the elastic constant C',
in these three cases were actually made at temperatures
lower than that of the "burst" transformation. However, no
changes took place in the behaviour of C' when approaching
to transformation.

The data obtained showed no association of the "burst"
martensitic transformation in alloy Fe - 33.7% Ni with the
total loss of the ) =phase lattice stability.:

V.Behaviour of C! in Fe-~-Ni-Mn-C Alloy System

We studied the temperature dependence of modulus C!?
in the single crystal of an Fe = 5.9%, Ni - 4.,4%, Mn -~
0.48% C alloy subjected to "burst" transformation at a
temperature below 0°.C [20].

The samples of a 7 mm thick pellet were cut out of
a single crystal, $ 10 mm, 60 mm long, grown in a Tamman
furnace by cooling from the melt in a temperature gradi-
ent.

To follow the development of transformation the sound
velocity measurement was made simultaneously with that of
the sample magnitization. The sample together with the
cemented quartz single crystal and heater were inserted
into a Duar vessein%external diameter of 20 mm) which was
incorporated in an inductance coil immersed in liquid
nitrogen. The inductance coil was switched to the bridge
circuit.

The measured elastic constants values at room tem-—-
perature were:

¢t = 3,702x10""  dynes/cm®
Cyy = 11.23x10%"  dynes/cn®
(Cll + 012 + 2044):24.76x104' dynes/cm2
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The elastic constants C' values were determined under
cooling conditions at a rate of 1.5 deg/min from 392 K to
267.5 K (Fig. 3). At 266.5 K the "burst" martensitic trans-
formation took place. It is distinctly fixed on the thermal

effect on the cooling curved, and on the "burst" enhance-
ment of magnetization.

The C' measurements show that the temperature depen-
dence of this shear constant is of a normal kind. The
elastic constants increases linearly with the decrease of
temperature up to the temperature standing 1 K from the
onset of transformation.

Thus the alloy specimen under study does not reveal
anomalies associated with approaching the transformation
temperature, moreover tkere is no tendency observed toward
a loss of the crystal lattice stability.

Vle Conclusion

A. Data obtained on the single crystals of alloy Fe -
33%,7% Ni show that:

1. The elastic constantof)-phase, C' has a finite
value substantially different from zero at all temperatures
up to 4.2 K and does not reveal any peculiarities associ-
ated with approaching the temperatures at which a "burst"
martensitic transformation takes place. The martensitic
transformation in the alloy under investigation and, pro-
bably, in other Fe-Ni alloys is not associated with the
full loss of the )Y =-phase stability;

2. With slow cooling the Y =phase can be cooled (up to
4,2 K) without any martensitic transformation; the "burst"
martensitic transformation occurs with subsequent accele-
rated warming ob with accelerated cooling after slow warm-—
ing, or in the process of isothermal heating. Hence, the
"burst" martensitic transformation in the alloy under in-
vestigation can be supercooled.

Be Alloy Fe = 5.9%, Ni - 44%, Mn - 0.48% C does not reveal
any tendency toward a loss of stability

Analysis of the experimental data available shows that

practically a full loss of lattice stability is seen only
in those cases when the deformation of the lattice during
transformation is small (V.Si, Nb;Sn, In-T1l, Au-Cu~Zn).
The loss of stability in tgese cases in a natural conse-
quence of similarity to the transformation of the second
kind and fully coincides with the prediction of Landau's
theory.

When approaching the starting point of transformation
(as per composition, temperature, or pressure), one obser-
ves in most of the rest of cases (p-alloys on Cu, Ag, Au
bases, alloys Ni-Al, Fe-Ni, alkaline halogenides CdS, InSb
and others) a more or less pronounced tendency toward a
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stability loss (low value of elastic constant correspond-
ing to transformation and its further anomalous decreasing
upon approaching the transition point and an increasing
anisotropy of the lattice), however no total loss is ob-
served at the onset of transformation; moreover, no ten-
dency towards a stability loss is geen in Fe-Ni-Mn-C sys-
tgg of the alloy under investigation or in Li and Na (21,
22].
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A Theory of Streaming

Manfred Wuttig* and Tetsuro Suzuki**t

Electron microscopical observations of alloys at temperatures
close to but above the martensite transformation temperature show the
by now well-established shimmering or streaming.l'2 The effect mani-
fests itself as a periodic change of contrast propagating in a wave-
like manner across the field of view. This paper presents a theory of
this effect.

The starting point of the theory is the realization that the
electron beam constitutes a strong mechanical excitation of the foil.
This excitation brings about the baining-unbaining transitions which
are the source of the variations of contrast. The martensitic trans-
formation of the alloys for which streaming has been observed is of
first order. Furthermore, energy is dissipated in the foil during the
formation of the coherent martensite nuclei. Thus, the theory develops
and explores the equation of motion of finite displacements of an
anelastic solid.

The solution of this equation shows that at sufficiently high ex-
citation, the motion of the foil will be modulated whenever the foil
alloy possesses a metastable state. The modulation frequency is zero
at the limit of the metastability and increases as the temperature is
lowered. It is proposed that this modulation manifests itself as
streaming.

The Nonlinear Anelastic Solid

The standard linear anelastic solid can be modeled by the well-
known equation3'“

O+ TO=c€+cTE (1)
€ ¥ u €

where 0 and € denote the stress and strain, ¢ and c_ the relaxed and
unrelaxed elastic constants, and where Te representsuthe relaxation at
constant strain. This equation describes the solid satisfactorily, as
long as the strains are sufficiently small. For large, or more pre-
cisely, finite strains such as encountered in first order martensitic
transformations, equation (1) must be extended. This may be done by ex-
panding the elastic constants c, and ¢ into Taylor series in the
strain. Equation (1) then reads

n u
. '_l . '..2
Zc et + T €2c .El (2)
€. ul
=2 i=2

*University of Missouri-Rolla, Rolla, Missouri 65401; %Visiting profes-
sor from Yokohama City University, Yokohama, Japan
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where ¢ . and c . denote the elastic constants of order i.
ri ui

The Equation of Motion

The derivation of the equation of motion of a one-dimensional
solid may start with the differential equation

PE = O (3)

XX

where p is the density and the double index, xx, denotes the partial
differentiation with respect to x. Substituting the characteristic
(1) of a linear anelastic solid into this differential equation yields

pE + TEQE'= ce +c (4)

T
r XX u £ XX.

For small values of the damping, as commonly observed in metallurgical
observations, the solution of equation (4) is given by

_ B 2.-1,. _ 5 .
e(x,t) Eoexp[ %Tek o (cu cr)t]cos[k(cr/p) t]sinkx. (5)

It can be seen from equation (5) that all oscillations of small
amplitude are attenuated since it is known that c, > cr.” This is
not necessarily so for a nonlinear anelastic solid. As will be seen
below, in the vicinity of a martensitic transformation, the Taylor ex-
pansion in equation (2) needs to be extended to terms i=6. In this
case, the equation of motion obtained in the same manner as equation
(4) reads

. 6 .
criet b et & Ve el7?
il xx € xx~ Ul xx
i=2

pE + T pE =
= 2

i

(6)

Il o100

This equation may be solved by a method given first by van der Pol.?>
The solution is

1
€(x,t) = EOM(t)cos[k(cr/p)it - £(t)] sinkx (7)

where the amplitude and phase functions, M(t) and & (t), are solutions
of the differential equations

i ~ _1p24-1 B 3 4
M(t) = -%k2p TM(t)[(cu2 c ) + (9/16)c ,MZ(t) + (25/64)c M (t)1,(8)

_ =% 2 4
E(t) = k(pc ) [(9/32)cr4M (t) + (25/128)cr6M (t)]. (9)

Only unrelaxed and relaxed elastic constants of even order figure in
eugations (8) and (9). Uneven order constants drop out in the process
of solving equation (6). This explains the inclusion of terms up to
i=6, because the martensitic transformation must be modeled by
unrelaxed and relaxed elastic potentials,
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Fu r(€) = (1/2)cu

’

82 + (l/4)cu 84 + (l/6)cu €6. (10)

,r2 ,rd ,r6

In the vicinity of the transformation, the potentials (10) have two
minima. Hence, Cu,r4 must be negative. Therefore, %t follows from
equation (8) that at sufficiently large amplitudes, M can become posi-
tive. Existing oscillations of this amplitude will thus be amplified
and not attenuated. This amplification does not lead to infinitely
large amplitudes, though, because the constant, ¢ _, in eqguation (8)
is positive. ug

Automodulation

The amplification of oscillations in a certain range of amplitudes
leads to the phenomenon of automodulation. Suppose a solid character-
ized by elastic potentials of the type (10), i.e., one close to a
martensitic transformation, is mechanically excited to an amplitude
sufficiently large so that M > 0. This will excite another stable
oscillation. The frequency of this second oscillation will be dif-
ferent because its amplitude is larger than the amplitude of the
driving oscillation. This follows from equations (7) and (9). The
superposition of the two oscillations leads to a modulation of the
exciting oscillation. Since this modulation is brought about by a
self-excitation of the second oscillation by the special character-
istics of the solid, it is called automodulation. It can be shown®
that the frequency of the automodulation is given by

_ 5 L
w = (1/4) [cr4/cr2 4 (Cr6/cr2) (Cu4/cu6)] (1-47) k(crz/p) (11)
2
A = (400/81)(cu2—cr2)(cu6/cu4).
Streaming

Streaming manifests itself as a periodic change of contrast prop-
agating in a wave-like manner across the field of view of an electron
microscope if the observation is made at high-beam currents. If the
high-beam current is interpreted as representing a large amplitude
mechanical excitation, the streaming oscillations may constitute an
automodulation. The crystallographic features, the wavelength and the
frequency of the streaming agree qualitatively with what is to be
expected in that case. The elastic constants c,; are matrices. Hence,
the streaming will depend on the crystal orientation, which it does.12
If flexural oscillations are excited, the wavelength of the streaming
should be of the order of the thickness of the sample, which it is. 1/
Finally, the frequency of the automodulation will be low, because the
quantity (1-A) in equation (11) becomes real and is small as the trans-
formation is approached. This agrees semiquantitatively with the
observed streaming frequencies of the order of 10 sec_l. It is there-
fore proposed that streaming represents an externally excited, large
amplitude mechanical oscillation which is
modulation arises from the special anelastic properties which the
sample has in the vicinity of the martensitic transformation.

2
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Diffraction and Shimmering Effects in the
B-Cu-Zn-Al Shape Memory Alloys

L. Delaeyo, G. Van Tendeloox, J. Van LanduytX and Y. Murakami™®

The electron diffraction patterns of the B-Cu-Zn-Al phase contain
apart from the usual bce (DO,) B-spots many supplementary diffraction
spots as well as streaking. ~In the corresponding images shimmering ef-
fects are observed upon heating slightly above room temperature. High
angle tilting experiments on (110), foils of a B single crystal show
that tne observed phenomena are not due to a bulk precipitation, but the
supplementary spot in the [ 011 * diffraction patterns which is located
at 2/3 444]* has to be identié%ed as the 320 reflection of a finely dis-—
persed 9R transformation product which has thus the same structure as
the bulk martensite. The macroscopic shear associated with the supple-
mentary 9R phase is nearly parallel to the foil surface. The shimmering
effect observed in bright as well as in dark field taken with one of the
supplementary spots is thus related with the appearance of these supple-
mentary 9R-phase.

INTRODUCTION

B—Cu-Zn and B-Cu-Zn-Al contain, apart from the fundamental and su-
perlattice bcc spots, supplementary diffraction spots as well as relrods
along the <110>, and relplanes or walls on the {111}8 planes [1,2].
Moreover, streaEing occurs due to faulting and to size effects of the
supplementary phase [3,4]. The reciprocal lattice of the B-phase with
its supplementary spots has been constructed in literature by assembling
the various <hkl> zone axis diffraction patterns taken from various thin
foil orientations. In doing this, a possible loss of a cubic symmetry
due to surface precipitation or relaxation effects can hardly be detect-
ed or accounted for. In a recent study it was shown that, although the
diffraction patterns could be better explained by a (B + orthorhombic)
than by a (B + w) mixture, some doubts remain about the bulk character
of the observations [4]. For this reason high angle tilt experiments on
single specimens were made in the present study. Moreover, the present
study should allow us to verify the observations and interpretations made
by Nagasawa [5]. He observed supplementary spots in the [10@]5 diffrac-
tion patterns upon cooling, which he attributes to a phase intermediate
between  and the 9R martensite. The electron microscopic images corres-—
ponding to the diffraction patterns with supplementary spots are charac-—
terized by a mottled or tweed-like structure [l]. In a similar alloy,
B-Cu-Zn-Sn [6], fluctuations in contrast (shimmering or streaming) have
been observed and attributed to a premartensitic phenemena. Since, in
other alloy systems shimmering has been observed which are attributed to
a pretransformation phenomenon (Fe—-6 Mn- 1 C [7], AlPHO4 [8], quartz [8]
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Departement of Chemistry, Kyoto University, Kyoto (Japan)

-520-



’

as well as in systems which do not at all transform (graphite and Cu [9]
and y,—-Cu-Al [IO]. Some new aspects on shimmering in B-Cu-Zn-Al will
be presented in the present paper.

EXPERIMENTAL PROCEDURE

A Cu-27,3 wt Z Zn - 4 wt 7 Al alloy was prepared by induction @elt—
ing followed by hot extrusion. An extrusion bar was vacuum sealed in a
quartz tube and a single crystal was grown by a modified Bridgman-method.
After annealing at 973 K the single crystal was water quenched in order
to retain the B-phase. The M —temperature of the alloy is about 233 K.
3 mm diameter discs with a (0T1), foil orientation were prepared. TEM
observations were made with a JEM 120 kV microscope equipped with a low
angle double tilt goniometer or a heating stage, with a Philips EM 300
equipped with a high angle tilt stage (+ 60°) and with a JEM 100 C mi-
croscope equipped with a dynamic recording system using a Plumbicon-tube.

RESULTS AND DISCUSSION

Dark field electron micrographs, taken with the supplementary spot
which is clearly visible in a diffraction pattern slightly tilted away
from [011] , show the supplementary phase which is characterized by stri-
ations (Photo 1 a-b-c). There are two variants of the supplementary
phase, spot | and 2 on photo 1b belong resp. to variant 1 and 2. The
striations are similar to those previously observed (see fig. Ib of ref.
Dl]). Photo 2a, a [Oll]* pattern, shows the pattern corresponding to
the foil normal whereas the other diffraction patterns are obtained by
tilting around a [OOIJ axis about 45° in both directions. Photo 2b and
2c which are exactly a@ 90° from each other show that the cubic symmetry
is lost. Both patterns show streaking along <110>,, but sharp maxima at
the 1/3 and 2/3 positions are only visible in Photo 2b. These maxima
correspond to those observed by Nagasawa : slight tilting reveals the
presence of two 9R variants (Photo 2d), whereas in Photo 2f no spots due
to 9R variants are present. The corresponding bright and dark field im-—
ages reveal finely dispersed particles of the two variants but no well
developed martensite plates. A stereographic analysis was carried out
in order to determine habit plane of the two martensite variants which
correspond with the orientations of the two 9R variants shown in Photo
2d. From figure 1 it can be concluded that the positions of the habit
planes which are indicated by H, and H.,, are located closely to that of
the foil surface (011). The angle between the two corresponding basal
planes (B, and B, in figure 1) correspondswith the angle between the
[b09]g directions in Photo 2d. The most important conclusion that can
be drawn from figure 1 is that a (111) pole of the B-phase coincides
with the (320) pole of the 9R structure. From Photo la and Photo 2a it
follows that the reciprocal direction pointing to the supplementary spot
coincides with the [ﬁA&]*and [444]* direction, which is in complete ac-
cordance with figure 1. BIf the 9RBstructure is slightly monoclinic the
BZO] -spot will deviate a few degrees from its ideal position. This
would“explain why the_supplementary spot is more intense in Photo Ib.
The position of the (320) spot is moreover unaffected by the exact se-
uence of the close packegR(OO9) basal planes. This explains why in all

llQ]g type diffraction patterns published in literature a supplementary
spot 1s observed at that same position. Figure | shows also that the
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Photo 1 : [Ollj—diffraction pattern with the supplementary spots (arrows)

and the corresponding dark field taken with one of the supple-
menatry spot.

Photo 2 :

Diffraction patterns taken from the same sample area after va-
rious tilting and rotation. Bﬂlj—zone (a); v [OlO]—zone af=
ter 45° tilt (b), 43° tilt (c) and 41° tilt (d), ~[001]-zone
after — 45° tilt (e) and - 50° tilt (f).
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Fig. 1 : Standard (001) stereographic projection of some poles of the
bcc B-phase and the 9R phase. The pole of the surface of the
single crystal thin foil lies close to the Oll-pole. H and B
are the poles of the habit plane and the basal plane of the two
variants. The 320-poles of the 9R-structure coincide with resp.
the 111 and 111_of the B-phase. The 111 and 111 poles corres-
pond with the 444 and 444 diffraction spots in photo 2a. The
zone circle a contains the diffraction spots shown in Photo 2a,
the zone circle b those of Photo 2 b,c and d and zone c¢ those
of Photo 2 ¢ and f. _The zone circle a contains both supplemen-—
tary spots 320, and 320,. The zone circle b lies very close to
the zone circles containing the most important 9R diffraction
spots and corresponding to Photo 2d. The zone circle ¢ con-
tains no 9R diffraction spots and only a very limited number of
spots lies in a zone circle close to it.

*
two variants are present in [Oll] diffraction, but not in all other
<1105*patterns. This has been confirmed by tilting experiments.

In order to have a direct proof for the origin of the spot in the
observed position, a (011)8 foil was heated inside the electron micro-
scope at about 250 °C. Some isolated bainite plates developed having
their habit plate parallel to the foil surface (bainite is also charac-—
terised by a 9R-stacking). Photo 3 shows a [Ol]]* diffraction pattern
of the (B + bainite), the corresponding bright field image and the dark
field image taken with the supplementary spot at the same position as
the spot referred to in the previous paragraph. It clearly shows that
the supplementary spot belongs to the 9R bainite plate. It can thus be
concluded that for the present given geometrical conditions, a (110)g
thin foil, the supplementary phase consists of two 9R martensite variants
with their habit planes parallel with the foil surface and not due to a
W- or Sato phase.

Under certain conditions transmission electron microscopy observa-—

tions of these alloys reveal a so—called "shimmering-effect". The ori-
gin of these effects being still rather vague we have paid particular
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Photo 3 : Dark field image of a bainite plate and the corresponding
electron diffraction pattern.

Photo 4 : Dark field electron micrographs taken with the supplementary
spot. Photos b and d are taken from the same area as Photos
a and c but one minute after the Photos a and c were taken.
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attention to the microstructural aspects of the phenomenon, and report
here some experimental aspects. The amplitude of the intensity fluctua-
tions becomes more important upon increasing the beam current by e.g.
removing a condensor aperture. The phenomenon is not observed in dark
field images from B, or DO, superlattice reflections. The defects ob-
served under these Conditions are perfectly stable (e.g. antiphase bound-
aries). On the contrary dark field images in the 9R-reflections of a
[01{]—section do reveal certain instabilities upon heating slightly above
room temperature. In these images one variant appears brighter, and at
high magnifications small domains are distinguished containing numerous
planar defects (Photo 4). These are probably stacking faults with res-
pect to the 9R-stacking lying in the (009) planes. These stacking
faults have an orientation parallel with the electron beam, and vibrate
continuously, sometimes changing position or even disappearing. Also the
configuration of variants changes but only after longer time lapses (Pho-
to 4). Similar defect and twin mobility was observed close to the a > B
phase transition in quartz [8]. In the present case the defect mobility
is only clearly observed if the defects are parallel with the electron
beam. However, after heat cycling the specimen area several times, the
fluctuations become less important and finally even vanish. These two
kinds of dynamic phenomena i.e. the shimmering observed in the low magni-
fication bright field images, and the defect mobility observed at high
magnification in the 9R dark field images are probably due to the same
physical process. Although it is difficult to prove because of the dif-
ferent modes of observations it is our strong opinion that they have the
same origin i.e. the defect instability related with stacking modifica-
tions.
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Premartensitic Effects in Marmem Alloys

W.M. Stobbs

There is a considerable amount of evidence that the parent phase of
many materials undergoing martensitic transformations exhibit precursor
transitional "structures". There appears, however, to be some confusion
over whether such effects are correctly described as a progressive
amplification of a distortion of the matrix, or as the precipitation of
a discrete second phase.

The extent to which a variety of imaging techniques in electron
microscopy can be used to clarify this point is discussed using the Ni-Ti
and Ni-Ti-Cu systems as examples but with some reference to the NiAl and
Cu-Al-Ni thermoelastically transforming alloys. It is demonstrated that
combinations of lattice fringe imaging and dark field stereographic
techniques allow specific classification in terms of discrete precipit-
ation or "standing distortional packets". Such a classification in thin
foils has only indirect relevance to the path followed by a transformation
in bulk because of the relaxation resultant upon the proximity of the
foil free surfaces. However the way in which the foil can relax and the
consequent structural changes can, in some cases, be linked with the
presumed phonon distribution in bulk material and is thus useful in
interpreting the transformation mechanism. In particular the relevance
of the <110> <1IO>8 transverse distortional waves, common to all the
above alloys, as well as the potential coupling of these waves to give
locally locked distortions is argued to be of fundamental importance in
the interpretation of both the martensitic transformation and the variety
of competitive reactions which can occur in b.c.c. material.

I. Introduction

"Premartensitic" phenomena have been studied by a wide variety of
techniques including X-ray and electron diffraction, neutron diffraction
and M8ssbauer spectroscopy. Wayman [1] has recently reviewed some of
these results and the reader is referred to his article for general
references. Whileneutron diffraction is extremely useful in delineating
the scattering which can be associated with phonon disturbances of the
b.c.c. matrix, the careful use of electron microscopy can provide added
information on the various types of local and non local distortions which
can arise in thin foils. Perhaps the most important point to realise is
that any real space information obtained necessarily from the examination
of a very thin electron microscope specimen is strongly dependent on the
proximity of the stress free surfaces of the foil. This need not however
be considered a disadvantage: if for example one were to imagine the
b.c.c. matrix just prior to a tranformation to contain specific phonons ;
thesewould be liable to be locked in a thin foil as distortions which
would show forms which, though a function of the foil surface geometry,
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-526-



would necessarily indicate at least related bulk phenomena. The now well
known <110> diffuse stacking in B-phase alloys is generally associated
with a low frequency <110> <110> transverse phonon mode [2-4] and the
main interests are now: thg origin of this phonon, its relation, or lack
of it, to the transformation and how it otherwise affects the parent b.c.c
phase. For some time I, like many others, have been of the impression
that the fundamental link in the whole process ought to be understandable
by examination of the 2/3{222}"w like” reflection which tends to occur in
not only the thermoelastically transforming alloys but also appears in
alloys such as Zr-Nb where it is well known [5] that there is a longitud-
inal distortion of the matrix in <111> directions. The modelling of the
w-transformation is well established (see for example the work of Cook [6]
or Sanchez and de Fontaine [7]). The relevant point is that not only is
it relatively easy to imagine the associated wave vector of the phonons
to be associated with appropriate charge density waves linked with the
relatively flat area of the Fermi surface in the <111> direction but also
antiphase anharmonic coupling of such phonons could easily provide at
least localised shears across {110} planes and thus nucleate the trans-
formation. Anharmonic coupling is not unlikely in bulk in the displace-
ment fields of defects and in a thin foil as a result of the irregular
free surfaces of the foil. 1Indeed it has been established [8] that in
the dichalcogenides "soft" phonons can give rise, in thin foils, to
distortions, which, though not characteristic. of bulk material, can be
used to gain a greater understanding of the bulk phonon distribution.

It is consequently with some surprise that I have been forced to the
conclusion that at least in NiAl [3] and Cu-Al-Ni [4] the scattering near
2/3{222}bCc is associated with a predominantly transverse rather than
longitudinal distortion and for that matter that the <112> streaks can

be naturally interpreted as the result of localised coupling of <110>
<1TO>€ waves which appear to be the more fundamental phonons of the bcc
material. In many materials, reflections appearing at or near 2/3{222}
are genuinely associated with second phase precipitation effects rather
than with instabilities of the b.c.c. parent phase and these have lead

to considerable confusion in the literature [1]. It would appear that
such precipitation effects, certainly in Cu-Al-Ni, Cu-Zn-Al and

Ni-Al are competitive rather than precursory relative to the martensitic
transformation [3,4].

Further evidence that any simple link between charge density waves
and periodic lattice distortions is extremely unlikely to explain any
incipient tendency for the b.c.c. matrix to transform comes from the
recent results of Bricknell et al. [9]. These authors have established
that large atomic fractions of Ni may be replaced by Cu in Ni-Ti alloys
with little effect on the transformation temperature. With this result
in mind I have recently commenced a systematic electron microscopical
examination of the bcc phases of Ni-Ti and Ni-Ti-Cu alloys and present
here preliminary results.

II. Results
Electron diffraction patterns of Ni-Ti and Ni-Ti-Cu show, in general,

the characteristics common to Cu-Zn-Al, Cu-Al-Ni and Ni-Al of transverse
<110>q <1102:distortions. One of the more interesting normals to examine
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is {110} and a diffraction pattern obtained at this orientation is shown
in figure 1. The characteristic <112> streaking is clear, as is the
tendency for the streaks more nearly transverse to the main beam to be
stronger than those pointing towards it.This is as would be expected for
locally locked distortions, as inferred for NiAl and Cu-Al-Ni, by the
addition of appropriate <110> <1TO>E waves. The strengthening of these
streaks near to 1/3(112) and thus near w positions is not as in the above
alloys however, in that there is a tendency for a rotation of the streak
or a flattening with normal <114>. This tends to mean that the intensity
near to the 2/3(222) position tends to lie on the adjacent 112 side of
the 222 direction. These strengthened regions of diffuse intensity are
sometimes further linked to give added relatively localised reflections
near 2/3{002} (see figure 2). Images obtained using {001}, and the local
diffuse streaks from 002 but excluding the latter reflection are interest-
ing. In situations when the link mentioned above is strong images show
not only relatively regular fringes of approximately 5A spacing indicat-
ive of interference between 001 and the strengthened part of the <112>
streaks specifically at v 1/3(114) but also more irregular fringes of
spacing nearer 9A& with normal near the cube direction. The appearance

of these fringes is very reminiscent of the distortions seen in thin foils
of IT,TaS, [8] and in that material associated with the coupling of
periodic lattice distortions. There is certainly no evidence of precipi-
tation. More conventional lattice fringe images of NiTi are equally
intriguing. In very thin areas there is abundant evidence for large
local rotations (see figure 4) and optical diffraction patterns show

the spread of orientation as about 7 to 10° (see figure 5) with, usually,
no evidence of the presence of martensite though a very slight change in
spacing (compare results on NiAl and Cu Al-Ni [3,4]). A possible mechanism
for these rotations is that local areas have transformed to martensite
and then reverted to the bcc phase after local plastic relaxation in the
thin foil [10]. The effect is not always seen however,and in foils which
have perhaps never transformed there is only the tendency to a variable
spacing in the <112> directions as seen in other alloys [3,4], (see
figure 6 and note the distortions with 112 normal).

NiTiCu alloys tend to show a greater tendency to retain very small
apparently martensitic regions in thin areas (figure 7) and the changed
spacing of the reflecting planes of the product is readily demonstrated
by optical diffraction patterns (figure 8). Images obtained using the
"w" reflection, 2/3<22>, tend to show more localised speckle than in
NiTi and for both alloys stereo microscopy would appear to demonstrate
local domains of distortions within the foil. The speckle is however
very sensitive to ceviation parameter (in particular in the streaking
with normal in the <112> direction, as in CuAlNi, (not in the <111>
direction as for "w" in Zr-Nb alloys) and thus this conclusion is tent-
ative. Since such regions of locally amplified distortion could well be
nucleation sites for the martensitic transformation further experimental
classification is required using the techniques used to delineate the
form of short range order [11,12,13]. (see figure 9).

ITI. Conclusion

It would appear that NiTi andNi-Ti-Cu alloys show local thin foil

-528-



/,

distortions which can in general, as in CuAlNi and NiAl alloys, be
interpreted as the result of the local locking and anharmonic addition

of phonons. The differences between the alloys is surprisingly small
though perhaps in NiTiCu the size of the distorted regions seen in "w"
reflections tends to be smaller than in Ni-Ti. The NiTi alloys show
less tendency than CuAINi or NiAl to undergo competitive precipitation
or faulting reactions though the reason for this is not understood.

A disadvantage of using electron microscopy to investigate the thin
foil distortions is that, since they are amplified and altered by the
proximity of the free surfaces, it is unlikely that any change in amplit-
ude of the inherent phonons could be inferred. It is thus difficult to
answer the basic question as to whether or not the distortions associa-
table with anharmonic coupling of the phonons near defects in bulk are
truly precursory to the transformation and variable as a function of
temperature. While it would seem unlikely that they are not, other
techniques must be used to answer this question.

As a final point, it has been suggested [1] that effects apparently
similar to those discussed here for NiTi and for other alloys elsehwere
[3,4] might be associated with spinodal decomposition; I see no reason
to invoke this interpretation for the locally variable yet essentially
crystallographically specific thin foil distortions described; though a
thin foil,if aged,might well show such a decomposition as a secondary
effect to relax the locally variable distortions.
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Fig.1l (110) normal Ni-Ti. Fig.2 (110) normal Ni-Ti note
extra link near 2/3(002) marked.

Fig.5 Optical diffraction pattern
of area as figure 4.

Fig.3 Dark field image with
(001) and 2/3(002) "~ horizontal
Ni-Ti.

Fig.4 Non-axial 110 lattice fringe image: Ni-Ti.
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Fig.6 Ni-Ti lattice fringes

g Fig.7 Ni-Ti-Cu lattice fringes
(110) (non-axial)

110 and small regions of thin foil
"martensite".

Fig.8 Optical diffraction pattern
of area in figure 7.

Fig.9 w reflection at 110
and 111 direction marked.
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9R-Type Phase, 2H-Type Phase and Martensite Formation in B-Brass

* K%
H. Kubo and C. M. Wayman

The electron diffraction patterns of quenched f-brass often show
"extra'" reflections. A structural analysis of the metastable phases
which give rise to such extra reflections has been carried out. It is
found that two kinds of metastable phases, one having a 2H-type and the
other having a 9R-type structure, are formed depending upon foil orien-
tation of the specimen. In a thin foil with [001], normal, no meta-
stable phase is found. It is confirmed experimentally that the meta-
stable phases have nothing to do with the subsequent martensitic trans-
formation.

I. Introduction

Various anomalous reflections such as '"'extra' spots and diffuse
streaks are found in the diffraction patterns of the matrix phase of
noble metal alloys which undergo a martensitic transformation on sub-
sequent cooling [1]. 1In the case of the quenched B phase of a Cu-Zn
alloy, which is of present concern, three kinds of anomalous reflec-
tions have so far been reported: one is streaks or rel rods along
(110); directions, which are recently confirmed to result from the
presence of a low frequency transverse acoustic phonon mode [2],
(llO)E(ilO)B; the other two are extra spots, one set of which is inter-
preted as resulting from the w-phase [3], and the other is indexed as
the 2H-type structure [4]. The presence of metastable phases are often
claimed as proof for a tendency of instability of the matrix phase and
as premartensitic or premonitory effects for a subsequent martensitic
transformation. But there is no direct proof for such claims.

Recently, Murakami et al. [5] and Otsuka et al. [6] analyzed the
extra reflections in quenched Cu-7n-Al and Cu-Al-Ni alloys, respective-
ly. They both claim that all the extra reflections are more appropri-
ately explained by the 2H-type structure rather than the w-type, al-
though they could not completely deny the presence of the w-type phase.
The purpose of the present paper is, therefore, to analyze the extra
spots, to identify the crystal structure of the metastable phases and
to clairfy whether or not they play an important role in a subsequent
martensitic transformation.

IT. Experimental Procedure
A Cu-39.6 wt.Z Zn alloy was melted in an evacuated quartz capsule

and then single crystals were made by the Bridgman method. The rods of
single crystals were homogenized at 850°C for 24 hr. The specimen
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orientation was determined by the back reflection Laue method. The
crystal rods were then cut into slabs with [001],, [011], and [111]

normals. Heat treatment was carried out at 850°C for 5 min. and speci-
mens were quenched into 10% NaOH at -15°C. 3 mm diameter discs were
polished to electron transparency using the jet method followed by final
polishing using an H4P0,-CrO4 solution. A Hitachi H-500 electron micro-
scope equipped with side entry stage which can be tilted to *45°C and
cooled to -140°C was used.

ITI. Results and Discussion
3.1 No extra spots in diffraction patterns from a (001)B foil

Figure 1 is a series of electron diffraction patterns taken from
the same area of a specimen. The foil normal is [001]p. From (a) to
(b), the foil is tilted around [110], by an angle of 25° and from (a)
to (c) around the [200], axis by 45°. 1In order to avoid an aging ef-
fect, special care was paid to shorten the total time from heat treat-
ment to observation of the specimen, which takes at least 2 hr. It
should be noticed that these diffraction patterns have no 'extra' spots,
and especially that the [Oil]g zone (c) does not exhibit any w-type or
2H-type extra spots. Extensive analysis of various diffraction patterns
taken from (001)8 foils was carried out to confirm the above result.

Two possible but conflicting conclusions may be derived from the
above experimental results: one is that there is not any metastable
phase in a bulk specimen; and the other is that, by thinning the speci-
men, the metastable phase has disappeared. However, the latter is less
probable, because a metastable phase may appear more easily in a thin
film than in a bulk specimen due to a stress relaxation effect. There-
fore we may conclude that there is not any metastable phase in a bulk
specimen.

3.2 9R-type metastable phase
When (011) foils were examined, they always exhibited extra spots

in the diffraction patterns without any exception. Figure 2(a) is a
typical diffraction pattern showing the [011]8 zone taken from a (011)8

Fig. 1. A series of electron diffraction patterns taken from the same
area of the specimen with [OOI]B normal. (a) [OOl]B zone. (b) [113]8
zone. (c) [011] zone.
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Fig. 2. A series of electron diffraction patterns taken from the same
area of the specimen with [011]5 normal. (a) [Oll]B zone. (b) ~ [111]8
zone. (c) ~ [001]6 zone.

foil. The foil was again examined soon after quenching. Comparing this
pattern with (c¢) in Fig. 1, the difference between the two is apparent.
The spot indicated by a single arrow is sometimes interpreted as w-phase
[3,7] or 2H-type phase [4-6] and the one indicated by a double arrow is
explained by an intersection of streaks associated with extra spots of
the 2H-type structure with the Ewald sphere [4-6]. However for the
present case, the intensity of the latter is too strong to be explained
in such a way. By tilting the specimen around [Oll]B by 35°, the dif-
fraction pattern (b) is obtained, where the extra spots divide the dis-
tance between matrix spots into thirds. The same kind of extra spots
appears when the specimen is tilted around the [002]8 axis by 45° as
shown in (c). It is to be noted that the extra spots lie on a single
streak and that the distance between the nearest extra spots along the
streak is about one-third of that of the matrix fundamental spots.

Thus, it may be concluded that a 9R-type phase is present in the (011)
foil specimen. Assuming the 9R-type structure with the same basal plane
as that of the 2H-type structure proposed by Takezawa and Sato [4], the
extra spots in (a) can be consistently explained. But as to the inten-
sity of the extra spots, more rigorous analysis is necessary. A dark
field image using extra spots usually does not show any sharp bright
area or regions when the specimen is not aged. The relative intensity
of extra spots to that of fundamental spots becomes weak with an in-
crease of the specimen thickness. This strongly suggests that the 9R-
type metastable phase might be formed on the surface of the specimen or
in a thinner region of the specimen. As mentioned above, if a bulk
specimen does not contain any metastable phase, the 9R-type phase is
probably formed on thinning the specimen.

3.3 2H-type metastable phase

As pointed out by Otsuka et al. [5] and shown in Fig. 1 extra spots
are usually absent in the diffraction patterns of (001)g, (113)g and
(lll)B zones. But they have occasionally been observed as shown by the
arrows in Fig. 3. They most likely result from precipitates formed by
the diffusion of atoms. Several experimental results support the above
conclusion. The (001), foil specimen which did not show any extra spots
was annealed at 150°C in an electron microscope. Many small particles
appeared in the specimen after an incuhation time of 5 to 6 min. When
they had grown to a size of about 100 A, stacking faults were clearly
visible in the particles. The diffraction pattern from the specimen was
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Fig. 3. Electron diffraction patterns exhibiting 2H-type extra spots.
(a) ~ [001]3 zone. (b) ~ [113]8 zone. (c) ~ [111]8 zone.

very similar to Fig. 3(a); that is, extra spots with streaks which are
perpendicular to stacking faults and nearly parallel to the (110)B di-
rection were revealed in the diffraction pattern. Similar experiments
were carried out on {111}8 foils. The thin foils were kept at room tem—
perature for a week. A diffraction pattern very similar to Fig. 3(¢)
was obtained from such foils, which contained rather large (~ 2000 A in
diameter) precipitates. This result is published elsewhere [8].

The extra reflections in Fig. 3 can not be accounted for by the 9R-
or w-type structure but by the 2H-type structure proposed by Takezawa
and Sato [4]. 1In the [111] zone (c), the estimated intensity of extra
spots by calculating the structure factors for the 2H-type phase is rep-
resented by s (strong), m (medium) and w (weak), which are in qualita-
tive agreement with the observed intensity of the spots. Thus we may
conclude that 2H-type phase appears in the quenched B-brass as a result
of aging.

3.4 Aging effect at room temperature

Depending upon the foil orientation and the aging temperature, the
aging effect is different as mentioned below. In the case of {001}8
foils, spinodal decomposition takes place at first by aging at room tem—
perature (r.t.) and then the 2H-type phase appears in the spinodally de-
composed phase [8]. {111} foils are, as explained in the above section,
easily decomposed to a mixture of B and 2H-type phases at r.t. [8].
Figure 4(a) is a diffraction pattern slightly off the [0I1] zone taken
from a specimen which had been kept at r.t. for a week after thinning,
and (b) is a dark field image taken by using the arrowed spots which
can not be explained by the 2H- or w-type structure but by the 9R-type
structure. Many particles are observed with faults in the contrast

image (b). This clear contrast image was never observed in a fresh
specimen, i.e., the dark field image using the same 9R-type spots is
very vague. In contrast to the change of image with aging time, a par-

ticular change in the diffraction pattern was not recognized in the
(011)B zone.
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Fig. 4. (a) represents diffraction pattern, slightly off [OIl]B zone
taken from (011)8 foil. (b) is corresponding dark field image taken
by arrowed spots representing 9R-type structure.

Fig. 5. (a) is bright field image of martensite and (b) is dark field
image taken by 9R-type extra spot. (c) is martensite with ~ [010]gg
normal and (d) is corresponding dark field image taken by 1112H spot.
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3.5 Relation between 9R-type or 2H-type phase with the subsequent
martensitic transformation

On cooling a specimen, martensite is formed at -40°C in the
present alloy. The extra spots observed at first in the matrix diffrac-
tion patterns persist in the martensite patterns, although extra spots
are difficult to observe in the martensite phase, since the reciprocal
planes of the metastable phases are not coplanar with those of the mar-
tensitic ones. This strongly suggests that the metastable phases have
nothing to do with the subsequent martensitic transformation. A dark
field image taken with the extra spots is very vague when the specimen
is fresh, but in an aged specimen the extra spots reveal sharp contrast
as shown in Fig. 5 where (a) is a bright field image of martensite
taken at -100°C and (b) is the corresponding dark field image using 9R-
type extra spots which initially were at the location indicated by a
single arrow in Fig. 2(a). It is clearly shown that the 9R-type par-
ticles remain in the martensite. (c) and (d) are respectively a bright
field image of martensite and the corresponding dark field image taken
by a 1115y spot, where the foil orientation is very close to the [010]ggr
zone of martensite which is nearly parallel to the [001], zone. The
bright spots in (d) are due to the 2H-type phase. Consequently from
the above experimental results, it may be concluded that the metastable

phases are not premartensitic states for the subsequent martensitic
transformation.
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ELECTRON DIFFRACTION ANOMALIES PRIOR TO THE
MARTENSITIC TRANSFORMATIONS IN In-T1 ALLOYS

Alain LASATMONIE and Paul cosTA’

In Tl alloys have been examined in electron microscopy at tempera-
tures above Mg.

It is shown that the diffused intensity observed in the diffraction
patterns does not increase when the C' modulus decreases. The anomalies
are attributed to static defects. The shimmering effect occuring on the
images is attributed to the heating of the foil by the electron beam.

I - INTRODUCTION

Numerous papers have described the electron microscopy anomalies,
observed in B2 compounds in the vicinity of the martensitic transforma-
tion.

These anomalies consist in a mottled contrast on the images and in
diffused intensity along <« 110> in the diffraction patterns.

These anomalies are generally described as premonitory effects which
result from the softening of the elastic modulus C'= 0.5 (Cy; - C,, ), the
static or dynamic nature of the phenomenon is not yet clear.

The shinmerinz effect described by Cornelis et al. [1] seems to be
an indication 6T dynamical fluctuations propagating in the specimens.

The premartensitic origin of the anomalies is however a matter of
controversy in most B2 alloys [ NiAl [2], B Brass L3]l which are often
chemically metastable ; the formation of small precipitates is difficult
to avoid and could be responsible for the observed effects.

In-T1l is a more convenient alloy for the study of premartensitic
effects since

a) no precipitation can occur

b) there is a complete softening of C' as the temperature goes to M
[h,S]. The change in the structure is from f.c.c. to f.c.t. and can be
totally described by a set of ( 110 )<110> shears.

This work summarizes the observations made on three alloys :
In-24%T1 (Mg = 220°K ) , In-28%T1 (Mg = 100°K) and In-30%T1 ( Mg=0°K ).

+ e & ayo
ONERA, 29 avenue de la Division Leclerc 92320 Chatillon (France)
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Images and diffraction patterns were made on thin foils in the

electron microscope. The temperature of the experiments could be adjusted
between TT7°K and 300°K in the cooling stage of the microscope.

IT - EXPERIMENTAL RESULTS

1°) Reciprocal lattice : diffused intensity streaks are visible on
the diffraction patterns ; for instance in the (001) plane, <110) streaks
are observed (Fig. 1). A systematic study shows that the intensity is
diffused in the (110) planes around the (110> directions.

2°) Bright field images : a mottled contrast is observed (Fig. 2) ;
some shimmering occurs when the beam is focused 3 the shimmering effect
fades with the time, it is also of much smaller amplitude when the
accelerating voltage of the electrons is one million volts.

3

Fig. 1 : (001) diffraction pattern Fig. 2 : mottled contrast in In-28T1
of In-24T1 at 300°K. at 300°K.

3°) Influence of the temperature : in the three alloys, no increase

of the diffused intensity has been witnessed when the temperature was
lowered towards Mg.
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IIT - CONCLUSIONS

1°) The anomalies in In-T1 are much smaller than in the B2 compounds,
although the C' modulus takes much lower values. The diffused intensity

is also more isotropic in In-T1 than in NiAl or Brass, which however
have a_smaller anisotropy ratio around Mg in the vicinity of M_ : 30 for
In-T1 [6] 10 for NiAl [7] and B Brass (8] . In InT1 aiPrusea

intensity does not vary strongly when C' goes near zero.

It is thus inferred that no simple correlation exists between the
strength of the anomalies and the softening of C'. On the basis of the
observations made on InTl the very strong (110> streaks observed in
B2 compounds seem rather surprising and cannot be due only to the
anomaly 1in the shear modulus.

2°) The fact that the diffused intensity was found to be temperature
independent 100°K and 300°K even in In-30T1, where C' remains almost
a constant, indicates that the phenomenon is not thermally activated.

3°) The shimmering effect originates in the local heating of the
foil by the electron beam.
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Electron Microscopical Observations of a thermoelastic
Ni-Al Alloy

+
R. Portier, D. Gratias and W.M. Stobbs

Nickel rich Ni-Al alloys have been examined, using electron microscopy,
in the premartensitic state. A number of effects were observed, notably
the apparently surface precipitation of a second phase as well as general
distortions of small regions of the b.c.c. material. These small regions
tended to be extended perpendicular to <112> directions and lattice fringe
images showed the {110} lattice fringes to be disturbed. It is argued
that this latter result can be interpreted in terms of the displacements
occuring in thin foils as a result of the presence of the <110> <110>
transverse acoustic phonons well known in alloys of this type. "Further
consideration is given to the variety of local displacements which might
result through the anharmonic coupling of these phonons, in either the
strain field of a crystal defect or in a thin region.

I. Introduction

There are two main problems associated with the investigation of
instabilities of the b.c.c. lattice in alloys which undergo themoelastic
transformations. Firstly the very fact that the lattice is unstable tends
to mean that a number of potentially competitive reactions can occur and
secondly, the course which transformations follow is bound to be strongly
dependent on the geometry of the thin foil examined when using transmission
electron microscopy. This latter point need not mean however that all
thin foil results should be discarded: provided that account is taken of
the likely effects of the presence of the local free surfaces the result-
ant amplification of some of the reactions of the material can provide
useful information on what is likely to happen in bulk.

B2 Ni-Al will undergo thermoelastic transformations over an extended
temperature range as a function of the binary composition and there is
extensive evidence [1] for the shear stiffness (Cy1-Cq3)/2 decreasing
while its temperature coefficient becomes positive with increasing Ni
concentration. The crystallography of the transformation has also been
thoroughly investigated [2] so the alloy should be suitable for the
electron microscopical investigation of any precursory effects associated
with the martensitic transformation. Furthermore there has been some
recent controversy [3,4,5,6] about the origin of certain electron
diffraction anomalies in the alloy and this itself is suggestive of the
materials instability and potential tendency to show perhaps competitive
reactions in thin foil form. We have consequently undertaken a high

C.E.C.M./C.N.R.S., 15 Rue Georges Urbain 94400-Vitry/Seine, France.
+ Dept. of Metallurgy and Materials Science, Cambridge, England.

-541-



/

resolution electron microscopical investigation of the state of thin
foils of B2 Ni-Al near to their martensitic transformation temperature

and give an interpretation of our results in terms of the displacements
associated with <110>q <110>E transverse acoustic phonons.

II. Results

NiAl alloys were prepared by R.F. melting of 4N Nickel and Aluminium
with a subsequent fast quench. Foils for examination in the electron
microscope were made by electropolishing in HC104/C2H50H or HClO4/Butyl
alcohol with additional ion beam thinning in one instance. The electron
microscopical observations, using a JEOL 120CX machine with an objective
lens with Cg of 2.5mm, were concentrated on alloys containing 58; 62; 62.5
wt%Ni which showed no bulk martensite at room -temperature.

A systematic study of the streaking associated with <110> reflections
indicated, in agreement with other authors [3,6], that these streaks could
attributed consistently to the presence of <110> <110> _ transverse acoust
phonons. Interesting effects which can be assocgated with these phonons
are best observed in diffraction patterns obtained at {110}. A pattern
obtained from a rather thin foil region is shown in figure 1. A ring
pattern may be seen with the second ring of <110> spacing and the third
of (200)b spacing. The relative size of the fivst ring and the
apparent i?ll} texture indicated by the third ring is strongly suggestive
of an fcc or hexagonal phase with 'surprisingly accurate correspondence of
<220>f and <2OO>b o Images taken using the spot marked A in figure 1
are indicative of a rather irregular morphology of precipitation which
appeared to be associated with the surfaces of the foil (figure 2).- Ion
beam thinned fields showed a stronger ring pattern and more intense
precipitation. The apparent lattice spacings are not consistent with any
oxide such as A1203 which might be expected. The presence of the "surface
phase" and in particular the proximity of reflections from it to the
2/3(222) - "w" reflection made examination of contrast effects associated
with this fatter reflection difficult; however images obtained using
apertures including the adjacent 111 reflection showed not only the variab:
orientation of the surface phase but also in some regions fringes which
might be associated with interference of 2/3 222 with A (see figure 1) at
a spacing of approximately 5% (figure 3).

The further streaking of reflections in <121> directions as seen in
figure 1 is characteristic of the alloy. Note the way in which tangential
streaks (associated with a given reflection) are stronger than radial
streaks. This suggests an essentially transverse component of the displace
ments associated with the streaking and in an attempt to gain a further
understanding of the origin of the scattering, lattice fringe images were
obtained with the optic axis at 1/2 (111) and 110, 001 and 111 equally
excited. The images were variably modulated with however a distinct
.tendency to show regions perpendicular to 112 and 312, suggestive of local
misorientations or variable lattice spacing. The general appearance of
such images is indicated by figure 4 and the region marked B is shown at
a higher magnification in figure 5. The <112> streaking indicating
variability of at least the lattice fringes associated with the [110]
lattice spacing (28) is demonstrated by the optical diffraction pattern
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shown in figure 6. It should be noted that while some of the fringes
seen in figure 4 are undoubtedly associated with the surface precipitate
the variable spacing of the banding as well as the marked variation in
the extent though not of the direction of the streaking’in optical
diffraction patterns is not consistent with either moire effects or the
sort of elastic strain field distributions which might be expected for
the surface precipitates. Given the locally changing contrast of the
lattice fringes it is difficult to relate their variable spacing,
characteristically in regions elongated in <111> directions, with any
specific lattice spacing variability. At the same time it is also however
difficult to imagine any other origin for the effects observed.

A consistent interpretation for such a variable lattice spacing can
be arrived at by considering how the <110> <1TO>E transverse acoustic
phonons might interact in thin regions of the foil where surface relax-
ations could lead to their being locked and anharmonically coupled. For
example the in phase coupling of <101iq <1101>e with <011> <011>e would
result in a row of atoms along the 111 direction being displaced in the
112 direction. Other rows in the (112) plane suffer other displacements
(all inthe (111)plane) as a function of the magnitude of g however the
displacements above would tend to be the most extensive and the greatest
for small g. This type of addition is thus consistent not only with the
variable lattice fringe spacing seen here, but also with the morphology
of the apparently distorted regions seen in Cu-Al-Ni alloys in which no
other precipitation effects are observed at least in the rapidly quenched
state [7]. Such anharmonic coupling of phonons could also occur in bulk
in the strain fields of defects and it would be surprising if this type
of interaction were not important in the transformation.

III. Discussion

If the implication of the anharmonic coupling of phonons, as suggested
above, is 1in fact of any relevance to the transformation behaviour of an
unstable b.c.c. phase it is worthwhile considering other possible classes
of addition and examining the evidence for their existence or otherwise.
The addition of <101>_<101> . and <101> <101>  would give longitudinal
distortions which would be largest in the 100 Eirection in local regions
elongated in the 001 plane in 010 directions. There is some evidence for
thin foil effects in Ni-Ti suggestive of this type of distortion giving
intensity at approximately 2/3(200) [8]. Another general type of
distortion could be produced by the coupling of three waves: for example
<110>  <110>, <101>_ <101> and <011> <011>E would give regions of
maxim%m longltudina% distortion which would be of alternative compressional
and dilatational form and localised along the 111 direction. This is
suggestive of the "w" distortion well documented in Zr-Nb alloys. Again
the addition of the three waves with g vectors in the (111) plane can
result in regions again elongated in the 111 direction but with transverse
displacements and suggestive of the apparently transverse nature of the
"w like" 2/3(222) reflection seen in Cu-Al-Ni alloys [7].

It should now be clear that interpretation of the local displacements

in terms of the various apparently possible phonon additiors leads to a
high degree of flexibility. It is thus instructive to consider the
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contraints on the thermoelastic transformation which can be understood
by the application of group theory. Using the notation described else-
where [9] and generally available crystallographic data [2] any one
orientation of parent can give 24 martensitic variants:

Sollicitation = Temperature

6 - s,
G

,= Pm3m (a b, c) ) G = P4 /mmm (a,b, c)
‘ |

J{,.= Pm3m (a, b, c) )6, = P4 /mmm (3’/13"9')
| I

/Vn /Nﬁ = P1

P1
No = i(§%§>==_g§ = 24

2

However, given that the transformation is thermoelastic, reversion
to the b.c.c. form must give the initial variant of parent. Further the
transformation occurs by the migration of interphase boundaries. Thus,
in this situation, the specific b.c.c. product from the martensite reversic
is determined by the nature of the group intersection of any two variants
of the martensites formed in the forward transformation. Here these
intersection groups (P1) are subgroups of the group of the parent phases
and cannot generate other orientations of the parent phase.

IV. Conclusion

While we have not observed the bulk precipitation phenomena described
by some other authors in b.c.c. B2 Ni-Al [4,5] we have characterised a
number of thin foil effects which occur in the b.c.c. phase. These include
the surface precipitation and localised distortion of the b.c.c. matrix
which we suggest can be interpreted in terms of the displacements assoc-
iated with the <110> <110> transverse acoustic phonons. We further
suggest that the cougling of such modes in bulk in locally variable
elastic strain fields could result in a number of the well known apparently
competitive reactions to the martensitic transformation which an unstable
b.c.c. phase can undergo including the production of "w distortions".

References

[1] N. Rusovi and H. Warlimont: Phys. Stat. Sol. 44(a) (1977) 609.

[2] S. Chakravorty and C.M. Wayman: Met. Trans. 7A (1976) 555.

[3] K. Enami, J. Hasunuma, A. Nagasawa and S. Nenno: Scripta Met.
10 (1976) 879.

[4] A. Lasalmonie: Scripta Met: 11 (1977) 527.

[5] F. Reynaud: Scripta Met. 11 (1977) 765.

[6] K. Enami, A. Nagasawa and S. Nenno: Scripta Met. 12 (1978) 223.

[7] wW.M. Stobbs, R.J. Henderson and A.M. Crossley, ICOMAT 79.

[8] W.M. Stobbs, ICOMAT 79.

[9] D. Gratias and R. Portier ICOMAT 79.

—544—



Fig.1
(110)diffracting
pattern

Fig.2
Dark field =
ring (A)

Fig.3
Dark field =
w+11ll+ring(Aa)

~545-



-546-

Fig.6

Fig.4

lattice fringe
image using
170,001, 111,000

optical transform of area

like B of Fig.4.



Preaging Austenite and Post-Aging Martensite -
A Review of Recent Results

P. G. Winchell

The effect of preaging austenite on the lattice of the correspond-
ing martensite is restricted by symmetry and has been determined in two
alloy systems: Fe-Ni-Ti, which clusters, and Fe-Pt, which orders, and
additional data is available in Fe-Al1-C and Fe-Ni-C alloys. A formalism
for describing mean lattice strains caused by point defects is available.
The effect of post-aging of martensite is especially significant in
carbon-bearing martensites even for subambient aging temperatures.
Modern TEM, Mossbauer, and X-ray diffraction studies show that during
aging carbon-rich regions develop with increased local displacement of
metal atoms but no change in mean strain. Martensites in which not all
atoms are located by a homogeneous correspondence with the austenite
behave differently. Examples include Fe-Mn-C martensite in which a low
as-quenched c/a ratio increases during subambient aging, and Fe-Ni-Ti
martensites in which clusters have grown to coherent precipitates of
sufficient size to locally resist martensitic transformation.

Introduction

The effects of aging on iron-base martensite are significant and
have been the subject of many interesting reports. Work is far from
complete and the present contribution is merely a partial review of an
area in which future developments may change our perspective. Aging
may be carried out either before or after transformation and the result-
ing effects in martensite are significantly different. Aging of austen-
ite may result in short-range or long-range ordering or in precipitation.
Upon transformation the structure in austenite may be swept atom-by-
atom into a corresponding structure in martensite or it may stick in
its present structure and force transformation to pass it by. These
two processes have significantly different consequences in the micro-
structure and lattice of the resulting martensite. On the other hand,
aging freshly formed martensite may result in ordering, clustering, or
precipitation directly in the martensite with attendant changes in its
properties. In the important case of carbon-bearing martensite, the
term aging is used to describe the early stage of tempering before
formation of a distinct carbide phase. Special consideration will be
given to this process. Reverse martensite transformation requires the
transfer of the age-induced structure in the martensite to the austen-
ite with attendant modification of its properties.

School of Materials Engineering, Purdue University, West Lafayette,
Indiana 47907
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The preaging of austenite is considered firs@. The resulting
structure, which has the point symmetry of austenite, can correspond to

a structure which restricts the symmetry of martensite. The rules of
this symmetry reduction are of interest as are gxperimgnta11y observed
examples of aging treatments and alloying addit1ons.wh1ch produce such
reductions in symmetry. Some experimental observations are available
for austenite aged to produce structures which do not transform to the
corresponding structures in martensite but instead lose coherency
during transformation.

The post transformation aging of carbon-bearing martensite will be
considered second. Although many substantial questions remain, a signif-
icant beginning has been made in understanding this important process
and some data indicate a regime which may precede aging in some alloys.

Preaging Austenite

Theoretically the distortion of martensite formed from preaged
austenite is supposed to follow certain rules. These rules apply to
martensite whose structural features have transformed atom-by-atom into
the corresponding martensite. John Cahn's [1] theory is that the mini-
mum point symmetry of martensite, M, is a subgroup of the point symmetry
of the austenite Ag and that of the lattice strain, S. We shall assume
it is the largest such subgroup. A quantitatively special lattice
strain applied to "simple" austenite, i.e., austenite with one equivalent
atom at each lattice point, results in a substantial increase in the
symmetry of the transformation product from M to Mg, i.e., Mg is a super-
group of M formed for a special A by a special S. The relationship is
shown in Fig. 1A in general and is illustrated for the Bain strain of
face-centered cubic austenite to body-centered martensite in Fig. 1B.

The loss of symmetry when supergroup formation is not achieved is sub-
stantial, but the deviation in size and shape from the highly symmetric
unit cell of M, is often small, i.e., using the symbols M and Me to
represent the ?attices

M= (I+ ¢e)Mg (1)
where the strain components €ij are commonly less than 0.1.

One way of discussing the sourceof these strains is to characterize
by a distribution of point defects the deviation of austenite from the
"simple" structure referred to above [2]. This point of view then
allows the (at least formal) assignment of the strain to the strength of
the point defect represented in the Tinear approximation by double force
strengths, Py and to their concentration, C. According to Kroner [3]
in the Voight notation

6
€y = :E; Sug Po c (2)
R
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where S, o are the martensite crystal compliances. One may imagine that
a given martensite could have one, two, or more different kinds of point
defects present and the resulting deviation of the M lattice from Mg
will be due to the superimposed strains each calculated according to Eq.
(2) and the total strain exhibiting the point symmetry of M. In fact
the existence of several sources of martensite tetragonality has been
suggested by several authors [4,5,6,7,8,9,10,11,12,13] and since many
of these sources are developed by preaging, some experimental results
will be presented below.

Probably the best known point defect in "simple" austenite is the
carbon atom. It is present (by popular acclaim supported by film-re-
corded X-ray intensity measurements [14]) in the octahedral site in
austenite and the corresponding site in martensite is the "c" oriented
octahedral, c-0, site in the martensite. For iron-carbon alloys of
0.6 wt.pct C or higher, the Tinear variation of the martensite tetragonal-
ity with carbon content indicates linear behavior. Tetrahedral and
octahedral sites for carbon both have tetragonal point symmetry and
interstitials in either site might lead to tetragonality of the lattice,
but the reasonable assumption must be that a carbon atom has a signifi-
cantly smaller energy in one of these sites than in the other. X-ray
attenuation [15,16,17] and neutron diffraction studies [18] strongly
favor the c-oriented octahedral site, c-0, but the last result might be
interpreted on the basis of scme appreciable number of carbon atoms in
other sites. Cuantitative agreement of better than ten percent between
tetragonal lattice distortions of iron-carbon martensite and strength of
stress-induced Snoek damping in carbon-bearing ferrite given in Table I
[19] coupled with the above data, points to occupation of the c-oriented
octahedral sites by nearly all the carbon atoms in iron-carbon martensite
as present at room temperatures soon after quenching. This is not to
say that immediately fcllowing quenching due to a local perturbation of
the correspondence, other sites may not be temporarily occupied or may
be occupied in local (and coherently diffracting) regions. Indeed some
evidence for such behavior in high carbon and in some ailoy steels has
been reported [11,17,20]. If such sites are distributed thoughout the
structure they appear to be unstable and even at rather Tow temperatures
carbon atoms jump and increased population of the c-C sites occurs [21].

The clustering of substitutional solutes in austenite either during
quenching or during aging has resulted in additional sources of tetragon-
ality. Fe-Ni-Ti alloys near 25 atomic pct. Ni and with 0 to 6 atomic
pct. Ti have been fairly carefully examined [6,22,23,24,25,26]. Among
the more recent contributions, Hall's work stands out because he was
able to separate clearly the formation of coherent y' preprecipitates as
seen by X-ray satellite formation from the earlier formation of clusters
which caused tetragonality in the subsequently formed martensite. His
interpretation is that tetrahedral clusters of Ni3Ti form in the austen-
ite and transform to the corresponding cluster in martensite. The
tendency of such tetrahedra to remain regular, i.e., to locally resist
the Bain strain, accounts for the increase in tetragonality of the re-
sulting martensite observed due to clustering. That tetragonality in-
creases with titanium content and increased aging for short aging times.
According to other work [23], heat treatments producing clustering also
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account for & significant decrease in Mg, possibly due to the decreased
stability of the less symmetric martensite which results [25,27]. The
hardness of the martensite is not much affected by the clustering or
the later precipitatioen.

Continued preaging of Fe-Ni-Ti austenite results in preprecipitate
formation as revealed by the appearance of satellites in the austenite
X-ray diffraction pattern [22,25] and by transmission electron micro-
scopy, TEM [22,28]. As a result of this process the martensite tetra-
gonality is substantially reduced [25] and the X-ray lines from the
martensite are broadened. Very broad y' X-ray diffraction maxima are
found and these exhibit particle size and strain broadening as well as
peak shifts which indicate faulting. TEM also shows y' and shows it to
be rotated by several degrees with respect to the austenite matrix due

to the rotation accompanying martensite formation [26]. Not only do

the incoherent y' particles cause inhomogenecus strain but they alsoc are
responsible for large recidual shear strains in the martensite (a shear
angle of 2% was recorded in a Fe-Ni-6% Ti alloy aged 710°C for 1 hr)[2¢°].
Such strains and rotations are not due to lattice distortions alone and
consequently dc not follow the scheme outlined in Fig. 1. Rather they
represent an interaction between the y' particles and the micrescopic
strain accompanying transformation. Their development may impose
Timitations on mechanical properties to be expected from such martensite.

Other alloy systems in which suck clusters and preprecipitates form
may well behave in an analogous way and some data is available on
Fe-Ni-Nb and Fe-Ni-A1 alloys [10,30]. These coupled with Fe-Ni-Ti re-
sults given above indicate that the Mg is further decreased during early
preprecipitation, which is accompanied by continued clustering, that
hardness of the martensite is not much changed, and that austenite form-
ed by reversal of such martensite is substantially strengthened [31].

Larger particles embedded in transforming austenite prevent marten-
site formation locally [32]. The particles cast "shadows of austenite"
extending away from the plate midrib. The orientation of these shadows
is taken to indicate the direction of motion of the transformation
front and on that basis shows that martensite/austenite transformation
proceeds from the midrib outward during the formation of the plate.

Ancther alloy system involving increased martensite tetragonality
due to formation of clusters during quenching and aging is Fe-A1-C [7,
33,8,34]. The fact that austenites containing 4 to 8 percent aluminum
transform tc martensite which has greater tetragonality than would be
observed in Fe-C martensite at the same C-level appears to be due to the
formation of clusters of FeAlaC, which is the Perovskite-type carbide
present at ecuilibrium in this system. Preprecipitates have been ob-
served by TEM [32], but maximum tetragonality may again precede prepre-
cipitate formation. Some work on martensites which form from these
aged austenites shows that as-quenched martensite has an even higher
tetragonality [34]. A complete study of aging effects in Fe-A1-C is
not yet available. OCf particular interest will be the way enhancement
of tetragonality varies with aging time. One might expect a behavior
not totally different from that observed in Fe-Ni-Ti alloys. The en-
hanced tetragonality in Fe-Ni-C martensite may have a source analogous
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to that in Fe-A1-C [35,36]. Consideration of this literature is compli-
cated by several reperts of long-range order near FesNi but such order
due to ordinary heat treatment is not confirmed (see below).

Alloys which order a substantial portion of the austenite and sub-
sequently transform according to the Bain lattice strain produce
martensite which inherits the corresponding order. The remarkable
effects of long-range ordering of binary alloys on both tetragonality
and transformation behavior are documented for Fe-Pt near FesPt [12,13,
37,38,39] and more interesting results may be expected soon E40].
Increasing the ordering in Fe3Pt by preaging at 550°C to 650°C results
after transformation in a change from martensite with 2 pct. tetragonal-
ity to one with more than 10 pct. A depression cf the Mg is also ob-
served and a very marked depression of the Ag [38,3%]. This latter
depression appears to be the result of a d1scont1nuous change in the
reversal kinetics, and may reflect a change in the reversal process
associated with the onset of thermcelastic behavior. Cahn has suggest-
ed this possible consequence of prevention of supergroup formation [1],
but other factors may also be important [39]. The suggestion has been
made that Fe-Ni martensite is tetragonal because of short-range order
in the austenite [9,41] but by normal heat treatment procedures the
generation of long-range order does not occur [41,42,43].

The discussion of the effects of preaging austenite on the lattice
and properties of the resulting martensite has been predicated on the
assumption that the same lattice strain is applied throughout the
transforming region. Only transformed austenite structures or austenite
structures which resisted transformation have been considered. Evidence
that the Tattice correspondence is not everywhere the same has been put
forward [44,45,11,21,46,47,48,49,50,51]. Iron-manganese-carbon austen-
ite transforms tc martensite which exhibits tetragonality below that of
iron-carbon martensite of equal carbon content [46]. Fe-Re-C behaves
similarly [50]. Moreover this tetragonality reduction is even more
marked in martensite never brought above about -100°C. The several
explanations of this behavior all involve the perturbation of the
lattice strain accompanying the transformation. The perturbations put
carbon atoms in "a" or "b" octahedral sites by (011)[011] twinning [52]
or in tetrahedral sites by transformations involving shuffles [49] or
by transformation involving previous formation of hexagonal close-
packed martensite [53]. Some evidence of (011) twinning is available
from TEM observations of very high carbon steels [54]. In evaluating
the significance of evidences of deformation in martensite whose
lattice parameters have changed since its formation, due account should
be made of the necessity of accommodating such strains. Such strain
does not produce local stress if it is homogeneous when viewed on a
fixed basis, e.g., volume change occurring homogeneously, but otherwise,
e.g., for tetragonal changes in strain, local plastic deformation may
result from lattice parameter changes rather than be its cause.

In summary a rough outline of some of the main effects of austen-
ite preaging is gradually emerging as a result of a significant amount
of careful experimental work and some interesting concepts. Although
many desirable experiments remain to be carried out, a preliminary
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summary of the pattern appears possible on the assumption that the
lattice strain in most ferrous martensite is the Bain strain. The

carbon atoms are usually in the "c" octrahedral sites. Very small atom
clusters, short-range order or long-range order present in the quench-
ed austenite are swept atom-by-atom into the corresponding structure

in martensite and this structure prevents cubic symmetry and results in
tetragonal symmetry. The strains so produced are not small compared to
those of carbon (eor nitrogen) and the correct structural interpretation

of changes in parameters requires careful evaluation of all such
sources [35].

Aging Martensite

This review will be confined tc the low temperature tempering of
carborn-bearing martensite, the upper temperature range of this regime

is often referred to as aging and we will call the lower temperature
regime recovery.

The recovery regime encompasses changes occurring in the temper-
ature range up to about -50°C. In this temperature range the carbon
atom in a normal c-0 site is immobile during the time of an experiment
[55,56,57]. Changes in tetragonality which are observed in Fe-2% C,
Fe-Mn-C, Fe-Re-C, and Fe-A1-C [47,50,34] have been hypothesized to be
due to carbon swept by transformation into high enerqy sites. The
occupancy of such sites could he a consequence of local and perhaps
even regular perturbations in the lattice strain or of dislocations.
The observaticn ¢f MEssbauer spectra of iron ~ 2% carbon alloys in this
same temperature range indicate a rather small change [58], which has
been interpreted in agreement with the above hypotheses. Speculation
on the nature of the high enerqgy sites temporarily cccupied by carbon
atoms in these alloys depends on the alloy. Tetragonality is increas-
ed upon reheating in Fe-Re-C and Fe-Mn-C martensitec whereas it is
decreased uper: reheating Fe-Al1-C martensite. In the former case as
mentioned previously, the hypothesized high-energy defect is either
carbon in the tetrahedral site, trapped there because of a local or
perhaps, ever periodic shuff11ng of the lattice, or carbon in the a, b
octahedral sites, forced there by (C11), [0T1]twinning which results
in twins too narrow to produce coherent diffraction. In the case of
Fe-A1-C martensites a possible defect is the 001 carbon atom pair
vihere both atoms occupy ¢ octahedral sites. The formation of this
pair should be favored by formation of FeaAl-C clusters. The pair
should have a high positive interaction energy and the effect on
tetragonality of its disappearance would prcbably be a reduction in
tetragonality because its double force strength would be larger than
twice the double force characterizing a single c-C carbon atom.

In the aging regime much more data is available and some con-
flicting hypotheses to explain the results have been presented.
M&ssbauer spectra from high carbon martensite formed in Fe-C, Fe-Mn-C,
and Fe-Ni-C all exhibtit qualitatively the same changes [58,59,60,61,
62,63,20,45] but the interpretation cf these changes varies with the

-552-



investigator. Fujita [20,49] interprets the changes as representing
the change of dissolved carben from 507 in tetrahedral, T, sites and
50% in c-0 sites to a much higher proportion in c-0 sites and another
group agrees with this concept [6C). Kaplow and co-workers [€1,62,57"
interpret the differerces in the spectra rather than the spectra them-
selves and from the development during aging of a spectrum like that
of pure iron, Kaplow concludes that carbon clustering is occurring.
Twe other new six line spectra arise; they are hypothesized tc be due
to iror atoms in carton clusters -- iron atoms supposed to differ in
their magnetic moments and hence supposed to be components of FeyC
structurally isomorphous with FegN. Cther investigators conclude from
the spectra themselves that carbon clustering in octahedral sites is
occurring but without identification of FesC [592,58]. The kinetics of
the changes observed durirg agirg are compatible with its interpreta-
tion as carbon clustering [99,57%.

Significant diffuse electron scattering develop: during aging
[64,65,66] and more results may be expected soon [67°. A cone of
scattering is observed about the 001 axis through each selected area
diffraction spot. The cone angle is less than 30° and the intensity
within the cone is strongest along 10,2 reciprocal lattice directions
originating at the spot. An interpretation [68] has been given which
accounts for the pattern on the basis that this scattering is just due
to scattering from c-0 carbon atoms which interact elastically. The
more intense spots which develop during aging have been interpreted as
FeqC in the form of plates 1CA thick aleng (1C,2)m and dark field
images have been obtained using these spots which show partially peri-
odic arrays [64,65,66]. More information in this area can be expected
shortly [67]. Recently X-ray diffuse scattering near the 002 recipro-
cal lattice peak and near the 001 reciprocal lattice direction has been
detected, Fig. 2 [17]. This scattering is more intense on the side
nearer the origin and in view of the small atomic scattering factor of
X-rays by carbon is certainiy due to metal atom displacement. This
same X-ray work by P. C. Chen has also clearly shown that in an 18 Ni,
1 pct. C alloy, martensite freshly quenched and aged between -50°C and
+40°C no change in the 200, 020, or 002 interplarar spacing occurs
until carbon depletion due to precipitation starts at about 40°C (1 hr
tempering time). This result shows unambiguously that a significant
change in interstitial site cccupancy does not occur in this alloy in
this key temperature range, i.e., no change from tetrahedral to
octahedral cccupancy occurs. If generalization to higher carbon con-
tents holds, this new evidence weighs against the interpretaticns of
Mossbauer spectra in terms of tetrahedral to octahedral site occupancy.
Rather the c-C carbon cluster produce no change in the average metal
atom displacement but produce an increase in tke RMS metal atom dis-
placement in the 001 direction and hence a decrease in the intensity
of the 002 peak [17] as expected [73].

In this discussion I have interpreted experimental results on the
basis that (with some possible exceptions) the carbon in Fe-C marten-
site is quenched intc the "“c" octahedral sites and stays in such sites
during the aging process. Thus, the tetragonality of iron-carbon
martensite is supposed to be due %o such point defects. Previous work
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has shown that, if the Mg is suppressed by nickel, similar tetragonal-
ity is maintained to very low carbon levels [69,70]. A question is why
doesn't carbon redistribute equally among the a-0, b-0, and c-0 sites?
This question is especially pressing in view of the expectation that
with each diffusion jump carbon atom tries out a differently ordered
octahedral site. Khachaturyan [71] has offered a reason for this be-
havior which I paraphase here. He suggests that the residual stress
inherent in the transformation favors the "c" sites and may hold the
carbon there during their initial jumps until clustering occurs the
local carbon level is increased and the carbon atoms support each other
[72,73]. Some indirect indication that residual stress may be important
in determining the occupation by carbon of octahedral sites is provided
by the recent comparison of the X-ray 002 peaks (in an 18% Ni 1% C
alloy) from martensite formed in austenite polycrystals and from that
formed in austenite single crystals. The martensite formed in poly-
crystals has a much broader 002 peak but the 020, 200 peaks are about
the same [17]. Some extra intensity exists between the 002 and the 200,
020 peak in martensite from the polycrystal and this intensity can be
approximated as a broad peak from some nearly cubic martensite. Such a
variable situation is not unexpected, due to the stress variations in

and near martensite plate intersections if residual stresses influence
the c-0 site occupancy.

In summary, the aging of carbon-bearing martensite often consists
of clustering of carbon atoms which occupy c-octahedral sites. These
sites are favored by residual stresses arising during transformation and
by the clustering process itself. Clustering results in very small
carbon-rich plate shaped domains on (102)y. In very high-carbon steel
and in some alloy steels (Mn, Re, A1) some high energy sites are occu-
pied by carbon in freshly quenched martensite. These sites probably
depopulate rapidly in a recovery stage preceding or overlapping aging.

Summary

Preaging austenite can produce structural changes which if swept
atom-by-atom into martensite result in martensite tetragonality comper-
able in magnitude to that produced by carbon. Long-range order has
this effect. More extensive aging which causes formation in austenite
of precipitates that do not transform produces reduced tetragonality
and large elastic shear strains in martensite and severe distortion and
rotation of the precipitate.

Aging carbon-bearing martensite, which may be preceded by a de-
population of high-energy carbon sites, often consists of the cluster-
ing of carbon atoms in c-oriented octahedral sites. Aging occurs
rapidly at room temperature.
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Carbon Atom Redistribution During the Ageing and Early Stages of
Tempering of Ferrous Martensites

P.A. Beaven, M.K. Miller and G.D.W. Smith

ABSTRACT

The redistribution of carbon atoms during the early stages of age-
ing of martensite has previously only been studied by indirect methods.
The computer-controlled atom probe field ion microscope permits the
direct, quantitative determination of carbon concentrations with a
spatial resolution of 1lnm, and thus all stages of the martensite de-
composition process become amenable to direct study.

Detailed analysis of the sequence of ions field evaporated from
twinned regions of a high carbon martensite (0.78wt.%C) reveals evidence
of carbon segregation to twin interfaces, and of carbon atom clustering
in the matrix, after ageing at rcom temperature. More extensive changes
of the same kind are observed after tempering for 1 hour at 160°C. In
a low carbon martensite (0.21wt.%C), quenched and tempered for 10 min-
utes at 150°C, very low matrix carbon levels are found, together with
pronounced enrichment of carbon in the region of a lath boundary. Pre-
liminary studies of high-nickel carbon martensite with an Mg temperature
of 15°C are also reported.

I. Introduction

The carbon atom redistribution processes occurring during the age-
ing or low temperature (zeroth stage) tempering of ferrous martensites
have been the subject of a large number of investigations in recent
years. A wide variety of physical techniques has been used to study
the phenomena involved, but there is still disagreement about the nature
of some of the processes occurring. Several recent review articles
indicate the divergent views which are held [1-4]. In the case of
plain, low-carbon martensites, there is a considerable body of evidence
which indicates that seqregation of carbon atoms to lattice defects is
the dominant ageing process in the temperature range up to about 200°C
[5]1, although the absence of tetragonality in these martensites has also
been interpreted in terms of the redistribution of carbon atoms between
the various interstitial sublattices of the martensite structure. In
the case of higher carbon martensites, a number of additional effects
arise. Carbon atom clustering effects, and the early stages of carbide
formation, have been widely invoked to explain, e.g., X-ray diffraction
data [6-8], dilatometry, electrical resistivity and hardness measure-
ments [8-10], electron microscopy and electron diffraction data [11-16]
and Mossbauer spectroscopy results [17-20] from a wide range of marten-
sites. A rather different interpretation of the ageing data for high
carbon martensites is offered by Fujita et al. [21-23], in terms of the
redistribution of single carbon atoms from octahedral to tetrahedral

Department of Metallurgy and Science of Materials, University of Oxford,
Parks Road, Oxford, England.
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sites within the martensite lattice. The processes have alsc been
considered by Khachaturyan et al. [2, 12] in terms of an ordering
reaction within the martensite structure.

In the present work the distribution of carbon atoms was investi-
gated experimentally using the technique of FIM atom probe time of
flight mass spectrometry [24]. The atom probe is particularly suitable
to this kind of investigation both because of its high spatial resolu-
tion and because of its sensitivity to light elements such as carbon.
Since high resolution micrographs can be obtained in conjunction with
the recording of mass spectra the interactions between carbon atoms and
lattice defects become amenable to direct study.

II. Experimental

The composition of the materials used in the present work are
summarised in Table I together with their heat treatments. The iron-
nickel alloy used was kindly supplied by the Department of Materials
Science, M.I.T., and was taken from the same stock of material as that
studied previously by Sherman [15].

The atom probe used for this investigation was a computer-control-
led time of flight instrument with an overall flight path of 1.25m. A
full account of this instrument may be found elsewhere [25].

The following experimental conditions were used:
a) Base pressure of <3x10 10 torr _
b) All analyses made in a vacuum of <1X10 9 torr (i.e. image gas
removed) _
c) Neon image gas pressure 1x10 Y torr
d) Specimen cryostat cooled with liquid nitrogen
e) Pulse fraction 15%
f) Pulse repetition rate 50Hz.

III. Results
Segregation in low carbon martensites.

A neon field ion micrograph of a specimen of low carbon martensite
(A) containing a lath boundary is shown in Figure 1. Complementary TEM
images of the same boundary are shown in Figure 2. This boundary con-
tained a periodic array of dislocations with a spacing of approximately
8nm. Neither the field ion microscope nor the transmission electron
microscope revealed any evidence of carbide precipitation nor the
presence of a retained austenite film. Atom probe analyses taken from
the matrix and the boundary regions are summarised in Table II, the
results clearly indicating that carbon segregates to the boundary. How-
ever, these figures underestimate the magnitude of the segregation
effect since the area analysed also includes a substantial proportion of
atoms from the matrix on each side of the boundary. Assuming the carbon
to be present in a single atomic layer at the interface an enrichment
factor of 70:1 over the levels of carbon found in ‘the matrix is obtain-
ed. This direct observation of carbon segregation to a lath boundary
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confirms the interpretation of the resistivity data given by Speich [5].
Segregation in high carbon martensites.

Field ion micrographs of the high carbon (0.78wt.%) martensite are
shown for the room temperature aged material (B) and the aged and tem-
pered material (C) in Figure 3. These materials show a series of paral-
lel twin boundaries (spacing 4-12nm) which appear as dark bands in both
cases, with the width of the interface being greater in the tempered
condition. The results of the atom probe analyses of the boundary and
matrix regions are also given in Table II. For the rocm temperature
aged material the degree of enrichment is again underestimated, because
of the circular probe aperture, and using the same calculation as before,
the local concentration at the boundary is estimated to be in excess of
35at.%C. In the tempered condition carbon levels of up to 20at.% have
been measured over regions 2nm in width across the boundary.

Clustering.

Detailed analysis of the ion-by-ion sequence obtained for the
0.78wt.%C steel after rcom temperature ageing has shown that the distri-
bution of carbon in the matrix is not homogeneous. A high proportion of
the carbon atcms desorb as molecular icns C, and C3 and carbon atoms are
also observed toc desorb on successive high voltage pulses. It is there-
fore probable that there is a close association between carbon atoms in
the lattice. At this stage we cannot completely exclude the possibility
that the formation of molecular ions may be an artefact of the experi-
mental technique, arising from the clustering of carbon atoms on the
specimen surface just prior to evaporation. However the cryogenic tem-
perature involved and the high incidence of molecular ions makes this
possibility seem unlikely. Preliminary experiments using ircn-nickel-
carben alloys D and E (Mg'Vv15°C) have also given evidence of clustering.
In this case the specimen blank was first water quenched to 25°C, at
which temperature the field ion specimen was made and then inserted into
the atom probe where the final liquid nitrogen quench was carried out.
The first sequence of data was then cocllected immediately. This speci-
men was then allowed to age at room temperature- for 8 hours after which
a second sequence of data was obtained. The data were divided into
blocks of 25 atoms. The experimental value for the number of carbon
atoms within each block was then compared with the value expected under
the assumption that the number of carbon atoms followed a Poisson dis-
tribution (i.e. a random distribution of carbon in the structure). The
resulting histograms, each based on a total of approximately 5000 ions,
are shown in Figure 4. In both cases the experimental values show a
prcnounced deviation from a random distribution, as there is an excess
of blocks with 3 or more carbon atoms per block, and also an excess of
blocks containing no carbon. This behaviour is consistent with the
clustering of carbon atoms in the martensite matrix, althouagh the two
sets of data are not markedly different. Experiments with materials of
lower Mg temperatures are planned tc investigate these effects further.
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IV. Conclusion

Atom probe studies of ferrous martensites are still in their infan-
cy, but the above results show the ability of this experimental tech-
nique to give valuahle and direct information about carbon atom redis-
tribution processes. The segregation of carbon to lath boundaries and
twin interfaces has been unequivocally demonstrated, and strong indi-
cations have been obtained that carbon atoms cluster rapidly in the
matrix, even below room temperature. More sophisticated statistical
analysis procedures are currently being developed, which should permit
a quantitative approach to the desorption of the clustering and ordering
of carbon atoms. The interaction of carbon atoms with individual dis-
locations should also be amenable to study, as should the interaction
cf carbon atoms with other solute species such as Si, Cr, V, and Mo.
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Table I.

Composition and Heat Treatment of Alloys

Alloy Composition Austenitising Subsequent Treatment
Temperature
A Fe-0.21 wt.% C 1000°C WQ + 10 mins at 150°C*
B Fe-0.78 wt.% C 1200°C WQ, LNQ + RT*
C Fe-0.78 wt.% C 1200°C As B + 1 hr at 160°C*
D Fe-18% Ni-0.5% C 850°C WQ* LNQ (in situ)
E Fe-18% Ni-0.5% C 850°C

As D + RT for 8hrs + LNQ
WQ = Water quenched; LNQ = 78°K quenched; RT = Room temperature aged

* denotes when field ion specimens made (in D and E total time from WQ
to LNQ in situ was 20 mins).

Table II.

Summary of Atom Probe Analyses of Martensites
(from regions 2nm in diameter; all analyses in at.%)

Alloy Matrix Composition Boundary Composition
A 1sC 0.4 +0.047%C 2.01+0.2%C

B 3.47%C 2.7+0.2%C 6.910.4%C

C 3.47%C 1.5+0.3%C 8.7+0.5%C

.Figure 1. Neon Field Ion Micrograph Figure 2.

Complementary TEM
of a low carbon Martensite specimen Micrographs of specimen shown in
(A) containing a lath boundary. Fig. 1.
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Figure 3a. Neon Field Ion Micro-
graph of Room Temperature Aged High

Carbon Martensite (B)

Figure 3b. Neon Field Ion Micro-
graph of Room Temperature Aged and

Tempered High Carbon Martensite (C)
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X-RAY DETERMINATION OF THE DISTORTIONS DUE TO CARBON ATOMS IN Fe-Ni-C

MARTENSITE

P. C. Chen, B. 0. Hall, and P. G. Winchell

ABSTRACT

Measurements of the profile and intensity of 200, 020, and 002
martensite peaks have been made for 17%C 187%Ni martensite formed from
single crystalline and polycrystalline austenite as a function of tempering
between - 45°C and 400°C. The results show that the effective "size'" of
the carbon atoms, which are in the 001/2 octahedral sites, increases
during subambient aging, and the "first stage of tempering'" involves
significant reorientation of the martensite--probably by twinning, that
martensite formed from polycrystals has finer diffracting domains and/or
is more heavily strained than is martensite formed from single austenite
crystals, and that an appreciable fraction of the martensite formed in

austenite polycrystals is a nearly cubic solid solution of carbon.

(Paper will appear elsewhere.)
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Isothermal Decomposition of the Bi Martensite in Cu-Al.

Morphological Study
H.Goldenstein* and I.G.S.Falleiros**

The isothermal decomposition of Bi martensite of Cu-Al (11,3 to
11,7% Al) was studied in the a +vy, field (520°C); it was observed the
partial revertion from B} to the high temperature phase B; and the ''in
situ" transformation of B; to supersatured o phase. Latter, the y, pha-
se precipitates inside B;, initially as globules which coalesces to
form irregular plates. With long periods of treatment the a/y, bounda-
ries straigthen and becomes smooth, preserving the morphology of mar-
tensite and resisting spheroidizing. The results sugests that the o
and vy, lattices have orientation relationships so as to have o/y, in-
terfaces of low energy in some directions (cusps in the a/y. gama
plot). These relationships can be explained as follows: - It is known
that the basal plane (128)gy of themartensite form a small angle with
the (110)g, plane during martensite revertion; it is probable that the
R1 basal planes become (111) planes of the f.c.c. phase during "in
situ'" transformation; the y2uphases which precipitates coherently with
B1, will then maintain the same orientation relationship with o« that the
B1 phase had with B). To check the existence of these relationships
the decomposition of Bi in the a+B field (650°C) was also studied,
resulting in a a+B structure resistant to spheroidizing, produced by
the same set of reactions observed in the a+y, field.

I - Introduction

Tempering of Cu-Al B] martensite has been studied for a long time
and by several techniques [1] to [6] (Fig.l). Experiments preliminary
to this work have shown that the product of decomposition of Bi in the
a+y, field (520°C) has morphology resistant to spherodization. The
objectives of the present work are: 1. To show that the reactions of
decomposition of the martensite in Cu-Al alloys (11,3 to 11,7% in
mass) may be identified by optical micrascopy; 2. Explain the morpho-
logical stability of a+y, structures.

IT - Experimental Procedure

Cu-Al alloys with composition between 11,3 and 11,7% Al in mass
were induction melt, homogeneized, hot worked, and again homogenezeid.
After quenching from 860°C, the structures of the alloys are fully
martensitic, Bi.

Isothermal treatments were made in salt baths. The metallographic
specimens were mechanically polished and electrollytically etched with
% aqueous cromic acid and 6 V tension, with aluminium cathode. This
etchant only etches the interfaces between the products of decomposition

* Escola Politecnica da USP; ** Escola Politecnica da USP and Agos Vil-
lares S.A. - Sao Paulo S.P., Brazil, P.0.Box 8174.
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of martensite. To reveal martensite, polarized light was used.

III - Results and Discussion
1) Isothermal Decomposition of B at 520°C (oty2 field).

Isothermal treatments were made, for times between 5 sec and 20
hours.

Between 5 and 40 sec the following reactions were noted: -1) mar-
tensite (B}) revertion to the high temperature B8, phase. This was ori-
ginally observed by Nishiyama, in thin foils, above 400°C [2]. The
orientation relationship between martensite an reverted phase is
(110)81// (128)gy and [111]81//[21013, [2]. Morphologically the reaction
is characterized by the formation of fine B; lamellae, along interlath
boundaries of B}, sets of parallel B; lamellae inside B laths; the
regions were martensite laths cross each other is preferential for the
formation of B; as well (Fig.2). Z) "In situ" transformation of ortho-
rhombic martensite in supersaturated f.c.c. a. Observed by X-Ray
difraction in Cu-Zn-Ga alloys [3] and in Cu-Al by optical microscopy
(4] and T.E.M. [5], 1t is a continuous reaction of stacking fault
recovery. The reaction competes with the revertion and is identified by
optical microscopy through the decrease in optical activity and the
characteristic rose color [4] of supersatured a. The habit planes and
morphology of martensite are kept. 3) Precipitation of allotriomorphic
a crystals in the original B grain boundaries.

The sites where revertion begins suggest that the concentration
of elastic stresses, in interfaces between self-accomodated laths and
in 1lath crossings, play a role in the revertion. The set of parallel
B; lamellae formed inside laths may be the result of nucleation in the
internal striations, sites of high concentration of stacking faults, as
observed by T.E.M. [6]. In the martensite, the compact planes (basal
planes of the orthorhombic system) form a small angle (4°15') with the
most compact (110) planes of B; and with the twinning plane of Bi(128)
which is the plane of interfaces between martensites laths as well [6].
After "in situ' transformation, the basal planes of B} become (111)
planes of the o f.c.c. phase and are probably parallel to the (110)
planes of the B;; in this way B, has with o the same crystallographic
relationships that it kept with martensite. o/B; interfaces are possi-
bly low energy interfaces, corresponding (110)g, or (111),, most
compact planes in the respective lattices. At EZOQC, though, «/B8; in-
terfaces exist for short times only. o/B interfaces of low energy, are
obtained by isothermal treatments of Bi at 650°C (a+B field) as will be
described below.

With times longer than 40 sec, the decomposition of Bi at 520°C,
besides the reactions described above, produces y, precipitation. The
reactionwas originally observed by Cope [u4]. The precipitates of y, are
isolated nodules at the beginning. The precipitate coalesce forming
lamellae with ragged a/y, boundaries. With long times of reaction the
lamellae become more perfect, with interfaces more and more smooth, and
the morphology of the resulting a+y, structure resembles clearly the
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morphology of the original martensite. The structure is resistant to
spheroidizing, at least in the times studied, Figs. (3) to (4).

v2 phase is cubic complex (y brass structure) with lattice parame-
ter 8,77A° while B is c.c.c. with parameter 2,9564A° at 6,72°C [7]. The
v, parameter is almost exactly three times the parameters of B and the
unit cell of y, if formed by stacking 27 (3® cubes) smaller c.c.c.
cells, subtracting two atoms and relaxing the 52 atoms left. This
suggests the possibility of coherence between g (or B;) and y,, in all
directions. The nodular form of y,, and the absence of y,/y, interfaces
support this suggestion.

If, as it seems probable, the o phase has crystallographic rela-
tionships corresponding to low energy interfaces with B;, then y, which
is coherent with B;, must have also low energy interfaces with a. There
must be, then, low energy a/y, interfaces in some directions, probably
the directions corresponding to the most compact planes in the y, and
o lattices. This is the suggested reason for the resistance to spheroi-
dization and the smothness of the o/y. interfaces with increasing time
of treatment.

2) Isothermal Deccmposition of B] at 650°C (a+B field).

During isothermal treatment of B} at 650°C it was observed: a) -
precipitation of o phase alotriomorphs in former B grain boundaries;
b)- martensite revertion to B phase; c)- "'in situ' transformation to o
phase. The last reaction ocurred, in spite the temperature beeing pro-
bably higher than the Ag, showing that competition between the reac-
tions with a ''difusion mechanism'' and the martensite revertion occurs.
The volume fraction of a at the beginning is higher than the equili-
brium volume fraction.

Between 5 and 30 sec the o/B interfaces becomes unstable and
ragged, with the o volume fraction decreasing, until there are only
thin a plates in a B matrix. With long periods of treatment (18 h), the
a plates coarsen without spheroidizing maintaining straight a/B inter-
faces. This is evidence of low energy a/f interfaces produced by the
same set of reactions observed in the a+y, field. (Fig. 5).

IV - Conclusions

1) The reactions of decomposition of the martensite in Cu-Al
alloys (11,3 to 11,7% in mass) were identified by optical metallography.

2) Both the at+y, and o+BR structures obtained by the decomposition
of the martensite respectively at 520°C and 650°C resists spheroidizing
for the times studied.

3) The resistance to spheroidizing can be explained by the forma-

tion of low energy a/y. and o/B interfaces, respectively, in certain
directions as suggested by the mechanisms of decomposition of Bi.
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(a) (b) (c)

Fig. 2 - Martensite isothermally treated at 520°C for a) 5 sec, 400 x
(polarized light); b) 10 sec, 100 x (polarized light); c) 15
sec, 250 x

Fig. 3 - Martensite isothermally treated at 520°C for a) 60 sec, 500 x ;
b) 2 min, 500 x ; 5 min, 400 x .
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Fig. 4 - Martensite isothermally treated at 520° for a) 1 h, 630 x ; b)
20 h, 400 x ; c) schematic evolution of the microstructure.

Fig. 5 - Martensite isothermally treated at 650°C for a) 5 sec. 100 x ;
b) 1 h, 250x; c¢) 18 h, 250 x
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Consequences of the Re-Transformation of Precipitated Austenite in

Ferritic Cryogenic Steels

J. W. Morris, Jr.,* C. K. Syn,* J. I. Kim,* and B. Fultz¥*

The re-transformation of precipitated austenite (y_ ) in Fe-(6-9)7Ni
steels has been investigated, with particular emphasis on the influence
of transformation characteristics on alloy toughness at cryogenic tem-—
perature. In all cases studied the precipitated austenite re-transforms,
either during cooling to cryogenic temperature or during deformation
prior to fracture of the alloy. When the re-transformation is thermally
induced the product martensite tends to form in a variant identical to
that present before precipitation of the austenite; no significant re-
finement of the microstructure is achieved. On the other hand, mechan-
ical transformation of the austenite produces a distribution of marten-
site variants determined by the local strain, hence preserving a refined
microstructure conducive to low temperature toughness.

I. Introduction

Ferritic Fe-Ni steels which are intended for structural use at cryo-
genic temperatures are given a final intercritical temper, i.e., a tem-
per in the two-phase (aty) region of the phase diagram, which has the
effect of precipitating austenite phase along the lath boundaries and
prior austenite grain boundaries of the parent martensite.‘"-" -/ The in-
tercritical temper substantially lowers the ductile-brittle transition
temperature of the alloy, often by as much as 200°C. This improvement
is generally attributed to the retention of a small fraction of preci-
pitated austenite in the product microstructure. However, the mechanism
of toughening remains unclear.

Previous research(1-6) on the influence of retained austenite on
the toughness of cryogenic steels suggests two qualitative sources for
the decrease in the ductile-brittle transition temperature. First, the
austenite will getter deleterious species, such as carbon, which segre~
gate to the austenite during the precipitation. Second, the austenite
may serve to blunt sharp-fronted cracks in the martensite, preventing
them from causing catastrophic failure.

The "gettering' action of precipitated austenite is experimentally
verified(4=7) and certainly contributes to alloy toughness. But getter-
ing by itself cannot fully account for the beneficial influence of re-
tained austenite. The introduction of a small fraction of precipitated

*Department of Materials, Science and Mineral Engineering, and
Materials and Molecular Research Division, Lawrence Berkeley
Laboratory, University of California, Berkeley
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austenite also decreases the ductile-brittle transition temperature of
Fe-Ni alloys which are nominally interstitial-free and chemically get-

tered.(s) We have, therefore, undertaken research to clarify the "crack-
blunting" action of retained austenite. The results of this research
suggest that the "crack-blunting" effect is intimately connected t? the
eventual martensitic transformation of the retained austenite and is
particularly sensitive to the orientation of the product phase.

II. Thermomechanical Stability of Precipitated Austenite

Research on the mechanical behavior of intercritically tempered
cryogenic steels gives a consistent indication that the beneficial in-
fluence of retained austenite is related to its thermodynamic stabil-
ity.(l‘3) The stability of the precipitated austenite decreases if the
tempering temperature is too high, which presumably causes the austenite
to become relatively lean in stabilizing solutes, or if the tempering
time is too long, which leads to an increase in the size of the austen-
ite particles. Both excessive tempering temperature and excessive tem-—
pering time cause a rise in the ductile-brittle transition temperature.

The sensitivity of alloy toughness to austenite stability could be
easily explained if the austenite were mechanically as well as thermally
stable at test temperature, since the relative ductility of austenite
islands would serve to blunt propagating fractures. However, recent re-
search conclusively demonstrates that the retained austenite present in
tough cryogenic steels is mechanically unstable, and undergoes an es-
sentially complete transformation to martensite prior to fracture.

The mechanical instability of precipitated austenite was first shown
by Kim and Schwartz(9) and by Fultz(10) who used Mossbauer spectroscopy
to analyse the residual phase distribution near fracture surfaces in
cryogenic steels, and found an essentially complete transformation of
retained austenite during ductile fracture of both 6Ni and 9Ni steels at
cryogenic temperature. These studies were extended by Syn, et al
who prepared profile fractographic specimens and conducted transmission
electron microscopic studies of the deformed material immediately adja-
cent to ductile fracture surfaces in 9Ni steel (Fig. 1). They confirmed
the mechanical transformation of retained austenite and showed that the
transformation product is a dislocated martensite, whose presence in the
matrix is not incompatible with high toughness. More recent research on
samples pulled in tension at 77°k (Fig. 2) revealed that the transforma-
tion of austenite in tough cryogenic steels is strain-induced and com-—
pleted at relatively modest levels of plastic strain.

The demonstration that the austenite retained in tough cryogenic
steels is fully transformed at strains well below those associated with
fracture raises a puzzle as to why it is necessary (as it appears to be)
that the austenite be present in the first place. The puzzle is com-
pounded by the results of transmission electron microscopic studies
(Fig. 3) which show that the austenite which spontaneously transforms
on cooling, even near 77°k, yields a dislocated martensite which is ap-
parently identical in substructure to that induced by plastic strain.
The resolution of the puzzle appears to lie in a qualitative difference
in the orientations of the two kinds of martensite with respect to the
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parent matrix, an orientational difference which has its source in the
pervasive memory of thermally-induced martensitic transformations in Fe-
Ni steels.

III. The Role of Precipitated Austenite in Microstructure Refinement

On quenching, Fe-(5-9)Ni cryogenic steels develop a microstructure
which is made up of laths of dislocated martensite which tend to be or-
ganized into packets. These packets may be 10-20um in size and consist
of bundles of laths which bear a close crystallographic relation to one
another. While the laths themselves may be small (<luym in diameter)
their close alignment in packets has the consequence that the salient
mechanical properties of the alloy tend to be controlled by the packet
size rather than by the smaller lath size.

The influence of packet alignment on fracture is illustrated in
Fig. 4, which shows a profile scanning electron fractrograph of a brit-
tle fracture surface in 6Ni cryogenic steel. Long, flat cleavage traces
are apparent; these traverse martensite packets. Crystallographic anal-
ysis shows that the facets follow (100) cleavage planes which are nearly
common to the packet. Where the packet is not well defined the fracture
surface is rough and often locally ductile. Observations such as these
suggest that a major goal of the processing of cryogenic steels should
be to destroy long-range packet alignment.

An intercritical temper superficially appears to offer an effective
means for decomposing aligned packets. During the temper austenite is-
lands nucleate along the lath boundaries and essentially isolate the laths
from one another. There is, however, a subtle memory in the austenite
precipitation and its reversion to martensite on cooling which vitiates
packet decomposition. As illustrated in Figs. 3 and 5 the austenite pre-
cipitated within a given packet has a strong statistical tendency to
form in a single variant, which is K-S related to the martensite matrix,
and, if it re-transforms on cooling, to regenerate the martensite which
gave it birth. If the result of an intercritical temper is to precipi-
tate a thermally unstable austenite only slight refinement of the micro-
structure is accomplished and no significant improvement in mechanical
properties should be anticipated. 1In fact, the transition temperature
often rises after such a temper.(12)

If, on the other hand, the intercritical temper leads to the reten-
tion of a reasonable distribution of interlath austenite then this aus-
tenite remains until it is transformed by plastic strain. Initial studies
of mechanically transformed austenite, exemplified by the micrograph shown
in Fig. 6, suggest that the martensite variant formed in this case is that
most compatible with the local strain, hence tending to be the variant
most compatible with the nominal strain of the sample. The product mar-
tensite is K-S related to its parent austenite, which is in turn K-S re-
lated to the matrix; however, the K-S relationship permits a sufficient
number of variants that the martensite will only rarely share a well-
oriented cleavage plane with the matrix.

The precipitation of thermally stable austenite hence achieves a
decomposition of the packet alignment of martensite laths which is largely
retained even if the austenite transforms mechanically prior to fracture.
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A substantial decrease in the ductile-brittle transition temperature of
the alloy is therefore expected and is usually observed.

IV. Conclusion

The precipitation of austenite during an intercritical tgmyer of
Fe-(6-9)Ni martensite will decrease the ductile-brittle transition te@—
perature of the alloy if it breaks up the packet alignment of marten51Fe
laths. Because of memory effects in the re-transformation of the preci-
pitated austenite it is necessary that the austenite have sufficient
thermal stability for a significant fraction of it to be retained on cool-
ing to the test temperature. Subsequent mechanically-induced transfor-
mation of the austenite does not then eliminate its beneficial effect.
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Fig. 1 Profile TEM fractograph and
diffraction pattern in 9Ni steel.

The fracture surface (indicated with
arrows) was plated with iron (above
the boundary indicated with arrows)

to prepare thin foils of the frac-
ture surface layer.

pattern was taken from the central

region right below the boundary line

The circled area shows y_-like par-
ticles which have transformed to a'.

Fig. 3 TEM of the thermally un-

stable y_ in 9Ni steel. The vy
has tran%ormed to highly dis-
located o' on quenching to 77°K
from room temperature. It has
transformed to the same orienta-
tion of the matrix.
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Fig. 2 Martensite Transformation
of the termally stable and un-
stable y_ in 9Ni steel during ten-
sile tes%s

at 77°K. Remaining

fraction of y_ with respect to
the original amount at room tem—

perature was plotted against the
tensile strain €.

Fig. 5 Typical microstructure
of the thermally stable y_ at
77°K in 9Ni steel. vy_ particles

are K-S related to the matrix of
tempered o'.



Fig. 4 Profile SEM fractograph showing the lath orientations with
respect to the fracture crack path in 6Ni steel. Arrows indicate
regions where the crack deviates.

Fig. 6 Partial transformation of y_ to o' in 9Ni steel during ten-
sile test at 77°K. The dark field pictures show the YR and tensile
strain-induced o' from the YR-
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Electron Microscopical Observations of "w-like" effects
in Cu-Al-Ni.

W.M. Stobbs, R.J. Henderson and A.M. Crossley

Spun and bulk quenched alloys of CuAlNi have been shown to have
markedly different transformation temperatures. Both the bulk and spun
material are also affected by ageing at temperatures in the range between
200°C and 3500C, the martensitic and austenitic transformation temperatures
being raised with an increase in thermal hysteresis. The effect of 970°C
rebetatisation of the spun material is also to raise the transformation
temperature but with, at least for flash anneals, both a reduction in the
width of the martensitic transformation peak as seen on a differential
scanning calorimeter and in general a reduction in the thermal hysteresis.

Electron microscopy has been used to investigate the form of the

alloy in its various states as a function of quench rate and isothermal
ageing. It has been found that the spun material exhibits what might be
described as a relatively strong "w-like" distortion of the bcc matrix

but no precipitation. The bulk quenched material contains both distort-

ions and an "w like" precipitate. 250% ageing of both forms of material gives
increasing volume fractionsof precipitate while 970% rebetatisation of

the spun material increases the tendency of precipitate formation. The
precipitation phenomena is distinct from the formation of martensite and
appears to be an essentially competitive rather than premonitory effect.

The thin foil distortions of the b.c.c. matrix are argued to be the
result of anharmonic coupling of the <1101'<1101:transverse acoustical
phonon modes. =

I. Introduction

Cu-Al-Ni alloys which transform thermoelastically have the approx-
imate formula (Cu Ni).,Al and neglecting the influence of Ni they order
with the DO, structure (B,). They transform to a 2H distorted orthor-
hombic martensite (y,') though at higher temperatures and with applied
stress an 18R acicular martensite can also be formed (B'j). It has been
well known for some years that the transformation temperatures appear to
be sensitively dependent on the quench rate from the B phase field [1].
Thus, with a view to understanding this effect and possibly thereby gain-
ing a greater insight into the way in which the martensitic transformation
occurs we have recently compared the transformation behaviour of alloys
prepared by melt spinning and by conventional water quenchingfrom the B
phase field [2,3] as well as investigating the effect of both low temp-
erature (v 250°C) anneals and rebetatisation of the spun alloy. The
essential results may be summarised: the spun alloy transforms to mart-
ensite at a temperature well below that of water quenched 0.5mm thick
discs. Ageing both spun and bulk material at 250°C results in increased
thermal hysteresis and raised transformation temperatures. Rebetatisation
of the spun material initially reduces the range of temperature over which

Department of Metallurgy and Materials Science, Cambridge University, England.
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the martensitic transformation occurs, while the transformation temp-
eratures are raised, and generally reduces the thermal hysteresis. 250°C
ageing of the rebetatised spun material gives a further increase in the
transformation temperatures but now the separation of the peak rate of
austenitic and martensitic transformation is increased.

Our purpose here is to describe the results of an electron microsc-
optical investigation of the state of the b.c.c. phase as a function of
the various states listed above.

II. Experimental

A range of alloys were examined [2] but all the electron microscopical
results described here were obtained on material of composition Cu 81.7wt%
Al 14.1wt% and Ni 4.2wt$% prepared by argon arc melting of 4N purity
components. The details of the melt spinning technique by, means of which
a thin ribbon is fabricated at quench rates approaching 10 Ks™! are
described elsewhere [4]. A Dupont 990 thermal analyser with a quantitat-
ive scanning system was used to characterise the transformation behaviour
and heat treatments were completed in the D.S.C. The 970°C ageing was
performed in sealed quartz tubes back filled with argon. A JEOL 100CX
electron microscope was used for the structure investigation, specimens
being held in a slightly modified top entry tilting holder at a position
in the objective lens where the spherical aberration coefficient was
approximately 2.5mm.

ITI. Results

In our discussion we refer the crystallography to the parent bcc
structure, despite the DO3 ordering behaviour, to facilitate comparison
between the behaviour of this and B2 ordering materials. A description
has recently been published of the diffuse electron scattering in Cu-Al-Ni
and Otsuka et al [5] associate the well known <110> streaking with trans-
verse <110%1<110§:phonon modes. They concluded this by an analysis of the
way in which a displacement wave of the form R_ = A(g)e_cos 2m (g.r -vt)
scatters electrons noting, as did Chandra and_Burdy [6], how no streaks
are seen if g.e =0 {e  being the polarisation of the wave of amplitude
A and propagation vector g}. We have used the same interpretative
techniques.

The least confusing state of the material was "as spun" and we will
describe this first. This material contained no precipitates as viewed
some 70°C above its transformation temperature, the <110> streaking was
however strong and as described by Otsuka et al [5]. We note however a
few further points of interest: Streaking in <112> directions is also
strong and apparently at least partly associated with longitudinal as well
as transverse displacements. It has been shown in other materials that
soft phonons almost certainly associated with charge density waves can be
anharmonically coupled both near defects and in a thin foil where the
displacement waves can be locked as a result of the proximity of the free
surfaces of a foil [6]. We suggest here that a natural explanation for
the <112> streaks lies in their being the result of scattering from dist-
ortions of the thin foil arising from the addition,in phase,of transverse wa
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with g vectors of <110> type 30° above and below the relevant <112>
direction. (Discussion of the more general localised distortions which
can result from such additions is given elsewhere [7]). Further
evidence for this is obtained by examination of a lattice fringe image of
the spun material obtained in the 110 normal (figure 1). Particularly
near the edges of the foil coarse variably spaced fringes are seen with
<112> normal and an optical transform of such areas shows that the 110
lattice fringes have variable spacing in this direction (figure 2). The
second_point of importance is that while a strong reflection is seen at v
2/3 (222), at the 110 normal, connected by a particularly strong streak
to the 112 reflection this "w reflection" becomes well nigh invisible on
tilting to the adjacent (121) normal despite the 222 reflection remaining
excited. The appearance of a reflection at 2/3(222) is in general depend-
ent on there being a strong reflection off the 222 systematic row. This
implies that the distortion associated with this g is transverse and
general observation of the intensity of the reflection as a function of
orientation suggests that € is in, or close to the <112> direction. The
strong assymetric linking s%reak between reflections such as 112 and
2/3(222) at the 110 normal is then explained by the combined strengthening
of the scattering from the displacements in the [112] direction of
localised regions elongated in the 111 direction, and the strong
excitation of the "w" reflection at 2/3(222) by the adjacent 112
reflection. At first sight it is surprising that it is a transverse
displacement associated with the 2/3(222) wave vector but the longitud-
inal components of the distortions in the regions of [111] major axis
perhaps also amplify the 2/3<222> <Il2>E transverse acoustic mode.
Further discussion is given elsewhere [7], but it is this which.links
this description of the distortion patterns with the well known b.c.c
distortions found in alloys such as Zr-Nb [8] and generally associated
with instabilities of the b.c.c lattice [9,1(J. Figure 3 shows a dark
field image using the intensity at the 2/3(222) position. The ~1008
banding is indicative of local foil orientation changes, with <112> normal.
It is consistent with the locked distortion description given above. No
change in microstructure of the as-spun material was observed after 6
months storage at room temperature.

After a flash anneal at 970°C the thin foil banding appeared to
become a little more localised, though except at the very edge of the foil
no precipitation was observed. Lattice fringe images of "2/3(222)" with
111 serve to show the relatively large misorientations to be expected (fig.4).
This material left for a few days at room temperature however exhibited
gross precipitation of a heavily faulted (spacing v 158) species with a
reflection just to one side of the 2/3(222) position. At the same time
a further competitive reaction of the bcc phase to the distortions within
it was gross faulting on (112) planes at spacings between about 3% and
158. This was consistent with the intensification of the <112> streaks
in the diffraction pattern (no such faults were observed in the as-spun
state) .

After ageing for two minutes at 250°C the material, thinned of course
after the heat treatmentywas shown by stereo microscopy to have both a
surface phase in patches and reflecting very near the 2/3(222) position
and particles v 1508 in size developing through the foil. Lattice fringes
now between 3/25/23/2 and 2/3(222) serve to show the extensive spread in
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misorientation, (see figure 5).

Bulk quenched material showed essentially a more develgped version
of the structure seen in the spun specimens after short 2507°C heat
treatments: particles extending through the foil but with bigger ones
near the surfaces as well as a surface precipitation. Fig.6 shows both
the extensive and similar faulting of the two Brecipitate phases as well
as misorientations via lattice fringes with 3/23/23/2 included in the
aperture.

Ageing the bulk material at 250°¢ gave well developed precipitation
throughout the foil, an increased tendency for the bcc phase in a thin
foil to fault rather than show distortions (fig.7), and regions where
martensite had been formed and reverted to bcc (the transformation temp-
erature was near room temperature). Figs.8 and 9 demonstrate that
particles and surface phase are lost after reversion to bcc and do not
occur in the 2H martensite. Given the correlation of this observation
with the tendency to reduced thermal hysteresis on cycling and increased
hysteresis on 250° ageing it is inconceivable to think of the particulate
phase as a precursor to the formation of 2H martensite. It is clearly a
form of a further competitive reaction which the distorted bcc phase can
undergo. Amuzingly however analysis of a considerable number of particles
indicated that the principal reflection near 2/.,(222) with which they were
imaged in fact lies between the spots marked for the combined diffraction
pattern of 2H martensite and bcc at 110 orientation. This diffraction
pattern also serves to demonstrate the close relation between the bcc
phase and the 2H martensite and in particular the relevance of the "lockec
local" distortions in that relation. As a final point it should be noted
that no consistent differences were seen in DO, A.P.B. separations in any
of the above specimens. Further discussion of the importance of the
coupling of <1102<1102 displacement waves is given elsewhere [ 7,11].

IV. Conclusion

It has been demonstrated that the distorted statesof a bcc alloy,
associated with <110> <110> acoustic phonons;can themselves be linked
with a number of compgtitive reactions which, perhaps as a function of
volume dilatations, change the martensitic transformation temperature of
the bcc matrix. These reactions include: surface and bulk precipitation
as well as both matrix and particle faulting.

R. J. Henderson and A.M. Crossley are supported by Delta Materials
Research Ltd. and Standard Telecommunication Laboratories Ltd. respect-
ively, as well as by the Science Research Council. We acknowledge the
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Fig.2 Optical transform of region
showing <112> trace streaks.

Fig.l Lattice fringe image showing
<112> trace banding.
(110) lattice fringes vertical.

&A;, A S N > & * 3 e
Fig.3 As spun "w" reflection Fig.4 Spun + flash 970°C anneal.
rods lie in 111 direction. "w" + 111 reflections giving 5

fringes vertical.

Fig.5 Spun after 2 mins at 250°¢C.
Faulting in particles vertical,
fringes ("w" + 3/2, 3/2, 3/2)

Vv 10A horizontal.
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Fig.6 As bulk quenched. "w"reflect-
ion. Area marked A to show faulty
and "w" < 3/2 3/2 3/2 fringes ~10

Fig.7 bcc material heavily Fig.8 Area reverted from martensite:
faulted on (121) planes, trace note no "w" precipitation.
of (112) vertical, normal (110)

Fig.9 Retained martensite: no

w,on

w" except in overlap regions.

A bcc (110) normal with associated
martensite diffraction pattern.

Note proximity of "w" reflection
to adjacent martensite spot. Fig.10.
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The Effect of Low Temperature Ageing on the Martensitic
Transformation in Cu-Zn-Mn Alloys

L. Chandrasekaran+ and A.P. Miodownik*

Low temperature ageing treatments have previously been shown to
produce quite marked effects on M_ and A_ temperatures in Cu-Zn-Mn B
alloys. Although similar ordering behaviour is predicted thermodynami-
cally for small additions of Al and Mn, the effects observed are quite
different as the M_ temperatures move in opposite directions on ageing.
Explicit calculations of the effect of ordering on the MS of binary Cu-
Zn alloys can be used to explain the effects observed in Cu-Zn-Mn alloys;
it is suggested that the different behaviour of Cu-Zn-Al must lie in the
effect of inherited order on the energy of the a phase.

I. Introduction

Ageing effects in Cu-Zn—-Al alloys have been studied extensively in
recent years, with increasing emphasis on the possible role played by
the B2/DO3 ordering transformation [1—3]. The present paper considers
some observations and associated theoretical calculations in the related
system Cu-Zn-Mn. Manganese was originally selected as a useful alloying
addition because (a) the effect of manganese on the M_ is not known in
the detail available for many other additions [4], O very little infor-
mation appears to be available on the Cu-Zn-Mn system in general [5-7],
and (c) it was hoped manganese might reduce the rate of ordering in the
B phase.

Alloys containing between 0.5 and 10 atomic 7 Mn were investigated
by DTA and electrical resistance techniques in order to characterise the
M and A_ behaviour in the as-quenched and aged conditions. Calculations
of the tReoretical location of the B2/DO3 transition temperatures were
then performed in order to correlate the degree of order with the ageing
behaviour and extended to include an explicit calculation of the Ms
temperature.

II. Experimental Procedure

Alloys were made by melting copper, zinc and manganese of 99.97
purity in evacuated quartz capsules with a weight loss of less than 0.27.
The as-cast buttons were homogenised for 3 days in the B phase field
before being fabricated into wire form. Transformation temperatures
were established by the standard four-probe resistance technique and DTA
measurements; additional MS values were obtained from stress strain
curves using Ahlers technique [8}.

+Metallurgy Dept., Swansea Univ., S. Wales.
*Dept. of Metallurgy, Univ. of Surrey, Guildford, U.K.
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III. Results

The effect of manganese on the M temperature is shown in (Fig. 1),
where the combined effect of manganese and zinc is compared w1gh the
effect of zinc alone. Manganese appears to depress M_ by 80+2 K/at7Mn,
the same value as for zinc [4]. Also shown are some pred%cted.values for
binary Cu-Zn alloys based on calculations outlined later in this paper,
and assuming the known small hysteresis of these alloys all?w§ To to be
equated to M [8]. The ageing behaviour of manganese containing a%loys
is contrasted with aluminium containing alloys in (Fig. 2), where it can
be seen that identical treatments lead to opposite effects in the two
systems. The entropy change between the parent B phase and martensite

as deduced from AS=ydt/3M [8] was found to be independent of the ageing
treatment, as previously Observed in other alloys [9]. This confirms
that the a phase inherits its degree of order from the B phase. The
value of AM_was found to increase with ageing temperature right up to
the temperagure where o precipitation interferes with ordering changes
in contrast with Cu-Zn-Al where AM_ tends to reach a constant value [1].

IV. Relation of Ageing Behaviour to the B2/DO3 Transition

The B2/DO3 transition temperature for the B phase was calculated
using the method of Inden [10,11], the input data being listed in
Table I. 1In the absence of a stable Cu-Mn B phase, the required para-
meters for BCC Cu-Mn were derived by combining available data for the
A2/B2 transformation in ternary Cu-Zn-Mn alloys [7,12] and enthalpy of
formation data [20]. A similar procedure for obtaining missing binary
data was adopted by Inden for Au-Cu-Zn [11]. It is assumed, following
Miedema [21], that the enthalpy for formation for BCC and FCC alloys can
be taken to be the same to a first approximation. (Figure 3) shows that
the calculated transition temperatures are consistent with inflections
found in DSC experiments, and also shows the result of similar calcula-
tions for Cu-Al-Zn alloys. Although the two quasibinary sections are
not parallel, there is little doubt that the general form of the tran-
sition is the same in both systems, so that differences in ageing
behaviour cannot be explained by reference to any obvious difference in
the ordering of the B phase.

V. Rate of Ordering in Cu-Zn-Mn Alloys

Despite initial hopes that manganese might prove to slow up the
ordering reaction, the current results indicate that ordering is still
very rapid, as found for the binary alloys [13]. Some disorder can
obviously be retained by quenching after ageing [14], but the heat
evolved when_a quenched B phase is reheated to 300/350 K is only
(12-25 J mol 1), in marked contrast to the much larger values found for
Cu-Zn-Al (50-150 J mol !). This is consistent with the idea that greater
disorder can be retained in alloys containing trivalent ions rather than
ions of lower valency [15]. It is difficult to attribute a specific
valency to manganese but the effect on the Ms is consistent with manga-
nese acting like divalent zinc. Such a difference in rate of re-
ordering on quenching from elevated temperatures could explain the
absence of any distinctive change in AMS on ageing above and below the
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B2/D0O3 transition in Cu-Zn-Mn alloys. However the contrast between
Cu-Zn-Mn and Cu-Zn-Al shown in (Fig. 2) requires a different explanation
involving the associated change in free energy of the martensite on
ordering.

VI. Calculation of Free Energy Curves

An explicit calculation of the M_ can be made by combining ordering
data for both FCC and BCC phases with a regular solution model and phase
stabilities on the lines made familiar by Kaufman [16]. The necessary
ordering input data for FCC phases is very sparse, but provisional
current estimates are listed in Table II. Space limitations preclude
discussion of ternary alloy calculations which will be published else-
where, but most of the principal conclusions derived from such calcula-
tions can be drawn from the much simpler binary case. (Figure 4) shows
that the BCC and FCC curves cross three times which, however unexpected
it may appear, is in conformity with the known phase equilibrium in
Cu-Zn alloys. The ordering parameters x and y and mixing energy listed
in Table III arise directly from the data of Tables I and II [10,11].
The variation on the three intersection points with composition clearly
reproduces both the retrograde solidus so characteristic of these alloys,
and the variation of M_ with zinc content (Inset Fig. 4). The presence
of three critical transition points clearly places severe constraints on
the input data, and it is surprising that such a good fit can be
obtained merely from the ordering data, phase stability information, and
a single additional parameter which in the range 35-407 Zn turns out to
be a 'destabilisation' of the a phase by =440 J mol !. Such a value is
consistent with the magnitude of expected electronic contributions from
Brillouin zone effects [17]. Although the intersections of the free
energy curves are obviously very sensitiveagg the entropy difference
between the phases, the chosen value of AS (2.51) J mol 1K1 only
differs by 0.83 from Kaufman's value [16], and is virtually identical to
the value proposed by Kulkarni (2.80) [18].

VII. Conclusions
1. The effect of Mn on the Ms is essentially the same as for Zn.

2, Because of rapid diffusion, ageing above the B2/DO3 transformation
temperature in Cu-Zn-Mn alloys does not produce markedly different
structures than ageing at lower temperatures.

I If the o phase inherits its degree of order from the B phase, any
disordering of the B phase will result in a rise of M_ provided the
ordering energy of the a phase is smaller than the oréering energy of
the B phase. This appears to be the case in binary Cu-Zn and ternary
Cu-Zn-Mn alloys.

4, If the M_ is depressed by disordering B, as found in Cu-Zn-Al

s :
alloys, the ordering energy of the o phase must be greater than that of
the B phase (or some similar secondary effect due to changes of the
electronic contribution must occur as a result of ordering). Calcula-
tions are in hand to test this hypothesis.
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TABLE I

Ordering and Associated Parameters for BCC Alloys*

AH Formation Wy _ Wy _
System C=0.5 kJ mol ! kJ mol ! kJ mol ! X Remarks
Cu-Zn -10.48 7.51 3.97 0.68 | )
Ma~7n - 6.30 5.38 1.22 0.78 | ) This
work
Cu-Mn - 4,20 3.31 1.18 0.75 | )
Cu-Al «17.33 11.86 7.29 0.63 | ) From
Al-Zn - 0.65 -0.33 1.31 0.85 |y Ahlers [19]

*For the definition of ordering parameters in Tables please refer to
Inden [10,11].
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TABLE II

Ordering and Associated Parameters for FCC Alloys*

AH Formation Wy _ Wo _
System | ¢-0.25 kI mol ! | kI mol™ ! | kI mol ! | ¥ REIEESD
Cu-Zn -6.4 5.19 1.25 | 0.82 | AH from [20]
Zn-Mn -11.3 9.43 1.16 | 0.82 | AH from [21]
Cu-Mn +2.2 -1.49 -1.00 | 0.82 | AH from [20]
TABLE III
Free Energy Contributions in 60/40 Brass*
J mol ! BCC FCC Remarks
AGO Phase stability | (4916-2.51T) (736-0.67T) Combination
of Cu & Zn
AG; | Mixing energy -10070 -8338 Function of
WiWs & conc
AGy | Ordering energy | (18127x%2+5957y2) (6646x2+3323y2) | Function of
-TsBCC -1sFCC WiWo conc & T
ord ord
AG3 | Additional term +440 Empirical
\
200 e Cu-Zn (4]
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Effect of Temperature on the Martensitic
Transformation of CuZnSn Alloys

.+ -
L. Guzman and M. Ruhle

Martensitic transformations in CuZnSn alloys have been
studied by "in situ" observations in a transmission electron
microscope fitted with a cold stage. Thin martensite need-
les appear and grow longitudinally (about parallel to a

{112) direction) rather fast. The transverse velocity of
growth is 300 times smaller, about 6-10"2 um/sec. The trans-
verse growth leeds to a final coalescence of adjacent need-
les. Omega precipitates have been identified. The Mg tempe-
rature of the martensitic transformation in thin foils de-
pends on (i) the tin contents of the specimens; (ii) the
aging time at room temperature and (iii) the cooling rate in
the TEM. Structure and orientation relationship between the
martensitic phases and the bcc matrix have been analysed.
Some studies were performed concerning the structure of the
boundary between matrix and martensite.

I. Introduction

In previous investigations it was tried to determine
the variables which control the structure of the martensite
formed in a given CuZn alloy. In particular, two sorts of
martensite are found in quenched polycrystalline alloys:
"thermoelastic" thin needle martensite and "burst" or low
temperature martensite [1]. The structure of the thin needle
martensite has been recognized to be the same as the struc-
ture of low temperature martensite[2], the so-called modi-
fied 9R (M9R) structure. The difference between both forms
is only morphological, no correlation exists between struc-
ture and morphology.

On the other hand it is well known that stress-induced
martensite (SIM) grows as narrow parallel bands which coa-
lesce to form thicker bands [ 3] and eventually a martensitic
single crystal. The structure of SIM depends on its mode of
formation; it can be identical to low temperature martensite
for light deformed specimens, while for higher degrees of
deformation it tends to correspond to a nore symmetrical
structure [ 4,5]

Max-Planck-Institut flir Metallforschung, Institut fir Werk-
stoffwissenschaften, Stuttgart, West Germany

+ s s . & .l
Permanent adress: Instituto de Investigaciones Fisicas,
Universidad Mayor de San Andrés, La Paz, Bolivia
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Little emphasis has been put until now on the kinetics of the
spontaneous transformation. The mode of growth should have an

important effect on the final morphology and structure 9f the
martensite. It should be possible to follow the nucleation
and transformation in a TEM, in which either the temperature
of the specimen can be changed or a stress can be gpplled on
the transparent specimen. However, there are experlmgntal
reasons why it 1is not easy to follow the trans??rmatlon pro-
cess: (i) The thermal drift of the specimen; (ii) as a conse-
quence of the transformation, the specimen is bent, i.e. the
diffraction conditions will be changing during the transfor-
mation, and (iii) it is not easy to identify nuclei of the
transformation, it may well be that the process starts ir an
area of the specimen which is not under observation. Tt may
even happen that the martensite does not form at all because

of the lack of nucleation sites. This is especially true for
thin foils.

The morphology of the martensitic phases observed in
CuZnSn alloys does not differ appreciably from the observed
one in pure CuZn alloys. Single crystals do not show thin
needle martensite, but if the cooling takes place under a
small external stress, the burst martensite is preceeded by
some thin needles [5]. The kinetics of the transformation
seems to be affected by the Presence of tin atoms. The burst
character can be completely suppressed depending on the
cooling rate, also the hysteresis of s transformation cycle
is increased and thermal stabilisation phenomena of the B-
and the martensitic phase appear.

In this paper TEM observations of the formation, mor-
phology and structure of CuZnSn martensites are reported.

IT. Experimental Details

Single crystals of five CuZnSn alloys listed in Table I,
were grown by the Bridgman method in sealed quartz capsules,
and subsequently quenched from the B-phase region into ice
water. Specimens of different orientations and geometries
were prepared by spark cutting. Retained martensite could be
observed by optical microscopy after aging and straining the
specimen, or after a thermal cycle. From the specimens,
discs (2.3 or 3 mnm diameter) were cut out and thinned elec-
trolytically for TEM work. The same preparation was done

with fresh undeformed specimens. The foil normal was parallel
to (100)B or 011)8.

TEM studies on the strained and precooled ( T<.Ms)
specimens were performed in a JEM-200 A electron microscope
at room temperature. Retained martensite needles could be
identified and analysed. In addition, observations on the
formation of martensite were performed in situ in the JEM-
200 A fitted with a simple cooling stage, and in a Hitachi
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HU-650 high voltage electron microscope, in which a double
tilting cooling stage is available and where the cooling ra-
te and the temperature of observation can be controlled.

IITI. Experimental Results

(1) TEM Observations of the Retained Martensite

Needles of the retained martensite present in pre-
strained or pre-cooled specimens of alloy 3 could be obser-
ved at room temperature even if the martensitic temperature
Mg was much lower than room temperature. The microstructural
features of the retained needles produced by both methods
are the same. One needle 1s shown in Fig. 1. From the ana-
lysis of the selected area diffraction pattern it can be
shown, that the boundary between matrix and martensite (BMM)
lies about parallel to a {110} plane. Both BMM of one needle
are parallel, towards the tip of the needle the two BMM bend
together. The direction of the tip i1s always about parallel
to a {(112) direction. In front of the tip a high density of
dislocations can be observed. In the BMM parallel disloca-
tions are observed. From contrast experiments (different
dark field images) it can be concluded that the strain field
of the boundary dislocations is mainly located within the
bce matrix. The SAD pattern of the martensite needle was
analysed. The observations are in agreement with the struc-
ture proposed by Delaey et al [6]. The fine structure within
the needle could be interpreted with the structure of [6].
The microstructure of a martensite needle can best be seen
by imaging under dark field condition utilizing a diffrac-
tion spot caused by the martensite, Fig. 2. It can be seen
that a high density of two dimensional defects is present
within the martensite. In some cases, as such presented in
Fig. 3, "empty'"needles were found. Fig. 3 is a dark field
image taken with a martensite reflection. Only the BMM are
in contrast. This means that the greatest part of the mar-
tensite was removed while along the BMM only a thin layer
was retained. In all the specimens, omega phases can be ana-
lysed as described by Warlimont et al[7] .

(2) "In situ" TEM Observation of the Formation of Thermal
Martensite

Electropolished foils of alloy 5 (Table I) were cooled
in the HVEM and the formation of the thermal martensite was
observed in situ. It was found, that the temperature at
which the transformation starts, Mg, depends on the cooling
rate of the thinned specimen. The same specimen was gooled
and warmed several times. For a cooling rate r = 0.2 C/sec

Mg was ~130 K while for r = 1.hoC/sec, Mg was'~30 K.
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IV. Discussion

The characteristic temperatures of the martensitic
transformation in CuZn and other Cu-based alloys are usually
fixed through the composition and the temperatures do not
depend on the cooling rates. Only in an aged CuSn alloy, a
lowering of the Mg temperature has been reported [8]. This
stabilisation of the B-phase in CuSn is explained by the
exhaustion of martensite embryos, correlated to the preci-
pitation of a tin rich phase.

We believe that such a precipitation may also be the
cause for the rather peculiar behaviour of our alloys. The
omega phases which are formed by displacive transformations,
are always present in the B-phases, even in pure CuZn alloys.
These omega phases cannot be direct responsible for the sta-
bilisation. We assume that tin rich precipitates which are
not identical with the omega have an important interaction
with the martensite needles. The precipitates can be obser-
ved in foils of orientations different than {110} . The mar-
tensite has the property to dissolve the precipitates in
such a way that traces of the needles can still be identi-
fied after the completion of the reverse transformation.

The transformation itself 1is never complete and single
transformation events continue after the specimen has rea-
ched a given temperature. An explanation for retained mar-
tensite in the boundaries (Fig. 3) is that the interface
movement during the heating may be constrained by the se-
gregation of tin atoms to the boundary.

The velocity of longitudinal growth that we have been
able to measure, vy 220 um/sec, is great respective to the
transverse velocity but it is infinitesimal compared with
the theoretical prediction, which is 1/3 of the velocity of
sound. The slowness of the growth in this alloy may be ex-
plained through the pinning of the precursor dislocations,
or matrix hardening. The strong dependence of Mg on the
cooling rate is the most striking feature. It seems that
the transformation needs a certain time to progress, which
may not be available during a rapid cooling. The growth may
then be limited by the atom mobility. The pure diffusionless
character of the transformation is thus questionable.
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Table I. Composition of the CuZnSn Alloys used (in at %)
and their Mg, M, temperatures (in K)

Alloy Cu Zn Sn MS Mb
1 60 40 - 80 -
2 61 38.5 0.5 - 113
3 61.9 37.1 1 145 136
L 62.9 35.6 145 = 170
5 63.9 3h.1 2 210 200%
*in fresh gquenched bulk specimens

120 K 290 K 300 K

Fig. 4. TEM micrographs showing the reverse transformation
of a martensite needle
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The Influence of Thermal Treatments on Martensitic
Transformation in Cu-Zn-Al Alloys

R. Rapacioli* andM. Chandrasekaran¥*

Abstract: Thermal treatment of B Cu-Zn-Al alloys in the region of B ins
tability (~400°C), immediately following solution treatment and quenching,
produce Y precipitates. A widening of the resistance as well as stress
hysteresis during subsequent transformation of B to martensite on cooling
and stressing respectively is observed in such thermally treated alloys.

In addition the Mg—Mg difference on cooling and transformation hardening
during stressing are also increased. The utility of the thermal treat-
ments in altering the damping characteristics of the alloy is considered.

I. Introduction

Cu-Zn-Al alloys undergo a martensitic transformation on quenching or
after quenching at lower temperatures. Short time thermal treatments at
around 250-300°C (flash heating) have been shown to shift to lower values,
immediately after the treatment, the temperatures characterising the mar-
tensitic transformation. The original pre-treatment values are however
recovered on ageing, in the B condition,at temperatures as low as room
temperature [}—i]. The thermal treatment has been shown to shift all the
characteristic temperatures equally, thereby leaving the hysteresis due
to the transformation cycle unaltered.

Recent investigations, which will be reported here, indicate that
transformation hysteresis is altered on thermal treatments at a slightly
higher temperature. The treatment and the associated changes produced in
the alloys are presented in some detail.

IT. Experimental Procedure

Cu-Zn-Al alloys were prepared by melting together the component me-
tals of high purity in sealed quartz tubes. Single crystals of the alloys
were subsequently grown in quartz tubes by the Bridgman technique. The
crystals were then spark machined to two different forms:

i) cylindrical lengths of 20 mm and 2.8 mm diameter to be used for
resistance measurements and for providing samples for electron
microscopy; and

ii) 2.8 mm diameter and 20 mm gauge length samples with 6 mm shoulders
at the ends to serve as samples for tensile testing.

The spark machined pieces were solution treated at 800°C and quenched
into iced water at 5°C. After property measurements, the same samples were
again solution treated at 800°C, quenched into iced water at 5°C. Immedia
tely after this treatment the samples were heated to around 400°C and main
tained at this temperature for 10 seconds, 30 seconds or 3 minutes and
then quenched into the iced water.

* Centro Atdémico Bariloche, Comisién Nacional de Energia Atdmica,
8400 S.C. de Bariloche, Argentina
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The standard four probe technique was used for resistance measure-
ments. The copper leads were spot welded to the sample as also a chromel

alumel thermocouple to the middle part of the sample. A constant current
generator was used to drive a current of 100 mA through the sample. The
potential drop across the sample was measured by a Ke%t§1ey'1A8Nanovoltme—
ter that had provisions for zero suppresion and ampllflcaFlon. The am-
plified output of the Nanovoltmeter after the initial nulling was fed to
the y-channel of an x-y recorder; the thermocouple leads were directly
connected to the x-channel of the recorder.

The sample with its leads was surrounded by three coaxial glass tubes.
The outer tube was then cooled in direct contact with liquid nitrogen in
a dewar, and the sample inside could thus be cooled gradually. Lowering
the dewar with the liquid nitrogen led to gradual warming up of the tubes
and the sample inside it. Cooling and heating rates less than 3°C/minute were
possible with this arrangement. Continuous recordings of resistance as a
function of temperature were thus obtained with the x-y recorder.

Samples for electron microscopy were obtained by further spark cutting
from the 2 cm lengths, slices of 0.2 mm. The resulting discs (2.8 mm dia-
meter and 0.2 mm thick) were first dished by jet polishing with an electrc
lyte of 207%H2S04 in methanol. Final electropolishing was carried out in
a solution of 157HNO3 in methanol.

The tensile specimens were tested at room temperature (~20°C) using
an Instrom Testing machine.

IIT. Results

A minimum of 2 days at room temperature (~20°C) was allowed after
each thermal treatment prior to measuring the electrical resistance and
mechanical behaviour. This was intended to obviate the transient effects
that dilute disorder, produced after quenching, has on the M_ and other
characteristic temperatures of the transformation [1—5].

Figure 1 shows a comparison of the transformation temperatures and
the hysteresis produced in a sample quenched from 800°C and in the same
sample after it is subjected to treatment around 400°C for 10 seconds,
immediately following solution treatment at 800°C. In figures 2 and 3
are shown the same comparison but for different samples and for differing
times of treatment at 400°C, viz., 30 seconds and 3 minutes respectively.
The following observations can be made from the figures:

i) the transformation hysteresis is always wider when the sample is

subjected to the 400°C treatment than without it;
ii) in samples subjected to 400°C treatment, hysteresis is wider, the
longer the time of treatment;

iii) the transformation temperatures and therefore the position of hys-
teresis after 400°C treatment with respect to that in just solu-
tion treated samples are shifted, the direction of shift depend-
ing upon the time of treatment at 400°C eg. Mg temperature is
shifted to lower values for 10 and 30 second treatments, whereas
after a 3 minute treatment My is shifted to higher temperatures;

iv) the M -M; difference is increased in samples subjected to the
400°C treatment.
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The increase in transformation hysteresis after giving the sample a
treatment at 400°C is also evidenced on stress inducing the martensite.
Pseudoelastic curves from the same sample with and without the 400°C treat
ment are shown in figures 4a. and 4b. respectively where the change in hys
teresis is clearly observable. The figures also indicate that transforma
tion hardening is enhanced with the 400°C treatment. This is analogous to
the increase in MS—Mf difference on cooling and mentioned earlier.

Electron microscopy of the samples after the 400°C treatment has re-
vealed the presence of precipitates in B matrix. These are shown in
figures 5 and 6 for different treatment times, 10 seconds and 3 minutes
respectively. The precipitates have been identified as those of y phase
from the characteristic tripling of the cell dimensions of B observed
in electron diffraction patterns.

IV. Discussion

It is obvious that hardening during transformation and the increment
in transformation hysteresis are to be attributed to the presence of y
precipitates. The manner in which y effects these changes are however of
interest.

Transformation normally occurs in Cu-Zn-Al alloys by the growth of
favourable nuclei, that leads to a self accomodating configuration of
plates which minimizes shape deformation. If the presence of Yy precipi-
tates restricts the growth of some of these favourable nuclei, transfor-
mation through growth of alternate variants could lead to a less self
accomodated martensite and therefore increased shape deformation. More
energy is then to be stored in the material in accomodating the extra
strain. This increase in elastic strain energy due to the interaction
of less-self accomodating plate variants could then explain the observed
transformation hardening.

The factor responsible for the enhanced hysteresis could be the mo-
bility of the B-martensite interface. The Y precipitates may constrain a
growing plate to assume an interface that deviates from the usual undistor
ted habit plane interface, eg., a more lenticular shape. Motion of such
interfaces requires more energy which is however dissipated.

These inferences drawn here are consistent with the conclusions of
Ahlers et al. [6] concerning the factors responsible for energy dissipa-
tion and transformation hardening in B-Brass martensites.

It must be emphasised at this point that the sequence of treatments
must be strictly adhered to, in producing Y precipitates. The first quen
ching from 800°C and the following rapid heating to 400°C are essential
in this respect, as it was oberved that direct quenching from 800°C to
400°C did not result in production of Yy, even after substantially longer
holding times as 60 minutes. It is well known that y-Brass structure con
sists of some vacant lattice sites |[7] and the production of considerable
amount of vacancies during the first quench from 800°C may be responsible
at least in enhancing the rate of y formation.

More work, however, is needed in further understanding these effects,
as also the shifts in M_ for longer and shorter treatments at 400°C.
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As regards the latter effect, it is possible that Fhe longer 3 m%nutes
treatment at around 400°C produces equilibrium Yy with correspondlng com-
position changes in 8. This would lead to leaner solute contents in B,
thereby accounting for the higher Mg temperature.

The possibility of manipulating the tranéformation pardening agd )
hysteresis may have some interesting implications regarding the a?fllca
tion of this alloy in sound damping devices. It has been shown.[B that
damping capacity can be evaluated by the ratio of the area enclosed
between the stress-strain curves in loading and unloading, to the total
area under the loading curve. Though this ratio can be increased with
the thermal treatment suggested here, one must also consider the effect
of transformation hardening. In this connection, it may not be possible
to enhance the peak damping capacity in the transformation region.
However, the transformation hardening and the M -M¢ difference may be of
some help in widening the transformation region at the expense of a de-
crease in peak damping. This region could then be effectively used for
damping at small stress amplitudes. Internal friction studies are at
present being conducted to evaluate the damping capacity of the alloys

after different thermal treatments. Results of this study will soon be
reported.
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Formation and Decomposition of Metastable Phases in Some
Titanium~Vanadium Alloys

M.H.L, Gomes*, H,M, Flower+, D,R.F, West+

The structure and hardness of Ti-~V alloys, containing 7, 12 and
16 wt %V respectively have been investigated after quenching from the
B field to room temperature and subsequent ageing, In the 7 %V
alloy, quenching produced o' hcp martensite which, on ageing pre-
cipitated B with little hardening, The quenched 12% V alloy con-
tained o' orthorhombic martensite, which decomposed spinodally on
ageing, and also showed some reversion to B at 525°C, Ageing pro-
duced substantial hardening, The quenched 16% V alloy contained B + w
and ageing led to further w precipitation with considerable hardening.

I. Introduction

Transition elements, such as Mo, Nb and V, stabilize the B phase
of titanium, Some metastable phases (a', a'", w and B ) are formed
after quenching the high temperature 8 phase to room temperature [1].
Complex microstructural changes can occur in such metastable phases
upon ageing., The present paper reports an investigation of
structural features of these transformations in some Ti-V alloys and
the associated hardness changes,

II. Experimental Procedure

Three Ti~V alloys containing 7, 12 and 16 wt %V respectively were
prepared by argon arc melting, using high purity titanium sponge and
99.9% pure vanadium., The ingots were rolled at 600°C into 0,65 mm
thick sheets. Sheet specimens were mechanically polished, wrapped in
Mo foils and encapsulated in silica under argon, They were then
solution treated at 1100°C (8 field) for 0,5 h and quenched into water,
the capsules being broken during quenching, Ageing treatments were
performed for times from 10 to 10 000 min, and at temperatures from
375°C to 600°C (a+B field); all the specimens were water-quenched
after ageing., Most treatments were repeated twice, The effect of
heat treatments was studied by light microscopy, x-ray diffraction,
transmission electron microscopy and hardness measurements,

III, Results and Discussion
(1) As-Quenched Specimens
The variation of hardness with composition is shown in Fig 1.
Light microscopy revealed that both 7 and 12 %V alloys had

transformed martensitically (Figs 2 and 3) while the 16 %V alloy
consisted of retained, equiaxed, B grains., (Fig 4).

* CETEC, Belo Horizonte, MG, Brazil
+ Imperial College, London, UK
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Martensite Formation: X-ray analysis showed that in agreement with
previous work [1] the 7% V alloy consisted of o' hcp martensite, with
c/a = 1,585; there was also a small amount of retained B resulting
from diffusion during quenching, the Ms temperature being high [2].
The x-ray analysis of the 12% V alloy showed the a' lines split in two
(Table I)., Considering a distortion of the hexagonal cell to an
orthorhombic one [3] all the lines can be accounted for in terms of

an a' martensite (a = 2,91, b = 5,09, ¢ = 4,64A). The detection of
orthorhombic martensite in this system has previously proved difficult
[1, 4, 5]. Bagariatskii [6] suggested its occurrence in the composi-
tion range 9-10 wt %V. Flower et al [7] observed its formation in a

Ti-10,6 wt 4V alloy and this result together with the present data

suggest that a" occurs in binary Ti-V alloys containing from 410 to 12
%Vo The difficulty in detecting ;' may be due to its composition
range being very narrow in the Ti-V system, A similar narrow range of

a' formation is observed in Ti-Mo [7] whereas it has a large
compositional range in Ti-Nb [7] and Ti-Ta [8]. The relative
stabilities of the a' and o' forms of martensite have recently been
considered in relation to Ti-Mo by Davis et al [9],

Omega Formation: w was present in the as-quenched 16 %V samples:

this accounts for the relatively high hardness shown in Fig 1, The

16 %V alloy showed slight but reproducible age hardening at room
temperature (Fig 5). X-ray analysis of this alloy carried out three
months after quenching showed a B+w structure, but with one line,

(the first one), not fitting the w d-spacings (Table I); this line has
not been accounted for and electron microscopy revealed the presence

of only B and w . It is believed that room temperature growth of the
w present after quenching may be responsible for the observed hardening,

(2) Aged Specimens

Ti-7 wt %V: This alloy, on ageing, showed only slight hardening
followed by overaging (Fig 6). X-ray analysis and electron microscopy
indicated that a' martensite decomposed by heterogeneous precipitation
of B within o ' except at the lowest ageing temperature where
homogeneous 8 precipitation took place,

Ti-12 wt %V: Although relatively soft in the as-quenched condition,

this alloy exhibited a strong ageing response (Fig 7). The greatest
hardness (v410 Hv) was achieved at the lowest ageing temperature (375 C)q
Light microscopy did not resolve the structural changes responsible,

but electron microscopy showed the presence of a fine periodic
precipitate dispersion within the martensite plates (Fig 8). Similar
dispersions in Ti-Mo [10] have been attributed to spinodal decomposition
of the a' phase and the present observations are consistent with this
hypothesis, Ageing at 450 and 525°C caused the peak to occur at

lower hardness values and shorter times., X-ray examination of overaged
specimens at these temperatures showed a and B phases., The 600°C
ageing curve is close to that at 450°C, Both light microscopy and

x-ray diffraction showed evidence of the reversal of o' to B at

600 C; hardening is produced by heterogeneous precipitation of a
particles from B,
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Ti-16 wt %V: Fig 9 shows the variation of hardness with ageing

time and temperature in the rapge 375-600°C, Very high values are
attained at 375°C, For t = 10" min there are clear diffraction lines of
@ ,8 and w (Table I), w is hexagonal with c/a = 0,610, Light
microscopy shows a greyish surface and hydrides in the B grains (Fig 10)
resulting from electropolishing, Hydride formation seriously hampered
transmission electron microscopy of material which had been only

lightly aged. However, the cuboidal morphology of the w could be
clearly seen in samples aged for longer times (Fig 11). Ageing at

4500C gave relatively little hardening and the overaged specimen showed
a fine dispersion of a particles in B . At 5259C the alloy softened
without showing any hardening and the light microscopy showed a dense
dispersion of a particles in B . At 600°C the overaged alloy showed
a coarser distribution of a precipitates, lenticular in shape (Fig 12).
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Table I d-spacings (R) for phases present in some
Ti-V alloys

77V d 2.54]2.34)2.30]2.23]1.72|1.63]1.48{1.33]1.26
as- |a'planes| 100| 002 101 102 110/ 103| 112
quenchedls . 1anes 110 200
127 v d 2.54|2.48|2.32]2.23|2.20[1.72]1.70|1.48|1.45
as- | 'planes 020| 110| 002| 021| 111| 022] 112| 130| 200
quenched —_— ~ ne— | — | ———
(o' ) 100 002 101 102 110
167 V d 2.65(2.29[1.62|1.41/1.33]{1.21!/1.57{1.03[0.96
as- B planes 110| 200 220| 310
hed ,
quenched, blames| ? , 110 201| 002| 121| 112| 220 302
167 V d 2.80|2.54]2.3002.24]1.78]1.72]1.63]1.59|1.41
375°C, |8 planes 110 200
10%min |w planes| 001 110 111 201| 002
. planes 100 101 102 111
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