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where v is the surface normal in the reference configuration, u; are the compo-
nents of the displacement vector on base vectors in the reference configuration
and (),; denotes covariant differentiation in the reference frame.

The matrix material is characterized as an elastic-viscoplastic isotropi-
cally hardening solid. The total rate of deformation, D, is written as the sum
of an elastic part, D€, and a plastic part DP, with

Sahie Sy (3.4)

D€ =
E FE

_ 3,

DP =
20

(3.5)

where 7 is the Jaumann rate of Kirchhoff stress, I is the identity tensor, 7 : I
is the trace of ¥, € is the effective plastic strain rate, E is Young’s modulus, v
is Poisson’s ratio and

1
T'=7- 5(1‘ DI, & = gr’ ! (3.6)

&= é[o/g(O"™ , 9(&) = 00(é/eo + )Y, €0 = 00/ E (3.7)

Here, € = [é&dt and the function g(€) represents the effective stress versus
effective strain response in a tensile test carried out at a strain-rate such that
€ = €. Also, 0y is a reference strength and N and m are the strain hardening
exponent and strain rate hardening exponent, respectively.

Senior et al. (1) studied void nucleation and growth in uniaxial tension
specimens, using both normalized and tempered (N+T) specimens and speci-
mens that were subsequently aged (N+T+A). The work hardening properties
in these two cases differ somewhat; the 0.2% proof stress, the ultimate ten-
sile stress,and the strain at the ultimate tensile stress for the N+T material
are 637 MPa, 761 MPa and 0.083, respectively. Corresponding values for the
N+T+A material are 630 MPa, 770 MPa,and 0.073. This small difference in
work hardening behavior is not describable by the power law relation (3.7); for
example, the higher ultimate tensile stress to 0.2% proof stress ratio for the
N+T+A material implies a higher value of N in (3.7), while the lower strain
to maximum load indicates a lower N value. In the calculations, the values
E =210 GPa, v = 0.3, 09 = 630 MPa, N=0.08,and m = 0.01 are used. In a
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uniaxial tensile test with € = ¢o, these material parameters give an ultimate
tensile stress of 758 MPa at a strain of 0.08.

As sketched in Fig. 2, we consider spherical particles of radius ry located
along the axis of a circular cylinder with an initial spacing of 2by between par-
ticle centers. The cylinder has initial radius Ry and attention is confined
to axisymmetric deformations. Furthermore, the circular cylindrical cell sur-
rounding each particle is required to remain a circular cylinder throughout
the deformation history and within each cell symmetry is assumed about the
cell center line so that only the shaded region is analyzed numerically. As dis-
cussed by Tvergaard (10), this axisymmetric configuration can be considered
an approximation to a three dimensional array of hexagonal cylinders.

FIGURE 2. Axisymmetric model of a material containing an array of spherical
rigid inclusions. Due to the assumed symmetry, only the shaded quadrant is
analyzed numerically.
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In a cylindrical coordinate system with radial coordinate z! and axial
coordinate z*, (the circumferential angle is the z2-direction) the rate boundary
conditions for the axisymmetric region analyzed numerically are

wW=0,T"'=0,T>=0,0on 2°=0 (3.8)
W =Us = €gpeb, TV =0, T2 =0, on 23 = by (3.9)
wl=U;,T°=0,T>=0,0n z' = Ry (3.10)

where () = 9()/0t, éqye is a prescribed constant and U, is determined by the
analysis. With these boundary conditions, the deformed circular cylindrical
cell has radius R = Ry + Uy, and height 2b = 2bg + 2Us.

The lateral displacement rate, U; is determined from the condition that
the average macroscopic true stress increments acting on the cell satisfy

¥ = p¥s (3.11)
with
_ Robop1 [P, 5
1= {bo/O [T"]or=yda® } (3.12)
Rig2 M 4 1
5y = E{R_g/o [T)e52s,2 da' ) (3.13)

The ratio p is taken to give a history of stress triaxiality representative
of that in the neck of a tensile bar. Bridgman’s (11) relation for the stress
state at the center of a necked tensile bar takes the form ¥, = p(¢)Z3. Becker
(12) uses a relationship of this form, but derived from a numerical analysis
of neck development. However, the implementation, Becker (12), leads to
an incremental relation that differs somewhat from (3.11). Here, (3.11) is
employed with p taken to be the following function of €,ye,

0 for €4pe < N
P =94 10(€gue — N) for €4 > N and p < 0.70 (3.14)
0.70 otherwise
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For the material properties used in this investigation, (3.14) gives a triax-
iality history quite close to that given by Bridgman’s (11) formulas, as shown
in Fig. 3. For the axisymmetric configuration analyzed here, the effective
stress, ¥, and the hydrostatic stress, ¥} are given by

1
D = |E3 — El| s Mg = g(zg + 221) (3.15)

and the triaxiality is ¥j /..
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FIGURE 3. Stress triaxiality, ¥,/X. calculated from (3.11) for the material
properties used here and with increasing normal traction across the interface.
The dashed curve is the triaxiality history obtained from Bridgman’s (11)
formulas.

The triaxiality history in Fig. 3 based on (3.11) is representative of
the stress state given by Bridgman’s (11) formulas only while the normal
traction across the interface is still increasing. When the normal traction is
on the descending branch of the curve in Fig. 1, ¥3 decreases and (3.11)
overestimates the accompanying drop in triaxiality. Hence, (3.11) is not well
suited for an investigation of the complete debonding process but, as Fig. 3
shows, is adequate for the initial debonding study carried out here.
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The governing equations are solved using a finite element procedure de-
scribed in (8). At each time step, the finite element stiffness matrix is for-
mulated from an incremental principal of virtual work obtained by expanding
(3.1). The deformation history is calculated in a linear incremental man-
ner and, in order to increase the stable time step, the rate tangent modulus
method of Peirce et al. (13) is used. This is a forward gradient method based
on an estimate of the plastic strain rate in the interval between ¢ and t + At.
The incremental boundary value problem is solved using a combined finite
element Rayleigh-Ritz method, Tvergaard (14). The finite element method
is a displacement based finite-strain formulation that incorporates an addi-
tional contribution to the global stiffness matrix from the interface integral.
Finite element meshes with 20 quadrilaterals around the inclusion and 17 in
the radial direction and with 24 quadrilaterals around the inclusion and 12 in
the radial direction were used; the former in calculations with ro/Ro = 0.3
and the latter with ro/Ry = 0.6. Each quadrilateral consists of four linear
displacement “crossed” triangular elements. A more complete description of
the numerical procedure as well as additional references are given in (8).

RESULTS

The numerical calculations illustrate effects of particle size and spacing
and interface strength on void nucleation. The matrix material properties are
as specified previously and the cell geometry is kept fixed with by/ Ry = 1.0.
Furthermore, the interface shear stiffness ratio a is taken as @ = 1.0 in all
cases. In (8), the value a = 10.0 was mainly used, but numerical results in (8)
showed little sensitivity to the value of a. The dimensionless groups varied
are a particle spacing parameter, 79/ Ry, a particle size parameter, §/ry, and
the ratio of interface strength to reference matrix flow strength ope4/00.

As discussed in (8), void nucleation is a process that occurs over a range
of strain and the appropriate definition of a void nucleation strain depends
on the context in which it is to be used. The focus here is in relation to the
data of Senior et al. (1) where the fraction of particles with visible voids is
reported. Hence, the strain at which debonding initiates along the particle-
matrix interface is of interest. By way of contrast, in (8) the nucleation strain
is defined in a manner that is appropriate for relating the results to Gurson’s
(15,16) constitutive relation for progressively cavitating solids. To emphasize
that the quantity reported is the initial debonding strain, it is denoted by
€dbnd- Computed results for the dependence of the initial debonding strain on
interface strength, particle size and particle spacing are shown in Table I. As
discussed in (8), for certain interface characterizations equilibrium solutions
only exist if €,,. decreases during decohesion. In Table I, such cases are marked
with a superscript * and the maximum value of €4, is reported.
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TABLE I

DEPENDENCE OF INITIAL DEBONDING STRAIN ON INTERFACE
STRENGTH AND PARTICLE GEOMETRY

ro/Ro Omaz/00 /o €dbnd
0.3 2.4 0.00333 0.40*
0.3 2.4 0.01 0.44
0.3 2.4 0.03 0.49
0.6 2.4 0.01 0.21
0.3 3.0 0.01 0.75
0.6 3.0 0.01 0.42
0.6 3.6 0.01 0.52*

The entries marked by * correspond to local strain maxima for cases where
equilibrium solutions for continued debonding have decreasing strain.

The particle spacing 7o/ Ro = 0.3 represents a volume fraction of 0.018.
For the N+T and N+T+A materials Senior et al. (1) report precipitate volume
fractions of 0.0149 and 0.0217, respectively. With ro/Ro = 0.6, the volume
fraction is increased to 0.144. This high volume fraction is used here as a simple
means of modelling the interaction effects that occur in a particle cluster. With
oo = 630 MPa, the values of 6,,,4,/00 = 2.4, 3.0 and 3.6 in Table I correspond
to interfacial strengths of 1512 MPa, 1890 MPa and 2268 MPa, respectively.
If 7o is taken as 36 X 10™° m, which is a value near the mean particle radii of
34 x 10~2 m for the N4+ T material and 40 x 10~? m for the N+T+A material
and, if the characteristic interface length & is regarded as fixed at 36 x 107!
m, then the three particle sizes in Table I are 12 X 1072 m, 36 x 107° m
and 108 x 1072 m. The values of the work of separation, Baep = V0naz0/ 16,
corresponding to the three interfacial strengths are then 0.306 J/m?, 0.383
J/m? and 0.459 J/m?. In the following discussion, unless otherwise stated,
§ will be regarded as fixed at 36 x 107! m, with ro and Ro being varied to
obtain the values of rq/ Ry and §/r9 shown in Table I. Other interpretations
can be made. For example, if, for the first three entries in Table I, the particle
size is regarded as fixed at 36 x 10~% m, the variations in §/ry correspond to
values of the work of separation, @sep, of 0.102 J/m?, 0.306 J/m?, and 0.918
J/m?2.

With § regarded as fixed, the first three entries in Table I nearly span
the range of carbide particle sizes in (1) and show a definite size effect, but the
initial debonding strain, €g4p,,4, only varies between 0.40 and 0.49 as the particle
size varies by nearly an order of magnitude. At fixed particle size and spacing,
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there is a strong effect of interfacial strength on initial debonding strain. With
ro/Ro = 0.3 increasing the interfacial strength by 25%, from 1512 MPa to 1890
MPa, increases the initial debonding strain from 0.44 to 0.75; similarly with
ro/Ro = 0.6 the initial debonding strains are 0.21, 0.42 and 0.52, for the three
interfacial strengths considered here. Particle spacing plays an important role
in setting the debonding strain. Decreasing the particle spacing by a factor of
two, decreases the initial debonding strain from 0.44 to 0.21 with an interface
strength of 1512 MPa and from 0.75 to 0.42 with an interface strength of 1890
MPa.

mO. 4

FIGURE 4. Contours of constant plastic strain, €, in the deformed config-
uration of the quadrant analyzed numerically for the case ro/Ro = 0.3,
Omaz/00 = 2.4 and §/rg = 0.01 at €50, = 0.344. The tension axis is ver-
tical and the rigid inclusion is shaded.
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0.6

08

FIGURE 5. Contours of constant plastic strain, €, in the deformed config-
uration of the quadrant analyzed numerically for the case rq/Ry = 0.6,
Omac/00 = 3.0 and §/rg = 0.01 at €50, = 0.334. The tension axis is ver-
tical and the rigid inclusion is shaded.

Very large strains develop around the particles prior to debonding as
illustrated in Figs. 4 and 5. As shown in Table I, the debonding strains for
these two cases are very close. The stage of deformation shown in Figs. 4 and
5 is a bit prior to attainment of the maximum interfacial normal traction. In
Fig. 4 un/6 = 0.26 and in Fig. 5 u,/6 = 0.23. With ro/Ry = 0.6, Fig. 5,
the region of high strain concentration occupies a greater part of the unit cell,
but both figures exhibit the high strain concentration that develops at 45°
from the tensile axis. The Mises effective stress, 7, is highest where the strain
concentration is highest, while the hydrostatic tension is highest near the axis
of symmetry. The combined effect is that debonding begins near the end of
the strain concentration closest to the axis of symmetry. However, typically,
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as discussed in (8), the crack rapidly propagates to the axis of symmetry and
a spherical cap void develops with the maximum normal displacement at the
axis of symmetry.

The cases shown in Figs. 4 and 5 were each calculated using two meshes.
For the case shown in Fig. 4, one mesh was the 20 x 17 element mesh used
in all other calculations with 79/Ry = 0.3. The second mesh was a much
cruder 12 x 11 element mesh. For the crude mesh calculation €gp,q = 0.42 as
compared with the finer mesh value of €dbnd = 0.44. For the case shown in
Fig. 5 where ro/Ro = 0.6, the two meshes were a 20 x 12 element mesh and a
24 X 12 mesh, but with the increased number of elements concentrated around
the strain concentration to resolve it more accurately. In these calculations,
the coarser mesh gives €43,,4 = 0.44 and the fine mesh gives €gpnqg = 0.42. The
variation of egp,4 with increasing numbers of elements is not monotonic, as
these two examples illustrate. This is not unexpected since, for example, the
uniformity of the element distribution around the particle was changed with
the change in number of elements. These results are merely meant to give
some indication of the mesh dependence of the reported values of €dbnd. For
each of these calculations, the values reported in Table I and the contours in
Figs. 4 and 5 are based on the finer mesh.

DISCUSSION

Senior et al. (1) present results for the fraction of carbides nucleat-
ing voids as a function of plastic strain for normalized and tempered speci-
mens (N4T) and specimens that were subsequently aged (N+T+A). For the
N+4+T+A material 10% of the carbides have nucleated voids at an accumulated
plastic strain of & 0.45, while for the N+T material the 10% voided fraction
is not reached until a plastic strain of ~ 0.64. The 20% level is reached at
strains of ~ 0.6 and =~ 0.8 for the N+ T4+A and N+T materials, respectively.
For the N+T+A material the number fraction of carbides nucleating voids is
44% at the fracture strain of 0.88 and for the N+T material this number frac-
tion reaches 56% at the fracture strain of 1.19. At a strain of 0.75, about 32%
of the carbides have nucleated voids in the N+T+A material, while at this
strain approximately 15% of the carbides have nucleated voids in the N+T
material. This can be compared with the calculated nucleation strain of 0.75
in Table I, based on a uniform particle distribution, at 0.018 particle volume
fraction, with an interface strength of 1890 MPa.

There are several factors that lead to preferential void nucleation at cer-
tain carbide particles. Senior et al. (1) state that precipitate nucleated voids
formed exclusively at carbides on microstructural boundaries and that clusters
of carbides at these locations were the sites at which nucleation occurred pref-
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erentially. Preferential nucleation at clusters of carbides is consistent with the
numerical results here which exhibit a large effect of particle spacing on the
strain for initial debonding. The influence of microstructural boundaries has
not been incorporated into the formulation, although this is possible in princi-
ple. In the present context, the significance of such boundaries most likely lies
in the stress concentration they induce. In this regard, it is important to note
that in the analyses here the matrix material is represented as an isotropic and
isotropically hardening solid. For the particle sizes of interest, ~ 10x 107% m
to ~ 100 x 10~2 m, material anisotropy may be significant in determining the
stress concentration around particles. Furthermore, at this size scale discrete
dislocation effects, which are not accounted for in the model, may play a role.

Senior et al. (1) discuss the possibility that the difference in ductility
between the N4+T material and the N+T+A material may be due to particle
size effects; the mean particle radius being 34 X 10~ m for the N4+T material
and 40 x 10~? m for the N+T+A material. The calculations carried out here
indicate that the difference in particle size would not account for the observed
difference in void nucleation characteristics.

Senior et al. (1) also estimate the interfacial strengths as 2050 MPa
for the N4+ T material and as 1430 MPa for the N4+T+A material. Since
we obtain nucleation strains in the range 0.40 to 0.49 presuming a uniform
distribution with an interface strength of 1512 MPa, it seems probable that the
estimate for the interface strength given in (1) for the N+T+A material is too
low. Assuming that the spacing ro/Ro = 0.6 corresponds to a rather highly
concentrated cluster, that nucleates voids rather early, the results here suggest
that an interface strength in the range between 1890 MPa and 2268 MPa is
reasonable for the N4+ T material. This is consistent with the estimate in (1).
Since the present results indicate that particle spacing plays an important role
in setting the debonding strain, data on spacing at void nucleating carbides
is needed to make a more quantitative comparison between model predictions
and experiments.

The imposed history in the analyses does not involve a high degree of
stress triaxiality, see Fig. 3. Bridgman’s (11) formulas are known to under-
estimate somewhat the stress triaxiality in the neck of a tensile bar, see e.g.
(17), but still the triaxiality that develops in the neck of a tensile specimen is
significantly less severe than at a notch root or in front of a sharp crack. Data
on void nucleation at carbides at various stress triaxialities representative of
those in front of notches and sharp cracks, say ¥,/ in the range between
1 and 3, could play an important role in quantifying the dependence of void
nucleation on particle distribution and interface properties. Finally, it is noted
that the focus in this investigation has been on initial debonding. However,
calculations carried out within the framework used here can, as in (8), be



345

continued through complete debonding and subsequent void growth.
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EFFECT OF PARTICLE-VOID INTERACTION ON VOID GROWTH
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INTRODUCTION

Most results on void growth in plastically
deforming solids assume that the particle from
which a void is nucleated does not interfere with
the subsequent growth of the void even when the
void shrinks in size in one or more directions. In
effect it has been assumed either that the void
exists from the start of straining with no particle
present or that the particle mysteriously
dissolves once nucleation occurs. Here we present
two sets of results taken from work in progress
which give some indication of the effect of the
particle when it interacts with the void. First we
present results for the initial growth of a void
nucleated from a spherical particle in an elastic-
perfectly plastic solid undergoing axisymmetric
straining in the presence of hydrostatic tension or
pressure. When the ratio of the mean stress to the
tensile flow stress is less than about 0.6, the void
remains in partial contact with the particle and
has a volume rate of increase which 1is
substantially greater than an unconstrained void.
The second set of results are for a void nucleated
at a spherical particle in a linearly viscous solid
when the remote deformation is one of simple shear.
Interaction between the particle and void 1is
modeled in an approximate way and deformation of
the void to large shear strains is tracked. The
interaction significantly affects the growth of the
void and its contribution to void softening.

SPHERICAL VOID IN AN ELASTIC-PERFECTLY PLASTIC
SOLID UNDER AXISYMMETRIC STRAINING

Consider a spherical void of volume V in an
infinite elastic-perfectly plastic solid with

tensile flow stress O, and with a Mises vyield
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surface. The stresses remote to the volid are
axisymmetric with

0;,= 0,,= T and O33 = S (1)

with 8§ > T such that remote yielding requires S-T =
O,. Denote the remote axisymmetric strain rates by

. . 1 . . .
811=822=—58 and §€35=E€ (2)

where £€> 0 when S > T.

The normalized dilatation rate of the void,
v/ (eV), as a function of the stress triaxiality was
determined by Rice and Tracey (1) under the
assumption that the void is unconstrained. Further
studies of the same problem were included in the
work of Budiansky et al. (2). The lower of the two
curves in Fig. 1 gives the normalized dilatation
rate of the unconstrained void as a function of the
triaxiality ratio

@[O0, = (B+ 2T)/(30,) (3)

for T in the range -o < T < S. The dilatation rate
V is negative (€ 1is always positive in this range)
for ©,/0, below about -0.05.

For ©,/0, below about 0.6 the equatorial

radius of the unconstrained void shrinks as it
deforms. Thus, if the void has been nucleated by
debonding at a spherical particle it will maintain
contact with the particle in the vicinity of the
particle's equator:. To model the interaction of the
particle with the deforming void we have used the
same computational procedure as in references (1)
and (2), Dbut we have constrained the radial
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velocity of material elements at the equator of the
void to be nonnegative. Thus, for o,/0, below

about 0.6 the particle props open the particle such
that it maintains a constant equatorial radius. The
resulting normalized dilatation rate for the
constrained void is shown as the upper curve in

Fig. 1. The dilatation rate is significant even
when O, = 0 and it does not become zero until O/ Gy
= L6,

o
E v
€V
8 A
—T
'd 61
/
4 =1

CONSTRAINED

UNCONSTRAINED
—tt
5 1.0
Om
Oo
FIGURE 1. Normalized dilatation rate for a

spherical void with and without particle
interaction.
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EVOLUTION OF AN INITIALLY SPHERICAL VOID IN A
LINEARLY VISCOUS SOLID UNDER SIMPLE SHEAR WITH AND
WITHOUT PARTICLE CONSTRAINT

The interaction between particle and void in
axisymmetric straining when the mean stress Op is

zero is expected to be somewhat similar to that in
simple shear. The shear problem is inherently 3-
dimensional and the plasticity problem analogous to
that described above has not been analyzed. The
behavior of an initially spherical void in simple
shear in a linearly viscous solid can be analyzed
exactly using Eshelby's solution, and a selection
of such results was given by Fleck and Hutchinson
(3). It is possible to modify the procedure in (3)
so as to approximate the interaction between the
particle and the void. Such a modification has been
carried out (work in progress) and a few results
are shown below.

The infinite matrix material is taken to be
incompressible with the relation betwen deviatoric
strain-rate and stress given by

1

eij: -Z_{,L Sij . (4)

The remote state is one of simple shear with
superimposed hydrostatic stress Op such that far
from the void

v, =YX, ¢ V3 = V3 =0 (5)

The remote shear strain Y is defined by the above
expression. In each example reported here the void
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is imagined to be nucleated at Y= 0 as a sphere
with initial principal axes 8g = by = €45

—— WITH PARTICLE INTERACTION
0o = bg = ¢o ——= WITHOUT PARTICLE INTERACTION

EIGURE 2. Evolution of the minor axis of the void
in simple shear with and without particle
interaction at four levels of remote triaxiality.
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When particle interaction is absent or
neglected, the void evolves through a sequence of
ellipsoid shapes with major and minor axes a and b
in the x], X2 plane (see insert in Fig. 2) and

axis c in the x3 direction -- see reference {3y for
full details. The evolution of the minor axis, Db,
is shown in Fig. 2 for four levels of Op/T. When

6, = 0, the void closes (i.e. b —» 0) at a shear

strain Y= 1.76. For Op/T greater than 0.44 the void
remains open.

Fig. 3 displays the extra increment of
straining per increment of remote strain, A?/?, fox
a void with unit initial volume as it evolves with
Yy compared to the same infinite block of material
with a fully bonded rigid spherical particle of
unit volume. The gquantity A? is the extra shear
strain rate (A?= 2Aé12) due to the presence of a

void of unit initial volume minus the corresponding
cuantity £for a rigid spherical particle of unit
volume, i.e.

AY = (A:Y)void - (A’.Y)particle . (6)

Thus, a block of material subject to overall shear
stress T and containing a dilute distribution of
voids with initial volume fraction pwill have an
overall shear strain rate pA&over and above the
same block containing a volume fraction pof bonded
rigid spherical particles. Note that in the case
On = 0 the unconstrained void continues to make
essentially the same extra strain rate contribution
A& even though it closes up to an ellipsoidal crack

as Y—>1.76. (It is important to remember that the

results in Fig. 3 are based on a void with unit
initial volume not unit current volume.)
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—— WITH PARTICLE-VOID INTERACTION
——— WITHOUT PARTICLE-VOID INTERACTION

FIGURE 3. Extra increment of shear strain per
increment of remote shear strain for a void with
initial unit volume relative to a bonded rigid
particle of unit volume. Results for constrained
and unconstrained voids are shown.
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The particle constrains the deformation of the
void when one or more of the principal axes of the
unconstrained void diminishes below the radius of
the particle. The constraining effect is modeled by
applying a uniform traction in the direction, or
directions, of the principal axis over the surface
of the void and by choosing this traction component
to enforce the condition (incrementally) that the
length of the axis not diminish below that of the
particle. For example, if the principal axis b of
the unconstrained void in the xp' direction 1is
diminishing, then a uniform traction derived from
c,,' is applied to the void surface with Ojp' chosen
such that b = 0. Enforcing the constraint in this
manner permits the Eshelby solution to be applied
exactly to the model since the void continues to
evolve through a sequence of ellipsoidal shapes.

The constraining effect of the particle 1is
significant when 6,/T< 1 as can be seen in Figs. 2
and 3. The particle props open the wvoid which
obviously affects the evolution of its volume. Just
after nucleation, when Y is small, the constraint
reduces the strain rate contribution due to the
void, Ay, relative to that of the unconstrained
void. However, the constraining effect of the
particle tends to enhance the strain rate
contribution from the void as Y increases such
that the contribution from the constrained void can
actually exceed that from the unconstrained void.
For example when the mean stress is zero, the
contribution to the strain rate due to the wvoid
slowly increases as a function of Yy as a result of
its interaction with the particle. This suggests
particle interaction is a possible mechanism for
strain softening in shear in the absence of
additional void nucleation, although the effect
does not appear to be very strong.
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INTRODUCTION

The phenomenon of plastic shear instability and flow
localization is of considerable interest due to its important
role in fracture processes in many high-strength steels,
especially in the ultrahigh-strength (UHS) range. It is also
of special concern in Army applications of these steels
because of its role as a principal failure mode in ballistic
penetration. The latter case has been traditionally modelled
as a continuum plastic instability arising from the thermal
softening associated with deformation wunder adiabatic
conditions. Models based on isothermally derived empirical
constitutive relations have been used to account for strain
localization conditions observed in high strain rate shear
tests, but recent experiments have cast doubt on the validity
of this approach [1]. We here report further results of
shear tests conducted under both quasistatic and dynamic
conditions, aimed at elucidating the fundamental mechanisms
of shear localization underlying both fracture and ballistic
penetration processes.

BACKGROUND

The phenomenon of deformation localization as it occurs
in ballistic penetration is illustrated in Figure 1 [2],
showing the localized deformation mode of failure, commonly
referred to as adiabatic shear. The plastic flow after the
onset of shear instability is concentrated in thin shear
bands which appear white after metallographic etching. The
through-thickness localized flow produces a "shear plugging"
failure mode in which the material ahead of the projectile is
ejected as a solid piece absorbing relatively 1little
associated energy.
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Figure 1. Photomicrograph of a 4340 steel Rc 52 plate (5.6 mm
thick) that underwent a localized deformation mode of failure
during ballistic impact. Note the white etched shear bands
beneath the area of impact.

Much has been written over the past forty years on the
subject of shear localization. In a recent review Cowie and
Tuler [3] describe the various modeling approaches; flow
softening, deformation heating, textural softening, and void
nucleation softening. The review also describes the
relationship between shear instability and fracture
toughness. The reviews of Rogers [4,5] and Bedford et al.
[6] give an excellent overview of the general phenomenon
including the microstuctures resulting from localized flow.
The continuum plasticity theory of adjabatic flow
Tocalization is treated by Clifton [7], and a general survey
of strain Tocalization is given by Argon [8]. A concise
treatment of the specific role of adiabatic shear in
armaments and ballistics can be found in the review of
Samuels and Lamborn [9]. Olson et al.[10] endeavored to
computer model the ballistic penetration of high strength
steel using experimentally derived constitutive flow
relations, but met with 1limited success. The authors
proposed that the material exhibited a pressure dependence
that the conventional thermal softening models could not
describe. Experiments were designed to determine how the
pressure dependence affects the deformation of UHS steels.
More recent research by Azrin et al.[1] showed that the
critical strain for shear localization in high strength 4340
steel 1is nearly identical for both isothermal (quasistatic)
and adiabatic (dynamic) loading conditions. While thermal
softening undoubtedly provides a contribution to the measured
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stress-strain relations, this result of nearly identical
instability strains and shear localization behavior in UHS
steels at both high and low strain rates indicated that
another flow softening phenomenon was equally important. As
was reviewed in Ref. 10, observations that the instability
strain is strongly influenced by the hydrostatic component of
stress, together with metallographic evidence of microvoid
nucleation, indicate that fracture related processes can also
contribute to the strain softening effects underlying plastic
shear Tlocalization [11-13]. Such phenomena must also be
taken into account for a complete understanding of shear
localization and shear banding.

The present study was initiated to obtain experimental
evidence of microvoid nucleation preceding 1localized
deformation during simple shear of UHS steels. Experiments
were also devised to study both the effect of hydrostatic
pressure and austenitizing temperature on the critical strain
to localization. Two different simple shear specimen
geometries were compared. Because of its influence on
fracture related processes of potential importance to shear
instability, the role of melt practice was also examined.
Stress - strain data and corresponding strain profiles were
obtained from each test in order to quantify the flow
behavior in addition to accurately determining the
instability strain.

MATERIALS AND METHODS

Two specimen geometries, thin wall torsion and double
linear shear configurations, were tested under both adiabatic
and isothermal conditions. Dynamic torsion tests were
performed on a torsional impact apparatus incorporating a
flywheel. Torque to the specimen is applied by a steel bar
pneumatically engaged to lugs on the rotating flywheel.
Flywheel rotational frequency is monitored by a velocimeter,
while applied torque is measured by a strain gauge load cell
adjacent to the specimen. Wooden dowels were inserted into
the specimen to minimize buckling. These d%?amic tests were
performed at an imposed strain rate of 10° per second to
ensure essentially adiabatic deformation conditions 1in the
specimens. Isothermal torsion tests were run on ag MTS
servo-hydraulic test machine at a strain rate of 10 per
second. Results from the thin wall torsion experiments were
reported previously [1].
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Double Tinear shear specimens were also tested under
both quasistatic and dynamic conditions. These specimens,
shown schematically in Figure 2, have two narrow gauge
sections which are displaced simultaneously in simple shear.
Dynamic tests were performed in a modified instrumented
Charpy impact machine. The Charpy specimen fixture was
replaced with one that rigidly holds the ends of the double
linear shear specimen. In addition, the pendulum weight was
increased by sixty percent. The shear fixture may also apply
up to 2250 N normal compressive load to the specimen's end
while the specimen is being sheared. The load-time curve
generated by the strain gauge instrumented tup is recorded
and stored in the memory of a Nicolet high speed digital
oscilloscope. These dynamic tests were performed at an
imposed strain rate in excess of 10  per second. Quasistatic
double 1linear shear tests were run on a Tinius Olsen
hydraqﬁic tension/compression test machine at a strain rate

of 10 © per second.

Typical shear stress - shear strain curves generated
from these tests are presented in Figures 3 and 4. These
represent a rare earth modified (REM) 4130 steel,
austenitized at 840°C and tempered 1 hour at 535°C and 200°C
to give hardnesses of Rc 33 and 48 respectively.

WV
+

A\

(g

\

A

Figure 2. Schematic view of a double linear shear specimen.
The specimen is sheared at a preselected speed (V) while an
axial load (Pn) is superimposed on one end.



800

700

600

500

Shear Stress, T (MPa)

300

361

Shear Stress-Strain Curve
REM 4130 Steel
R¢ 33

0

0.25

0.50

0.75 1.00 1.25
Shear Strain,y

1.50

Figure 3. Plastic Shear stress-strain curve obtained from a

quasgstatic linear shear test of REM 4130 steel
strain

(535°C temper

percent. i

1000

900

Shear Stress, T (MPa)

800

15

Shear

at Rc 33

at maximum stress is 110

700

Shear Stress-Strain Curve
REM 4130 Steel

0.25

0.50 0.75

Shear Strain, y

Figure 4. Plastic shear stress-strain curve obtained from a

quas&static linear shear test of REM 4130 steel

(200

at Rc 48

C temper). Shear strain at maximum stress is 45 percent.




362

To determine precise strain profiles, four longitudinal
scribe marks were drawn onto the gauge section of each
specimen before testing. After testing, shear strain as a
function of the position along the specimen axis was
determined from the local angle of the scribe marks relative
to the specimen centerline as measured in a Leitz universal
measuring microscope. Dynamic tests were run to failure,
while quasistatic tests were generally run until sufficient
flow localization to produce a load drop of approximately ten
percent.

Typical strain profiles obtained from isothermal tests
are presented in Figures 5 and 6 which correspond to the
stress-strain curves 1in Figures 3 and 4 respectively.
Intense strain localization is found adjacent to the gauge
section walls. This is consistent with both a computer
simulation of simple shear of a rectangular body [10] and a
finite element stress analysis of the double linear shear
specimen geometry and loading by Tracey and Perrone [14].
Note that the shear strain plateaus (henceforth defined as
the macroscopic instability strain) on the strain profiles
correspond with the shear strains at peak stress on their

2.5
2.0
s LG
£
=
g |
5 1.0]
0.5 Strain Profile
REM 4130 Steel
R¢ 33
04 ; ; ; .
0 0.2 0.4 0.6 0.8 1.0
Position, mm

Figure 5. Strain profiles obtained from a qu§§1static linear
shear test of REM 4130 steel at Rc 33 (535 C temper). The
mean plateau strain, defined as the macroscopic instability
strain, is 110 percent.



363

1.50
1.25 1
1.00 4
>~
£
Z 0.75
g
£
[72]
0.50
0.2 - Strain Profile
& REM 4130 Steel
R 48
05 : . : : |
0 0.2 0.4 0.6 0.8 1.0

Position, mm
Figure 6. Strain profiles obtained from a quasistatic linear
shear test of REM 4130 steel at Rc 48 (200°C temper). The
mean plateau strain, defined as the macroscopic instability
strain, is 45 percent.

corresponding stress-strain curves. Comparison of the
instability strain data for both torsion and linear-shear
test specimen geometries (Figures 7 and 8), confirms that the
two configurations give nearly identical results.

RESULTS

Effect of Melting Practice

Because of its influence on fracture related processes
of potential importance to shear localization, the role of
melt practice was also examined. Three commercial heats of
4340 steel processed by air melt (AM), electroslag remelt
(ESR), and vacuum arc remelt (VAR) practices were evaluated.
The shear specimeni)were machined from heat treated blanks
austenitized at 840°C and tempered 1 hour at 650°C, 535°C,
335°C, and 160°C to give hardness levels of Rc 30, 40, 48,
and 56 respectively. Dynamic and quasistatic tests revealed
no significant effect of melting practice with one exception.
Under isothermal conditions, the air melted material tempered
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at 535°C (Stage III temper) proved consistantly to have a
higher instability strain than its VAR and ESR counterparts.
Structurally, the only observable difference was the slightly
smaller prior austenite grain size for the AM material. The
structure of the 4340 steel given this tempering treatment
consists of cementite needles running along the martensite
laths. It is possible that the shear localization resistance
is influenced by the length of void-nucleating cemetite
paricles which in turn scales with the martensite packet and
prior austenite grain sizes.

Effect of Strain Rate

Plotting all the instability strain data for both
adiabatic (Figure 7) and isothermal (Figure 8) test
conditions together (Figure 9), we observe little effect of
strain rate on the instability strain, particularly at the
higher strength levels. The linear shear tests spanned seven
orders of magnitude in strain rate from isothermal to
adiabatic test conditions. The resulting instability strains
for the highest strength material (Rc 56) were nearly
identical (Figures 9 and 10). The flow stress increased
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Figure 9. Comparison of instability strains measured in both
dynamic and quasistatic shear tests of AM, ESR, and VAR 4340
steel.
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Figure 10. Plastic shear stress-strain curves obtained from
both dynamic and.quasistatic linear shear tests of an AM 4340
steel at Rc 56, with three different imposed axial
compressive stresses: 0, 1/6, and 1/3 the yield strength.

nearly fifty percent from quasistatic to dynamic test
conditions.

The results of these tests imply that there is Tlittle
effect of thermal softening (absent in the isothermal tests)
on the instability strain at high strength levels. This
implies a dominant role of a microstructural instability in
the shear Tocalization behavior under pure shear conditions.

Effect of Pressure

In order to test whether UHS steels exhibit the pressure
dependent behavior previously observed in Tlower strength
steels  [10], double Tlinear shear tests were run
quasistatically with a superimposed axial compressive load.
Finite element calculations indicate that the stress
component  arising from this axial load reasonably
approximates wuniaxial stress once plastic shearing is
underway. Axial compressive stresses of 1/6 and 1/3 the
material's tensile yield stress were used. The stress -
strain results quite clearly show pressure dependent behavior
(Figures 10 and 11). As the axial stress is increased from 0
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Figure 11. Comparison of instability strains of an AM 4340
steel with three different imposed axial compressive
stresses: 0, 1/6, and 1/3 the tensile yield strength.

to 1/3 of the yield stress, the instability strain is
increased quite substantially for all four hardness levels
investigated.

The microstructure of the highest strength (Stage I
tempered) material consists of a martensitic lath matrix with
a fine epsilon carbide dispersion. In addition, there are
submicron sized second phase particles which act as grain
refiners (Figure 12). These second phases (undissolved
during austenitizing) have been identified by Gore [15] to be
primarilly alloy (Fe,Cr,Mo) carbides of the type M2 C6 with a
mean diameter of 171 nm and a volume fraction of 0.34 percent
when austenitized at 870°C. The carbides, with an
interparticle mean free path of 670 nm, are expected to
interact during plastic deformation [16] 1leading to
cooperative microvoid nucleation. Figure 13 presents a TEM
photomicrograph of sheared material showing a pair of
carbides linked by microvoids. The photograph has been
deliberately overdeveloped to clearly show the voids, and a
schematic representation is also shown for clarity. This
thin foil specimen was removed from the gauge section of a
linear shear specimen which was strained to instability. The
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4

Figure 12. TEM micrograph of the microstructure of 4340 steel
at Rc 55, which consisted of undissolved alloy carbides in a
matrix of heavilly dislocated lath martensite.

micrograph was taken in the region which received only
uniform deformation and had stopped straining once
instability occurred. It was observed that many carbides
exhibited this type of behavior. The directions of void
growth appear aligned in the direction of the principle
stress. Shear cracks linked pairs of carbides predominately
along the direction of the imposed shear direction, 45
degrees to the principle stress direction. These
experimental observations are consistant with the finite
element investigation of interacting voids by Tracey and
Perrone [16]. Although  specimen  preparation by
electropolishing may have enlarged the voids, no such voids
were observed in identically prepared foils taken from the
undeformed grip ends of the specimens. We thus conclude that
the voids are genuinely produced by the plastic deformation.

Summarizing, the pressure dependent behavior of the
instability strain can be attributed to the stress required
to debond the second phase particles from the matrix and form
microvoids. This interpretation is supported by the recent
analysis by Hutchinson and Tvergaard [17] on microvoid
nucleation softening as a basis for shear instability.
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Figure 13. TEM micrograph of microvoid nucleation around a
pair of undissolved alloy carbides. The accompanying
schematic illustrates the direction of shear and principle
stress.

Effect of Austenitizing Temperature

A further test of the role of second phase particles in
shear localization can be made by raising the austenitizing
temperature to dissolve alloy carbides. Gore [15] has
demonstrated that raising the austentizing temperature from
870°C to 1200°C in the same VAR 4340 steel examined here
fully dissolves the Cr-Mo alloy carbides leaving primarily
fine 80 nm Ti (C, N) particles at a much reduced volume
fraction of 0.05 percent. Such a change in the amount and
character of undissolved second-phase particles can be
expected to significantly alter the critical strain for
microvoid nucleation softening. This should be most
pronounced in Stage I tempered material where the ultrafine
epsilon carbides precipitated during tempering should not
contribute to microvoid nucleation, and the role of the
undissolved particles would thus be greatest.

A comparison of the shear instability strains measured
in linear shear tests on the AM 4340 austentized at 840°C (as
in Fig. 8) and 1100°C is presented in Figure 14 using the
same four tempering conditions as in Figure 8. Material well
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Figure 14. Comparison of instability strains of an AM 4340
steel austenitized at 840°C and 1100°C.

tempered in Stage III to Rc 30 shows no significant increase
in instability strain, consistant with a dominant role of the
100 nm cementite particles precipitated during tempering.
For lower tempering temperatures (high hardness) where the
carbides precipitated on tempering are finer, there is a
pronounced increase in instability strain with 1100°C
austenitizing, suggestive of an important role of the
undissolved alloy carbides in shear localization.

The pressure sensitivity of the shear instability strain
in the 1100°C austenitized material is represented in Fig. 15
comparing the behavior without and with a normal compressive
stress of 1/6 the yield stress. Though the controlling
particles may be changed by austenitizing condition, the
persistant pressure sensitivity implies that microvoid
softening continues to be the dominant strain softening
mechanism. As depicted in Figure 14, the AM 4340 tempered in
Stage I at 160°C to Rc 56 hardness shows an increase in the
instability strain from the 0.12-0.18 range to 0.23 when the
austentizing temperature 1is raised from 840°C to 1100°C.
This is not as large an increase as observed for the Stage I1I
and early Stage III temper conditions (Rc 50 and 40,
respectively). A further investigation by Gore [15] of the
effect of austentizing temperature in the range of 870°C -
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1200°C on the instability strain in the VAR 4340 tempered in
Stage I at 200°C to Rc 52 has shown a slight monotonic
decrease with increasing austenitizing temperature. The
effect has been attributed to a contribution of
crystal-plasticity-based strain softening mechanisms which
may be promoted by grain coarsening. As mentioned previously
in discussion of melt practice comparison in Figure 8, the AM
4340 shows greater grain coarsening resistance than the
cleaner VAR 4340 and such grain coarsening effects may not
have had as strong an influence in the 840°C - 1100°C
comparison for the AM material. Pressure sensitivity of the
very coarse grained material has not yet been evaluated to
test for a change in strain softening mechanism.

The observed increase in the instability strain with
particle dissolution in the AM 4340 Tends further support for
the role of microvoid nucleation softening in shear
localization in conventionally treated material. However,
the indication that severe grain coarsening can introduce
other strain softening contributions 1limits the practical
utility of high temperature austenitizing treatments for
enhancement of mechanical properties.
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Role of Tempering Stage

While our studies have focussed primarily on the
behavior of 4340 steel, the rare-earth modified (REM) 4130
steel represented in Figures 3-6 was included to extend the
hardness range that could be examined in each stage of
tempering. Figure 16 summarizes the combined linear-shear
test results of the AM 4340 and REM 4130 steels in a linear
plot of instability strain versus Rc hardness. Grouping the
data for the three tempering stages, Stage I tempering
appears to show a superior combination of shear instability
resistance and hardness (strength). This can be attributed
to the fine scale of the epsilon carbides precipitated on
tempering, which should not act as microvoid nucleation
sites. For Stage III tempering, strength 1is provided by
precipitated cementite which is sufficiently coarse to
directly participate in earlier microvoid nucleation at a
given hardness Tlevel. The general downward trend of
instability strain with hardness for each class of
microstructure is presumably associated with reaching
critical interface stresses at lower strains when the matrix
flow stress is increased.
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The much lower shear instability resistance of the Stage
I1 tempered microstructure correlates with a minimum in the
Charpy impact energy commonly known as the tempered
martensite embrittlement trough. This implies a connection
between low Charpy energy and early shear localization. As
the instability strain is still pressure sensitive in this
stage (Figure 11), the embrittlement phenomena associated
with retained austenite decomposition in Stage II presumably
causes earlier microvoid nucleation.

Comparison with Secondary Hardening Steel: Toughness

Correlations

Secondary hardening AF 1410 steel achieves high strength
from the precipitation of fine M,C carbides during tempering
at bl0°C. Optimum strength/%oughness combinations are
achieved in a 5 hour temper "overaged" condition for which
completion of M,C precipitation causes dissolution of coarser
cementite pargic1es which precipitate earlier during
tempering. Optimum melt practice generally involves
rare-earth treatments for gettering of sulfur. The shear
instability resistance in the standard 510°C/5 hr. tempered
condition was measured for two heats with and without the
rare earth treatment. Also examined was rare earth treated
material tempered 5 hr. at 420°C to provide an "underaged"
material of comparable hardness but with the cementite
particles present.

The results are compared with those of the Stage I and
Stage II tempered 4340 and 4130 steels in a semi-log plot vs.
hardness in Figure 17. For the standard 510°C/5 hr. temper
the AF1410 shows substantially higher shear instability
resistance compared to the Stage I tempered steels. The
material without rare-earth treatment is shown to contain
relatively fine chromium sulfides. Replacement by rare-earth
sulfides and oxysulfides in the rare-earth treated material
evidently enhances shear instability resistance, in contrast
to the 4340 steels relative insensitivity to melt practice.
The 420°C tempered material shows a much lower instability
strain consistant with the expected role of undissolved
cementite in microvoid nucleation.

Fracture toughness of the same three materials measured
at Carpenter Steel [18] shows a similar trend vs. hardness.
Expressed as critical crack extension force GI , the
toughness is compared with available data for 4340 sfeel in
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steels.

Figure 18. A test of the apparent GI - instability
correlation is plotted in Figure 19, inc1ud%ng data for the
VAR 4340 austentized at 840°C and tempered 2 hrs. at 200°C to
a comparable hardness level of Rc 50. The good correlation
observed is in Tine with the proposed roles of second-phase
pafticles in shear localization and ductile fractures [19,
20].

Further support for the important role of microvoid
nucleating partices in the ductile fracture behavior of
AF1410 is provided by the solution treatment study of Schmidt
and Hemphill [18]. A significant toughness enhancement is
obtained on raising the solution treatment temperature from
830°C to 885°C. After conventional treatment at 830°C the
microstructure contains chromium rich M,.C. carbides of
900-1800 nm diameter along with smaller 463%& nm molybdenum
rich MC carbides. After 885°C solution treatment the M 3C
carbides are fully dissolved, leaving only the fineg Mé
particles.
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Microvoid Observations

The fine 100 nm scale of microvoid formation makes
microscopy observations difficult compared to the more
familiar problem of >100 nm scale "primary" void formation
which has been well studied by 1ight metallography. An
effort is underway to find further direct evidence for
microvoid formation beyond the thin-foil TEM observations of
Figure 13, using SEM metallography of lightly etched polished
surfaces taken from the gage sections of interrupted shear
tests. Referring to the shear stress-strain curve for Rc 55
VAR 4340 in Figure 20, specimens have been examined for the
strained conditions denoted by: A) before maximum stress, B)
at maximum (instability) stress, C) after maximum stress, and
D) near fracture. The shear strain profiles taken from these
four specimens are presented in Figure 21, showing the
progressive development of a strain plateau at the
instability strain and the growth of strain peaks
representing shear bands. Figure 22 shows SEM micrographs
taken from the uniformly deformed portions of the four
specimen gage sections. Microvoids commensurate with the
carbide particle size appear abrubtly at the the instability
strain (B) with Tittle change in microvoid density within the
uniformly strained region as localized deformation proceeds
elsewhere. Techniques for enhancing the contrast between
microvoids and particles are under investigation. The abrupt
appearance of microvoids supports a nucleation-controlled
rather than growth-controlled softening mechanism.

SUMMARY

The combined experimental evidence strongly suggests
that strain localization in these UHS steels under pure shear
loading conditions is driven by microvoid softening
controlled by nucleation at 100 nm scale second-phase
particles. This 1is supported by an observed pressure
dependence of the instability strain, enhanced resistance to
shear instability with particle dissolution, and direct
observation of microvoids at these particles in deformed
material. In 4340 and 4130 steels superior shear instability
resistance for a given hardness is obtained in Stage I
tempered microstructure where the only microvoid - nucleating
particles appear to be those undissolved during
austenitizing. The secondary hardening AF1410 shows a much
higher resistance to shear localization when cementite
particles are fully dissolved by alloy carbide precipitation.
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INTERRUPTED SHEAR TESTS

A. Before Maximum Stress

B. At Maximum Stress

C. After Maximum Stress

D. Near Fracture

Figure 22. Photomicrographs of the interrupted shear test
specimens of a VAR 4340 steel at Rc 55: (A) before maximum

stress, (B) at maximum stress, (C) after maximum stress, and
(D) near fracture.
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For these steels at hardness near Rc 50, a direct correlation
between G fracture toughness and shear instability strain
is demonstrated. Continued study of microvoid nucleation in
pure shear experiments will allow quantification of the role
of a critical component of microstructure. Deliberate
control of microvoid nucleating particle dispersion offer the
potential for design of materials with greatly enhanced
resistance to shear localization and ductile fracture.
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SECONDARY PARTICLE DISPERSIONS AND IMPURITY
GETTERING IN ULTRAHIGH STRENGTH STEELS

CLIVE HAYZELDEN
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Cambridge, MA 02138.

INTRODUCTION

The development of ultrahigh strength (UHS) in
steel is often achieved only at the expense of
toughness and with increased susceptibility to
stress corrosion cracking (scC). High hardness
martensitic steel used for structural applications
involving significant tensile loading and requiring
a Kic fracture toughness of 50 MPa.+/m, is limited to
a Rockwell C hardness (Rc) of 50-55, or an ultimate
tensile strength (UTS) of 1700-2100 MPa. The
replacement of Rc 50-55 hardness steel with a Rc of
55-60 and a UTS in the range 2100-2400 MPa, would,
for a constant critical flaw size, require the si-
multaneous development of a Kic in the range 70-130
MPa.vm [1].

In service, UHS steels commonly fail by a mech-
anism of plastic shear instability in which flow lo-
calization leads to the formation of intense shear
bands. With the aim of improving the toughness of
UHS steel, we have investigated the microstructural
features underlying the phenomenon of plastic shear
instability and flow localization in 4340 steel pro-
duced by air melt (AM) and vacuum arc remelt (VAR)
techniques.

In addition to the toughness limitations de-
scribed above, UHS steels are highly susceptible to
environmentally induced SCC. The threshold stress
intensity for stress corrosion cracking, Krscc, 1s
typically of the order of 10 MPa.vm. Improved relia-
bility is sought from these steels through attempts
to raise Krgcc to levels approaching that of Kic. In
scc, failure occurs by a brittle intergranular mode,
predominantly at prior austenite grain boundaries

and with negligible local plasticity [2].
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The mechanism of SCC in UHS steels is hydrogen
embrittlement promoted by cathodic Crack=tip pro-
cesses. The hydrogen susceptibility of the prior
austenite boundaries is very sensitive to the pres-
ence of co-segregating embrittling metalloids.
Since Mn and Cr are believed to cosegregate with P
and S in steels, a low Mn-Cr modification of 4340
steel containing additional Ni and Mo has been de-
veloped. To this Ni-Mo steel, late additions of the
rare earth element, lanthanum, have been added in an
attempt to scavenge residual P. It is intended that
rapid solidification processing (RSP) should yield,
in addition to a fine grained austenite solidifica-
tion structure and martensitic transformation prod-
uct, a fine dispersion of coarsening-resistant La
precipitates. The La precipitates should provide,
through grain boundary pinning, resistance to exces-
sive grain growth during subsequent high-temperature
austenitization. Preliminary observations are re-
ported of the size, morphology and chemistry of the
precipitates formed in a modified 4340 UHS steel to
which La was added prior to RSP by centrifugal atom-
ization.

BACKGROUND

Azrin et al. [3] and Cowie et al. (4], have re-
cently shown that the critical strain for shear 1lo-
calization in UHS 4340 steel was nearly identical
for both isothermal (quasistatic) and adiabatic
(dynamic) shear. The nearly identical instability
strains and shear localization behavior in UHS steel
at both high and low strain rates indicates that
thermal softening provides insufficient explanation
of the underlying cause of the observed shear insta-
bility. Observations that the instability strain
was strongly influenced by the application of a com-
pressive hydrostatic stress indicates that microvoid
nucleation may contribute to the strain softening
effects underlying plastic shear localization.

When the austenitizing temperature of the AM
4340 alloy was raised from 840°C to 1100°C prior to
stage I tempering (Rc 55-56), the instability strain
during shear testing, vy;, showed an increase from
around 0.12-0.18 to approximately 0.23. For the AM
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alloy austenitized at 840°C, double linear shear

tests were run quasistatically with the application
of an axial compressive stress of 1/3 and 1/6 the

tensile yield stress, oy. It was found that the in-

stability strain during isothermal shear rose from a
base value of 0.12 with zero applied load, through

0.4 at 1/6 Oy, to 1.5 at 1/3 oy. For the 1100°C
austenitized material, the application of a compres-
sive load equal to 1/6 oy raised y; from 0.23 to 0.4.

Cowie et al.[4] have in addition investigated
the role of melt practice upon alloy toughness. For
example, VAR 4340 Steel austenitized at 870°C was

stage I tempered and tested in quasistatic torsion.
The high cleanliness material showed a virtually
identical instability strain to that shown by the

840°C austenitized AM alloy.

MATERIALS AND METHODS

Two Alloys based on the 4340 composition and
one Ni-Mo steel have been examined. These alloys
were prepared by air melting (AM), vacuum arc
remelting (VAR) and rapid solidification processing
(RSP) respectively. The compositions of the AM, VAR
and RSP alloy steels are presented in Table I.

TABLE I

COMPOSITIONS (WT%) OF AM, VAR AND RSP STEELS

Steel @ Mn P S Si Cr Ni Mo Cu La

AM <41 .75 .005 011 .25 .79 1.71 .44 .13 =
VAR .42 .46 .009 .001 .28 .89 1.74 .21 .19 5
RSP 48 .03 .015 .005 .10 .32 2.52 1.68 -~ .06

The AM 4340 alloy was normalized at 910°C for
one hour then austenitized at either 840°C or 1100°C
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for one further hour. Following the austenitization
treatments, the AM specimens were given a one hour

stage I tempering treatment at 160°C to form epsilon

carbide and produce a peak hardness in the range R¢
55-56. The VAR steel examined in this microstruc-

tural study was austenitized at 870°C without an ad-

ditional tempering treatment. The rare earth modi-
fied Ni-Mo steel was prepared by the addition of

LaNig to the melt at 1600°C. The rapidly solidified

powder particles produced by centrifugally
atomization were embedded in electro-plated Ni prior
to thinning for examination in a transmission
electron microscope.

Bulk samples of the 840°C and 1100°C austeni-

tized AM alloy were ground and polished using a com-
bination of silicon carbide grit and alumina powder.
The polished samples were etched with a 2% solution
of nitric acid in methanol prior to examination by
scanning electron microscopy (SEM). The fracture

surfaces of the AM 4340 alloy austenitized at 840°C

were examined directly by SEM without further
treatment using a JEOL JSM 35U SEM operated at an
accelerating potential of 35 kV. Microanalysis was
performed at an accelerating potential of 20 kV and
a Tracor Northern TN2000 multi-channel analyser was
used to record the x-ray spectra.

Thin foils were prepared for transmission elec-
tron microscopy (TEM) by a combination of mechanical
pre-thinning, electro-chemical polishing and ion-
beam thinning. Specimen pre-thinning was carried
out using a South Bay Technology Model 510 dimpling
instrument. Jet electro-polishing was carried out
using a solution of 20% perchloric acid in methanol
in a South Bay Technology model 550C twin-jet
electro-polisher. Ion-milling was performed using

Art ions in a Gatan Duo Mill operated at 4 KV and 1
mA beam current. Carbon extraction replicas (CER)
were prepared by polishing the AM and VAR 4340
steels to a 1 pum finish, lightly etching with a 2%
solution of nitric acid in methanol (nital) and
coating the surface with evaporated carbon. The
carbon-coated surface was scored into 3 mm squares
and loosened from the matrix by further etching with
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the nital solution. The carbon extraction replicas
were floated off in de-ionized water and collected
on 3 mm, 400 mesh Cu grids.

Transmission electron microscopy was carried
out on a Philips EM 420T (S)TEM equipped with an
EDAX 184 energy dispersive x-ray detector, Gatan
model 607 electron energy loss spectrometer and
Tracor Northern TN5500 multi-channel analyser. Con-
ventional bright and dark field imaging, convergent
beam electron diffraction (CBED), x-ray (EDS), and
electron energy loss (EELS) spectroscopy were car-
ried out at accelerating potentials of 100 kV and
120 kv.

RESULTS

Air Melt 4340 alloy

The 840°C and 1100°C austenitized alloys showed

an approximately 0.2% areal fraction of MnS
stringers that were 10-30 pm in length. As shown in

figure (la) for the 840°C austenitized steel, where
the MnS stringers appear brighter than the matrix, a

typical inter-particle spacing of 70 upm was ob-
served. A similar distribution of MnS stringers was

seen in the 1100°C austenitized specimens. Figure

(1b) shows a large MnS stringer in the 1100°C austen-

itized alloy in which a dark, Al-Ca rich, spherical
nucleus may be seen. Figure (lc) shows a fracture

surface from the shear tested 840°C austenitized al-

loy. Sheet microvoid failure was associated with
the intense shear localization that occurred during
double linear shear testing. Figure (1d) shows a
high magnification micrograph of the fracture sur-

face of the 840°C austenitized alloy. Several MnS

precipitates of around 1 pm diameter, and 15-20 um
separation may be seen within the larger voids. The
microvoids on the fracture surface show a nearest
neighbor spacing of approximately 0.75 um. Fine
particles, around 1000 A in diameter, could occa-
sionally be resolved within these voids using SEM.
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Fig.la. Scanning elec-
tron micrograph of 840°C
austenitized steel show-
ing MnS stringers
aligned in rolling di-
rection.

Fig.lc.

Low magnifica-
tion scanning electron
micrograph of fracture

surface of 840°cC

austenitized AM steel
sample following double
linear shear testing

with 1/3 oy load.

Fig.1lb. Scanning elec-
tron micrograph o f
1100°C austenitized
steel showing large MnS
stringer which has pre-

cipitated on a nucleus
of Al/Ca-rich slag.

Eig.ld:
tion scanning electron
micrograph showing sheet

High magnifica-

microvoid failure and
MnS inclusions on frac-

ture surface of 840°C
austenitized AM steel.
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Carbon extraction replicas revealed a combina-
tion of fine-scale MnS, AlN and Ti(CN) precipitate
phases within the AM alloy following both austeniti-
zation treatments. The areal number density of sec-
ond phase precipitates, determined directly from the
carbon extraction replicas, was however, consider-
ably lower following the higher temperature austeni-
tization treatment. Spherical MnS particles of 1600
A diameter and with an areal number density of 2.10°

m 2 were noted in the 840°C austenitized alloy. This

was in agreement with the observation of similar
sized MnS precipitates within some of the larger

voids on the fracture surface of the 840°C austeni-

tized alloy (see figure 1d). The same alloy revealed
a high density, 5.1012 m"2, of rectangular paral-
lelepiped AlN precipitates of average length 529 A.
Figure (2a) shows a typical low magnification image
of such a cluster of precipitates. These precipi-
tates formed the dominant second phase within the
steel and corresponded well with the observed den-
sity of voids on the fracture surface (some of the
larger precipitates were probably just observable by
SEM). Round-cornered square plate Ti(CN) precipi-
tates were also observed, although with a signifi-
cantly lower number density of around 109 m-2.

At the higher austenitization treatment of
1100°C, the CER revealed A1N precipitates with an av-
erage length of 460 A and an areal number density of
6.1011 m 2. Figure (2b) shows an unusually large and
faulted AlN precipitate, around 1500 A in length,
from the 840°C austenitized material. The sharply
angular appearance was typical of the AIN precipi-
tates. Figure (2c) shows an AlN precipitate in the
840°C material with length 615 A and width 350 A.

The corresponding diffraction pattern is shown in
figure (2d). The CBED pattern was taken along the

[112d zone axis. The[llZﬂ zone axis in the hexagonal
AlN phase is quite distinctive and contains dynamic

absences (dark bars) in the kinematically forbidden

(0001) reflections as a result of the glide plane

parallel to the beam and a perpendicular 2; screw

axis [5]. The dark bars were confirmed as dynamic

absences by their insensitivity to crystal thickness

and accelerating voltage.



390

Fig.2a. Transmission
electron micrograph of
840°C austenitized AM
steel. CER showing A1N
precipitates with a
similar number density
to that of the fracture
surface microvoids.

1000 A

Fig.2b. Transmission
electron micrograph
showing A1N precipitate
extracted from 840°C
austenitized AM steel.

Fig.2¢. Transmission
electron micrograph
showing AIN precipitate
extracted from 840°C

austenitized AM steel.

Fig.2d.

recorded at
zone axils from the AIN

CBED pattern
the [1120]

precipitate shown 1in

fig.2c. Dynamic absences

occur within the (0001)
(and alternate system-

atic) reflections.
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Figure (3a) shows a very similar CBED pattern
recorded from a different AIN precipitate also ori-

ented at the [1150]zone axis and at an accelerating

potential of 120 KV. A longer diffraction camera
length was used to reveal details within the
diffraction discs. Figure (3b) shows the diffrac-

tion pattern subsequently obtained from the same
crystal at a lower accelerating potential of 100 kV,
and in which the characteristic dark bars within the
(0001) reflections remain. Figures (3c) and (34d)
show the corresponding x-ray and energy loss spectra
from the AlN precipitate shown in figure (2c). The
presence of minor quantities of Si, shown in the x-
ray spectra is not uncommon for AIN. The small Fe
peak results from traces of the matrix attached to
the extracted precipitate, whilst the Cu grid gave
rise to the large peaks to the right of the spec-
trum. The EEL spectrum shows the clear presence of
a N absorption K-edge. An oxygen absorption edge,
indicative of the Al;03 phase, was not observed.

Figure (4a) shows a Ti(CN) precipitate ex-
tracted from the 840°C material. The square plate

crystals displayed rounded corners and an average
diameter of 145 A. The Ti(CN) precipitates exhibited
a number density of 2.1011 m"2. This may be compared

with the alloy austenitized at 1100°C, where the num-

ber density fell to approximately 1010 m-2. Figure
(4b) shows a CBED pattern from the precipitate in

figure (4a) oriented at the[llﬂ zone axis. Both the
first and second order Laue zones may be seen. The
corresponding EDS and EELS spectra for this precipi-
tate are shown in figures (4c) and (4d) respec-
tively. X-ray spectra in general revealed the pres-
ence of trace quantities of Cr, Nb, and Mo. Small
gquantities of Si and Al were observed in some of the
precipitates. The EELS spectrum in figure (4d) re-
vealed a small N-K absorption edge in addition to a
much larger C-K edge (which resulted in part from
the C substrate) and Ti-L; edge. Nitrogen was not
found in all precipitates. Figure (5a) shows a sec-
ond Ti(CN) precipitate of 900 A diameter from the

840°C austenitized alloy recorded with the crystal in

the [001] orientation. The corresponding diffrac-
tion pattern is shown in figure (5b). The Ti (CN)



392

Fig.3a. CBED pattern
from AIN precipitate in

840°C austenitized AM
steel. Oriented at the
hJZOJzone axis and with

an accelerating poten-
tial of 120kV.

Fig.3b CBED pattern
from AIN precipitate in
840°C austenitized AM
steel.<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>