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Abstract
There is a new vigour in the development of low–alloy steels containing a fine dispersion of substitutionally alloyed carbides. The steels have a
microstructure which is essentially ferritic, but with TiC or (Ti,Mo)C particles which are less than 10 nm in size, generated at the austenite–ferrite
interface during the course of phase transformation. This interphase precipitation mechanism has been known for a long time, but its application
to automotive steels which compete with dual phase and transformation
plasticity based alloys is much more recent.
The steels are mass produced and in the final stages are coiled at temperatures in the vicinity of 600◦ C. A key feature of alloy design, therefore,
is the use of the complex (Ti,Mo)C carbide, which is found to coarsen at
a much slower rate than the pure TiC, during the cooling of the coil to
ambient temperature. The mechanism for the effect of molybdenum is
not understood, but it is the fine dispersion of carbides that permits the
otherwise weak ferrite to gain sufficient strength to be of use in a variety
of engineering applications.
Many of the variants that have been developed also contain niobium
as a microalloying addition. High–resolution transmission electron microscopy has been used to characterise the precipitates in Ti–Nb and
Ti–Nb–Mo bearing steels, using both thin foil and extracted carbides. In
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this way, precipitation and coarsening kinetics have been characterised
and form the basis for comparison against mathematical models later in
the thesis.
The role of molybdenum has been investigated using wide ranging
first–principles calculations for a variety of (Ti,M)C precipitates, where
‘M’ stands for niobium, vanadium, molybdenum or tungsten. The purpose
of this was to see whether the molybdenum acts to reduce coarsening by a
thermodynamic effect or whether the phenomenon is principally kinetic.
In fact, molybdenum has the effect of reducing the stability of TiC, but
it at the same time reduces the crystallographic misfit between ferrite
and the carbide, and as a consequence, the interfacial energy per unit
area. It is this latter parameter which controls coarsening and explains
why molybdenum leads to a more stable dispersion. Furthermore, it is
found that molybdenum incorporated into the carbide at the early stages
of precipitation, is rejected as the carbide grows beyond the nucleation
stage, confirming the first principles estimates that its presence in the
TiC is not favoured.
In an interesting the results from the ab-initio calculations suggest
a new alloy system based on (Ti,W)C precipitates which should be as
effective as (Ti,Mo)C by the same mechanism, in resisting coarsening.
Finally, a detailed analysis is reported on three different models for
representing the observed coarsening behaviours. The first is based on
classical Ostwald ripening theory due to Lifshitz, Slyozov and Wagner,
which essentially assigns the problem to the diffusion of a ‘controlling’
solute (i.e., a binary alloy), and leads to a result in which the normalised
size distribution is invariant with time, even though the small particles
dissolve and larger ones grow. A model due to Kampmann and Wagner
avoids the assumption of a particular form of particle size distribution, but
still treats the problem as if the system concerned is binary. A computational model based on the LSW particle size distribution, but which properly treats multicomponent diffusion has also been studied; this model also
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has the advantage of revealing concentration profiles within the matrix
as the particles evolve. Naturally, the different models give similar results except for the Kampmann–Wagner method, where the particle size
distribution is not invariant with time.

iv

Contents
Contents

v

Nomenclature

xiii

1 Introduction

1

1.1

Experimental Observation of (Ti,Mo)C . . . . . . . . . . .

2

1.2

Crystal Structure and Orientation Relationship . . . . . .

7

1.3

Thermodynamics and Solubility Product . . . . . . . . . .

10

1.4

Interphase Precipitation . . . . . . . . . . . . . . . . . . .

14

1.5

Density Functional Theory

. . . . . . . . . . . . . . . . .

18

1.5.1

The Born-Oppenheimer Approximation . . . . . .

19

1.5.2

The Kohn-Sham Equation . . . . . . . . . . . . . .

20

1.5.3

The Exchange-Correlation Functional . . . . . . .

22

1.5.4

The Full-Potential Linearized Augmented PlaneWave Method . . . . . . . . . . . . . . . . . . . . .

22

Precipitate . . . . . . . . . . . . . . . . . . . . . . . . . .

25

1.6.1

Capillarity Effect . . . . . . . . . . . . . . . . . . .

25

1.6.2

Nucleation

. . . . . . . . . . . . . . . . . . . . . .

26

1.6.3

Growth . . . . . . . . . . . . . . . . . . . . . . . .

28

1.6.4

Coarsening . . . . . . . . . . . . . . . . . . . . . .

31

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

34

1.6

v

CONTENTS

2 Interphase Precipitation

43

2.1

Sample Preparation . . . . . . . . . . . . . . . . . . . . .

44

2.2

Ti-Nb Steel . . . . . . . . . . . . . . . . . . . . . . . . . .

50

2.2.1

for 40 min . . . . . .

50

Prolonged Aging at

650◦ C

for 24 h . . . . . . . . .

54

Prolonged Aging at

700◦ C

for 120 h . . . . . . . .

57

Ti-Nb-Mo Steel . . . . . . . . . . . . . . . . . . . . . . . .

59

2.2.2
2.2.3
2.3

2.3.1

Isothermal Holding at

700◦ C

for 40 min . . . . . .

59

Prolonged Aging at

650◦ C

for 24 h . . . . . . . . .

62

Prolonged Aging at

700◦ C

for 120 h . . . . . . . .

66

Hardness and Precipitate Size . . . . . . . . . . . . . . . .

74

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .

76

2.3.2
2.3.3
2.4

Isothermal Holding at

700◦ C

3 Stability of (Ti,M)C
3.1

3.2

77

Formation Energy and Lattice Parameter . . . . . . . . .

77

3.1.1

Computational Model and Methods . . . . . . . .

78

3.1.2

Reference States . . . . . . . . . . . . . . . . . . .

79

3.1.3

(Ti,M)C Structure . . . . . . . . . . . . . . . . . .

81

3.1.4

M(C,Va) Structure . . . . . . . . . . . . . . . . . .

87

Interfacial Energy . . . . . . . . . . . . . . . . . . . . . . .

89

3.2.1

First-Principles Calculations

89

3.2.2

Discrete-Lattice Plane, Nearest-Neighbor Broken-

. . . . . . . . . . . .

Bond Model . . . . . . . . . . . . . . . . . . . . . .
3.2.3
3.3

96

(Ti,Mo)C Coarsening . . . . . . . . . . . . . . . . 102

Model Alloys . . . . . . . . . . . . . . . . . . . . . . . . . 103
3.3.1

Experimental Procedures . . . . . . . . . . . . . . 103

3.3.2

Optical Microscopy . . . . . . . . . . . . . . . . . . 106

3.3.3

0.1Ti Alloy . . . . . . . . . . . . . . . . . . . . . . 109

3.3.4

0.2Ti Alloy . . . . . . . . . . . . . . . . . . . . . . 111

3.3.5

0.1Ti+Mo Alloy . . . . . . . . . . . . . . . . . . . 114

3.3.6

0.1Ti+W Alloy . . . . . . . . . . . . . . . . . . . . 117

vi

NOMENCLATURE

3.3.7

Comparison . . . . . . . . . . . . . . . . . . . . . . 120

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 123
4 Coarsening

127

4.1

Lifshitz, Slyozov and Wagner Model . . . . . . . . . . . . 128

4.2

DICTRA Model

4.3

Kampmann and Wagner’s Numerical Model . . . . . . . . 146

. . . . . . . . . . . . . . . . . . . . . . . 134

References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 156
5 Conclusions

159

vii

Nomenclature
Roman Symbols
Vxc (r) Exchange-correlation potential
ZI

Atomic number of element I

G∗

Critical activation energy for nucleation

a[M]

Activity of element M

NA

Avogadro’s number

Ce

The equilibrium concentration of solute in the matrix

C
cM
M

Atomic fraction of M in (Ti,M)C carbide

EC [n] Classical electrostatic Coulomb energy functional
Ee

Energy eigenvalue depending only on the position of the elctrons

ri

Position vector for electron

E[n]

Density functional for the ground state energy

Etot

Energy eigenvalue

f

Volume fraction of carbide

∆G

Gibbs free energy change of system for the chemical reaction
viii

NOMENCLATURE
∆G0

Standard Gibbs free energy change

∆Gs

Strain energy change per unit volume

∆Gv

Chemical Gibbs free energy change per unit volume

h

Planck constant

Htot

Hamiltonian operator

RI

Position vector for nuclei

k

Reciprocal lattice vector

k

Solubility product

Te

Hamiltonian of electronic kinetic

Tn

Hamiltonian of nuclei kinetic

MI

Atomic mass of element I

[M]

Weight percent of element M

R

Universal gas constant

r∗

Critical radius for nucleation

rp

Particle radius in the DICTRA model

rv

Cell size in the DICTRA model

T

Temperature in Kelvin

Ψi

Normalized eigenfunction corresponds to ith eigenvalue

Te[n]

Kinetic energy functional of non-interacting particles

Vef f

Effective potential

v

Interface velocity
ix

NOMENCLATURE

VC (r) Classical electrostatic Coulomb potential
Ve−e

Hamiltonian of interaction part between the electron

Vext

External field from the electrostatic potential generated by the
nuclei

Vm

Molar volume of precipitate

Vn−e

Hamiltonian of nuclei-electrons interaction

Vn−n Hamiltonian of interaction part between the nuclei
x

Mean linear intercept diameter

Exc [n] Exchange-correlation functional
D

Diffusivity of solute

Greek Symbols
εi

ith energy eigenvalue

Γ

Capillarity constant

σc

Chemical bonding contribution for interfacial energy

∆σ

Increment of yield stress

εxc

Density functional for exchange-correlation potential

δ

Lattice misfit

ν

νth sphere

Ψ

Normalized eigenfunction

Ψe

Normalized eigenfunction depending only on the position of the
electrons

x

NOMENCLATURE
Ψn

Normalized eigenfunction generating electron density n

Ψn

Normalized eigenfunction depending only on the position of the
nuclei

σ

Interfacial energy

σs

Strain contribution for interfacial energy

Other Symbols
aγ

Austenite lattice parameter

aα

Ferrite lattice parameter

aM oC MoC lattice parameter
aN bC NbC lattice parameter
aT iC

TiC lattice parameter

aV C

VC lattice parameter

aW C

WC lattice parameter

c

Average mole fraction of solute

G
Ck,ν

Expansion coefficients

cαβ

Equilibrium composition in α with phase β

cαβ
r

Composition in α with phase β with interface curvature r

cγα

Mole fraction in austenite in equilibrium with ferrite

cγρ

Mole fraction in austenite which is in equilibrium with the precipitate

ds

Average sizes of precipitates with respect to 2 dimension

xi

NOMENCLATURE

dv

Average sizes of precipitates with respect to 3 dimension

φG (k, r) Basis function sets
σs

Standard deviation of precipitate sizes with respect to 2 dimension

ul (r) Radial part to express inside muffin-tine sphere
Ylm (θ, φ) Spherical harmonics
Acronyms
APW Augmented plane-wave
BCC Body centered cubic
B-R

Baker-Nutting

CALPHAD Calculation of phase diagrams
DFT Density Functional Theory
EDS

Energy-dispersive X-ray spectroscopy

FCC

Face centered cubic

FLAPW Full-potential linearized augmented plane-wave
GGA Generalized gradient approximations
HSLA High strength low alloy
K-S

Kurdjumov-Sachs

LAPW Linearized augmented plane-wave
LDA Local density approximations
LSW Lifshitz, Slyozov and Wagner
MT

Muffin-tin
xii

NOMENCLATURE

SEM Scanning electron microscopy
STEM Scanning transmission electron microscope
TEM Transmission electron microscopy

xiii

Chapter 1

Introduction
Many studies on high-strength low-alloy (HSLA) steels have been conducted bearing in mind applications in the buildings, bridge construction, energy transportation and automotive industries (Jun et al., 2003;
Rodrigues et al., 2000; Santos et al., 2003). Of particular importance in
such alloys is the role of micro-alloying elements such as titanium, niobium and vanadium, which help control and optimize the microstructure
and mechanical properties (Hong et al., 2003). It is in this context that
extremely fine TiC particles have been actively investigated for strengthening low-carbon steels (Funakawa & Seto, 2007; Funakawa et al., 2004;
Lee et al., 2009; Wang et al., 2011; Yen et al., 2011). It has occasionally
been observed that the particles form at the interface between austenite
and growing ferrite, via the classical interphase precipitation mechanism.
These particles are susceptible to coarsening during subsequent processing, such as in the coiling operation, in which case their contribution to
precipitation hardening can be compromised. It has been reported that
the coarsening kinetics of TiC particles can be suppressed using certain
amounts of molybdenum additions. Early results showed that molybdenum partly substitutes for titanium in the TiC lattice, but its precise role
remains unclear.
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1.1. Experimental Observation of (Ti,Mo)C

The purpose here was to study the effect of substitutional solutes on
the nucleation and coarsening kinetics of (Ti,M)C carbide, where ‘M’ is a
metal atom corresponding to niobium (Nb), vanadium (V), molybdenum
(Mo) and tungsten (W). The primary goal was to examine both the stability, by using first-principles calculations and transmission electron microscopy (TEM), in terms of the formation energy and interfacial energy
of (Ti,M)C and other aspects, such as the dependence of the lattice parameter on solute substitution, in order to reveal the role of molybdenum.
Suggestions from the calculations are validated by the characterization of
precipitates in a series of steels containing Ti, Ti-Mo and Ti-W, observing
the precipitation size and by simulating the coarsening kinetics based on
several theories.

1.1

Experimental Observation of (Ti,Mo)C

It is required to maintain a stable distribution of fine precipitate in
the steel in spite of high coiling temperature. During the last decades,
a relationship between the strength of ferritic steels strengthened by
nanometer-sized carbides and coiling temperature has been studied (Funakawa & Seto, 2007; Seto et al., 2007; Wang et al., 2011; Yen et al.,
2009). The precipitation of (Ti,Mo)C and TiC in ferrite has been analyzed to evaluate the resistance to coarsening and hence the strengthening
effect of Ti-Mo bearing and Ti-bearing steels as a function of the coiling
temperature.
Figs 1.1 and 1.2 show the results of scanning electron microscopy
(SEM) of Ti-Mo and Ti bearing steels and a transmission electron microscopy (TEM) of the precipitates, respectively. The matrix is ferrite in
order to obtain a high hole-expansion ratio, with a large number density of fine precipitates with a size on the order of about 3 nm in rows,
because tiny form at the interface during the transformation from austenite to ferrite. In Fig. 1.3, TEM images show carbides in Ti-Mo bearing
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and Ti bearing hot-rolled sheet steels after aging at 650◦ C for 24 h to
check the effect of molybdenum addition. Ti-Mo bearing steel exhibited
high strength and hardness even at the high coiling temperature, while
the strength of the Ti-bearing steel decreased significantly. Because, the
carbides in Ti-bearing steels are much bigger than in the Ti-Mo bearing
steels after long time aging (Funakawa & Seto, 2007).

Figure 1.1: Scanning electron micrographs showing microstructure of hotrolled sheet steels coiled at 625◦ C for (a) Ti-Mo bearing (b) Ti bearing
steel (Funakawa & Seto, 2007).

Fig 1.4 shows the calculation results of the relationship between the
amount of precipitates and the increment of strengthening as a function
of particle size, assuming the Orowan-Ashby mechanism (Gladman et al.,
1977). The yield stress increases, because the dislocation have to move
through a field of particles. The increment of yield stress are give as
√
5.9 f
x
∆σ(MPa) =
ln(
),
x
2.5 × 10−4

(1.1)

where x is mean linear intercept diameter of the precipitate particles and
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Figure 1.2: Dark field images formed using the (200) reflection of fine
carbides in hot-rolled sheet steels for (a) Ti-Mo bearing and (b) Ti bearing
steel (Funakawa & Seto, 2007).

Figure 1.3: Transmission electron micrographs showing carbides in hotrolled sheet steels after aging at 650◦ C for 86400 s for (a) Ti-Mo bearing
(b) Ti bearing steel (Funakawa & Seto, 2007).
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f is volume fraction of carbides. From Eq. (1.1), it can be seen that at
constant f , precipitate strengthening increases with reduction in particle
size and with increase in the particle volume fraction. For the same volume
fraction of precipitates, the number density of 1 nm particles should be
1000 times bigger than that of 10 nm precipitates. Because the strength
increment is determined by the number density of the precipitates, the
strengthening effect of 1 nm sized particle is much higher than that of
10 nm particle assuming that the Orowan mechanism still operates. The
significant strength decrease during coiling of Ti-bearing steel is due to
the reduction of precipitate density with high coarsening rate compared
with Ti-Mo bearing steel. Experimental observations show that unlike
TiC, (Ti,Mo)C is not coarsened easily by Ostwald ripening at the high
coiling temperature.

Figure 1.4: Effect of size and amount of precipitates on the increment of
tensile strength (Seto et al., 2007).

In previous studies, the Ti/Mo atomic ratio was measured for various
5
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sizes of coarsened (Ti,Mo)C precipitates as shown in Fig. 1.5. Small size
particles, assumed to correspoond to the initial stage of coarsening, contain a relatively large concentration of molybdenum. These results have
been interpreted to indicate that titanium is the coarsening-controlling
element. It has been confirmed experimentally that the coarsening of precipitates is suppressed by reducing the Ti concentration in a matrix, assumed that the interfacial energy between (Ti,Mo)C and ferrite is same
as that of TiC (Funakawa & Seto, 2007). The mechanism governing the
role of molybdenum in the coarsening of (Ti,Mo)C particles has not get
been resolved (Lee et al., 2009; Wang et al., 2011; Yen et al., 2011).

Figure 1.5: Change in Ti/Mo atomic concentration ratio of (Ti,Mo)C with
coarsening (Seto et al., 2007).
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1.2

Crystal Structure and Orientation Relationship

The carbides TiC, NbC and VC form with the NaCl (B1) crystal structure which is described as face–centered cubic with a motif consisting of a
metal atom at (0,0,0) and carbon atom at (0,0, 21 ). The conventional unit
cell for crystal structure of NaCl type carbide is illustrated in Fig. 1.6.
The reported lattice parameters are aT iC = 4.32 Å, aN bC = 4.47 Å and
aV C = 4.17 Å at room temperature (Lipatnikov et al., 1997; Teresiak &
Kubsch, 1995). The lattice parameters for MoC and WC with the same
crystal structure, determined by preserving the phases through rapid
quenching in order to suppress their hexagonal form with the M2 C formula unit, have been reported as aM oC = 4.28 Å and aW C = 4.27 Å (Willens et al., 1967). These parameters are approximately 1% smaller than
that of TiC. Indeed, first-principles calculations suggest the lattice parameters at 0 K to be aM oC = 4.38 Å, which is larger than aT iC = 4.32 Å,
a different tendency relative to the experimental data (Lee et al., 2009).
Some results of previous reported experimental and calculated lattice parameters are listed in Table 1.1.
It is observed frequently that the carbide with the B1 crystal structure has a Baker-Nutting (B-R) orientation relationship with the ferrite
(Charleux et al., 2001),
(100)α ||(100)T iC

[010]α ||[011]T iC

(1.2)

and the misfit strain δ are determined as,
√
aT iC − 2aα
δ=
.
aT iC

(1.3)

Supposing ferrite and TiC carbide lattice parameters of aα = 2.87 Å and
aT iC = 4.32 Å, the lattice misfit (δ) between ferrite and TiC is approxi-
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Figure 1.6: Conventional unit cell of NaCl (B1) crystal structure type carbide, which contains four metal atoms at the face–centered cubic position
and four carbon atoms at its corresponding octahderal interstital sites.

Table 1.1: Experimentally measured and calculated lattice parameters for
various MC carbides with B1 structure.
type

experimental (298 K) / Å

calculation (0 K) / Å

TiC
NbC
VC
MoC
WC

4.323a 4.332b
4.468a 4.471b
4.17b,i
4.277j
4.221b 4.266j

4.27c 4.317d 4.36e 4.38f
4.45g 4.470d,h 4.476e
4.10g 4.154e 4.159d 4.22f
4.254d 4.278h 4.366e 4.38k 4.42f
4.336d 4.38e,f

a (Teresiak

& Kubsch, 1995), b (Nartowski et al., 1999), c (Price et al.,
1992), d (Raju et al., 1992), e (Isaev et al., 2007), f (Grossman et al.,
1999), g (Singh & Klein, 1992), h (Guillermet et al., 1993), i (Lipatnikov
et al., 1997), j (Willens et al., 1967), k (Lee et al., 2009)
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mately 6.0%. This means that a contraction of the TiC lattice is necessary
to maintain coherency at the interface with the ferrite matrix.
Precipitates with a B1 crystal structure, when they are formed in
austenite, usually have a cube-cube orientation relationship (Davenport
et al., 1975; Enomoto, 1998).
(100)γ ||(100)T iC

[010]γ ||[010]T iC

(1.4)

and the misfit strain δ are determined as,
δ=

aT iC − aγ
.
aT iC

(1.5)

During the transformation from austenite to ferrite, the latter usually
grows with Kurdjumov-Sachs (K-S) orientation (Bhadeshia & Honeycombe, 2006). The precipitates obtained in austenite matrix at high temperature are observed to have K-S orientation relationship with ferrite
at room temperature (Lee et al., 2000). Therefore, the matrix condition
can be identified by analyzing the orientation relationship between carbide and matrix. With the lattice parameter of austenite aγ = 3.56 Å, the
misfit of the TiC lattice for a cube-cube relationship is nearly 18%, which
implies that the formation of a coherent interface would be difficult. This
is not, however, the case, because a greater coherency is achieved by the
Baker-Nutting relation that the carbide adopts with the ferrite when the
carbide precipitates at the ferrite-austenite interface.
The electronic structure at interface, the interfacial energy and the
interface structure between metal and carbide have been reported for
Fe-TiC, Fe-VN, Co-WC and Co-TiC using first-principles calculations
(Christensen et al., 2002; Hartford, 2000; Mizuno et al., 1998). The stable atomic arrangement of Fe at the Fe-TiC interface having the BakerNutting orientation relationship can be determined from the previous
studies. The interface structures assume that the locations of Ti atoms
correspond to the positions of Fe atoms in the body-centered cubic struc9

1.3. Thermodynamics and Solubility Product

ture and C atoms are located on the corresponding octahedral interstitial
sites.

1.3

Thermodynamics and Solubility Product

The majority of alloying elements used in HSLA steels, including titanium, niobium, vanadium, molybdenum and tungsten will form alloy
carbides, which are thermodynamically more stable than cementite. The
formation energy and solubility product of metal carbides in austenite
and ferrite can help interpret the precipitation process. The chemical
properties of transition metal carbides at room temperature have been
reported experimentally. The stability of carbides, nitrides and borides of
the alloy, which is used frequently in steels, are shown in Fig. 1.7, where
the enthalpies of formation are plotted. The formation energies of TiC,
NbC and VC have been reported as about −92, −71 and −59 kJ mol−1 ,
respectively (Teresiak & Kubsch, 1995).
Consider the equilibrium reaction between a solid solution of titanium
and carbon in ferrite, and its carbide TiC at the given temperature T ,
Ti(in α) + C(in α) = TiC.

(1.6)

The Gibbs free energy changes ∆G of the system in the reaction can be
expressed as
∆G = ∆G0 + RT ln(

a[T iC]
)
a[T i] a[C]

(1.7)

where ∆G0 is the standard Gibbs free energy change for the chemical
reaction at the temperature T . The standard Gibbs free energy is the
difference between the sum of the Gibbs free energies of the reaction
products in their standard states and the sum of the Gibbs free energies
of the reactants in their standard states. a[T iC] , a[T i] and a[C] are the
activityies of the TiC in ferrite, the dissolved Ti and the dissolved C,
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Figure 1.7: Enthalpies of formation of carbides, nitrides and borides at
room temperature (Schick, 1966).
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respectively. Since ∆G = 0 at the equilibrium,
−∆G0
1
= ln(
)
RT
a[T i] a[C]

(1.8)

when a[T iC] is taken as one for a pure substance. The equation can be
rewritten as
ln(a[T i] a[C] ) =

∆H 0 ∆S 0
∆G0
=
−
.
RT
RT
R

(1.9)

Then the temperature dependency of solubility product k = [Ti]×[C] can
be expressed based on the Arrhenius equation assumed that a[M ] = [M ].
ln(k) = A −

B
T

(1.10)

Therefore, it is possible to calculate the equilibrium amount of precipitate
at a given temperature by using Eq. (1.10) if A and B are known. The
solubility relationships for titanium carbide in austenite and ferrite phases
are measured experimentally and calculated based on thermodynamics
databases (Akben et al., 1984; Taylor, 1995).
log[Ti][C] = −

7000
+ 1.986 (in austenite)
T

(1.11)

9575
+ 4.40 (in ferrite)
T

(1.12)

log[Ti][C] = −

where [Ti] and [C] are in the units of weight percent of Ti and C. T is
temperature in a unit of K.
Fig. 1.8 contains a comparison of the solubility products of vanadium
carbide (VC), titanium carbide (TiC), niobium carbide (NbC), niobium
nitride (NbN) and titanium nitride (TiN) in austenite and in ferrite, respectively. The solubility for carbides is lower than in the austenite at
temperatures in the ferrite range, and the difference of TiC is relatively
small compared with NbC and VC. Therefore, the carbides can be precipitated during the transformation from austenite to ferrite as interphase
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Figure 1.8: Temperature dependence of the solubility products of vanadium carbide (VC), titanium carbide (TiC), niobium carbide (NbC), niobium nitride (NbN) and titanium nitride (TiN) in austenite and in ferrite,
respectively (Gladman et al., 1977).
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precipitates. It is necessary to reheat above 1250◦ C to resolve titanium
nitride, because it shows small solubility product relative to that of the
carbide.

1.4

Interphase Precipitation

Investigations of carbide precipitation during from the austenite to ferrite transformation in alloy steels have proposed the different modes of
the carbide formation in steels, other than the morphology of pearlite
(Howell et al., 1980; Ricks & Howell, 1983; Ricks et al., 1982; Smith &
Dunne, 1988). Carbides can precipitate through different processes, such
as (1) nucleation in austenite, (2) formation of rows of carbides during
the austenite-ferrite interphase transformation, (3) fibers growing normal
to the slowest moving austenite-ferrite boundary and (4) precipitation of
fine carbides from supersaturated ferrite solid solutions (Honeycombe &
Mehl, 1976). Interphase precipitates may form at ferrite-austenite interfaces during cooling from the austenite or isothermal heat treatment in a
ferrite phase field. These precipitates align parallel to planar segments of
ferrite-austenite interfaces. The strengthening effect of interphase precipitation is important for the development of strong and tough hot–rolled
steels which rely on a low carbon concentration. The particles formed during interphase precipitation or in ferrite after the phase transformation,
can be very small, on the order of 5 nm, and are effective as strengthening
agents.
The features of the interphase precipitates have been reported extensively in the previous literature. Smith and Dunne studied the morphologies of inter-phase precipitation carbides in different micro-alloyed
steels, and summarized them into (1) planar interphase precipitation with
regular sheet spacing, (2) curved interphase precipitation with regular
sheet spacing, and (3) curved inter-phase precipitation with irregular
sheet spacing as in Fig. 1.9 (Smith & Dunne, 1988). A few models have
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Figure 1.9: Transmission electron micrographs showing (a) curved with
irregular spacing (b) curved with regular spacing (c) a mixture of planar
and curved with regular spacing and (d) planar with regular spacing interphase precipitates in a titanium-molybdenum bearing low carbon steel
(Yen et al., 2011).
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been proposed to illustrate the interphase precipitation reaction and these
models can be classified to two groups as based on ledge mechanism and
based on solute drag mechanism (Li & Todd, 1988).
The first group is further subdivided into ledge, quasi-ledge, and bowing mechanisms although the temperature dependencies and transitions
between such mechanisms are not well established. The bowing mechanism was proposed to account for the curved boundary based on the
effect of nucleated precipitation on the mobility of high energy interphase
boundaries (Ricks & Howell, 1983). The quasi-ledge mechanism was proposed for precipitation on high energy, disordered, austenite-ferrite interphase boundaries which have been immobilized by copious precipitation,
forming curved sheets of precipitates (Ricks & Howell, 1983).

Figure 1.10: A schematic diagram of the mechanism of nucleation and
growth of carbides on the austenite-ferrite interface for regular ledge
heights (Davenport & Honeycombe, 1971).

The planar interphase precipitation has long been accepted to be associated with the ledge mechanism of growth as illustrated in Fig. 1.10,
of a partially coherent austenite-ferrite interface motion (Davenport &
Honeycombe, 1971). Such interfaces within a single austenite grain are
seldom curved. They are composed of planar facets joined by ledges. The
regularly spaced sheets of precipitate particles are nucleated at the interface and grow further in the ferrite. The ledges are probably non-coherent
16
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and move too rapidly for nucleation of carbides to occur on them. The
ledge height is often uniform and a between 5 and 50 nm, but sometimes
it may vary.

Figure 1.11: Schematic model of interphase precipitation (a) Carbon concentration in austenite increases at the ferrite-austenite boundary. (b)
The carbon concentration promotes carbide nucleation on the ferrite side
of the boundary. (c) The process repeated again. (Davenport & Honeycombe, 1971).

The second group, which is based on solute drag mechanism, considers
nucleation at or behind a moving interface. Davenport & Honeycombe
(1971) have suggested a concepts of solute-drag nucleation model which
is illustrated in Fig. 1.11, where c, cγα and cγρ indicate the average mole
fraction of solute in austenite, mole fraction in austenite in equilibrium
with ferrite and mole fraction in austenite which is in equilibrium with
the precipitate, respectivley. This model suggests a buildup of carbon in
the austenite ahead of the moving boundary, which aids the nucleation of
carbides at the boundary. Such nucleation also can be assisted by the drag
of substitution solutes by the advancing boundary. Pinning the boundary
and depletion of the carbon concentration can occur in the austenite. The
depletion of carbon increases the driving force for the transformation of
17
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austenite, moving the boundary away from the precipitate particles and
the previous process should be repeated.
Roberts has proposed a solute depletion model, which is a diffusion
model in which nucleation of carbide was assumed to take place immediately behind a smooth migrating interface (Roberts & Sandberg, 1980).
The growth rate of depleted area is very fast at the initial stages of nucleation, but it slows down following a parabolic rate. The solute concentration reaches to the local equilibrium after certain amount of traveling.
Solute depletion of the ferrite matrix, as the precipitates grew, would
then be responsible for the repeated coplanar arrays of the interphase
precipitates.
A solute balance model has been developed by Li & Todd (1988). This
model assumes that the diffusion profile developed by the growing sheet
of interphase precipitates is similar to that resulting from the growth of
pseudo-phase of constant composition equal to the average solute concentration in the sheet. It assumes that the solute lost by the depleted
layer during growth is equal to the excess solute found in the sheet. This
model provides a theoretical rationale for the correlations among parameters including transformation temperature, sheet spacing, sheet width
and average boundary velocity.

1.5

Density Functional Theory

A solid consists of nuclei and electrons which are classified into two
groups; valence electrons which contribute to chemical bonding and core
electrons which are tightly bound in the closed shells of the lattice nucleus. In principle, the solution of the many-body Schrödinger’s equations
with electrons and nuclei, for a given solid, gives all possible information.
However, it is impractical to solve the many-body coupled-equation directly. Density functional theory (DFT) is the most commonly used firstprinciples calculation for materials simulations. The definition of ‘First-
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principles’ is the calculation of electronic structure using Schrödinger’s
equation within a set of approximations that do not include fitting the
model to experimental data. In first principles calculation, the total energy is calculated by following equations:
Htot Ψ({RI }, {ri }) = Etot Ψ({RI }, {ri })

(1.13)

where Ψ and Etot represent the normalized eigenfunction and the energy
eigenvalue of the Hamiltonian operator Htot . RI and ri are the position
vector sets for nuclei and electronic positions. The Hamiltonian of a solid
consists of the nuclei kinetic Tn and electronic kinetic Te part and the
interaction part between the nuclei Vn−n and electrons Ve−e with nucleielectrons interaction Vn−e .
Htot = Tn + Vn−n + Te + Ve−e + Vn−e
Htot = −

X1
i

2

X
∇2i +
i6=j

(1.14)

X 1
X ZI ZJ
X
1
ZI
−
∇2I +
−
|ri − rj |
2MI
|RI − RJ |
|ri − RI |
I

I6=J

i,I

(1.15)
where ZI are the atomic mass of nuclei. Since the Schrödinger’s equation Eq. (1.13) has complex structure, it is necessary to use a variety of
approximations to reach a practical solution.

1.5.1

The Born-Oppenheimer Approximation

The Born-Oppenheimer or adiabatic approximation was proposed in
the early days of quantum mechanics (Bates et al., 1950; Jost & Pais,
1951; Kohn & Rostoker, 1954). The masses of the nuclei of the solid are
heavy with respect to those of the electrons, so nuclei by comparison have
almost no wave-like properties. The nuclei are not much affected by the
movements of the electrons, but the electrons do respond to the motions
of the nuclei. It is possible to approximate the positions of nuclei as being
fixed, with respect to the electron motion. This allows the wave-function
19
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to the decoupling into the electrons and nuclei components.
Ψ({RI }, {ri }) = Ψn ({RI }) × Ψe ({ri }|{RI })

(1.16)

where Ψn and Ψe are a function depending only on the position of the
lattice nuclei and electrons, respectively (Springborg, 1997).
{Te + Ve−e + Vn−e (RI )}Ψe = Ee (RI )Ψe

(1.17)

{Tn + Vn−n + Ee (RI )}Ψn = Etot Ψn .

(1.18)

Most problems in solid state physics are reduced to the solution of Eq. (1.17),
with N -electrons permeating a given static nucleus array, in a solid.

1.5.2

The Kohn-Sham Equation

In the mid 1960’s, new approach for obtaining the ground state of a
given many electron system was suggested by Hohenberg & Kohn (1964).
They derived the basic theorems of the density functional formalism
that the electron density n(r) determines uniquely the external potential
Vext (r) using the variational principle. This implies that the ground-state
energy is a functional of n(r), since electron kinetic part Te and electronelectron interaction contribution Ve−e is determined by electron density
naturally. Eq. (1.17) can be rewritten as
{Te + Ve−e +

N
X

Vext (ri )}Ψ(r1 , · · · , rN ) = EΨ(r1 , · · · , rN )

(1.19)

i=1

where, ri is the position of the ith electron, N is the total number of
electrons, Vext is the external field in which the electrons move which
is the electrostatic potential generated by the nuclei, whose positions are
assumed fixed and whose spatial movements are assumed negligible. Then
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the density functional for ground state energy E[n] can be as
Z
E[n] =

Vext (r)n(r)dr+ < Ψn |T + Ve−e |Ψn >

Z
=

Vext (r)n(r)dr + T [n] + EC [n] + Exc [n]
Z
Z
1
= Vext (r)n(r)dr +
VC (r)n(r)dr + Exc [n],
2

(1.20)

where EC [n] and VC (r) are the classical electrostatic Coulomb energy
and potential, respectively, and Exc [n] is exchange-correlation functional
which is everything not contained in the other term, and its approximation determines the quality of practical applications and their results. The
problem is then reformulated to a single quasi-electron Schrödinger-like
equation to obtain the appropriate energy functional of the system (Kohn
et al., 1965; Sham & Kohn, 1966).
δE[n]
δExc [n]
δ Te[n]
= Vext (r) + VC (r) +
=
+ Vef f (r)
δn
δn
δn

(1.21)

where Te[n] is the kinetic energy of these non-interacting particles. The
advantage of the fictitious particles is that it is possible to solve the
Schrödinger-like equation which is a single-particle equation of the form



1 2
− ∇ + Vef f Ψi (r) = εi Ψi (r)
2

(1.22)

Comparing the Eq. (1.20) with Eq. (1.21), the effective potential given
by
δExc [n]
Vef f (r) = Vext (r) + VC (r) +
+
δn




δT [n] δ Te[n]
−
δn
δn

≡ Vext (r) + VC (r) + Vxc (r)
where Vxc (r) is the exchange-correlation potential.
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1.5.3

The Exchange-Correlation Functional

The remaining major problem with DFT is that the exact functional for
exchange and correlation are not known except for the free electron gas.
However, approximations exist which permit the calculation of certain
physical quantities quite accurately. The most widely used approximation are the local density approximation (LDA) and generalized gradient approximations (GGA). The LDA method suggested by Hedin and
Lundqvist based on the assumption that Vxc (r) depends on the local electron density at the point r (Hedin & Lundqvist, 1971).
LDA
Exc



Z
=

εxc


n(r) n(r)dr

(1.24)

The GGA method is still local, but it also takes into account the gradient
of the density at the same point (Perdew et al., 1996).
GGA
Exc

Z
=



εxc n(r), ∇n(r) n(r)dr

(1.25)

Unlike the LDA scheme, where the energy functional has a known form,
R
the form εxc (n(r), ∇n(r)) is unfixed. There is a large amount of variation in determining their form, since there is no specific physical system
to fit.

1.5.4

The Full-Potential Linearized Augmented Plane-Wave
Method

The solution of many electron problems has been changed to an eigenvalue problem of single particle Kohn-Sham equation, Eqs (1.22) and
(1.23).

−


1
+ Vext (r) + VC (r) + Vxc (r) Ψi (r) = εi Ψi (r).
2
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A lot of methods have been proposed for solving Eq. (1.26) for different
applications, geometries, symmetries, chemical elements and materials requiring different approximations (Blügel & Bihlmayer, 2006). The eigenvalue problem Eq. (1.26) is directly related to choosing basis function sets
{φG (k, r)} for all reciprocal lattice vectors up G to the largest value of
Kmax ,
Ψk,ν (r) =

X

G
φG (k, r)
Ck,ν

(1.27)

|k+G|≤Kmax
G are variational coefficients with the reciprocal lattice vector
where Ck,ν

k for the νth sphere (Blügel & Bihlmayer, 2006). Using Eq. (1.27), the
partial differential equation Eq. (1.26) can be solved through algebraic
G ’s.
equations which gives the values of Ck,ν

Figure 1.12: Space division both in the APW and LAPW methods.
The Bloch theorem gives the most straightforward suggestion for three
dimensional periodic solids, which would be to expand the wave function
into plane-waves or Fourier series, respectively,
φG (k, r) = ei(k+G)·r .
23
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Slater developed the augmented plane-wave (APW) method in which
the space is partitioned into spheres centered at each atom site, which
is strongly varying but nearly spherical, the so-called muffin-tin (MT)
sphere, and into the remaining interstitial region as in Fig. 1.12 (Slater,
1937). Koelling and independently Andersen proposed a linearization
method in the radial functions inside the MT sphere, i.e., the basis functions inside the spheres are linear combinations of ul (r)Ylm (θ, φ) and
˙
its radial derivative ul (r)Y
lm (θ, φ) (Andersen, 1975; Koelling & Arbman,
1975).

ei(k+G)·r


φG (k, r) =

ν
lm {Alm ul (r)

P

+

ν u (r)}Y
˙
Blm
l
lm (θ, φ)

r ∈ Interstital
r ∈ MT sphere ν.
(1.29)

The radial function ul (r) satisfies



d2
l(l + 1)
− 2+
+ Vν (r) − El rul (r) = 0,
dr
r2

(1.30)

where Vν is the spherically symmetric potential inside the ν-th sphere and
El is the angular momentum dependent energy parameter. The spherical harmonics Ylm (θ, φ), which is used to illustrate an atomic orbital of
hydrogen atom, is the solution of the angular part of Laplace’s equation ∇2 f = 0. These functions are matched to the values and derivatives of the plane-waves on the sphere boundaries and the basis functions
augmented in the way are the linearized APW (LAPW) method. Harmann and Weinert have introduced the full-potential LAPW (FLAPW)
method which solves the non-spherical potential problem by partitioning
the region to vacuum, interstitial and MT sphere regions (Hamann, 1979;
Wimmer et al., 1981).
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1.6

Precipitate

The precipitation process in a matrix can be classified nucleation,
growth and coarsening. All the often separated stages occur simultaneously, governed by interfacial energy and the chemical free energy change.
The fact that an interface must be created requires the forming particle to
cross a size threshold before there is a reduction in free energy. Even after
this stage, curved interfaces change local equilibrium, an effect known as
capillarity.

1.6.1

Capillarity Effect

When atoms are transferred from α to the β phase, there is an additional
energy term due to the increase in interfacial area and capillarity pressure
of the particles. There will be a change in the equilibrium composition
of the matrix as an effect of the curvature as shown in Fig. 1.13. Let σ
be the interfacial energy per unit area between α and β phase, then the
additional free energy of particles with radius r should be,
G = 4πr2 σ.

(1.31)

Let dn moles of atoms are moved from α to β phase, dr and dV be the
radius and volume changes of particles then the additional free energy
be

Since

dG
dr
dV
dG
=
×
×
.
dn
dr
dV
dn
dV
dn

dG
dn

(1.32)

is the constant molar volume Vm of β phase and V = 43 πr3 , the

free energy increment with respect to particles with curvature r should
be

dG
1
2σVm
= 8πrσ ×
× Vm =
.
2
dn
4πr
r

(1.33)

For an infinite radius of curvature, the original composition of the matrix
α equilibrium with phase β would be cαβ , but the composition will be in-
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creased to cαβ
r with interface curvature r. Thus, the change in composition
becomes
cαβ
r



2Γ αβ
= 1+
c
r

(1.34)

σVm
− cαβ )

(1.35)

Γ=

kT (cβα

where Γ is the capillarity constant given by the dilute solution approximation.

Figure 1.13: Increase of the Gibbs energy due to the interfacial energy of
the particle (Christian, 2002).

1.6.2

Nucleation

Nucleation is the process through which the smallest particle of a new
phase is formed such that it can grow with a reduction in free energy. The
embryo is created by statistical fluctuations involving individual atom
additions. It evolves to a critical size whose growth leads to a reduction
in free energy. Assuming that the precipitate nucleates as a spherical
particle of radius r, a fluctuation of size leads to a change in the free
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energy by an amount ∆G given by
4
4
∆G = πr3 ∆Gv + π∆Gs + 4πr2 σ
3
3

(1.36)

where ∆Gv is the chemical free energy change per unit volume, which is
negative during the transformation to precipitate phase, ∆Gs is the strain
energy per unit volume associated with creation of precipitates, and σ is
the interfacial energy per unit area of the precipitate-matrix interface.
The maximum value of ∆G with respect to r gives the activation free
energy G∗ to form a nucleus of critical radius r∗ (Aaronson et al., 1978).
G∗ =

16πσ 3
3(∆Gv + ∆Gs )2

(1.37)

2σ
.
∆Gv + ∆Gs

(1.38)

r∗ =

If Vm , R and T are defined as the precipitate molar volume, universal
gas constant and temperature, respectively, the activation free energy G∗
can be expressed in terms of the precipitate and matrix concentrations
by substitution of ∆Gv + ∆Gs as (Christian, 2002)

∆Gv + ∆Gs =




1
c
RT ln αβ .
Vm
c

(1.39)

A relationship between r∗ and the concentrations can be obtained from
Eqs (1.38) and (1.39)
2σVm
= RT ln
r∗




.
cαβ
c

(1.40)

The rate of nucleation is
RT
I=N
exp
hNA
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−
RT
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where Q∗ is the activation energy required to transfer atoms across the
precipitate interface, N is the number density of nucleation sites for the
precipitate, NA is the Avogadro constant , h is the Planck constant (Christian, 2002). The critical radius of the nucleus can be approximated by
using capillarity constant Γ (San Martı́n et al., 2005),
ρc =

1.6.3

2cαβ Γ
.
(c − cαβ )

(1.42)

Growth

Zener proposed a simple theory for the precipitation in dilute solutions
of matrix considering one dimensional growth (Zener, 1949). Fig. 1.14
shows a schematic plot of the concentration of the solute as a function
of distance in which the concentration is expressed in atoms per volume.
For the migration of the interface between precipitates and matrix, there
should be a movement of solute atoms at the interface. The rate at which
solute is incorporated into the growing precipitate must be equal to that
arriving by diffusion to the interface.
Let the composition of the matrix α equilibrium with phase β and the
composition of β phase equilibrium with α be cαβ and cβα respectively,
then the following equation are derived from Fick’s first law.


dc
J = −D
dx



= (cβα − cαβ )v

(1.43)

where J is the flux or number of solute atoms crossing unit area per second, D is the diffusion coefficient which is assumed to be independent of
concentration, and

dc
dx

is the is the concentration gradient of the solute

component in the matrix at the interface and v is the interface velocity.
Zener gave an approximate solution to this equation based on the drawing of Fig. 1.14 (Zener, 1949). Substituting approximate slope into the
28
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Figure 1.14: A planar precipitate growing under conditions, where growth
is controlled by diffusion, showing schematically how the composition
varies with distance.
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velocity equation yields
v=

dx
D(c − cαβ )2
= βα
.
dt
(c − cαβ )(cβα − c)x

(1.44)

Integration of this differential equation leads to the following relation for
the position of the boundary as a function of time.
√
x = α DT
α=

(1.45)

c − cαβ
.
(cβα − cαβ )(cβα − c)

(1.46)

These results have a very general application and Zener has shown that
whenever the growth is controlled by a simple diffusion process of the
type indicated above, the interface position varies with the square root
of the time (Zener, 1949). Zener also obtained several asymptotic approximations of the values of α for three dimensional cases for spherical
precipitates, which can be illustrated as Eq. (1.45).
Zener’s growth model has been extended to approximately account for
capillarity effect (Bhadeshia, 2003; Rivera-Dı́az-Del-Castillo & Bhadeshia,
2002). The development of the radius of the spherical precipitate is assumed to follow the Eq. (1.45). At a radius r with the origin located
at the center of the particle, the concentration field can be described by
applying modified boundary condition by capillarity effect as
√



2cαβ Γ
Φ(r/ Dt)
αβ
−c
c(t, r) = c + c +
ρ
Φ(α)
1
Φ(α) = exp
α



α2
−
4



(1.47)

√

 
π
α
−
erfc
2
2

(1.48)

where c is the average solute concentration in the matrix. Then Eqs (1.43)
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and (1.44) can be reformulated as


βα

v c



αβ

− c

2cαβ Γ
+
ρ


=D

∂c
|r=ρ
∂r

(1.49)

√
dρ
−2D Dt(2cαβ Γ − cr + cαβ r)
√
√
v=
=
√
dt
r(2cαβ Γ + cαβ r − cβα r)[−2 Dt + πr exp(r2 /4Dt)erfc(r/2 Dt)]
(1.50)
The growth rate v should be negative for the precipitate size less than
critical radius. These results are advantageous because these can be applicable not only for growth kinetics, but also for coarsening process within
the same formulation.

1.6.4

Coarsening

The last process of precipitation is coarsening, in which the number
of particles decreases and average size of particles increases maintaining
the total precipitate volume fraction by consuming the driving force of
capillarity effect. This process occurs since larger particles are more energetically favored than smaller particles. Fig. 1.15 is a schematic free
energy diagram with respect to solute composition showing the principle of coarsening process. When the smaller and bigger particles exist
together, the matrix concentration near the interface which is equilibrium with smaller particle is higher than bigger one due to capillarity
effect. Therefore, there is concentration gradient in matrix inducing the
solute atom diffusion from the smaller particles to the bigger one. As a
result, smaller particles should shrink and disappear, while bigger ones
are coarsened.
The earliest quantitative treatment of the coarsening process of metallic precipitates was by Greenwood and a few years later, the most widely
used theory was developed independently by Lifshitz and Slyozov and
Wagner (LSW theory) (Greenwood, 1956; Lifshitz & Slyozov, 1961; Wagner, 1961). In 1961, Lifshitz and Slyozov performed a mathematical for31
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Figure 1.15: A schematic free energy and composition diagram showing
the principle of precipitate coarsening (Porter & Easterling, 1992).
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mulation of Ostwald ripening in the case where diffusion of material is
the rate controlling process. The solution method they used was to define a particle radius distribution function f (r, t) to which they applied
the continuity equation. The distribution function obeys the continuity
equation


∂f
∂
∂r
+
f
=0
∂t
∂r
∂t

(1.51)

which has to be satisfied along with the flux balance equation and a mass
balance equation. There is no source of new droplets, since nucleation has
ceased. Their results are for small volume fractions of transformed phase,
and can be expressed as
r(t)n − r(0)n =

8 σVm2 DCe
t
9 RT

(1.52)

where t is time, r is the average radius of all the particles, σ is interfacial energy between particles and matrix per unit area, D is diffusion
coefficient of the particle element which controls coarsening process, Ce
is the equilibrium concentration of solute in the matrix in the units of
mol m−3 and Vm is the molar volume of the particle (Wagner, 1961). n is
a constant determined by the coarsening mechanism; n = 2 for interface
migration coarsening, n = 3 for bulk diffusion, n = 4 for grain boundary diffusion and n = 5 for dislocation diffusion (Ardell, 1972; Lifshitz &
Slyozov, 1961; Wagner, 1961).
The size distribution function of particles is also contained in the Lifshitz and Slyozov derivation (Lifshitz & Slyozov, 1961). For convenience,
let ρ be a new variable which is the radius of particles divided by the
average radius, then

7/3 
11/3


4
3
1.5
1.5
f (ρ, t) =
exp −
.
9 3+ρ
1.5 − ρ
1.5 − ρ

(1.53)

The time independent distribution function f (ρ) is calculable and is
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Figure 1.16: Particle size distributions predicted by the mean-field theory
of the LSW model.

shown in Fig. 1.16. The LSW theory predicts that after long times the
distribution of particle size, properly scaled, should reach a universal form
that is independent of all material parameters.
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Chapter 2

Interphase Precipitation
The use of carbides in micro-alloyed steels is an efficient way of strengthening steels. In most cases, the carbides are controlled to precipitate randomly in ferrite after the austenite-ferrite transformation. However, alloy
carbides can be formed at ferrite-austenite phase interfaces during the
transformation, so-called interphase precipitation, which is of considerable importance in the field of high-strength low-alloy (HSLA) steels.
The most important of elements for interphase precipitation are vanadium, titanium, niobium, chromium, molybdenum and tungsten, which
have a strong affinity for carbon and are commonly known as carbide
formers. These carbides can contribute to the high strengthening effect,
because interphase precipitation can occur in a short time. In this chapter,
the heat-treatment condition for the formation of interphase precipitation
has been confirmed for Ti-Nb bearing steels and Ti-Nb-Mo bearing steels.
Mechanical characterisation, transmission electron microscopy and chemical extraction have been conducted to analyze the precipitation kinetics
of titanium, niobium and molybdenum containing carbides.
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2.1. Sample Preparation

Table 2.1: Chemical composition of Ti-Nb and Ti-Nb-Mo steels examined
in the present study (in wt%)

Ti-Nb
Ti-Nb-Mo

2.1

C

Mn

Al

Ti

Mo

Nb

0.07
0.07

1.5
1.5

0.03
0.03

0.1
0.1

0.2

0.03
0.03

Sample Preparation

The chemical compositions of the alloys investigated are presented in
Table 2.1. Based on the Ti-Nb steels with 1.5Mn-0.03Al-0.07C-0.1Ti0.03Nb wt% composition, Ti-Nb-Mo steels with 1.5Mn-0.03Al-0.07C-0.1Ti0.03Nb-0.2Mo wt% are designed to check the effects of molybdenum. The
alloys were prepared as 30 kg ingots by vacuum induction melting, then
hot rolled into 20 mm plates.
Figs 2.1 and 2.2 represent calculated phase fractions as a function of
temperature, including the phases ferrite, austenite, cementite and B1
structure carbides in system of Ti-Nb and Ti-Nb-Mo steels, respectively,
using ThermoCalc with the TCFE6.2 database. It is necessary to hold
the steel above 1250◦ C to resolve carbides. The highest equilibrium temperatures between austenite and ferrite phase are 840◦ C and 845◦ C for
Ti-Nb and Ti-Nb-Mo steels, respectively, above which ferrite is not stable. This shows that about 0.2 wt% of molybdenum addition increases the
equilibrium transformation start temperature from austenite to ferrite by
about 5◦ C.
Cylindrical specimens with a diameter of 3 mm and a length of 10 mm
were machined and subjected to the heat treatment using a quench dilatometer. The specimens were heated to 1100◦ C to obtain a fully austenitic
structure, followed by slow cooling to ambient temperature with a cooling rate of 0.5◦ C s−1 . Fig. 2.3 contains cooling dilatation curves of a
Ti-Nb and Ti-Nb-Mo steels showing continuous cooling transformation
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Figure 2.1: Calculated phase fraction of ferrite, austenite, cementite and
titanium carbide in system Ti-Nb steel using ThermoCalc with TCFE6.2
database. Ferrite and austenite phase correspond to the scale of left bar.
Cementite and TiC phase correspond to right bar.
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Figure 2.2: Calculated phase fraction of ferrite, austenite, cementite
and titanium carbide in system Ti-Nb-Mo steel using ThermoCalc with
TCFE6.2 database. Ferrite and austenite phase correspond to the scale
of left bar. Cementite and TiC phase correspond to right bar.
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from austenite to ferrite. The ferrite transformation start temperature
from austenite estimated as 742◦ C and 728◦ C for Ti-Nb and Ti-Nb-Mo
steels, respectively, by using the offset method with 1 vol.% offset (Yang
& Bhadeshia, 2007). The transformation start temperature for Ti-Nb-Mo
steels is about 14◦ C lower than that of Ti-Nb steels, due to slow transformation rates of Ti-Nb-Mo steels.

Figure 2.3: Cooling dilatation curves of a Ti-Nb and Ti-Nb-Mo steels
obtained at a cooling rate of 0.5◦ C s−1 .

Based on the thermodynamic calculation results and dilatometric
curves, new heat treatments were designed to stimulate interphase precipitation and confirm the role of molybdenum on coarsening phenomena.
Cylindrical specimens with a diameter of 8 mm and a length of 12 mm
were prepared and subjected to the heat treatment cycle in Fig. 2.4 by
using THERMOMASTER-Z thermo-mechanical simulator.

47

2.1. Sample Preparation

Figure 2.4: Schematic diagram showing the two-step heat treatment. The
first heating temperature, 1250◦ C, is determined to resolve TiC precipitation and the isothermal holding temperature, 700◦ C, is determined to
obtain ferrite from austenite. Prolonged ageing time and temperatures
are designed to check the effect of the coarsening process.
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The specimens were heated to 1250◦ C for 300 s to dissolve pre-existing
precipitation in vacuum atmosphere. After that, the specimen were cooled
to the deformation temperature 1100◦ C and 1000◦ C at the cooling rate
of 30◦ C s−1 , and hot compression was carried out at a strain rate of
1 s−1 for the total strain of 0.3 to control the austenite grain size. After
the hot deformation, the specimens were cooled to an isothermal holding
temperature, 700◦ C. They were then cooled to room temperature after
40 min holding. Two more prolonged ageing were conducted to check
coarsening behavior using a box furnace. The specimens encapsulated in
evacuated quartz tubes and reheated to 650◦ C and 700◦ C, and hold for
24 h and 120 h, respectively.
A cross-section along the longitudinal direction of the specimen was
observed using a light microscope with 2% nital solution. The detailed microstructure of (Ti,Nb)C and (Ti,Nb,Mo)C precipitates were analyzed by
transmission electron microscope (TEM) and scanning TEM (STEM),
together with energy-dispersive X-ray spectroscopy (EDS). The equipment used was a field-emission-gun TEM, JEOL JEM 2100F, operated
at 200 kV, in which the relative rotation of the image with the pattern
are corrected. The ferrite fraction in the corresponding optical samples
and precipitation size in TEM images were measured using graphic software, Image Pro Plus. The chemical composition of each carbides are
characterized using EDS in thin foil samples or carbon extraction replica
allowing Ti, Nb and Mo elements. It is assumed that there is no overlap
of information from the matrix in thin foil samples since the compositions
of Ti, Nb and Mo in matrix are extremely small.
Thin foil samples were produced by cutting slices from the specimens,
thinning mechanically to 0.08 mm by abrasion on SiC papers, and then
twin-jet electro-polishing using a mixture of 5% perchloric acid and 95%
ethanol at 18◦ C with a current of 60∼70 mA. Carbon extraction replicas were also prepared. A layer of carbon was deposited on the etched
specimen, which was then cut as 1.5 mm grid size. Then specimens were
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electro-polished using a mixture of 10% perchloric acid and 90% ethanol
at room temperature with 0.015 mA current until the replicas began to
lift. The specimen was slid into distilled water, and the replicas were
collected by a copper net.

2.2

Ti-Nb Steel

Fig. 2.5 presents optical micrographs of Ti-Nb steels after isothermal
holding at 700◦ C for 40 min, prolonged ageing at 650◦ C for 24 h and at
700◦ C for 120 h, respectively. The white-etched phase is allotriomorphic
ferrite, which nucleated and grew during isothermal transformation at
700◦ C. The dark etched phase is martensite, which originated from the
rapid cooling of untransformed austenite. The ferrite volume fraction and
grain size are measured using the image analyzing software, Image Pro.
The ferrite volume fraction is measured at about 0.72 ± 0.05 for all the
samples. The measured ferrite grain size was about 25 ± 5µm, and there
is no significant difference in this size over the three samples.

2.2.1

Isothermal Holding at 700◦ C for 40 min

Fig. 2.6 presents bright field TEM images of Ti-Nb steels after isothermal holding at 700◦ C for 40 min showing carbides. Fig. 2.7 includes dark
field images showing carbides as rows and its corresponding diffraction
pattern with [012] zone axis of ferrite. The dark field image are obtained using a diffraction pattern within the blank circle. The additional
diffraction patterns without indexing come from the other precipitate
with different orientation relationship. The images show curved interface
interphase precipitation with irregular spacing with average distance as
about 43 nm. The precipitates rows are perpendicular to the [021] ferrite direction between [121] and [121]. Fig. 2.8 indicates the results of
characteristic EDS spectra of the (Ti,Nb)C carbides with about 5 nm
size carbide in Fig. 2.7 from thin foil sample. It is estimated to contain
50
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Figure 2.5: Optical micrographs showing ferrite fraction and grain size
of Ti-Nb steels after (a) isothermal holding at 700◦ C for 40 min, (b)
51
prolonged ageing at 650◦ C for 24 h and (c) at 700◦ C for 120 h.

2.2. Ti-Nb Steel

Figure 2.6: Transmission electron micrograph of Ti-Nb steel after isothermal holding at 700◦ C for 40 min bright filed images with (a) low magnification and (b) high magnification showing carbides.

Figure 2.7: Transmission electron micrograph of Ti-Nb steel after isothermal holding at 700◦ C for 40 min. (a) Dark field image and (b) corresponding diffraction pattern with [012] zone axis of ferrite.
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Figure 2.8: Characteristic EDS spectra of the (Ti,Nb)C carbides with
about 5 nm size in the Ti-Nb steel after isothermal holding at 700◦ C for 40
min from thin foil sample. It is estimated to contain 57(72 at%)±11 wt%
Ti and 42(27 at%)± 11 wt% Nb, respectively.

Figure 2.9: Relative frequency as a function of particle radius of (Ti,Nb)C
particles in Ti-Nb steel after isothermal holding at 700◦ C for 40 min. The
mean value and standard deviation of radius are 4.13 nm and 1.81 nm,
respectively.
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57(72 at%)±11 wt% Ti and 42(27 at%)±11 wt% Nb, respectively, which
contains much higher niobium concentration than average concentration.
Fig. 2.9 shows the distribution of particle radii for (Ti,Nb)C particles, as
obtained from dark field images. The radius is estimated by the maximum distance from the cent of each particle. The measured mean value
and standard deviation of particle radius are 4.13 nm and 1.81 nm, respectively.

2.2.2

Prolonged Aging at 650◦ C for 24 h

Figure 2.10: Bright field TEM images of Ti-Nb steel after prolonged aging
at 650◦ C for 24 h with (a) lower and (b) higher magnification showing
carbides.
Fig. 2.10 shows bright field TEM images of Ti-Nb steel after prolonged aging at 650◦ C for 24 h showing carbides. Fig. 2.11 includes dark
field images showing carbides with curved interface interphase precipitation with irregular spacing. The measured average spacing between
precipitates is about 41 nm. Fig. 2.12 indicates the results of characteristic EDS spectra of the (Ti,Nb)C carbides with about 6 nm size carbide
contained in Fig. 2.11 from thin foil sample. It is estimated to contain
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Figure 2.11: Dark field TEM images of Ti-Nb steel after prolonged aging
at 650◦ C for 24 h with (a) lower and (b) higher magnification showing
carbides.

Figure 2.12: Characteristic EDS spectra of the (Ti,Nb)C carbides with
about 6 nm size in the Ti-Nb steel after prolonged ageing at 650◦ C for
24 h from thin foil sample. It is estimated to contain 61(75 at%)±9 wt%
Ti and 39(25 at%)±9 wt% Nb, respectively.
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Figure 2.13: Relative frequency as a function of particle radius of
(Ti,Nb)C particles in Ti-Nb steel after prolonged ageing at 650◦ C for
24 h. The mean value and standard deviation of radius are 5.74 nm and
2.84 nm, respectively.
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61(75 at%)±9 wt% Ti and 39(25 at%)±9 wt% Nb, respectively. Fig. 2.13
shows relative frequency dependency on radius of (Ti,Nb)C particles obtained from dark field images. The measured mean value and standard
deviation of radius are 5.74 nm and 2.84 nm, respectively.

2.2.3

Prolonged Aging at 700◦ C for 120 h

Figure 2.14: Bright field TEM images of Ti-Nb steel after prolonged aging
at 700◦ C for 120 h showing the distribution of (a) small and (b) bigg
(Ti,Nb)C carbides.
Fig. 2.14 presents carbon extraction replicas of Ti-Nb steel after prolonged aging at 700◦ C for 120 h showing the distribution of small and big
(Ti,Nb)C carbides. They contains two different size scale carbide with less
than 10 nm radius and bigger than 0.1 µm. Fig. 2.15 indicates the results
of characteristic EDS spectra of the (Ti,Nb)C carbides with about 8 nm
size carbide contained in Fig. 2.14 from carbon extraction replicas. It is
estimated to contain 56(71 at%)±4 wt% Ti and 44(29 at%)±4 wt% Nb,
respectively. There is no significance difference of titanium and niobium
compositions among samples at the different heat-treatment. Fig. 2.16
shows relative frequency dependency on radius of (Ti,Nb)C particles ob57
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Figure 2.15: Characteristic EDS spectra of the (Ti,Nb)C carbides with
about 8 nm size in the Ti-Nb steel after prolonged ageing at 700◦ C for
120 h from thin foil sample. It is estimated to contain 56(71 at%)±4 wt%
Ti and 44(29 at%)±4 wt% Nb, respectively.

Figure 2.16: Relative frequency as a function of particle radius of
(Ti,Nb)C particles in Ti-Nb steel after prolonged ageing at 700◦ C for
120 h. The mean value and standard deviation of radius are 7.65 nm and
4.23 nm, respectively.
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tained from carbon extraction replicas. The measured mean value and
standard deviation of radius are 7.65 nm and 4.23 nm, respectively.

2.3

Ti-Nb-Mo Steel

Fig. 2.17 presents optical micrographs of Ti-Nb-Mo steels after isothermal holding at 700◦ C for 40 min, prolonged ageing at 650◦ C for 24 h
and at 700◦ C for 120 h, respectively. The white-etched phase is allotriomorphic ferrite, due to isothermal transformation at 700◦ C. The ferrite
volume fraction is measured about 0.71±0.07 for the three different heattreatments, which is almost identical to the Ti-Nb steels.

2.3.1

Isothermal Holding at 700◦ C for 40 min

Fig. 2.18 presents bright field images using transmission electron microscope of Ti-Nb-Mo steels after isothermal holding at 700◦ C for 40 minutes
showing carbides. Fig. 2.19 includes dark field image showing carbides as
rows and its corresponding diffraction pattern with [012] zone axis of ferrite. The precipitation is shown to be a planar interphase precipitation
with regular spacing with average distance as about 22 nm. The precipitates rows are perpendicular to the [02̄1] ferrite direction between [12̄1]
and [1̄2̄1].
Fig. 2.20 shows carbon extraction replicas of Ti-Nb-Mo steel showing
the distribution. There are two different size scales carbides with less than
10 nm radius and bigger than 50 nm. Fig 2.21 indicates the results of characteristic EDS spectra of the (Ti,Nb,Mo)C carbides with about 3 nm size
and 25 nm size carbide shown in Fig. 2.20. The concentration of small size
particle is estimated to 38(55 at%)±1.6 wt% Ti and 14(10 at%)±1.7 wt%
Nb and 48(34 at%)±1.8 wt% Mo, respectively. The atomic ration Mo/Ti
is about 0.617. The bigger particle contains 88(93 at%)±2.3 wt% Ti and
8(5 at%)±1.9 wt% Nb and 4(2 at%)±1.8 wt% Mo, respectively, which
is almost pure TiC. Fig 2.22 shows relative frequency dependency on
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Figure 2.17: Optical micrographs showing ferrite fraction and grain size
of Ti-Nb-Mo steels after (a) isothermal holding at 700◦ C for 40 min, (b)
prolonged ageing at 650◦ C for 24 h60
and (c) at 700◦ C for 120 h.
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Figure 2.18: Bright field TEM images of Ti-Nb-Mo steel after isothermal
holding at 700◦ C for 40 min with (a) lower and (b) higher magnification
showing carbides.

Figure 2.19: TEM images of Ti-Nb-Mo steel after isothermal holding at
700◦ C for 40 min . (a) Dark field image and (b) corresponding diffraction
pattern with [012] zone axis of ferrite.
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Figure 2.20: Carbon extraction replicas of Ti-Nb steel after isothermal
holding at 700◦ C for 40 min showing the distribution of (a) small and (b)
big (Ti,Nb,Mo)C.
particle radius of (Ti,Nb,Mo)C particles. The mean value and standard
deviation of radius are 2.85 nm and 2.58 nm, respectively.

2.3.2

Prolonged Aging at 650◦ C for 24 h

Figs 2.23 and 2.24 present bright field TEM images of Ti-Nb-Mo steel
after prolonged aging at 650◦ C for 24 h showing carbides which is obtained during interphase precipitation using with and without spherical
aberration (Cs) corrected TEM, respectively. Fig 2.25 includes dark field
images corresponds to the bright field image Fig. 2.24(a). The precipitation is shown to have a planar interphase precipitation with regular
spacing with about 13 nm average distance.
Fig.2.26 shows carbon extraction replicas of Ti-Nb-Mo steel showing
the distribution of smaller and bigger carbides. It can be observed to
have two different size scale carbide with less than 10 nm radius and
bigger than 50 nm. Fig 2.27 indicates the results of characteristic EDS
spectra of the (Ti,Nb,Mo)C carbides with about 4 nm size and 24 nm
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Figure 2.21: Characteristic EDS spectra of the (Ti,Nb,Mo)C carbides
with about (a) 3 nm and (b) 26 nm size in the Ti-Nb-Mo steel after
isothermal holding at 700◦ C for 40 min from thin foil sample. It is estimated to contain (a) 38(55 at%)±1.6 wt% Ti and 14(10 at%)±1.7 wt%
Nb and 48(34 at%)±1.8 wt% Mo, respectively. It is estimated to have
(b) 88 wt%(93 at%)±2.3 wt% Ti and 8 wt%(5 at%)±1.9 wt% Nb and
4 wt%(2 at%)±1.8 wt% Mo, respectively.
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Figure 2.22: Relative frequency as a function of particle radius of
(Ti,Nb,Mo)C particles in Ti-Nb-Mo steel after isothermal holding at
700◦ C for 40 min. The mean value and standard deviation of radius are
2.85 nm and 2.58 nm, respectively.

Figure 2.23: Bright field TEM images of Ti-Nb-Mo steel after prolonged
aging at 650◦ C for 24 h with (a) lower and (b) higher magnification showing carbides.
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Figure 2.24: Bright field TEM images equipped with Cs corrector of TiNb-Mo steel after prolonged aging at 650◦ C for 24 h with (a) lower and
(b) higher magnification showing carbides.

Figure 2.25: Dark field TEM images of Ti-Nb-Mo steel after prolonged aging at 650◦ C for 24 h with (a) lower and (b) higher magnification showing
carbides.
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Figure 2.26: Carbon extraction replicas of Ti-Nb steel after prolonged
aging at 650◦ C for 24 h showing the distribution of (a) small and (b) big
(Ti,Nb,Mo)C.
size carbide shown in Fig. 2.26. The concentration of small particle is
estimated to 25(39 at%)±0.9 wt% Ti and 15(12 at%)±1.4 wt% Nb and
60(48 at%)±1.4 wt% Mo, respectively, which corresponds to 1.22 atomic
ratio of Mo/Ti. The bigger particle contains 89(94 at%)±2.5 wt% Ti and
7(4 at%)±2.0 wt% Nb and 4(2 at%)±1.7 wt% Mo, respectively. Fig. 2.28
shows relative frequency dependency on particle radius of (Ti,Nb,Mo)C
particles in Ti-Nb-Mo steel. The mean value and standard deviation of
radius are 2.84 nm and 2.82 nm, respectively.

2.3.3

Prolonged Aging at 700◦ C for 120 h

Fig. 2.29 presents bright field TEM images of Ti-Nb-Mo steels after
prolonged aging at 700◦ C for 120 h showing two different size particles
with less than 10 nm and bigger than 1 µm. Fig. 2.30 shows carbon
extraction replicas of Ti-Nb-Mo steel showing the distribution of smaller
and bigger carbides. It can be observed to have two different size scales
of carbides with less than 10 nm radius and bigger than 100 nm.
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Figure 2.27: Characteristic EDS spectra of the (Ti,Nb,Mo)C carbides with
about (a) 4 nm and (b) 23 nm size in the Ti-Nb-Mo steel after prolonged
aging at 650◦ C for 24 h from carbon extraction replicas. It is estimated
to contain (a) 25(39 at%)±0.9 wt% Ti and 15(12 at%)±1.4 wt% Nb
and 60(48 at%)±1.4 wt% Mo, respectively. It is estimated to have (b)
89(94 at%)±2.5 wt% Ti and 7(4 at%)±2.0 wt% Nb and 4(2 at%)±1.7 wt%
Mo, respectively.
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Figure 2.28: Relative frequency as a function of particle radius of
(Ti,Nb,Mo)C particles in Ti-Nb-Mo steel after prolonged aging at 650◦ C
for 24 h . The mean value and standard deviation of radius are 2.84 nm
and 1.82 nm, respectively.

Figure 2.29: Bright field TEM images of Ti-Nb-Mo steel after prolonged
aging at 700◦ C for 120 h with (a) small and (b) big (Ti,Nb,Mo)C carbides.
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Figure 2.30: Carbon extraction replicas of Ti-Nb steel after prolonged
aging at 700◦ C for 120 h showing the distribution with (a) lower and (b)
higher magnification
Fig. 2.31 indicates the results of characteristic EDS spectra of the
(Ti,Nb,Mo)C carbides with about 4 nm size and 30 nm size carbide
shown in Fig. 2.30. The concentration of small particle is estimated to
36(53 at%)±3.0 wt% Ti and 19(14 at%)±3.4 wt% Nb and 45(33 at%)±3.7 wt%
Mo, respectively, which corresponds to 0.62 atomic ratio of Mo/Ti. The
bigger particle contains 65(78 at%)±7.1 wt% Ti and 14(9 at%)±6.2 wt%
Nb and 21(2 at%)±6.5 wt% Mo, respectively.
Fig. 2.32 contains dark field images of 1 µm size particle with its corresponding diffraction pattern with [011] zone axis of B1 structure carbide.
In a diffraction pattern images, the different peaks are selected for dark
field images, respectively. Fig. 2.33 indicates characteristic EDS mapping
for titanium, niobium and molybdenum using scanning transmission electron microscope of Ti-Nb-Mo steel from thin foil sample. The dark field
images and elemental mapping show that these particles contain two different types of carbide. B1 crystal structure titanium carbide locates at
the center and molybdenum rich carbides exist surrounding the bigger
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Figure 2.31: Characteristic EDS spectra of the (Ti,Nb,Mo)C carbides
with about (a) 4 nm and (b) 30 nm size in the Ti-Nb-Mo steel after
prolonged aging at 700◦ C for 120 h from carbon extraction replicas. It is
estimated to contain (a) 36(53 at%)±3.0 wt% Ti and 19(14 at%)±3.4 wt%
Nb and 45(33 at%)±3.7 wt% Mo, respectively. It is estimated to
have (b) 65(78 at%)±7.1 wt% Ti and 14(9 at%)±6.2 wt% Nb and
21(2 at%)±6.5 wt% Mo, respectively.
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Figure 2.32: TEM images of Ti-Nb-Mo steel after prolonged aging at
700◦ C for 120 h from thin foil sample. (a) Dark field image correspond
to diffraction pattern a, (b) diffraction pattern b (c) diffraction pattern
c and (d) corresponding diffraction pattern with [011] zone axis of B1
structure carbides.
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Figure 2.33: EDS mapping using STEM of Ti-Nb-Mo steel after prolonged
aging at 700◦ C for 120 h from thin foil sample. (a) Bright field image and
elements mapping of (b) Ti (c) Nb and (d) Mo, respectively.

72

2.3. Ti-Nb-Mo Steel

Figure 2.34: Relative frequency as a function of particle radius of
(Ti,Nb,Mo)C particles in Ti-Nb-Mo steel after prolonged aging at 700◦ C
for 120 h . The mean value and standard deviation of radius are 4.33 nm
and 3.13 nm, respectively.
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particle.
Fig. 2.34 shows relative frequency dependency on particle radius of
(Ti,Nb,Mo)C particles in Ti-Nb-Mo steel after prolonged aging at 700◦ C
for 120 h. The mean value and standard deviation of radius are 4.33 nm
and 2.13 nm, respectively.

2.4

Hardness and Precipitate Size

Hardness measurements were made on the ferrite grains in the corresponding optical samples, using a Vickers hardness tester with a load of
1 kg. The load was chosen in order to minimize the sizes of indentation
within the ferrite grains so that the influence of other lower temperature structures, which is originated from the rapid cooling of untransformed austenite. The results are averaged using 30 sampling points. The
hardness of Ti-Nb steels and Ti-Nb-Mo steels after isothermal holding
at 700◦ C for 40 min are 191 and 196 HV, respectively. The hardness of
Ti-Nb steels have decreased more rapidly than Ti-Nb-Mo steels during
prolonged aging for 24 h and 120 h. The corresponding values for Ti-Nb
alloy changes to 181 and 164 HV, while those for Ti-Nb-Mo alloy changes
to 192 and 185 HV, respectively. The difference is about 17 and 11 HV
for Ti-Nb alloy and Ti-Nb-Mo alloy during 120 h prolonged ageing.
These hardness measurements can be interpreted using the precipitation size analysis. The measured precipitate sizes above are projected
values on 2 dimensional planes and can be converted to a 3 dimensional
size by using following equation, which is used for carbon extraction replicas samples (Ashby & Ebeling, 1966).
dv =

ds
1 + ( σds )2

(2.1)

s

where dv and ds are the average sizes of precipitates with respect to 2 and
3 dimensions. σs is the standard deviation of ds . In this study, Eq. (2.1)
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Figure 2.35: Hardness of Ti-Nb and Ti-Nb-Mo steel with different heat
treatments.
is applied not only for replicas samples, but also for thin foil based on
the assumption that the precipitates size distributions in thin foil are
identical to that from replicas. Then the measured average sizes of Ti-Nb
steels are converted to 3.46, 4.61 and 5.85 nm for after isothermal holding
at 700◦ C for 40 min, after prolonged ageing 24 h and 120 h, respectively.
The converted values of Ti-Nb-Mo steels are 1.56, 2.01 and 3.49 nm for
after isothermal holding at 700◦ C for 40 min, after prolonged ageing 24 h
and 120 h, respectively.
The precipitate size for Ti-Nb-Mo steels are relatively small compared
with Ti-Nb steels during the heat-treatment. In addition the coarsening
rate more rapid in Ti-Nb steels, the coarsening rate constant is proportional to the cube of average precipitation size by LSW theory (Lifshitz
& Slyozov, 1961; Wagner, 1961). These experimental results indicate that
a certain amount of molybdenum addition promotes interphase precipitation and reduces the particle coarsening rate for the same amount of
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Chapter 3

Stability of (Ti,M)C
A knowledge of the thermodynamics and interfacial energies of substitutional alloys including niobium, vanadium, molybdenum and tungsten
in the (Ti, M)C phase is necessary for modeling precipitation kinetics. In
this chapter, this has been achieved from first principles calculation and
discrete lattice plane, nearest-neighbor broken-bond model. Suggestions
from the calculation are validated by the characterization of precipitates
in a series of steels containing Ti, Ti-Mo and Ti-W using transmission
electron microscopy (TEM).

3.1

Formation Energy and Lattice Parameter

There has been significant progress with a variety of first principles
calculation of thermodynamic parameters, some of which are used for
calculation of phase diagrams (CALPHAD) approach. The purpose of
the study presented here was to use first-principles calculations to characterize the effect of substitutional solutes on the stability of TiC carbide,
where niobium, vanadium, molybdenum and tungsten atoms substitute
for titanium. The lattice parameters, formation energies and bulk moduli of (Ti,M)C and M(C,Va) with the B1 crystal structure have been
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investigated as a function of the substituted atoms.

3.1.1

Computational Model and Methods

The conventional unit cell of B1 structure TiC contains four titanium atoms and four carbon atoms in the nonmagnetic state. The initial
calculations were based on the experimental lattice parameter aT iC =
4.32 Å, which has been measured at room temperature (Teresiak & Kubsch, 1995). The crystal structures of (Ti,Nb)C, (Ti,V)C, (Ti,Mo)C and
(Ti,W)C were simulated by substituting titanium atoms with Nb, V, Mo
and W atoms with 1/8, 1/4, 3/4 and 7/8 site fractions, respectively. The
Ti(C,Va), Nb(C,Va), V(C,Va), Mo(C,Va) and W(C,Va) are calculated
using the structure in which 4, 3, 2 and 1 carbon atoms are substituted
by vacancies, corresponding to 0, 12.5, 25 and 37.5 at% of carbon.
For the first-principles calculation, the total energy all-electron fullpotential linearized augmented plane-wave (FLAPW) method was used
with the local density approximation (LDA) and generalized gradient approximation (GGA) for the exchange-correlation potential (Perdew et al.,
1996; Weinert et al., 1982; Wimmer et al., 1981). The integrations over
the three-dimensional Brillouin zone were calculated by the tetrahedron
method over a 9×9×9 Monkhorst-Pack mesh, which corresponds to 729 kpoints for the TiC structure (Monkhorst & Pack, 1976). The linearized
augmented plane-wave (LAPW) basis set was expanded to 21 Ry, which
corresponds to 900 LAPW per k-point. The wave functions, the charge
densities and the potential were expanded with l ≤ 8 lattice harmonics
inside each muffin-tin sphere. The radii of the muffin-tin spheres were 2.10
a.u. for Fe, 2.40 a.u. for Ti, Nb, V, Mo and W, and 1.30 a.u. for C atoms.
The density and potential in the interstitial region were depicted using a
star-function cutoff at 340 Ry. The total charge convergence criterion was
1.0 × 10−4 electrons a.u.−3 The sphere radii and Kmax within the whole
lattice spacing range were kept constant, to maintain the same degree of
convergence for all the lattice constants studied.
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The initial lattice parameters and the internal atomic positions of
(Ti,M)C and M(C,Va) for M = Nb, V, Mo and W were adapted from
experimental values of TiC. Seven distinct cubic lattice parameters a,
ranging from −3% to 3% in 1% increments, were used to determine the
equilibrium lattice parameters. A fourth-order polynomial fitting was used
to find the minima. The internal atomic positions were fully relaxed using
the total energy and force minimization scheme with the Broyden method
to find the multidimensional zero (Mannstadt & Freeman, 1997). Atomic
relaxation was achieved when the force on each atom was less than 2 mRy
a.u.−1 and the displacement of an atom was less than 3 × 10−3 a.u.−1
The reference states of the pure elements were nonmagnetic hexagonal
close-packed (HCP) Ti, body-centered cubic (BCC) Nb, BCC V, BCC
Mo, BCC W and graphite C, and ferromagnetic BCC Fe, respectively. The
equilibrium lattice parameters were calculated using seven distinct points,
ranging from −3% to 3% in 1% steps, for the cubic structures and 25
distinct combinations of the hexagonal lattice parameters a and c, ranging
from −2% to 2% in 1% steps, for hcp Ti. The total energy of diamond C
was calculated and correction of −17 meV was added for the total energy
of graphite C, since it is well known that current exchange-correlation
functional does not model graphite accurately (Ande & Sluiter, 2010).

3.1.2

Reference States

Tables 3.1 and 3.2 show calculated equilibrium lattice parameters and
bulk moduli of the reference with respect to local density (LDA) and
generalized gradient (GGA) approximation, respectively. The calculated
lattice parameters at 0 K based on LDA are 2.758, 3.541, 3.265, 2.939,
3.121 and 3.149 Å for BCC Fe, diamond C, BCC Nb, BCC V, BCC
Mo and BCC W, respectively, which are about 0.2∼2.7% smaller than
those of GGA results. The calculated results for HCP Ti are 2.862 and
4.639 Å for a and c direction, which are also 2.1% and 1.0% smaller than
those of GGA.
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Table 3.1: Calculated equilibrium lattice parameters of the reference materials of ferromagnetic BCC Fe, diamond C, HCP Ti, BCC Nb, BCC
V, BCC Mo and BCC W based on local density (LDA) and generalized
gradient approximation (GGA), respectively. The reference values are included for comparison (http://www.webelements.com).
/ Å

LDA

GGA

reference

BCC Fe
diamond C
HCP Ti
BCC Nb
BCC V
BCC Mo
BCC W

2.758
3.541
2.862(a) 4.639(c)
3.265
2.949
3.121
3.149

2.833
3.575
2.921(a) 4.686(c)
3.301
3.00
3.159
3.193

2.867
3.57
2.95(a) 4.69(c)
3.30
3.03
3.147
3.165

The bulk moduli were calculated from the partial derivative of pressure with respect to volume,


∂E
P =−
∂V

B = −V


∂P
.
∂V

(3.1)

(3.2)

The calculated bulk moduli are 232, 480, 121, 170, 195, 270, 313 GPa
for BCC Fe, diamond C, HCP Ti, BCC Nb, BCC V, BCC Mo and
BCC W, respectively, based on the LDA approximation, which are about
1.5%∼25% bigger than referenced values, except for Nb. The differences
are bigger than those from lattice parameters, because the second derivative of energy states are more sensitive than the minimum value. These
results are consistent with the previous studies that the lattice parameters on LDA are a little smaller than GGA, and the bulk moduli on
LDA are bigger than GGA (Csonka et al., 2009; Lee & Martin, 1997;
Steinle-Neumann et al., 1999).
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Table 3.2: Calculated bulk moduli of the reference materials of ferromagnetic BCC Fe, diamond C, HCP Ti, BCC Nb, BCC V, BCC Mo and BCC
W based on local density (LDA) and generalized gradient approximation
(GGA), respectively. The reference values are included for comparison
(http://www.webelements.com).
/ GPa

LDA

GGA

reference

BCC Fe
diamond C
HCP Ti
BCC Nb
BCC V
BCC Mo
BCC W

232
480
121
170
186
270
313

211
444
110
146
155
279
309

170
442
110
170
160
230
310

3.1.3

(Ti,M)C Structure

Fig. 3.1 shows calculated formation energies versus lattice parameter of
TiC with the data fitted to the fourth order polynomial. The calculated
data show a good agreement with the corresponding fitting function, and
the equilibrium lattice parameters and bulk moduli for TiC, NbC, VC,
MoC and WC are calculated using the fitting results.
Table 3.3 shows the calculated equilibrium lattice parameters, the
formation energies and the bulk moduli of TiC, NbC, VC, MoC and WC
in the B1 crystal structure, with the experimental values for comparison.
The first values for lattice parameters are calculated based on LDA and
the second values are based on GGA for exchange-correlation potential.
Formation energies and bulk moduli are calculated by LDA.
The calculated lattice parameters at 0 K based on LDA are aT iC =4.30 Å,
aN bC =4.48 Åand aV C =4.11 Å, which are 0.5% smaller, 0.2% larger and
1.5% smaller than the experimental values at room temperature, respectively. With the exception of NbC, the agreement is reasonable, assuming
that the calculated lattice parameters increase due to thermal expansion
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Figure 3.1: Calculated formation energies versus lattice parameter of TiC.
The corresponding lines are fourth order polynomial fits.

Table 3.3: Calculated equilibrium lattice parameters, formation energy
and bulk modulus. The first values for lattice parameters are calculated
based on LDA and the second values are based on GGA for exchangecorrelation potential. Formation energies and bulk moduli are calculated
by LDA. The formation energies and bulk moduli of TiC, NbC, VC, MoC
and WC are included in parenthesis for reference.
/

Lattice Parameter / Å

TiC
NbC
VC
MoC
WC
a (Teresiak

4.299(L)
4.477(L)
4.113(L)
4.360(L)
4.356(L)

4.367(G)
4.528(G)
4.187(G)
4.383(G)
4.387(G)

∆U / kJ mol−1

Bulk Modulus / GPa

−81.9(−92a )
−47.4(−56c )
−45.5(−59a )
17.0(10c )
27.1

243(240b )
318(301b )
341(304b )
351(337b )
384(365b )

& Kubsch, 1995), b (Isaev et al., 2007),

2001a)
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c

(Hugosson et al.,
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up to room temperature. The calculated lattice parameters of MoC and
WC are aM oC =4.35 Å and aW C =4.36 Å, which are about 1% larger than
that of TiC. Meanwhile, the experimentally measured lattice parameters
of MoC and WC are 4.28 and 4.27 Å, while are about 1% smaller than
TiC. Even though the calculated lattice parameter is the value for 0 K
and the measured one is for ambient temperature, this discrepancy is
notable and it will be discussed later with the calculated results of the
M(C,Va) structure.
The formation energies were calculated as the differences between the
total energy of each phase and the sum of the energies of the stable states
of the pure elements. The formation energy (∆U ) at 0 K of each system
is defined,
∆U = E(MC) − E(M) − E(C)

(3.3)

where E(MC) are the total energies MC type carbide with M for Ti, Nb,
V, Mo and W. E(M) and E(C) are the total energies of the referenced
states. The calculated formation energies of TiC, NbC, VC, MoC and WC
are −81.9, −47.4, −45.5, 17.0 and 27.1 kJ mol−1 , respectively. Compared
with the measured ones at room temperature, the calculation results are
smaller by 10%. The differences possibly come from the fact that the
calculation considers the energy at 0 K.
Table 3.3 also shows the bulk moduli of the B1 crystal structure MC
with M = Ti, Nb, V, Mo and W. The calculated bulk moduli are 243,
318, 341, 351 and 384 GPa for TiC, NbC, VC, MoC and WC, respectively,
which are 1.3%, 5.6%, 12.2%, 4.2% and 5.2% larger than the referenced
ones calculated by GGA (Isaev et al., 2007). This agrees with the calculated results on the nitrides showing that LDA yields 1∼2% smaller
lattice constants but 10∼20% larger bulk moduli than GGA (Stampfl
et al., 2001).
Figs 3.2 and 3.3 indicate the calculated formation energies and lattice
parameters as a function of site fraction of alloying elements M in the
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Figure 3.2: The calculated formation energies dependencies on site fraction of (Ti,M)C type B1 structure, with M = Nb, V, Mo and W. The
rectangles, circles, triangles and inverted triangles represent the respective calculated results.

Figure 3.3: The calculated lattice parameters dependencies on site fraction of (Ti,M)C type B1 structure, with M = Nb, V, Mo and W. The
rectangles, circles, triangles and inverted triangles represent the respective calculated results.
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(Ti,M)C-type B1 structure. The formation energy (∆U ) at 0 K of supercell system with 4 and 8 metal atoms are defined, with the integer x,
E((Ti4−x , Mx )C4 ) − (4 − x) × E(Ti) − x × E(M) − 4 × E(C)
8
(3.4)
E((Ti8−x , Mx )C8 ) − (8 − x) × E(Ti) − x × E(M) − 8 × E(C)
∆U =
16
(3.5)
∆U =

where E((Ti4−x , Mx )C4 ) and E((Ti8−x , Mx )C8 ) are the total energies of
(Ti4−x , Mx )C4 and (Ti8−x , Mx )C8 carbide with M for Ti, Nb, V, Mo and
W. E(M) and E(C) are the total energies of the referenced states. The
formation energies and lattice parameter changes show the linearity with
respect to the site fraction of titanium replacement.
It shows that the partial replacements of Ti by Nb, V, Mo and W will
increase the formation energies of (Ti,M)C particles. It is notable that
Mo and W significantly increase the formation energy, which is expected,
considering the instability of MoC and WC. The formation energies of
solution states of metals in ferrite matrix are also necessary to know the
stability of replacement of Ti in carbide lattice. The comparison illustrated schematically in Fig. 3.4. The formation energies of solution states
are calculated using the super-cell doubled in 3 dimensions with conventional body centered cubic unit cell containing 16 iron atoms.
The formation energy (∆U ) at 0 K of solution system with 15 iron
atoms and 1 metal atoms are defined
∆U =

E(Fe15 M) − 15 × E(Fe) − E(M)
16

(3.6)

where E(Fe15 M) are the calculated total energies of super-cell replaced
by M=Ti, Nb, V, Mo and W, respectively. E(Fe) and E(M) are the total energies of the referenced states. The formation energies of solution
states in ferrite matrix are calculated as −4.23, 3.02, −3.64, 2.82 and
2.49 kJ mol−1 for Ti, Nb, V, Mo and W, respectively. In Fig. 3.3, the val-
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Figure 3.4: Schematic diagrams showing the stability of replacement of
metal atoms at the lattice site of TiC with respect to solid solution in
ferrite matrix.

Table 3.4: Calculated formation energies with kJ mol−1 units of Fe15 M
and (Ti7 ,M)C8 structure with the values for comparison.
M

Fe15 M

(Ti7 ,M)C8

Fe15 M+TiC

Fe15 Ti+(Ti7 ,M)C8

Ti
Nb
V
Mo
W

−4.2
3.0
−3.6
2.8
2.5

−81.9
−74.4
−72.2
−68.9
−70.5

−78.9
−85.5
−79.1
−79.4

−83.1
−76.4
−73.1
−74.7

ues corresponds to 1/8 site fraction can be used to compare the solution
states, since those structures contains 1/16 mole fraction of replacement
metal atoms. These values are listed in Table 3.4. It shows that the partial replacement of Ti by V, Mo and W will increase the summation of
formation energies (Ti, M)C particles and ferrite solution, while that of
Nb will decrease. This means the introduction of V, Mo and W atom into
TiC lattice is energetically unfavorable.
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3.1.4

M(C,Va) Structure

As mentioned, the calculated lattice parameters of MoC and WC in the
B1 crystal structure are larger than that of TiC, which does not match
well with experimental observations. However, it has been noted that the
introduction of vacancies at carbon positions in the B1 crystal structure
increases the stability of certain carbides (Hugosson et al., 2001b). Since
the replacement of carbon by a vacancy will cause the lattice to contract,
it possibly has an influence on the lattice parameter. Figs 3.5 and 3.6 show
the calculated formation energies and the equilibrium lattice parameter
of M(C,Va)-type carbides in the B1 crystal structure for M = Ti, Nb, V,
Mo and W with different atomic percentages of carbon based on LDA.
The formation energy (∆U ) at 0 K of each system is defined, with the
integers x,
∆U =

E(M4 , (C4−x , Vax )) − 4 × E(M) − (4 − x) × E(C)
8−x

(3.7)

where E(M4 , (C4−x , Vax )) is the total energy of M4 , (C4−x , Vax ) with M
for Ti, Nb, V, Mo and W. E(M) and E(C) are the total energies of the
referenced states.
Here, C = 0 at% corresponds to a face-centered cubic (fcc) structure
without interstitial atoms and C = 50 at% represents a perfect B1 crystal
structure. It is seen that TiC, NbC and VC have the lowest formation
energies with a structure without vacancies, whereas MoC and WC are
more stable structure when approximately 50% of carbon in the lattice is
substituted with vacancies. This implies that MoC0.5 and WC0.5 are more
stable than MoC and WC for the B1 crystal structure. With half of the
carbon atoms being replaced by vacancies, the lattice parameters of MoC
and WC are evaluated to be aM oC =4.21 Å and aW C =4.22 Å. Consistent
with the experimental data, these are approximately 2 % smaller than
that of TiC. This implies that complete substitution of Ti in TiC lattice
by Mo with the introduction of vacancies to half of the carbon positions
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Figure 3.5: The calculated formation energies of M(C,Va) type B1 structure carbides with M = Ti, Nb, V, Mo and W. The solid rectangles,
circles, triangles, inverted and left-pointing triangles represent the calculated results for Ti, Nb, V, Mo and W, carbides, respectively.

Figure 3.6: The calculated lattice parameters of M(C,Va) type B1 structure carbides with M = Ti, Nb, V, Mo and W. The solid rectangles,
circles, triangles, inverted and left-pointing triangles represent the calculated results for Ti, Nb, V, Mo and W, carbides, respectively.
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will reduce the misfit between ferrite and MC carbide from 5.6 % to 3.6 %.

3.2

Interfacial Energy

A theory based on calculation of phase equilibrium or precipitation kinetics including nucleation, growth and coarsening process was developed
that incorporates Gibbs-Thomson effect (Aaronson et al., 1978; Christian,
2002; Zener, 1949). In these models, the effect of interfacial energy is included in energy shift of alloys and phases and there have been many
studies to determine the interfacial energy experimentally. These experimental values of interfacial energy of precipitates are scattered over a
wide range (Shahandeh & Nategh, 2007). Most of the mentioned data are
obtained from coarsening experiments by relating their size distribution
to ageing time and use of Lifshitz-Slyozov-Wagner (LSW) theory. Besides
the unavoidable experimental errors in estimation of the size distribution
of the precipitates, the diffusivity of the atoms in the system also results
in uncertain values for interfacial energy. In this chapter, the interfacial
energy between ferrite and MC type carbide with Baker-Nutting orientation relationship has been determined using first principles calculations
and discrete-lattice plane, nearest-neighbor broken-bond (DLP/NNBB)
method.

3.2.1

First-Principles Calculations

The atomic configuration at the interface between BCC ferrite and B1
type carbide have the Baker-Nutting orientation relationship was considered using the unit cell illustrated in Fig. 3.7. The interface structures
assume that the locations of Ti atoms correspond to the positions of Fe
atoms in the body-centered cubic structure and C atoms are located on
the corresponding octahedral interstitial sites. This cell contains eight
iron atoms, four metal atoms and four carbon atoms.
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Figure 3.7: Conventional unit cells showing the Fe-TiC interface structure
with a Baker-Nutting orientation relationship. This cell contains eight Fe
atoms, four Ti atoms and four C atoms.
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The lattice parameters of this unit cell are determined by the points
which have the same elastic strain energy between the ferrite and the carbides. Since both ferrite and carbides are strained biaxially at the interface, their structures will change into tetragonal. The lattice parameters
of ferrite and carbides under the constraint of the interface were calculated using 25 distinct combinations of the tetragonal lattice parameters
in a and c directions between −2% to 2% in 1% steps. The lattice spacing
at the interface between ferrite and carbides was determined using seven
distinct points from −3% to 3% in 1% steps, based on the average lattice
spacing of ferrite and MC carbides.

Figure 3.8: Schematic diagram illustrating the factors contribute to interfacial energy. The first term is the elastic strain energy which is necessary
to achieve coherent matches at the interface. The second part is the energy
difference induced from the change of atomic bonding.

In this study, it is assumed that the interfacial energy is composed
of elastic strain energy and energy related with the broken bonding at
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Figure 3.9: Schematic diagram illustrating the change of cubic structure of
MC carbide and ferrite induced from the strain at interface. Contraction
of lattice parameter in two dimensions along the interface and extraction
along the normal direction of interface will occur.

the interface as illustrated in Fig. 3.8. As mentioned, the cubic structures
of ferrite matrix and MC carbide will have tetragonality at the interface
because the ferrite lattice should be stretched and that of MC carbide has
to shrink at the interface to achieve a match like Fig. 3.9. The equilibrium
lattice parameters of tetragonal structure have been achieved by using 25
distinct combinations in a and c-direction between −2% to 2% in steps
of 1%.
The elastic strain associated with the coherent interface can be estimated from the intersection point of the lattice parameter that generates
the same elastic strain energy in ferrite and carbide lattice as shown in
Fig. 3.10. Since a contraction of the lattice parameter of TiC is desirable
for better coherency with ferrite, the partial replacement of Ti by Mo or
W during the formation of TiC particles can help to decrease the strain
energy and keep the interface coherent with a Baker-Nutting orientation
relationship.
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Figure 3.10: The calculated elastic strain energy dependencies on lattice
parameters of B1 structure TiC, NbC, VC, MoC0.5 and WC0.5 with BCC
ferromagnetic ferrite. To comparison
with ferrite, the lattice parameters
√
of MC carbides are divided by 2. The solid and dashed lines show fitted
line to find the equilibrium lattice parameters and intersection point with
ferrite.

Table 3.5: Calculated lattice parameters and strain energy. The first values for lattice parameters in a and c directions ate the values for BCC Fe
and second values are for MC-type carbide.
a / Å(Fe, MC)
Fe-TiC
Fe-NbC
Fe-VC
Fe-MoC0.5
Fe-WC0.5

2.972,
3.064,
2.885,
2.935,
2.941,

c / Å(Fe, MC)

4.203
4.333
4.080
4.151
4.159

2.687,
2.584,
2.779,
2.727,
2.721,
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4.341
4.532
4.123
4.200
4.229

Strain Energy
/ kJ mol−1
4.10
11.40
0.54
2.16
2.43

3.2. Interfacial Energy

Table 3.5 shows the calculated lattice parameters in a and c-directions,
and the strain energy. The lattice parameters in the a-direction where ferrite intersects with TiC, NbC, VC, MoC0.5 and WC0.5 are 2.972, 3.064,
2.885, 2.935 and 2.941 Å, respectively. This means that the ferrite lattice should be stretched parallel to the interface by approximately 4.8%,
8.1%, 1.8%, 3.5% and 3.7%, respectively, to form a coherent interface
with each carbide particle. Assuming that the elastic strain energy will
be proportional to the square of the misfit strain, the strain energy associated with the coherent interface between the TiC and the ferrite matrix
will be twice as much as those from MoC0.5 or WC0.5 . The strain energy
contributions in the interfacial energy can be converted as 154, 403, 22,
83 and 93 J m−2 on the assumption that the strain energy is localized to
one atomic layer of ferrite and MC type structure, respectively.
σs =

2 × Es
a2α × NA

(3.8)

where σs is the strain energy contribution for the interfacial energy, Es is
the strain energy in Table 3.5 and aα is the lattice parameter of ferrite.
NA is the Avogadro’s constant.
Meanwhile, the energy of coherent interface will be affected by the
species of atoms having chemical bonds across the interface, as well as
by the strain energy. The contribution from the chemical bonding can be
calculated from following equation:
σc =

Eα/MC − Eα,Strained − EMC,Strained
2A

(3.9)

where Eα/MC represents the total energy of a unit cell, which consists
of tetragonal ferrite and MC carbide and their interface. Eα,Strained and
EMC,Strained are those of the tetragonal structure ferrite and the tetragonal MC carbides, respectively. A indicates the area of their interface.
Table 3.6 lists the contributions of chemical bonding to the interfacial
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Table 3.6: Calculated equilibrium lattice distance and contribution of
chemical term to interfacial energy. The distances are for the distance
between BCC Fe and MC-type carbide layer. The interfacial energies of
TiC are included in parenthesis for reference. (Jung et al., 2008)

Fe-TiC
Fe-NbC
Fe-VC
Fe-MoC0.5
Fe-WC0.5

Distance / Å

σc / mJ m−2

σs / mJ m−2

1.838
1.859
1.811
1.769
1.771

339(263)
−236
199
256
197

154
403
22
83
93

energy and the equilibrium distance between (001)α and (001)M C planes
at the interface.
Table 3.6 lists the calculated equilibrium lattice distance and chemical and strain contributions to interfacial energy. The contributions of
chemical bonding are about 339, −236, 199, 256 and 197 mJ m−2 . The
calculated value between ferrite and TiC is larger compared to that in reference, possibly because the present calculation was done with only lattice
parameter optimization, without atomic position relaxation. The chemical bonding component of the interfacial energy of MoC0.5 and WC0.5
gives 40% and 42% smaller values that that of TiC, respectively.
Even though the exact calculations of the interfacial energies depend
on the spread over which the interface is defined, the calculated results of
the contributions from both the strain energy and the chemical bonding
imply that the partial substitution of Ti by Mo or W will have a beneficial effect in reducing the interface energies. This is consistent with the
experimental observation that (Ti,M)C precipitates with a high concentration of Mo were observed at the initial stage of precipitation, when the
contribution of interfacial energy is critical to encourage nucleation (Seto
et al., 2007). It is noted that the chemical contribution of the interfacial
energy for the ferrite and NbC interfaces are calculated to be negative,
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which is consistent with other reports using first-principles calculation or
the nearest-neighbor broken-bond model (Chung et al., 2006).

3.2.2

Discrete-Lattice Plane, Nearest-Neighbor Broken-Bond
Model

B1-type carbides and nitrides are reported to have a Baker-Nutting
relationship with ferrite. Not only the structural energy, but also the
chemical energy of these compounds gives a major contribution to interfacial energy. A discrete-lattice plane, nearest-neighbor broken-bond
(DLP/NNBB) model with constant bond energies had been used to calculate the energy of coherent interphase boundaries in subsitutional binary alloys (Dregia & Wynblatt, 1991; Ramanujan et al., 1992; Yang &
Enomoto, 2001, 2002). This method was originated from Becker’s model,
and a convenient approach of counting the number of nearest neighbor bonds on several atom planes was studied (Becker, 1938; Mackenzie
et al., 1962). In this study, DLP/NNBB model was applied to a ternary
substituional-interstital system to study the chemical interfacial energy
between ferrite and B1 type MC-carbide. The bond energies of substitutional atoms and the difference of bond energies between Fe-C atoms and
M-C atoms are evaluated using ThermoCalc based on TCFE6.2 database
and first-principles calculations.
Fig 3.7 illustrates the crystal lattices of Baker-Nutting related B1
carbide and ferrite. The solubility of C atoms in ferrite is very small,
and the concentration of Fe atoms in the B1 carbide is also assumed to
√
be small. After the B1 lattice is contracted 1/ 2 times along the [001]
direction and a few percent along [100] and [010] directions, it is perfectly
coherent with the ferrite lattice. The entropy term was unlikely to have
a sizable contribution to the total interfacial energy with ferrite (Yang
& Enomoto, 1999). This implies that the concentration of solute atoms
can be regarded as constant up to the interfacial plane and the interfacial
energy is calculated only from the difference in cohesive energy between
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the interfacial region and the bulk as,
1
σ = Eα/MC − (Eα/α − EMC/MC )
2

(3.10)

where Eα/MC is the sum of bond energies across the ferrite-MC carbide
interface, and Eα/α and EMC/MC are the sum of the bond energies across
the planes parallel to the interface in the ferrite and MC carbide, respectively.
For an (001)α ||(001)MC interface with Baker-Nutting orientation relationship, the cohesive energy on the assumption that the bonds within
second nearest distance only can contribute to the energy are expressed
as
Eα/MC = nM

2
X

σ(n)

σ(n)

n
n
{ZFe-M
eFe-M + ZFe-C
eFe-C }

(3.11)

n=1

Eα/α = nM

2
X

α(n)

n
ZFe-Fe
eFe-Fe

(3.12)

n=1

EMC/MC = nM

2
X

MC(n)
n
ZM-M
eM-M

+ (nM + nC )

n=1

2
X

MC(n)

n
ZM-C
eM-C

(3.13)

n=1

where nM and nC are the number of metal and carbon atom sites per
n
n
is the coordination
and ZM-C
unit area of interfaces, respectively. ZFe-M

number, where the superscript n(= 1, 2) designates the first and second
nearest neighbor atoms across interface between substitutional atoms,
n
and between substitutional and carbon atoms, respectively. ZFe-Fe
and
p(n)

n
n
ZM-M
can be assumed to be same with ZFe-M
. eA-B are the bond energies

between A and B in the phase p.
The values of nM and nC can be evaluated from the relationship,
nM = n1 dhkl and nC = n2 dhkl where n1 = n2 = 4/a3MC are the number of
metal and carbon atom site per unit volume for a lattice parameter aM C ,
respectively. For a d002 =

1
2 aM C ,

nM = nC = 2/a2M C . Substitution of
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Eqs (3.11)–(3.13) into Eq. (3.10), the following equation can be obtained.
σ = nM

2
X

n
n
{ZFe-M
∆enFe-M + ZM-C
∆enM-C }

(3.14)

n=1

where ∆enFe-M and ∆enM-C are defined by
1 α(n)
σ(n)
MC(n)
∆enFe-M = eFe-M − (eFe-Fe + eM-M )
2
σ(n)

(3.15)

MC(n)

enM-C = eFe-C − eM-C

(3.16)

Therefore, Eq. (3.14) can be rewritten as
1
2
1
σ = nM {(ZFe-M
+ pZFe-M
) + ZM-C
∆eM-C }

(3.17)

on the assumption that ∆e1Fe-M = ∆eFe-M , ∆e2Fe-M = p∆eFe-M , ∆e1M-C =
∆eM-C and ∆e2M-C = 0.
The interfacial coordination number of metal and carbon atoms to a Fe
1
atom across the ferrite-carbide interface can be determined as ZFe-M
= 4,
2
1
ZFe-M
= 1 and ZM-C
= 1 from Fig. 3.7. In this study, ∆eFe-M was eval-

uated from the regular solution constants in face-centered cubic (FCC)
σ(n)

α(n)

MC(n)

structure based on the assumption that eA-B = eA-B = eA-B

. These

assumptions are acceptable, because the nearest bond length of ferrite
is 2.485 Å, which is only about 2% smaller than that of austenite using the experimentally measured lattice parameter of aα = 2.86 Å and
aγ = 3.6 Å (Onink et al., 1993). Whereas the reported regular-solution
constants are usually temperature dependent, the magnitude of the dependence is not significant (Yang & Enomoto, 2001). Therefore, the Fe-M
bond energies can be evaluated using mixing enthalpy of regular solution
model of FCC structure as
∆Hmix = NA Zx(1 − x)∆eFe-M
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wher NA is the Avogadro’s number, Z = 12 is the is the bulk coordination
number of metal atom in the FCC structure, x is the atomic fraction of
solutes.

Figure 3.11: The calculated enthalpy of mixing of austenite at 300 K
versus atomic fraction of Ti, Nb, V, Mo and W, respectively. The values
corresponds to 0.0 represents FCC Fe. The values at 1.0 represent FCC
Ti, Nb, V, Mo and W, respectively.

Fig. 3.11 shows the system enthalpy dependency of FCC structure Fe
with respect to atomic fraction of Nb, V, Mo and W calculated by ThermoCalc using TCFE6.2 database. The mixing enthalpies are evaluated
at the 0.5 atomic fraction.
1
∆Hmix (0.5) = H(0.5) − {H(0.0) + H(1.0)}
2

(3.19)

where H(x) represents system enthalpy corresponds to atomic fraction x.
The calculated Hmix (0.5) are −12781, −6520, −3821, 7085 and 6493 J
mol−1 for Ti, Nb, V, Mo and W solutions, respectively. These values
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corresponds to −0.707 × 10−20 , −0.211 × 10−20 , −0.361 × 10−20 , 0.392 ×
10−20 and 0.359 × 10−20 J for ∆eFe-Ti , ∆eFe-Nb , ∆eFe-V , ∆eFe-Mo and
∆eFe-W , respectively. The bonding energies are positive in the case of
Fe-Mo and Fe-W solution, while those are negative in the case of Fe-Ti,
Fe-Nb and Fe-V solutions.

Figure 3.12: Schematic illustration for the evaluation of bond energy
between Fe-C interaction and Ti-C interaction. The system energies are
evaluated using ThermoCalc program with TCFE6.2 database and first
principles calculation.

The bond energies between C and M atoms were calculated from
the formation enthalpy of the compounds using TCFE6.2 database and
first principles calculation, respectively. Fig. 3.12 shows the schematic
illustration for the evaluation of bond energy between Fe-C interaction
and M-C interaction. The energies are evaluated from the difference of
two systems with the same number of Fe and Ti atoms. The first system is
the system of combination with B1 structure FeC and FCC Ti, where all
carbon atoms makes bonding with Fe atoms are calculated. The second
one is the summation of the system energy of B1 structure TiC and
nonmagnetic FCC Fe, where carbon atoms bonds with Ti atoms.
The atomic bond energies are evaluated as
∆HFe,C-M,C = N Z∆eM-C

100

(3.20)
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Table 3.7: Calculated atomic bonding energies of ∆eFe-M and ∆eMC for
M = Ti, Nb, V, Mo and W. The first values for ∆eM-C are calculated using TCFE6.2 database and the second values are based on first principles
calculation with LDA for exchange-correlation potential. The bonding energies are included in parenthesis for reference (Yang & Enomoto, 2002).
The interfacial energy is calculated assumed value p = 0.5.

Ti
Nb
V
Mo
W

∆eFe-M / 10−20 J

∆eM-C / 10−20 J

σ / mJ m−2

−0.707(−0.89)
−0.361(0.02)
−0.211(−0.20)
0.392
0.359

7.150(T) 7.114(F) (6.2)
6.204(T) 6.039(F) (12.6)
4.946(T) 5.732(F) (5.4)
2.843(T) 2.654(F)
2.467(T) 2.235(F)

425
506
445
374
334

where N is the number of Fe atoms in the system, Z = 6 is the coordination number of C atoms with nearest metal atoms. The values of
∆HFe,C-M,C for one mole of Fe and M are calculated to 258, 224, 179, 103
and 89 kJ per 1 mole of Fe and metal atoms using TCFE6.2 database
for M = Ti, Nb, V, Mo and W, respectively. The molar enthalpy of MC
phase has been doubled in these calculation, because the atomic fraction of metal atoms is 0.5. These values corresponds to 7.150 × 10−20 ,
6.204×10−20 , 4.946×10−20 , 2.843×10−20 and 2.467×10−20 J for ∆eTi-C ,
∆eNb-C , ∆eV-C , ∆eMo-C and ∆eW-C , respectively. The first principles calculations give 7.114 × 10−20 , 6.039 × 10−20 , 5.732 × 10−20 , 2.654 × 10−20
and 2.235 × 10−20 J for ∆eTi-C , ∆eNb-C , ∆eV-C , ∆eMo-C and ∆eW-C ,
respectively. The results from TCFE6.2 database and first-principles calculation give a good agreement within 15% difference. The results are
summarized in Table 3.7 with the referenced values.
The ratio of the first and second bond energies p is estimated to be
between 3/4 and 1 for BCC crystals (Nicholas, 1968). The values usually relatively small for FCC structure, because the bond energy is highly
dependent on the separation between two atoms. Table 3.7 also also in-
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cludes the estimated values of interfacial energy with p = 0.5. The contribution of ∆eM-C for the interface between ferrite and MoC0.5 or WC0.5
has been reduced to half since the carbon atomic fraction is 0.5. The estimated interfacial energies are 481, 556, 485, 386 and 346 mJ m−2 for
TiC, NbC, VC, MoC0.5 and WC0.5 , respectively. These values contain
not only chemical bonding, but also structural strain energy, since the
thermodynamic databases are obtained from experimental observation.
The first-principles calculation results are 493, 339 and 280 mJ m−2 for
TiC, MoC0.5 and WC0.5 , respectively, assumed that the interfacial energy are evaluated from the direct sum of σs and σc . These are matched
well with results from thermodynamic databases. However, the values for
NbC and VC are different from the first-principles calculations since the
contribution of σs do not need to be identical for all carbides. Another
important point is that the thermodynamic data are based on enclosed
particles whereas the first-principles calculations on just one plane.

3.2.3

(Ti,Mo)C Coarsening

The results from the present calculation combined with the theory describing coarsening of particles suggest a possible effect of molybdenum on
retarding the coarsening of TiC particles. According to Ostwald’s ripening
theory:
r(t)n − r(0)n =

8 σVm2 DC
t
9 RT

(3.21)

where t is time, r is the average radius of all the particles, σ is interfacial
energy per unit area between particles and matrix, D is diffusion coefficient of the particle element which controls coarsening process and Vm is
the molar volume of the particle (Wagner, 1961).
Even with the positive influence of Mo on the nucleation of (Ti,Mo)C
precipitates regarding the interface energy, its presence in (Ti,Mo)C is not
energetically favorable in terms of the formation energy. As mentioned,
this suggests that Mo atoms participate in the precipitation of (Ti,Mo)C
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carbide only during the very early stages of evolution through its role in
reducing interfacial energy, when the surface to volume ratio of particle is
considerable, but subsequent coarsening should be controlled by the diffusion of Ti atoms. This interpretation accords with a previous report that
the Mo concentration in (Ti,Mo)C decreased as the particles grew during
the subsequent process (Seto et al., 2007). Then the partial replacement
of Ti by Mo in alloy design will reduce the equilibrium concentration of
Ti in the ferrite matrix at the commencement of coarsening. In the same
context, a similar effect is expected for W substitution for Ti because the
W atom in TiC will reduce the lattice mismatch between the precipitate
and the matrix, but increase the formation energy.

3.3

Model Alloys

First-principles calculation and interfacial energy calculation results in
the present study show the influence of replacement of Ti by M on the
formation and lattice parameter of (Ti,M)C carbides. This suggests that
the thermal stability of (Ti,Mo)C against coarsening is possibly attributed
to the reduction in misfit strain at the interface with the ferrite matrix,
which encourages the participation of Mo with the precipitate at an earlier stage, even with an unfavorable effect regarding the formation energy,
as well as a decrease in the Ti content in the matrix, of which diffusion is
believed to be critical for coarsening. The calculation implies that W will
play a similar role to Mo. Here, micro-structural characterization is conducted in Ti-, Ti-Mo- and Ti-W-bearing steels to validate the calculation
results.

3.3.1

Experimental Procedures

The chemical compositions of the investigated alloys are presented in
Table 3.8. Based on the 0.04C-0.2Ti alloy, where the ratio of Ti to C is
intended to consume most of the carbon to form TiC, half of the Ti is
103

3.3. Model Alloys

Table 3.8: Chemical composition of 0.1Ti, 0.2Ti, 0.1Ti+Mo and 0.1Ti+W
steels (in wt%).
type
0.1Ti
0.2Ti
0.1Ti+Mo
0.1Ti+W

C

Mn

Al

Ti

Mo

W

0.041
0.034
0.039
0.040

1.98
2.00
1.99
2.01

0.030
0.024
0.022
0.024

0.080
0.207
0.084
0.095

0.2
-

0.39

Table 3.9: Calculated equilibrium phase mole fraction for ferrite(BCC),
C
cementite and MC-type carbide at 630◦ C. cM
M indicates the atomic fraction of Mo or W in (Ti,M)C carbide. Carbon atomic fraction in cementite
and MC carbide are included in the parenthesis.
type

BCC

cementite / ×10−3

MC / ×10−3

C
cM
M

0.1Ti
0.2Ti
0.1Ti+Mo
0.1Ti+W

0.9948
0.9966
0.9955
0.9961

3.342(0.25)
2.391(0.25)
0.768(0.25)

1.860(0.496)
3.383(0.466)
2.162(0.494)
3.092(0.495)

0.049
0.145

reduced or replaced with Mo and W to form 0.04C-0.1Ti, 0.04C-0.1Ti0.2Mo and 0.04C-0.1Ti-0.4W alloys, according to the stoichiometry. The
calculated equilibrium mole fraction of ferrite, cementite and MC-type
carbide at 630◦ C are listed in Table 3.9 using ThermoCalc software with
TCFE6.2 database. In 0.2Ti alloy, all the carbon atoms are consumed to
form TiC carbide, hence no cementite are formed. The equilibrium atomic
fraction of Mo and W in (Ti,M)C are smaller than the Ti atomic fraction,
though the amount of total Mo or W in the whole system are larger than
those of Ti.
The alloy were prepared as 30 kg ingots by vacuum induction melting,
then hot rolled into 20 mm plates. Cylindrical specimens with a diameter
of 5 mm and a length of 10 mm were machined and subjected to the heat
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Figure 3.13: Schematic diagram showing the two-step heat-treatment.
The first heating temperature, 1250◦ C, is determined to resolve TiC precipitation and the second heating temperature and time are determined
to control the austenite grain size. The ageing temperature, 630◦ C, is
the temperature which corresponds to the ferrite transformation nose.
Prolonged ageing time is designed to check the effect of the coarsening
process.
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treatment cycle in Fig. 3.13 using a quench dilatometer. The specimens
were heated to 1250◦ C for 300 s to dissolve pre-existing precipitation,
followed by rapid cooling to ambient temperature. In the second heating, the specimens were austenitized at 900◦ C for 60 s to control the
austenite grain size, then cooled to 630◦ C, which corresponds to the nose
temperature of ferrite transformation. The nose temperature was determined by dilatometric experiments in the temperature range from 600◦ C
to 700◦ C, with 10◦ C intervals. The transformation from austenite to ferrite was completed within 300 s at the nose temperature for all specimens.
A prolonged ageing for 2 h was performed to examine the coarsening of
(Ti,M)C carbide.
A cross section along the longitudinal direction of the dilatometric
specimen was observed using a light microscope with 2% nital solution.
The detailed microstructure of the (Ti,M)C precipitates was analyzed
by TEM using a microscope equipped for energy-dispersive X-ray spectroscopy (EDS). The quantification of titanium, molybdenum and tungsten fraction in carbides has been conducted without allowing for carbon
in EDS results. For the preparation of thin foil specimens, the standard
method of mechanical polishing and electrolytic thinning with 5% perchloric acid 95% acetic acid solution followed by a precision ion milling
was adopted. The hardness of the specimen was measured by the Vickers
hardness test with a load of 3 kg.

3.3.2

Optical Microscopy

Figs 3.14 and 3.15 present optical micrographs of investigated alloys
after 5 min and 2 h of ageing at 630◦ C, respectively. At the resolution
level of the optical microscope, the microstructure of the 0.2Ti alloy is
seen to be single-phase ferrite. However, it is interesting to note that the
microstructures of the 0.1Ti, 0.1Ti+Mo and 0.1Ti+W alloys consist of
ferrite matrix with a little cementite. This indicates that the carbon is
fully consumed to form a precipitate in the 0.2Ti alloy but not in the
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Figure 3.14: Optical microscopy images for the samples after 5 min of
ageing of (a) 0.1Ti (b) 0.2Ti (c) 0.1Ti+Mo and (d) 0.1Ti+W. The samples
were etched for about 20 s with a 2% nital solution. The samples are a
mixture of ferrite matrix and cementite while 0.2Ti contains almost all
ferrite matrix.
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Figure 3.15: Optical microscopy images for the samples after 2 h of ageing
of (a) 0.1Ti (b) 0.2Ti (c) 0.1Ti+Mo and (d) 0.1Ti+W. The samples were
etched for about 20 s with a 2% nital solution. The samples are a mixture
of ferrite matrix and cementite while 0.2Ti contains almost all ferrite
matrix.
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0.1Ti, 0.1Ti+Mo and 0.1Ti+W alloys. This is actually in accord with
the first-principles calculation indicating that MoC and WC with a B1
structure favor the introduction of a certain fraction of vacancies into the
carbon position.
Even though the precipitates in the 0.1Ti+Mo and 0.1Ti+W alloys
are (Ti,Mo)C and (Ti,W)C carbides, the Mo or W in the (Ti,M)C carbides is likely to favor the partial replacement of carbon with vacancies,
leading to an increase in solute carbon concentration to form cementite.
However, it is also possible that the presence of cementite originates from
the disadvantage regarding the formation energy of (Ti,Mo)C of (Ti,W)C,
which leads to insufficient precipitation in 0.1Ti+Mo and 0.1Ti+W alloys
to exhaust the solute carbon.

3.3.3

0.1Ti Alloy

Figure 3.16: TEM bright filed images of 0.1Ti steel after 2 h ageing with
(a) high and (b) low magnification showing carbides.
Figs 3.16 and 3.17 present TEM and annular dark field scanning
TEM (STEM) images of the precipitates in the 0.1Ti alloys after 2 h
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Figure 3.17: Annular dark field STEM images of the 0.1Ti samples after
for 2 h with (a) low and (b) high magnification showing carbides.

Figure 3.18: Characteristic EDS spectra of the TiC carbides of 0.1Ti steels
in Fig. 3.17(b) after 2 h ageing.
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Figure 3.19: Relative frequency as a function of particle radius of TiC
particles in 0.1Ti steel after 2 h ageing measured using Fig. 3.17(a). The
mean value and standard deviation of radius are 5.5 nm and 3.8 nm,
respectively.
ageing. Fig. 3.18 is the result of characteristic EDS spectra of TiC carbides
with about 5 nm radius shown in Fig. 3.17(b). The other peaks without
indexing come from matrix. Fig. 3.19 shows the distribution of particle
radii for TiC particles, as obtained from annular dark field STEM image.
The measured mean values and standard deviations of particle radius are
5.5 nm and 3.8 nm, respectively.

3.3.4

0.2Ti Alloy

Fig 3.20 shows bright field and annular dark field (STEM) images of
the TiC carbides in the 0.2Ti alloys after 2 h ageing. Fig 3.21 is the
results of characteristic EDS spectra of TiC carbides with about 6 nm
radius shown in Fig. 3.20(b). Fig. 3.22 shows the distribution of particle
radii for TiC particles, as obtained from the annular dark field STEM
image. The measured mean values and standard deviations of particle
radius are 6.4 nm and 4.0 nm, respectively. Fig. 3.23 represents high
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Figure 3.20: (a) Bright field and (b) annular dark field STEM images of
the 0.2Ti samples after for 2 h showing carbides.

Figure 3.21: Characteristic EDS spectra of the TiC carbides in
Fig. 3.20(b) of 0.2Ti steels after 2 h ageing.
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Figure 3.22: Relative frequency as a function of particle radius of TiC
particles in 0.2Ti steel after 2 h ageing measured using Fig. 3.20(b).
The mean value and standard deviation of radius are 6.4 nm and 4.0 nm,
respectively.

Figure 3.23: (a) HRTEM image of a 0.2Ti sample showing TiC carbide
and (b) its fast Fourier transform image along the [111]α and [011]MC zone
axis, which corresponds to the Baker-Nutting orientation relationship.
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resolution TEM (HRTEM) image of a 0.2Ti sample showing TiC carbide
and its fast Fourier transform image along the [111]α and [011]MC zone
axes, which corresponds to the Baker-Nutting orientation relationship.
The lattice misfit between the TiC particles and the ferrite matrix along
the interface are measured to be 6.9%. The lattice misfit was evaluated
measuring the lattice distance with [1̄01]α and [200]MC directions.

3.3.5

0.1Ti+Mo Alloy

Figure 3.24: (a) Bright field and (b) dark field TEM images of 0.1Ti+Mo
steel after 2 h ageing showing carbides.
Fig. 3.24 presents bright field and dark field TEM images showing
(Ti,Mo)C carbides in the 0.1Ti+Mo alloys after 2 h ageing. Fig. 3.25
shows the bright field STEM images. Fig. 3.26 is the results of characteristic EDS spectra of (Ti,Mo)C carbides with about 5 nm radius shown in
Fig. 3.25(b). It is estimated to contain 42±4.7 wt% Ti and 58±4.7 wt%
Mo, respectively. Fig. 3.27 includes the distribution of particle radii for
(Ti,Mo)C particles, as obtained from dark field TEM image. The measured mean values and standard deviations of particle radius are 4.3 nm
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Figure 3.25: Bright field STEM images of the 0.1Ti+Mo samples after for
2 h with (a) low and (b) high magnification showing (Ti,Mo)C carbides.

Figure 3.26: Characteristic EDS spectra of the (Ti,Mo)C carbides in
Fig. 3.25(b) of 0.1Ti+Mo steels after 2 h ageing. It is estimated to contain
42(60 at%)±4.7 wt% Ti and 58(40 at%)±4.7 wt% Mo, respectively.
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Figure 3.27: Relative frequency as a function of particle radius of
(Ti,Mo)C particles in 0.1Ti+Mo steel after 2 h ageing measured using
Fig. 3.24(b). The mean value and standard deviation of radius are 4.3 nm
and 1.5 nm, respectively.

Figure 3.28: (a) HRTEM image of 0.1Ti+Mo sample showing (Ti,Mo)C
carbide and (b) its fast Fourier transform image along the [111]α and
[011]MC zone axis, which corresponds to the Baker-Nutting orientation
relationship.
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and 1.5 nm, respectively. Fig. 3.28 represents HRTEM image of 0.1Ti+Mo
sample showing carbide and its fast Fourier transform image along the
[111]α and [011]MC zone axis. The lattice misfit between the (Ti,Mo)C
particles and the ferrite matrix along (101)α and (200)MC directions was
measured to be 4.8%.

3.3.6

0.1Ti+W Alloy

Figure 3.29: (a) Bright field and (b) dark field TEM images of 0.1Ti+W
steel after 2 h ageing showing carbides.
Fig. 3.29 presents bright field and dark field TEM images showing
(Ti,W)C carbides in the 0.1Ti+W alloys after 2 h ageing. Fig. 3.30 shows
the bright field and annular dark field STEM images. Fig. 3.31 is the
results of characteristic EDS spectra of (Ti,W)C carbides with about 5 nm
radius shown in Fig. 3.30(a). It is estimated to contain 33±2.4 wt% Ti
and 66±2.4 wt% W, respectively. The distribution of particle radii for (Ti,
W)C particles, as obtained from dark field TEM image, is presented in
Fig. 3.32. The measured mean values and standard deviations of particle
radius are 4.8 nm and 2.4 nm, respectively. Fig. 3.33 represents HRTEM
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Figure 3.30: (a) Bright field and (b) annular dark field STEM images of
the 0.1Ti+W samples after for 2 h showing (Ti,W)C carbides

Figure 3.31: Characteristic EDS spectra of the (Ti,W)C carbides in
Fig. 3.30(a) of 0.1Ti+W steels after 2 h ageing. It is estimated to contain
33(67 at%)±2.4 wt% Ti and 66(33 at%)±2.4 wt% W, respectively.
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Figure 3.32: Relative frequency as a function of particle radius of (Ti,W)C
particles in 0.1Ti+W steel after 2 h ageing measured using Fig. 3.29(b).
The mean value and standard deviation of radius are 4.8 nm and 2.4 nm,
respectively.

Figure 3.33: (a) HRTEM image of 0.1Ti+W sample showing (Ti,W)C
carbide and (b) its fast Fourier transform image along the [111]α and
[011]MC zone axis, which corresponds to the Baker-Nutting orientation
relationship.

119

3.3. Model Alloys

image of 0.1Ti+W sample showing carbide and its fast Fourier transform
image along the (101)α and (200)MC directions was measured to be 5.2%.

3.3.7

Comparison

The particle size of 0.2Ti alloy is 18%, 48% and 33% bigger than that
of 0.1Ti, 0.1Ti+Mo and 0.1Ti+W alloys, respectively. This reflects the
effect of Mo on the retardation of coarsening of nano-sized carbide reported elsewhere (Seto et al., 2007). It should also be noted that there is
comparable effect of tungsten on the coarsening kinetics, as predicted by
first-principles calculation.

Figure 3.34: Vickers hardness results for 0.1Ti, 0.2Ti, 0.1Ti+Mo and
0.1Ti+W after ageing for 5 and 120 min, respectively. The hardness was
measured using 3 kg loads.
Fig. 3.34 summarizes the Vicker’s hardness of the 0.1Ti, 0.2Ti, 0.1Ti+Mo
and 0.1Ti+W alloys subjected to ageing for 5 and 120 min. The hardness
of the alloys decreases with prolonged ageing, the decrements being 8, 12,
6 and 2 HV for the 0.1Ti, 0.2Ti, 0.1Ti+Mo and 0.1Ti+W alloys, respec-
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tively. As expected from the size of the precipitates, the decrement in the
hardness of the 0.2Ti alloy is the most remarkable, being more than twice
as large as those of the 0.1Ti+Mo and 0.1Ti+W alloys. On the other
hand, the influence of prolonged ageing on the change in hardness is the
least in the 0.1Ti+W alloy, suggesting that the addition of W effectively
suppress the deterioration in strength mainly caused by the coarsening of
the nano-sized precipitates.
The hardness of the 0.1Ti+Mo and 0.1Ti+W alloys is higher than
that of 0.2Ti alloy even with only 5 min of ageing. Given that the fine
precipitation contributes primarily to the strength of this class of alloy,
this suggests the precipitation hardening in the 0.1Ti+Mo and 0.1Ti+W
alloys is comparable to that in the 0.2Ti alloy. This implies that the deficient precipitation due to the unfavorable formation energy of (Ti,Mo)C
and (Ti,W)C will have a minor effect on the presence of cementite in the
0.1Ti+Mo and 0.1Ti+W alloys as shown in Figs 3.14 and 3.15.
Figs. 3.28 and 3.33 show HRTEM images of approximately 3 nm sized
(Ti,M)C particles in 0.1Ti+Mo and 0.1Ti+W alloys. Their fast Fourier
transformed patterns, indexed with [111]α and [011]MC zone axis, indicate a Baker-Nutting orientation relationship with (1̄01)α ||(200)MC . The
lattice misfits between the (Ti,Mo)C and (Ti,W)C carbide particles and
the ferrite matrix along the interface are measured to be 4.8 and 5.2%,
respectively. For TiC precipitations, the measured misfit is about 6.9%.
These corresponds to lattice parameters of 4.254, 4.270 and 4.338 Å for
(Ti,Mo)C, (Ti,W)C and TiC by adopting a fixed lattice parameter of
ferrite as 2.87 Å. The observed lattice parameter of (Ti,Mo)C particle
matches well with that found in a previous study, which was reported as
4.23 ∼ 4.30 Å (Yen et al., 2009). Even though a few precipitates were
analyzed in the present study, the observations from three investigated
alloys shows that the lattice mismatch between carbide and ferrite matrix
can be relaxed by substitution of Ti by Mo or W in (Ti,M)C carbide. As
mentioned, this will be desired in the early stage of precipitation when
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the surface to volume ratio is high to compensate the disadvantage with
respect to the formation energy.

Figure 3.35: Substitutional site fraction dependency on precipitation size
in (Ti,M)C. The precipitation sizes are measured using STEM images
and chemical compositions are obtained using an EDS system. The blank
rectangles and solid circles represent the Ti/Mo and Ti/W site fractions,
respectively.
Finally, Fig. 3.35 shows the atomic ratio of Ti to Mo or W in (Ti,M)C
particles as a function of the diameter. The rectangles and solid circles
represent Ti/Mo and Ti/W fraction, respectively. It can be seen that
the atomic fraction of Ti gradually increases in both the (Ti,Mo)C and
(Ti,W)C precipitates. A similar trend is reported in an earlier study for
(Ti,Mo)C particles (Seto et al., 2007). This suggests that it is the diffusion
of Ti that mainly controls the coarsening process and that Mo or W have
more passive contributions during the coarsening itself.
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Chapter 4

Coarsening
Coarsening is a process, which has been observed in a large number
of systems where particles of various sizes are dispersed in a matrix. It
involves the growth of large particles at the expense of smaller ones. The
driving force of this process is the decrease in total interfacial energy
within the sample. The coarsening process is especially interesting for Ti
and Mo added HSLA steels, because the thermal stability of (Ti,Mo)C
during coiling of sheet steel at a high temperature determines the precipitate strengthening effect. A large number of studies have been conducted
to study the coarsening behavior of carbides in steels. The purpose of
this chapter is to analyze and compare the coarsening rate of TiC precipitates in a ferrite matrix by applying three models: (1) Lifshitz, Slyozov
and Wagner (LSW) theory (Lifshitz & Slyozov, 1961; Wagner, 1961). (2)
Software which deals with multi-component diffusion controlled transformations (DICTRA) (Andersson & Agren, 1992) and (3) Kampmann and
Wagner’s numerical (KWN) approach (Samaras, 2006).
All models use the assumption that the systems contain spherical precipitates with the particle size distribution from LSW theory corresponding to an average particle radius of 2.0 nm. Calculations have been conducted to simulate 0.2Ti-0.04C wt% system aged at 700◦ C for 1.0 × 105 s.
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The interfacial energy between ferrite and TiC particles was assumed to
be 493, 339 or 200 mJ m−2 , as obtained for TiC and MoC phases in
the first-principles calculations included in the previous chapter. Systems
with 0.18Ti-0.04C and 0.15Ti-0.04C wt% also have been analyzed to show
the effect of titanium dissolved in the matrix.

4.1

Lifshitz, Slyozov and Wagner Model

One of the outcomes of the LSW theory is the dependence of particle
radius on time (Lifshitz & Slyozov, 1961; Wagner, 1961):
r(t)n − r(0)n =

8 σVm2 DCe
t = Kt
9 RT

(4.1)

where K is the coarsening rate constant, t is time, r is the average particle
radius, σ is the particle/matrix interfacial energy per unit area, D is the
diffusion coefficient of the solute which controls the coarsening process,
Ce is the equilibrium concentration of solute in the matrix in the units of
mol m−3 and Vm is the molar volume of the particles. Another important
conclusion is that the asymptotic state of the system is independent of
the initial conditions. The particle radius distribution is self-similar under
the scaling of the mean particle size. In addition to this prediction, an
analytic form for the particle distribution function was obtained. This
theory used the following assumptions (Baldan, 2002):
(1) the shape of coarsening precipitates is spherical.
(2) the particles are fixed in space.
(3) the inter-particle distances between the particles are large compared
with the particle radius.
Eq. (4.1) shows that the coarsening rate constant K is proportional to
the interfacial energy, diffusivity of solutes and equilibrium concentration
of solutes in the matrix. Therefore, the addition of molybdenum in alloys
may suppress the coarsening process of TiC particle because it reduces
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the interfacial energy and equilibrium concentration of titanium in the
matrix.
In Eq. (4.1), the calculation of the coarsening rate of the particle
demands the values σ, Vm , D and Ce . In this research, it is assumed
that the coarsening of TiC is governed only by the diffusion of titanium.
Accordingly, the precipitation volume of TiC phase per one mole of Ti, the
diffusivity of Ti in the ferrite and equilibrium concentration of Ti in ferrite
are obtained from the TCFE6.2 and MOBFE1 databases (Andersson
et al., 2002; Sundman et al., 1985).

Figure 4.1: Calculated ternary phase diagram of Fe-Ti-C system at 700◦ C.
The concentrations are in mass fractions. The blank rectangle and circle in two phase region correspond to 0.2Ti-0.04C wt% and 0.15Ti0.04C wt%, respectively. The blank rectangle and circle on the lines between BCC(ferrite) phase region and two phase region indicate equilibrium concentrations in ferrite.

Fig. 4.1 represents the ternary phase diagram of Fe-Ti-C system at

129

4.1. Lifshitz, Slyozov and Wagner Model
700◦ C. The equilibrium concentration in the BCC phase follows a straight
line with about −1 as the slope. This shows the constant solubility product of Ti and C at a given temperature. The blank circle and rectangle in
the two-phase region of BCC and TiC indicate the correspond to 0.2Ti0.04C and 0.15Ti-0.04C wt%, respectively. The blank circle and rectangle
on the line between the BCC single phase region and the two-phase region indicate calculated equilibrium compositions in ferrite for each of
the system referred to. In the case of 0.2Ti-0.04C wt%, most of C atoms
are consumed to form TiC and certain amount of Ti atoms remained in
the ferrite. On the other hand, in the case of 0.15Ti-0.04C wt% alloy,
the number of C atoms is enough to consume most Ti, leading little Ti
dissolved in the matrix. The equilibrium mass fractions of Ti in ferrite
are 2.1 × 10−4 and 1.5 × 10−7 for 0.20Ti-0.04 wt% and 0.15Ti-0.04C wt%,
respectively.

Figure 4.2: Calculated phase fractions at 700◦ C of TiC and cementite
as a function of Ti concentration, using ThermoCalc with the TCFE6.2
database.
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Fig. 4.2 includes the calculated equilibrium phase fraction at 700◦ C
of TiC and cementite as a function of Ti concentration based on the
0.04 wt% of carbon. There is no cementite in the region higher Ti concentration that 0.1 wt%. In addition, the amount of TiC phase increases
linearly only in the region with less than 0.17 wt% of Ti, but beyond
that concentration, the amount of TiC increases slightly with the concentration of Ti. The calculations for the systems with 0.15Ti, 0.18Ti and
0.20Ti wt% are conducted in this chapter.

Figure 4.3: Calculated diffusivities in BCC phase of Ti, Mo, W and C in
0.2Ti-0.1Mo-0.1W-0.04C system from the MOBFE1 database as a function of temperature.

As mentioned previously, the diffusivity of solutes in ferrite, which controls the coarsening process, also affects the coarsening rate in the LSW
model. Fig. 4.3 contains the calculated data of some elements, which can
affect the formation of carbides, as a function of temperature. The data
of Ti, Mo, W and C in BCC phase were achieved from TCFE6.2 and
MOBFE1 database for 0.2Ti-0.1Mo-0.1W-0.04C wt% system. The diffu131
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Table 4.1: Calculated diffusivity, Ti equilibrium concentration in matrix
and molar volume of precipitates for one mole of Ti in precipitates at
700◦ C . The values of Ce are converted to number of moles per volume
using mole fraction of Ti in matrix and molar volume of matrix.
wt%

D / m s−2

Ce / mol m−3

Vm / m3 mol−1

0.20Ti-0.04C
0.18Ti-0.04C
0.15Ti-0.04C

9.3041 × 10−18
9.2739 × 10−18
9.2648 × 10−18

33.80
7.9383
0.0241

1.2452 × 10−5
1.2442 × 10−5
1.2407 × 10−5

sivity of C at 700◦ C is 106 ∼ 107 higher than the substitutional elements.
The reported diffusivities of substitutional elements in ferrite shows that
Ti has higher impurity diffusivity than Mo or W at 1050 K (Huang et al.,
2010; Nitta et al., 2002; Takemoto et al., 2007). The calculated diffusivities of Ti, Mo and W at 700◦ C are 9.4×10−18 , 2.5×10−17 and 1.5×10−18
m2 s−1 , respectively. The values of Mo and W are about 2.7 times higher
and 0.16 times smaller than that of Ti, respectively. Therefore, the formation of particle with high concentration of Mo at the initial stage of
precipitation cannot be explained on the basis of either thermodynamics
or diffusion of Mo.
The calculated parameters of the precipitates for 700◦ C are listed
in Table 4.1. The values of Ti equilibrium concentration are converted
to number of moles per volume using the molar volume of the matrix.
The diffusivity of Ti, the equilibrium concentration of Ti and molar volume of TiC phase increased as the average concentration of Ti increases.
Even though the differences of D and Vm between each system are relatively small, there is a significant difference in Ce more than an order of
magnitude. As a result, the difference of Ce changes the coarsening rate
dramatically.
Fig.4.4 shows the variation in precipitate mean radius calculated using
the LSW model to exhibit time dependent coarsening of the TiC phase at
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Figure 4.4: Variation of precipitate mean radius calculated using LSW
model to exhibit time dependent coarsening of the TiC phase in 0.2Ti0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt% system at 700◦ C. Three different interfacial energy of 493, 339 and 200 mJ m−2 are applied for
0.2Ti-0.04C wt%.
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700◦ C. To reveal the effect of interfacial energy, three values of 493, 339
and 200 mJ m−2 are applied to 0.2Ti-0.04C wt%. Three different systems
with 0.2Ti-0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt% are also considered
to compare the effect of Ti concentration in a matrix. The particle radii
at 105 s of 0.2Ti-0.04C wt% with σ = 493, 339 and 200 mJ m−2 are
6.49, 5.75 and 4.87 nm, respectively. The calculated results for 0.2Ti0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt% with same σ =493 mJ m−2
are 6.49, 4.12 and 2.016 nm, respectively. The coarsening rate for 0.15Ti0.04C wt% is extremely small, because the equilibrium Ti concentration in
ferrite is 1/100 times smaller than others. The average concentration of Ti
induces significant differences in Ce . Therefore, reducing Ti concentration
suppresses effectively the coarsening rate.

4.2

DICTRA Model

The analysis using Eq. (4.1) is simplified since it considers only Ti diffusion. Considering a ternary system of Fe-Ti-C, it would be necessary
for the diffusion of two solutes to keep pace in order to maintain local
equilibrium at the interface. Because diffusivity of carbon is much faster
than titanium, so this cannot in general be satisfied for the tie-line passing through the alloy composition. The local equilibrium compositions
are determined by choosing other tie-lines. It is difficult to simulate the
determination of local equilibrium condition exactly in LSW theory. In
addition, the effects of molybdenum and tungsten cannot be implemented
in LSW theory. In this section, the coarsening model has been simulated
using DICTRA software, which can solve multi-component diffusion problems (Andersson & Agren, 1992).
A schematic representation of the DICTRA model for coarsening is
shown in Fig. 4.5. The coarsening of a system can be described by performing calculations on a single particle of maximum size at the center
of a spherical cell. It is assumed that the particle size distribution follows
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Figure 4.5: A closed system with spherical cell with TiC phase particle
at the center of the cell in a ferrite matrix.

the LSW distribution that the maximum particle size is 1.5 times bigger
than the average size. A contribution ∆Gm from the interfacial energy
is added to Gibbs energy function for the particle due to the capillarity
effect.
∆Gm =

2σVm
r

(4.2)

where σ is the interfacial energy per unit area, r is the particle radius and
Vm is the molar volume. It is assumed that equilibrium between average
sized particles, and the matrix holds locally at the cell boundary, taking
into account a larger Gibbs energy addition than that of the maximum
size particle. Therefore, there is a discrepancy in composition from the cell
boundary to the interface between the maximum particle α and matrix
β. This difference will make the particle grow and the size of the cell
increase in order to maintain the total composition in the cell.
The TiC region is divided with 50 geometrical grid points, with a
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Table 4.2: Calculated equilibrium compositions in mass fraction at 700◦ C.
αρ
cαρ
Ti and cC are the matrix compositions of Ti and C, which are equilibρα
rium with precipitate phase. cρα
Ti and cC are the precipitate compositions
of Ti and C, which are equilibrium with ferrite.
wt%

cαρ
Ti

cαρ
C

cρα
Ti

cρα
C

0.20Ti-0.04C
0.18Ti-0.04C
0.15Ti-0.04C

2.117×10−4
4.971×10−5
1.515×10−7

1.464×10−8
7.272×10−8
3.375×10−5

0.8173
0.8140
0.8037

0.1827
0.1860
0.1963

higher number of grid points at the interface of the region. The ferrite
region is divided with 100 equally spaced linear grid points. According to
the DICTRA model, a particle size may change, but the spherical shape
is maintained throughout the coarsening period. The initial conditions
include the chemical compositions and size of the cell. The original chemical compositions in particle and a matrix are obtained from the equilibrium calculation using ThermoCalc in combination with the TCFE6.2
database.
The initial particle radius of rp is determined to be 3 nm, which is
1.5 times average particle size, assuming that the maximum particle are
1.5 times bigger than average size in LSW theory. The cell size rv is
determined to hold following equation to maintain the phase fractions in
the cell.

3/4πrp3
= volume fraction of precipitate.
3/4πrv3

(4.3)

Table 4.2 contains the calculated equilibrium compositions at 700◦ C
αρ
for three systems. cαρ
Ti and cC are the matrix compositions of Ti and C,
ρα
which are equilibrium with precipitate phase. cρα
Ti and cC are the pre-

cipitate compositions of Ti and C, which are equilibrium with ferrite,
ρα
respectively. cαρ
Ti and cTi increased as the total amount of Ti in system

increases. cαρ
Ti for 0.20Ti-0.04C wt% is about 1000 times higher than that
of 0.15Ti-0.04C wt%. The calculated phase fractions of ferrite and precip-
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Table 4.3: Calculated equilibrium phase quantities for ferrite and precipitate phase in volume fraction at 700◦ C. rv are the radius of total system
which matches the volume fraction of precipitate with 3 nm radius.
wt%

ferrite

precipitate

rv

0.20Ti-0.04C
0.18Ti-0.04C
0.15Ti-0.04C

0.99645
0.99653
0.99703

3.552 × 10−3
3.473 × 10−3
2.968 × 10−3

19.66
19.81
20.87

itate, and its corresponding initial cell size calculated from Eq. (4.3) are
listed in Table 4.3. The phase fraction of precipitates in 0.20Ti-0.04C wt%
is bigger than those of 0.18Ti-0.04C and 0.15Ti-0.04C wt%. As a result,
the cell size rv of 0.20Ti-0.04C wt% should be smaller than those of others
to maintain the equilibrium phase volume fraction.
Fig. 4.6 shows variations of precipitate radius calculated using DICTRA model to exhibit time dependent coarsening rate of the TiC phase
at 700◦ C. The particle radii at 105 s of 0.20Ti-0.04C wt% with σ =493,
339 and 200 mJ m−2 are 6.33, 5.47 and 4.52 nm, respectively. Those
values correspond to 7%, 15% and 21% smaller coarsening rate constant
K than those from LSW theory. The calculated results for 0.18Ti-0.04C
and 0.15Ti-0.04C wt% with fixed σ =493 mJ m−2 are 4.21 and 2.019
nm, respectively. The coarsening rate constant K of 0.18Ti-0.04C and
0.15Ti-0.04C wt% are about 8% and 19% larger than those from LSW
prediction.
Fig. 4.7 demonstrate variation of titanium and carbon concentration
across the interface between TiC and ferrite for 0.2Ti-0.04C wt% with
σ =493 mJ m−2 , respectively. They contain the profiles at different intervals starting from 0 s to 105 s with 104 s and 3 × 104 s. The lines at 0 s
indicate the profiles with equilibrium compositions. At the introductory
stage of the process, both local equilibrium compositions of Ti and C at
the interface are determined higher than original compositions. The equi-
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Figure 4.6: Variation of precipitate mean radius calculated using DICTRA
model to exhibit time dependent coarsening of the TiC phase in 0.20Ti0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt% system at 700◦ C. Three different interfacial energy of 493, 339 and 200 mJ m−2 are applied for
0.2Ti-0.04C wt%.
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Figure 4.7: Concentration-distance profile for 0.20Ti-0.04C wt% with
σ =0.493 J m−2 , showing distribution of (a) Ti and (b) C across the
interface between precipitate and ferrite matrix at different time intervals.
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librium composition of Ti at the interface increases as interface moves.
However, the equilibrium composition of C at the interface decreases to
smaller values than original composition as interface moves.
Fig. 4.8 demonstrate variation of Ti and C concentration across the interface between TiC and ferrite for 0.15Ti-0.04C wt% with σ =493 mJ m−2 ,
respectively. At the initial stage of process, both of the local equilibrium
compositions of Ti and C at interface are determined higher than initial compositions like 0.20Ti-0.04C wt%. The equilibrium composition of
Ti at the interface decreases slightly as the interface moves, while the
equilibrium composition of C at the interface increases.
Fig. 4.9 shows a calculated ternary phase diagram of Fe-Ti-C system
at 700◦ C. The blank rectangle and circle on the lines between BCC phase
region and two-phase region indicate equilibrium concentrations in BCC
for 0.20Ti-0.04C and 0.15Ti-0.04C wt%, respectively. The solid rectangle
and circle indicate the corresponding equilibrium concentration at the
interface at 102 s and 105 s of interface movement. The arrows show the
concentration change from 102 s to 105 s.
During coarsening process, the concentration is not on the phase
boundary since the unstable TiC phase widens the BCC phase region due
to the capillarity effect. The local equilibrium concentrations are determined based on the combination of the capillarity effect and the difference
of diffusivities of Ti and C. In the 0.2Ti-0.04C wt%, Ti concentration is
close to the equilibrium, while C concentration is much higher than the
equilibrium. The effect of capillarity decreases as interface moves. Thus,
the composition moves to the BCC phase boundary as Ti composition increases and C composition decreases. It can be noted that the C composition moves to less than the equilibrium value. However, 0.15Ti-0.04C wt%
shows different results. At the initial stage, C concentration is close to the
equilibrium, and Ti is larger than equilibrium concentration. During the
coarsening process, Ti decreases and C increases.
Based on those results, further calculations about the Mo effect were
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Figure 4.8: Concentration-distance profile for 0.15Ti-0.04C wt% with
σ =0.493 J m−2 , showing distribution of (a) Ti and (b) C across the
interface between precipitate and ferrite matrix at different time intervals.
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Figure 4.9: Calculated ternary phase diagram of Fe-Ti-C system at
700◦ C. The concentrations are in mass fractions. The blank rectangle
and circle on the lines between BCC phase region and two phase region
indicate equilibrium concentrations in BCC. The solid rectangle and circle indicate corresponding equilibrium concentration at the interface at
102 s and 105 s of interface movement.

Table 4.4: Calculated equilibrium phase quantities for ferrite and precipitate phase in volume fraction at 700◦ C. rv are the radius of total system
which corresponds to the volume fraction of precipitate with 3 nm radius.
wt%

ferrite

precipitate

rv

0.20Ti-0.05Mo-0.04C
0.15Ti-0.05Mo-0.04C

0.99645
0.99701

3.552 × 10−3
2.993 × 10−3

19.66
20.82
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Table 4.5: Calculated equilibrium compositions in mass fraction at 700◦ C
for 0.20Ti-0.05Mo-0.04C wt%.

ferrite
precipitate

Ti

Mo

C

2.1169 × 10−4
8.1723 × 10−1

5.0104 × 10−4
2.7519 × 10−5

1.4745 × 10−8
1.8274 × 10−1

Table 4.6: Calculated equilibrium compositions in mass fraction at 700◦ C
for 0.15Ti-0.05Mo-0.04C wt%.

ferrite
precipitate

Ti

Mo

C

1.6274 × 10−7
7.9239 × 10−1

4.7674 × 10−4
1.2767 × 10−2

3.1292 × 10−5
1.9483 × 10−1

performed. Table 4.4 shows the calculated equilibrium phase quantities
for ferrite and precipitate phase in a volume fraction at 700◦ C. rv is the
radius of the total system which corresponds to the volume fraction of
a precipitate with 3 nm radius. Tables 4.5 and 4.6 list the calculated
equilibrium compositions in mass fraction at 700◦ C for 0.20Ti-0.05Mo0.04C and 0.15Ti-0.05Mo-0.04C wt%, respectively.
Fig. 4.10 presents the variation of precipitate radius calculated using
DICTRA model. It contains the time-dependent coarsening of the precipitates in 0.15Ti-0.04C and 0.15Ti-0.05Mo-0.04C wt% at 700◦ C with
σ =0.339 J m−2 . The particle sizes of 0.20Ti-0.04C and 0.20Ti-0.05Mo0.04C wt% are 5.476 and 5.477 nm, respectively, which are almost same.
0.15Ti-0.04C and 0.15Ti-0.05Mo-0.04C wt% show 2.02 and 2.01 nm, respectively, which indicate that the coarsening rates decrease a little due
to the Mo addition. It can be caused from that the local equilibrium
should be achieved so that interface can move since Mo concentration is
relatively higher in the precipitate in the 0.15Ti-0.05Mo-0.04C wt%.
Fig. 4.11 shows variation of Mo concentration in the precipitate close
to the interface between (Ti,Mo)C and ferrite for 0.2Ti-0.05Mo-0.04C
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Figure 4.10: Variation of precipitate mean radius calculated using DICTRA model to exhibit time dependent coarsening of the precipitates
in 0.15Ti-0.04C and 0.15Ti-0.05Mo-0.04C wt% system at 700◦ C with
0.339 J m−2 as interfacial energy.
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Figure 4.11:
Concentration-distance profile for (a)0.20Ti-0.05Mo0.04C wt% (b)0.15Ti-0.05Mo-0.04C wt% with σ =0.339 J m−2 , showing
distribution of Mo across the interface between precipitate and ferrite
matrix at different time intervals.
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and 0.15Ti-0.05Mo-0.04C wt% with σ =0.339 J m−2 . They contain the
profiles at different intervals starting from 0 s to 105 s with 104 s and 3 ×
104 s. The lines at 0 s indicate the profiles with equilibrium compositions.
The equilibrium Mo concentration of 0.20Ti-0.05Mo-0.04C wt% at the
interface in the precipitate is lower than a matrix. It rarely changes during
coarsening. In contrast, the amount of Mo of 0.15Ti-0.05Mo-0.04C wt%
at the interface in the precipitate is more than a matrix. It is noted that
Mo is saturated at the interface in precipitate as interface moves. The
interface moves slower than 0.15Ti-0.04C wt%, since the balance between
the flux of Mo and the interface velocity has to be achieved.
The coarsening processes for each system have been simulated using
DICTRA model. Moreover, the effect of molybdenum on the concentration profile has been studied from the addition of 0.05 wt% Mo. Mo
concentrations in the precipitate are 0.0025 wt% and 1.3 wt% for 0.2Ti0.05Mo-0.04C and 0.15Ti-0.05Mo-0.04C wt%, respectively. However, the
amounts of Mo in precipitate are too small to explain the existence of
the precipitate with high Mo concentration. The introduction of Mo in
TiC cannot be explained from thermodynamics only. Furthermore, the
present calculations with the DICTRA model show that Mo in a matrix
hardly affects on the multi-component diffusion process.

4.3

Kampmann and Wagner’s Numerical Model

It is possible to predict the effect of interfacial energy and solute concentration on matrix by using LSW and DICTRA models. Modifications of the LSW theory are necessary since the time-independent radius
distribution predicted by LSW is usually not observed experimentally
(Baldan, 2002). It is common to deal with precipitation from a supersaturated solution as the sequence of nucleation, growth and coarsening processes. Kampmann and Wagner produced a numerical approach
(KWN model) capable to describe the particle size distribution in the
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time domain (Samaras, 2006). This model deals with nucleation-growthcoarsening phenomena within the same formulation. In this research, the
coarsening rates of several systems are simulated applying a modification
of the KWN framework without nucleation.
The kinetic computations were coupled to ThermoCalc software employing the TCFE6.2 thermodynamic database and the MOBFE1 mobility database. The thermodynamic calculations are included in the whole
program by migration from Fortran subroutines in TQ interface to C language. The time evolution of the precipitates was computed in discrete
time steps as 0.01 s from 0 s to 105 s. The thermodynamic equilibrium
and kinetic data are achieved every 1000 steps. The particle size distribution is divided into a series of 5000 discrete classes. The initial state of
particle size distribution is scaled to reach the equilibrium phase fraction
of a precipitate. It is assumed that there is no nucleation in the coarsening process. The particles smaller than 0.1 nm radius are deleted in the
particle list.
In every time step, the following computations are conducted: (1) an
instantaneous phase equilibrium is obtained from ThermoCalc, (2) the
growth or dissolution rate of the existing particles is obtained accounting
for capillarity effects, (3) the particle size in the list and particle list itself
is updated (4) mass balance is imposed assuming the matrix composition
to be homogeneous using following equation.
c̄Ti = cTi − cρα
Ti

Z

∞

0

4 3
πr ϕ(r)dr
3

(4.4)

where ϕ(r) is the size distribution function, cTi is the mass fraction of Ti
in the whole system, cρα
Ti is the calculated mass fraction of Ti in precipitate
which is equilibrium with ferrite and c̄Ti is the mass fraction remained
in the matrix. c̄Ti is used for the thermodynamic calculations in the next
step.
Fig. 4.12 shows the variations of precipitate radius calculated using
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Figure 4.12: Variation of precipitate mean radius calculated using KWN
model to exhibit time dependent coarsening of the TiC phase in 0.20Ti0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt% system at 700◦ C. Three different interfacial energy of 493, 339 and 200 mJ m−2 are applied for
0.2Ti-0.04C wt%.
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KWN model at 700◦ C. The particle radii at 105 s of 0.2Ti-0.04C wt% with
σ =493, 339 and 200 mJ m−2 are 7.37, 6.53 and 5.52 nm, respectively. The
calculated results for 0.20Ti-0.04C, 0.18Ti-0.04C and 0.15Ti-0.04C wt%
with same σ =493 mJ m−2 are 7.37, 4.67 and 2.024 nm, respectively.
The comparison of precipitate radius predicted from LSW, DICTRA and
KWN model are included in Fig 4.13. They exhibit time dependent coarsening of the TiC phase in 0.2Ti-0.04C and 0.15Ti-0.04C wt% at 700◦ C
with 493 mJ m−2 as interfacial energy, respectively. Those values correspond to 48%∼52% larger coarsening rate constant K than those from
LSW theory. The radii from LSW are underestimated because it is assumed that the normalized particle distribution is independent of time.
Fig. 4.14(a) includes the calculated particle size distribution of 0.20Ti0.04C wt% with σ =0.493 J m−2 . It contains the distributions at different
times starting from 0 s to 105 s with 104 s and 3 × 104 s. The lines at
0 s indicate the LSW distribution. The distributions are achieved from
the particle lists by dividing 50 girds from 0 to 15 nm. The particle
distribution moves to larger size, and the number of particles decreases
dramatically.
Fig. 4.14(a) is redrawn using normalized frequency as a function of
normalized radius (= r/r) in Fig. 4.14(b). The particle lists were normalized by using the average radius at a given time, and particle radii
are recounted in the 50 grids from 0 to 1.5. The average radius locates
at 1.0. The shape of normalized distribution becomes more symmetric,
with the average located at the center. In addition, the distributions are
converged to a certain function after critical time. The calculated radii
in this model are much bigger than those from predicted in LSW theory
since the numbers of small particles are overestimated in LSW theory.
The LSW predicts that after long times the distribution of scaled
particle sizes should reach a universal from that is independent of all material’s parameters. However, the measured particle size distributions are
different from the LSW theory. The reported distributions are generally
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Figure 4.13: Variation of precipitate radius calculated using LSW, DICTRA and KWN model exhibit time dependent coarsening of the TiC
phase in (a)0.20Ti-0.04C (b)0.15Ti-0.04C wt% at 700◦ C with 493 mJ
m−2 as interfacial energy.
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Figure 4.14: Calculated (a) number density of precipitate as a function of
particle radius (b) relative frequency of precipitate as a function of normalized particle radius, which are obtained from from the KWN model,
in 0.20Ti-0.04C wt% at 700◦ C with different ageing time.
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more symmetric than the LSW predictions (Baldan, 2002; Kang & Yoon,
1982). A problem with the LSW approach was the assumption that a
coarsening rate is independent of its surrounding. A particle with nearest
neighbors which are larger than itself will coarsen at exactly the same
rate as if it were surrounded by particles that were of a smaller radius.
It causes the apparent disagreement between the theoretically predicted
and experimentally measured particle size distribution.

Figure 4.15: Variation of precipitate volume calculated using KWN model
to exhibit time dependent coarsening of the TiC phase in 0.20Ti-0.04C
and 0.18Ti-0.04C wt% at 700◦ C with different interfacial energy. The
interfacial energies are included in parenthesis in J m−2 units.

Figs 4.15, 4.16 and 4.17 show the calculated evolution of precipitate
volume, Ti concentration in a matrix and number of precipitates for each
system. There are fluctuations in the curves in Figs 4.15 and 4.16, because the precipitate volume and Ti concentration can change abruptly
when a large number of particles with same radius are deleted in the
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Figure 4.16: Variation of Ti fraction in ferrite matrix calculated using
KWN model to exhibit time dependent coarsening of the TiC phase in
0.20Ti-0.04C and 0.18Ti-0.04C wt% at 700◦ C with different interfacial
energy. Units of left and right axis correspond to the values of 0.20Ti0.04C and 0.15Ti-0.04C wt%, respectively. The interfacial energies are
included in parenthesis in J m−2 units.
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Figure 4.17: Variation of number of precipitates calculated using KWN
model to exhibit time dependent coarsening of the TiC phase in 0.20Ti0.04C and 0.18Ti-0.04C wt% at 700◦ C with different interfacial energy.
The interfacial energies are included in parenthesis in J m−2 units.
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list. The radius of the particles decreases at the early stages until the Ti
concentration in the matrix reaches critical conditions for coarsening.
In the 0.20Ti-0.04C wt% with σ = 493 mJ m−2 , Ti mass fraction
in the matrix reaches up to 4.3 × 10−4 , which are much higher than
the calculated equilibrium value 2.1 × 10−4 . The simulation results show
that the volume fraction decreases more with higher interfacial energy.
The volume fraction and Ti concentration approaches to the equilibrium
during coarsening process as particle radius increases.
The curvature-dependence of the interface concentration is given by
the well-known Gibbs-Thomson equation. For an infinite radius of curvature, the original composition of the matrix α equilibrium with precipitate
would be cαρ , but the composition will be increased to cαρ
r with interface
curvature r. Thus, the change in composition becomes
cαρ
r = (1 +

2Γ αρ
)c
r

(4.5)

where Γ is the capillarity constant given by the regular solution approximation (Christian, 2002)
Γ=

σVm
.
RT (cρα − cαρ )

(4.6)

For the 0.20Ti-0.04C wt%, the Ti mass fraction in matrix equilibrium
with 3 nm radius precipitate is evaluated to 3.7 × 10−4 . It is larger than
the mass fraction of 2.7 × 10−4 from DICTRA model. Therefore, this also
contributes to the higher coarsening rate in this model.
It is noted in Fig. 4.17 that the number density of particles decreases
monotonically, because the processes are simulated without nucleation.
Comparing with different interfacial energy for the 0.20Ti-0.04C wt%,
more particles disappeared with higher one.
In this chapter, the effects of interfacial energy and Ti concentration in a matrix on coarsening rate had been investigated applying LSW,
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DICTRA and KWN models. The LSW theory derives two well-known results. The first is that the cube of the mean particle radius should change
linearly with time. The second result is that an arbitrary distribution
of particle radii when scaled by the mean radius should be a specific
time-independent form. However, this theory contains restrictions that
the distribution is usually not matched with experiments, and it cannot
illustrate multi-component diffusion controlled coarsening.
The DICTRA model can simulate the multi-component diffusion controlled coarsening process for the Fe-Ti-C ternary system. The interface
composition of Ti and C, which satisfies the equations for the solute flux
and interface velocity, has been explored. In addition, the effect of Mo
in a matrix on coarsening rate has been studied. However, this model
also based on the assumption that the normalized particle distribution
function follows time independent universal function. Not only, the particle distribution, but also the local equilibrium concentrations of Mo in
the precipitate restrict to simulate the coarsening process with high Mo
concentration precipitates.
In the last, the coarsening processes with various radii of the particles
are simulated using the interface velocity equation from KWN model
without nucleation. The results from this model indicate much faster
coarsening rate than those from LSW and DICTRA models. The higher
coarsening rate in this model comes from a change of normalized particle distribution and higher Ti concentration in a matrix than that in
DICTRA model. It is also noted that normalized particle distribution
functions converge to a different function, which is more symmetric and
narrower.
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Chapter 5

Conclusions
Interphase precipitation has been observed by using transmission electron microscope for Ti-Nb and Ti-Nb-Mo bearing steels. The heat-treatment
condition for the formation of interphase precipitation has been confirmed
for Ti-Nb bearing steels and Ti-Nb-Mo bearing steels. The addition of Mo
reduces the spacing of interphase (Ti,Nb,Mo)C and the size of the precipitates. The precipitates also at first contain a large amount of Mo. It
appears that the incorporation of Mo into the carbide facilitates nucleation and reduces the particle coarsening rate relative to a steel containing
the same amount of Ti but without Mo.
The formation energy, crystal lattice parameter and bulk moduli of
(Ti,M)C and M(C,Va) with a B1 crystal structure have been investigated
using first-principles calculations, where M represents Nb, V, Mo and W.
The estimated lattice parameters and formation energies of TiC, NbC
and VC with a perfect B1 structure are consistent with experimental
data. Calculations show that the introduction of vacancies into the structure makes MoC and WC more stable. The calculated lattice parameters
of Mo(C,Va) and W(C,Va) show that the replacement of Ti by Mo or W
will reduce the misfit with ferrite, which facilitates easier nucleation. At
the same time, the substitution of Ti by Mo or W will reduce the equilibrium Ti concentration in the ferrite matrix during coarsening, which
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5. Conclusions

possibly decelerates the coarsening process of (Ti,M)C precipitation. The
effect of W predicted by first-principles calculations is validated with a
microstructural characterization on Ti-, Ti-Mo- and Ti-W- bearing model
alloys. It is confirmed that Mo or W addition can mitigate the lattice mismatch between the carbide particle and the ferrite matrix as predicted
by the calculations.
The effects of interfacial energy and Ti concentration in a matrix on
coarsening rate have been studied based on the Lifshitz, Slyozov and Wagner (LSW) theory, the multicomponent diffusion-controlled transformations (DICTRA) model and Kampmann and Wagner’s numerical (KWN)
models. The simulated results show the higher coarsening rate for higher
interfacial energy and higher Ti concentration in a matrix for the fixed
system. The results from KWN model indicate faster coarsening rate than
those from LSW and DICTRA models. The results from KWN model also
show the convergence of normalized particle distribution function, which
is different from the analytic function from LSW theory.
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