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Abstract

This work deals with the modelling of microstructural development in steel welds as a
‘fur-xction of their chemical composition, welding conditions and non-metallié inclusion content.
Theory has been developed to deal with a variety of phase transfopmati{bns'that occur when
~ austenite is cooled into a regime Wheré it is not stable. This theofy is Quite‘generdl and has
| wide applicability, for example, to wrought as well as welded steels. r'I‘he thesis begins with
a review of the mechanisms of transformation in steels-and a desé:ription of existing kinetic
theory, with emphasis on the welding process including the role of non-metallic inclusions.

It was discovered at an early stage that conventional ‘Johnson-Mehl-Avrami’ theory for
estimatin»g the evolution of microstructure has limitations since it is formulated for reactions
occurriﬁg in isolation. Transformations in practice frequently occur simultaneously, with the
variety of product phases interacting and consequently influencing the course of reaction. To
deal with this problem, the Avrami approach has been developed to enable better modelling
of the decomposition of austenite into a variety of fransformation products, including allotri-
omorphic and idiomorphic ferrite, Widmanstatten ferrite, bainite, acicular ferrite and pearlite.
This general theory is in fact applicable to any transformation system. It has been possible,
using this modified theory, to explain a number of published experimental data on transfor-
mations in steels, including the recent innovation of inoculating wrought steels with particles
to provide heterogeneous nucleation sites additional to the austenite grain surfaces.

The many ways in which non-metallic inclusions inﬂuénce the nucleation of ferrite have,
for the first time, been incorporated quantitatively into a model which permits the importance
of different mechanisms to be assessed, and their interactions monitored.A It has been possible
to demonstrate that frequent claims about ‘criticé.l inclusion size’, of othér claims about par-
ticular mechanisms, cannot be sustained in general since inclusion effects often depend on a
combination of factors. ‘ |

Experimental studies on steel line-pipe welds have revealed that the'phaSe designated
‘acicular ferrite’ is intragranularly nucleated bainite. It appears to grow without diffusion at
temperatures below the thermodynamically calculated bainite start temperature. The effect of
trace additions of boron on the formation of austenite during heating has been characterised.
As expected, the boron retards the transformation during heating, though the effects diminish
as transformation progresses since the rate of transformation is extremely rapid at high temper-
atures. The transformation from austenite in boron containing steels has revealed systematic

variations during repeated experiments, variations which are not yet fully understood.
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CHAPTER ONE
The Physical Metallurgy of Steel Welds

This chapter provides an introduction to this thesis. It includes a brief description of the
fusion welding of steels and submerged-arc welding in particular. The nature of the austenite

to ferrite phase transformation in wrought and welded steels is also discussed.



CHAPTER ONE — The Physical Metallurgy of Steel Welds

1.1 Welding

Fusion welding is the joining of materials, usually metals or plastics, by réising the temper-
ature of the joint so that melting occurs which allows a strong bond td form upon solidification.
The fusion welding of steel involves the deposition of a small quantity of molten steel within a
space befween the componénts to be joined. The joint is formed When the steel solidifies.

The welded joint can be divided into two essential metallurgical regions (Figure v1.1). The
fusion zone (weld metal) consists of both the deposited steel and those parts of the parent plate

" (i.e. the steel compoﬁents that were joined) that were melted during welding. The other major
part of the welded joint is the heat-affected zone (HAZ), which consists of those parts of the
parent plate where the energy input during welding changes the microstructure without melting
the steel. A consequence of this complexity is that as the weld cools to room temperature a
series‘of phase transformations occur in both the fusion zone and the HAZ. This project is
concerned with the modelling of solid-state transformations in the fusion zone, so as to predict
the final microstructure obtained at ambient temperatures. However, many of the ideas and

models developed in this thesis are applicable to materials in general.

Figure 1.1 Photomicrograph of a submerged-arc weld deposit. One pass was made on each
side of the weld. The plate is 19 mm thick.

The joining of two large components often requires the application of a sequence of weld
deposits which further complicates the microstructure (Figure 1.2). In such multi-run welds
the fusion zone is categorised into two parts, the as-deposited or primary microstructure and
the reheated or secondary microstructure. The latter represents regions reheated to cause

significant further microstructural change. The reheated zone may contain regions fully or

2



CHAPTER ONE — The Physical Metalldrgy of Steel Welds

Figure 1.2 Photomicrograph of a multi-run weld (Reed, 1990).

partially reaustenitised and regions which are only tempered.

1.2° Arc Welding

In arc welding a high energy electrical arc, consisting of ionised atoms and free electrons,
is created between an electrode and the piece to be welded. The very high temperatures
reached in the arc (~ 10000 °C ) cause a molten weld pool to form, which is protected from
the atmosphere by a shielding system. In several forms of arc welding the electrode is actually
designed to melt in the arc, thereby entering the weld pool to form a new alloy (Easterling,
1992).

Submerged-arc welding was developed to increase productivity and automation (Svensson,
1994). Very high currents can be used, permitting greater welding speeds whilst maintaining
reproducibility and thus quality (Figure 1.3). A hopper precedes the arc, laying a powdered flux
along the intended weld line. The flux is usually composed of various silicates and metal oxides,
which melt during the welding process to form a protective layer between the atmosphere and
the molten weld pool. The welding wire is submerged in this layer of flux and the arc is
ignited. The as-deposited weld metal is formed from the welding wire, the parenﬁ material
and trace additions from the flux. By carefully controlling the composition of the Welding
wire; the parent plate and the flux, together with the cooling rate, it is possible to control the

microstructure and mechanical properties of the weld.

1.8 Phase Transformations in Steels and the Fusioh Zone

The astonishing versatility of steel is due primarily to the two allotropes of iron found

3



CHAPTER ONE — The Physical Metallurgy of Steel Welds

Welding wire .
Powdered flux

Electrical
contact BB

Welding direction

s

Molten slag
Electrical arc

Solidified weld metal

Figure 1.3 Schematic of the submerged-arc welding process.

at atmospheric pressure. This offers an enormous range of microstructural possibilities. Pure
iron experiences two changes in crystal structure after solidification. The first phase to form
on cooling is body centred cubic (b.c.c.) 6é-ferrite at 1548 °C, followed at 1394 °C by face
centred cubic (f.c.c.) 7y-austenite. Cooling below 911 °C then causes a retransformation to
the b.c.c. structure called a-ferrite, which remains stable to ambient temperatures. Phase
tréhsformations in low alloy steels are similar to those in pure iron. However, with appropriate
alloying the f.c.c. y-austenite becomes more stable than the b.c.c. é-ferrite, and can be the first
phase to form upon solidification. The austenite to a-ferrite phase transformation is of vital
industrial importance because it controls the room temperature microstructure, and thereby

the mechanical properties.

Steel microstructures (Figure 1.4) can be classified according to the mechanism by which
they form; reconstructive or displacive (Bhadeshia, 1992). Reconstructive transformations in-
volve the diffusional flow of solute and solvent atoms to create a new lattice structure. The
reconstructive transformation product of primary interest in low-alloy steel welds is allotri-

omorphic ferrite, although idiomorphic ferrite and pearlite can form in some welds. Displacive
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

transformations occur at greater undercoolings when the thermodynamic driving force is suf-
ficiently large to permit a homogeneous deformation of the austenite lattice. The following
displacive transformation products are found in steels; Widmanstétten ferrite, bainité, acicular
ferrite and martensite. At high temperature the thermodynamic driving force for transforma-
tion is small so that Widmanstétten ferrite grows by a displacive mechanism in which carbon
atoms are partitioned. When the thermodynamic driving force is very large, martensite forms
without any diffusion. At intermediate temperatures bainite and acicular ferrite form. These
two transformations, which are fundamentally the same, occur in two stages, an initial dis-
placive and diffusionless tra.nsformation event is followed by carbon diffusion. In low-alloy
steel weld metals Widmanstétten ferrite and acicular ferrite are usually the dominant dis-
placive transformation products. A small amount of austenite may also be retained at room
terhperature.

In order to attain high toughness and strength it is necessary to maximise the volume
fraction of acicular ferrite which nucleates intragranularly. This is thought to be controlled by
the nucleation potency of small non-metallic inclusions which form in the weld pool prior to
solidification, providing that other factors such as the weld metal composition, austenite grain

size and cooling rate are favourable.

1.8.1 Reconstructive Transformations

Reconstructive ferrite is the first phase to form from austenite on cooling below the Aeq
temperature (where a-ferrite first becomes thermodynamically stable), when the fhermody—
namic driving force is low and diffusivity is high. All the solute and solvent atoms diffuse
to minimise the strain energy. If the transformation is controlled by diffusidn, approximate
thermodynamic equilibrium is maintained at the interface; this is referred to as ‘local equilib-
rium’ at the interface. In a system such as Fe-X-C, where X indicates a substitutional solute,
the diffusivity of carbon is several orders of magnitude greater than that of the substitutional
atoms. To maintain the balance of flux for all species, two situations (Figure 1.5) arise, both

of which are consistent with local equilibrium at the interface (reviewed by Bhadeshia, 1985b):

(1) At low thermodynamic driving forces and hence small supersaturations, a tie line
can be chosen that ensures that the carbon concentration in the austenite at the
interface is approximately equal to that in the austenite remote from the inter-
face. This reduces the concentration gradient for carbon diffusion to almost zero
allowing the substitutional solute X to keep pace. This is known as partitioning
local equilibrium (PLE) because there is a substantial redistribution of X.

5



CHAPTER ONE — The Physical Metallurgy of Steel Welds

RECONSTRUCTIVE DISPLACIVE

Diffusion of all atoms during |: Invariant-plane strain shape
::::1 nucleation and growth. deformation with large shear
;i1 Sluggish below about 850 K. [ component. :

: No iron or substitutional-
solute diffusion. '

Thin plate shape.

WIDMANSTATTEN:
: FERRITE -

Carbon diffusion during e
(" IDIOMORPHIC :| paraequilibrium nucleation & [::
1 FERRITE :

: BAINITE & ACICULAR
MASSIVE FERRITE FERRITE

No change in bulk [ Carbon diffusion during
composition. : )| paraequilibrium nucleation. No
| diffusion during growth.

PEARLITE MARTENSITE

Cooperative growth of Diffusionless
ferrite & cementite. : nucleation & growth.

Figure 1.4 Chart showing the characteristics of the various phase transformations in steels
(Bhadeshia, 1992). ‘

(2) As the thermodynamic driving force and hence supersaturation increasés, a second
mode of ensuring mass balance becomes possible. This involves choosing a tie line
such that the substitutional concentration in the ferrite is virtually identical to that
in the austenite. This results in a lafge concentration gradient of X, permitting
it to keep pace with carbon diffusion. This is termed negligible partitioning local
equilibrium (NPLE) because the concentration of X in ferrite is virtually identical

to the alloy as a whole.

At sufficiently low temperatures the diffusion distance for X approaches atomic dimen-
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

sions and the concept of local equilibrium at the interface breaks down. Transformation then
proceeds by paraequilibrium, which is a constrained equilibrium when the ratio of iron to
substitutional solute atoms remains constant everywhere, but subject to that constraint, the
carbon achieves uniformity of chemical potential.

In the rapidly cooling weld deposit it seems a reasonable assumption that ferrite grows by
a paraequilibrium transformation (Bhadeshia et al., 1985). The rate of transformation can be
controlled by the speed at which carbon atoms are partitioned into the residual austenite ahead
of the a-v interface. As carbon atoms accumulate ahead of the transformation interface the
growth rate slows down parabolically with time as the diffusion distance increases (Christian,
1975). Reconstructive or pro-eutectoid ferrite nucleates heterogeneously in steels and is found

to grow in two morphologies:

(1) Allotriomorphic ferrite nucleates heterogeneously, at austenite grain boundaries
(Figure 1.6). Growth is able to proceed rapidly along the boundafiesWhere diffu-
sivity is high. However, in weld deposits the final volume fra;ctioﬁ of allotriomor-
phic ferrite is limited by the rapidly decreasing température and solute build-up in
the residual austenite (Easteriing, 1992). The prior-austenite boundarigs are then
decorated with layers of allotriomorphic ferrite, which offer relatively easy paths
for crack propagation. In order to maximise toughness the final volume fraction
of allotriomorphic ferrite should be minimised, but, a small volume fraction is
desirable because it reduces susceptibility to embrittlement of the prior-austenite
grain boundaries (Bhadeshia and Svensson, 1993).

(2) Idiomorphic ferrite nucleates intragranularly to form equiaxed grains (Figure 1.6).
It does not form in significant quantities in modern weld metals because the cool-
ing rate is too rapid to allow extensive nucleation at intragranular sites such as
non-metallic inclusions which offer a relatively high activation energy barrier to

nucleation in comparison with the austenite grain surface.

Pearlite (Figure 1.6) also forms via a reconstructive mechanism. This lamellar mixture of
ferrite and cementite (Fe;C) nucleates at the austenite grain surface, the allotriomorphic ferrite-
,austenite interface or on inclusions. Nucleation of cementite is thermodynamically possible
when the carbon concentration of the untransformed austenite reaches that of the austenite-
cementite (A,,) phase boundary. Modern steel welds éontain a \;ery low concentration of
carbon which means that only a small quantity of degenerate pearlite forms in the rapidly

cooling weld deposit. However, lamellar pearlite may form in the later stages of transformation

7



CHAPTER ONE — The Physical Metallurgy of Steel_ Welds

«—— Carbon isoactivity line

____________ L

Concentration of X —»

(a) PLE

Carbon Concentration —»

Il‘/ Carbon isoactivity line

Concentration of X —

(b) NPLE

Carbon Concentration —»

Figure 1.5 Schematic isothermal sections of the ternary Fe-X-C phase diagram which show
ferrite growth occurring with local equilibrium at the a-v interface (adapted from Bhadeshia,
1985b); (a) growth at low supersaturations (PLE) with bulk redistribution of Mn; (b) growth
at high supersaturations (NPLE) with negligible partitioning of Mn during transformation.
The mean alloy compositions are designated ‘A’ and ‘B’ in each case. cd and ef are tie lines
(which satisfy conditions pertaining to the conservation of mass and the diffusive fluxes of X
and C) appropriate to PLE and NPLE respectively.



CHAPTER ONE — The Physical Metallurgy of Steel Welds

if the cooling rate is slow enough to allow significant carbon enrichment of the untransformed

austenite (Easterling, 1992).

Idiomorphic
ferrite

Inclusion
Austenite
grain
boundary

Pearlite

Widmanstitten

Allotriomorphic
ferrite

Bainite

Figure 1.6 Schematic of various steel microstructures.

1.3.2 Widmanstatten Ferrite

As diffusion becomes more difficult displacive transformations are kinetically favoured.
Widmanstétten ferrite is the first such displdcive transformation product to form during con-
tinuous cooling, nucleating on either allotriomorphic ferrite or at the austenite grain surfaces.

* Widmanstétten ferrite growth causes an invariant-plane strain (IPS) shape change which leaves
a plane undistorted and unrotated (Watson and McDougall, 1973). Therefore, an atomic cor-
respondence exists between the iron and substitutional elements in the parent and product
lattices. However, the diffusion of interstitial carbon atoms is a thermodynamic necessity and

carbon atoms partition to an extent which maintains a uniform chemical potential everywhere.
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

The transformation is therefore a paraequilibrium reaction (Bhadeshia, 1992), with the growth
rate controlled by the diffusion of carbon in the austenite. Zener (1946) suggested that the
plate tip shape ensures that the carbon is rejected into the austenite at the sides of the plate,
so that the growth rate is constant during isothermal transformation.

The growth mechanism of Widmanstétten ferrite involves the simultaneous formation of
two plates to form a strain accommodating pair (Bhadeshia, 1981). Therefore, the strain energy
associated with the transformation is relatively small (~ 50 J mole~!). This allows displacive
transformation to occur at high temperatures (the Widmanstétten ferrite start temperature,
Wy, is the highest temperature at which growth is thermodynamically possible) where the
driving force is significantly less than that strain energy due to the formation of a single dis-
placive plate (Bhadeshia, 1992). Widmanstétten ferrite has a distinctive wedge morphology,
because the strain accommodating pairs of plates appear as one under the optical microscope
(Figure 1.6). Unfortunately, parallel packets of these wedges form, _which provide little hin-
drance to crack propagation, making it detrimental to toughness (Bodnar and Hansen, 1994b;
Bhadeshia, 1996). |

1.83.3 Bainite and Aciéular Ferrite

As the undercooling below the Ae, temperature increases, a diffusionless transformation
to b.c.c. ferrite becomes thermodynamically possible. Thus, ferrite which is supersaturated
with carbon forms by a displacive mechanism causing an IPS shape change (Ko and Cottrell,
1952). This excess carbon is found to partition after the completion of the displacive transfor-
mation event, giving rise to bainite (Hehemann, 1970; Hehemann et al., 1972). The orientation
relationship between the bainitic ferrite and the austenite is found to be close to either the
Kurdjumov-Sachs or the Nishiyama-Wassermann orientation relationships.

At high temperatures upper bainite forms, when the excess carbon diffuses out of the
bainite grain to enrich the austenite that surrounds it. Cementite (Fe;C) subsequently precip-
itates from this enriched austenite. At lower temperatures, the phase known as lower bainite
forms, when some cementite precipitates within the supersaturated bainitic ferrite due to the
reduced diffusivity of carbon, and a smaller proportion of carbon partitions into the austenite
to subsequently precipitate as in upper bainite (Figure 1.7). H(_)wever,- the precipitation of
cementite is considered to be a secondary reaction which occurs after the displacive grbwth
of the bainitic grain is completed. In some a.ﬂoys containing high concentrations of ‘silicon
or aluminium, the kinetics of cementite precipitation from austenite.are so slow that bainite
forms without any cementite precipitation. The high strain energy (~ 400 J mole™!) of the

IPS shape change associated with bainitic growth causes extensive plastic deformation local
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to the bainite-austenite interface because the yield strength of austenite is relatively low at
these temperature. The high dislocation density that this creates is thought to prevent the
continuous growth of the bainite grain, and thereby limit its maximum size. Growth must
therefore proceed by the nucleation of new bainite sub-units, although nucleation is thought
to be facilitated by the presence of suitable embryos in the dislocation debris. These bainite
sheaves are made up of fine bainite sub-units separated by regions of austenite, martensite
and cementite. These sheaves grow in quite a coarse parallel manner (Figure 1.6) to form a
non-lamellar structure which is considered detrimental to toughness (Ishikawa and Takahashi,

1995).

Carbon supersaturated plate

- Carbon diffusion

Carbon diffusion , into austenite and
Into austenite carbide precipitation

- Carbide l
precipitation from
austenite

UPPER BAINITE LOWER BAINITE
(High Temperature) (Low Temperature)

Figure 1.7 Illustration of upper and lower bainite formation (Bhadeshia, 1992).

Individual sub-units of bainite are found to lengthen at a rate much less than martensite
* plates whose velocity can be limited by the speed of sound in steel. However, the lengthening
rate is many orders of magnitude greater than that expected due to carbon diffusion control

(Bhadeshia, 1992). The growth rate of bainite sheaves is even slower because it is also a

11
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function of the delay time needed to repeatedly nucleate new sub-units. Calculations by Ali and
Bhadeshia (1989) suggest that the measured growth rates of bainite sheaves are approximately
an order of magnitude greater than those expected by the carbon diffusion controlled growth
of plates (Trivedi, 1970). |
The bainife transformation is particillarly interesting because it has an unusual character
which may be rdtionalised (Bhadeshia and Edmonds, 1980) in terms of the two stage mechanism

suggested by Hehemann (1970):

(1) There is a well defined bainite start temperature Bg above which bainite will not
form because the thermodynamic driving force is insufficient to allow the initial
displacive transformation event.

(2) Below the Bg temperature the bainite reaction has the character of a nucleation
and growth process (i.e. both the rate and extent of transformation are tem-
perature and time dependent). However, the bainite reaction is an ‘incomplete
reaction’ because the maximum amount of bainite that forms is always much less
than that given by the application of the lever rule to the paraequilibrium phase
diagram. Bhadeshia and Edmonds (1979) suggested that this is a direct conse-
quence of the two stages in the bainitic transformation. As the bainite reaction
proceeds the partitioning of carbon from the supersaturated bainitic ferrite in-
creases the carbon concentration of the residual austenite. The reaction always
stops when the carbon concentration of the residual austenite reaches the T, curve
(Figure 1.8), and not the Ae;3 boundary (the paraequilibrium Ae; phase bound-
ary). The T(; curve is the locus of ali those points for which austenite and ferrite
of the same composition have equal free energies, after allowing for 400 J mole=!
of stored strain energy in the ferrite. The bainite reaction stops at the Tc', curve
because the thermodynamic driving force is no longer sufficient to allow further

diffusionless transformation.

‘ Recent research by Bhadeshia and co-workers (1992) has demonstrated that in many
.welds acicular ferrite is essentially an intragranularly nucleated form of bainite (section 6.2).
If sufficient intragranular nucleation sites exist, then bainite will nucleate upon them, but
because the growth of these sheaves is stifled by hard impingement, with sheaves independently
nucleated at neighbouring sites, the microstructure appears very different to conventionally
nucleated bainite. However, this does not preclude the possibility that Widmanstétten ferrite

may nucleate intragranularly and be interpreted as coarse acicular ferrite.
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¢ = carbon content of alloy
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N
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I
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Carbon concentration

Figure 1.8 Schematic of the phase diagrani which illustrates the ‘incomplete’ bainite transfor-
mation.

The acicular ferrite microstructure can best be described as a chaotic arrangement (Fig-
ure 1.6) of very fine interlocking ferrite laths (~ 2-3 pm in length) that are separated by high
angle grain boundaries. This microstructural product is considered invaluable to weld tough-
ness because of the tortuous path it forces propagating cfacks to take (Abson, 1987; Easterling,
1992). The fine grain size and high dislocation density associated with acicular ferrite mean
that it is also a hard and strong microstructural product. Acicular ferrite then appears to
offer that rare combination of high strength and toughness. Indeed commercial research in
several countries is directed towards ‘inoculating’ wrought steels with non-metallic particles
that nucleate acicular ferrite during controlled cooling. Nippon Steel had by 1987 succeeded

in achieving this on an industrial scale (Chijiiwa et al., 1987; Yamamoto et al., 1987).

The fusion zone of a steel weld contains very large numbers (between 108 and 10° per
mm?) of randomly distributed non-metallic inclusions, which are usually less than 1 ym in
diameter. These inclusions form as the weld is deoxidised at very high temperatures and
provide the primary intragranular nucleation sites for acicular ferrite (Ito and Nakanishi, 1976;
Abson et al., 1978; Abson, 1987; Dowling et al., 1986; Thewlis, 1986). Inclusions are by their

"nature relatively brittle and can act as initiation sites for brittle fracture processes at low
temperatures. Above the ductile to brittle transformation temperature, inclusions nucleate
voids leading to failure by ductile void coalescence. Thus, the optimisation of weld toughness
requifes thaI; a balance be found between the need for sufficient inclusions capable of nucleating
the relatively tough phase acicular ferrite, and the desire to minimise the number of inclusions

which can promote fracture or ductile void coalescence. Maximum toughness is therefore
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thought to be associated with a relatively low volume fraction of small, but potent inclusions.
Unfortunately inclusions are very small and complex multiphase structures, not amenable to
easy examination or analysis using electron microscopy, so this compromise might be aided

through computer modelling.

- 1.8.4 - Martensite and Retained Austenite

Martensite forms by a completely diffusionless shear transformation which occurs at very
high undercoolings, when the thermodynamic driving force for transformation is very large.
A consequence of this diffusionless shear transformation is the existence of a reproducible
orientation relationship between the parent and product lattices. This orientation relationship
consists of a parallelism between the close packed-packed planes in the austenite and those
in the martensite, with a corresponding parallelism between the close-packed directions in
both phases. However, the austenite lattice (f.c.c.) cannot transform to a martensite lattice
(distorted b.c.c.) through the application of an IPS shape change alone. The transformation
occurs via a combination of the Bain strain with a suitable rigid body rotation and a lattice
invariant deformation that can be either twinning or slip (Christian, 1975). This produces a

“semi-coherent glissile interface between the austenite and the martensite. Transformation can
then occur at very low temperatures, even below room temperature, because a glissile interface
is able to move very rapidly.

In an unconstrained transformation the ‘habit’ plane between the martensite and the

aﬁstenite is flat. However, in a constrained system, such as an austenite grain, the plate
~adopts a curved interface to minimise the strain energy per unit volume that is induced upon
transformation. The degree to which the martensitic transformation occurs is virtually in-
dependent of i:ime, but is instead found to be a function of the undercooling below the Mg
(martensite start) temperature. Retained austenite is left over if the martensitic reaction does
not go to completion during quenching.

Untempered martensite can be very hard but brittle. If a weld cools very quickly and/or is
heavily alloyed, then some of the residual austenite may transform to lath or lenticular marten-
site, which forms independently of the grain boundaries (Easterling, 1992). This martensite
often forms as a thin ‘film’ around existing displacive transformation products such as Wid-
manstétten ferrite, bainite and acicular ferrite. Martensite forms at relatively low temperatures
in low-alloy steel welds and is therefore largely untempered and brittle. Consequently these
welds are designed with the aim of minimising the fraction of martensite that forms.

As the weld cools and ferrite formation proceeds the carbon concentration in the residual

austenite increases considerably. Therefore, it is not unusual for a small amount of austenite
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to remain stable to ambient temperatures. Retained austenite exists as a thin ‘film’ around

the various displacive transformation products.
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CHAPTER TWO

Transformation Kinetics

This chapter summarises the various theoretical and empirical models that have been developed
to describe the kinetics of solid state phase transformations. In the ﬁ;st part theoretical models
which are based on the methods of Johnson, Mehl and Avra,irli are described. Models of the
austenite to ferrite phase transformation in wrought and welded si:_ee_ls' ére outlined in the

second part.
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2.1 The Johnson-Mehl-Avrami Approach

2.1.1 Random Nucleation and Growth

In the present context the theory of transformation kinetics describes the relationship
between the fraction of an assémbly transformed and the time at the isothermal holding tem-
pérature. An exact treatment requires that the problem of hard impingement and interference
between regions growing from different nuclei be considered. Johnson and Mehl (1939) and
Avrami (1939, 1940 and 1941) were the first to develop a satisfactory theory for this geometrical
problem. This theory is described in a comprehensive review by Christian (1975).

Consider the precipitation of 8 from the parent phase 7. A precipitate particle can be
considered to become peréeptible after an incubation period 7. Assuming isotropic growth at

a constant rate G, the volume v, of such a spherical particle is given by:

v, = (/3G -1 - (@E>T) . (1)

v, =0 (t<T) . - (2.2)
where t is the time defined to be zero at the instant the sample reaches the isothermal tfans—
- formation teﬁlperature. _

- Particles nucleated at different locations may eventually touch. This problem of hard
impingement is neglected at first, by allowing particles to grow through each other and by
permitting nucleation to occur even in regions which have already transformed. Avrami de-
scribed the latter as phéntom nuclei and the calculated volume of the particle of 8 phase as
_ari ertended volume. The change in the exrtended volume due to all those particles nucleated

in a time interval 7 to 7 + dr is, therefore, given by:
dVﬂe = v,.I(V,Y + Vﬂ) dr (2.3)

where I is defined as the nucleation rate per unit volume, V. is the volume of untransformed
7 at any instant and Vj is the volume of the precipitating phase 3 at any instant. The total

extended volume of 3 at the time ¢ is obtained by integrating between 7 = 0 and 7 = ¢ to give:
t
Vs = (4nV/3) /T ., GI(t—T1)%dr (2:4)

where V = V., + Vp is the total sample volume. This extended volume Vﬁe may be larger than
the total volume V. Its importance is that it allows the separation of the kinetics of nucleation

and growth from the geometrical problems of phantom nucleation and hard impingement.
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Clearly only those parts of the change in the extended volume which lie in untransformed
regions of the parent phase + can contribute to the change in the real volume of 3. If nucleation
occurs completely randomly throughout the volume of the parent material then the probability
~ that any change in the extended volume lies in the untransformed pa,rént phase is proportional
to the fraction of untransformed material at that instant. Tt follows that the real change in

volume in the time interval ¢ to't + dt is:

v, .
B e
AV, = (1 - V) dvs | (2.5)
i.e.
| v
Vi=-Vin ( - ) (2.6)

Therefore, eliminating Vj§ from equations 2.4 and 2.6 gives:

“In (1 - Yg) = (4r/3) G® /0 ‘I -1 dr 27)

In making this conversion from extended to real volume, all information about individual
particles is lost, so that the application of the Avrami model yields only the volume fraction
transformed. Equation 2.7 can be integrated with specific assumptions about the nucleation
rate — when the nucleation rate is constant:

v - |
¢ﬂ=_§=1—exp(-§a31t4) R (28

where (g is the volume fraction of 3 formed at the time t. This is the form of the clas-
sic Johnson-Mehl-Avrami equation for random nucleation and linear growth, which is often

written in a simplified form as: A
(5 =1—exp(—kt") | (2.9)

where the constants k and n are obtained by fitting to experimental data. The theory can be
adapted for a variety of nucleation and growth mechanisms, howeve.r‘,v it is restricted to the
precipitation of a single phase from the parent.

The growth rate need not be constant. In diffusion controlled growth, the particle di-
mension will vary with the square root of time, the constant of proportionality being the
three-dimensional parabolic thickening rate constant (£). The value of £ remains constant as
long as the far field concentration in the matrix does not change. Therefore, equations 2.1 and

2.2 are rewritten as:

v, = (47/3)&3(t — 7)%/? t>71) (2.10)
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v.=0 (t<T) (2.11)

and equation 2.3 becomes:
avs = ‘-;wg?’(t — 7321V dr (2.12)

where ¢ is the three-dimensional parabolic thickening rate constant of 3.

However, in a diffusion controlled transformation (4 cannot be defined as the fraction of
the whole assembly which has transformed. Instead, if ¢ is the equilibrium volume fraction of
B as given by the application of the lever rule to the phasé diagram, then equation 2’.6bmay be

rewritten as: .
VE=—¢Vin(1- Vs o (2.13)
B PV
Therefore, (g is redefined as Vs/¢V, the fraction of the equilibrium volume fraction of B

transformed at any time ¢, so that the integration yields:

| 8 .3 5)2 N
=1— - 2.14
(g=1 exp( 15¢7r§ It | (2.14)
It is emphasized that this analytical relationship is strictly valid only if the value of £ does not

change during transformation, i.e. at very small degrees of transformation.

2.1.2 Nucleation at a Grain Surface

The models fér random nucleation and growth discussed above rely upon the assump-
tion that nucleation is completely random in the volume of the assembly. However, in many
real systems nucleation occurs preferentially on grain boundaries and dislocations (Christian,
1975). Fortunately the theory due to Johnson—-Mehl-Avrami can be extended to allow for such
‘clustered’ nucleation. In this section the theory for preferential nucleation along the grain
boundaries of the parent material, due to Cahn (1956), is presented. )

The phase 3 grows with an isotropic and constant growth rate G and a constant nucieation
rate Ip per unit area of grain boundary. Consider a planar boundary of area O,. The radius
of a spherical particle nucleated at 7 at the time ¢ is G(t —7) when ¢ > 7, and zero when ¢ < 7.
This particle intersects an arbitrary plane parallel to the boundary, but separated by a distance
y from it, as a circle. The radius of this circle is [GQ(t —7)% — 2/ 2‘_for G(t—17) >.y, and
zero for G(t — 7) < y. Therefore, the contribution to this extended area from those particles

nucleated between the times 7 and 7 + dr is:
dOg = m0,Ip [G2(t — 1) — ] dr Git—1)>y (2.15)

dog =0 . Gt—1) <y (2.16)
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Noting that only those particles nucleated such that 7 < (¢ —y/ G) can contribute to the

extended area permits the total extended area of intersection at the time ¢ to be evaluated as:

¢ t—y/G
05= [ doy =r0, / G2t — )% — I dr (2.17)
7=0 7=0
This can be integrated to give:
0% = (r/3)0,IzG*t3(1 - 36> — 26°) 6<1) (2.18)
0=0 0>1) (2.19)

where 6 = y/Gt.
The relationship between the extended and real area is determined in a manner identical

to that used to derive the relationship between an extended and a real volume (section 2.1.1),

so that:
B - _ 2B |
0 ln( : ) (2.20)

Assuming that there is no interference from other nucleating boundaries, the total volume
Vé’ of material originating from this planar grain boundary is obtained by integrating for all y
between negative and positive infinity (assuming that partlcles of ,3 can grow into the parent
grains on both sides of the nucleating boundary) to glve
vi=2[ 0gdy=2 / 0,Gt [1 - exp(~03/0,)] db (2.21)
y=0

Substituting Of from equation 2.18 allows this to be written as:

Vi = 20,Gt / 1 [1 - exp{(—7/3)IgG*¢3(1 — 36> — 26°)}] db (2.22)
0 .
or
V2 =20,Gt f(G,Ip,1) (2.23)
where 1
f(G,Ig,t) = / [1 — exp{(—/3)I5G*t*(1 — 36° — 26°)}] df (2.24)
0

If the total grain boundary area in the assembly is Og = 3 O,, then by substituting Og
for O, in the above equation the total extended volume V5 of material emanating from all of
the grain boundaries is found. This is an ertended volume because allowance was not made

for impingement with discs originating from different grain boundaries. Thus:

V§ = 205Gt f(G,Ig,1) - (2.25)
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If Sy, is the grain surface area per unit volume this may be expressed as:"

V5 =25, VGt f(G,Ip,1) | | B (2.26)

Equation 2.6 may used to calculate the real volume, if it is assumed that the nucleating
grain boundaries are randomly distributed throughout the volume of the assembly. Therefore,

the volume fraction of B at any time ¢ is:

(g = % =1-—exp(-2SyGt f(G,Ig,1)) (2.27)
If either G, I g or tis large then site saturation occurs and the function f(G,Ig,t) tends to
unity. Thus, equation 2.27 reduces to an equation which describes the planar thickening of a
phase with a constant growth rate:

v,
(o= 7” =1— exp (—25,Gt) (2.28)

2.2 Modelling the Allotriomorphic Ferrite Transformation in Wrought Steels

2.2.1 Gokhale

Research by Gokhale (1986) modelled the isothermal kinetics of tfxe allotriomorphic or
proeutectoid ferrite transformation in hot-rolled microalloyed steels that were the subjeét of
an extensive experimental study by Crook and Chilton (1984). Site saturation occurred in the
early stages of transformation so that the auétenite grain boundaries were. almost completely
covered by a thin layer of ferrite. Consequently the subéequent traﬁsformation to ferrite oc-
curred via the growth of existing ferrite particles in a. direction perpendicular to the nucleating
austenite grain surface. This one-dimensional growth geometry was represented by assuming
that the ferrite grains could be modelled as cylinders with a constant radius R, and a length
L = 29(t — t,)/2, where 9 is the one-dimensional parabolic thickening rate constant, ¢ is the
time at the isothermal holding temperature and ¢, is the delay time before a complete layer
of ferrite forms. Assuming that growth occurs on both sides of the austenite grain surface the
extended volume fraction of ferrite is V¢ = 2rR3N,9(t — t,)'/2, where N, is the number of
ferrite grains per unit volume.

The real volume fraction of ferrite was determined using an approach due to Hillert (1959)
because the classical Johnson-Mehl-Avrami equation for nucleation and growth (section 2.1.1)
is not applicable if the spatial distribution of nuclei is not random in the volume of the assembly

but is ‘clustered’. Hillert suggested the following phenomenological equation for such situations
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dV, = (1 - V,)¥ dVg¢, where dV,, is the change in the real volume fraction of ferrite in a small
time interval ¢ + dt and dV;S is the cofresponding change in the extended volume fraction of
ferrite. The exponent w is greater than unity for clustered nucleation processes. Gokhale
assumed that w = 2 throughout the course of the transformations studied. Thus integration
gives:

Ve

=2 2.29
Vo= 133 (229)

Using this approach and a similar model for the real surface area of the ferrite-austenite
interface per unit volume, Gokhale fitted the parameters t,, R, and N, to a range of steels
that were subjected to a variety of isothermal heat treatments. The correlation between the
predicted and measured fraction of allotriomorphic ferrite as a function of time was very high.
However, this approach is of limited use as a modelling tool because‘it requires the empirical

fitting of parameters for each steel and heat treatment. -

2.2.2 Bhadeshia et al.

Bhadeshia et al. (1987) and Reed and Bhadeshia (1992) modelled the isothermal trans-
formation kinetics of allotriomorphic ferrite for a wide Ijaﬁge of wrought steels foHowing the
method of Cahn (1956) which is described in section 2.1.2. ConseQuentiy only the essential
- differences are presented here. '

The model assumes diffusion controlled growth in which the propottionality constant re-
lating the thickness of the allotriomorph to time is 9, the one-dimensional parabolic thickening
rate constant. Each allotriomorph prior to site saturation is modelled as a disc parallel to the
austenite grain boundary plane on which it nucleated (Figure 2.1). The allotriomorph has a
half-thickness ¢ = 9(t — 7)'/2 and radius 7q, where 17 is an aspect ratio taken to be equal to
3. The aspect ratio is considered to be constant because in reality, lengthening and thickening
are coupled processes, at least prior to impingement along the austenite grain boundary plane.
. The extended area O is defined as the sum of the areas of intersection of the discs of the
phase § with an arbitrary plane at y. The change dOg in O due to those discs nucleated in

the interval T to 7 + dr is:
dO§ = 10, Ig[(n)%(t — 7)) dr Wt—1)2>y ' (2.30)

d0§ =0 dt-—1)2<y (2.31)

If the nucleation rate per unit area of austenite grain boundary Iy remains invariant

during the course of the transformation and noting that only those particles nucleated such
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Plane surface of area O, parallel
to 4-grain boundary

/

Allotriomorphs of half-thickness g, radius 3¢ ~-grain boundary

Figure 2.1 Model of allotriomorphic ferrite particles nucleating on a planar austenite grain
boundary (Reed and Bhadeshia, 1992).

that 7 < [t — (y/®)?] can contribute to the extended area intersected with the plane at y, then

the total extended area intersected at the time ¢ is given by:

t—(y/9)* B -
05 = / POl =) dr | (2.32)°
Integration gives: B . .
05 = (1/2)0, Ip(19)*¢*[1 — 6] - (2.33)

where 8 = y/(9t'/2). Assuming that there is no interference from other nucleating boundaries,

the total volume Vé’ of material originating from this grain boundary is:

1
V= 2/ 0,98/%(1 — exp{—0% /0, }) df (2.34)
=0
or .
Vg =20,9t'2 f(n, 9, Ip, 1) (2.35)
where: .
£0,9,T5,1) = [ 11 exp{-(1/2)mIp(n (1 - 6%)}] db (2.36)
0

The total extended volume V§ of material emanating from all of the grain boundaries in
an assembly is:

Vi =28, Vot'2f(n,9,15,t) - (2.37)

If ¢ is the equilibrium volume fraction of 3 then the fraction of the equilibrium volume ¢V

transformed at any time ¢ is:

v, : -
G = g = 1= expl-2(Sy /9)9¢/2 (1,9, I, 1) (2:38)
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If either ¥, I or t is large then the grain boundaries rapidly saturate so that the function
f(n,9,1g,t) tends to unity. Therefore, equation 2.38 reduces to an equation which describes
the planar thickening of a phase with parabolic growth characteristics:

V. :
Go= v =1-eml-2ASy/e08" (239)

In this model nucleation at grain edges or corners is ignored, so that the analysis strictly
only applies at high supersaturations when the grain bou'nda.ry' faces are the dominant nu-
" cleation sites. Nucleation on grain edges may be modelled by considering the concept of an
extended line intercept on a straight nucleating édge. Therefore, the total length Lg due to

particles nucleating from one straight edge of length L may be determiﬁed using the following

equation (Cahn, 1956): .
~ s _ ( _ ﬁ) | (2.40)
L

- where Lj is the corresponding total extended length. If the edges are randomly distributed
in the volume of the assembly then hard impingement with particles nucleated on other grain
edges may be allowed for using equation 2.13. Nucléation on grain corners may be treated
using the original Johnson-Mehl-Avrami theory for random nucleation and parabolic growth
in the volume of the assembly (section 2.1.1).

Unfortunately, it is strictly not possible to combine these three analytical models to allow
for the simultaneous nucleation of ferrite on grain faces, edges and corners, as is the case in
real systems. Consequently, Reed and Bhadeshia used the model detailed above for grain face
nucleation, but approximated the nucleation rate per unit area Ip as a sum of the nucleation

rates determined for grain faces, edges and corners, so that:
Ig=IL+15+ 1§ o (2.41)

where };, I% and I§ are the nucleation rates per unit area of grain boundary for grain faces,
edges and corners respectively. These nucleation rates were calculated using classical nucle-
~ation theory. Grain faces have the highest activation energy barrier to nucleation and the
highest site density per unit area of grain boundary, whilst grain corher_s have the lowest bar-
rier to nucleation and the lowest site density per unit area. The situation for grain edges is
intermediate between these extremes.
Reed and Bhadeshia used this approach to calculate reconstructive TTT curves for steel
alloys documented in a published TTT atlas. In the first series of calculations an equilibrium

mode of transformation was assumed, and the concept of local equilibrium (section 1.3.1) was
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used to determine the one-dimensional parabolic thickening rate constant 9. In the second
series of calculations a paraequilibrium mode of transformation was assumed for the calcula-
tion of 9. Comparison between the predicted and published TTT curves indicated that below
the Aej temperature the paraequilibrium modél described the measured transformation ki-
netics far better than the equilibrium model. Between the Ae; and Ae; temperatures, where
a paraequilibrium mode of transformation is thermodynamically impossible, the equilibrium
- model described the measured transformation kinetics reasonably well. The main limitation of
this analytical method is that it does not take ihto account changes in the far field composition
of the untransformed austenite as the transformation progresses, so that the nucleation rate
I and the parabolic thickening parameter ¥ remain invariant. The assumption of a constant
nucleation rate is considered to be reasonable because site saturation at the austenite grain
bbundaries will occur during the early stages of transformation. However, appreciable soft
impingement will occur in the latter stages of transformatioh, changing the growth conditions,
so that this analytical method is only suitable if the fraction transformed is less than or equal
to 0.5.

2.2.8 Enomoto

Enomoto (1992) developed an alternative method for predicﬁing'the TTT diagram of
a,llbtriomorphic or proeutectoid ferrite in Fe—C and Fe-C-X wrought alloys, where X is a sub-
stitutional alloying element, using diffusion controlled growth theory. A computer implemented
numerical procedure was adopted which allowed the effects of solute enrichment and depletion
to be considered. The initiation time for trwsfofﬁation was taken to be the incubation time
of an allotriomorphic ferrite nucleus. This was calculated using nucleation theory described by
Aaronson and Lee (1975) which estimates the time required for an embryo to form. The solute
concentration at the ferrite-austenite interface at any stage of the transformation was deter-
mined according to whether local equilibrium (PLE or NPLE) or paraequilibrium conditions
were operative (section 1.3.1). For example, Enomoto suggested that when the carbon con-
centration of the untransformed austenite is sufficiently enriched a switch from NPLE to PLE
might be expected to occur, even during isothermal holding. This is because the carbon con-
centration gradient becomes negligibly small, so that the flux of carbon becomes comparable
~ to that of the alloying elements. »

The influence of enrichment and depletion of solute atoms in the untransformed austenite
matrix was modelled using a quasi-stationary approximation to determine the diffusion field
in the austenite. Both planar and spherical growth geometries Were'modelled. Enomoto con-

sidered that the spherical growth model, in which the diameter of the sphere was assumed to
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be equal to the austenite grain size, represented the enrichment and depletion of an austenite

grain more realistically. The model was found to accurately predict the well known retar-
| dation in transformation kinetics with an increésed austenite grain size.. However, Enomoto
noted that the model did not represent the transformation kinetics of Widmanstétten ferrite
adequately because the build up of carbon in front of the plate tip is minimal, so that the
plates lengthen linearly with respect to time. It was suggested that this would not lead to
significant errors at high temperatures in samples with a small austenite grain size (< 20 pm)
because the Widmanstétten ferrite start temperature in the untransformed austenite would be
strongly depressed by solute enrichment. Significant errors were, however, anticipated at lower

temperatures and larger austenite grain sizes.

2.3 Modelling Competitive Transformations in Wrought Steels

2.8.1 Saito and Shiga

A computerised model describing the sequential formation of allbtriqmorphic (proeutec-
toid) ferrite, pearlite and bainite in thermo-mechanically processed ‘erought steels was pre-
sented by Saito and Shiga (1992) and Saito (1993). This model used chemical thermody-
namics, classical nucleation theory and kinetic theory due to Johnson, Mehl and Avrami to
predict microstructural evolution during continuous cooling. All three transformations were
assumed to occur sequentially (i.e. successively and independently). Modﬁles which described
carbonitride precipitation, austenite grain growth and recrystallisation were also incorporated
into this model.

Saito and Shiga presented a generalised version of the Johnson—Mehl-Avrami equation as:

t

X(t)=1- [— exp ( J(t") V(t,t) dt’)] _ (2.42)

#'=0
* where X (t) is the volume fraction transformed at the time ¢, J(¢') is the nucleation rate at the
time ¢’ and V'(¢,t') is the extended volume at the time ¢ of a stable nucleus formed at the time
t’. The term j:;=0 J(t') V(t,t') dt’ represents thé total extended volume at the time ¢.

The total extended volume of allotriomorphic ferrite was determined using equation 2.42.
The dimensions of each extended particle (spherical) of allotriomorphic ferrite were calculated
by assuming diffusion controlled parabolic growth. The nucleation rate was found using a
classical approach. Allotriomorphic ferrite formation ceased and pea.rlité formation started
when the carbon concentration in the untransformed austenite reached the eutectoid cérbon
concentration. Site saturation was assumed in the simulation of the péarlite transformation,

such that the total extended volume of pearlite at the time ¢ is simply the product of the total
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austenite-ferrite interfacial area and the thickness of the extended pearlite layer (Hillert, 1975).
If the free energy change associated with the nucleation of a phase with the same composition
as the untransformed austenite exceeded 400 J mole~! then bainite was assumed to form
instead of pearlite. The transformation kinetics of the complex bainite reaction were modelled
in the same manner as the pearlite transformation kinetics. Paraequilibrium conditions were
assumed for all three transformations.

To permit the evaluation of transformation kinetics during continuous cooling, the cooling
curve was divided into a series of small isothermal time steps. The eutectoid carbon concentra-
tion and the thermodynamic driving force for transfdrmation in the .ca,rbon enriched austenite
were updated at the end of every time step, so as to determine which phase would form in
the next time step. This simple approach was found to describe the tra.nsf_drmation behaviour
of low-alloy wrought steels reasonably well. At a slow cooling rate and/or a small austenite
grain size, a microstructure consisting of allotriomorphic ferrite and pearlite was predicted.
Increasing the cooling rate and/or the austenite grain size was found to reduce the volume
fraction of allotriomorphic ferrite formed, so that the final microstructure was composed of

allotriomorphic ferrite and bainite.

2.3.2 Anelli et al.

Anelli et al. (1991) developed a more complex model for sequential phase transforma-

tions to allotriomorphic and idiomorphic ferrite, Widmanstatten ferrite, pearlite, bainite and
| martensite in thermo-mechanically processed low-carbon steels. The effects of work-hardening
on the austenite to ferrite transformation were considered by increasing the driving force for
the austenite to ferrite transformation due to the strain energy associated with dislocations in
the austenite, and by calculating an ‘effective’ austenite grain size as a function of the actual
austenite grain size and the total strain in the assembly.

With the exception of allotriomorphic and idiomorphic ferrite the volume fraction of each
phase at any instant in time is determined using methods based on those due to Johnson,
Mehl and Avrami. If site saturation is not immediately perceptible then the volume fraction
formed is found using the theory for random nucleation and linear growth. Equation 2.8 is

differentiated with respect to time to give:

3/4
. dGg rI G\ 1
6= =10-6) (T) [tow. e (2.43)
A grain boundary nucleated transformation may be approzimately represented as:
3/4
, - nlgS, G\ 1
= 4(1 - BV _ .
=40 (T ) s, ( (2.4
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where T 5 is the nucleation rate per unit area of boundary and Sy is the grain boundary area
per unit volume. Alternatively, if the transformation is nucleated at a grain boundary and
site saturation occurs rapidly, then equation 2.28, which describes linear planar thickening, is

differentiated with respect to time to obtain:

s =28y G(1 - (p) (2.45)

These equations enable the total volume fraction of each phase at any instant to be calculated
via a summation in a computer implemented iterative procedure, in which the cooling cycle
or isothermal heat treatment is represented as a series of small isothermal time steps. The
average carbon concentration in the untransformed austenite is updated at the end of each
time step, with the assumption that all of the phases form under paraequilibrium conditions.
Anelli et al. then developed the following methodology for modelling the expected series of
sequential phase transformations.
The first phases to form are allotriomorphic and idiomorphic ferrite which are assumed to
“grow simultaneously. These grow in a parabolic manner at a rate determiﬁed by the diffusion of
carbon in austenite. Classical theory is used to calculate the nucleation rates of allotriomorphic
~and idiomorphic ferrite. The nucleation rdte I aS{, of allotriomorphic ferrite per unit volume
tends rapidly towards zero as the transformation progresses because it is determined as the
prdduct of the untransformed austenite grain surface area Sj, per unit volume and I, the
nucleation rate per unit area. A probabalistic approach based on the work of Abbruzzese
(1985) is used to establish the volume fractions of allotriomorphic and idiomorphic ferrite
at any instant. This involves classifying the ferrite particles (assumed to be spherical) into
groups of different sizes at any instant. As the transformation proceeds the growing grains
may impinge. This hard impingement is modelled by considering a ‘radius of influence’ which is
calculated as the average radius that all of the growing spherical particles must have to occupy
the unit volume available. An advantage of this probabalistic method is that it provides an
- estimation of the real ferrite grain size distribution - this is not possible using the Johnson—
Mehl-Avrami theory which considers extended particle dimensions.

Pearlite or Widmanstétten ferrite are the next phases to form. Pearlite nucleates if the
carbon concentration in the untransformed austenite exceeds that given by the A,,, phase
boundary. Anelli et al. supposed that the pearlite transformation proceeds in a process which
immediately saturates the o7 interface, the area S}, per unit volume of which is approximated
as a function of the transformed volume fractions of alldtriomorphié and Widmanstitten ferrite.

The growth rate of pearlite G, is obtained using a method due to Hillert (1982), so that the
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volume fraction of pearlite is estimated from equation 2.45 as:

ép = 2S$7Gp(1 - Cp)(l - Cf - Cw) .l ‘ (246)

" where ¢ s is the total volume fraction of allotriomorphic and idiomorphic ferrite and ¢, is the
volume fraction of Widmanstétten ferrite. The thermodynamic criteria used for the displacive
- Widmanstétten ferrite transformation are those given by Bhadeshia (1981). However, the
nucleation rate I,, of Widmanstétten ferrite per unit area is obtained classically in a similar
.fashion to that of allotriomorphic ferrite. The constant growth rate G,, of Widmanstétten
ferrite was found using Trivedi’s (1970) theory for the diffusion controlled growth of parabolic

cylinders. So the volume fraction of Widmanstatten ferrite is approximated from equation 2.44

. 1 3\ 1/4 3/4
o= t-6) (%) g, ()| a-g-g) 4

Bainite forms if thermodynamic criteria established by Bhadeshia (1981) are met. The

as:

growth rate of bainite is found using Trivedi’s (1970) theory, however, nucleation is assumed to
occur homogeneously at rate I, per unit volume found using classical theory. Thus the volume

fraction of bainite is estimated from equation 2.43 as:

1/4
=40-6) (%) " g, (

Martensite is assumed to form when the Mg témperature is reached. The volume fraction

)rﬂu—g;gé@> (249)

1+ ¢

of martensite is estimated as an empirical function of the undercooling below Mg and the extent
of the preceding transformations to allotriomorphic and idiomorphic ferrite, Widmanstéatten
ferrite, pearlite and bainite.

- The model was tested to ensure that it was consistent with metallurgical expectations.
Decreasing the austenite grain size and the alloy carbon content were both found to cause an
acceleration in the rate of isothermal transformation. During continuous cooling the trans-
. formation start temperature was appropriately sensitive to the cooling rate - the higher the
cooling rate the lower the start temperature. Deformation caused an increase in the rate of
transformation. The main limitations of this approach are the assumption of a completely ran-
dom distribution of nuclei in the austenite and the adoption of a spherical particle geometry

for all phases except martensite. Both of these assumptions are unrealistic.
2.3.8 Umemoto et al.

Perhaps the most comprehensive model for sequential microstructural evolution in wrought

steels to date is due to Umemoto et al. (1992). This model considered the formation of
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five phases; allotriomorphic ferrite, Widmanstétten ferrite, pearlite, bainite and martensite in
work-hardened steels. The thermodynamics of the alloy were modelled under paraequilibrium
conditions for a system containing up to ten elements (Fe, C, Si, Mn, Ni, Cr, Mo, V, W and
Cu). Continuous cooling was represented as series of small isothermal heat treatments.

Allotriomorphic ferrite was assumed to nucleate at the austenite grain boundaries and grow
in a parabolic fashion. Pearlite transformation is thermodynamically possible when the car-
bon concentration in the untransformed austenite reaches the A, phaée boundary. However,
Umemoto et al. introduced an additional criterion, that the allotriomorphic ferrite-austenite
interface moves sufficiently slowly that cementite can nucleate on it (i.e. the incubation time
for cementite nucleation must be shorter than the time taken for the interface to 'ad{'ance a
distance greater than the radius of a critical cementite particle). The model used to calculate
the nucleation rate of pearlite was not given. Hillert’s (1970) model was used to calculate
. the pearlitic growth rate. The criteria used to d_etermi_ne the thermodynamic feasibility of
Widmanstétten ferrite and bainite nﬁcleation were Based on a dispiacive model due Bhaﬂeshia
(1981), however, the nucleation rate was obtained via classical nucleation theory. The growth
rates of Widmanstétten ferrite and bainite were described using theory for the diffusion con-

trolled growth of parabolic cylinders (Trivedi, 1970).
| A summary of the various nucleation sites and morphologies adopted by Umemoto et
al. to model the transformation kinetics of the various phases is given in Table 2.1. Note
that Umemoto et al. gives analytical solutions, based on the methods due to Cahn (1956),
for unusual boundary nucleated morphologies; the isothermal and parabolic growth of ellip-
soids (e.g. allotriomorphic ferrite), and the isothermal and linear growth of paraboloids (e.g.
Widmanstétten ferrite and bainite).

Microstructural evolution was modelled sequentially using a numerical method. Iterative
equations describing the extent of each ‘independent’ transformation during continuous cool-
ing were developed from the equivalent analytical solutions for isothermal transformation. The
actual volume fraction of each phase was obtained by reducing the ‘independent’ volume frac-
tion according to the real volume fraction of austenite remaining untransformed at the start
of each ‘independent’ transformation. For example, the bainite reaction is often preceded by
transformations which result in the formation of allotriomorphic ferrite, Widmanstétten ferrite
and pearlite. Consequently the actual volume fraction of bainite formed is a.pproximately given
by: |

X =01-X,+X,+ XP)X{, (2.49)

where X is the ‘independent’ volume fraction of bainite and X o Xq and X, are the actual
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Phase Nucleation Site Morphology
Allotriomorphic ferrite Intragranular Sphere
Intergranular Ellipsoid
Widmanstétten ferrite Intragranular Disc
Intergranular Paraboloid
Pearlite Intragranular Sphere_
Intergranular Sphere
Bainite Intragranular Disc
Intergranular ~ Paraboloid

Table 2.1 Summary of the various nucleation sites and morphologies adopted by Umemoto

et al. (1992). ’

volume fractions of allotriomorphic ferrite, Widmanstatten ferrite and pearlite that had formed
_prior to the start of the bainite transformation. Transformation finished when the Mg temper-

ature was reached. The volume fraction of martensite was obtained as an empirical function

of the undercooling below Mg and the extent of the other transformations.

Work-hardening was considered to accelerate the austenite to ferrite transformation in a

number of ways:

(1) The driving force for the austenite to ferrite transformation is increased due to
the accumulated strain energy in the austenite.

(2) An increase in the austenite grain surface area per unit volume.

(3) The activation energy barrier to nucleation at the austenite grain surface is re-
duced.

(4) Deformation structures within the austenite grains (e.g. dislocation tangles and

annealing twins) promote intragranular nucleation.

In such a system, a phase will nucleate at more than one type of site so that ferrite nucleates
in a simultaneous inter- and intra-granular fashion. Allotriomorphic or idiomorphic ferrite, for
example, will nucleate on the austenite grain surface, annealing twins and dislocations. Thus

the total ‘independent’ volume of allotriomorphic or idiomorphic ferrite was estimated as:
X!, =1—exp[-(X2 + X{ + X5)] (2.50)

where X7, X? and X§ are the extended volumes of allotriomorphic or idiomorphic ferrite at

the austenite grain surface, annealing twins and dislocations.
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| Using this approach Umemoto et al. found that the Work-hardening of austenite noticeably
.accelerates the allotriomorphic ferrite and pearlite transformations. The effect on the bainite
transformation was considerably less. Inoue et al. (1992) applied this model, in combination
with a finite element method (FEM) model which described strain and temperature and a
recrystallisation model, to predict the final microstructure as a function of position in hot-rolled
steel plate. Comparison with experimental trials indicated that microstructural evolution was
successfully predicted in plates that were subject to air cooling, however, accuracy was not
maintained if the plate was water cooled. It is considered that the main limitations inherent
in this approach due to Umemoto et al. are the assumption that each phase transformation
occurs sequentially and independently, and the approximation shown in equation 2.50 which

is used to represent the simultaneous inter- and intra-granular nucleation of ferrite.

2.4 Modelling Competitive Transformations in Steel Weld Deposits

Bhadeshia and co-workers (1993 and 1985) have over a number of years developed a
computer model for predicting the as-deposited microstructure in low-alloy steel welds. Ther-
modynamic and kinetic equations are used to describe the transformation start temperatures
and the growth rates of the various microstructural constituents. These équations take ac-
count of the heat input, welding speed, welding processes and weld metal composition. Thus,
it is possible to estimate the volume fractions of the various microstructural constituents, that
form competitively, to make up the final weld microstructure. From these microstructural
predictions it is possible to estimate some elementary mechanical properties.

The first step is to model the cooling behaviour of the weld metal. If the thickness of
the parent plate is sufficiently large with respect to the heat input then heat flow will occur

in three-dimensions (Figure 2.2). The cooling rate is then approximately given as (Weisman,
1981):
al’ _ 2rk(T — T,)?
dt Qn

where k is the thermal conductivity of solid iron, @ is the electrical energy input per unit

(2.51)

length of weld deposit, T is the temperature at any instant, T; is the interpass temperature
and 7 is arc energy transfer efficiency, taken to be 0.95 for submerged-arc welds (Easterling,
1992). Unfortunately experience has indicated that this equation does not adequately represent

experimental cooling curves (Bhadeshia et al., 1985). However, if equation 2.51 is rewritten

as: , |
dT _ Cy(T = T)%
i Qn
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Figure 2.2 Schematic of two- and three-dimensional heat flow in the welding process.

where C; and C, are constants fitted to different welding systems then an accurate represen-
tation of the cooling rate is obtained over the temperature range 800 to 500 °C.
The growth of allotriomorphic ferrite involves the reconstructive thickening of the grain
- boundary layers. Work by Dallam and Olson (1989) has demonstrated that the thickness
of the allotriomorphic layer does not vary with the austenite grain size, which implies that
nucleation effects can frequently be neglected when calculating the volume fraction. Assuming
paraequilibrium conditions, the half-thickness of the layer during isothermal growth is modelled
as ¢ = 9t'/2 where ¥ is the one-dimensional parabolic thickening constant and ¢ is the time
available for growth (Christian, 1975). The one-dimensional parabolic thickening rate constant
is obtained by solving diffusion equations (section 4.3.2), which requires a knowledge of the
chemical compositions of the phases at the interface. These are calculated using coinputed
phase diagrams (Bhadeshia, 1982c). The model does not take account of soft impingement
effects which may become significant with decreasing austenite grain size. Scheil’s rule (Grong,
1994) is used to allow for the fact that the transformation is not in fact isothermal. This involves
dividing the calculated cooling curve into an equivalent series of small isothermal time steps. If
~7(T) is the incubation time prior to the start of detectable transformation at the temperé,ture
T, as given by the computed TTT curve (Bhadeshia, 1982b), then tranéformat‘ion is considered

_ initiated at the temperature 7}, when:

t
/ % =1 (2.53)

t=0
where dt is the duration of the small isothermal step at the temperature 7. Allotriomorphic
ferrite growth is taken to finish when the reconstructive and displacive C-curves on the calcu-

lated TTT diagram intersect. This is the temperature 7} at which displacive transformations
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become kinetically more advantageous (Bhadeshia et al., 1985). Therefore, the half-thickness

of the layer of allotriomorphic ferrite during continuous cooling is:

17}
g= / gt‘mdt (2.54)

t=0
where ¢t = 0 at T}, and t = ¢, at T}. The volume fraction of allotriomorphic ferrite can then be

estimated using the expression:

o 2gtan 30°(2a — 4gtan 30°)

o — (2.55)

where a is the cross sectional side length of the base of a hexagonal prism which is used to
describe the austenite grain structure (a is related to the austenite grain size via stereological
equations given by Bhadeshia and Svensson, 1993). This method works well after correction
by a factor of approximately 2. The model allows for substitutional solute segregation due
to non-equilibrium solidification, by calculating the terﬁperature T}, at which allotriomorphic
ferrite formation begins in the solute depleted regions which have the lowest hardenability. The
composition of the solute depleted regions is estimated from partitioning coefficients for each
element at the liquidus temperature. This approach relies upon the aésumption that diffusion
during cooling does not lead to significant homogenisation. -

The growth rate V, of Widmanstétten ferrite is estimated (Bhadeshia, 1985) using theory
due to Trivedi (1970) which is documented in section 4.4.3. This transférmation is taken to
begin at the allotriomorphic stop temperature T}, and is usually completed in a fraction of
a second because the growth rate is so large. This allows the transformation to be modelled
isothermally. The volume fraction of Widmanstétten ferrite is given by:

_ C,V,t3(2a — 4gtan 30°)
w 4a?

(2.56)

where C, is a constant independent of alloy composition, g is the half-thickness of allotriomor-
phic ferrite layer and ¢, is the time available for Widmanstétten ferrite growth. However, the
growth of Widmanstétten ferrite is now considered to be in direct competition with iﬁtragranu—
larly nucleated acicular ferrite for the residual austenite (Figure 2.3). Thus, hard impingement
with acicular ferrite must be allowed for.

To model this competition a phenomenological approach is adopted, where t, is the time
between the nucleation of Widmanstétten ferrite and the nucleation of acicular ferrite. If the
time ¢; = (2asin 60° — 2q)/V,, required for a plate of Widmanstétten ferrite to grow across the

austenite grain is less than ¢,, then Widmanstétten ferrite can grow unhindered and ¢, = ¢,.
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Austenite grain boundary decorated
with allotriomorphic ferrite

Acicular ferrite

Widmanstitten ferrite T Inclusion

Figure 2.3 The competition between acicular and Widmanstatten ferrite for the residual
austenite. '

If not, then Widmanstétten ferrite growth is taken to finish when acicular ferrite begins to
nucleate and t, = t,. The critical time ¢, ~ 0.21 s is derived empirically and is invariant. Com-
parison vs}ith published data reveals good agreement for most welds. However, ¢, is a function
of variéus parameters such as alloy hardenability and the inclusion population (nucleation po-
tency and number density) which are known to influence the temperature at which acicular
ferrite starts to form. It is suggested here that to model such complex systems more effectively
requires a fundamental approach which considers the simultaneous and competitive formation
of a number of phases which nucleate at both the austenite boundaries and on non-metallic

inclusions.
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Inclusion Nucleation Potency |

This chapter contains a literature survey which describes the formation, composition and
- morphology of non-metallic inclusions in steel weld metals. It dociﬁnents the way in which
they influence the austenite to ferrite transformation by acting as intragranular nucleation sites
for the phase known as acicular ferrite. The nucleation potency of the inclusions is examined

in the context of the various nucleation mechanisms which have been suggested.
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3.1 Non-metallic Inclusions in Steel Welds

3.1.1 An Introduction

Weld inclusions form when solubility limits are exceeded as the liquid or solid metal cools.
The resulting non-metallic compounds are typically 0.1 to 1 um in diameter and are usually
distributed randomly in the microstructure. Inclusion number densities can be very hlgh in
steel welds, ~ 108 to 10° mm~3, far greater than in most Wrought steels (Court and Pollard '
- 1989; Kluken and Grong, 1989; Es-Souni and Beaven, 1990) The surface area presented
by the inclusions can be comparable to the austemte grain boundarles in any glven volume
- of materi-a.l.. Inclusions tend to be heterogeneous in nature w1_th a central oxide-rich core
- surrounded by incomplete surface layers of a variety of phases. The -ag:tual composition can
vary w1dely depending on the parent plate, flux and filler wire. Elements such as O, Al, Mn,
Si, Ti, S, N and Cu occur in the form of various oxides, mhcates, nitrides and sulphldes, they
| may be crystalhne or glassy.
Non-metallic inclusions influence the austenite to ferrlte transformation in two ways.
Firstly; they provide intragranular nucleation sites for acicular ferrite, and secondly; they might
pin the austenite grain boundaries, thereby decreasing alloy hardenability. This research will

focus on the former efféct.

3.1.2 Inclusion Morphology

~ An extensive scanning electron microscope (SEM) based automated image analysis of
non-metallic inclusions by Kluken et al. (1988), revealed that weld metal inclusions are ap-
proximately spherical in shape with a mean aspect ratio of 1.13. The most irregular inclusions
(relatively few) have an aspect ratio of less than 1.55. Inclusions which are rich in the various
titanium oxides tend to be faceted and more irregular (Kayali et al., 1983; Dowling et al.,
1086). o |
Inclusion structure can vary from the core to the surface. Minerals which have higher
melting pointsv precipitate first to form the core, the surface layers fdrming later from the
phases with lower melting pomts Experimental analy81s generally confirms this. Court et al.
(1989) reported that large numbers of inclusions have surface cavities which may be formed

by gas evolution or solidification contraction.
3.1.8 Inclusion Formation

The heterogeneity of inclusions is primarily due to the deoxidation sequence by which
they are formed. For a slag protected weld the flux is the major oxygen source. Oxidation

is considered to be completed quickly due to the high temperatures, large surface areas and
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intense turbulence in the weld pool. During solidification the weld pool oxygen content has
to adjust by reacting with deoxidants as its solubility decreases < 0.002 wt % in solid steel.
The supersaturatlon of oxygen and large undercooling mean that oxide inclusions are able
.to nucleate homogeneously (~ 108 nuclei per mm3). If the rejected oxygen is unable to find
suitable elements with which to combine, it will form undesirable voids filled with carbon
monoxide. The oxygen content of a weld deposit can be estimated (Figure 3.1) from the
‘basicity index’ B of the flux which is given as (Eagar, 1978):

_ X(basic oxides wt %)
~ S(non — basic oxides wt %)

(3.1)

or explicitly:

Ca0 + MgO + BaO + Sr0 + Na,0 + K,,0 + Li, 0 + (1/2)(MnO + FeO)

B= §10, + (1/2)(AL,0; + TiO, + ZrO,)

(32

o
-
o .

o

o

®
T

Oxygen content, wt% —==
=
N
L

0.04} 4
0.02|- Acid flu ! o’ o o N
]
[]
1 1
% 1 2 3

Flux basicity index ——

Figure 3.1 Weld metal oxygen content versus the flux ‘basicity index’ (Grong, 1994).

Weld pool compositions are designed with elements that react with oxygen to form in-
clusions. Grong et al. (1986) divided the weld pool into two zones. .In the ‘hot’ zone, just
below the arc, the deoxidation products are swept out of the weld pool by highly turbulent
flows (primarily due to the intense electromagnetic forces induced by the welding arc), whilst
in the ‘cold’ zone such products are entrapped as finely dispersed inclusions. The relative sizes
of these two zones is thought to influence the final weld oxygen ‘content. Kluken and Grong

concluded in 1989 that the oxide cores are formed during the primary deox1dat10n stage which

is thought to occur in the ‘cold’ zone. The exact deoxidation product depends on the relative
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activities of Al, Ti, Si, Mn, and O. The composition of the inclusion core is strongly dependent
upon the aluminium to oxygen ratio in the weld pool. Either A12O3.Mn0 or 4-Al,Og form
according to the exact aluminium to oxygen ratio. If the titanium concentration is inbreased
at the expense of aluminium then tltamum-rlch oxides are found. In the absence of sufficient
titanium or aluminium the glassy phase MnO.Si0, is commonly found. Court and Pollard
(1989) considered that the globular shape of many inclusions is consistent with their forming
as immiscible liquids in the weld pool. "The surface coatings of sulphides (manganese or possi-
bly copper sulphides) and Ti-rich compounds (T1-ox1des, TiN, or Ti(C,N)) precipitate during
and possibly after weld solidification, in the solute rich interdendritic regions.

It is very difficult in the non-equilibrium welding process to identify the exact deoxi-
dation sequence for a pa.rtlcular welding system. However, Kluken and Grong (1989) have
demonstrated that it is possible to estimate average inclusion compositions in terms of their
constituent phases, using a simple mass balance techmque. This approach assumes that alu-
minium is the first element to react with oxygen, followed by titanium, silicon and manganese.
A similar approach is used to estimate the amount of manganese and copper sulphide that
forms. Recent theoretical work by Babu et al. (1995) has addressed the thermodynamics
and kinetics of inclusion nucleation and growth. Figure 3.2 shows calculated TTT (time-
temperature-transformation) curves for a variety of possible oxides in two weld metals that
contain different concentrations of titanium. It is apparent that the actual deoxidation se-

quence varies with the concentration of the trace elements in the weld.

8.1.4 Inclusion Composition and Mineralogy

A review of the inclusion phases found in wrought steels was »giv'en by Pickering in 1979.
Expected oxides include SiO,, Al,Os, (Fe,Mn)O, TiO, TiO,, Ti;O3, TizO5 and complex Cr-
qxides. FeS, MnS, Ti(, +a)S Ca$S and ZrS are also anticipated. Other possible mineral phases
are various nitrides and sulphides. Manganese silicates, together with complex silicates such
as spinels, pyroxenes, olivines, garnets, feldspars, and cordierites might be expected. Calcium
aluminates could also form. Fortunately real weld inclusions are not quite as varied and
complex as this. An excellent and comprehensive description of the chemical and physical

characteristics of such inclusion phasés is given by Kiessling (1978).
3.1.5 Aluminium Minerals

Thermodynamic considerations indicate that aluminium is generally the strongest oxide
former present in significant quantities in most steel weld metals. Consequently it is considered

that aluminium oxides will form first from the melt. This has been confirmed by various studies
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Figure 3.2 Calculated TTT curves for various oxide inclusions for two weld metals with
different titanium contents; (a) a titanium and aluminium rich weld deposit (250 ppm wt Ti
and 260 ppm wt Al), (b) an aluminium rich weld deposit (30 ppm wt Ti and 170 ppm wt Al).
(Babu et al., 1995). ' '

which indicate that when sufficient aluminium is available, it will form a major part of the
inclusion core. Dowling et al. (1986), Mills et al. (1986), Es-Souni and Beaven (1990) and Fox
and Brothers (1995) have identified the spinel galaxite Al,O03.MnO with a lattice parameter
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of 0.82 nm. Work by Thewlis (1989a and 1989b) demonstrated that if the aluminium content
was increased whilst the oxygen and sulphur levels were maintained constant, the average
inclusion composition changed from MnO.SiO, to the spinel galaxite Al,04.MnO and finally
~-Al,O,. Barritte and Edmonds (1981), Saggese et al. (1983) and Evans (1990b) found that
" the composition of an inclusion core generally lies in the ternary oxide system MnO-SiOy—
Al,0, with an approximately constant MnO / SiO, ratio and a variable Al,O4 content which
depends upon the Al content (Figure 3.3). Selected area diffraction patterns (Evans, 1990a)
indicate that in welds containing negligible amounts of Al and Ti, the phase MnO.SiO, occurs
in either its tetragonal, monoclinic or triclinic form. Work by Zhang and Farrar (1996) is

consistent with these findings.

SiO2

MnOSIO2

] ] ] |
MnO 20 40 60 80 Al203

Figure 3.3 Phase diagram for the ternary oxide system MnO-SiO,-Al,05 with measured
inclusion compositions (Evans, 1990b).

3.1.6 Titanium Minerals

In welds containing large concentrations of titanium (> 0.090 wt %) faceted inclusions
form, consisting of Ti-oxide in combination with smaller amounts of Al, Mn and S (Kayali
et al.,1983). Dowling et al. (1986) reported similar results. Court and Pollard (1989) ob-
served that inclusions comprised primarily of Ti, would form even at low Ti levels, if the Al
concentration was very low. Such inclusions had compositions in the MnO-SiO,—TiO, system..
Figure 3.4 shows that at very low titanium concentrations the inclusions consist primarily of

MnO.5i0,, but that SiO, is progressively replaced by TiO, as the weld metal Ti content is
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increased. Indeed very recent research by Fox and Brothers (1995) using HVEM (high volt-
age electron microscopy) has unambiguously identified the hexagonal pyrophanite MnO.TiO,.

They further suggested that inclusions less rich in Ti might be 2MnO.TiO,.

Large titanium concentrations are not usually encountered in practice, the concentration
0.01 to 0.02 wt % being more typical. It is commonly found that face centred cubic (f.c.c.)
titanium-rich phases with a lattice parameter of between 0.42 and 0.44 nm are present at the
surface of the inclusions in such welds. The actual phase might bé TiN, TiO, TiC or Ti(C,N)
(for example see Dowling et al., 1986). Ito and Nakanishi in t.héir.1976 paper, considered
this phase to be TiN claiming that free nitrogen levels dropped considerably in Ti containing
welds. Evans (1991) found that this Ti-rich phase precipitated on MnO.SiO, inclusions in the
welds they examined. The solidification temperature of MnO.Si0, (1270 °C) and published
solubility products for TiN (Suzuki et al., 1987) and TiC (Irvine et al., 1967), suggest that
TiN should be the first phase to nucleate, at approximately 980 °C. Evans calculated that
TiC was.also likely to precipitate at temperatures close to 830 °C and further suggested that
TiC was likely to enter solution in TiN to give Ti(C,N). Thewlis (1986) pointed out that while
it was not possible to distinguish between TiN and TiO by measuring lattice parameters, the
presence of weak X-ray diffraction (XRD) lines indicated that TiN was present. Research by
Kluken and Grong (1989) is consistent with this.

100

% .
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40}

20+ MnO

INCLUSION COMPOSITION ,
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TITANIUM IN WELD, ppm.

Figure 3.4 Average measured composition of non-metallic inclusions as a function of weld
metal titanium content (Evans, 1991).
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" Mori et al. (1981) reported Ti-rich particles but believed them to be TiO, Ti,O3 and
Ili‘eO.TiO2 after XRD examination, whilst Zhang and Farrar (1996) believed that they were
TiO and/or TiO, and TiN. TiO is thermodynamically more stable under standard conditions
than TiN and would be expected to form first. However, the activities of the reactants and
products together with kinetic effects may alter the sequence of transformation. St-Laurent
and L'Espérance (1992) used a windowless energy-dispersive X-ray spectrometer which allowed
the detection of the lighter elements carbon, boron, nitrogen and oxygen. They found a large
oxygen peak in the inclusions studied, but were unable to detect either carbon or nitrogen and
concluded that titanium was combined preferentially with oxygen. However, the weld studied
contamed less than 0.001 wt % Al and only 0.02 wt % Ti, whilst the oxygen and nitrogen
contents were was 0.0231 and 0.0267 wt % respectively. Accordmg to the simple sequential
deoxidation and mass balance model of inclusion formation suggested -'by Kluken and Grong
- (1989), all the titanium and aluminium in this weld metal would combine with oxygen - none
‘would rema.in' to react with either nitrogen or carbon. Thus, St—Laureﬁt and L’Espérance
work appears to demonstrate that TiN, TiC, and Ti(C,N) can only form if excess Ti remains
available after the reaction with oxygen is completed.

Bhadeshia (1992) claimed that the presence of titanium oxide at the inclusion surface
is unlikely given the strong deoxidising potential of titanium. He suggested an alternative
-explanat'ion whereby the main inclusion body, consisting of manganese and silicon oxides,
nucleates and grows on the titanium oxide, but the degree of wetting with the substrate is so
small that the other oxides do not succeed in engulfing the titanium oxide.

Recent research has indicated that very small additions of Ti (> 0.0005 wt %) can coexist
in oxides such as MnO.SiO, and may significantly affect their character and nucleation potency
by enabling them to exist in crystalline rather than a glassy form (Horii et al., 1995). Another
interesting observation was made by Barbaro et al. (1988) who found TiN cuboids at inclusion

cores and thought these may have acted as nucleation sites for inclusions.
3.1.7 Sulphides

Sulphur rich regions, often found at the inclusion surface, have been documented in many
papers (Barritte et al., 1981; Barbaro et al., 1988). These are generally thought to be either
manganese or copper sulphides. Dowling et al. (1986) and Evans (1990a) identified o-MnS
with an f.c.c. structure and a lattice parameter of 0.52 nm. a—Mn.S was also found by Kluken
et al. (1990). However, in another weld Kluken et al. detected 5-MnS which also has an f.c.c.

structure, but a lattice parameter of 0.56 nm. Both of these welds metals had similar Mn and

S contents.
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Dowlmg et al. (1986) observed regions rich in Cu and S w1th a cubic structure and

a lattice parameter of 0.59 nm in a wide variety of welds. This could have been CuS, or
Cu,S where 1.8 < = < 9. Es-Souni and Beaven (1990) have also identified regions rich in
both Cu and S. They identified two phases, the cubic digenite phase Cu, ¢S with a lattice
" parameter of 0.56 nm and cubic Cu, ¢S with a lattice parameter of 0.54 nm. Work by Court
and Pollard (1989) likewise established that Cu and S were often associated with discrete
areas at the inclusion surface. These regions had a characteristic globular appearance and
often contamed high levels of Mn and small amounts Cu, which was considered to indicate
the presence of a copper-manganese sulphide. Zhang and Farrar (1996) also detected sulphide
coatings on oxide inclusions, which they found to be MnS and (Mn,Cu)S. These results are
compatible with earlier studies by Salmon Cox and Charles (1965) who established that in
wrought alloys small amounts of Cu can enter solid solution in MnS. Kayali et al. (1983) also
reported the presence of a Mn, Cu and S rich envelope around many inclusions they examined,
but concluded that most sulphur was present in the form of MnS. However, Evans (1990a)
found that increasing the Cu content from 0.02 to 1.4 wt % whilst maintaining a constant
Mn concentration (~ 1.5 wt %) had no measurable effect on the inclusion population. This
finding is in agreement with the early work by Morrogh (1946) which found that Cu,S would
only form in cast irons if the Mn content was very low and the Cu and S contents very high.
Kluken and Grong (1989) have recently argued that CuS is an unlikely reaction product in
steel welding. WDS (wavelength dispersive spectrometer) data indicated that the peak Cu
_counts in the sulphur rich regions were not significantly greater than those found throughout
the steel when mechanically polished specimens were examined. They considered that the Cu

" reported by other researchers might have been introduced as contamination which is inherent

in the carbon extraction replica process used.
3.1.8 Other Phases

The following elements have also been detected in various weld metal inclusions: boron,
vanadium, calcium, various rare earth metals and nitrogen. Thewlis (1994) introduced calcium
into a series of welds and found that the inclusions were significantly larger, containing what
were thought to be complex alumino-silicates or calcium silicates. Contrary to this Dowling
et al. (1986) and Pargeter (1981) failed to detect calcium in any inclusions despite using
calcium based fluxes. Dowling suggests that either calcium does not dissolve, or that large
calcium inclusions form early and are removed with the slag. Dowling et al. (1986) observed
the silica (SiO,) phase S-cristobalite which has a spinel type structure and a lattice parameter

of 0.71 nm in a small proportion of the inclusions they studied. Both Evans (1990b) and
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Zhang and Farrar (1996) detected significant numbers of silica inclusions, but only in those
welds which contained negligible concentrations of the strong deoxidisers Al and Ti. Various
boron oxides, carbides and nitrides may also precipitate depending on the weld composition

and thermal history.

3.2 Inclusion Nucleation Mechanisms

3.2.1 Acicular Ferrite Nucleation

Numerous authors (Barritte et al., 1981; Kayali et al., 1983; Dowling et al., 1986; Abson
et al., 1978; Ferrante and Farrar, 1982; Barbaro, 1990) have concluded that acicular ferrite is
nucleated on non-metallic inclusions. Several nucleation mechanisms have been proposed in
‘an attempt to explain the nucleation potency of different inclusions. Unfortunately, despite
considerable effort, no dominant mechanism has been conclusively identified. This is probably

due to several factors which are summarised below:

(1) Inclusions are complex heterogeneous structures which vary considerably in size,
shapé and composition, even in the same weld deposit.

(2) It has not been possible to measure inclusion nucleation potency directly. Re-
searchers have therefore tended to assume that a high volume fraction of acicular
ferrite indicates that potent inclusions are present. However, all inclusions are
potential nucleants if the undercooling below the Ae; temperature is sufficiently
large.

(3) Acicular ferrite formation is influenced not only by inclusion type, but also by
inclusion population density and size distribution, cooling rate, alloy hardenability,
austenite grain size and soluble boron concentration. ‘

(4) The Zener type pinning effect that inclusions might have on the austenite grain
size.

(5) The possibility that no one mechanism controls inclusion nucleation potency (Ab-

son, 1987).

The following mechanisms have been proposed to explain the preferential nucleation of acicular

ferrite on certain types of non-metallic inclusion:

(1) Nucleation on an inert substrate. Inclusion nucleation potency is then controlled

by the size, shape and interfacial energy of the nucleating austenite-inclusion sur-

face.
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(2) Chemical reaction and/or depletion of the austenite matrix local to the inclusion
surface. This increases the thermodynamic driving force for the v-a transforma-
tion. .

(3) Lattice matching (epitaxy) between the ferrite and the inclusion surface. This
reduces >the ferrite-inclusion interfacial energy, that opposes nucleation.

(4) Localised stresses due to differential thermal contraction between the austenite
matrix and the inclusion. This might increase the driving force for transformation,
or favour the nucleation of certain crystallographic variants of ferrite, or promote

nucleation on dislocations local to the inclusion surface.

3.2.2 Nucleation on an Inert Substrate

Several authors (Dowling et al., 1986; Barbaro et al., 1988; Zhang and Farrar, 1996) have
put forward the view that because inclusions do not seem to have an epitaxial relationship
with the acicular ferrite grains they appear to have nucleated, nor appear to chemically react
with sﬁrrounding steel, nor appear to be affected by differential thermal contraction, they
simply act as inert nucleating substrates. Nucleation will then be preferred at high energy
interfaces between the inclusion, or some part of it, and the surrounding austenite. The size
and shape of the nucleating substrate will also influence the nucleation potency. For example,
a discontinuity or cavity upon the inclusion surface would significantly reduce the activation
" energy barrier to nucleation (Gutzow, 1980). A corollary to this is that decreasing the inclusion
size increases the activation energy barrier to nucleation.

Dowling et al. considered that inclusions were inert substrates, primarily because they
were unable‘to firmly establish the existence of an alternative mechanism during a systematic
study conducted in 1986. They assumed that interfacial surface energies would be higher for
those phases with higher melting points and proposed the following ranking - in descending or-
~ der of potency, TiO, SiO,, MnO, Al,03.MnO, MnS, Mn-silicates and Cu-sulphides. However,
as Es-Souni and Beaven pointed out in their 1990 paper, this cannot explain why titanium
containing phases are considered to be much more potent than other phases, such as Al,Oq4
which has a very high interfacial energy with the surrounding austenite. Extensive research
by Zhang and Farrar (1996) using in situ water quenched weld metals (these experiments
involved quenching the welded piece into agitated water whilst the welding process continued),
transmission electron microscopy (TEM), energy dispersive X-ray spectroscopy (EDX) and
dilatometry, also failed to find any correlation between inclusion nucleation poténcy and inclu-

sion chemistry. They came to the conclusion that the inclusions may nucleate acicular ferrite
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by acting simply as a substrate which will reduce the activation energy Barrier to nucleation
according to classical heterogeneous nucleation theory. Small amounts of TiO and/or Al,O4
were thought to promote the nucleation of acicular ferrite by improving thg size distribution of
the inclusion population. They attributed this to the high melting pointé _énd low free energies
of formatioh of TiO and Al,O4 compared with manganese silicate and sulphide inclusions.
TiO and Al,O, particles therefore form at high temperatures in the liquid weld metal. These
particles then provide nucleation sites for other inclusions phases which form via precipitation
and subsequent coalescence. Zhang and Farrar believed that this would result in the formation
of larger inclusions which would offer a lower activation energy barrier to nucleation. They

suggested that the most favourable inclusion sizes are within the range 0.3 to 0.9 um.

Thermodynamic calculations by Ricks et al. in 1982 demonstrated how the classical het-
erogeneous activation energy barrier to nucleation decreases with increasing inclusion size (Fig-
ure 3.5). They predicted that inclusions would not become potent nucleation sites unless they
were greater than 0.25 to 0.5 um in radius. Their results indicate that grain boundaries are en-
ergetically more favourable inert nucleation sites than inclusions. Jang and Indacochea (1987)
reported that inclusions of less than 0.6 ym in diameter were generally associated with the
nucleation of acicular ferrite, whilst those greater than 1.0 um tended to pin austenite grain
boundaries and be associated with blocky allotriomorphic ferrite. They also found that very
small inclusions of less than 0.3 um diameter were ineffective nucleants and could only pin
grain boundaries. More recent research (Barbaro, 1990) indicates that if the inclusion radius
. drops below 0.4 - 0.5 um then acicular ferrite nucleation is almost entirely suppressed. Liao

and Liu (1992) found the highest volume fraction oif acicular ferrite in those welds with in-
clusions which were about 0.45 um in diameter. This tendency to quote a minimum particle
size below which nucleation does not occur, has been criticised recently by Bhadeshia (1992),
who reminds us that the activation energy barrier to nucleation will depend on other factors
- which will vary according to the transformation conditions. Furthermore, Rees and Bhadeshia
(1994) consider that if acicular ferrite is a displacive transformation product (a bainite) then

classical nucleation theory is not really appropriate (section 3.2.3).

Inclusion size is also thought to influence the austenite grain size via Zener type pinning.

A dense distribution of small inclusions will restrain grain growth most effectively, promoting

~ a higher volume fraction of grain boundary nucleated phases such as allotriomorphic ferrite,
thereby reducing the maximum volume fraction of acicular ferrite that can subsequently form.
Consequently, for a given volume fraction of inclusions a higher volume fraction of acicular

ferrite would be expected the larger the mean inclusion size. Hence, it is very difficult to
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Figure 3.5 Plot of the normalised heterogeneous activation energy barriers to the nucleation
of ferrite at a spherical inclusion and at a planar grain boundary. These are normalised with
respect to the homogeneous activation energy barrier to nucleation (Ricks et al., 1981).

separate the effects of inclusion size per se on nucleation potency. On balance then, the
evidence available to date suggests that an inert surface mechanism on its own is unlikely to

adequately explain the nucleation potency of inclusions.

3.2.8 Localised Stresses and Inclusion Nucleation Potency

Differential thermal contraction between an inclusion and the austenite matrix during

“ cooling will induce high stresses and elastic / plastic strains local to the inclusion surface.
However, if the cooling rate is sufficiently slow then the magnitude of these stresses and strains
might be significantly reduced or even eliminated by dynamic recovery and recrystallisation
processes that occur above the Aeg temperature. In spite of this possibility numerous authors
have suggested a variety of mechanisms whereby differential thermal contraction might assist

nucleation upon or local to an inclusion surface:

(1) Nucleation could occur upon the dislocations debris local to the inclusion surface,
that forms during the plastic deformation associated with differential thermal con-
traction.

(2) The strain energy associated with these dislocations might assist nucleation at the

inclusion surface by contributing towards the driving force for the v-a transfor-
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mation.

(3) The complex elastic and plastic strain fields that are generated around inclusions
could promote the formation of specific variants of ferrite which are orientated in
a crystallographically favourable manner.

(4) The dislocation debris could produce embryos for displacive transformation prod-

~ ucts such as bainite (acicular ferrite is thought to be a bainite).

The strain raising potential due to differential thermal contraction between an inclusion

and the austenite matrix is of the general form (Brooksbank and Andrews, 1972):
+[8(6, - 6;)AT] (3.3)

where & is a complex function of the mechanical properties of the inclusion and the austenite
matrix, and of the inclusion shape, size and distribution. 6,7 and é; are the coefficients of ther-
mal expansion of the austenite matrix and the inclusion respectively. AT is the temperature
change (a decrease is negative). Table 3.1 gives mean values of 6, and 6;. Note that all of
the likely constituent phases have lower coefficients of thermal expansion than the austenite
matrix. |

It is thought that differential thermal contraction between inclusions and the austenite
matrix during cooling leads to a high dislocation density local to the inclusion surface. Acicular
. ferrite might nucleate upon these dislocations. However, classical nucleation theory indicates
that é.lthough heterogeneous nucleation on dislocations is much more favourable than homoge-
neous nucleation, it is considerably less likely than heterogeneous nucleation at the austenite
grain boundaries or directly at the inclusion surface. Therefore, differential thermal contrac-
tion might be better considered to assist nucleation directly upon the inclusion surface, because
the stored strain energy due to the dislocation debris would increase the driving force for the
~-a transformation.

Liu and Olson (1986) evaluated the effects of differential thermal contraction between an
inclusion and the austenite matrix on weld metal transformations, by considering ‘a ball in
an elastic hole’ model. During cooling the austenite will contract more than the inclusion.
Assuming continuity at the interface and an incompressible inclusion, the total strain energy
in the austenite can then be estimated by calculating work done on the hole. This is estimated
to be ~ 0.5 J cm™3 which is several orders of magnitude lower than the y-a free energy
‘ change during transformation ~ 100 J cm~3. This indicates that the strain energy generated
is relatively insignificant and that localised stresses might not explain the nucleation of acicular

_ferrite.
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Phase Expansivity (x1076 °C~1)
(Al,04),.(MnO),.(Si0,)5 2.0
B-Si0, 3.0
BN 3.8
SiC 4.4
(Al;03)5(8i0,), 5.0
NbC 6.2
Al,04.Ca0 6.5
TiC 74
Cry,04 7.9
v-Al, 04 8.0
Al,05.MnO 8.0
Al,045.MgO 8.4
Al,05.FeO 8.6
TiN 9.4
MnO.SiO, 9.5
Fe;O4 12.2
CaO 13.5
MgO 13.5
MnO 14.1
FeO 14.2
CaS 14.7
Fe;O, 15.3
TiO 16.0
MnS 18.1
Austenite 23.0

Table 3.1 Approximate mean coefficients of thermal expansivity for various phases and austen-
ite (Brooksbank and Andrews, 1972; Kim et al., 1990; Weatherly, 1968).

~ Yamamoto et al. (1987) considered that the thermal stresses due to differential contrac-
tion on cooling are compressive in the austenite around most inclusions. This would tend
to oppbse the austenite to ferrite transformation, which is accompanied by an expansion in
volume. However, this simplification might not be justified. When the inclusion has a lower

coefficient of thermal expansion than the austenite matrix (true for virtually all inclusions), the
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~ principal circumferential stresses in the austenite are tensile, whilst the principal radial stress is
compressive. Another possibility is revealed in experiments conducted by Babu (1991). These
demonstrate that applying a compressive uniaxial elastic stress to a specimen of weld metal
favours the development of specific crystallographic variants of the displacive transformation
product acicular ferrite. This results in the destruction of the conventional chaotic acicular
ferrite microstructure. Similarly the complex internal stresses generated around an inélusion
by differential thermal contraction might favour specific crystallographic variants of acicular
ferrite. However, it is suggested by the author that the complex stress fields around spherical
inclusions in combination with the random nature of an inclusion populé,tion,Awould still ensure

that a chaotic microstructure resulted.

Rees and Bhadeshia (1994) suggested that because acicular ferrite is a displacive transfor-
mation product (intragranularly nucleated bainite) the activation energy for nucleation varies
linearly with the chemical driving force. This contrasts with classical nucleation theory, which
predicts that the acfivation energy for nucleation is inversely proportional to the square of the
chemical driving force. The linear dependence arises from a nucleation process controlled by
the rate at which an embryo—austenite interface advances. A nucleation event occurs when
one of these embryos becomes unstable i.e. rapid growth commences. This necessitates the
existence of a glissile interface between the ferrite and the austenite. Rees and Bhadeshia
suggested that dislocation debris in the austenite local to the inclusion surface could dissociate
into such embryos. Differential thermal contraction between the austenite and the inclusion
might cause extensive plastic deformation local to the inclusion surface which would drastically

increase the amount of dislocation debris and thereby increase the rate of displacive nucleation.

Those minerals with thermal expansion coefficients significantly less than the austenite
matrix (Table 3.1) might be expected to be the more potent nucleants of acicular ferrite.
Therefore, minerals such as Mn-cordierite (Al,O3),.(MnO),.(Si0,)5 and 3-SiO, could be very
potent nucleants for acicular ferrite. However, Mn-cordierite has never been found in weld
metal inclusions (see the review by Abson, 1987) and $-SiO, has only been detected occasion-
ally (Dowling et al., 1986 and Evans, 1990b). A recent paper by Gregg and Bhadeshia (1994a)
failed to find any correlation between the coefficients of thermal expahsion and the nuclea,tion
potency of various minerals. It is interesting to note that Yamamoto et al. (1987) found
- that Al,O3 and ZrO, have very different nucleation potencies, but similar thermal expansion
coefficients. Zhang and Farrar (1996) found that inclusions such as MnS, which have some of

the smallest strain fields, played an active role in the nucleation of acicular ferrite.

Barritte and Edmonds (1981) noted that often two adjacent inclusions appear to act as
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the primary nucleation site. They suggested that if stresses are important in the nucleation
of acicular ferrite, then stress concentrations due to overlapping stress fields in the matrix will
create more favourable nucleation sites. Andrews and Brooksbank (1972) have calculated the
magnitude of such tessellated stresses for inclusions in close proximity. These show that the
close proximity of inclusions significantly increases the magnitude of the elastic stresses found
in the matrix.

Barbaro et al. (1988) and numerous other authors have noted that many oxide inclusions
are partially covered with a MnS shell. MnS has a similar coefficient of thermal expansion to
austenite and thus the MnS shell might be expected to reduce the magnitude of the stresses
exerted by the oxide core of the inclusion. Therefore, these stresses were considered unlikely to
exert an influence upon inclusion potency. Calculations by Brooksbank and Andrews (1970)
confirm that a thin MnS envelope around an oxide inclusion acts as a compensating ‘cushion’
during cooling, and therefore significantly reduces the magnitude of the elastic stresses that are
generated. This would also be true for a shell of copper sulphide. Summarising, the evidence
to date indicates that localised stresses alone are unlikely to explain adequately the nucleation

potency of inclusions in welds.

3.2.4 Chemical Reaction with the Austenite Matriz

This involves an inclusion chemically reacting with the surrounding austenite and depleting
it in key alloying elements such as manganese and/or carbon, thereby destabilising it and
~ promoting the nucleation of ferrite local to the inclusion surface. However, much of the early
work that attempted to investigate this mechanism failed to find any evidence of depletion in
these key alloying elements around nucleating inclusions (Barritte et al., 1981; Barbaro et al.,
1988). Es-Souni and Beaven (1990) reasoned that because manganese silicate inclusions are
formed during or before solidiﬁcatioﬁ, enough diffusion should be possible at high temperatures
to alleviate local compositional differences before the austenite to ferrite transformation begins.
~ However, Svensson (1994) has suggested that higher spatial resolution work might reveal subtle
- ‘differences. Even a small depleted zone (~ 0.01 to 0.1 gm in thickness) would be sufficient
to promote the nucleation of ferrite. Indeed the dissolution and re-precipitation of various
phases such as MnS and Ti(C,N) during the weld thermal cycle could cause a depleted zone to
form as the weld deposit cools through the Ae; temperature. The depleted zone might then
be removed by diffusional homogenisation as the weld cools to room temperature, leaving no
detectable evidence of it ever having existed.

Yamamoto et al. (1987 and 1996), Homma et al. (1987) and Chijiiwa et al. (1987) have

suggested that during cooling the dissolution and re-precipitation of MﬁS on Ti,O4 and/or
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TiN particles in inoculated wrought alloys leads to the formation of a Mn depleted zone local
to the particle surface. This zone is thought to promote the nucleation of acicular ferrite.
Yamamoto et al. found that reducing the S content prevented the nucleatiol_l of acicular ferrite
(see below for further details). In an interesting experiment using hot-stage microscopy Tomita
et al. (1994) noted that the intragranular nucleation of allotriomorphic ferrite (idiomorphic
ferrite) in wrought alloys largely occurred on duplex MnS-TiN particles. It was considered
that a Mn depleted zone of between 0.35 and 3.5 ym in thickness might form during the MnS
precipitation process. This would significantly increase the thermodynamic driving force for
the austenite to ferrite transformation. They suggested that epitaxy between ferrite and TiN
local to the MnS might further increase nucleation potency, but considered Mn depletion to

be primary nucleation mechanism.

Ishikawa et al. (1994) also studied the intragranular nucleation of allotriomorphic ferrite,
but on duplex MnS-VN particles in wrought alloys. They established that increasing the V and
- N concentration simultaneously promoted a substantial increase in intragranular nucleation.
However, their calculations revealed that the depletion of V below the nominal concentration
of the alloy (0.13 wt %) did not significantly increase the thermodynamic driving force for
ferrite nucleation. Instead Ishikawa et al. suggested that a Baker-Nutting type of epitaxial
relationship existed between the allotriomorphic ferrite and the VN, and that this was more

likely to account for the increased nucleation efficacy.

Carbon depletion of the austenite matrix may also reduce hardenability adjacent to in-
clusions, thereby promoting nucleation at the inclusion surface. Since carbon is an interstitial
element and therefore able to diffuse more readily than either Mn or Si, significant carbon de-
pletion of the austenite matrix might occur at lower temperatures just before the v-a transfor-
mation begins. Unfortunately carbon depletion cannot be easily identified using EDX systems
unless a windowless detector is employed. Es-Souni and Beaven (1990) have suggested that
carbon depletion of the austenite matrix may be possible in the vicinity of the phase Ti(C,N)

due to the relatively high solubility of carbon in TiN.

Recent studies by Gregg and Bhadeshia (1993, 1994a and 1994b), following on from initial
work performed by Strangwood and Bhadeshia (1988), provide strong evidence in support
of various types of chemical reaction mechanisms for certain phases which are known to be
potent nucleants of acicular ferrite. They examined the efficacy of numerous chemically pure
.compounds in enhancing the nucleation rate of bainite at chemical-austenite interfaces, in a
- series of pressurised bonding experiments. Their reasoning was that this would give a strong

indication of those compounds which promoted the intragranular nucleation of acicular ferrite.
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Specific details of what compounds they found to be effective and ineffective are given in
Table 3.2. They observed that TiO, was particularly potent in nucleating bainite, but noted
that thié did not emanate directly from the TiO, - steel interface. Instead the oxide had
induced the formation of a thin zone of allotriomorphic ferrite which contained amorphous
silica precipitates. The oxygen had diffused into the steel creating a ‘reaction zone’ which was
likely to be decarburised. This had reduced the hardenability of the austenite local to the
interface, promoting the nucleation of bainite. Work on structural and behavioural analogues
of TiO,, such as SnO,, MnO, and PbO,, produced similar findings. Gregg and Bhadeshia
considered that the tendency of such minerals to form oxygen vacancy (anion) defects at high
temperatures would cause oxygen to be released into the adjacent steel. In order to test this
theory the nucleation potency of defect perovskites (ABO3) was compared to the similarly
structured normal perovskites (BOg). Defect perovskites release far more oxygen than normal
perovskites at high temperatures. As expected the nucleation potency of the defect perovskites
was far greater than that of the normal perovskites. Gregg and Bhadeshia concluded that those
minerals which are natural oxygen sources are effective nucleants; further work indicated that
the Mn and Si concentrations were considerably reduced in the ‘reaction zone’. This prompted
additional experiments which demonstrated that such depletion was a direct result of the
formation of the reaction zone. Silicon combined with oxygen to form silica and manganese
was found to be rejected ahead of the allotriomorphic ferrite interface. Consequently fresh
experiments were conducted using a low silicon steel. These suggested that the formation
of a reaction zone and the associated depletion in substitutional alloying elements, was not
necessary to stimulate bainite nucleation. It was concluded that the enhanced rate of nucleation

was primarily due to the release of oxygen into the steel which caused decarburisation.

Gregg and Bhadeshia also examined the nucleation potency of TiO and Ti,O3. Both
compounds were found to be very effective nucleants, but no ‘reaction zone’ could be found
for either. Ti,O3 was found to induce a dramatic depletion in the manganese concentration in
the steel local to the interface, which was thought to stimulate nucleation. Closer examination
revealed a high manganese concentration in the Ti,O4. Consistent with the absence of silica
particles no silicon depletion was noted in the steel. Ti,O5 was therefore considered to act as
a sink for manganese cations, thereby stimulating nucleation. The mechanism by which TiO
induced nucleation could not be established. Table 3.2 represents a summary of the work by

_Gregg and Bhadeshia.

Exciting new research by Yamamoto et al. (1996) suggests strongly that acicular ferrite

nucleation is promoted on fine titanium oxide particles because of a combined chemical and
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Nucleation Mechanism - Phases
Chemically Effective (O Source) TiO,, Sn0O,, Mn02, Pb02,
WO,, MoO,, KNO,, V,05
- Chemically Effective (Mn Sink) TiyO4 |
Chemically Inert and Effective TiO
Chemically Inert and Ineffective TiN, a-AlL,Oj, 7-Al,03, CaTiOs,
SrTiOg, NbC, Al,03.MnO, MnS

Table 3.2 Chemically effective and ineffective bainite nucleants (Gregg, 1993 and 1994a).

epitaxial reaction mechanism. Yamamoto et al. studied the acicular ferrite transformation in
the heat-affected zone of low-alloy steel welds that had been inoculated with a fine dispersion
of titanium oxide particles. Electron beam diffraction indicated that the stoichiometry of the
titanium oxides was Ti,O,. Secondary ion mass spectroscopy (SIMS) was used to analyse
the variations in concentration of B, Mn and Ti in the particles. Figure 3.6 shows a depth
profile through a Ti,O4 particle, which was obtained by ion beam spuftering in the SIMS. It
is apparent that the B concentration in the oxide is approximately 20 times greater than in
~ the steel matrix, whilst the Mn concentration is approximately 3 times greater than that in
the matrix (this is consistent with the experimental observation by Gregg and Bhadeshia that
'Tiy05 acts as Mn sink). These results indicate the existence of a B and Mn depleted zone
around the particle. |
The diffusion of manganese and boron into the particle requires the existence of cation
vacancies in t:hevTi2O3 lattice. This was confirmed using argon sputtering in an Auger electron
spectroscope (AES). The measured atomic ratio of O to Ti near the oxide surface is higher
than the stoichiometric value of 1.5 for Ti,O3. The titanium oxide particles were found to be
Tig_4) O3, where z ~ 0.052. These cation vacancies contributed to the precipitation of MnS
. and TiN at the surface of Ti,O4 because both the interfacial energy and the internal energy of
Ti,O5 particles decreasés with the diffusion of Mn and Ti atoms into the Ti,O;. Yamamoto
et al. suggested that the nucleation rate of acicular ferrite on these complex Ti,O3—MnS-TiN

precipitates might therefore be enhanced because of some or all of the following factors:

(1) An increase in the chemical driving force for transformation due Mn depletion
caused by partitioning into the Ti,O4 and/or the precipitation of MnS at the oxide
surface. Figure 3.7 shows the calculated distribution of the Mn concentration in
the austenite (bulk concentration ~ 1.5 wt % Mn) around a MnS precipitate after

slow cooling. It is apparent that the concentration in the austenite decreases by
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Figure 3.6 Depth profile obtained by SIMS for elements in a Ti203' part_'.icle. The Ti,O4
particle disappeared after 3 x 102 s (Yamamoto et al., 1996).

~ 0.15 wt %. The size of this depleted zone (0.1 to 0.2 um) prevented additional
experimental confirmation of its existence. Yamamoto et al. .suggested that this
depletion destabilised the austenite, and thereby increased the Arg temperature,
at which austenite begihs to transform to ferrite during cooling, by approximately
8 °C.

(2) Boron atoms have a low solubility and high diffusivity in austenite. They readily
Segregate to the Ti,04 particles and the austenite grain boundaries. The segrega-
tion to the austehité grain boundaries suppresses the nucleation of allotriomorphic
and Widmanstétten ferrite (section 3.4). However, the B atoms which segregate
to the oxide particles are absorbed as B3* ions in cation vacancies in Ti,O3 and
do not suppress the intragranular formation of ferrite. This favours intragranular
nucleation over intergranular nucleation. Fission track methods were used to test
this hypothesis. Continuous B segregation was observed at the austenite grain
boundaries, whereas spots of B were observed inside the grains which is consistent
with the presence of B inside the Ti,O4 particles.

(3) Epitaxy between the ferrite and TiN was also thought to promote ferrite nucle-

ation, the lattice disregistry between ferrite and TiN being small. -

Recent experiments by Fox and Brothers (1995) support an oxidation type of chemical
- reaction mechanism similar to that identified for TiO, by Gregg and Bhadeshia. They detected
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Figure 3.7 Calculated distribution of the Mn in the austenite matrix at 800 °C after MnS
precipitation during cooling at 10 °C s~! from 1400 °C (Yamamoto et al., 1996).

the pyrophanite MnO.TiO, in those inclusions which appeared to nucleate acicular ferrite. Fox
and Brothers argued that in the MnO-TiO,-Al,04-SiO, quaternary phase system the first
inclusions to solidify in the still molten weld metal are Al,O5.MnO at approximately 1800 °C.
The remaining liquid becomes enriched with MnO and TiO,. Eventually after the weld metal
has solidified the pyrophanite MnO.TiO, nucleates upon the Al,O05.MnO inclusion surface at
about 1360 °C. The pyrophanite MnO.TiO, oxidises the adjacent austenite, thereby reducing

the amount of C in solution and stimulating the nucleation of acicular ferrite.

3.2.5 Lattice Matching (Epitazy)

Nucleation may be promoted due to the formation of a low-energy interface between the
ferrite nucleus and the inclusion substrate. This is a popular hypothesis, but with relatively
little experimental verification. The interfacial energy of a system depends on the chemistry,
topography and crystallography of the interface. However, experiments by Turnbull and Von-
negut (1952), Bramfitt (1970) and Nuri et al. (1982) have found a strong correlation between
the effectiveness of a substrate in promoting the heterogeneous nucleation of a solid from a
supercooled liquid, and the crystallographic disregistry (misfit) between the nucleated solid
and the nucleating substrate.

Turnbull and Vonnegut (1952) used a simple measure of linear disregistry which correlated

well with the degree of supercooling needed to induce solidification. Bramfitt (1970) developed
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a more sophisticated model which allows lattice matching to be described in terms of a mean

planar lattice disregistry between parallel planes:

3 ’ A
1 d[uvw]‘ cosX — d[uvw]‘
ke —§ 1 : 2l x100 39
(R ; 3 Qv | '

This assumes a substrate (inclusionj faceted on a low-index plane (hkl) s,. and a nucleus (ferrite)
that forms epitaxially with its low-index plane (hkl),, parallel to (hkl), where:
 [uvwl]é = a low-index direction in (hkl),.

[uvw]t = a low-index direction in (hkl),.

dluvw]i= the interatomic spacing along [uvw]’.

duvw] = the interatomic spacing along [uvwlg,.

x= the angle between [uvw]? and [uvw]?, (often zero).
Bramfitt suggested that the nucleus and substrate would be orientated such that the planar
parallelism generated offered the minimum mean planar disregistry II,,. Nuri et al. (1982)
found that Bramfitt’s mean planar disregistry model largely determined the efficacy of various
rare earth metal oxides and sulphides in stimulating solidification during the continuous casting
of steel.

Mills et al. (1987) assumed that planar disregistry can be used to explain the nucleation
potency of inclusions in stimulating the solid-state austenite to ferrite phase transformation.
They considered numerous planes and directions of low crystallographic indices. Table 3.3

indicates the minimum mean planar disregistry values they obtained.

Phase Parallelisms I, (%)
AL,03.MnO {100}, || {100}, <100 >,[< 110>, | 1.8
Cu, &S {111}, || {111}, < 110 > ||< 110 >, 2.8
TiO {100}, || {100}, < 100 >, ||< 110 >, 3.0
4-Al,04 {100}, || {100}, < 100 >, < 110 >, 3.2
TiN {100}, || {100}, < 100 >, < 110 >, 4.6
BN {111}, || {110}, < 110 > < 100 >, 6.5
a-MnS {111}, || {111}, < 110 >, ||< 110 >, 838

Table 3.3 Calculated minimum mean planar disregistry II,, between various phases s and
ferrite o (Mills et al., 1987).

Early investigations such as those conducted by Dowling et al. (1986) and Es-Souni and

Beaven (1990) failed to detect any direct and unambiguous evidence for such epitaxial orien-
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tation relationships between acicular ferrite and the nucleating inclusion. Bhadeshia (1992)
ekpla,ined that inclusions which form in liquid steel are randomly oriented in space, whilst the
orientation relationship of acicular ferrite with the parent austenite is always found to be of
the Kurdjumov-Sachs or similar type. This, it can be argued, precludes the development of
an orientation relationship (i.e. epitaxy) between a ferrite nucleus and an inclusion. Cochrane
and Kirkwood (1978) suggested an alternative hypothesis. They proposed that é-ferrite grains
sometimes nucleate on inclusions in the melt and this implies the possibility of an orientation
relationship between the inclusions and the austenite, and thereby between the austenite and
the a-ferrite. However, Bramfitt type planar disregistry calculations carried out by Kluken
et al. (1991) imply that no such epitaxial relationship exists between ¢-ferrite and inclusions,
such that the only possible effect of inclusions during solidification is to act as inert substrates
for the nucleation of §-ferrite ahead of the advancing interface. Furthermore, it is generally

| considered that weld pool solidification occurs heterogeneously at thé li(iuid—solid interface and
not upon inclusions. This suggests that only a small fraction of the inclusions in a weld metal

would be able to form epitaxial relationships with ferrite. However, the number of randomly

oriented inclusions with a suitable relationship with ferrite might still be sufficient to account

_for the profuse nucleation of acicular ferrite observed in weld metals. Mills et al. (1987) suggest
‘that the occurrence of a number of discrete Ti-rich patches' at the inclusion surface would fur-
ther increase the number of possible epitaxial nucleation sites. Following this reasoning Grong

et al. (1995) calculated that about 12 % of inclusions will contain a phase which is suitably

orientated to allow the epitaxial nucleation of ferrite.

Indeed recent research by Grong et al. (1995) has found experimental evidence for such
orientation relationships between various phases (y-Al,O5, Al,O53.MnO and TiN) and acicu-
lar ferrite. These epitaxial relationships appear to minimise the activation energy barrier to
nucleation (Table 3.4). Ishikawa et al. (1994) observed a Baker-Nutting epitaxial relationship
i.e. (100)yy || (001), [100]yy || [110], between ferrite idiomorphs and VN in medium-carbon
steels. This epitaxial relationship offers a very high degree of interfacial coherency (disregistry
~ 2 %). Therefore, in the light of recent evidence it is impossible to discount the lattice

~ matching mechanism.

3.3 The Nucleation Potency of Various Inclusion Phases

3.8.1 The Nucleation Potency of Aluminium Minerals

Conflicting evidence exists as to the efficacy of various aluminium minerals in promot-

ing the nucleation of acicular ferrite. Increasing the weld metal aluminium content and thus

59



CHAPTER THREE — Inclusion Nucleation Potency

Phase Orientation Relationship
1-AL,04 (100), ~ || (011),
[011], ~ || [533],
Al,053.MnO (200), ~ || (110),,
and

(011), || (010),
[011], || [001],
TiN (TIO) s || (100) o
| (112), || (011),
[111], || [011],
and
(10T), || (T03),
(320), || (112),
(232, || [351],,

and
(101), || (133),
(221), || (200),,

Table 3.4 Experimentally observed orientation relationships between acicular ferrite o and
different inclusion constituent phases s (Grong et al., 1995).

changing the dominant inclusion type, has a somewhat confusing effect upon weld metal mi-
- crostructure (Figure 3.8). It is apparent that the volume fraction of acicular ferrite goes
through a maximum when the Al concentration is ~ 200 ppm wt (parts per million by Weight)‘
and the oxygen content is =~ 430 ppm wt. Various interpretations of this behaviour have been

suggested:

(1) Saggese et al. (1983) considered that y-Al,O5 might be a particularly potent nucle-
ant for acicular ferrite. Therefore, the maximum amount of acicular ferrite should
form when the aluminium to oxygen ratio is equal to the stoichiometric value re-
quired for Al,O5 formation. Pargeter (1981) also noted an apparent association
between Al-rich inclusions and a high volume fraction of acicular ferrite.

(2) Kluken (1990) considered that the galaxite spinel Al,05.MnO is a particularly
effective nucleant of acicular ferrite. Thus, the volume fraction of acicular ferrite
found would decrease when the aluminium to oxygen ratio reaches and exceeds the

stoichiometric value, leading to the formation of ineffective Al,O3. The galaxite
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spinel Al,05.MnO was frequently found by Dowling et al. (1986) in those welds
in which acicular ferrite dominated the microstructure. -

(3) Svensson (1994) suggests that the decrease in acicular ferrite content, associated
with an increasing the aluminium to oxygen ratio, could instead be due to the ab-
sence of sufficient nucleating Ti-oxides upon the surface of Al,O3 inclusions. All of
the available oxygen forms aluminium oxides effectively preventing the formation
of titanium oxides.

| (4) Kluken et al. (1989) note that the very high surface energy of Al,O; inclusions
appears to increase the rate at which the inclusions coarsen and coagulate in the
molten weld pool. This effect has been reported by Terashima and Hart (1983)
and by Grong and Matlock (1986). If the inclusions coarsen and their spacing
increases as the aluminium content is raised, as noted by Thewlis (1994), then the
austenite grain size might increase as the Zener pinning effect diminishes. This
would indirectly promote the development of acicular ferrite.

(5) Thewlis (1994) and Zhang and Farrar (1996) have suggested that an excess of sol-
uble aluminium encourages extensive ferrite side plate formation (Widmanstétten
ferrite and bainite) from the austenite grain boundaries. This indirectly depresses
the volume fraction of intragranularly nucleated acicular ferrite. Work by Mabuchi

and Nakao (1981) is consistent with this possibility.

Work by Gregg and Bhadeshia (1993) has thrown new light upon the role of aluminium
containing minerals in promoting the nucleation of bainite and acicular ferrite (section 3.2.4).
They determined that a-Al,O3, a mixture of a-Al,O3 and v-Al,O3, and Al,O3.MnO are all

-relatively ineffective nucleants.

1t is difficult to draw any firm conclusions regarding the efficacy of the various aluminium
* phases. In conclusion, it seems that whilst certain aluminium phases are capable of nucleating
acicular ferrite, if the undercooling below the Ae; temperature is sufficiently great, they are

probably not as potent as some of the titanium minerals described in section 3.3.2.

3.3.2 The Nucleation Potency of Titanium Minerals

~ Titanium rich minerals are widely considered to be very potent nucleants for acicular
ferrite (Figure 3.9), but considerable confusion still exists as to exactly which titanium rich
phases are effective and as to what nucleation mechanism is operative for each phase (Ito and
Nakanishi, 1976; Terashima and Hart, 1983; Es-Souni and Beaven, 1990; Evans, 1991; Thewlis,
1994; Saggese et al., 1983; Pargeter, 1981; Kayali et al., 1983; Homma et al., 1986; Béiley,
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Figure 3.8 The effect of aluminium on the as-deposited microstructure of weld metal (Evans,
1990b). The following terminology is used; primary ferrite refers to allotriomorphic and id-
iomorphic ferrite, ferrite + second phase refers to Widmanstétten ferrite and conventional
bainite.

-1983; Liao and Liu, 1992; Yamamoto et al., 1996). Ito and Nakanishi in their classic 1976
paper reported that small titanium additions to the weld metal promoted the formation of
- inclusions that were extremely effective as nucleants of acicular ferrite. They found that Ti
additions greater than 0.03 wt % promoted a very fine acicular ferrite type of microstructure.
'They attributed this to the presence of very fine Ti-rich precipitates which they considered
to be TiN. Saggese et al. (1983) and Terashima and Hart (1983) suggested that the intro-
duction of Ti above a critical amount allowed high volume fractions of acicular ferrite to be
consistently obtained. St-Laurent and L’Espérance (1992) studied welds which contained very
small concentrations of Al (< 0.001 wt %). They found that when the weld Ti content was
0.002 wt % the volume fraction of acicular ferrite was only 0.08. Increasing the Ti content
to 0.005 wt % raised the volume volume fraction of acicular ferrite to 0.48, whilst the maxi-
mum volume fraction of acicular ferrite was 0.84 when the weld Ti content was 0.008 wt %.
St-Laurent and L’Espérance noted that additions of the much stronger deoxidiser aluminium
would certainly change the minimum amount of titanium required to form these potent Ti-

rich phases (which they considered to be an oxide). Studies conducted by Thewlis in 1986 and
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1994 have also established that the presence of TiO and/or TiN greatly increases nucleation
potency. Contradictory evidence was presented by Barbaro et al. in 1988. They found that

t_hosé inclusions responsible for the nucleation of acicular ferrite often contained no TiO.
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Figure 3.9 The effect of titanium on the as-deposited microstructure of weld metal (Evans,
1991). The following terminology is used; primary ferrite refers to allotriomorphic and idiomor-
phic ferrite, ferrite + second phase refers to Widmanstétten ferrite and conventional bainite,
FC refers to ferrite carbide aggregates such as pearlite.

There is, however, a limit to the amount of titanium which can be added to weld metals
with the aim of obtaining a high volume fraction of acicular ferrite. Studies conducted by
Kayali et al. (1983) and Dowling et al. (1986) have both established that if the concentration
of titanium present in the weld metal exceeds approximately 0.1 to 0.2 wt %, then the inclu-
* sions found were rich in titanium and tended to be angular. These weld deposits were found

to be fully bainitic, indicating that these titanium rich inclusions were ineffective nucleants.
Extensive research conducted by Evans (1991) is consistent with these findings. An alternative
- explanation is provided by Widgery (1976) and Oh et al. (1989). These authors suggested that
the high concentration of soluble Ti stabilises the austenite to lower temperatures and thereby
encourages the formation of bainitic ferrite. It is suggested here that this explanation might
be flawed. Acicular ferrite is now thought to be an intragranula.rly nucleated form of bainite,
which is fundamentally the same as conventional bainite which nucleates along the austenite
-gra,in boundaries (Bhadeshia, 1992). Therefore, the presence of excessive titanium in solution

should not promote conventional bainite instead of acicular ferrite. Furthermore, titanium
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additions are known to close the austenite phase field, which increases the Ae; temperature
(Tofaute and Biittinghaus, 1938), and thereby promote reconstructive transformation prod-
ucts such as allotriomorphic ferrite and not displacive products such as bainite as suggested
by Widgery and Oh et al. ‘

Gregg and Bhadeshia (1994b) recently conducted an interesting range of pressure bonding
experiments using wrought steels. These were designed to test the efficacy of pure tité,nium
phases in inducing the nucleation of bainite (section 3.2.4). They concluded that the titanium
oxides, TiO, TiO, and Ti,O4 were very effective nucleants for bainite, whilst surprisingly
TiN was not. More recent experiments, using wrought steels which where inoculated with a
fine dispersion of chemically pure minerals, gave similar results except that bainite nucleated
intragranularly to form acicular ferrite (Gregg, 1994). Recent research by Yamamoto et al.

. (1996) supports these findings (section 3.2.4).

Numerous studies (section 3.4) have concluded that in order to achieve a consistently
'high volume fraction of acicular ferrite, titanium additions are particularly effective if they
are used in conjunction with trace additions of boron. Soluble boron considerably reduces the
nucleation potency of the austenite grain boundaries, and thus increases the volume fraction
of residual austenite that is free to transform into intragranularly nucleated acicular ferrite
(Thewlis, 1994; Mori et al., 1981; Watanabe and Kojima, 1980a and 1980b; Shinada et al.
1992). In conclusion, it seems likely that if other factors such as alloy hardenability and the
weld cooling cycle are favourable then certain titanium phases are very effective nucleants for

-acicular ferrite. However, it is not apparent which titanium-rich phases are effective nucleants.

3.3.3 The Nucleation Potency of Sulphides

Sulphur rich phases which form as patches on the inclusion surface have been suspected
of playing a role in the nucleation of acicular ferrite by several researchers. Court and .Pollard
(1985 and 1989) associated many acicular ferrite nucleation events with the patches of coppér
and manganese sulphides they found on inclusions. Yamamoto et al. (1988 and 1996) also
claim that MnS, which nucleates on titanium oxides, is responsible for the nucleation of acicular
ferrite. They found that reducing the sulphur content below 0.001 wt % decreased the volume
fraction of acicular ferrite obtained. Zhang and Farrar (1996) also claim that MnS particles
frequently act as nucleation sites for acicular ferrite.

Contradictory evidence was presented by Kayali et al. (1983) who found incomplete
sheﬂs rich in copper and sulphur, around nucleating and non-nucleating inclusions. St-Laurent
and L’Espérance (1992) noted an increase in the amount of acicular ferrite when the sulphur

content was raised. However, they did not directly relate this to the nucleation potency of the
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sulphur rich phases per se. Instead they attributed it to an increase in the volume fraction
and hence the number density and size of the inclusion population, which caused a significant
variation in the austenite grain size. Es-Souni and Beaven (1990) indicated that nucleation
“events were generally associated with titanium rich phases at the inclusion surface and not
copper sulphides. They considered that since carbon was not soluble in Cu,yS the surrounding
austenite could not be destabilised by carbon depletion. Other studies by Horii et al. (1995),
Evans (1986 and 1990a), Chijiiwa et al. (1988), Devillers et al. (1983) and Abson et al.
(1978) appear to confirm the lack of efficacy of sulphur in promoting the nucleation of acicular
ferrite. On balance then the evidence to date suggests that sulphides are relatively ineffective
nucleants, and may even retard the nucleation of acicular ferrite by partially covering the

inclusion surface.

3.8.4 The Nucleation Potency of Other Phases

Evans (1990b) noted that in welds containing less than 5 ppm wt Al the nucleating inclu-
sions were typically MnO.SiO,, although some copper and manganese sulphides and titanium
rich phé,ses were found at the inclusion surface. Thewlis (1994) found a significant increase in
the mean inclusion size and spacing with increasing calcium additions. These larger inclusions
were expected to offer a lower free energy barrier to ferrite nucleatioh,‘ so as to encourage
the nucleation of acicular ferrite. However, a decrease in the volume fraction of acicular fer-
rite was measured. This suggests that the activation energy barrier to nucleation on calcium
rich inclusions might be relatively high. Experiments using CaTiO5 are consistent with this
(Gregg, 1994). Ochi et al. (1988) precipitated vanadium carbide and vanadium nitride on
manganese sulphide particles. They believed that the vanadium carbide stimulated the in-
tragranular nucleation of ferrite-pearlite structures in hot-forged steel products. Pressurised
bonding experiments conducted by Gregg (1994) indicate that niobium carbide is an ineffective
" nucleant for acicular ferrite. Boron nitride and boron oxide are also suspected of nucleating

acicular ferrite. The evidence for this is addressed in the following section.

3.4 The Role of Boron in Promoting Acicular Ferrite Nucleation

Trace additions of boron greatly increase the volume fraction of acicular ferrite found in a
weld metal and thus improve toughness. Four mechanisms by which boron may influence the

o~y transformation have been suggested; however, only the first is generally accepted:

(1) Misfitting boron atoms segregate to the austenite grain boundaries and stabilise
them by reducing the grain boundary surface energy. This is thought to be due to

a decrease in the lattice strain energy at the interface, although this has not been
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experimentally verified (see the reviews by Llewellyn, 1993; Morral and Cameron,
1981). However, if too much boron reaches the grain boundary boron oxides,
carbides or nitrides may precipitate and these might enhance ferrite nucleation
(Bhadeshia and Svensson, 1993).

(2) Boron with its high chemical affinity for oxygen, carbon and nitrogen is known to
readily precipitate various oxides, carbides and nitrides. These may provide intra-
granular nucleation sites for ferrite (Ueda et al., 1981; Thewlis, 1986; Funakoshi
et al., 1977).

(3) Free boron atoms may segregate to inclusions and reduce their nucleation potency,
if the boron atoms remain at the austenite-inclusion interface (Jones et al., 1993).

(4) The presence of fine boron nitrides might reduce the austenite grain size due Zener

type pinning (Svensson, 1994; Thewlis, 1986)

Boron segregation is well known to retard the formation of allotriomorphic ferrite at
the austenite grain boundaries in wrought steels. The dramatic effect of boron on the TTT
diagram is illustrated in Figure 3.10. In steel welds this indirectly promotes the formation of
acicular ferrite because a higher volume fraction of austenite remains untransformed at lower
temperatures (Lin and Cheng, 1990; Oh et al., 1989; Watanabe and Kojima, 1980b; Yamamoto
et al., 1996; Thewlis, 1986). It is important to appreciate that the boron atoms must remain
free in solution if they are to segregate (section 5.8.2) to the austenite grain boundaries and
increase alloy hardenability. Boron has a high affinity for oxygen and nitrogen, and combines
readiiy with these elements in steel. Thus, weld metal compositions heed to be carefully
designed so that the concentrations of the nitride formers Ti, Al, V, and Nb are adequate to
getter all of the nitrogen, leaving sufficient boron free in solution (section 5.8.3) to effectively
saturate the austenite grain boundaries. Work by Thewlis (1994) indicates that the amount
of soluble boron required to saturate the austenite grain boundaries increases with decreasing
austenite grain size. This is because the boron atoms have to saturate a larger surface area
per unit volume.

‘ Oh et al. (1989) considered the influence of boron and titanium additions, both separately
and simultaneously, upon weld microstructure. The weld metals used were designed to contain
very low concentrations of Al, V and Nb to maximise the free nitrogen concentration. They
concluded that the influence of separate additions of boron and titanium were relatively minor,
compared to the synergistic effect of combining boron additions with sufficient titanium to
protect the boron from nitrogen and provide potent nucleating inclusions. The volume fraction

of acicular ferrite was maximised by maintaining 40 to 45 ppm wt boron and 400 to 500 ppm wt
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Figure 3.10 Illustration of the retarding effect of boron on the TTT diagram.

titanium in the weld metal. Work by Thewlis (1994), Shinada et al. (1990), Evans (1991) and
Wafanabe and Kojima (1980a and 1980b) reveals similar trends. An interesting expefiment
was performed by Oh et al. (1991) which compared microstructures produced by titanium
and boron additions to those produced with zirconium and boron additions. The nucleation
potency of titanium rich phases has been well docﬁmented, so that a higher yield of acicular
ferrite was anticipated in these welds. Nevertheless, a higher yield was found in the zirconium
containing welds. They noted that thermodynamic considerations indicate that zirconium
getters nitrogen more effectively than titanium leaving a greater concentration of free boron

- to saturate the austenite grain boundaries.

More problematical is whether intragranular boron compounds have a direct role in stim-
ulating acicular ferrite nucleation. Ito et al. (1982) , Funakoshi et al. (1977) and Ueda et al.
(1981) have noted that various boron oxides and boron nitride may be potent nucleation sites
for ferrite. Thewlis (1986) was able to discern very small particles (~ 20 nm in diameﬁer) of
f.c.c. BN which were not associated with the larger inclusion population, but were arranged
as a cellular network. Mori et al. (1981) also claimed to have found fine particles of BN.
Thewlis proposed that BN particles could promote acicular ferrite nucleation due to their low
misfit with acicular ferrite, in a manner similar to that proposed for TiN or TiO. Ueda et al.
in an excellent paper published in 1981 found that boron nitrides and iron-borocarbides were
responsible for accelerating the v-a transformation by stimulating the intragranular nucleation

of idiomorphic ferrite. It should be noted that the heat input in these welds was very high,
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resulting in a particularly slow cooling rate (210 s to cool from 800 to 500 °C), so that acicular
ferrite would not be expected to form. Nevertheless, it is debatable whether the presence of
boron nitrides would promote the displacive acicular ferrite transformation in a similar ‘man-
ner. Contradictory results were published by Pakrasi et al. (1981). They postulated that in
boron free steels, aluminium nitride particles act as nucleation sites for ferrite. However, boron
additions promote boron nitride formation at the expense of aluminium nitride. They found
that these BN particles did not act as ferrite nucleation sites because they were too small and
‘incorrectly distributed.

It has been speculated that free boron may also segregate to the austenite-inclusion in-
terface and decrease the interfacial energy, thereby reducing the nucleation potency of the
inclusion (Jones et al., 1993). However, research conducted by Yamamoto et al. (1996) has
revealed that whilst free boron does segregate to Ti,Og particles, it does not remain at the
interface, but it is absorbed into cation vacancies in the Ti,O4 (section 3.2.4). The nucleation
potency of the particle is therefore unaffected. However, the nucleation potency of the boron
covered austenite grain boundaries is reduced, so that the volume fraction of acicular ferrite
increases.

A recent paper by Bhadeshia and Svensson (1993) has revealed that the amount of Wid-
manstétten ferrite is also considerably reduced by small additions of boron. Data published by
Thewlis (1994) reveals similar trends. This further increases the potential for acicular ferrite
formation. Indeed, Widmanstétten ferrite is almost completely absent in those welds contain-
ing over 50 ppm wt boron. Bhadeshia and Svensson explained that this was indirectiy due
to boron’s role in retarding the heterogeneous nucleation of allotriomorphic ferrite along the
austenite grain boundaries. Widmanstétten ferrite is often found to nucleate on allotriomor-
phic ferrite grains. Each allotriomorphic ferrite grain may only have an orientation relationship
with one of the adjacent austenite grains. Therefore, because of its displacive mechanism of
transformation a Widmanstétten ferrite plate can only nucleate on one side of an allotriomorph.
Boron additions are known to reduce the number of allotriomorphs considerably, so that the
.few_' which nucleate tend to grow along the grain boundaries. This effectively suppresses the
nuéleation rate of Widmanstéatten ferrite. In conclusion, it seems that boron’s role in promot-
ing the nucleation of acicular ferrite is indirect and concerned with retarding the nucleation
of allotriomorphic and Widmanstétten ferrite along the austenite grain boundaries. Boron’s

direct influence upon the intra-granular transformation to acicular ferrite remains uncertain.
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3.5 Other Inclusion Effects

3.5.1 Ozygen Content and the Inclusion Population

Inclusions are formed due to the dramatic decrease in the solubility of oxygen in steel with
decreasing temperature. Clearly then, the weld metal oxygen content will have a considerable
influence on inclusion characteristics, and thus the y-a transformation. Indeed much of the
early research on the relationship between inclusion characteristics, the volume fraction of aci-
cular ferrite and weld metal toughness focused upon the oxygen content of the weld metal. Ito
and Nakanishi’s classic 1976 paper first revealed how the weld metal oxygen content effects the
'y-d phase transformation. At very low oxygen levels a predominantly bainitic microstructure
is obtained. Increasing the oxygen concentration above this promotes the formation of acicular
ferrite. However, too large an increase leads to a dramatic reduction in the measured volume
fraction of acicular ferrite, which is replaced by grain boundary nucleated allotriomorphic and
-Widmanstétten ferrite (Abson and Dolby, 1978; Barritte and Edmonds, 1981; Ito et al., 1982;
Ferrante and Farrar, 1982; Harrison and Farrar, 1981; Liu and Olson, 1986).

This behaviour may be rationalised by considering the two main effects of inclusions upon
the austenite to ferrite transformation; the intragranular nucleation of acicular ferrite and the
pinning of the austenite grain boundaries (Barritte and Edmonds, 1981). If the oxygen content
is very low (< 150 ppm wt) both the volume fraction and the number density of inclusions are
reduced to such an extent that the potential for the intragranular nucleation of acicular ferrite
is extremely limited. Therefore, conventional bainite is the dominant microstructural product.
The volume fraction and number density of inclusions rises as the oxygen content is increased.
The number of suitable intragranular nucleation sites therefore multiplies, stimulating the
nucleation of a larger volume fraction of acicular ferrite. 200 to 300 ppm wt of oxygen is
associated with a microstructure predominantly consisting of acicular ferrite. Increasing the
oxygen content beyond this promotes the formation of larger volume fractions of boundary
nucleated allotriomorphic and Widmanstétten ferrite, at the expense of acicular ferrite. In
these high oxygen welds the austenite grain size is much finer, because the high density and
volume fraction of inclusions restricts austenitic grain growth. This decreéses the potential for
intragranular acicular ferrite nucleation. Several recent studies (St-Laurent and L’Espérance,
- 1992; Lee, 1994) have attempted to address this problem by separating inter- and intra-granular
nucleation in a quantitative manner. Both approaches have serious limitations (they ignore
“alloy hardenability, cooling rate and boron segregation), but they do demonstrate certain

important phenomena and are therefore to be recommended.
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Cochrane and Kirkwood (1978) have suggested that in high oxygen weld metals, more
inclusions are located at the austenite grain boundaries, where they increase the rate of allotri-
omorphic ferrite nucleation. Lee (1994) found that the proportion of inclusions located at the
austenite grain boundaries increased from 15 to 35 % when the observed grain size decreased
from 180 to 80 pum. Other authors have noted that some inclusions are located at the austenite
grain boundaries (Liu and Olson, 1986 and Fleck et al., 1986). Calculations by Harrison (l1983)

reveal that inclusions are particularly potent when they lie in the grain boundary plane.

3.5.2 Primary and Secondary Nucleation of Acicular ferrite

Barritte et al. (1981) claim that secondary laths of acicular ferrite nucleate on inclusion
nucleated primary laths (Figiire 3.11). Work by Barbaro (1990) and Zhang and Farrar (1996)
supports this hypothesis. Zhang and Farfa.r noted that secondary nucleation only occurred
in those regions of in situ water quenched welds (section 3.2.2) which were subjected to the
largest undercooling before quenching. These secondary laths were normally smaller than the
primary laths and appeared to fill the space between the primary laths in the austenite matrix.
The net result was the fine interlocking structure that is known as acicular ferrite. A single
' inclusion can, however, nucleate more than one acicular ferrite lath to form a ‘rosette’ or

‘starlike’ structure (Dowling et al., 1986; Zhang and Farrar, 1996).

Primary laths

Figure 3.11 Ilustration of the primary and secondary nucleation of laths of acicular ferrite.

3.5.8 Inclusion Size and Volume Fraction

Increasing the weld metal oxygen content dramatically increases the measured volume

fraction of inclusions (Ito et al., 1982; Jang and Indacochea, 1987). Liu and Olson (1986)

70



CHAPTER THREE — Inclusion Nucleation Potency

found that both the number density and the volume fraction of inclusions increased with
increasing oxygen and sulphur concentrations. Work by Kluken and Grong (1989) noted that
the measured volume fraction of inclusions in low alloy welds generally falls within the range
0.0017 to 0.0027. The following equation was found to describe the volume fraction of inclusions

~ in the Si-Mn deoxidised welds they studied:
f, = [5.0(wt % Oxygen) + 5.4(wt% Sulphur — 0.003)] x 102 (3.5)

The influence of the oxygen content upon inclusion size is not so well understood. It can
be argued that increasing the concentration of oxygen cause a greater supersaturation upon
cooling and éonsequently a higher nucleation rate. Thus, a decrease in the mean inclusion
size might occur as the oxygen content is increased. Were this to be the case, it would give
an exceptionally dense distribution of fine inclusions that should be particularly effective at
' pinning the austenite grain boundaries. A number of studies have, however, concluded that
with an incréasing oxygen content, the mean inclusion size increases (Pargeter, 1981; Cochrane
et al., 1983; Ferrante and Farrar, 1982). Other studies have shown the opposite or no variation
(Liu and Olson, 1986). These discrepancies might be due to the resolution achieved in the
different studies (Liu and Olson, 1986). On balance it seems reasonable to assume that inclusion
size does not vary significantly with increasing weld oxygen content. However, a larger volume
fraction of inclusions will form and greater austenite grain boundary pinning might result.
Pargeter (1981) noted that the effect of the oxygen content on inclusion size was most
apparent in high heat input (~ 6 kJ mm~!) welds. He postulated that the slower cooling rates
experienced in these welds, would reduce the inclusion nucleation rate and increase the time
available for diffusional growth, coalescence and Ostwald ripening. Kluken and Grong (1989)
observed that the mean three-dimensional inclusion size increased from 0.33 to 0.70 pm, as
the heat input was increased from 1 to 8 kJ mm~!. They found that the following equation

described the mean three-dimensional inclusion diameter:
d, (mm) =~ 0.35(nE)'/3 ' (3.6)

where E is the electrical energy input per unit length (kJ mm~!) and 7 is the arc transfer

efficiency. Svensson (1994) argues that the very small diffusion distances and high diffusivity
' in the ‘cold’ zone, described by Grong et al. (1986), allows diffusional growth to be completed
in a fraction of a second. Growth via the coalescence of colliding inclusions is limited in the
relatively stagnant ‘cold’ zone. This indicates that Ostwald ripening (diffusional coarsening
driven by the o~y interfacial energy) is probably the dominant growth mechanism.
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Increasing the weld metal aluminium concentration might also be expected to influence the
size and volume fraction of inclusions. However, Kluken and Grong (1989) found that, whilst
a higher fraction of coarse inclusions (> 1 pm) was associated with an increased aluminium
content, the mean three-dimensional inclusion size and inclusion volume fraction did not vary
significantly. This behaviour may be rationalised as follows. The higher volume fraction of
. coarse inclusions could be due to the high interfacial energy of inclusions primarily composed
of Al,O,. This is thought to increase the rate at which they coarsen and/or coagulate during
cooling. However, the weld pool will be deoxidised by the strongest oxide former available, so
if insufficient aluminium is available other elements such as titanium will form oxides, and the

volume fraction of inclusions should remain approximately constant.

38.5.4 Zener Pinning of the Austenite Grain Boundaries by Inclusions

Inclusions are thought by some authors to restrict the growth of the austenite grain bound-
aries during the welding thermal cycle (Harrison and Farrar, 1981; Liu and Olson, 1986; 'Fleck
et al., 1986). Barritte and Edmonds (1981) concluded that the inclusion population' and |
austenite grain size are inter-related and can control weld microstructure. They found that
increasing the weld oxygen content from 0.025 to 0.068 wt % reduced the austenite grain size
- from 150 to 60 um. This increases the volume fraction of grain boundary nucleated phases
such_ as allotriomorphic and Widmanstétten ferrite and reduces the volume fraction of acicular
ferrite, irrespective of inclusion nucleation potency (Farrar et al., 1993).

However, experiments performed by Bhadeshia et al. (1986b) revealed very different re-
sults. They found that the austenite grain size in as-deposited submerged-arc welds remained
invariant when the oxygen content was increased from 0.012 to 0.042 wt %. They suggested

that the Zener grain growth theory deals solely with the hindrance of the grain boundary
' motipn. The application of this theory to as-deposited weld metals is not justified because
the austenite grains form from §-ferrite during continuous cooling. The driving force for the
- 0-ferrite to austenite transformation, which increases as the undercooling increases, would be
sufficient to overcome any such boundary pinning effects. However, Bhadeshia et al. con-
sidered that pinning effects during grain coarsening might be important after the §-ferrite to
austenite transformation is completed, if the initial austenite grain size is extremely fine. They
suggest that experiments to the contrary refer to the reheated weld metal, where the austenite

grain size is related to a Zener type coarsening reaction driven by the austenite grain boundary

interfacial energy.
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Modelling Simultaneous Transformation Kinetics

This chapter outlines an adaptation of the classic Johnson—-Mehl-Avrami theory for overall
transformation kinetics which allows simultaneous transformations to be rigorously described.
These methods are used to model the competitive formation of intergranularly nucleated allotri-
omorphic ferrite and intragranularly nucleated idiomorphic ferrite. A model which describes
the simultaneous decomposition of austenite into intergranularly nucleated allotriomorphic fer-
rite, Widmanstéatten ferrite and pearlite is also discussed. These models are demonstrated to
' reprdduce known metallurgical trends, and are shown to be of use in the design of steels. Note

that the research presented in section 4.1.1 was conducted in collaboration with J. Robson and

. Dr. HK.D.H. Bhadeshia.
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4.1 Simultaneous Reactions — Randomly Nucleated

4.1.1 Analytical Illustration

The classic Johnson—-Mehl-Avrami theory for overall transformation kinetics is described
in section 2.1. This theory is, however, restricted to the precipitation of a single phase from
the parent. In this section the theory is modified to treat the occurrence of two or more
simultaneous reactions. Consider first a case in which a and [ precipitate at the same time
from the parent phase which is designated . It is assumed that the nucleation and growth
rates do not change with time and that the particles grow isotropically. The increase in the
extended volume due to particles nucleated in a time interval 7 to 7 + dr is, therefore, given

by:

dve = %wGi(t -7’V dr and, dVj= f;-nag(t — 7)1,V dr (4.1)

where G, Gg, I, and ], 5 are the growth and nucleation rates of a and S respectively, all of
which are assumed here to be independent of time. V =V, +V,, + Vj is the total volume
~ of the System. For each phase, the increase in extended volume will consist of three separate

parts. Thus, for a:

(1) « which forms in untransformed 7.
(2) o which forms in existing a.

(3) o« which forms in existing 3.

Only a formed in untransformed 7 will contribute to the real volume of a. On average
a fraction [1 — (V,, + V})/V)] of the extended volume will be in previously untransformed
material. It follows that the increase in the real volume of « in the time interval t to ¢ + dt is
given by:

V,+V, VotV
av, = (1 -2 v ﬁ) avs and similarly for 3, dVﬂ = (1 - a:/_ ﬁ) dVE (4.2)

In general, V,, will be some complex function of V5 and it is not possible to integrate these
expressions to find the relationship between the real and extended volumes. However, in céftain
simple cases it is possible to relate V,, to Vs by multiplication with a suitable constant K, in
which case V; = KV,,. The equations relating the increment in the real volume to that of the
extended volume can therefore be written as:

| V. +KY, Vs + KV,
v, = (1 - %) dVy and, dV;= <1 - %) avg  (43)
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These may then be integrated to find an analytical solution relating the extended and real
volumes analogous to that for single phase precipitation:
Ve -1 V., V5 -K [ Vs (1 +K)]
o — 2o L =" _In(l--5{— 44
Vv 1+K1’“[]L V(1+K)] and, ¥ EiTR v K (44)

The total extended volume of each phase at the time ¢ is found by integrating equations 4.1

with respect to 7 between 7 = 0 and 7 = ¢. Eliminating V; and Vj gives:

¢, = (ﬁ) (1 —exp [—%(1 + K)Ggfat‘*]) (4.5)

() ()

These equations resemble the well known Avrami equation 2.8 for single phase precipifation,
with additional factors to account for the second precipitate phase. When the fractions of
both precipitating phases are small, the equations approximate to the expressions for each
phase precipitating alone. This is because nearly all of the extended volume then lies in pre-
viously untransformed material and contributes to the real volume. It is. poséible for constant
nucleation and growth rates to calculate explicitly the value of K, which is given by:
_ Vs _ LsGp

K=y =103

(4.7

Some example calculations for the case of constant growth rate are presented in Figure 4.1.
‘When the nucleation and growth rates of @ and 3 are set to be identical, their transformation
curves superimpose and each phase eventually achieves a maximum fraction of 0.5 (Figure 4.1a).
When the nucleation rate of 3 is set to be twice that of , then for identical growth rates, the
terminal fraction of 3 is twice that of a (Figure 4.1b). The case where the growth rate of 8
is set to be twice that of o (with identical nucleation rates) is illustrated in Figure 4.1c. The
final volume fraction of the 3 phase is then eight times that of the o phase because volume

fraction is a function of the growth rate cubed.
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Figure 4.1 An illustration of the kinetics of two reactions occurring simultaneously, both
_ of which nucleate randomly and grow in a linear manner. (a) Both phases have identical
nucleation and growth rates; (b) Identical growth rates but with 8 nucleating at twice the rate
of a; (c) Identical nucleation rates but with 3 growing at twice the rate of a.
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4.1.2 Numerical Solution

Whilst the analytical method is more transparent, a numerical procedure is appropri-
ate when the boundary conditions for nucleation and ‘growth change during transformation.
Consider a system with n precipitating phases which nucleate randomly and grow via their
individual mechanisms. The change in the real volume of the phase j in the time interval ¢ to

t+ At is:

N VA
AV, =( e )AVf (4.8)

where AVF is the corresponding change in the extended volume of the phase j in the same
time interval, V; is the real volume of the i’th phase at the time ¢ and V is the total volume
of the assembly. AVF may have a contribution from all particles nucleated since the start of

transformation to t = mAt, where m is an integer such that mAt¢ is the current time ¢, so that:

Z(V AT (v, L AL) (4.9)
k=0
where v; . is the rate of change of extended volume of a particle of the phase j which nucleated
between kA7 and (k + 1)A7, during the current time interval mAt to (m + 1)At. I, is the
nucleation rate per unit volume of the phase j during the time interval kA7 to (k + 1)Ar.
VI, . At is the number of extended particles of j nucleated in this time interval. At and A7

are taken to be numerically identical.

The instantaneous value of AV}, together with the corresponding changes in the real
volumes of the other n — 1 phases, is used to update the total real volume of each phase at the

time ¢ 4+ At in a computer implemented numerical procedure by writing:

Vigrar=V;e+AV;  for  j=1...n (4.10)

so that a plot of the real volume of each phase can be obtained as a function of time. The
growth and nucleation rates can also be updated during this step, should they have changed
because of solute enrichment in the untransformed parent material or because there is a change

in temperature during continuous cooling transformation.(®)

(1) The theory shown assumes, for clarity, that the time step (i.e. At and A7) remains
‘invariant throughout the course of the transformation. However, to model transformations in
real systems necessitates the use of a variable time step to minimise the computational effort.
For example, a small time interval is appropriate at the start of transformation but a longer
time interval is required as the transformation nears completion.
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4.2 Simultaneous Reactions — Boundary Nucleated

The analysis for boundary nucleated simultaneous reactions presented below is a numerical
adaptation of the general method due to Cahn (1956), in which there are two applications of
extended space, the first applying to the gradual elimination of free grain boundary area and
the second to the gradual elimination of the volume of untransformed material (section 2.1.2).
Consider a planar boundary of area Op (which is equal to the total grain boundary area per
unit volume in the assembly) in a system with n precipitating phases, where O, , is the total
real area intersected by the i’th phase on a plane parallel to the boﬁndary but at a distan_ée Y

normal to that boundary at the time ¢, then for the j’th phase:

2?:10’, e
AO;, = <1 - O—B”’) A0S, | (4.11)

-where AQ; , is the change in the real area intersected with the plane at y by the phase j,
during the small time interval ¢ to ¢ + At. AOj, is similarly, the change in the extended
area of intersection with the same plane at y. This may have a contribution from all particles

nucleated since the start of transformation to t = mAt, where m is an integer such that mAt

is the current time ¢, so that:
m
AO5, = E(OBI 5 kAT (A, k , AL) (4.12)
k=0

where A; ,  is the rate of change of the extended area of intersection on plane y of a particle
of the phase j which nucleated between kA7 and (k + 1)A7, during the current time interval
mAt to (m + 1)At. I, is the nucleation rate per unit area of the phase j during the time
interval kAT to (k + 1)A7. Opl; At is the number of extended particles nucleated in this
time interval. Note that At and At are taken to be numerically identical. AO; ,, is then used
to update the total real area of intersection of the phase j with the same plane at y at the

time ¢ + At by writing:
Oj,y,t+At - Oj,y,t + AOj’y fOl‘ j = 1 oo (4.13)

To obtain a change in the extended volume of the phase j on one side of the boundary, it
is necessary to integrate as follows:

mazr

qJ

dvy = / do, , dy (4.14)
y=0

where the integrand dO; ,, is equivalent to AO;, and g7*** is the maximum extended size of a

particle of phase j in a direction normal to the grain boundary plane. Thus, the change in the
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extended volume of the phase j on one side of the boundary in the time interval ¢ to ¢ + At
may be numerically evaluated as:

max

a; .
AVE=Ay ) AO;, (4.15)
y=0
where Ay is a small interval in y. Therefore, the corresponding change in the real volume after

allowing for impingement with particles originating from other boundaries is:

=2,V
AV, = (1 - —-;/1—) AVF (4.16)

where V; is the real volume of the ¢’th phase at the time . The instantaneous value of AV},
‘together with the corresponding changes in the volumes of the other n — 1 phases, can be used
* to calculate the total real volu_me of each phase at the time ¢ + At in a computer implemented
numerical procedure by writing:

'V:?.,t-*-At = ‘/;.,t + AV,’ fOI' j = 1 .M (4..17)

_so that a plot of the fraction of each phase can be obtained as a function of time. The growth
and nucleation rates can also be updated during this step, should they have changed because
of solute enrichment in the untransformed parent material or because there is a change in

temperature during continuous cooling transformation.(!)

4.3 Simultaneous Formation of Allotriomorphic and Idiomorphic Ferrite

4.8.1 Introduction

It is well established that a refinement of the steel microstructure leads to an improvement
in both the strength and toughness. Since ferrite generally nucleates at the austenite grain
surfaces, the steel microstructure can be made finer by reducing the size of the austenite grains,
thus providing a greater number density of nucleation sites. An alternative (or complementary)
approach is to introduce additional heterogeneous nucleation sites in the form of finely disbersed
and carefully chosen non-metallic particles. These act as sites for the intragranular nucleation
of ferrite (Ito and Nakanishi, 1976; Imagumbai et al., 1985; Ochi et al., 1988; Ishikawa et al.,
1994; Ishikawa; Takahashi et al., 1995; Linaza et al., 1993).

A microstructure in which the ferrite is nucleated at both the austenite grain surfaces and
at intragranular sites also tends to be more random. It presents many more crystallographic

orientations of ferrite per unit volume of sample, so that propagating cleavage cracks are
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frequently deflected. This leads to an improvement of toughness beyond that expected from
grain refinement alone. - '

Much of the work in the development of steels which rely on intragranularly nucleated
ferrite has been done empirically. In other contexts, attempts at modelling continuous cooling
transformations involving simultaneous reactions have assumed that the different reactions
occur successively (sections 2.3 and 2.4). The aim here was to develop an overall transformation
kinetics model (Appendix One) capable of treating the simultaneous formation of ferrite from
a variety of different nucleation sites, by adapting the classical Johnson-Mehl-Avrami theory.
Modelling the simultaneous formation of both intra- and inter-granularly nucleated ferrite (i.e.
allotriomorphic and idiomorphic ferrite) is then straightforward using equations very similar to
those discussed earlier (sections 4.1.2 and 4.2). In this case only one phase is forming, however,
it is nucleating at two different types of site. Therefore, in this section the subscript j = 1
is used to distinguish allotriomorphic ferrite nucleated at the austenite grain boundaries from
intragrénularly nucleated.idiomorphic ferrite which is given the subscript j = 2.

- The boundary model is modified slightly, because only allotriomorphic ferrite nucleates
along the austenite grain boundaries. Therefore, removing the summation term from equa-

tion 4.11 yields: :
A0, , = ( — %}’:)AO?W (4.18)
The competition between allotriomorphic and idiomorphic ferrite particles for the untrans-
formed volume of austenite is modelled by using equation 4.16 (where j has been redefined as
above) to determine how the real volumes of allotriomorphic and idiomorphic ferrite change
during each time interval. Thus for allotriomorphic and idiomorphic ferrite respectively:

_hth
v

_hth

av = (1
|4

)AV{’ and, AV, = (1 )Av:; (4.19)

4.3.2 Allotriomorphic Ferrite

The nucleation and growth of allotriomorphic ferrite has been described by modelling the
allotriomorphs as discs (Figure 4.2) having their faces parallel to the nucleating grain boundary
plane (Bhadeshia et al., 1987; Reed and Bhadeshia, 1992). The discs are assumed to grow on
both sides of the parent boundary under paraequilibrium conditions, so that the half-thickness
g, of each disc during isothermal growth is given by:

q =9t —7)? (4.20)

where 1 is the one-dimensional parabolic thickening rate constant. The growth rate slows down

as the concentration gradient ahead of the moving interface decreases to accommodate the
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carbon that is partitioned into the austenite. The growth rate parallel to the grain boundary
plane is taken to be three times that normal to it, giving a constant aspect ratio n; of 3.0

(Bradley and Aaronson, 1977), so that the disc radius is 7,¢;-

Spherical idiomorph of ferrite
°
o
Inclusion ° #
®

Q .

)

/ “ \

Disc of allotriomorphic ferrite

Austenite grain surface

Figure 4.2 Illustration of the morphologies used to model the simultaneous formation of
allotriomorphic and idiomorphic ferrite.

For non-isothermal growth the change in thickness during a time interval dt is given by

differentiating equation 4.20 to give:
1 _1
dg, = Eﬁ(t —T)72dt (4.21)

Therefore, for a particle nucleated at kA7 the half-thickness at the time (m+1)At is evaluated
numerically as:

1 _1
91, (m+1)Aat = Amat T §z9(mAt — kAT) 3A (4.22)

The rate of change of area of intersection on a plane y of a disc of allotriomorphic ferrite

nucleated at kA7, at the time mA¢, is taken as:

Ay gy = T (41, (m+1)at > V) (4.23)

81



CHAPTER FOUR — Modelling Simultaneous Transformation Kinetics
Ay gy = (WU?Q%,(m+1)At) /At (91,(m+1)at = ¥) (4.24)
Alpy=0 (@1, (m+1)at < Y) (4.25)

Since the ferrite allotriomorphs can grow into both of the adjacent austenite grains, if follows

from equation 4.15 that:

ma»

aQ )
AVE=2Ay ) AO;, (4.26)
y=0

To validate this numerical method precipitation was restricted to a single phase 8 which
could only nucleate on grain sﬁrfaces. Figure 4.3 shows two plots of the volume fraction of
. B at any instant in time; one curve was calculated using an analytical equation 2.38 due
'to. Bhadeshia et al. (1987) which describes the microstructural evolution of a single phase
with a parabolic growth mechanism which nucleates at a grain surface; the second curve was
determined numerically using the method outlined above. To allow direct comparison between
these predictions the equilibrium volume fraction of B in the analytical equation was assumed
to be. unity, whilst in the numerical procedure both the one-dimensional parabolic thickening
- constant and the nucleation rate remained invariant during transformation. It is apparent that

the numerical method is equivalent to the analytical approach.

: 1.0 C[---- Numerical
2 o8k |------- Analytical
8 0.6} IR Ty
s 04] —me T
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Figure 4.3 The evolution of a single phase 8 with parabolic growth characteristics which is
nucleated along the grain surface of the parent phase. Two curves are presented; one was
determined using an analytical approach (equation 2.38) due to Bhadeshia et al. (1987) and
the other using a numerical technique (section 4.3.2).

The one-dimensional parabolic thickening constant ¥ is obtained by solving (Christian,

1975):
1
D\?2 92 )
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where the supefsaturation Q is:

. -7

where z7* and %7 are the paraequilibrium carbon concentrations in austenite and ferrite
respectively at the interface, obtained using a calculated multicomponent phase diagram
(Bhadeshia, 1982c), T is the average carbon concentration of the austenite and D is a weighted
average diffusivity (Trivedi and Pound, 1967) of carbon in austenite, given by:

_ 7 D{z} dz

D= | 222 (4.29)

e
where D{z} is the diffusivity of carbon in austenite at a particular concentration of carbon
(Bhadeshia, 1981a).
Classical nucleation theory (Christian, 1975) is used to model the nucleation rate of al-

lotriomorphic ferrite on the austenite grain boundaries, with the nucleation rate per unit area

kT Gi+Q ™
I = C“T exp <_R—T> €exp ( ; ) (4.30)

where h is the Planck constant, k is the Boltzmann constant, T is the absolute temperature,

of boundary given by:

C, =4.86x10'°m2 is a fitted constant, R is the universal gas constant and Q = 200kJ mol~!
is a constant activation energy representing the barrier to the transfer of atoms across the
interface. The activation energy for nucleation, 1 = Cyo®/AG?,, where o = 0.024 Jm~2
represents the austenite-ferrite interfacial energy per unit area. C, is another fitted constant
(4.19 for an austenite boundary free of soluble boron and 5.53 for a boundary saturated with
soluble boron) and AG,,, is the maximum chemical free energy change per unit volume available
for nucleation (Bhadeshia, 1982c). The second exponential term relates to the achievement
of a steady-state nucleation rate; 7* = n2h(4a,kT) ! exp(Q/RT), where n, is the number of
atoms in the critical nucleus and a, is the number of atoms in the critical nucleus which are

at the interface.

4.3.8 Idiomorphic Ferrite

The random nucleation and growth of idiomorphic ferrite on non-metallic particles has
been described by modelling the idiomorphs as spheres (Figure 4.2) which grow parabolically
under paraequilibrium conditions. For non-isothermal growth the rate of change of the ex-
tended volume of a particle of idiomorphic ferrite which nucleated at kA7 at the time mAt
is: . '

Uy, = 2mE3(MAL — kAT)1/2 (mAt > kAT) (4.31)
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Ug = %mg%tl/? (mAt = kA7) (4.32)

where ¢ is the three-dimensional parabolic thickening parameter which is given by Christian

(1975) as: » s
T — %)

§= [2%(5,—_3;] (4.33)

To examine the validity of this numerical technique a single phase 8 was permit‘ted to
nucleate intragranularly (i.e. randomly). Figure 4.4 illustrates two plots of the volume fraction
of B versus time; one curve was predicted using an analytical approach due to Johnson, Mehl
and Avrami (equation 2.14) which describes the microstructural evolution of a single phase
with parabolic growth characteristics which nucleates randomly in the volume of an assembly;
the other curve was found numerically using the method detailed above. To facilitate direct
.comparison between these calculations the equilibrium volume fraction of 3 in the analytical
equation was taken to be unity, whilst in the numerical method both the three-dimensional

parabolic thickenihg parameter and the nucleation rate were invariant. The numerical method

is thus demonstrated to be equivalent to the analytical procedure.
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Figure 4.4 The evolution of a single phase 3 with parabolic growth characteristics which
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