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Summary

The precipitation behaviour of a commercial austenitic stainless
steel, REX 734, containing large additions of nitrogen and niobium, has
been investigated. The stability of the steel was examined with respect
to the formation of various carbide, nitride and intermetallic phases,

during ageing treatment and under welding conditions.

The relevant published work on precipitation in austenitic stainless
steels and welding joints is reviewed and the experimental techniques used

are described.

After solution treatment at 1300°C, six different phases precipitated
in the steel during ageing between 600-1000°C: Z phase, M23C6, X phase, ¢
phase,Cer and ¢ phase. The structures, morphology and composition of the
precipitating phases were determined and the precipitation sequences
established. Z phase was the first formed phase at all ageing
temperatureé and occurred at grain boundaries, twin boundaries and on
dislocations in the austenitic matrix. Intragranular Z phase always
showed a consistent orientation relationship with the austenitic matrix.
The M23C6 carbide precipitation followed that of Z phase and was observed
in the temperature range 600-800°C. The high nitrogen content of the
steel was found to slow down the M23C6 precipitation. This effect appears
to be related to the fact that nitrogen is not soluble in the carbide. X
phase precipitation was detected at higher temperatures and longer ageing
times than for M23C6 carbide formation, and was found to be associated
with M2306 particles. The x phase precipitation was more dominant than
that of o phase which precipitates only at 900¢°C. Cr2N precipitation
occurred at grain boundaries after long ageing times in the temperature
range 800-900°C, usually following the dissolution of M23C6 particles.
Finally, a face-centred cubic ¢ phase was observed at 1000°C which formed

around Z phase particles.

iv



In the as-welded condition a duplex structure (Y+§) was usually
observed in the fusion zones. The § ferrite, which resulted from
segregation during the solidification process, was found to increase in
volume fraction with decreasing nitrogen content in the weld deposits when
the welding process was changed. The intermetallic X and ¢ phases were
found to precipitate exclusively at the Y/§ interfaces. The presence of §
ferrite enhanced the precipitation of these intermetallic phases which
formed in preference to M23C6 and Cr2N which were absent in the welds.
Precipitation of Z phase was observed on dislocations in the austenitic

matrix.

A discussion on the precipitation behaviour of REX 734 is presented
and conclusions are drawn from the results obtained. Finally suggestions

are made concerning possible future work.
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1. INTRODUCTION

Austenitic stainless steels are used frequently in highly corrosive
environments, such as those found in the petrochemical and chemical
industries and in marine applications. A major problem often associated
with these alloys is that during welding, or slow cooling from high
temperatures, or ageing of the material in the temperature range 550-900°C,
chromium-rich carbide, M23C6, is found to precipitate1, reducing the
concentration of chromium in the matrix to such an extent that the
corrosion resistance of the alloy is reduced. This is particularly true
at the grain boundaries, where enhanced precipitation and the resulting
chromium depletion can 1lead to intergranular corrosion. Furthermore,
grain boundary precipitation of M23C6 (the M components are metalliec
atoms, notably chromium) causes room temperature embrittlement, which

becomes more pronounced at lower temperatures.

The addition of stabilizing elements, such as Nb or Ti, has been found
to be the most effective method of alleviating the problem. The carbides
of these elements form, in preference to the chromium carbides, and thereby

prevent chromium depletion leading to grain boundary corrosive attackz.

Alternatively, the carbon content of the alloy can be reduced to a
level (~ 0.03 wt %) at which the precipitation of the carbides is no longer
a serious problem. Unfortunately, carbon in interstitial solid solution
makes an important contribution to the strength of these steels at room
temper'atur*e,3 and its removal requires some compositional modifications to
compensate for the loss in strength. Carbon also stabilizes austenite and
its remgval requires an increase in Ni content, or of some other
austenite-stabilizing element, to ensure a completely austenitic

structure at ambient temperatures.

It is not surprising, therefore, that attention has been increasingly
directed towards nitrogen as a potential alloying element in austenitic

stainless steels, as nitrogen confers similar benefits to carbon but



without the detrimental effects which accompany the use of carbon.,

The earliest work on the development of nitrogen containing
austenitic stainless steel was in Germanyu during World War II, and made
use of the austenite-stabilizing characteristic of this element (eﬁg. as a
substitute for Ni). The modern approach involves steels containing at
least 8 wt % and usually 10 wt % or more Ni; the purpose of the addition of
N is to produce higher sﬁrength levels, particularly with respect to proof
stress, without increasing the concentration of metallic alloying

elements.

Recently a combination of high Cr with N and Nb additionsaﬁ, in
commercial austenitic steels, has been shown to give good weldability,
adequate general corrosion resistance and excellent pitting corrosion.
Improvements of creep properties in austenitic stainless steels have been

achieved by the addition of boron, N and V! =2 or Ti%10 op Np8~11,

In addition, nitrogen-rich steels are claimed to be more stable with
respect to the formation of embrittling phases such as sigma12'13, which
may form during welding, especially if multi-run techniques are used since
the effective time for precipitation is increased in such cases. Recently

14 showed that the presence of N, even in relatively small amounts (0.1

Tuma
wt %), reduces precipitation of M23C6 without suppressing it entirely, and
also partially modifies the amount of the types of phases precipitated.
However, relatively little is known about the nature of precipitation in
austenitic stainless steels containing large quantities of nitrogen
together with a nitride-forming element other than chromium, and this is

particularly the case in welding applications.

The aim of the present project was to investigate the thermal
stability of a commercial austenitic stainless steel containing additions
of nitrogen and niobium, during ageing as well as under welding conditions,
with respect to the formation of various carbides, nitrides and

intermetallic phases.



2. CARBIDES AND INTERMETALLIC COMPOUNDS IN AUSTENITIC STAINLESS STEELS

2.1 Introduction

The chemistry of commercial austenitic stainless steels is usually
adjusted to meet specific design parameters consistent with service life
demands. Austenitic stainless steels are widely used in corrosive
environfnents, often at elevated temperatures. They are also an important
group amongst the construction steels becéuse they do not undergo a
ductile/brittle transition which causes so many problems in ferritic
steels. In order to preserve the face-centred cubic austenite phase at
room témperature, and achieve corrosion resistance and adequate mechanical
properties, sufficient alloying elements have to be added. Therefore, it
would be constructive to make a brief review of the éonstitution of
austenitic stainless steels and precipitation in austenite. In this
chapter, consideration will be given to published information regarding
the occurrence of common carbides (e.g. M23C6, MC) and intermetallic
compounds (e.g. 0, X, Laves phases) fourlld' in alloys related to the base

alloy chosen for the experimental work, 21 wt % Cr, 9 wt % Ni.

2.2 Constitution of Y Stainless Steel

The constitution diagrams pertaining directly to the study of iron-
base austenitic alloys of technical interest are complex, since at least
four components are involved. In practice, predictions regarding the
constitution of these alloys must normally be based largely on the

information provided by the relevant binary and ternary systems.

The binary iron-chromium equilibrium diagram (Fig 2.1)15 shows that
the largest phase field is the b.c.c substitutional solid solution of
chromium in iron, analogous to the o ferrite formed in the Fe-C system.

The ferrite is normally referred to as delta ferrite, because in these



steels the phase can have a continuous existence from the melting point to
room temperature if the Cr content is high enough. The other phases which
occur in the binary Fe-Cr system are austenite'(a face-centred cubiec,
paramagnetic phase) and o phase (a tetragonal intermetallic phase). The
diagram shows that chromium restricts the occurrence of the Y-1loop, and
this favours the formation of ferrite. Many other common substitutional
alloying elements have the same effeét as chromium in restricting the
formation of Y-iron, causing the Y-area of the diagram to contract, for
example. Silicon, molybdenum, aluminium, titanium, vanadium and niobium

fall into this category and are known as ferrite stabilizers.

The addition of an interstitial element, carbon (Fig 2L2)16

or
nitrogen (Fig 2.3)17 » to the binary alloy extends the Y-loop to higher
chromium contents, and also widens the (a+Y) phase field up to 0.3 wt % of
either C or N. There is little evidence to compare their relative
effectiveness, but comparison of the slopes of the lower boundaries of the
Y phase fields in the Fe-C and Fe-N binary system18 suggests that carbon
is the more effective austenite-stabilizing element. Both elements are

the most effective solid solution strengtheners available.

The other effect of carbon and nitrogen is to introduce carbides and
nitrides to the structure, as indicated in Figs 2.2 and 2.3. In the
austenitic steels M23C6 is the most significant carbide formed, and it can
have a substantial detrimental influence on corrosion resistance. In this
respect, nitrogen is more useful as it can r'educe14 the precipitation of
M23CG. Moreover, the proof strength of a Cr-Ni austenitic steel at
concentrations up to 0.25 wt % N can be nearly doubled3. However, the
presence of nitrides suéh as Cr2N and CrN can also impair the corrosion

resistance of austenitic stainless steels containing high nitrogen.

The extent of the sigma-phase field in Fe-Cr-Ni ternary system is
reduced by the addition of either carbon or nitrogen19. This is probably
not because of the effect of these elements on the relative stabilities of
the Y and o phases, but rather because stable compounds are preferentially
formed with chromium. In this way the matrix is depleted of chromium and
is therefore less liable to form the sigma phase. However, workers such as

20

Weiss and Stickler have proposed that "less stable" chromium=-rich



phases may act as favourable nucleation sites for o phase precipitation in
austenitic stainless steels. The authors have provided evidence for the
nucleation of ¢ phase at M23C6 particles which were in the process of

dissolving.

The important substitutional alloying elements in steel which extend
the Y field are nickel and manganese (Fig 2.4)17. When sufficient
alloying element is added, it is possible to preserve the face-centred
cubic austenite at room temperature, either in a stable or metastable
condition. In practice the equilibrium state is difficult to attain in
the low témperature range since the rate of diffusion is quite low. Under
normal cooling rates insufficient time is allowed for this equilibrium to
be attained, and a marked hysteresis between the transformation
temperatures on heating and cooling may be seen in the iron-nickel
transformation diagram (Fig 2.5)21. This means that, at a temperature of,
say, 500°C, there is a range of compositions, approximately 9-19 wt % of Ni,
in which the transformation does not proceed in either direction. It is
this temperature hysteresis effect which is the basis of the austenitic
class of stainless steels, since it allows the production of such steels
with 1less austenite stabilizer than would be predicted from the

equilibrium phase diagram.

As the most common alloying additions to the stainless steel have
ferrite forming tendencies (except Mn, C and N), the nickel content is
usually increased to compensate for it. This explains why the low C
grades of austenitic steel tend to have quite a high level of nickel.
Although manganese expands the Y-loop and could, therefore, be used
instead of nickel, it is not as strong as a Y-former being only about half

as effective, so higher concentrations would be required.

Thus, although the austenitic steels are based upon the Fe-Cr-Ni
ternary system, in more exacting service conditions, e.g. at elevated
temperatures, in corrosive environments and for welded structures,
additional chemistry adjustments are often necessary to surmount the

inherent instability of some grades of austenitic steels.



Molybdenum is frequently added to austenitic stainless steels to
enhance the corrosion resistance and elevated temperature strength of the
steel. An example of the use of Mo in this class of steel is AISI type 316
alloy; which contains about 2 wt % Mo. However, molybdenum is a ferrite
stabilizer and so significant adjustments to the chromium and nickel
levels are needed to compensate for the molybdenum additions, to ensure

that the structure remains wholly austenitic.

The effect of various elements on the basic structure of chromium-
nickel stainless steels is often reported as "Cr equivalents" if the
elements stabilize ferrite and "Ni equivalent" if they stabilize

austenite, as follows, in wt %22

Cr +2(Si) + 1.5(Mo) + 5(V) + 5.5(Al)
+ 1.75(Nb) + 1.5(Ti) + 0.75(W)
Ni + Co + 0.5(Mn) + 0.3(Cu) + 30(C) + 25(N)

[}

Cr equivalent

Ni equivalent

Similar equations have been applied in the form of the Schaeffler
diagram23, as in Fig 2.6. Although originally intended for use with air-
cooled weld deposits - where it is frequently important to predict the
structure in order to avoid weld defects and excessive localized corrosive
attack - this diagram can be employed to estimate the phases that will be

present in stainless steels when compositions are changed.

Many of the lesser alloyed austenitic steels could more properly be
termed metastable austenitic. These leaner face-centred cubic austenites
tend to transform to martensite, either by cold working or by cooling to
below room temperature. Two of the common martensitic products in
stainless steels are the body-centred cubic a-martensite and the
hexagonal closed packed e-martensite. These martensites are different
from the distorted tetragonal structure found in the Fe-C system. While
such martensites are of interest in the development of very high strength
stainless steels their appearance in the truly austenitic stainless steel

is usually avoided because of their deleterious effects on ductilityzz.



2.3 Precipitation of Carbides in Austenite

As we have seen in the previous section, the addition of carbon to the
binary alloy Fe-Cr not only expands the Y-loop but also introduces
carbides to the structure. The solubility of carbon in Cr-Ni stainless
steels is around 0.08 wt % at 1100°C falling to 0.02 wt % at 800°C, and
substantially less at 600°C. This means that even'steels with very low

carbon contents (around 0.03 wt %) will tend to precipitate carbides.

The most significant carbides formed in these steels are the M23C6
and MC carbides. The latter arises on addition of strong carbide-forming
elements such .as Nb or Ti to the steel. This will result in the
preferential formation of their respective éarbides NbC or TiC, and will
therefore remove the carbon from solid solution and so prevent M23C6

formation, which has the effect of reducing the corrosion of the alloy.

2.3.1 H2306

The M23C6 type carbides have been found for chromium and manganese.
The structure is complex cubic containing 92 metal atoms of Cr or Mn anq\
29 carbon atoms per unit cell, with a lattice parameter of about 10.60 A.
The chromium-rich carbide which forms in high chromium ferritic steeis and
in chromium nickel austenitic steels will tend to precipitate after
appropriate treatment, e.g. solution treatment at 1100°C followed by ageing
between 550-900°C. Other metallic atoms, notably Fe, Mo, Ni, W and Mn, can
replace Cr atoms to varying degrees in the Cr23C6 lattice. In Table 2.1
are listed the composition and lattice parameter of M23C6 thch have beén

reported to occur in austenitic stainless steels.

In the early stages of precipitation M23C6 nucleates at grain
boundaries as discrete angular particles, and often as complex dendritic
arrays which form initially at boundary intersections. The most
frequently occurring form of grain boundary precipitate is

discontinuous?’ 29

» Where individual precipitate particles only form at
the advancing interface with the required diffusion of solute taking place
along the grain boundary. The M23C6 carbide also nucleates on non-

coherent twin boundaries at approximately the same time as it does on



Table 2.1 Crystal structure and compositions of M23C6 in aged Type
316L and 316 austenitic stainless steels.

PHASE SYSTEM LATTICE PARAMETER COMPOSITION LITERATURE
IN &, (a) REF.
10.680 (Cr1 7Fey Moy 5)c6 (24)
10.638 (FeCr')23C6; Cr23C6 (25) (26)
My3Cq r.c.c._
10.569
10.676 '

grain boundarjies, whereas it does not normally form on coherent twin
boundar'ies30. However, under the influence of quenching stresses or by
deliberate deformation at room or elevated temperature, dislocations which
move to the coherent twin boundaries provide sites for nucleation of
M23C627. The particles havg been reported to have a parallel cube-cube
orientation relationship with one of the neighbouring austenite grains
and the edges which develop on one side of the partiéle (growing into the
non cube-cube austenite grain) are parallel to {111} plane327’31-33. On
the basis of the matching of the atom planes, Lewis and Hattersley27 and
Beckitt and Clar*k32 showed that mismatch is minimal between the two
lattices on {111} planes. In agreement with this consideration,

precipitate/matrix interfaces on those planes have been reported for

dislocation nucleated precipi tate327’32.

The heterogeneous precipitation of the complex M23C6 also occurs
intragranularly on dis;:l.’ocat',ion327’32 and as matrix-dot par‘ticles?’u. Lewis
and Hattersley and Beckitt and Clark have studied the process of .car'bide
formation involving nucleation of M2306 on dislocations, which form during
the quench, or are generated by the prismatic punching mechanism around
growing particles to relieve stresses arising from the differential
thermal expansion of particle and matrix. This results in the formation
of stringers of particles having <110$ matrix axis. Both 1lattices,

precipitate and matrix, have cubic symmetry and differ in lattice



parameter approximately by a factor of 3. Electron diffraction evidence
invariably shows a cube-cube orientation relationship between the two

phases:

{100} 1*!12306 // {100} ¥
<010> My3Cg // <010> Y

M23C6 particles usually appear to be geometric in shape with {111} planar
interfaces which are explained in terms of the similarity in atomic
configuration between planes parallel to {111} M23C6 and that of {111} v,
there being only a minor difference in atomic population together with an

average mismatch of only 1.3% parallel to the plane27.

Singhal and Martin34 have shown that'M23C6 carbide precipitation
also occurs within the grains in the absence of dislocations as dot-like
particles showing strain field contrast. It was suggested that vacancies
play an important role in the formatioh of the dot-like particles, since
regions near the grain boundaries are free of these precipitates. On
subsequent ageing the particles grow rapidly along <110> directions
leading to the formation of a WidmanstHdtten precipitate structure with
{111} planes interface. The orientation relationship is the same as for

the dislocation nucleated particles.

Two other morphological forms of intragranular M23C6 carbides,
triangular and rhombohedral, have been noted by Colclough35. They appear
to nucleate independently of any other feature, but theré has been no
discussion on their nucleation, growth and morphology. In the case of
triangular-section particles, the sides of the trianglé are parallel to
the austenite slip band traces which indicates they are {111} type faces.
The angular rhombohedral-shaped particles were seen only occasionally af
ageing temperatures below 900°C. Similar observations have been reported
by White and Le May36 in stainléss steel AISI type 310, aged at 825°C for
100 hrs.

2.3.2 MC

The addition of strong carbide-forming elements, such as Nb or Ti,
largely reduces or eliminates the formation of M23C6. The carbides of

these elements form in preference to the chromium-rich carbides and thus



prevent the chromium depletion effect which leads to corrosive attack.
Furthermore, by appropriate heat treatments, very fine dispersions of
these more stable carbides can be obtained which contribute substantially

to the strength of the steel, particularly at elevated temperatures.

The amount of the stabilizing element added to the steel is in excess
of that required by simple stoichiometric factors because: (i) any
nitrogen in solution would form nitrides or carbo-nitrides with the
stabilizing elements, thereby reducing the overall effect of the carbon
getter; (ii) niobium and titanium may also precipitate as other phases e.g.
Lave phase FeZNb, Fe2Ti, which would again reduce the effectiveness of the

stabilizing-element addition.

The solubility of NbC, TiC and VC is sufficient in austenite at 1100-
1300°C to allow their redistribution by solution treatment in this range,
followed by quenching, then ageing in the range 650-850°C. The carbide
structure is face-centred cubic of the NaCl crystal type ahd the lattice
parameter will change wi;h variations in carbon or nitrogen contents.
They exist over a range of stoichiometric MCO'6-MC1.O,Table 2.2. The modeé
of precipitation so far observed are as follows: grain boundary;
dislocations; stacking faults; matrix. The relative predominance of the
different modes of precipitation depends on several factors, which differ
as the heat treatments and compositions of the steels are modified, and

the compositions of the carbide phases changed.

Table 2.2 (After Goldschmidt)zs. Lattice parameters of NaCl-type
' carbides found in ausﬁenite

NOMINAL COMP RANGE OF RANGE OF LATTICE % DIFF. in a.
STOICHIOMETRY PARAMETER &, (a) from austenite

VC V00.75 - Vco.96 4,1360 - 4.1820 16.5

TaC TaC0.7 - TaC0.99 4,4100 - 4.4555 24 .1

ZrC ZY'CO.55 - ZPC0.95 4.6910 - ’4.6983 30.9

10



The grain boundary precipitation of MC carbides usually occurs at a
later stage than that of M23C6 as a result of the more rapid diffusion of
chromium in austenite at low ageing temperature. However, after a long
time at 800°C and above there will be a tendenc& for the chromium-rich

carbides to dissolve37 and be replaced by the MC carbides.

Nucleation of MC precipitates on dislocations is extensive in
austenitic stainless steels. The relationship between precipitate and
matrix has been found for several of the MC carbides e.g. NbC, TiC and VC,

and is shown to be of cube-cube type:

{111} MC 7/ {111} v, <110> MC //<110>Y.

Because of this precise relationship it is assumed that all the MC
particles in the early stages of growth are likely to be coherent with the
austenite. Since all the MC carbide room temperature lattice parameters
are substéntially greater than those of austenite (from about 16% in the
case of VC to 25% in the case of Nb, (Table 2.2)) a flux of vacancies into
the precipitates is needed to reduce the locai internal stresses resulting
from the growth of the carbide. This is mainly provided by the climb
process of dislocations which ié most efficient if it occurs on {110}
planes. In the process of climbing the dislocations act repeatedlybas
nucleafion sites for further precipitation, resulting in sheets of fine
precipitates38.

Stacking fault precipitation has been found with most of the MC
carbides, Nbc3H0, 1ic39M | ye3842 1.cH3) a9 thin dises in CreNi
austenites. These discs lie on {111} planes and all four variants are
normally oﬁserved,forming a pseudo-Widmanstdtten structure. The stacking
fault forms by the basic dislocation reactionuu: a’2 <110> » a/3 <111> +
a/6 <112> and extents by the climb of Frank dislocations, providing a.flux
of vécancies which are available to the precipitate. The particles
nucleate on the a/3 <111> dislocation and accept vacancies to lower the
internal stresses; as a result the stacking fault grows, eventually
escapes from the particles, and is again free to provide new nucleation
sites. This stacking fault precipitation can occur side by side with

normal nucleation on undissociated dislocation.

1



The random matrix precipitation is the rarest to be encountered, but
it has been observed in Nb45 and V containing st:eels:)’s’m”"2’,"'6 where the
fine MC particles still have the same cube/cube orientation relationship,
though they are not nucleated on dislocations. The nucleation of these
particles is apparently related to the formatibn of vacanciesu1 since it
occurs after high ageing temperatures and rapid quenching = high vacancy

supersaturation in the austenite matrix.

2.4 Intermetallic Precipitation in Austenite

The 1large number of intermetallic compounds which exist in
transition metal systems is reduced considerably if attention is
restricted to the phases which have been observed in austenitic stainless
steels, and this subject has been reviewed by Decker and Floreenu7. These
intermetallic compounds are mainly o phase, x phase, Laves phase, Y', n
phase, B8 phase and G phase. In the present work consideration will be
given to the phases which are more likely to form in low carbon austenitic
stainless steels related to the base alloy chosen for the experimental

work, 21Cr 9Ni (wt %). The phases are o phase, X phase and Laves phase, the

latter occurring when additions of Ti or Nb (in excess of that needed to
combine with the carbon) or Mo are made to the steel. In Table 2.3 are
listed the compositions and lattice parameters of g, X and Laves phase
which have been reported to occur in low carbon austenitic stainless
steels. Precise factors which determine the occurrence of the
intermétallic phases are complex, but may include such factors as
electron/atom ratios, atomic size factors and co-ordination numbers. The
Situation in which these phases precipitate is further complicated by the
fact that they rarely form singly so that competition for the main atomic

species also becomes an important factor.

2.1.1 o Phase

This phase appears to be the most investigated intermetallic phase in
austenitic stainless steels because of its adverse effect on mechanical
properties. It was first reported by Bain and Grif‘f‘iths53 and later has

received adequate review by Hall and Algieug. The phase is tetragonal in
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Table 2.3 Crystal structure and compositions of intermetallic phases in
 low carbon austenitic stainless steels

PHASE SYSTEM LATTICE PARAMETERS c/a COMPOSITION LITERATURE

in A REF.
a. Je
Sigma |[tetragonal 8.799 4,54y 0.516 FeCr (48)
(o) 9.188 4,812 0.523| FeMo; Fe(CrMo) (u48)
8.883 4,599 0.517 (FeNi)X(Cr'Mo)y (20)
Chi b.c.c 8.920 Fe36Cr12Mo1o (49) (50)

(x) 8.862 (FeNi)360r'1 gMoy (24)
Laves |[hexagonal .74y 7.725 1.628 Fe,Mo (51)
(n) 4.827 | 7.866 | 1.629 Fe,Nb (52)

structure with the unit cell containing\jo atoms, and has a variable
composition, Table 2.3. There is evidence that the stability of the sigma
phase depends on both atomic size and electron configuration. Large
differences in atomic size do not favour the formation of this phase, and
the size ratios for the known binary sigma phases fall between the limits
0.93-1.15. In the Cr-Ni austenitic steels, o formation is encouraged by

increasing Cr above l7wt%,and is discouraged by an increase in nickel

content.

Precipitation of ¢ phase in fully austenitic stainless steel has been
observed at grain boundar'iessu'55 and incoherent twin boundarie355’56, but
there is some doubt whether coherent twin boundaries also act as sites for
sigma formation57. For full development of o, long term ageing seems
essential. In steels containing some ferrite or in which ferrite forms
transiently during ageing, o forms via the ferrite when the interface a/Y
boundary presumably provides appropriate high energy nucleation sites56.
The role of the a/Y interface in the nucleation of ¢ is particularly clear
in the case of duplex stainless steels where the 0 phase brecipitation
kinetics are enhanced5&59. The ferrite, being richer in chromium, is

preferentially absorbed during the growth of sigma. The addition of
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alloying elements such as Mo60 and Ti61 achieves a further acceleration of

sigma formation.

It has been suggested that M23C6 acts as a nucleus for 062’63, but
there is also evidence to the contrary55. However, more recently, Weiss

and Stickler20

have provided evidence for the nucleation of ¢ at M2306
particles which were in the process of dissolving, and also on oxide
particles within the austenite grains. The following orientation

relationship was frequently observed:

{111} v /7 {001} o, <OT1> Y // <140> o,

confirming earlier results6”’u9.

The effect of cold work on o phase formation in austenitic stainless
steels has been studied extensively20’353yh55. All investigators found
that cold work accelerates the formation of 0 phase, presumably by
increasing diffusion rates, as there is little evidence for the nucleation
of o on dislocations or dislocations pile-ups. However, the increased
amounts of ¢ phase resulting from cold deformaﬁion have been associated
with the increased amount of lattice defects such as stacking faults or

20’65. Further

twins, which are the sites of ¢ phase nucleation
acceleration is achieved when recrystallization takes place, which

provides more boundary area for precipitation55’66’67.

2.4.2 x Phase

The x phase as determined by Kasper50 has a bec a-Mn type crystal
structure and is believed to be a carbon-dissolving compoundzs. This
phase is known to occur in many transition metal systems usually
associated with ¢ phase. In the Fe-Cr-Ni-Mo system, the lattice parameter
of the x phase was réportedso to be a=8.920 A, corresponding to a
composition of Fe36Cr12Mo10 (Table 2.3). However, x phase was found to
vary appreciably in composition with a high tolerance for metal
interchange and, in the presence of carbon, an amount of molybdenum was
reportedzs. The x phase has been frequently detected in 316 type
austenitic steelzo’zu’55'68'7o,

(Fe,Ni),.Cr, oMo, with a=8.862 A 2%, Weiss and Stickler2® have shown that
36CT1 gMoy ‘

a typical composition being
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in low carbon steels x phase formation precedes that of g, but the
formation curves tended to be at higher temperatures and longer times than

those for carbide phases. In higher carbon steels, x and o precipitate in
Vthe same temperature rénge as M23C6 (650-900°C). Lai and Meshkat71,
studying the precipitation kineties of x phase in a 316 type alloy,
suggested that the precipitation rate of the phase at 750° and 815°C
follows a single relationship of the form V=fn(t/t), where V is the volume
fraction of the Y phase formed in a time t, and t is a "characteristic

time" which is dependent upon the ageing temperature.

The x particles nucleate preferentially at grain boundaries, and
depletion of the surrounding matrix in molybdenum and chromium has been
detected'by electron beam microanalysis on a type 316 stainless steelzo.
Nucleation at incoherent twin boundaries has frequently been observed,buﬂ

only occasionally at coherent twin320’72.

In the boundaries yx particles
were frequently observed in close cohtact with remnants of M23C6
particles. After ageing for more than 1500 hrs at 815°C, numerous fine,
rod—shaped X Dphase particles were observed intragranularly. The
morphology of the particles ranges from rod-shaped to globular hassive
particles similar in appearance to o phase, but can also be found with an

acicular morphology72.

Cold work, as in the case of o, accelerates the formation of X
phase20’55’73, but it can be suppr'essed67 by early nucleation of ¢ which
competes for the necessary alloying elements (Cr,Mo). In austenitic
steels where deformation causes e-martensite to form, during subsequent
ageing, x precipitates predominantly within the grains on the ¢ phase7u.
A single orientation relationship has been determined between the

austenitic matrix and the precipitate:

{111} v 77 {110}
011> ¥ // <110> x
211> Y // <001> ¥

The x phase forms as small rods on the matrix planes {110}, {111} and
{2111}.
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2.4.3 Laves Phase

The hexagonal intermetallic Laves phase has been identified in
austenitic stainless steels with the formula FezA where A is reported as
molybdenumzo’69’75 and as Nb52’76; see Table 2.3. The FezMo variant is
commonly a minor constituent in molybdenum—auéténitic stainless steels.
Frequently it 1is found to precipitate intragranularly, but only.
occasionally in grain boundaries. This Laves phase exists at 815°C and
below in a range of 18Cr 12Ni (wt %) steels with 2-2.5 wt % Mo, when the
precipitate, together with carbide dispersions, éontributes to the

mechanical strength at elevated temper-atur-eszo.

The Fe2Nb Laves phase has been reported to occur in the temperature
range T750°-950°C in 18Cr-9Ni-2Nb (wt %) steel76. Similar results were
obtained by Denham and Silcocksz, where the unit cell dimensions of their
Laves phase varied according to the level of niobium in the alloy of base
composition, 16 wt % Cr, 16 wt % Ni. This work also showed that the Laves
phase usually precipitated with an orientation relationship with the

austenite matrix, which was:

(0001)Fe,Nb//(111)Y and (1010)Fe,Nb//(T10)Y.

The nucleation of the phase was observed to be slow but the growth

reaction rapid.’
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3. NITRIDES IN AUSTENITIC STAINLESS STEELS

3.1 Introduction

The crystal chemistry and the occurrence of nitrides in steels has
received adequate review by Jack and Jack77,where the characteristics of
nitrogen are emphasized and related to the behaviour of carbon. As
described in the previous chapters there are several reasons for méking
additions of nitrogen to stainless steels. The similarities between
carbon and nitrogen are well known; however in comparison with carbon the
role of nitrogen in stainless steel has been neglected, and insufficient
is known about the nucleation, growth and morphology of nitrides in high

nitrogen stainless steels.

As we have seen in the previous chapter, the addition of nitrogen to
the binary alloy Fe-Cr not only expands the Y-loop but also introduces
nitrides to the structure. The maximum solubility of nitrogen in
equilibrium with austenite is 2.8 wt % with respect to Y‘-FeuN for which
the corresponding equilibrium pfessure of gaseous nitrogen is about 10“
atm. In Cr-Ni stainless steels the solubility of nitrogen is higher than
thaf of carbon ' (Fig 3J)78, thus providing substantial opportunity for
precipita;ion of nitrides. The most significant nitrides formed in Cr-Ni
high nitrogen containing steels are Cr2N and CrN. Addition of strong
nitride-forming elements such as Nb, Ti and V resuit in the formation of
their respective nitrides or possibly ternary nitrides (Table 3.1), in
preference to that of CroN and CrN. In this chapter, consideration will be
given to the published information regarding the occurrence of nitrides in

austenitic stainless steels.
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Table 3.1 Nitrides observed in aust ice
' parameters data from Ref

PHASE SYSTEM STRUCTUI ]
TYPE
Cr2N hexagonal Ni3N
CrN cubic NaCl(B1)
6"—NbN1+X cubic NaCl(B1)
TiNy _ cubic NaCl(B1) 4,2259
V-N ? tetragonal b.c 2.970 3.395 1.143
V2N hexagonal 4,907 4,539 14081
VN, _y cubic NaCl(B1) 4,1398
M6N f.c.c 1131
80
CP3Nb3N
NbCr'N26 tetragonal 3.037 7.391 2.434
(Z-phase)

3.2 Chromium Nitrides:CrN,Cr2N

In chromium-nickel austenitic stainless steels containing high
nitrogen both Cr2N and CrN can precipitate, but the hexagonal CP2N

pr-edominates82

on ageing 1in the temperature range 650-900°C. The
predopinance of CPZN over CrN can be seen from the Fe-Cr diagram in Fig 2.3
and the phase diagram in Fig 3.2, where in the range of austenitic
stainless steel, the equilibrium is between austenite and Cr2N in the
absence of other strong nitride-forming elements. The modes of

precipitation of Cr2N observed in austenitic stainless steels are as

follows: grain boundary, twin boundary and matrix. The relative
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predominance of the different modes of precipitation appear to depend on
several factors, which differ as the heat treatment and composition of the

steels are modified.

Nakagawa and Otoguros3 have studied low carbon (0.02 wt %) steels
with 18Cr-12Ni-2Mn (wt %) to which 0.16 and 0.21 wt % N were added. On
ageing M23C6 still precipitated at the boundéries, and there was'some
evidence for the intragranular precipitation of Cr2N. At higher nitrogen
contents (> 0.5 wt % N) ageing at 700°C produced a celiular reactioh at the

grain boundarygu

giving a lamellar form of Cer, with depletion of the
austenite in nitrogen, which as a result transformed partially to
martensite on cooling. In chromium-nickel cast stainless steel
containing nitrogen, ﬁhe precipitation of CroN  is  observed in
interdendritic regionsas, where metallic segregation locally increases as

the nitrogen content of the alloy increases.

More recent workS09]

on 25Cr-28Ni-2Mo (wt %) steel with 0.1 wt %
carbon and 0.2-0.6 wt % nitrogen has included long term (up to 5060 hrs)
ageing treathenté in the range 600-900°C. With 0.36 wt % of N in this
steel, only intergranular precipitation of Cr2N océurs on both grain and
twin boundariess7. Intragranular precipitation of Cr2N takes place when
the nitrogen concéntration exceeds 0.45 wt 9. The number density of the
intragranular Cr2N precipitates has found to.be of the order of 1017m—3
and the particles are uniformly distributed. At higher nitrogen contents
the intragranular precipitation density doés not increase significantly.
One other characteristic feature of the microstructure of these nitrogen;
containing steels is that both perfect and faulted dislocation loops are
formed86. These 1loops have a density of about 1020m'2. However,
dislocation loops or other dislocations introduced by deformation were
not found to be very favourable sites89 for the precipitation of CrZN.
Additions of 0.3 wt % of phosphorus greatly enhanced the intragranulaé
precipitation .of Cer, and produced uniform dispersion of this
precipitate91. Since regions near the grain boundaries are free of this
precipitate if was suggested that the nucleation of these particles is
related to the formation of vacancies. It appears that phosphorus
enhances the clustering of vacancies and ﬁrolongs the excess vacancy life

time, thereby promoting the aggregation of solute atoms and vacancies
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forming the nuoleusus.

Mukherjee and Nijhawan92 observed Cr2N precipitation in Cr-Mn-N
austenitic steels in the temperature range 500-800°C. They found that the
precipitation reactions during ageing were considerebly influenced by the
carbon and nitrogen contents of the alloy. Cr2N and M23C6 will form
together during ageing depending on the carbon/nitrogen ratio. With C/N
ratio below 0.15 only CroN is observed for all temperatures end ageing
time up to 1060 hrs; for C/N ratios between 0.15-0.30, Cr2N and M23C6 are
observed at 500°C, while at higher ageing temperatures only Cr,N is
detected. A carbon/nitrogen ratio above 043 gives Cr2N and M23C6 at
higher ageing temperatures and W23C6 only at lower ageing temperatures.
In agreement with other work1u37 the results obtained by Mukherjee and

Nljhawan92

indicate that an increase in nitrogen content or high ageing
temperatures reduce the precipitation of M23C6. This is due to the fact
that at high temperatures and 1long ageing treatments there will be a
tendency for the chromium carbide to dissolve and be replaced by more
stable precipitate (e.g.(:er in high nitrogen austenitic steels, Fig 3.2).
Furthermore, no evidence has been found for the solubility of nitrogen‘ih

the M23C6 carbide.

The exposure of austenitic steels to air at high temperatures (>
600°C) leads to the absorption of high nitrogen concentrations
particularly at points where the oxide layer is deficient. For example a
nitrogen content of 1.9 wt % has been found under the exide layer in a
16Cr13Ni (wt %) steel'93 containing 0.7 wt % Nb after creep testing for
30000 hrs at 700°C. The nitride in this case, Cr2N formed a coarse
Widmanstdtten dlstrlbution, although discontinuous precipitation is

sometimes observed. Other workersgu

have detected both CrN and Cr2N. The
discontinuous precipltation is attributed to regions of high nitrogen
Supersaturation often closely associated with cracks in the creep failure

zone. Du11328

has found that the transition from continuous to
discontinuous precipitation is dependent both on ageing temperature and
composition. In Cr-Ni-Mn steels the discontinuous reaction is favoured by
increasing nitrogen content and high ageing temperatures, whereas
continuous precipitation reaction is favoured by increasing carbon

content.
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Cr2N is not a common precipitate in the commercial AISI Type 300
series of stainless steels for two reasons: (i) the nitrogen levels tend
to be low in these steels so that any subsequent precipitation in the
Steel will remove the nitrogen from the solution, because the nitrogen
would replace some of the carbon in the carbides; (ii) if other strong
carbide or nitride forming elements are present in the steel, they will

form in preference to that of chromium.

3.3 Nitrides of Stabilizing Elements

There is less information on the precipitation of alloy nitrides
other than chromium e.g. VN, NbN, TiN, Z phase, occurring in chromium-nickel
austenitic stainless‘s-teels. Bungardt et al95 examined in detail the
effect of nitrogen on the pr'.oper'ties of 18Cr16Ni (wt %) austenitic steel
with and without 3.5 wt % Mo and 0.12 wt % nitrogen. On the addition of 0.5
wt % V, they obﬁained at all.ageing temperaﬁures hexagonal (CrV)éN
isomorphous with Cr A further addition of 01 wt % Nb led to the
replacement of this nltr'lde by a phase referred to as Z-phase which they
referred to as NbCrN. This has since been verified by later wor'k&)’96

which has shown it to have a tetragonal structure,

Hull and St:ickler'97 have reported the precipitation of vanadium
nitride, VNx, during high temperature creep testing of 16Cr 20Ni 10Mn 2.3Mo
(wt %) steels containing 0.3-0.6 wt % V and 0.04.—0.2 wt % N -The
precipitate VNX has a tetr;agoflal structure wit';h léttice par-.a.meter'
a=2.98 A, ¢=3.78 &, and occurs as a fine dispersed phase in the austenitic
mat;'ix. Thiégggqipitation appears to contribute to increases in the
r*uptur'é and creep strengths, which reach maximum values when 0.12-0.19 wt %
N is added to the alloy. In austenitic stainless type steel.AISI. 316 L,
containing 0.12 wt % I\i, 0.4 wt % V and 0.005 wt % B, improved creep
properties héve also been 'achieved7 by f‘iné precipitation of VN1_x on
dislocations. The vanadium nitride particles on dislocation are found to
retain their.small size after long creep testing times. However, it has
been observed that the VN particles coarsen consider'abl& during ageing at

750°C100. Thorvaldsson and Dunlop99 have shown that, in Cr-~Ni austenitic

stainless steels containing stabilizing additions of V, Nb or Ti with
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carbon between 0. 02-0 55 wt % and nitrogen between O. 02-0 47 wt %, the MN
particles coarsen faster than the equivalent MC. ThlS is due to the
higher solubility of nitrides in austenite in the presence of chr'omlum.
Previous wor'k9 100 has indicated that chromium diminishes the activity of
both carbon and nitrogen in austenite, therefore increasing its stability.
This effect is found to be considerably greater for nitrogen than for-
carbon. The first precipitation reaction observed in the Cr-Ni austenitic
steels. studied by Thorvaldsson and Dunlop is that of M23C6 at grain
boundaries at 750°C ageing temperature. On further ageing precipitation
of VN occurs on dislocations in steels containing V additions and high
nitrogen content. These particles were spheroidal and obeyed a similar
cube/cube orientetion relationship with the austenitic matrix as that of

the isomorphous VC.

Borlandso carried out an investigation of precipitation reactions in
18Cr 12Ni (wt %) austenitic steels containing between 0.02-0.15 wt % N to
thch Nb, Ti and V were added separately. In the 'Nb—N. alloys the
precipitation reactions were complex and ehowed no 1less than three
nitrides forming on ageing between T700-800°C after solution treatment at
1300¢°C:

1) NbN, face-centred cubic, a = 4.39 &
2) MgN, face-centred cubic, a = 11.31 &
3) Z-phase, tetragonal, a = 3.037 Ac = T7.391 A with

composition suggested NbCrN

The NbN phase is normally the first precipitate to form, and its
morphology follows that of the isomorphous NbC precipitate in so far as it
nucleates on grain boundaries, undissociated dislocations, in association
with stacking faults and also in the matrix101. The M6N precipitate
represented by the formula (Fe,Cr)3Nb3N is found to be the most stable
form of nitride in the high-Nb alloys (1.2 wt % Nb), and is undissolved
after solution treatment at 1300°C. .M6N also precipitates during
prolonged ageing when it has beeri obsefvecl as sheets which have replaced
the NbN stacking fault precipitate. The crystal sheets of M6N were
observed on {111} planes with a cube;-cube relationship with the matrix.
The matrix precipitation in the Nb-N alloys was very complex, comprisiné
all three phases: NbN, Z phase and the hexagonal Laves phase, NbM2, with
lattice parameters a=4.85 &, ¢c=15.86 A.
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In similar alloys containing titanium the isomorphous TiN phase was
found, but it appeared to be much less soluble than NbN at 1300°C. On
ageing at 700°C and 800°C some precipitate on dislocations was observed,

and on prolonged ageing at 800°C, a Laves phase Fe2Ti made its appearance.

The Z-phase, a mixed niobium-chromium nitride, has been

80,95,96

reported to occur in Nb-N austenitic stainless steels, and full

identification of the tetragonal Z-phase unit cell was established by Jack

k102. Recently, Colclough35 has given detailed information about

and Jac
the Z-phase precipitation reaction in a commercial austenitic stainless
steel, Nitronic 50. In Nitronic 50 steel (O. 04% c, 21.5% Cr, 12. 5% N1,222%
Mo, 4. 9% Mn, 0.18% Nb 0.18% V and 0.24% N, all in wt %) five phases formed on
ageing between 600°-1000°C after solution treatments at 1200°C; Z-phase, o
phase,M23C6,Cr2N and a b.c.c a'phasef The stable tetragonal Z-phase with
composition NbCrN and lattice parameter a=3.03 A, ¢=7.37 & occurs over a
temperature range 700°-1000°C. It is the first precipitate to fprm and
nucleates on grain boundaries, twin boundaries, dislocations and matrix.
The particles are rounded particles which, on growing, developed inté
cuboids in the later stages of ageing, and are commonly seen to decorate
dislocations in a characteristic "propeller" morphology. In the
temperature range (500 -900°C) where the M23C6 and o phase oécur, it is
found that they form at grain boundaries around the Z-phase. Frequently,
during the rapid process of growth the M23C6 and o phase pafticles engulf
the small equiaxed Z-phase particles which delineate the position of the
original grain boundary. The intragranular Z-phase cuboids are semi-

coherent and have a fixed orientation relationship with the matrix:

{001} Z phase // {001} ¥
<110> Z phase // <100> Y

Colclough35 has also observed that in Nitronic 50 steel, with varying
levels of prior deformation followed by ageing, the precipitation of Z-
phase occurs quickly on the deformed substructure and precedes any
recrystallization reaction. Once the material has recrystallized, further

Z-phase and o phase precipitation occurs.

The identification of Z phase as a nitride, and its stability in high

nitrogen niobium steels, raises the question of its occurrence in low
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nitrogen Cr-Nb austenitic stainless steels. Hughes96 has indicated that a
nitrogen content greater than 0.06 wt % is'necessary before the phase can
be detected in 18Cr 10Ni wt % aﬁstenitic stainless steel in the presence
of NbC. Although the exact 1limit of nitrogen content could be argued, the
Z phaée precipitation has not been observed in niobium austenitic
stainless steels containing nitrogen below 0.05 wt %. Furthermore,
according to Borland's workso it seems likely that the content of niobium
in the steel would affect the preferential formation of either niobium
binary nitride (NbN) or niobium ternary nitride, Z phase, (CrNbN). A
reduction in Nb content (1.2 to 0.6 wt %) in a 18Cr 12Ni (wt %) containing
0.09 wt % N increased the amount of Z phase matrix precipitation and

reduced the NbN stacking fault precipitatesso.
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4. STRUCTURAL CHANGES DURING WELDING

4.1 Introduction

The structural changes occurring during welding are largely
dependent on the alloy composition (plates and filler metal) and on the
weld thermal cycle or post-weld heat treatment to which the weldments are
subject. Two distinctive zones can be initially identified in welding,
the fuséd zone or weld metal and the heat affected zone. In order to
interpret the transformation occurring in the former, attention should be
paid to the solidification behaviour of the weld pools which play an
important role in the final microstructure of the fused zone; while in the
latter, the structure is solely determined by the alloy composition of the
plates and the thermal history of the alloy. Therefore, the following
section of this chapter presents a concise surﬁey of the basic principles
of weld pool solidification to indicate the current state of theory and
experiment and to emphasize those areas of particular importance in the
study of weld pool solidification. This second section is followed by a
review of the phenomenological observations of the solidification
behaviour of austenitic stainless steel fusion welds, paying particular
attention to the development of duplex structure. Finally a complementary
review of Chapter 2 on precipitation behaviouﬁ in austenitic stainless

steel is applied to weld deposits and the heat affected zZone,

4.2 Welding Pool Solidification

4.2.1 Growth Initiation and Development of Grain Structure

During the usual solidification process, the transformation of a
liquid phase to a solid normally occurs by a process of nucleation and

growth. The creation of solid nuclei and the growth of the solid from
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these nuclei can proceed at a finite rate only if the system is
undercooled below the equilibrium reaction temperature. In the fusion
welding process, however, the nucleation event is not siénificant since a
solid-liquid interface is always present and growth may occur from the
partially melted crystals of the parent plate. This process of growth at
the fusion boundary generates grains in the'weld metal having the same
crystallographic orientation as the immediately contiguous parent plate
grains across the fusion boundary1o3-105. On this basis it seems that the
growth initiation event in the weld pool solidification does not present a

significant energy barrier.

In the weld pool the initial growth of partially melted grains from
the parent plate is followed by the development of columnar grains in a
competitive growth process analogous to that observed in ingot
solidification. The columnar grains show a strong preferred orientation
which correspohds with the favourable crystallographic direction of the
dend ritic growth, i.e. <100> in cubic metals106. Solidification usually
proceeds along the favourable growth direction oriented most closely to
the direction of the maximum thermal gradient in the melt104Jo7,<ag.
parallel to the direction of the normal to the boundary. Thus, the form 6f
the competitive growth process in a given material is ﬁniquely controlled
by the weld pool geometry1o3’108’109. The latter is found to change with

variations in welding parameters, e.g. welding speed, welding current.

The overall solidification macrostructure of a weld pool, usually
dominated by columnar grains, is determined in general solely by the
nature of the competitive growth process between adjacent columnar grains.
Columnar-to-equiaxed growth transitions are comparatively rare duriné
welding since generation of nuclei is limited and their survival is
difficult under very high temperatures such as those obtained in the
liquid during welding. However, at high welding speeds 110,111 and high

t111, equiaxed dendrites have been observed in the region of

alloy conten
the centre line of the pool, where solidification rates are highest and
the thermal gradients flattest105, as will be seen later. High welding
speeds encourage equiaxed growth because of the overlap of.the regions of
solute accumulation ahead of the converging solidification fronts at the

centre of the tear-shaped pools formed at rapid welding speeds. This
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provides a region of the weld pool suited to the growth of fragments (high
solute concentration, high solidification rate, temperature gradient give
rise to undercooling) ahead of the melt as the weld pool progresses along

the parent plate.

4.2.2 Growth Substructures

The solidification substructures, e.g. cellular, cellular dendritic
substructures, produced in welds are found to be related to the growth
rate and the temperature gradient in the 1liquid ahead of the growing

interface107.

A steep thermal gradient together with low solidification
rates tends to reduce the extent of undercooling ahead of the interface,
thus favouring cellular growth. At high solidification rates, tdgether
with shallow thermal gradient; the dendritic mode is favoured as the
extent of undercooling is increased. The local solidification rate at any

point on the pool boundary (Fig 4.1) is given by the following expression

R = cos?g'-e) B czsgg?-g) 105
where Rn is the growth rate in a direction normal to the isotherm; V is the
welding speed, 8 is the angle between the normal to the tangent to the pool
at the point considered and the welding direction, and 6' is the angle
between the welding direction and the direction of favoured growth (the
crystal growth is anisotropic). The solidification rate in welding is
greatest on the weld pool centre line where 6 = 90° and the temperature
gradients are almost shallow because of the distance from the welding heat
source. Conversely at the weld pool edge the solidification rate is

lowest.

This variation in both local solidification rate and thermal
gradient in a single weld on moving around the fusion boundary from the
side to weld centre line, causes a progressive change in solidification
Structure across an individual bead. As a result, a range of growth
substructures can be observed in melf pools112 and in individual beads,
particularly at relatively high welding speeds11o’111. At speeds used in
normal welding practice only a gradual increase in theldendritic nature of

the substructure is observed on moving across the weld bead.
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B.2.3 Segregation

Segregation accompanies both cellular and dendritic growth modes and
may extend over distances of the grain diameter or less
(microsegregation). The degree of segregation and distribution of the
segregate depends.on the mode of the growth and the dimensions of the
cells or dendrites, whichever are present. The basic mechanism of solute
segregation is found to be ‘the s#me in both ingot and weld
solidification113 and, just as in ingots, microsegregation is more
pronounced in a weld bead, the more dendritic is the solidification
mode11u. A cellular structure, however, leads to minimization of both the
degree of segregation and the mean distance of segregate distribution107
(where this distance is defined as the distance between solute-rich
regions). These conditions are schematically represented in Fig 4.2. The
nature and extent of dendritic and cellular solute segregation caﬁ‘alter
the form of the final microstructure of the weld deposit when solid-phase
transformation occurs after solidification. This effect will be seen in
the following section where the formation of & ferrite in austenite

stainless steel weld deposits is reviewed.

Grain boundary segregation, more properly considered as
macrosegregation (extending more than several diameters), occurs either by
solute accumulation in grain boundary grooves (Fig 4.3) or by the
impingement of two interfaces growing with a growth component normal to
each other (Fig U4.4). Segregation at grain boundary will be greater than
that encountered within the substructure composing the grains, and both
Miller'113 and Bell115 have identified the existence of such enhanced grain
boundary segregation during welding. This is particularly true where the
outward growing grains from both sides of a weld impinge at the centre
line and tend to trap the solute-rich liquid (Fig 4.4). This is found to
be most marked for welding conditions which produce a steep angle of
abutment between the columnar grains at the weld centre116, e.g. high
welding speeds or 1low welding currents. Weld deposits under these
conditions are found to be more susceptiblé to solidification cracking116.
A marked increase in cracking susceptibility is observed when low melting
point impurities, such as phosphorus and sulphur, segregate and are

concentrated at the regions of grain impingement117. Additionally, the
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enhanced level of solute and impurity segregation at the centre of the

bead can under certain conditions impair the toughness of the weld

deposit118.

4,3 Duplex Structure in Austenitic Weld Deposits

The solidification sequences and solid state transformation leading
to the observed final duplex microstructure in austenitic stainless steel
have been the subject of extensive investigation but different
interpretations have arisen119-129. From the results obtained on as-cast
and welded structures it is now ciear that several austenitic stainless
steels are either partially or completely ferritic Jjust below the solidus
line. The final duplex microstructure at room temperature is strongly
depeﬁdent on the solid state transformation of ferrite to austenite and

minor variations in composition.

Suutala et al123 have proposed a model for weld metal solidification
Ssequence in austenitic stainless steels which is supported by the work by
_E;g@piksson121 concerning directional solidification of an austenitic
stainlesgrétéel of type 304. The solidification sequence proposed by
Suutala has been defined éccording to the ratio Creq/Nieq of the
Schaeffler diagram (Fig 2.6). The microstructures are classified
depending on the leading phase during solidification, e.g. primary §
ferrite or primary austenite (Fig 4.5). When the ratio Creﬁ)Nieq < 1.48
(type A welds)130 the austenite is the leading phase and § ferrite, if any,
solidifies from the rest of the melt between the cells or dendrites so
" that the solidification takes a eutectic character (Fig 4.5a and 4.5b).
The § ferrite is stabilized by segregation effects and retained at room
temperature on a vermicular morphology at the interdentritic areas. No
definite orientation relationship has been found between the austenite

and the vermicular ferrite130.

In welds with 1.48 < Creq/Nieq S 1.95 (type B welds)'25 the § ferrite

is the leading phase and austenite solidifies from the rest of the melt (Fig 4.5¢
and 4.,5d). The austenite formed between the ferrite dendrites

peritectically or eutectically grows into the melt and into the ferrite as

29



the temperature goes down. The growth of austenite into ferrite occurs
taking either an equiaxedvor lath morphology, depending on the cooling
rate or temperature of transformation, and is accompanied by partitioning
of elements, notably chromium and nickel, which has been measured by
electron microprobe. As the reaction progresses, the ferrite dendrite
core becomes richer in chromium, stabilizing the ferrite, which is

retained at room temperature, showing a vermicular or lath morphology.

The mechanism of the § > Y solid state transformation, particularly
at the above-compositional range, is a controversial issue. While a

120-126 reported that the ferrite to austenite

number of authors
transformation is a diffusion-controlled reaction, Lippold and
Savage128’?29 have proposed that, for the cooling rate observed in welds,
the ferrite transforms to austenite by a diffusionless massivev
transformation. According to this interpretation, the microsegregation
observed at rbom temperature is produced during the 1liquid-to-solid
transformation (Fig 4.6), with no further redistribution of elements
during cooling of the sblid to room temperature. However, recent work by
Leone and Kerr131 has given evidence of a diffusion-controlled § > Y
transformation occurring in both Gas Tungsten Arc Welds and cast
austenitic stainless steels in which the primary phase during
solidification is ferrite. Working with stainless steels of composition
between Region II and Region Iv iﬁ the Cr-Ni 68 wt % Fe phase diagram (Fig
4.7), Leone has examined the development of the microstructure and the
cémposition variations at different temperatures below the solidus line
by quenching the specimen. The solid state ferrite to austenite
transformation occurs by a. diffusion-controlled process, in which Ni
diffuses in ferrite towards the advancing austenite, and Cr is rejected by
the advancing interface, as indicated by electron microprobe results.
This enrichment of Ni and depletion of Cr in austenite, compared to thé
composition of ferrite, has also been reported by Lyman127, David126 and

Cieslak'32 in STEM microanalysis of welds.

In the case of welds with Creq/Nieq 2 1.95 (type C welds), Fig 4.5e,

the solidification sequence proposed by Suutala12u

is L+L+8+8, with § » Y
transformation occurring by diffusion-controlled process12u’128’131. The

austenite nucleates at the boundaries of the primary ferrite grains, but
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at higher Creq/Nieq it does so inside the grains. The decomposition of
ferrite proceeds in the form of an edgewise growtﬁ of austenite lath. A
distinct orientation relationship lying close to the standard Kurdjumov-
Sachs and Nishiyama-Wasserman is found between the austenite and
ferrite124. Unlike the stainless steels with low Creq/Nieq ratio the
solidification structure in these welds is not retained after the solid-
state transformation. The relatively large range of temperatures over
which the ferrite is.stable (Fig 4.7, Region I and II) permits extensive
coarsening of the ferrite grains pribr to the transformation to austenite,
thus explaining the large grain size normally reported in these welds. On
the other hand the large grains encourage the WidmanstHtten growth of
austenite. In its general structure and orientation relationship between
austenite and ferrite, the 8§ + Y transformation reported by several
authors resembles the decomposition of austenite into Widmanst#tten

ferrite in low carbon steels.

4.4 Precipitation in Weld Deposits

The complexity of the stainless steel weld microstructure over small
areas in the weld deposits, associated with difficulties in obtaining
suitable specimens from transmission electron microscopy, has prevented
till recent years a full identification and distribution of the various

phases precipitating in stainless steel welds.

The precipitation behaviour of austenitic weld deposits, as in
wrought austenitic stainless steels (Chapter 2), will depend on the alloy
composition - filler metal - and the thermal history of the alloy (weld
thermal cycle or post-weld heat treatment). A characteristic feature of
the austenitic weld deposits is that they.may contain small amounts of
ferrite thus avoiding hotfgfggigg‘during solidif‘ication733-136 by
withstanding the stresses imposed by thermal contraction and breaking up
the continuity of low melting point films which tend to form between the
cells or dendrites (see Section 4.2.3). The presence of § ferrite, however,
may affect the precipitation behaviour of the material, particularly with
respect to the formation of intermetallic phases such as o phase. Small

amounts of ferrite are known to accelerate the formation of ¢ phase58’59
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and therefore the weld deposit is more likely to contain the brittle

intermetallic phase than the fully austenitic parent plate.

The precipitation of o phase in austenitic stainless steel weld
deposits containing 6 ferrite has been reported by several workers137_14?.
Usually o phase is found to precipitate at the Y/§ interfaces (whicﬁ
provide appropriate high energy nucleation sites) during post-weld heat
treatment between 500-900°C. However, Wegrzyn et al138 have detected o
precipitation at the Y/§ interfaces in as-weld conditions, on careful
examination of multi-run welding containing areas which have been exposed
to the temperature range of ¢ formation for up to 60 seconds. Working
with type 18 wt % Cr 8 wt % Ni weld metals containing, separately,
additions of Mo, Nb, V, Si and Cu, Wegrzyn et al have examined the effect of
the alloying elements on the formation of ¢ phase in both manual metal arc
multi-run welding and single-run welds heat-treated between 500-850°C up
to 200 hours. Their results showed that the greatest rate of ferrite
transformatidn into o phase occurs at 750°C, and the transformation begins
after only 30 seconds in weld metals containing additions of Mo, Nb, V or
Si, but at longer times in weld deposits containing Cu. Although elements
such as Nb, Si or V are not reported in the compositioh of o phase (Table
2.3) as it happens with Mo, it would be expected that these elements wili
affect the o formation since all of them are known to be ferrite forming
elements. The long term ageing needed for the development of ¢ phase in
fully auétenitic stainless steel (Section 2.4.1) is thus shortened by the

role of Y/§ interface in enhancing the o phase precipitation kinetics.

Although the o phase has been the most reported intermetallic phase
in austenitic stainless steel welds because of its adverse effect on
mechanical properties, other intermetallic phases such as x137’139-1u2 and
R137’1u1, and carbides such as M23C6137’139_1u2 are found to precipitate in
Fe-Cr-Ni-Mo weld deposits on subsequent ageing treatment. In these weld
deposits, containing ferrite, no precipitation is found to occur in the
austenitic matrix. However, extensive precipitation is observed at the
austenitic/ferrité interfaces and within the ferrite. Slattery et al139
have indicated that the presence of ferrite modifiés the precipitation
sequence observed by Weiss and Stickler‘20 in fully austenitic type 316

stainless steel. Table 4.1 shows the sequence of precipitation obtained
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in both full austenitic type 316 stainless steel and duplex deposits type

316 under similar ageing treatment.

Table 4.1 Precipitation behaviour observed under ageing treatment
' in fully austenitic stainless steel and weld deposits,
both of type 316

MATERIAL VOLUME AGEING | TIME PRECIPITATES

éomposition in wt ¢ FRACTION TEMP (hours)

OF FERRITE | (°C)

BEFORE AGEING
(%)

Austenitic steel?C 0 625 | 1000 | MysCe + Laves phase
18Cr 13Ni 3Mo 850 6 M53Cg + x phase
Weld 18Cr 9Ni 2Mo 6 625 1000 M23C6 + 4% s
Deposits 850 6 M23C6 + x + o phase
139
20Cr 10Ni 3Mo 18 625 1000 X + 0 phase + 6% §
A 850 6 X *+ o phase

In fully austenitic steels the M23C6 usually precedes the intermetallic
phases and, as reported in Chapter 2, the formation curves of intermetallic
x and o phases tend to be at higher temperatures and longer ageing times
than those of carbide. In the case of weld deposits containing ferrite,
the intermetallic phases ¢ and x are formed in preference to M23C6.
Slattery et alj39 have shown that M23C6 carbides precipitate in 18Cr 9Ni
2Mo (wt %) weld deposit coﬁtaining<L07 wt % C and 6% volume fraction of §
ferrite, but do not precipitate in'20Cr 10Ni 3Mo (wt %) weld deposit
containing 0.05 wt % C and 18% volume fraction of § ferrite. The authors
related the absence of MZéC6 in the former weld to the Felatively low
carbon content. However, in weld deposits of similar composition but
containing lowér carbon content (0.03 wt %) and 4% volume fraction of §
ferrite, M23C6 carbides are found to precipitate137. This suggests that
the precipitation of M23C6 in the presence of ferriﬁe is related not only
to the carbon content but also to the volume fraction of ferrite in the

weld deposit. Increasing the amount of ferrite, the ¢ and X Pphase
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precipitation kinetics are enhanced and, since the composition range of
both phases (Table 2.3) are close to that of § ferrite, these intermetallic
phases form more readily even at lower temperatures. Furthermore, in weld

deposu:sm2

of leaner composition, 16Cr 8Ni 1Mo (wt %) containing 2.0% in
volume fraction of ferrite, the only precipitate found to occur at the Y/§
interfaces on subsequent ageing between 650-750°C for up to 10000 hours is

Leitnaker*?42 has shown that the transformation of § ferrite to either
X or o phase is strongly dependent on the composition of the alloy, as
might be expected. In 16Cr 8Ni 2Mo (wt %) weld deposits containing 2.5%
volume fraction of ferrite, the only precipitates found to occur during
ageing between 650-750°C for 10000 hours were M23C6 and y phase. The ¥
phase is found to precipitate when the Mo content of the weld depésit was

142 suggested that the o

increased from 1 to 2 wt %. Leitnaker'
precipitation has.been suppressed by early precipitation of M23C6 which
has reduced the chromium content of the ferrite (measured by EMPA),
associated with the low volume fraction of ferrite (less Y/& interface
areas). The depletion in chromium, and to a lesser extent in Mo, has left
the § ferrite with a éomposition closer to the x phase which is less rich
in chromium and contains more Mo than o phase. This is in agreement with
the results reported by Slattery and(rRiordan1uo in 17Cr 11Ni 3Mo (wt %)
weld deposits where the M2306 precipitation observed during multi-run
welding is found to be associated with x phase which precipates on
subsequent stress relief treatment at 850°C for 6 hours. Evidence of
phase growing from M23C6 particles was given by Lai and ﬁaigh137 in weld
deposits aged at 800°C after 100 hours, where X becomes the dominant phase.
Slattery140 however observed that, at the Y/§ interfaces free of carbides,

the o phase does precipitate.

The precipitation of intermetallic R-phase (hexagonal, a=10.903 4,
¢=19.342 &) has been reported by Lai et a1'37 and Keown and Thomas”n in
duplex weld deposits type 316 (18-20 wt % Cr, 10-12 wt % Ni, 2-3 wt % Mo)
aged at 538°C for 1000 hours and 600°C for up to 100 hours. R-phase
appears to precipitate at Y/8 interfaces and within.the ferrite. This
phase has been previously reported by Dyson and Keown143 in a méraging

steel 12Cr 6Mo 10Co (wt %) on ageing between 450-700°C for 1 hour. Based
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on the experimentally determined crystal structure of R-phase and its
relationship with ferrite, Dyson and Keown showed that only small atom
movements and lattice strains were required for R-phase to form from
ferrite, provided that suitable alloying elements were present. Although
the major constitutional elements in R-phase are Fe, Cr and Mo,.the amount
of molybdenum present is considerably higher (28 wt %) than any
intermetallic phase (¢ and y phases) usually found in austenitic stainless
steel.type 316. Additionally, there are strong views1u4 on the effect of
Co on the forﬁation of R-phase. Apparently R-phase precipitation from
ferrite in austenitic stainleés steels type 316 would require more

detailed investigation for conclusive assertions.

.

The precipitation of nitrides or carbides other than M23C6 in
austenitic stainless steel weld deposits has received little attention
since the beneficial effects obtained with the addition of strong carbide-
forming elements such as Nb and Ti desceribed in Chapter 2 can be offset by
enhanced precipitation of brittle intermetallic phases such as ¢ in the
presence of ferrite, Nevertheless, the precipitation of carbide or
carbonitrides of stébilized elements has been reported to occur in

austenitic deposit:s”'s’“46

in the same fashion as in fully wrought
austenitic stainless steels. In either as weld conditions or during
stress relief p;gg@ggﬁirthe Nb(CN)1u5 and NbC146 precipitate only on

dislocations in the austenitic matrix, while the § ferrite is found to

decompose to intermetallic ¢ phase or M23C6 carbides.

4.5 Precipitation in the Heat Affected Zone

Precipitation in the heat affected zone (H.A.Z) of austenitic
stainless steel welds has been frequently reported ih Studies associated
with susceptibility to intergranular corrosion attack, known as weld
decay, or else related to other corrosive attacks as knife line attack and

fissure attack.

The precipitation in the heat affected zone of Fe-Cr-Ni austenitic
stainless steels which lead to increased susceptibility to intergranular

corrosion attack (weld decay) is found to occur in the narrow region of
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the heat affected zone away from the weld deposit, which has been heated

within the temperature range 500-900°C for a sufficient length of time
147-150

during welding. In this region, several authors over past years
have reported ﬁhe precipitation of chromium-rich carbides, M23C6, to occur
at the austenite grain boundaries during welding by various welding
processes. Post-weld heat treatment in the temperature range 500-900°C is
also found to cause precipitation of M23C6 over the entire heat affected
zone, extending the grain boundary corrosive attack150. Although the
theory of chromium depletion of the surrounding matrix is generally
consistent with the experimentally observed corrosion phenomena, there is
evidence indicating that the susceptibility to intergranular corrosion
depends on the density150 and morphology151’152 of the precipitated grain

boundary carbide which is related to time and temperature of heating.

The susceptibility to weld decay can be reduced in a number of ways,
as described in Chapter 2. One alternative is to make additions of Nb or
Ti in excess of the stoiéhiometric amount to combine with carbon, as in
type 321 and 347 austenitic stainless steels. Although the austenitic
stainless steels containing titanium or niobiuﬁ are more resistant to weld
decay, they became susceptible after welding to intergranular attack in a
zone adjacent to the weld deposit where very high temperatures (above
1000°C) are encountered in welding operations. Pinnow and Moskowitz153
presented an approach in which they describe two distinct types of
intergranular corrosion in this region of the heat affected zone. The
better known one which occurs in a number of environments is called'knife
attack and is associated with chromium-denuded grain boundaries as in weld
decay attack. The other type, which is specific to nitric acid, is best
referred to és fissure attack. The former occurs when the carbon content
exceeds 0.05 wt % but both are‘apparently related to the dissolution of TiC

or NbC in the heat affected zone.

During the welding thermal cycle, high temperatures are reached in
the area close to the fusion line, enabling the dissolution of TiC and NbC.
The rapid cooling of this area through the temperature range of TiC or NbC
precipitation would not give enough time for these carbides to
reprecipitate. On ageing between the temperature range 500-900°C154 or on

multi-run weld155 (a potentially susceptible zone created by one run may
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be sensitized by a subsequent run) the chromium-rich carbide M23C6 is
found to precipitate more readily since its precipitation kinetics are
faster than those of NbC or TiC (chromium diffuses more rapidly in
austenite than does Nb or Ti). Thus, the reduced corrosion resistance
observed in this zone which ﬁas experienced double heat influence is
similar to the weld decay observed in the heat affected zone away from the
fusion line in the unstabilized steels. In both cases the intergranular
corrosion attack is associated with M23C6 precipitation, though the former
is known as knife line attack and is observed in the zone close to the

fusion line.

The fissure attack, which is also called knife line attack by some
investigators, has received considerable investigation156-161 in 18Cr 8Ni
(wt %) austenitic stainless steel containing additions of Ti or»Nb. It
appears that fissures occur in nitric acid environment, by prefereﬁtial
attack of titanium and niobium carbides that form at the grain boundaries
during welding. These niobium-rich and titanium-rich carbides160’161 have
a dendritic mérphology and are found to precipitate in a narrow zone
immediately adjacent to the fusion line forming a network at the grain
boundaries. The precipitation is found to be enhanced by the presence of
ferrite, since these carbides are often observed at Y/§ interfaces. Both
niobium-rich and titanium-rich carbides increase the susceptibiiity of
the heat  affected 2zone to intergranular corrosion in nitric acid
environment (fissure attack), with titanium carbide showing the strongest

tendency159.

Post-weld heat treatment between the sensitization range
(500-900°C) can additionally cause the precipitation of chromium-rich
carbides with the formation of depleted regions in the austenite as
previously described. Therefore both precipitating processes may
contribute to the final corrosion result to a varying extent at different
positions within the superheated region of the heat affected zone.
However, with respect to niobium and titanium carbides it is the attack oﬁ
the carbides themselves, facilitated by their branched morphology, that

R s s . . s . . 1
provides the specific corrosion attack in nitric acid environment 62.
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Fig 4.4 Schematic representation of formation of grain

boundary by impingement.



Fig 4.5
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Schematic solidification model for austenitic and
austenitic-ferritic weld metals123: (a) Type A, the
weld metal solidifies completely to austenite and
no further high temperature transformation takes
place; (b) Type A, austenite is the leading phase
and § ferrite solidifies from the rest of the melt;
(¢) Type B, & ferrite is the leading phase,
austenite solidifies from the rest of the melt and
a quick phase transformation § » Y takes place at
high temperatures; (d) as (c¢), but with higher
volume fraction of ferrite at room temperature; (e)
Type C, the weld metal solidifies completely to §
ferrite and austenite forms through a solid state

transformation.
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