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Abstract

This thesis deals with the solid—state transformation of plastically deformed austenite, with
particular attention to the allotriomorphic ferrite and bainite reactions. The first three chapters
are largely reviews which set the scene for the research that follows.

The deformation of austenite in circumstances where it does not recrystallise, alters its
state in two respects. The total grain boundary surface per unit volume increases, as does
the density of defects such as dislocations, shear bands and grain boundary steps. The overall
stored energy of the austenite consequently increases on deformation.

The change in grain topology due to rolling and wire drawing operations has been cal-
culated by applying the appropriate deformation matrix to austenite grains represented by
tetrakaidecahedra. It has been possible for the first time to estimate accurately not only the
change in the specific grain surface area, but also the increase in the grain edge length as a

function of orientation relative to the principal deformation axes.

In the case of reconstructive transformations such as allotriomorphic ferrite, it is found that
in common with much published work, the transformation is accelerated when it occurs from
a plastically deformed parent phase. This is because defects are eliminated by the growth of
allotriomorphic ferrite (a thermodynamic effect), and because the nucleation rate is enhanced.
The latter occurs both because of an increase in the number density of nucleation sites and
because the potency of the grain surfaces as heterogeneous nucleation sites is increased. It has
also been discovered that there is a greater tendency for ferrite to nucleate in the deformed
regions adjacent to austenite grain surfaces.

The early stages of the bainite reaction are found to be accelerated in plastically strained
austenite, because of an enhanced nucleation rate. However, the overall transformation can
be retarded because the deformation debris opposes the growth of the bainite plates. This
is because the bainite/austenite interface is glissile and hence is hindered by obstacles in a
manner akin to work hardening. The effect is commonly known as “mechanical stabilisation”.

A considerable effort was devoted to modelling new and published data on the kinetics of
the bainite reaction, with the ultimate goal of explaining the detailed features of the mechan-
ical stabilisation phenomenon. Building on previous work, a more rational model has been
developed which properly addresses microstructural issues and which has a reduced number
of fitting parameters. This model gives a better representation of experimental data than any
previous work.

It has been proved that this kinetic model cannot explain the mechanical stabilisation
phenomenon. The problem is elegantly solved once it is assumed that deformation is hetero-

geneous on the scale of the bainite microstructure. With this idea, it has been possible for the
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first time to explain quantitatively a vast number of interesting observations on mechanical
stabilisation in the context of the bainite reaction.

A neural network model has been created for predicting the mechanical properties of
structural steels as a function of the rolling process parameters and the chemical composition.
This is demonstrated to work well on a large quantity of experimental data and on relationships
published in the literature.

The theory of bainite has been applied to the development of new steels with properties
better than previously achieved. These steels cover a yield strength range of 670 to 830 MPa,

have good toughness and are amenable to mass production using the control-rolling process.
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Chapter One
Introduction

Deformation is an important step in the processing of steels. Although primarily aimed at
imparting a change in shape, it also governs the course of microstructural evolution which,
together with the chemical composition, determines the final properties of the product.

In the past, processes like controlled rolling and thermomechanical control processing
(TMCP) have been developed which combine heat treatment with mechanical deformation
[Morrison and Chapman, 1976; Tanaka, 1995]. This not only eliminates the need for post-
working heat treatment, but also results in a superior product [Tanaka 1995]. It involves con-
trolling the development of microstructure by adjusting the deformation schedule (controlled
rolling) and by resorting to accelerated cooling after rolling (TMCP).

Products with leaner chemistry but meeting the property requirements have been devel-
oped based on TMCP. This has considerable advantage over conventional products containing
larger concentrations of solute elements. Weldability is improved on account of the lower ‘car-
bon equivalent’ and moreover, TMCP totally or partially eliminates the need for the addition
of costly microalloying elements.

These developments have necessitated a more profound understanding of the effect of
deformation of austenite () on its transformation behaviour. Austenite has a face—centred
cubic (fcc) crystal structure. Upon cooling, it may transform to a variety of body—centred cubic
(bee) products by two fundamentally different mechanisms, reconstructive or displacive. The
transformations in steels and their mechanisms have been extensively reviewed in the published
literature [Christian and Edmonds, 1984; Bhadeshia, 1985; Bhadeshia and Christian, 1990].
Nevertheless, they are explained briefly in this chapter to provide the background for the work

presented in the thesis.

1.1 Displacive Transformation

A displacive transformation is accomplished by a homogeneous deformation of the parent
phase (Figure 1.1a, b). The resultant shape deformation causes elastic or plastic strains in the
surrounding matrix when the transformation occurs under constraint. This reduces the total
driving force available for transformation and therefore the product is constrained to grow in
the form of a thin plate which minimises the strain energy of the shape deformation. The
atoms move in a coordinated manner across the interface and as such there is no change in
the chemical composition. The absence of solute partitioning further reduces the free energy
change. An essential feature of this mechanism is the existence of an atomic correspondence

1



between the parent and the product phase so that given vectors, planes and unit cells of one
structure are related to corresponding vectors, planes and unit cells of the other structure in
a particular way [Bhadeshia, 1992]. The interface between the parent and the product phase
is coherent or semi-coherent. The interface dislocations can move conservatively which leave
the interface glissile and capable of moving without diffusion.

In some substitutionally alloyed systems, where diffusion occurs much more readily than
iron, a shape change can be accompanied by a change in chemical composition by very short
range atom movements. Such a transformation has been called ‘diffusional-displacive’ trans-
formation [Christian, 1994; Christian, 1997]. A further possibility arises for interstitial alloys
where the difference in the diffusion coefficients of interstitial and substitutional atoms can be
many orders of magnitude [Christian, 1962]. Interstitial atoms may, in this case, diffuse over
relatively long distances whereas the substitutional lattice is deformed into the new crystal

structure. Thus there is a lattice correspondence but no atomic correspondence [Bhadeshia,
1992].
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Figure 1.1: A schematic interpretation of the displacive and reconstructive
transformations. Steps (a) to (b) represent displacive transformation while
steps (a) to (d) represent reconstructive transformation. The mass transport
illustrated in (c) eliminates the shape change due to shear [Bhadeshia, 1992].



1.2 Reconstructive Transformation

Reconstructive transformation takes place by the thermally activated, uncoordinated move-
ment of atoms across the interface. This entails breaking the old bonds and formation of
new ones. The flow of matter is sufficient to prevent any shape deformation with a shear
component. This ensures the minimisation of strain energy, leaving only the volume change
effects. This phenomenon is illustrated schematically in Figure 1.1. In this phenomenologi-
cal representation, the displacive transformation is followed by diffusion which minimises the
change in shape, though in practice all the processes must occur simultaneously as the trans-
formation interface advances. All elements, inctllllding iron, must diffuse over relatively large
distances during the transformation to minimisel( “ strain energy [Bhadeshia, 1992]. This does
not necessarily mean any bulk partitioning of substitutional elements during transformation;
for example in pure metals, the reconstructive phase transition does not entail a composition
change.

Figure 1.1 also highlights the essential difference between the two mechanisms of transfor-
mations. The reconstructive transformation is analogous to the process of plastic deformation
followed by recrystallisation and the displacive transformation to that of plastic deformation
only. The difference being that there is no change in crystal structure during plastic deforma-
tion or recrystallisation. It is expected therefore that the deformation of austenite can have
quite different effects on the two types of transformations.

Thus, a study of the effect of deformation of austenite on its transformation is important
from an industrial as well as from a fundamental point of view and this was the purpose of the
work presented in this thesis.

Before proceeding to discuss the effects of deformation of austenite, the variety of trans-

formation products that may form during cooling of austenite are briefly described.

1.3 Transformation Products

Depending on the driving force available for transformation at a given temperature, austenite
can transform to allotriomorphic ferrite, Widmanstatten ferrite, pearlite, bainite or martensite

by one of the two mechanisms described above.

1.8.1 Allotriomorphic and Idiomorphic Ferrite

Allotriomorphic ferrite is the first phase to form on cooling austenite below the Ae; temperature
(the highest temperature at which both austenite and ferrite can coexist under equilibrium
conditions). The ferrite nucleates on austenite grain boundaries. The transformation takes
place by a reconstructive mechanism which requires the diffusion of all the atoms. However,
in a system like Fe-C-X (where X denotes a substitutional solute such as Mn, Si, Ni etc.),
the diffusivity of interstitial carbon is several orders of magnitude higher than that of X. This
gives rise to two situations to maintain the flux balance of all the species for a given interface
velocity while simultaneously ensuring that local equilibrium is maintained at the interface for
all the solute atoms [Kirkaldy, 1958; Coates, 1973]:

(1) At low supersaturations and small driving force, the carbon concentration of austenite
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at the interface is nearly the same as the bulk alloy composition. The activity of carbon
is then almost constant in austenite. This reduces the flux of carbon to an extent which
allows a considerable redistribution of substitutional X atoms into austenite. This is called
partitioning local equilibrium (PLE) because there is appreciable partitioning of substitutional
solute atoms.

(2) At high supersaturations, only a small amount of X is partitioned into austenite which
gives rise to a sharp concentration gradient of X ahead of interface. The flux of X can then
match the flux of carbon atoms. This mode of growth is termed negligible partitioning local
equilibrium (NPLE).

At still lower temperatures, the diffusion of substitutional solute atoms is so slow that it
cannot partition at all. The Fe/X ratio is the same in both the phases. The ferrite growth
rate is controlled by the diffusion of interstitial C atoms which, subject to the constraint that
the Fe/X ratio must be the same everywhere, attains local equilibrium at the interface. The
ferrite in this case is said to grow by a paraequilibrium mechanism. The highest temperature
at which this becomes possible is designated as the Aej temperature.

Idiomorphic ferrite also forms by the same mechanism as the grain boundary or allotri-
omorphic ferrite but it nucleates within the austenite grains on particles which are usually
non—metallic.

1.3.2 Widmanstdtten ferrite

Widmanstitten ferrite plates nucleate on austenite grain boundaries or on pre—existing ferrite
allotriomorphs. The transformation occurs at a temperature below that of allotriomorphic
ferrite but above bainite. The mechanism of transformation is displacive but the available
driving force at this relatively high temperature is not enough to sustain growth without
carbon partitioning. The substitutional atoms do not partition. The paraequilibrium growth
rate is therefore controlled by carbon diffusion in austenite [Bhadeshia and Christian, 1990].
The cooperative, back to back growth of two mutually accommodating variants ensures that
the strain energy of transformation is minimised to about 50 J mol~!, thus allowing the
transformation to proceed at a relatively small driving force [Bhadeshia, 1981]. Widmanstéatten
ferrite has a wedge morphology. It is frequently observed in welds but is less common in wrought

products.

1.3.83 Pearlite

Pearlite forms from austenite by a reconstructive mechanism and involves the cooperative
growth of ferrite and cementite, resulting in an apparently lamellar mixture. Nodules of pearlite
nucleate on austenite grain boundaries, austeniteferrite interfaces or on inclusions. Pearlite
is nucleated by ferrite in a hypo—eutectoid steels or by cementite in hyper—eutectoid steels.
Pearlite grows in the form of nodules which consist of interpenetrating single crystals of ferrite
and of cementite. The growth of pearlite in plain carbon steels is controlled by the diffusion of
carbon in the austenite ahead of the interface [Mehl and Hagel, 1956]. A large volume fraction
of pearlite in the microstructure has a significant effect on the yield and tensile strengths of
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steel. The strength depends on the interlamellar spacing which in turn depends on the cooling
rate and the transformation temperature.

1.3.4 Bainite

Bainite forms by displacive mechanism. The growth of bainite is accompanied by an invariant-
plane strain shape deformation with a large shear component. The strain energy of the shape
deformation has been calculated and measured to be about 400 J mol~! [Bhadeshia, 1981].
Though carbon diffusion takes place during paraequilibrium nucleation, the growth is diffu-
sionless [Bhadeshia, 1992]. This makes it impossible for the transformation to take place above
the T, temperature at which both austenite and ferrite of the same composition have the same
free energy. Nucleation usually occurs at austenite grain surfaces.

Compared to martensite, bainite grows at relatively high temperatures when the austenite
is weak and undergoes plastic deformation to relieve the large strain associated with the shape
change. The resulting local increase in dislocation density hinders the motion of glissile trans-
formation interface. The growth of the plate is eventually stiffled by the build up of dislocation
debris so that each plate is usually much smaller than the austenite grain size. The reaction
progresses further by the nucleation of new plates, also known as sub—units, particularly at the
tips of the existing ones. This results in a sheaf-like structure [Hehemann, 1970; Bhadeshia,
1992]. Since the driving force for the bainite transformation is smaller than for martensite and
because of the plastic deformation caused by the shape change, bainite plates grow at a rate
much slower than martensite plates. Direct experimental measurements [Bhadeshia, 1984] and
the analysis of available kinetic data [Ali and Bhadeshia, 1989], however, show that the bainite
plate growth rate is orders of magnitude faster than can be expected from paraequilibrium
carbon diffusion—controlled growth.

It has been confirmed experimentally that substitutional atoms do not diffuse during
bainite transformation [Bhadeshia and Waugh, 1982]. The role of carbon is somewhat different.
Even though the plate first forms without partitioning, the excess carbon escapes into the
residual austenite immediately after transformation. The next plate of bainite then grows
from carbon—enriched austenite with a lower driving force. This continues until the carbon
concentration of austenite reaches T, when the driving force for diffusionless transformation
drops to zero and the reaction stops. The locus of T, temperatures as a function of carbon
concentration on the Fe-C phase diagram is called the T, curve, Figure 1.2. The curve is
shifted to still lower temperatures to account for 400 J mol~! of the stored energy due to the
shape deformation; the locus is then designated as the T! curve. The phenomenon is known
as “incomplete reaction phenomenon” because the reaction stops before the austenite reaches
its equilibrium concentration given by the Ae;. The maximum volume fraction of bainite (6,)
that can form at any temperature increases with decreasing temperature.

Bainite can be distinguished into the upper and lower bainite morphologies, Figure 1.3.
Upper bainite forms at higher temperatures where the carbon can diffuse rapidly. The time
taken for the decarburisation of a supersaturated ferrite plate is smaller than that required
for precipitation of carbide within the plate. The excess carbon of the supersaturated ferrite
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Figure 1.2: A schematic illustration of T, curve and the incomplete reaction
phenomenon. Diffusionless transformation is impossible if the carbon concen-

tration of austenite exceeds the 7', curve [Bhadeshia, 1992].

is therefore rejected into the adjacent austenite. Cementite may eventually precipitate out of
the enriched residual austenite. As the transformation temperature is lowered, the diffusion of
carbon becomes slower and some of the carbon is precipitated as fine carbide particles inside
the ferrite plates. The remaining carbon escapes into the austenite and may precipitate as

inter—plate carbide. This gives the lower bainite morphology.

1.8.5 Acicular Ferrite

Acicular ferrite is similar to bainite, but they are microstructurally different in that the bainite
plates nucleate on grain boundaries and grow in the form of sheaves of parallel plates whereas
acicular ferrite plates nucleate intragranularly on non-metallic inclusions and grow radially
in many different directions. The resulting chaotic microstructure gives a better toughness

because cleavage cracks are deflected more frequently at the plate boundary.

1.3.6 Martensite

Martensite nucleates and grows without diffusion. The highest temperature at which marten-
site transformation becomes possible is termed the Mg temperature. Martensite in steels can
be hard and brittle when it is supersaturated with carbon. This necessitates a tempering

treatment to give ferrite and finely dispersed carbides with good strength and toughness.
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- Figure 1.3: A schematic description of the transition from upper to lower
bainite [Bhadeshia, 1992].

1.4 Summary

The reconstructive and displacive mechanisms of phase transformation have been discussed. A
flow chart summarising the characteristics of the different transformation products and their
mechanisms is shown in Figure 1.4. The relative amounts of different phases described above
and hence the final properties of the product depend on chemical composition, state of austenite

before transformation (including effects of deformation, if any) and cooling conditions.
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Figure 1.4: A flow chart summarising various transformations in steels and

their mechanism [Bhadeshia, 1992].



Chapter Two

Review of Bainite Kinetics

A brief review of the general theory of the bainite transformation is presented. This is followed

by a description of a mathematical model for the kinetics of bainite transformation as proposed
by Rees and Bhadeshia [1992].

2.1 The Thermodynamic Parameters

Before undertaking a review of the theory of the bainite transformation, the thermodynamic
terms relevant to this discussion will be illustrated geometrically.

Consider austenite of composition Z at temperature T, (Figure 2.1a). Its free energy (G)
can decrease if it decomposes into a mixture of ferrite and carbon—enriched austenite. The
decrease in free energy associated with the decomposition is the largest when compositions
of the ferrite and the austenite are z® and z7* respectively. These values are obtained by
drawing a tangent which is common to the free energy curves of both the phases. 27 and z7¢
are given by the points where the common tangent touches the respective free energy curves.
The free energy change associated with the equilibrium decomposition of one mole of austenite,
AG"'”,""", can thus be obtained by a common tangent construction, Figure 2.1a. It can be
shown that the free energy change for the formation of one mole of ferrite is given by AG,,
which is AGY>7 *o divided by (z7* — z)/(z7* — £*7), the ferrite mole fraction.

The amount of the product formed during nucleation is very small and as such has little
influence on the composition of the residual austenite. In the limiting case, it can be said
that the points representing the composition of the initial austenite and the residual austenite
coincide with each other so that the line AB becomes a tangent to the austenite free energy
curve at the original composition Z, Figure 2.1b. The free energy change accompanying the
formation of one mole of ferrite nuclei of composition z,, is then given by AG,. The value of
AGZ depends on the choice of the ferrite nucleus composition and attains a maximum value
of AG,, when the nucleus composition is z7,. As shown in Figure 2.1b, this is obtained by
drawing a tangent to the ferrite free energy curve which is parallel to the tangent AB [Hillert,
1953].

Finally, the free energy change for the diffusionless transformation, AGY™%, is obtained
as the difference in the free energies of austenite and ferrite at the appropriate composition,

Figure 2.1c.
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Figure 2.1: Geometrical illustration of the chemical free energy changes asso-

ciated with nucleation and growth of ferrite from austenite of composition T,
after Bhadeshia [1992)].
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2.2 General Theory of Bainite Transformation

A time-temperature-transformation (TTT) diagram for steels consists essentially of two C-
curves, one for high temperature reconstructive transformations to allotriomorphic ferrite and
pearlite and the other for displacive transformations to Widmanstitten ferrite and bainite
which occur at comparatively lower temperatures (Figure 2.2). In steels where the transforma-
tion is very fast, the two curves overlap so that only a single curve may be detected in routine
experiments.

Aeg|----mmmmmmm oo e
A
E Reconstructive
-
<
84}
% Th Displacive

MS

TIME —»

Figure 2.2: A schematic TTT diagram showing the two C—curves and the T},
temperature [Bhadeshia, 1992].

2.2.1 Nucleation

The lower C—curve has a characteristic flat top which represents the highest temperature
T, at which displacive transformation to ferrite can take place. This transformation—start
temperature must be controlled by nucleation which is more difficult than growth, because of
the disproportionate amount of energy spent in creating a new interface around a small particle.
An analysis of the magnitude of the free energy change available at T), provides useful clues
to the mechanism of transformation and gives an indication of the amount of driving force
necessary for nucleation to occur at a detectable rate [Bhadeshia, 1981].

Steven and Haynes [1956] have measured T), temperatures for a wide range of low-alloy
steels, all of which exhibited two distinct C—curves. For each of these steels, the driving force
available at T, was calculated assuming two possible nucleation mechanisms — (i) nucleation
without the partitioning of any of the solute atoms including carbon (AG"™?) and (ii) nucle-
ation with paraequilibrium carbon partitioning (AG,,) [Bhadeshia, 1981]. The results of the
analysis are plotted in Figure 2.3 and reveal some important facts. Firstly, the nucleation of
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Widmanstétten ferrite or bainite occurs with the partitioning of carbon atoms since the alter-
native hypothesis of diffusionless nucleation would lead to an increase in the free energy for
some of the cases illustrated (Figure 2.3a). Secondly, all the points, whether they correspond
to Widmanstatten ferrite or to bainite lie on the same straight line in Figure 2.3b. It can
therefore be concluded that both phases originate from the same nucleus which develops into

bainite or Widmanstétten ferrite depending on certain growth criteria which will be discussed
later.
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Figure 2.3: The driving force for nucleation for a variety of steels at their
respective T, temperatures [Bhadeshia, 1981). The driving force was calcu-
lated assuming (a) diffusionless nucleation (AG"~*) and (b) paraequilibrium

redistribution of carbon (AG,).
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Figure 2.3b also shows that the driving force at which nuclei start to form at a detectable
rate varies linearly with the temperature T:

Gy=B,T,-B, Jmol™! (2.1)

where G, is defined as the minimum free energy change required to obtain a detectable amount
of Widmanstatten ferrite or bainite. For the best fit line, the values of B, and B, have been
found to be 3.637 J mol~! K~! and 2540 J mol~! respectively when T, is expressed in °C [Ali
and Bhadeshia, 1990]. G is known as the “universal nucleation function” and is applicable
to all low-alloy steels. Nucleation of Widmanstitten ferrite or bainite becomes possible at a
temperature at which the actual driving force for nucleation, AG,, (negative), becomes less
than that given by the G function.

Although the above treatment appears empirical, it has been interpreted in terms of
martensite nucleation theory [Bhadeshia, 1981; Bhadeshia, 1992]. The nucleation rate per unit

volume depends on the activation energy G*:
I x vexp{—-G*/RT} (2.2)

where v is the attempt frequency factor, R is the gas constant and T the absolute temperature.

Equation 2.2 can be written as
—~G*x BT  where B=RIn{I/v} (2.3)

The highest temperature at which displacive transformation can take place (i.e., T)) corre-
sponds to the temperature at which nucleation rate becomes detectable. This value of the
nucleation rate should be constant and independent of steel composition. Thus, for all steels,
the rate of nucleation of displacive ferrite at their respective T), temperatures is the same.
Therefore, B is constant when I is evaluated at T' = T),. This gives

We now proceed to justify this relationship in terms of nucleation theory. The nucleation of
martensite occurs by the dissociation of arrays of dislocations [Olson and Cohen, 1976]. For
this case, the activation energy is expected to be directly proportional to the driving force
[Magee, 1970; Raghavan and Cohen, 1971] so that

-G* x AG,, (2.5)

Ifit is assumed that Widmanstatten ferrite and bainite nucleate by a similar mechanism then a
combination of equations 2.4 and 2.5 gives AG,, « T}, and since at T}, AG,, = Gy, it follows
that G o T, which is precisely the relationship illustrated in Figure 2.3b and expressed by

equation 2.1.

It is also to be noticed that in the classical nucleation theory where a new phase forms by
a random structural and composition fluctuation in the parent phase, G* x AGm_Z. Such a
relation cannot explain the behaviour obtained for Widmanstéatten ferrite and bainite.
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2.2.2 Growth of the Nucleus

It was pointed out earlier that both Widmanstitten ferrite and bainite grow from the same
nucleus and that the nucleation rate becomes appreciable when

AG,, < Gy (2.6)

The nucleus can develop into Widmanstatten ferrite (i.e., T}, = W) if the driving force for

paraequilibrium growth exceeds the stored energy of Widmanstitten ferrite which has been
estimated to be 50 J mol~! [Bhadeshia, 1981]

AG"?7 2 < 50 J mol™! (2.7)

Alternatively, if the driving force for diffusionless growth is sufficient to allow for 400 J mol~!
of the stored energy of bainite then transformation to bainite takes place and T}, is identified
with the bainite-start temperature Bg,

AG"™* < —400 J mol™! (2.8)

It should be noted that for all the steels included in the analysis of Figure 2.3 and equa-
tion 2.1, the transformation—start temperature (T},) was controlled by the nucleation criterion.
AGY7 *+@ was less than —50 J mol~! at T}, in all the cases so that the growth criterion for
Widmanstitten ferrite was satisfied for all steels.

The concept elucidated above is illustrated in Figure 2.4. The Widmanstatten ferrite—start
temperature, W, or the bainite—start temperature, By, is defined as the highest temperature
at which both the nucleation and the growth criteria for the respective phase are first satisfied.

2.9.8 The Nucleation Rate

At any temperature the rate of nucleation per unit volume is related to the activation energy

I=B; exp{—%} (2.9)

where B, is a constant related to the density of potential nucleation sites. Expanding G* to

account for its linear dependence on the driving force, we get

I=B; exp{—%} (2.10)

where B, and By are constants. At T = T}, AG,, = G y; the nucleation rate, Ir,, is then

r
by an Arhen .ius type equation:

given by:
B, + B;Gy
B - 2.11
Iy, 3 exp{ RT, ( )

Dividing equation 2.10 by equation 2.11 and rewriting it in terms of the undercooling below

Th
B,AT B; (AG, Gy
_ _ _B(AGn _Gn 2.12
I IThex"{ RTT, R( T T, (2.12)
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Figure 2.4: Diagram illustrating the definition of Wg and Bg temperatures
based on available driving force for nucleation and growth, [Bhadeshia, 1981].

where, AT = T}, — T is the undercooling.
Consider two steels A and B. The ratio of the rates at which ferrite nucleates by a displacive

mechanism at their respective transformation—start temperatures, TA and T ,f’ , is [Rees and
Bhadeshia, 1992]:

£1I_ _ exp{—(B4 — B, B;)(Ty — Ti?)} (2.13)

Izs RTATP

At their respective T}, temperatures all steels have an identical nucleation rate; Ita = Ips =
I, . This gives B, = B; X Bj. The nucleation rate is therefore written as:

B B,AG
I= B3 exp{——ﬁ"f - —éﬁ} (214)

2.3 Rees and Bhadeshia Model

The above theory was applied by Bhadeshia [1982a] to model the kinetics of the bainite trans-
formation. The model was subsequently modified by Rees and Bhadeshia [1992]. The model
is limited to upper bainite and to steels where carbide precipitation is prevented by alloying
with elements like silicon.

The bainite plates first nucleate on austenite grain boundaries. The initial nucleation rate
is given by equation 2.14. The density of nucleation sites, Bs, is related to the austenite grain
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size
B; = (LB;)™" (2.15)
where L is the mean lineal intercept length and Bj is an empirical constant.

The dislocation debris generated by the shape deformation stops plate growth even before
it encounters an austenite grain boundary. The transformation proceeds further by autocat-
alytic nucleation of new plates at the tips of the old ones [Oblak and Hehemann, 1967]. This
results in a sheaf-like structure, Figure 2.5. The plates, once nucleated, grow very rapidly to
consume a fixed volume of austenite before they are halted [Barford and Owen, 1961; Oblak
and Hehemann, 1967; Bhadeshia and Edmonds, 1979]. The overall transformation kinetics are
thus controlled by nucleation rather than by growth. The nucleation rate due to autocatalysis
was assumed to be proportional to the existing bainite volume fraction [Bhadeshia, 1982a).

The total nucleation rate per unit volume was written as
I, = I(1+ B6,¢) (2.16)

where 3 is an autocatalysis constant and £ is the volume fraction of bainite (v) normalised
with respect to the maximum fraction, 6,, possible at a given temperature

E=v/6, (2.17)

The austenite is enriched in carbon as the reaction progresses, reducing the driving force. The
free energy for nucleation, AG,,, was allowed to vary linearly with the extent of reaction from

its initial value of AG?, to the final value of Gy according to
AG,, = AG?, - £(AG;, —GY) (2.18)

The form of equation 2.18 assumes that the nucleation and growth criteria of transformation

fail simultaneously so that AG,, = Gy when { = 1.
The autocatalysis factor 3 was modelled as a function of the carbon content of the steel:

B =X(1-X7) (2.19)

where A; and ), are empirical constants and Z is the mean carbon concentration of the steel
in mole fraction. Thus autocatalysis is less effective in higher carbon steels where a significant
build up of carbon at the transformation interface inhibits nucleation of new plates. When the

steels are considered individually, 8 = A, for that steel.
Consider austenite of volume V7 undergoing transformation to bainite. The extended

volume of bainitic ferrite that forms between time 7 and 7 + dr is given as
dv, =1,V udr (2.20)

where  is the volume of a bainite plate. The change in real volume is related to the corre-

sponding change in extended volume by [Christian, 1975]
dV =(1-¢)dV, (2.21)
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Figure 2.5: Schematic illustration of the sheaf structure of bainite, after
Bhadeshia [1992].

This gives
dV = (1-§ V" uldr (2.22)

Writing this in terms of bainite volume fraction v while remembering that v = 6, §, we get

Substituting for nucleation rate I gives the differential equation for the overall transformation

rate
_ uBs

d§ = X (1= &)(1 + B0,€) x exp [—%(1 + —ABG—j”) + 1‘25] dr (2.24)

where I'; is given by
_ By(AGr, —Gy)

- 2
r, BT (2.25)

Equation 2.24 was solved analytically to give the time to form a certain volume fraction of
bainite [Rees and Bhadeshia, 1992].

The above model has four empirical constants, namely B}, By, A; and A,. The model was
optimised using the bainite transformation kinetics data due to Bhadeshia [1982a] to determine
the best fit values of these empirical constants. The chemical compositions of the steels used
in the analysis are given in Table 2.1. The best fit values of the constants after optimisation

are given in Table 2.2.
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Alloy C Si Mn Ni Cr Mo \%
Fe-Mn-Si-C 0.22 2.03 3.0 0.00 0.00 0.00 0.00
Fe-Ni-Si-C 0.39 2.05 0.00 4.08 0.00 0.00 0.00
300 M 0.44 1.74 0.67 1.85 0.39 0.83 0.09

Table 2.1: The composition (wt.%) of the steels used for the optimisation
of Rees and Bhadeshia model [1992]. The bainite transformation kinetics of
these alloys were first studied by Bhadeshia [1982a].

Dataset B} /u, m™1s By, J mol™! A Ay
Fe-Mn-Si-C 3.876 x 107 1.925 4.756 0.00
Fe-Ni-Si-C 2.028 x 107 2.907 x 10* 90.822 0.00

300 M 1.231 x 107 3.767 x 10* 141.66 0.00

Combined data 3.390 x 107 2.065 x 10* 139.00 25.46

Table 2.2:

The best fit values of the empirical constants of Rees and
Bhadeshia model [1992)].

Alloy C Si Mn Ni Cr P S N

A 027 198 218 0.02 190 0.015 0.012 0.0054

027 2.01 216 2.07 - 0.015 0.011  0.0049
C 046 2.10 2.15 0.02 - 0.014 0.013  0.0062
D 044 213 2.14 0.02 0.5 0.014 0.011  0.0079
E 0.10 177 212 2.00 0.02 0.013 0.012 0.0053
F 026 1.8 210 0.02 - 0.015 0.013  0.0086
G 026 193 2.04 0.02 1.02 0.015 0.010 0.0069
H 0.10 163 199 0.03 197 0.013 0.011 0.0080

Table 2.3: The composition (wt.%) of the alloys used for the study of bainite
transformation kinetics by Chang [1995].

Chang [1995] has also studied the bainite transformation kinetics of a number of high

silicon steels (Table 2.3). The data were analysed according to the theory presented above.
The best fit values of the constants deduced by Chang [1995] are shown in Table 2.4.
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Dataset Bi/u, m~1s B,, J mol™! A A
A 2.473 x 107 1.613 x 10* 16.578 0.00
B 2.720 x 107 5.967 x 10° 7.337 0.00
C 3.079 x 107 2.207 x 102 4.657 0.00
D 1.639 x 108 1.030 x 10* 71.067 0.00
E 1.974 x 10° 2.729 x 107! 2.577 0.00
F 3.953 x 10° 6.414 x 10? 4.139 0.00
G 1.576 x 107 7.455 x 103 21.550 0.00
H 5.908 x 108 8.171 x 103 48.421 0.00
Combined data 1.277 x 108 1.582 x 1072 335.69 45.05

Table 2.4: The best fit values of the empirical constants when optimisation
was done on Chang’s alloys, A-H [Chang, 1995].

2.4 Summary

The theory of bainite transformation as proposed by Bhadeshia [1981] has been reviewed. A
mathematical model to predict the bainite transformation kinetics based on this theory has
been discussed. There are a number of difficulties with the theory which will be highlighted

and discussed in context in chapter six.
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Chapter Three

Stress and Strain Affected Transformations

3.1 Introduction

A number of industrial processes such as plate rolling, rod rolling and forging are used to
fabricate steel beginning with an ingot, slab, billet or a blank. Though each process differs
in technical detail, the underlying metallurgical principles are the same. Rolling deformation
is probably the most commonly used and will be described here. The feed stock is heated in
a furnace to a temperature which depends on the chemical composition but is usually in the
range 1100-1250 °C. The microstructure then becomes fully austenitic. After removing the
scales, the feed stock is subjected to deformation in the roll gap. The deformation is carried
out in a number of steps, called passes, in a reversing or continuous mill with a predetermined
amount of thickness reduction in each pass. Finally, after the required thickness has been
achieved the product is allowed to cool freely in air or is subjected to accelerated cooling using
air or water sprays.

For a given chemical composition, the final microstructure and hence the mechanical prop-
erties depend on the microstructure of austenite before it begins to transform, and on the rate
of cooling. It is possible to control the time-temperature-deformation sequence (the ‘rolling
schedule’) to leave the austenite in a state which will induce it to transform into the required
microstructure upon cooling. Thermomechanical control processing (TMCP) is used widely in
the steel industry for austenite “conditioning”. It consists of controlled rolling and accelerated
cooling in a four stage process which is shown in Figure 3.1. Stage 1 rolling is carried out
under conditions where the austenite can recrystallise readily. The coarse grains of austenite
produced during the high temperature heat treatment are refined by repeated deformation
and recrystallisation. There is a limit to the degree of austenite grain refinement that can be
achieved in this way and an additional possibility is to leave the austenite in a cold—deformed
state before cooling it to induce ferrite transformation. This is stage 2 of TMCP which leads
to elongated austenite grains thus providing more nucleation sites for ferrite. Deformation
bands and other such defects which act as ferrite nucleation sites are also introduced within
the. austenite grains. All of these factors enhance the ferrite nucleation rate and the final mi-
crostructure is greatly reduced in scale. Microalloying elements such as Nb, V, Ti etec, when
present, play an important role. The solute atoms and the strain-induced precipitates of car-
bide and/or carbonitrides of these elements retard the recrystallisation of austenite and further

augment the ferrite nucleation rate. The precipitates also provide additional strengthening.
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Rolling is sometimes continued into the two phase v +a region which is stage 3 of TMCP
Besides a continuation of the processes in stage 2, the deformation in this stage introduces:
plastic strain in the ferrite. Subsequent recovery processes in the ferrite produce a sub—grain
.structure which is another source of strength in these steels. Stage 4 of TMCP consists of
interrupted accelerated cooling in a suitable temperature range. This increases the supercooling

at which transformation takes place and a highly refined microstructure can be obtained. In

steels with adequate hardenability, bainite and martensite can be obtained during cooling. The

relative quantity of the different phases depends on the steel composition, the rolling schedule
and the cooling rate.

Reheating

Temperature

Accelerated cooling

Time
Figure 3.1: A schematic and simplistic time-temperature-deformation sched-
ule for thermomechanical control processing (TMCP).

3.2 Effect of Austenite Deformation on its Transformation
Plastic deformation significantly alters the structural state of austenite. How this influences
transformation behaviour depends on the mechanism of ferrite formation. Attention is fo-

cused here on allotriomorphic ferrite and bainite which are the key phases in structural steels,

and conveniently, are good representatives of the reconstructive and displacive mechanisms of

growth. The effect of plastic deformation on the transformation of austenite to other phases
has been reported elsewhere: Umemoto et al. [1983] (pearlite); Shipway and Bhadeshia [1997]
(Widmanstitten ferrite); Yang et al. [1995] (acicular ferrite); Raghavan [1992] (martensite).
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3.2.1 Deformation in the Recrystallisation Region

The austenite is deformed at temperatures above which it can recrystallise during or after
deformation. A smaller austenite grain size leads to a greater grain surface area per unit

volume, and hence a larger number density of nucleation sites. This results in a higher austenite

to ferrite transformation temperature during cooling (Ar,) and a smaller ferrite grain size. The
growth of austenite grains after recrystallisation can be a

voided by appropriate microalloying
[Amin and Pickering, 1982a; Santella and DeArdo; 1982]

3.2.2 Deformation in the Non—Recrystallisation Region

The austenite is deformed below its recrystallisation temperature. There are many effects of
this relatively low temperature deformation as discussed below.

3.2.2.1 Change in the Grain Shape

Deformation below the recrystallisation temperature results in a flattening of the austenite
grains, a phenomenon known as pancaking. The change from an equiaxed to a pancaked
microstructure is accompanied by an increase in the grain boundary area per unit volume.
Many attempts have been made to quantify the increase in the boundary area as a function of
deformation strain. Some of these relationships are based purely on geometrical considerations
whereas others are derived empirically.

Speich et al. [1984] took the grains to be cubic and calculated the grain boundary area
per unit volume, Sy, which after plane-strain deformation is given by (Figure 3.2)

e
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Figure 3.2: The increase in surface area per unit volume of a cube-shaped

grain structure as a result of plane-strain deformation [Speich et al. 1984]

(a) (b)

Figure 3.3: The change in shape from (a) sphere to (b) ellipsoid due to a
plane-strain reduction of p. After Umemoto et al. [1983].

where (Np)y, (V)| and (N,), are the number of intercepts with grain boundaries of unit
length of test lines along the longitudinal, transverse and through thickness directions re-
spectively. The equation takes into account the anisotropy in the grain shape caused by

deformation. Ouchi et al. [1982] found empirically that the measured Sy, varied linearly with

plane-strain reduction of more than 0.1 (Figure 3.5):

G = %[1.67(1)— 0.1) + 1]

For p < 0.1, the increase in surface area is taken to be negligible so that Sy ~ Sy, where Sy

is the grain boundary surface area per unit volume before deformation.
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Figure 3.4: The ratio of surface area of a sphere before and after a rolling
reduction p [Umemoto et al., 1983).

3.2.2.2 Comparison with Measurements

Sandberg and Roberts [1982] have systematically studied the effect of deformation of austen-
ite in the non—recrystallisation region on ferrite transformation for a number of microalloyed
steels. They also used the Underwood’s method (equation 3.3) to experimentally measure
the austenite grain boundary area for a range of unconstrained deformation strains starting
from two recrystallised austenite grain sizes of 50 ym and 75 ym. The calculated values of
Sy according to the three equations discussed above are compared against the measured val-
ues in Figure 3.6. Ouchi’s linear equation overestimates the increase in grain boundary area
upon deformation whereas that of Speich et al. underestimates it. The equation based on
the deformation of sphere proposed by Umemoto et al. gives reasonable agreement with the
measurements. It should be noted that the experiments of Ouchi et al. were carried out un-
der plane-strain conditions (rolling) whereas those of Sandberg and Roberts involved uniaxial
compression; the calculations for Sy, were all done assuming plane-strain deformation.
Though the three models for Sy, give different values, it is obvious that the Sy, does not
rise enormously with levels of strains usually employed during commercial rolling or other de-
formation processes. For example, the sphere model of Umemoto et al. [1983] predicts that the
boundary area increases by only 25% with a 50% reduction. The experimental measurements
of Ouchi et al. [1982] and of Sandgerg and Roberts [1982] also indicate that a 50% deformation
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Figure 3.5: The increase in grain boundary surface area per unit volume
as a function of rolling reduction below the recrystallisation temperature of
austenite. The figure illustrates the linear relationship between Sy, and p
suggested by Ouchi et al. [1982].
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Figure 3.6: A comparison of measured and calculated increase in austenite
grain boundary area as a result of deformation. The measurements were done
by Sandberg and Roberts [1982].
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raises the boundary area by only about 50%. This small increase in Sy, alone cannot account for
a very fine ferrite grain size which is obtained when the transformation occurs from deformed
austenite [Roberts et al., 1980; Sandberg and Roberts, 1982; Amin and Pickering, 1982b].
For the same value of Sy, the ferrite grain size formed from deformed and unrecrystallised
austenite was found to be smaller than that from recrystallised austenite, Figure 3.7 [Kozasu
et al., 1976]. Clearly, the effect of deformation of austenite in the non-recrystallisation region
is more than just an increase in the grain boundary area which greatly enhances the ferrite

nucleation rate.
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Figure 3.7: Relationship between the ferrite grain size and the austenite grain
boundary area (Sy,) for recrystallised and unrecrystallised austenite grains.
For the same Sy, a finer ferrite grain structure is obtained if the austenite is

in an unrecrystallised state [Kozasu, 1976].

3.2.2.3 Enhanced Nucleation on Deformed Austenite Grain Boundaries

The deformation of austenite not only increases Sy, but has also been reported to increase
the nucleation potency of the grain surface [Walker and Honeycombe, 1978; Roberts et al.,
1980; Amin and Pickering, 1982b; Sandberg and Roberts, 1982; Umemoto and Tamura, 1986].
This effect, however, does not occur at relatively small strains [Priestner, 1975]. Based on their
experimental measurements, Umemoto and Tamura [1986] estimated that a rolling deformation
of 30% and 50% increased the ferrite nucleation rate per unit area of grain surface by a factor
of 740 and 4200 respectively. The reason for such a large increase in ferrite nucleation rate on
austenite grain boundary is not very clear. It has been argued by Sandberg and Roberts [1982]

that the austenite grain boundaries develop serrations and bulges as a result of strain-induced
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boundary migration. Metallographic evidence for the presence of austenite grain boundary
bulges has been provided by Roberts et al. [1980]. Invoking the hypothesis of Lee and Aaronson
[1975], they suggested that bulges provide readily available sites for the nucleation of faceted
ferrite grains which is possible only on a ‘puckered’ boundary [Lee and Aaronson, 1975]. The
activation energy for the nucleation of faceted ferrite on bulges was estimated by Sandberg and
Roberts [1982] to be much lower than that for the corresponding unfaceted ferrite. Besides,
the density of such sites is also high as they are spread all over the deformed grain boundary
[Sandberg and Roberts, 1982]. The combined effect of these two factors is to enhance the grain
boundary nucleation rate. Similarly, Umemoto and Tamura [1986] have suggested that a large
number of grain boundary ledges are formed as a result of deformation. The activation energy
for nucleation is smaller on these ledges, augmenting the grain boundary nucleation rate.

Amin and Pickering [1982b] have discounted the above theory of nucleation on grain
boundary bulges. They did not observe bulging in many cases and yet the ferrite nucleation
rate in the vicinity of the deformed austenite grain boundary was found to be higher [also see
discussion to Roberts et al., 1980]. Instead, they proposed that the deformed austenite grains
exhibit higher lattice mismatch because of greater lattice distortion and a higher dislocation
density near the deformed grain boundaries.

An increase in the grain boundary nucleation rate has also been observed in microalloyed
steels [Amin and Pickering, 1982b] or in steels containing other carbide forming elements such
as Cr and Mo [Walker and Honeycombe, 1978]. In such cases, as will be discussed later, strain
induced precipitates play an important part.

3.2.2.4 Intragranular Nucleation Sites

Apart from enhancing the ferrite nucleation rate on the austenite grain boundaries, deformation
also induces certain nucleation sites within the austenite grains. These sites can be deformation
bands, incoherent annealing twins, sub—grain boundary and second phase particles.

Deformation bands are regions of intense localised shear. These deformation bands can act
as ferrite nucleation sites inside the austenite grains because of the higher energy (higher dislo-
cation density) associated with them [Walker and Honeycombe, 1978; Umemoto and Tamura,
1986; Inagaki, 1986; Feng et al., 1990]. The distribution of deformation bands amongst the
grains tends to be rather irregular. It depends on the grain size and the amount of deformation.
While the bands are rarely observed for a low amount of deformation (< 30%), the band dis-
tribution becomes more uniform with large deformations (> 50%) [Tanaka et al., 1982]. Ouchi
et al. [1982] have suggested that the density of deformation bands, S, in unrecrystallised
austenite is linearly dependent on the amount of reduction above 30%:

S&® =63(p—0.3) mm! (3.5)

Umemoto and Tamura [1986] assumed a slightly different parabolic relationship between
the deformation band density and the true plastic strain ()

S8 = 302 mm™! (3.6)
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where € = —In(1 - p).

The deformation band density calculated according to these two equations is compared
with that measured by Sandberg and Roberts [1982] in Figure 3.8. For normal rolling reduc-
tions both the equations give similar results, though the parabolic relationship of Umemoto
and Tamura [1986] gives marginally better fit. At higher reductions, the equation proposed
by Ouchi et al. [1982] gives a reasonable density whereas the parabolic relationship gives an

unrealistic value.
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Figure 3.8: The variation of deformation band density with reduction p. The
values calculated according to equations proposed by Ouchi et al. [1982] and
by Umemoto and Tamura [1986] are compared against the measured values
reported by Sandberg and Roberts [1982].

The deformation bands increase the total surface area effectively available for the het-
erogeneous nucleation of ferrite. It is generally assumed that the nucleation potency of the
deformation bands is the same as austenite grain boundaries [Ouchi et al., 1982; Speich et al.,
1984; Umemoto and Tamura, 1986]. The total interfacial area per unit volume (S¥) available
for ferrite nucleation is therefore given by summing the areas of deformed grain boundaries
and deformation bands

ST =8, +5& (3.7)

However, all the deformation bands are not equally potent because of variable energies
associated with them [Amin and Pickering, 1982b]. They found that higher energy bands
which nucleated ferrite were usually associated with larger rolling reductions. Moreover, the
recovery of dislocation structure within the deformation bands may decrease its potential for

ferrite nucleation [Amin and Pickering, 1982b]. Thus, a slow cooling which provides time for
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the recovery of dislocation structure within the deformation band reduces its potency for ferrite
nucleation.

Inagaki [1986] has measured the ferrite nucleation rate on different sites at two isothermal
transformation temperatures and with two starting austenite grain sizes. For the smaller
austenite grain size, ferrite nucleated predominantly on the austenite grain boundary even
after deformation; nucleation on deformation bands was not observed. However, with a coarse
austenite grain size, deformation did induce ferrite nucleation on the deformation bands and
at a lower isothermal transformation temperature, the nucleation rate on deformation bands
was found to be much higher than on the grain boundaries (Figure 3.9). It has been suggested
that at lower transformation temperatures the activation energy for nucleation is smaller and
hence the probability of nucleation on intragranular sites such as deformation bands is much
higher [Tanaka, 1995; Inagaki, 1986]. It is also possible that at lower temperatures the recovery
of the dislocation structure is slower and consequently sufficient driving force is available for

nucleation.
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Figure 3.9: Effect of deformation and isothermal transformation tempera-
ture on ferrite nucleation at different sites. The samples were austenitised at
1250 °C and rolled to 56% reduction at 830 °C before isothermal transforma-
tion at (a) 750 °C and (b) 690 °C [Inagaki, 1986].

Inagaki’s observations that ferrite nucleation on deformation bands is dependent on the
initial austenite grain size and the transformation temperature invalidates the assumption
underlying equation 3.7 that the nucleation potencies of deformation bands and austenite
grain boundaries are the same under all conditions. Nevertheless, it is a simple and useful
approximation in many cases and is used widely for modelling the ferrite transformation [Quchi
et al., 1982; Speich et al., 1984; Umemoto and Tamura, 1986; Tanaka, 1995; Parker, 1997].

Annealing twins are substantially coherent and therefore not effective as nucleation sites.

They can lose their coherency due to deformation in which case ferrite nucleation becomes
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possible on the resultant high—energy incoherent interfaces [Tanaka, 1995]. Ferrite nucleation
on annealing twin has been observed by Inagaki (Figure 3.9) [1986] and by Speich et al. [1984].

Direct microstructural evidence for ferrite nucleation on sub—grain boundaries has been
presented by Walker and H%x'l"eycombe [1978]. Amin and Pickering [1982b] have also presented
indirect proof of nuclea.tion/(sub—gra.in boundaries. They observed extensive intragranular fer-
rite nucleation even in the absence of deformation bands and second phase particles and con-
cluded that the nucleation must have taken place on sub—grain boundaries. The occurrence
of a mixed ferrite grain structure has also been interpreted in terms of this effect. Recovery
of the deformation structure produces a network of sub—grain boundaries. It has been pos-
tulated that strain is not uniformly distributed within the grain and that it is localised in
the neighbourhood of the grain boundaries [Amin and Pickering, 1982b]. This gives rise to
a higher density of sub—boundaries in the vicinity of the grain boundary than away from it.
Ferrite nucleation takes place on the original and sub—grain boundaries. If microalloying or
other precipitate forming elements are present, precipitates may form on this network [Walker
and Honeycombe, 1978; Amin and Pickering, 1982b]. The precipitates inhibit ferrite growth
allowing for fresh nucleation and may themselves act as nucleation sites. It is pertinent to
note here that in some cases, cold working of iron is also reported to produce a banded region
along the grain boundary where the density of sub—grains is higher [Hutchinson, 1974; Bay
and Hansen, 1980].

Roberts et al. [1980] point out that the interfacial energy of sub—grain boundaries is too
small for them to be able to act as ferrite nucleation sites. However, at large supercoolings, the
activation energy required for nucleation is relatively small and ferrite nucleation on sub—grain
boundaries may be possible.

All the factors listed above are expected to substantially promote intragranular nucleation.
This has been observed in many cases particularly at lower transformation temperatures or
under accelerated cooling conditions when recovery is minimised [Morrison and Chapman,
1976; Amano et al., 1986; Abe et al., 1988].

3.2.2.5 Stored Energy of Deformed Austenite

A certain fraction of the energy spent for deformation is stored in austenite in the form of an
increased density of dislocations and other defects. In the absence of recovery and recrystalli-
sation, the austenite remains in a state of higher energy. The free energy change associated
with the deformed—austenite to ferrite transformation is thus larger than that during a cor-
responding transformation from recrystallised austenite. This should, in principle, raise the
Aez temperature and increase the equilibrium carbon concentration of austenite at a given
temperature. Consequently, the amount of ferrite in equilibrium with austenite at any tem-
perature must also increase. Some experimental results reported by Yada et al. [1986] and by
Matsumara and Yada [1987] indicate strain-induced austenite to ferrite transformation above
the equilibrium Aeg; temperature. It was inferred by Yada et al. [1986] that 1 to 11% of the
deformation energy is utilised for transformation, the rest presumably being dissipated as heat.

The activation energy for nucleation is inversely proportional to the square of driving force
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available for transformation [Christian, 1975]. The stored energy of deformation increases the
driving force and thereby reduces the activation energy for nucleation. This results in an
increase in the nucleation rate and the Ar; temperature. The stored energy of deformation
should also cause an increase in the growth rate of ferrite [Umemoto and Tamura, 1986; Parker,
1997).

3.2.2.6 Effect of Microalloying Elements

In plain C-Mn-Si steels, deformation causes only a marginal increase of 35-40 °C in the trans-
formation temperature [Ouchi et al., 1982]. A much higher increase has been reported by
Ouchi et al. [1982] and by Collins et al. [1988] for Nb containing steels even at a slow cooling
rate. However, other workers have reported a smaller increase for such steels under similar
cooling conditions [Abe et al., 1986; Liu et al., 1995; Yamamoto et al., 1995; Khlestov et al.,
1996]. In Nb containing steels, such a sharp rise in the Ar; temperature has been attributed
to the formation of strain induced Nb(CN) precipitates [Ouchi et al., 1982]. Nb in solution
in austenite lowers its transformation temperature [Morrison, 1963; Abe et al., 1986; Huang
et al., 1993]. Thomas and Michal [1982] have suggested that in low Nb alloys, Nb remains in
solution during cooling and segregates to the austenite boundaries lowering the grain boundary
energy. The activation energy required for ferrite nucleation is therefore increased. Thus, even
though Nb does not appreciably alter the chemical free energy change associated with ferrite
formation, it lowers the ferrite nucleation rate [Quchi et al., 1982]. A similar argument holds
for other elements such as Mo and V [Essadigi and Jonas, 1989]. Essadiqi and Jonas [1989]
measured the ferrite nucleation rate as a function of temperature and found that at the same
undercooling the nucleation rate in plain carbon steel was higher than in steels alloyed with
only Mo or with Mo, Nb and V. When austenite is deformed, strain induced precipitates of
carbides and/or nitrides (e.g., Nb(CN)) are formed on or around austenite grain boundaries
depleting the grain boundary of dissolved solute atoms [Morrison and Chapman, 1976; Amin
and Pickering, 1982b]. The nucleation rate on the grain boundary then increases sharply be-
cause the solute atoms are no longer available for segregation. Precipitates themselves may act
as potent nucleation sites accelerating the transformation, probably further aided by a carbon
depleted region around the precipitates [Thomas and Michal, 1982; Jung et al., 1995]. The net
result is a dramatic rise in the Arg temperature.

Even in undeformed austenite, precipitation of Nb(CN) is known to accelerate the ferrite
formation [Thomas and Michal, 1982; Jung et al., 1995].

A further effect of the presence of microalloying elements is retardation of the recovery pro-
cesses by strain induced precipitates; the defects are retained in austenite and they accelerate
transformation as described above [Feng et al., 1990].

Thus in microalloyed steels, it appears that the extent of rise in transformation tem-
perature depends on carbide precipitation which in turn depends on alloy chemistry and the
deformation schedule. If extensive precipitation precedes transformation then a sharp rise in

the transformation temperature is observed.
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3.3 Effect of Plastic Strain on the Bainite Transformation

We have seen that the deformation of austenite accelerates ferrite transformation which forms
by a reconstructive mechanism. Bainite and martensite on the other hand form by a displacive
mechanism of transformation which involves a coordinated movement of atoms during the
glide of glissile interfaces. Such movements cannot be sustained against strong obstacles such
as grain boundaries. Thus, martensite or bainite cannot cross grain boundaries. Defects such
as dislocations also hinder the progress of any glissile interface in much the same way that
ordinary slip is made more difficult by the presence of dislocation forests.

It follows that displacive transformations can be suppressed by prestraining the parent
phase which has the effect of enhancing the matrix defect density. This effect is known as me-
chanical stabilisation and is well established for martensitic transformation [Raghavan, 1992].
Prior deformation of metastable austenite at temperatures sufficiently above Mg lowers the
transformation temperature and the amount of martensite formed at any subsequent temper-
ature is reduced [Christian, 1975; Raghavan, 1992]). The detailed effect of plastic strain on
displacive transformation is more complex than the simple stabilisation described above. Al-
though the crystallographic discontinuities in the austenite, caused by strain, clearly interfere
with the progress of plates of transformation product, the same discontinuities can provide
heterogeneous nucleation sites [Fiedler et al.,, 1955]. There is therefore an enhancement of
nucleation on defects but at the same time a hindrance to growth.

The literature available on the mechanical stabilisation of austenite against bainitic trans-
formation indicates results similar to that for martensite though there are some apparent
inconsistencies. Interference with other reactions such as the formation of allotriomorphic fer-
rite prior to bainite transformation or precipitation of carbides during transformation make
the interpretation of results difficult. Difficulties may also arise if the transformation is allowed
to proceed under stress. The effect of stress on displacive transformation will be considered
separately.

Vlad [1986] has reported that during continuous cooling of a low—alloy steel, the austenite
to bainite transformation was retarded when the austenite was deformed prior to transforma-
tion. This could be the mechanical stabilisation effect, but at least a part of the retardation
can be explained by an accelerated decomposition of deformed austenite to allotriomorphic
ferrite. The carbon enrichment of residual austenite stabilises it against bainite transforma-
tion. Hot rolling experiments carried out by Davenport [1977] on alloys with a hardenability
high enough to avoid the formation of allotriomorphic ferrite provide more appropriate evi-
dence of mechanical stabilisation. The austenite deformed to a larger extent transformed to
bainite at a lower temperature during continuous cooling. Similar results were obtained by
Zhang and Boyd [1996] on a 0.11C-1.6Mn-0.09 Nb—0.01Ti-0.003B steel at a cooling rate of
10°C s~! which was fast enough to avoid the formation of allotriomorphic ferrite even from
the deformed austenite. A decrease in the bainite transformation temperature during contin-
uous cooling is however not always observed. Smith and Siebert [1971] found an increase of as

much as 100 °C in the bainite—start temperature of low-carbon Mo-B steels when austenite was
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deformed before transformation. The bainite—start curves tended to become flat with austen-
ite deformation. They also observed a deformation—induced increase in the martensite—start
temperature of 30 to 50 °C. The investigators, in this case, do not rule out the possibility
of strain-induced precipitation of carbides of molybdenum at the deformation temperature.
The precipitation obviously affects subsequent reactions. A closer examination of the CCT
curves presented by Smith and Siebert [1971] reveal that prior deformation does lower the
bainite transformation temperature in some cases. In some other cases in the same study, a
low amount of deformation accelerated the bainite transformation while a large deformation
retarded it.

A rise in the bainite transformation temperature during continuous cooling caused by
austenite deformation has also been reported by other investigators [Huang et al., 1993; Ya-
mamoto et al., 1995]. Yamamoto et al. [1995] have shown that for the same austenite grain
boundary area per unit volume, the bainite transformation temperature was higher when the
transformation was preceded by austenite deformation. It was suggested that the increase is
caused by the stored energy of deformation. This explanation does not appear reasonable given
that bainite forms by a displacive mechanism. If a defect cannot hinder or halt the progress
of glissile interface it gets incorporated into the product phase. Thus the defect density is
the same in the matrix and the product phase and no additional benefit accrues to the phase
transformation in terms of energy because of deformation. In ausformed bainite the disloca-
tion density has been found to be much higher than in the conventional bainite [Edwards and
Kenon, 1978; Irani, 1967]. This is quite unlike reconstructive ferrite transformation or recrys-
tallisation where long-range diffusion sweeps away the deformed regions and the product is
strain free.

Direct evidence for mechanical stabilisation comes from isothermal transformation to bai-
nite. Freiwillig et al. [1976] reported that when austenite is deformed prior to transformation,
the initial rate of bainite formation increased though the total amount of bainite that formed at
any temperature decreased; the incubation period before the start of transformation was found
to be significantly lower. Even when the deformation was applied during isothermal transfor-
mation, the reaction rate was found to increase with a concomitant reduction in the volume
fraction of bainite. A decrease in the incubation period as a result of austenite deformation
was also observed by Edwards and Kennon [1974]. In their study the effect of deformation
was more pronounced on upper bainite; the effect on lower bainite was rather modest. Similar
results were obtained by Tsuzaki et al. [1989]. They found that ausforming accelerated the
lower bainite reaction only marginally whereas the upper bainite reaction was greatly accel-
erated. They also showed that stabilisation was apparent only at the lower transformation
temperature. The amount of upper bainite at high temperature was unaffected by ausforming.
The probable reason for this behaviour is that the isothermal transformation to upper bainite
was carried out at the temperature of deformation itself. The strain rate of deformation was
a mere 0.1 s™1. It is possible that the transformation was affected by the applied stress also.
This has to be viewed in the light of the experiments of Bhattacharya and Kehl [1955]. They
showed that the rate of bainite reaction increased when transformation took place under the
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influence of stress; the acceleration was more pronounced when the applied stress exceeded the
yield stress of the steel. They further showed that removal of stress after some transformation
has taken place does not decrease the reaction rate. This suggests that the effect of stress is to
stimulate nucleation rather than growth. As will be considered in the next section, stress may
also increase the volume fraction of bainite at any temperature. In short, the results of Tsuzaki
et al. on upper bainite could be because of the concurrent effect of stress on transformation;
the reaction might have started during deformation itself.

Other results available in literature, with a few exceptions, are in agreement with the
general trend outlined above [Umemoto et al., 1986; Fujiwara et al., 1995; Kasper et al., 1994,
Shipway and Bhadeshia, 1995a]. Umemoto et al. [1986] found that deformation above 500 °C
had little effect on bainite transformation in medium—carbon Ni/Ni—Cr, Si—free steels. Defor-
mation below 500 °C substantially accelerated the transformation. Stabilisation was observed
in some cases. Based on microstructural observations and microhardness measurements across
non-uniformly deformed samples Shipway and Bhadeshia [1995a] also concluded that deforma-
tion of austenite stabilises it against bainite transformation. Results reported by Konopleva
and McQueen [1996] on medium—carbon, Cr-Ni-Mo steels are rather complicated. They indi-
cate that for a given deformation temperature, the rate of reaction and the amount of bainite
depend on the transformation temperature. At transformation temperatures above 400 °C,
deformation accelerates the reaction and is accompanied by an increase in the bainite volume
fraction. Below this temperature, the reaction is decelerated and the amount of bainite is
lowered. At 400 °C however, initial acceleration is followed by a reduction in the eventual
amount of bainite. The interpretation of results in this case is made difficult by the presence
of carbide forming Cr in substantial quantity. The kinetics of bainite transformation has to be
considered in conjunction with the carbide precipitation kinetics which too is affected by de-
formation. Precipitation of carbides alters the matrix composition which in turn influences the
bainite transformation kinetics. A deceleration in the initial rate of reaction was also reported
by Yang and coworkers [1996] for a medium—carbon, Mn-Si steel. The chemical compositions
of the bainitic steels studied in literature are given in Table 3.1.

An acceleration of the bainite reaction is also observed when austenite undergoes plastic
deformation because of transformation stresses. Bainite transformation is therefore also ob-
served at temperatures below Mg in some steels [Howard and Cohen, 1948; Ericsson et al.,
1976). Martensite is the first phase to form at these temperatures. The austenite is deformed
because of the martensite transformation. The transformation strain then induces bainite
transformation at an accelerated rate. Similarly, partial transformation to lower bainite en-
hances the rate of upper bainite reaction [Hehemann, 1970]. Elimination of transformation
strains by an annealing treatment in the bay region removes the acceleration, Figure 3.10. It
is, however, not clear why the annealing treatment leads to reduction in the bainite volume
fraction.
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Reference C Si Mn Ni Cr Mo Nb B Other
Hehemann, 1970 0.31 0.30 0.76 3.07 1.22 0.49 - - -
Smith and Siebert, 1971 0.10 0.33 0.87 - - 0.24 - 0.0021 -
Smith and Siebert, 1971 0.10 0.34 0.88 - - 0.39 - 0.0027 -
Smith and Siebert, 1971 0.10 0.35 0.88 - - 0.66 - 0.0031 -
Smith and Siebert, 1971 0.20 0.30 0.87 - - 0.38 - 0.0025 -
Edwards and Kennon, 1974 0.85 - 1.39 - 0.59 - - - 0.53W
Freiwillig et al., 1976 0.43 0.18 0.38 0.12 3.51 - - - 0.15Cu
Freiwillig et al., 1976 0.86 0.20 0.39 0.05 3.74 - - - 0.05Cu
Freiwillig et al., 1976 1.02 0.19 0.40 0.15 3.56 - - - 0.15Cu
Davenport, 1977 0.13 030 1.45 1.38 1.48 0.40 0.10 - 0.7Cu
Umemoto et al., 1986 0.50 - - 3.60 145 - - - -
Vlad, 1986 0.04 1.34 1.07 0.03 0.02 <0.01 - - -
Vlad, 1986 0.09 1.33 1.20 0.02 0.59 0.40 - - -
Vlad, 1986 0.51 1.68 0.78 0.05 0.04 - - - -
Vlad, 1986 0.69 0.26 0.86 0.06 0.19 - - - -
Tsuzaki et al., 1989 0.59 2.01 1.02 - - - - - -
Huang et al., 1993 0.03 0.16 1.39 - - - 0.045 0.0020 0.022Ti
Fujiwara et al., 1995 0.18 0.20 1.37 0.62 - - 0.014 0.0008 0.012Ti
Fujiwara et al., 1995 0.10 0.20 1.34 0.62 - - 0.015 0.0013 0.012Ti
Fujiwara et al., 1995 0.08 0.20 1.38 0.60 - - 0.016 0.0009 0.011Ti
Shipway and Bhadeshia, 1995 | 0.45 2.08 2.69 - - - - - -
Yamamoto et al., 1995 0.04 0.20 2.94 - - - 0.028 0.0002 0.023Ti
Yamamoto et al., 1995 0.04 0.20 2.95 - - - - 0.0003 0.002Ti
Yamamoto et al., 1995 0.18 0.21 1.72 - - 0.25 0.039 0.0003 0.011Ti
Konopleva and McQueen, 1996 | 0.55 0.24 0.54 1.45 0.70 - - - -
Konopleva and McQueen, 1996 | 0.35 1.04 0.03 5.10 1.13 0.17 - - -
Konopleva and McQueen, 1996 | 0.43 0.33 0.78 1.50 0.87 - - - -
Yang et al., 1996 043 2.02 3.00 - - - - - -
Zhang and Boyd, 1996 0.10 - 1.60 - - - 0.09 0.0030 0.01

Table 3.1: The compositions (wt.%) of the bainitic steels studied in the
reported literature for mechanical stabilisation effects.
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3.4 Effect of Stress on the Bainite Transformation

The total shape change accompanying transformation can have two components, dilatational
and shear. The displacive mechanism of phase transformation is quite similar to plastic de-
formation. The basic difference being that during a phase transformation, a shape change is
accompanied also by a change in the crystal structure. It follows from here that any applied
stress will interact with the progress of transformation. When transformation proceeds un-
der stress, the total driving force can be partitioned into a ‘mechanical driving force’ and the
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Figure 3.10: The influence of internally generated transformation strains on

the rate of bainite transformation at 410°C in a Fe-0.31C-0.3 Si-0.76Mn-

3.07Ni-1.2Cr—0.49Mo wt.% alloy. Curve A corresponds to isothermal transfor-

mation to upper bainite; for curve B the sample was first partially transformed

to lower bainite which resulted in an acceleration of upper bainite reaction at

410 °C; curve C highlights how annealing out the transformation strains by a

treatment in the bay region removes the acceleration [Hehemann, 1970].
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chemical driving force [Patel and Cohen, 1953]. The movement of]glissile interface is effectively
a combined deformation and transformation process. The mechanical driving force may then
be added to the chemical free energy change to obtain the total driving force available for
transformation. The mechanical driving force (AG,;gcp) is taken to be equivalent to the
work done by the externally applied stress in achieving the required shape deformation and is
given by

AGMECH =0OnN€ + T8 (3-8)

where o is the normal stress on the habit plane, 7 is the shear stress component on the habit
plane, parallel to the direction of shear displacement, Figure 3.11. € and s are the dilatational
and the shear components of the shape deformation respectively.

The shear component of shape strain is zero for reconstructive transformation. Only the
hydrostatic component of the applied stress interacts with the comparatively small dilatational
component. Consequently, the effect of applied stress is not very large and the change in
transformation temperature depends on whether the stress is tensile or compressive. The
shear component is large for displacive transformations in steels [Bhadeshia, 1995] and so the
mechanical driving force component is significant. Moreover, the system has a freedom to
choose from a menu of 24 available crystallographic variants of the transformation products
so that the work done by the shear stress is always expected to be positive whereas that due
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Figure 3.11: Resolution of an applied tensile stress, 04, into its normal and
shear components which act on the habit plane. The vector d indicates the
direction of the shear displacement of the shape deformation. 7,,,,, is the max-
imum shear stress on the habit plane; 7 is the resolved component of 7,,,,
along d. The net displacement vector of the invariant-plane strain shape de-
formation includes a dilatational component also and hence is slightly different

from d [Bhadeshia, 1995].

to normal component depends on the sign of 0. Since the dilatational component is much
smaller than the shear component, the overall effect of the applied stress is dominated by its
shear component [Patel and Cohen, 1953].

The driving force for a displacive transformation occurring under the influence of a uniaxial
stress is higher than when the transformation occurs in the absence of any superimposed stress.
The transformation can then take place at temperatures where it does not occur spontaneously.
This is irrespective of whether the applied stress is compressive or tensile since the shear
component always remains favourable; the contribution of the normal component, even if
negative, being negligibly small due to a small dilatational component. However, a hydrostatic
stress has no shear component and as such it interacts with only the dilatational component
of the shape change. A hydrostatic compressive stress, as a result, would cause a decrease in
the transformation temperature [Patel and Cohen, 1953].

Stress can induce martensitic transformation at temperatures above M. The highest
temperature at which stress can induce martensitic transformation is termed/M, temperature
[Wayman and Bhadeshia, 1996]. At temperatures higher than M, the applied stress, limited
as they are by the yield stress of the parent phase, can not provide enough driving force to aid
the chemical driving force.

The applied stress can also favour the formation of those variants which best comply with
the stress and thus change the appearance of the microstructure.

Similar experiments have not been carried out for bainite, though Bhadeshia [1992] has

presented ‘circumstantial evidence’ and a theoretical model to show that under stress, similar
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to martensite, bainite transformation can also be induced at temperatures above Bg (the
bainite-start temperature). It has been shown that at temperatures sufficiently above Bg,
no amount of deformation causes the austenite to transform to bainite [Drozdov et al., 1962].
This temperature has been interpreted [Bhadeshia, 1992] to be above B,. The difficulty in
experimental observation of a B, temperature stems from the fact that the austenite is weaker
at the relatively high temperatures at which bainite forms. The amount of stress required
to induce bainite transformation at such high temperatures may not be sustained by the
austenite, resulting in extensive plastic deformation. This can also accelerate the reconstructive
transformations which is otherwise sluggish at these temperatures.

Acceleration of bainitic transformation under stress has, however, been observed in a
number of cases [Drozdov et al., 1962; Bhattacharya and Kehl, 1955; Shipway and Bhadeshia,
1995b; Mutiu et al., 1977] and the volume fraction of bainite formed at a particular temperature
has been found to increase with stress [Shipway and Bhadeshia, 1995b; Cottrell, 1945]. Cottrell
[1945] further showed that the effect of stress diminished as the bainite-start temperature was
approached. This can be attributed to the contribution of the mechanical driving force to the
total driving force. The acceleration is more rapid at stresses in excess of the yield strength
[Bhattacharya and Kehl, 1955; Mutiu et al., 1977] and may be due to strain induced nucleation
as in the case of martensite [Wayman and Bhadeshia, 1996].

3.5 Summary

The effect of stress and strain on austenite transformation has been reviewed with particular
emphasis on allotriomorphic ferrite and bainite.

The deformation of austenite accelerates the ferrite transformation. During continuous
cooling, the transformation temperature may increase by about 35-40 °C when the austenite is
deformed. The acceleration of transformation is due to pancaking of the austenite grains and
also due to the introduction of other defects such as deformation bands, incoherent annealing
twins and sub-grain boundaries which act as ferrite nucleation sites. The defects introduced as
a result of deformation effectively raise the energy of austenite making it less stable to ferrite
transformation. In microalloying steels, the loss of solutes to strain induced precipitates may
drastically accelerate the rate of transformation and this may cause a sharp rise in the Ar,
temperature.

The available literature indicates that the effect of prior deformation of austenite on bainite
transformation is complicated because of its contradictory effects on nucleation and growth.
Deformation stimulates nucleation but hinders the growth of bainite plates. This leads to
rather conflicting results. While some investigators have reported an increase in the bainite
transformation temperature during continuq: cooling others found a decrease. Similarly, some
isothermal experiments show that the deformation of austenite accelerates the bainite trans-
formation whereas others show a deceleration. In alloys containing carbide—forming elements,
it is difficult to correctly interpret the results because of secondary precipitation reactions.
Consistent with its displacive mechanism, the progress of/bainitic transformation is strongly
affected by any applied stress.
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Chapter Four

Topology of Grain Deformation

4.1 Introduction

The development and manufacture of steel by controlled rolling is a very complicated process.
There is, therefore, considerable research throughout the world to produce kinetic models
dealing with the transformation of deformed austenite, as an aid to the design of steels [Speich
et al., 1984; Umemoto et al., 1983; Essadiqi and Jonas, 1989; Hodgson and Gibbs, 1992]. One
of the most important factors in any kinetic theory is the number density of the nucleation
sites, i.e., the austenite grain surface area, the edge length and the number of corners per unit
volume. These parameters may be altered by plastic deformation. Homogeneous deformation
leads to an increase in the grain surface and grain edge per unit volume but there is no change
in the number of grain corners per unit volume. Since surfaces, edges and corners are all
heterogeneous nucleation sites, any change in their number density must be taken into account
in the kinetic model.

In the last chapter, we presented two geometrical methods used for estimating grain
boundary surface area as a function of deformation strain. They make the simple assumption
that initially, the grains are either cubical in shape [Speich et al., 1984] or in the form of a
sphere [Umemoto et al., 1983]. The grains are certainly not in the shape of a cube. Whereas
a sphere is a closer approximation, it is not a shape which is spacefilling and spheres do not
have edges or corners. Calculations are presented here for the changes in surface and edge
densities as a function of strain for grains which are initially in the form of Kelvin’s space-
filling tetrakaidecahedra. This is probably the most realistic simple shape for equiaxed grains
[Christian, 1975].

4.2 The Method

The deformation of a shape as complicated as a tetrakaidecahedron can be considered by
representing each corner with a vector whose origin is conveniently chosen. The deformation
itself can be described by a 3 x 3 deformation matrix [Bhadeshia, 1987], which operates on
each vector in turn to generate a set of new vectors defining the new shape. Thus, a vector u

becomes a new vector v as a consequence of a homogeneous deformation S:

v = Su
=10 d 0 Uy
0 0 ¢ Ug
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where u; are the components of u, and b, d and c are the principal distortions (ratios of the
final to initial lengths of unit vectors along the principal axes). Therefore, In{b}, In{d} and
In{c} are the true strains along the three principal axes of the deformation. Since all practical
deformations involve only shears, there is no change in volume so that the determinant of S
must be unity. It follows that bed = 1. Rolling involves plane-strain deformation with d = 1
and bc = 1.

4.3 Results

A tetrakaidecahedron has 14 faces consisting of 8 hexagons and 6 squares (Figure 4.1). The
resulting 36 edges each have a length a. The edges can be represented by just six non—parallel
vectors whose components with respect to an origin defined at a corner are listed in Table 4.1,
both before and after the deformation described by equation 4.1.

Figure 4.1: The shape of tetrakaidecahedron. The coordinate axes illustrated
are orthogonal with each basis vector of length a.

The surface area and edge length can easily be calculated using the vectors given in
Table 4.1. Bearing in mind that d = 1/bc in order to retain a constant volume, the ratio A/A,
of the surface area of the deformed to the undeformed tetrakaidecahedron is given by

A _ b+ 30VI+ 205" + VB +28%) + ¢ /21 + 04 ) (4.2)
A, 3bc(2v3 + 1) '

Similarly, the ratio of the total edge length of the deformed to undeformed tetrakaidecahedron

is:

L1 +b2c+ 24/1 + bic? + 2b2c4

4.3
£ 6bc (43)
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Vector Before deformation After deformation
1 [a 0 0] [ad 0 0]
2 [0 a 0] [0 ad 0]
3 -5 -3 7 o A S|
4 [z -3 7 e -5 &
I o B T
6 -5 vl -3 ¢ vid

Table 4.1: The six vectors which completely define the edges of the
tetrakaidecahedron and their components after the deformation S.

For the case of plane—strain deformation (b = 1/c), equations 4.2 and 4.3 simplify to:

A 1+3(V1+42c24+v142ct) +cy/2(14 )

= 44
A, 3c(2v3+1) (4.4
£ l+c+2v14cE42c1 (4.5)

e, 6¢c '

o

The ratios for plane-strain deformation are illustrated in Figure 4.2a, as a function of strain
along the rolling direction. A negative value of the strain implies an anti-rolling deformation
beginning with an equiaxed grain structure. The increase in the edge length is approximately
the same as that in the surface area. The increase is roughly symmetrical for the positive and
negative values of strain. Comparison with the results of Umemoto et al. [1983] in Figure 4.2b
shows that the increase in area is larger when a tetrakaidecahedron is deformed as opposed
to the deformation of a sphere. This is not surprising since a sphere has a minimum surface
to volume ratio in three dimensions. In order to enable a valid comparison, the volumes of
the tetrakaidecahedron and sphere have been set to be equal for the calculations presented in
Figure 4.2b. Therefore, the length of the edges of the tetrakaidecahedron (a) is set at unity
and the radius of the sphere at 1.392652.

Another type of deformation common in the processing of steel is wire drawing or rod
rolling, characterised by b = ¢. For such cases, equations 4.2 and 4.3 can be reduced to:

A 143(V3+V1+285)+,/2(1+ )

= 4.6

A, 3c(2v3+1) (4.6)
£ 14+ +2V/1+3c

e— = 662 (47)

o
The results for this are illustrated in Figure 4.3, where the strain on the horizontal axis is
along the radial direction (i.e., normal to the drawing direction). A positive strain therefore
implies an anti-drawing operation but always beginning with an equiaxed grain structure.
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Figure 4.2: (a) Increase in the surface area and the edge length of a
tetrakaidecahedron as a function of strain along the rolling direction, dur-
ing plane-strain deformation. A negative value of strain implies an anti-
rolling operation. (b) Comparison of the surface area per unit volume (Sy)
for the tetrakaidecahedron and sphere of the same volume. @ = 1 m for the
tetrakaidecahedron; the corresponding radius of the sphere is 1.393 m.

Figure 4.4 shows the shape of the tetrakaidecahedron after a plane-strain deformation
and after a wire drawing type of deformation. These were generated from the coordinates of

the vertices of the original tetrakaidecahedron using equation 4.1.

4.3.1 Comparison with Ezperimental Measurements

The increase in the grain boundary area due to deformation calculated here is compared against
the values measured by Ouchi et al. [1982] and by Sandberg and Roberts [1982] in Figure 4.5.
The measurements were made according to the Underwood’s equation (equation 3.3). Con-
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Figure 4.3: The increase in the surface area and the edge length of a
tetrakaidecahedron as a function of strain along the radial direction, during
a wire drawing operation. A positive value of strain implies an anti-drawing

operation.

sistent with their respective experimental techniques, the calculations were performed for the
plane-strain condition for Ouchi’s rolling results and wire drawing condition for the measure-
ments of Sandberg and Roberts done on uniaxially compressed samples. Figure 4.5 shows
good agreement between the calculated and the measured values, though there is a tendency
for slight underprediction. It should also be noted that in both the cases, the authors have not
indicated the errors in their measurements.

4.4 Conclusion

Rigorous relationships have been derived for the increase in the surface area and edge length
when equiaxed grains, idealised as spacefilling tetrakaidecahedra, are homogeneously de-
formed. This information should be of use in the modelling of transformation kinetics for
reactions which are heterogeneously nucleated. The results improve on a previous model
which was based on the deformation of a sphere. Comparison with experimental measure-
ments showed good agreement.
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Figure 4.4: The calculated shape of the tetrakaidecahedron after (a) plane-
strain deformation; (b) after wire drawing. The strain relative to the unde-
formed shape is 0.693 in each case, but Figure 4.4a has been uniformly scaled

down in size by a factor of 2 relative to Figure 4.4b.
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Figure 4.5: Calculated variation of austenite grain boundary area per unit
volume with deformation and its comparison with the experimental measure-
ments reported in literature. (a) For plane-strain deformation [Ouchi et al.,
1982] and (b) uniaxial compression tests [Sandberg and Roberts, 1982]. The

deformation experiments were done starting with a variety of recrystallised
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austenite grain sizes.
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Chapter Five

Allotriomorphic Ferrite Formation
from Deformed Austenite

5.1 Introduction

The allotriomorphic ferrite transformation occurs at a faster rate when the austenite is in
a deformed state [Walker and Honeycombe, 1978; Amin and Pickering, 1982; Sandberg and
Roberts, 1982; Speich et al., 1984; Umemoto and Tamura, 1986; Inagaki, 1986]. The reasons
cited in literature can be summarised as: an increase in the austenite grain boundary area
per unit volume and hence in the number density of nucleation sites, the stored energy of
deformation, heterogeneous nucleation of ferrite on deformation-induced defects and increase in
the nucleation potency of the deformed austenite grain boundaries. The latter effect is supposed
to arise because plastic strain causes the formation of steps and bulges on the grain boundaries
thus increasing the area density of heterogeneous nucleation sites [Sandberg and Roberts, 1982;
Umemoto and Tamura, 1986]. Keeping this in mind, experiments were conducted to study the
effect of deformation on ferrite nucleation at the austenite grain boundaries. An existing model
for allotriomorphic ferrite transformation has been modified to estimate the transformation—
start temperature of ferrite during continuous cooling (Ar;) of deformed austenite.

5.2 Experimental Method

The chemical composition of the alloy chosen for the study was Fe-0.12C-1.96Si-3.0Mn—
0.26Mo (wt.%). With its high hardenability, the alloy transforms very slowly to ferrite, thus
allowing controlled experiments.

Long cylindrical samples (6.34 mm X 108 mm) with suitable threads at both the ends were
machined from the rolled plates. Thermal and/or mechanical treatments were performed in
Gleeble 1500 thermomechanical simulator. The samples were resistance heated to the austeni-
tising temperature of 1200 °C and then held there for 5 minutes. A chromel-chromel/alumel
thermocouple was used to measure and control the temperature. The hot zone was confined
to 15 mm along the length of the sample. After austenitising, the samples were cooled to
the deformation temperature and pulled in tension at a stroke rate of about 3 mm s~1. The
deformation caused necking within the central heated zone in all the samples. The specimens
were then cooled to the isothermal transformation temperature at 25 °C s~! as shown in Fig-
ure 5.1 and held there for 1 hour and then cooled to the ambient temperature. The change in
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sample diameter was monitored using a strain gauge. All the experiments were repeated with
undeformed austenite.
The heat treated samples were sectioned along the deformation axis, ground and polished

for microstructural examination.

Austenite
5 o Deformation of
1200 C austenite
D 300 s
= /
é emes Isothermal
84 Transformation to
% 25°C /s Ferrite
44|
=

\

Figure 5.1: Schematic illustration of the thermomechanical test cycle.

5.3 Results and Discussions

The true stress—true strain curve of the alloy deformed at 800 °C is shown in Figure 5.2. As
confirmed by metallography, this deformation temperature was low enough to prevent recrys-
tallisation. The subsequent transformation therefore occurred with austenite in a deformed
state.

5.3.1 Dilatation curves

It was confirmed, by monitoring the change in length as a function of temperature, that
transformation did not occur during cooling from the austenite condition to the isothermal
reaction temperature. The isothermal dilatation curves of the samples transformed at 680 °C
and 650 °C with and without any deformation at 800 °C are shown in Figure 5.3. In both
cases, deformation not only accelerates the transformation but also leads to an increase in the

quantities of the product phase.

5.8.2 Microstructure

The microstructures of the samples transformed at 680 °C and 650 °C for 1 hour without any
prestrain are shown in Figures 5.4a and c. The austenite grain boundaries are decorated with
allotriomorphic ferrite.

The pancaked grain structure of the austenite is clearly evident in the samples which were
deformed at 800 °C prior to transformation, Figures 5.4b and d. Apart from an exaggerated
formation of ferrite on grain boundaries, there is also copious nucleation of ferrite in the vicinity
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Figure 5.2: The true stress-true strain curve of the steel for deformation at
800 °C.

of the austenite grain boundaries (Figure 5.5). This is in contrast to the undeformed samples
where ferrite nucleation was confined to the austenite grain boundaries. The number of ferrite
grains along the austenite grain boundary trace was counted for the samples isothermally
transformed at 680 °C for one hour with and without any prior deformation. The number was
22+ 7 grains per millimetre of the grain boundary trace for the undeformed sample and 46 +5
grains per millimetre for the sample deformed at 800 °C before transforming at 680 °C. 200
grains were counted in each case. For the deformed sample, only the grains along the grain
boundary plane were counted; the grains in the second or third layers were not counted. This
proves that deformation increases the number of grain boundary sites per unit area.

The deformation of austenite has the effect of inducing ferrite nucleation not only on the
grain boundaries but also in the proximity of the grain boundary regions. In the undeformed
austenite, each nucleus grows into both the adjacent grains restricted only by impingement with
other grain boundary nucleated ferrite grains. The layer of ferrite is therefore monocrystalline
or at the most bicrystalline in a direction normal to the austenite grain boundary. On the
other hand, multiple rows of ferrite grains were observed around the grain boundaries when
the transformation occurred from deformed austenite. In some cases upto 6 ferrite grains
were observed in a direction normal to the grain boundary trace (Figure 5.5). For the sample
deformed at 800 °C and transformed at 680 °C, the average number of grains in a direction
normal to the grain boundary trace was counted to be 3. Intragranularly nucleated grains,
particularly on the deformation bands were also observed. The enhanced nucleation leads to
an increase in the volume fraction of ferrite at any time when compared with transformation
from undeformed austenite (Figure 5.3).

Similar microstructures were observed for the samples deformed at 850 °C and 700 °C
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Figure 5.3: The effect of deformation on ferrite transformation kinetics. (a)
680 °C and (b) 650 °C.

before transforming at 680 °C (Figure 5.6). v

It is thought that the recovery of dislocations produces a sub—grain structure which pro-
vides nucleation sites for ferrite [Amin and Pickering, 1982b]. Amin and Pickering [1982b]
argued that the sub—grains are much finer near the grain boundary than away from it because
of the strain gradient normal to the boundary. This results in an enhanced nucleation near
the grain boundaries. Moreover, the density of dislocations due to pile up is much higher near
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Figure 5.4: Microstructures showing the effect of deformation on ferrite nu-

cleation. The isothermal transformation temperature was: (a and b) 680 °C
and (c and d) 650 °C. Micrographs (a and c) are from undeformed samples
while (b and d) are from samples deformed at 800 °C. Austenitisation was at
1200 °C for 5 minutes in each case; the isothermal transformation time was 1

hour.
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Figure 5.5: The microstructure of the samples deformed at 800 °C and then
transformed for 1 hour at (a) 680 °C and (b) 650 °C.

Figure 5.6: The microstructure of the samples transformed at 680 °C for 1
hour after deformation at (a) 850 °C and (b) 700 °C.
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the grain boundaries which can catalyse ferrite nucleation.

In samples with pancaked austenite grains, the ferrite nucleated more frequently on the
boundaries along the deformation direction than along the transverse direction. This can be
explained by considering the deformation of tetrakaidecahedra as described in the previous
chapter. A tensile deformation along the principal axis y will result in elongation along y but
contraction along the other two principal axes, z and 2. If ¢ is the true plastic strain and
£ and £' are the total edge lengths of the grains along the direction i (where i = z, y, z,
the principal axes of deformation) before and after the deformation, then their ratio can be
calculated to be:

Y z z
7 = eXP ) and ﬁ—x =exp(—€/2) or ﬁ—z = exp (—€/2) (5.1)
o o []
This gives
oy
7= = &XP (1.5¢) (5.2)

Thus the total edge length along the direction of deformation is much larger than in
the normal directions. This explains the propensity for the formation of ferrite along the
longitudinal grain boundaries.

5.4 Mathematical Modelling

The purpose here was to interpret the experimental results using an austenite to ferrite trans-
formation model developed by Bhadeshia et al. [1987] by incorporating the perceived effects
of deformation. The model relies on Avrami’s theory [1939] as modified by Cahn [1956] to
account for nucleation on grain boundaries [Christian, 1975]. The allotriomorphs of ferrite
were modelled as discs growing from the austenite grain boundaries under diffusion control.
The volume fraction of ferrite normalised relative to its equilibrium fraction, £, at any time
t is given by [Bhadeshia, 1987]:

1
£, =1- exp[—SV o tl/z{/ 1 —exp {—%IB n”alt?(1- ¢4)} d¢}] (5.3)
0

where Sy, is the austenite grain boundary area per unit volume, o, is the one dimensional
parabolic growth rate constant, /g is the nucleation rate on austenite grain boundaries, 7 is
the aspect ratio of the discs, ¢ = y/altl/ 2 and y = distance between austenite grain boundary
and an arbitrary plane parallel to the boundary.

The possible heterogeneous nucleation sites for allotriomorphic ferrite are grain boundary
faces, edges and corners. However, at sufficiently large undercoolings only the face sites make
a significant contribution to the total nucleation rate since the number density of other two

sites is much lower and may be neglected. Thus, one can write
Ig~1If (5.4)

where [ }; is the nucleation rate on the grain boundary faces. Following classical nucleation
theory, the steady state rate of nucleation on grain boundary faces is given by [Christian, 1975;
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Reed and Bhadeshia, 1992]:

I};:N{%exp{—%} (5.5)

where N/ is the number density of face sites per unit area of grain boundary which support
nucleation, kg and h are the Boltzmann and Planck constant respectively, G* is the activation
energy for ferrite nucleation on grain faces and @ is the activation energy required for crossing
the austenite/ferrite interface. Christian [1975] defined N/ as:

K{
where K lf is an empirical constant representing the fraction of face sites which actually act as
nuclei and § is the interatomic spacing taken as 2.5 A.

Ignoring the strain energy of nucleus, the activation free energy for nucleation can be

written as:
aga f (5.7)
G*'= 45 K; 5.7
AG?
where 0., is the austenite—ferrite nucleus interface energy per unit area, AG, is the magnitude

of the chemical free energy change per unit volume associated with the nucleation of ferrite
from austenite and Kzf is a shape factor which depends on the shape of the nucleus which
forms on the boundary faces.

Klf and Kzf have been determined by fitting to experimental data [Reed and Bhadeshia,
1992].

5.4.1 Effect of Deformation

Deformation enhances the number density of nucleation sites for at least two reasons. It leads
to grain elongation and introduces deformation bands. For simplicity, it can be assumed that
the ferrite nucleating potency of both these sites are same. Thus, the total surface area per
unit volume of defects, Si, can be given as the sum of the elongated grain boundary area per
unit volume (Sy/) and the surface area per unit volume of the deformation bands (S&). The
deformation band density depends on the magnitude of the applied strain ¢ [Umemoto and
Tamura, 1986).

ST=5,+58%  S%=30¢ mm! (5.8)

A part of the work done during deformation is stored in austenite in the form of an
increased defect density. Its effect on transformation was discussed in chapter three. The
activation energy for ferrite nucleation should therefore be modified to include the stored
energy term W.

o3

* __ o f

5.4.1.1 Calculation of Stored Energy

The stored energy of deformation can be calculated in two ways, either from the work of
deformation or from the density of dislocations generated by deformation. The total work
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done in achieving a certain strain can be calculated from the area under the stress-strain
curve and then a fraction of the total work can be assumed to be stored inside the material.
If 5; and €; are the mean flow stress and the strain respectively for the ith pass then the total

energy stored after n passes below the recrystallisation temperature can be given by:
n
W=Zasﬁi6,- (5.10)
i=1

The parameter a, gives the fraction of the work done which is stored and is taken as 0.1 [Liu
and Karjalainen, 1996], the remainder is dissipated as heat.
Liu et al. [1996] have proposed a modified equation for stored energy, according to which:

W=;§[(&R)i - (o7)ile; (5.11)

where n is the number of passes below the recrystallisation temperature, 5 is the actual
mean flow stress below the recrystallisation temperature and &, was identified as the ‘temper-
ature dependent part of the mean flow stress’. However, it was defined as an empirical flow
stress calculated from extrapolation of the stresses above the recrystallisation temperature,
Figure 5.7.

Mean flow stress, G

1000/ T

Figure 5.7: Schematic illustration of the variation of mean flow stress with
temperature to define the terms 6 and G used in equation 5.11 [Liu et al.,
1996]. T,

oo the no recrystallisation temperature, is the temperature below

which recrystallisation is not possible for specified conditions.

The dislocation density of austenite generated by deformation can be computed from the
measured flow stress of the material for the given strain. The flow stress o is related to the
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dislocation density p; by [Mukherjee, 1975):

o= a,, Mupbp® (5.12)

where «,, is a constant, taken to be equal to 0.15, P is the shear modulus at the temperature
of deformation, b is the magnitude of the Burgers vector and M is the Taylor factor.

Yoshie et al. [1987] have proposed an empirical formulation for the calculation of dislo-
cation density in deformed austenite. They also proposed an equation for the static recovery
which takes place during the interpass time (the time gap between two successive passes). The
dislocation density just after the deformation was given by:

Pa = By /Cy [1 — exp (_Cy 8)] + PZ exp (_Cy 6) (513)

where B, and C, are constants and pj is the dislocation density in the annealed condition. B,
was assumed to depend on temperature and C, on temperature, strain rate and the austenite
grain size. The annihilation of dislocations through static recovery was expressed as:

phy = (py — pg) exp (—D,t) + p§ (5.14)

where p}, is the dislocation density at any time ¢ after the deformation and D, is a constant
dependent on temperature, strain rate and the austenite grain size.

The constants were determined by fitting flow curve data to the above equations with the
knowledge that the flow stress is proportional to the square root of the dislocation density,
o x p%°.

For the calculation of stored energy from the dislocation density, the dislocation line energy
per unit length (7,) is required. An approximate value of 7, can be obtained from [Cottrell,
1961]:

2
Ty~ % (5.15)

where p is the shear modulus of the material. The additional stored energy is then given by:

W =14(pg — P2) (5.16)

5.4.1.2 Comparison with Ezperimental Measurements

Liu et al. [1995] have studied the effect of deformation on austenite to ferrite transformation
temperature during continuous cooling (Ar;) of a 0.1C, 1.32Mn, 0.3Si, 0.028Nb (wt.%) steel.
The deformation was carried out in 13 passes in the temperature range of 1150 °C to 910 °C
at intervals of 20 °C. The strain in each pass was 0.3. Reheating was done at 1250 °C. The
as-reheated and the recrystallised austenite grain sizes were measured to be 156 um and 27
pm respectively. The recrystallisation stop temperature (T,,.) was 950 °C. The transformation
temperature was detected by monitoring the variation of stress with temperature.

For the above experimental conditions with two passes below the recrystallisation tem-
perature (at 930 °C and 910 °C), the dislocation density as calculated from the equations of
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Yoshie et al. [1987] was estimated to be 2.29 x 10'®* m~2. Taking b = 2.5 x 10~1° m and
# = 8.1x% 10" J m~3, the dislocation line energy can be computed to be 2.5 x 10~? J m~!.
This gives an estimated stored energy of 5.7 x 10° J m~2 or 41 J mol~!.

Using equation 5.11 and the measured flow stress values, Liu et al. [1996] calculated the
stored energy to be 37 J mol~! for the above experimental conditions. Considering the case of
a 0.1C, 1.42Mn, 0.31Si wt.% steel, Parker [1997] estimated the stored energy to be 3.0 x 10°
J m~3 and 8.8 x 10% J m™3 for strains of 0.2 and 0.4 respectively. Equation 5.10 was used for
the purpose. Different methods thus give similar values for the stored energy.

Taking a stored energy value of 41 J mol~!, the Ar; temperature of the steel (0.1C,
1.32Mn, 0.3Si, wt.%) was calculated as a function of cooling rate. The experimentally mea-
sured transformation temperatures with and without the deformation are compared against
the respective calculated temperatures in Figure 5.8. The predictions also take into account
the increased defect density of the deformed austenite (equation 5.8). The elongated grain
boundary area was calculated as in the previous chapter. The predicted temperature is higher
than the experimental value at all the cooling rates. This is because the effect of Nb was
ignored in the calculations. It has been shown that Nb retards the kinetics of allotriomorphic
ferrite formation [Thomas and Michal, 1982; Abe et al., 1986; Huang et al., 1993]. Considering
this, the agreement between the measured and the calculated values is good. At the slowest
cooling rate, deformation has only a small effect on the Arg temperature and this was thought
to be the result of a higher degree of recovery at a slower cooling rate [Liu et al., 1995].

800 - T T T
780F = STmeeeol_ .
° S~
coU 7601 : . 7 O Undeformed measured
~ . B Deformed measured
o Undeformed calculated
< 740¢ ° 1 ---- Deformed calculated
o
720} -
[o]
700 N | N | 2
0 2 4 6

Cooling rate / °C g1

Figure 5.8: Comparison of the calculated and the measured ferrite
transformation—start temperature during continuous cooling (Ar;) of a Fe-
0.1C-1.32Mn-0.35i-0.028Nb (wt.%) steel. The measurements were done by
Liu et al. [1995].
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5.5 Conclusions

The effect of deformation of austenite on its transformation to allotriomorphic ferrite has been
studied. Deformation was found to accelerate the transformation by stimulating ferrite nucle-
ation on the austenite grain boundaries and their adjacent regions. Intragranular nucleation
of ferrite was also observed.

The transformation-start temperature during continuous cooling of a low carbon steel
has been calculated with and without the deformation of austenite. An existing model for
allotriomorphic ferrite was modified for the purpose to take into account the stored energy of
deformation. The predicted trends agree reasonably with the measurements.
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Chapter Six

Kinetics of the Bainite Transformation
Part 1: A Mathematical Model

6.1 Introduction

A mathematical model to predict the bainite transformation kinetics proposed by Rees and
Bhadeshia [1992] was discussed in chapter two. The work described in this chapter is a further
development of that theory with a reduced level of empiricism.

6.2 Limitations of the Old Model

The Rees and Bhadeshia model described earlier has a number of empirical assumptions. The
bainite plate volume, u, is not considered explicitly. Measurements of bainite plate thickness
indicate that it varies with the composition of the steel and with the transformation temper-
ature [Ohmori et al., 1971; Sandvik and Nevalainen, 1981; Chang and Bhadeshia, 1996]. The
model does not take into account this variation and treats the plate thickness as an empirical
constant along with the site density. The effect of autocatalytic nucleation is modelled em-
pirically in equation 2.16. The optimised value of the autocatalysis factor 3 is unrealistically
high in some cases (e.g., it is 141 for alloy 300M) which is not consistent with the observed
sheaf structure [Bhadeshia and Edmonds, 1979]. With such a high value of 3, the sheaf would
tend to fan outwards from the initial austenite grain boundary nucleation sites, whereas in
practice it thins away from the boundary. The observed structure indicates that each plate
can nucleate only about 3 or 4 new plates by autocatalysis.

Another inconsistency with the autocatalysis factor is that when all the alloys are con-
sidered together, B is assumed to decrease linearly with increasing carbon concentration of
the steel (equation 2.19). However, as illustrated in Figure 6.1, when the data for individual
alloys are treated separately, the optimum values of § indicate exactly the opposite trend.
This is particularly true for the alloys listed in Table 2.1. The best fit value of the empirical
constant B, varies by 6 orders of magnitude from alloy to alloy which does not seem justified
(Tables 2.2 and 2.4). The treatment in equation 2.13 implies that B, should be independent
of alloy composition.

The assumption in equation 2.18 that the chemical free energy change associated with
nucleation (AG,,) varies linearly with the extent of reaction £ from its initial value AG?, to
Gy is, in general, not justified, as shown in Figure 6.2. It may, however, be true in a few

special cases (Figure 6.2c).
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Figure 6.1: Plot of autocatalysis factor ( as a function of mole fraction carbon
when the data for the alloys are optimised individually. (a) Bhadeshia’s alloys,
as listed in Table 2.1 and (b) Chang’s alloys listed in Table 2.3.

6.3 The New Model

6.3.1 Bainite Plate Volume

There is no physical model which can predict the bainite plate thickness, given the steel
composition and the transformation temperature. In the present work therefore, a quantitative
model was developed using neural network analysis with inputs which have physical meaning,.
The experimental data on the thickness of bainite plates in high-silicon steels published by
Chang and Bhadeshia [1996] were used for the purpose of training the network. The details
are described in chapter ten.

The plate thickness predicted by the neural network model was used as an input to the
kinetics model. The predicted thicknesses at different transformation temperatures for the
three alloys used in the Rees and Bhadeshia work (Table 2.1) and for alloys B and D (Table 2.3)
are shown in Figure 6.3. The thicknesses for the other alloys in the series A-H (Table 2.3) were
measured experimentally and constituted the training data for the analysis. For a given alloy,
the predicted plate thickness increases with transformation temperature which is consistent
with the established trend [Bhadeshia, 1992].

Considering an oblate spheroid shape of a bainite plate with a constant radius to thickness
ratio over the entire transformation range, the volume of the plate can be modelled as being
proportional to the cube of its thickness, a,

o, = constant

\ (6.1)

_ 3
U= 0,0,

6.3.2 Autocatalysis

An attempt was made to formulate the effect of autocatalysis on the total nucleation rate

based on the actual mechanism of the development of the sheaf structure. Let Ny be the
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Figure 6.2: The variation in the driving force for nucleation, AG,,, with
the extent of bainite transformation £. The values calculated considering car-
bon enrichment of the residual austenite are compared against those calcu-
lated according to equation 2.18 suggested by Rees and Bhadeshia [1992]. (a)
Alloy 300M (Table 2.1), (b) alloy D (Table 2.3) and (c) Fe-Mn-Si-C alloy
(Table 2.1). The method of calculating AG,, has been described elsewhere
[Hillert, 1953; Bhadeshia, 1982b)].

initial density of potential nucleation sites and I the initial nucleation rate per unit volume on
the austenite grain boundaries. I is given by

I = Ny, v exp (— IC;T) (6.2)

where frequency factor v = kgT'/h and kg is the Boltzmann constant, other terms have their
usual meaning. In extended space, the total number of plates per unit volume after time 7 is
then I7. Each of these plates is capable of nucleating 3 new plates due to autocatalysis. The
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total extended density of nucleation sites at time 7 can thus be written as
NI = No +BIt (6.3)

8 was considered to vary linearly with the initial carbon concentration of the steel, as in the
old model (equation 2.19):
8= 2y (1- M) (6.4

where ); and ), are empirical constants and Z is the mean carbon concentration of the steel
in mole fraction. The net nucleation rate, I,, including the effect of autocatalysis is now time

dependent and can be written as

I, = Nl vexp (— gT) (6.5)

Combination of equation 6.5 with equations 6.2 and 6.3 gives

Ib=I[1+ﬂrvexp(—g;)] (6.6)

6.3.8 Overall Transformation Kinetics

Consider austenite of volume V” which is transforming to bainite. The extended volume of
bainitic ferrite that forms between time 7 and 7 + dr is given as

dv, =1,V udr (6.7)

where u is the volume of a bainite plate. The change in real volume is related to the corre-
sponding change in extended volume by [Christian, 1975]

dv = (1-¢)dvV, (6.8)

e

This gives
dV = (1-¢) V" ul dr (6.9)

Writing this in terms of bainite volume fraction v while remembering that v = 6, £, we get
On substituting the values of I, and I, rearranging and integrating, we get:

L s Lol )
“Ni’f”/o eXP(—%)(l—ﬁ)_/o L+hrvexp{ ~gF )| 9 (6.11)

The initial number density of nucleation sites, N{, is directly proportional to the austenite

grain boundary area per unit volume (S¢) which in turn is inversely proportional to the grain
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size represented by mean lineal intercept length I [Rees and Bhadeshia, 1992; Underwood,
1968). The nucleation site density was therefore written as:
B;

N0== 6.12
o=z (6.12)

Consistent with martensite nucleation theory [Olson and Cohen, 1976], the activation energy

for nucleation, G*, is given by:

o= {1+ 29) 639
B2

It will now be assumed that at a fixed temperature, AG,, remains constant over the entire
extent of transformation, i.e., from £ = 0 to £ = 1. In reality, the value of AG,, varied by a
maximum of about 7-8% of its initial value with £ for the alloys considered. The neglect of
this small variation is not expected to introduce any serious error in the calculations. With
this assumption, equation 6.11 can be integrated analytically to give

Bt*vexp (-G*/RT) + 2t + (C/v) exp(G*/RT) In(1 - £€) =0 (6.14)

where the constant C is

C= % and B! =a,B (6.15)

Equation 6.14 can be solved to give

po 1t V1-CBIn(1-§)
" Bvexp(-G*/RT)

(6.16)

The second root of equation 6.14 was neglected because it gives a negative value of t.

6.3.4 Optimisation of the Model

The new model also has four empirical constants, Bf, B,, A; and A,. Optimisation of the
model was carried out to find the best fit values of these constants. The isothermal trans-
formation data already available for steels in Tables 2.1 and 2.3 were used for the purpose.
As in the earlier work of Rees and Bhadeshia, optimisation involved the minimisation of a
prediction error represented by 3 [In(t,) — In(¢,,)]?, where t, and t,, denote the predicted and
the measured reaction times respectively.

The degree of agreement between the experimental and predicted reaction times for the
alloys in Tables 2.1 and 2.3 optimised separately and together is shown in Figure 6.4. While
the agreement is excellent for Bhadeshia alloys (Table 2.1), it is not so good for Chang’s alloys
(Table 2.3). Nevertheless, the mean prediction error (prediction error/number of observations)
for Chang’s alloys showed marked improvement from 1.224 for the old model to 0.811 for the
new model. The corresponding improvement for the Bhadeshia alloys was marginal, from 0.101
to 0.093. The composition of the Chang’s alloys varies over a wider range. The discrepancy
between the experimental and measured times may arise because of the simplistic assumption
that the bainite plate thickness to radius ratio is constant for all alloys at all the temperatures.
In the case of martensite, the plate thickness to radius ratio is found to vary with the extent of
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Figure 6.4: Level of agreement between the experimental and predicted reac-

tion times when optimisation was carried out with (a) Bhadeshia alloys (Table
2.1) (b) Chang’s alloys (Table 2.3) and (c) all these alloys taken together.

the transformation during isothermal treatment [Ghosh and Raghavan, 1986]. Such variation,

if any, has not been allowed for in the present model.

The best fit values of the constants for individual alloys as well as for all the alloys taken

together are shown in Table 6.1. Though B varies somewhat, unlike the previous work, the

value of B, is found to be nearly constant for all the alloys. The autocatalysis factor varied

from 1.4 to 3.5 which is compatible with the observed sheaf microstructure. The value of 3

for the individual alloys is also consistent with the assumption that autocatalysis is difficult

in higher carbon steels. Figure 6.5 shows a plot of the optimum values of § for the individual

alloys. The equation of the best fit line through these points is:

ﬂ:

-102.437 4 3.8
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Comparing equation 6.17 with equation 6.4, the values of A\; and A, can be calculated to be
3.8 and 26.96 respectively. In close agreement with this, the best fit values of A; and A, after
considering all the alloys together are 4.9 and 45.16 respectively (Table 6.1).
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Figure 6.5: The variation of the autocatalysis factor (3) of the individual

steels with their carbon content after optimisation of the new model.

Dataset BY, m™? B,, J mol™! A A,
Fe-Mn-Si-C 3.845 x 10725 4.469 x 10* 2.203 0.00
Fe-Ni-Si-C 1.945 x 10~22 8.407 x 10* 1.865 0.00

300 M 2.432 x 10723 7.147 x 10* 1.416 0.00

A 4.746 x 10~23 7.269 x 10* 2.394 0.00
B 5.574 x 10~23 6.721 x 10* 2.177 0.00
C 1.675 x 10~26 1.633 x 104 2.184 0.00
D 6.063 x 10726 3.832 x 10* 1.379 0.00
E 5.283 x 10~ 4.858 x 10* 3.305 0.00
F 3.615 x 10~22 6.357 x 10% 3.475 0.00
G 2.860 x 10~%3 6.128 x 10* 3.389 0.00
H 1.049 x 10~22 5.474 x 10* 3.174 0.00
Combined data 3.845 x 10~%° 3.805 x 10* 4.932 45.158

Table 6.1:

of the new model.
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6.3.5 Validation of the Model

In this work, the isothermal bainite transformation kinetics of an Fe-0.12C-2.03Si-2.96Mn
(wt.%) alloy was measured at four temperatures after austenitisation at 1200 °C for 180 s. The
austenite grain size was 135411 pm. Other details are given in chapter eight. The measured
reaction time for a given volume fraction is compared with the corresponding predicted value
in Figure 6.6. The agreement is reasonably good. For comparison, the predictions of the old
model are also given in Figure 6.6. It is clear that the predictions of the new model are in

better agreement with the experiments.
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Figure 6.6: Comparison of the experimental and predicted bainite transfor-
mation kinetics of an Fe-0.12C-2.03Si-2.96Mn (wt.%) alloy. Austenitisation

was carried out at 1200 °C for 180 s; the austenite grain size was 135+11 ym.

The model was subjected to further interrogation to ensure that it can reproduce some of
the known trends. A decrease in transformation temperature accelerates the transformation
[e.g., Bhadeshia, 1982a]. On the other hand, enriching the steel with some alloying additions
retards the kinetics. As shown in Figure 6.7, the present model correctly reproduces both
these effects. Addition of Mn to a leaner alloy slows down the bainite transformation.

6.4 Conclusions

An existing model for bainite transformation kinetics has been modified. The bainite plate
thickness, as calculated using a neural network model was an input to the kinetics model.
The autocatalytic nucleation of ferrite plates is modelled in a way which is consistent with the
observed sheaf microstructure. These modifications led to some improvement over the previous
model.
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Figure 6.7: The influence of (a) reaction temperature and (b) Mn addition
on the predicted bainite transformation kinetics. The initial austenite grain
was taken to be 50 um in both the cases. The results highlight the ability of
the model to correctly predict the trends expected with respect to the effect
of temperature and Mn addition.
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Chapter Seven

Kinetics of the Bainite Transtormation
Part 2: Effect of Austenite Grain Size

7.1 Introduction

Bainite is known to nucleate on austenite grain boundaries. It is therefore to be expected that
the austenite grain size will have an effect on its transformation kinetics. However, autocat-
alytic nucleation of bainite also plays an important role in the overall transformation kinetics.
Hence the role of austenite grain boundaries may not be as significant as in the case of allotri-
omorphic ferrite and pearlite. This is often cited as the reason why elements like boron, which
segregate to the austenite grain boundaries, have little influence on bainite transformation
even though they greatly retard the allotriomorphic ferrite transformation [Irvine et al., 1957;
Pickering, 1978].

Conflicting results on the effect of austenite grain size on the rate of bainite transformation
are reported in literature. In some cases, interpretation is made difficult by the presence of
undissolved carbide particles, quenching stresses etc. Davenport et al. [1941] found no change
in the rate of bainite transformation of a 0.37C-0.77Mn-0.98Cr (wt.%) steel when the austenite
grain size was varied from ASTM 7-8 to 2-3. Graham and Axon [1959] have reported that
when the austenitisation treatment is long enough to dissolve all the carbides, an increase in
the grain size lowers the incubation period for the formation of lower bainite in a Fe-0.97C
wt.% alloy. The time required for the transformation to reach completion was unaffected. By
contrast, other investigators have observed a deceleration in the rate of bainite transformation
with an increase in the austenite grain size. Thus, Barford and Owen [1961] discovered that
the time to form up to 25% of upper or lower bainite is directly proportional to the grain
diameter. No measurements were made for higher volume fractions. Similarly, Ali [1991] found
an acceleration in the rate of transformation as the austenitising temperature was reduced. In
one case in that study, the austenitising temperature had little effect on the bainite kinetics.
It was suggested that the rate of reaction was so rapid that the grain size e<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>