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Introduction

A. J. HERZIG

President, Climax Molybdenum Company of Michigan

In extending greetings to you on this occasion, and
in expressing thanks to you for your participation
in the deliberations we will undertake, I have chosen,
by way of introduction, to comment briefly on man’s
experience with iron.

Some time ago I read that around 1250 B.C., King
Hattushish, of the Hittites, sent a letter to King
Ramses II of Egypt covering the delivery of a defec-
tive dagger. An excerpt from that letter might well
serve as a keynote for this symposium. I quote from
the letter:

“As to the good irom in my sealed house in
Kissuwadna, it is ¢ bad time to make iron, but
I have written ordering them to make good
iron. So far they have not finished it. When
they finish it, I will send it to you.”

It occurs to me that in the long lines of communica-
tions which followed, each of us has accepted the task
assigned in that letter, but, alas, we have not yet
finished it! Those who might not like such a fantastic
interpretation of the King’s words could at least sur-
mise that he had composed a very early apology for
low hardenability or poor hardening practice.

Whether or not he appreciated the vast implica-
tions of his discovery, the first man who recognized
the combination of hardness, strength, and mallea-
bility — which characterizes the metallic state —
started a long chain of investigation. Whether or
not some later man appreciated the implications of
his discovery, that second man who hardened a piece
of iron—carbon alloy, by heating and cooling it, per-
formed the first experiment in the specific field of
metals/materials science which brings us together at
this symposium. It matters not to us whether these
men were motivated as scientists or by the forces
that carry the artisan through the long process of
trial and error. A tremendous potential had been dis-
closed for the use of metallic materials.

Without belaboring the point at which art be-
comes science, or without conjecture as to how the
rate of effort over the long years may have been
affected by budgets and/or marketing programs, the
potential of iron was largely pursued on an empirical
basis until 1863 when the first examinations of the

a subsidiary of American Metal Climax, Inc.

microstructure of iron were undertaken. In a rela-
tively short span of years, these and subsequent ex-
aminations, as well as the deductions therefrom, led
us to the knowledge that the basis for the extraor-
dinary response of iron—carbon alloys to heat treat-
ment resided in the solid-state transformations to
which they were inherently susceptible.

By the early years of this century, the exploitation
of iron and steel had been of such scope and intens-
ity, it can be said that although man’s organic sub-
stantive existence is based on ecarbon, hydrogen, and
oxygen—his power, his security, and the standard of
living he enjoys are predominantly based on his use
of iron and carbon. In view of the predominance of
this technology, it was inevitable that we would delve
deeply into an understanding of the environmental
parameters that maximize the response of iron to the
treatments we had learned to apply to it.

Since the recognition, beginning in 1930, of a
quantitative relationship between composition, tem-
perature, time, transformation products, stress, and
rate of transformation of austenite, every discipline
to which our profession has access has been em-
ployed in the procurement of more data and the ap-
praisal of detailed studies of all of the phenomena
that attend the formation and decomposition of
austenite. All this effort was and still is indeed fo-
cused on the objective that we might eventually se-
cure for society-at-large the ultimate capability of
iron—carbon alloys.

It is appropriate at such a time to acknowledge all
who have preceded us in this effort. It is also appro-
priate to be mindful of those contemporaries who for
any reason whatsoever are not with us today. Since
it is the purpose of such a symposium to share our
experiences on the basis of our opportunities to en-
joy them, it is not necessary to identify and pass
judgment on individual contributions either ancient
or modern.

On behalf of our company and in acknowledgment
of the cooperation of the University of Michigan, I
thank you for your participation in this meeting
where, although we may not improve upon the King’s
English, we may have done something toward per-
fecting his iron.



The Formation of Austenite

INTRODUCTION

The value of a moderately fine-grain size in austenite
has been recognized for many years in ferrite—pearl-
ite (FP) structural steels, and in those steels cus-
tomarily quenched and tempered. Whereas in high
speed steels, fine austenite grain size has implied
grain diameters of the order 5u (ASTM 12), in
quenched and tempered (QT) steels, it was generally
believed that 40/50u (ASTM 6 or 7) was adequate;
in structural steels the austenite grains were often
much larger.

The yield strength and ductility parameters of
QT steels were shown in 1939 (by Janitzky and
Baeyertz)1* to be virtually independent of the then
conventional austenite grain size range. The depen-
dence of these properties in the FP steels on the
ferrite grain size has been known for well over ten
years, and comprehensive publications from the
United Steel Companies Ltd.2 have documented the
effect convincingly. The resistance of QT steels to
impulsive loading has long been known to be im-
proved by refinement of austenite grain size, and
that of FP steels by the smaller ferrite grain size
which generally results from a small austenite grain
size.

The austenite grain size in low alloy hypoeutectoid
QT steels is typically in the range of ASTM 6/8
after the heating necessary to assure a matrix with
virtually no undissolved carbides and only modest
compositional gradients, and which would thus give
the maximum hardenability on quenching.

Methods of producing significantly smaller austen-
ite grain diameters in these materials were first
reduced to practice by Grange.? They include the
classical method of “cold” deformation of austenite

*See references.

This paper is a summary of work performed under the
sponsorship of the Office of Naval Research (Contract
Nonr 1-51005-TO 14), the Army Research Office, Dur-
ham (1-50014-A 33), and the National Science Founda-
tion (1-55092-NSF 134).

H. W. PAXTON
Carnegie Institute of Technology
Pittsburgh, Pennsylvania

followed by recrystallization, and the somewhat less
obvious method of repeated rapid heating of ferrite—
carbide aggregates into the lower end of the single-
phase austenite range. Grain sizes of ASTM 12 (6u
diameter) and in appropriate cases, sizes even
smaller than this, are not too difficult to produce by
these methods, but practical and economic considera-
tions have made commercial exploitation somewhat
limited at present.

In the FP steels, especially those containing less
than 0.1% C, austenite grain sizes are frequently
not known, but ferrite grain sizes of ASTM 12/13
are produced with no unusual difficulty commercially.

The purposes of this paper are to survey the par-
ameters which can influence austenite grain size, to
enquire if grain sizes much smaller than ASTM 12
are realistically possible in all steels, and to explore
possibilities of producing a grain size of ASTM 12
by means other than those which have already been
proposed.

SOME EXPERIMENTAL OBSERVATIONS
ON AUSTENITE FORMATION

There appear to be only two available and currently
practical methods of producing essentially strain-
free grains of austenite. One is by recrystallization,
and the other involves formation by a phase change,
most commonly up-quenching of a ferrite—carbide
aggregate. We shall ignore here formation of austen-
ite by vapor deposition or from the liquid, including
the possibility of grains nucleating from a “splat
cooled” amorphous film of austenite. The two more
usual processes will be considered in turn.

Recrystallization of Austenite

Modern theories of recrystallization take into ac-
count the structures produced by deformation which
can serve to provide a viable nucleus without invok-
ing thermal activation over an unreasonable volume.*



In both bee and fee materials of high stacking
fault energy, the dislocations form “cells” of about
1y in diameter within the grains after modest defor-
mations (10/30%) at T/T, 0.2/0.8. The center of
each cell is virtually free of dislocations, and the
dislocations in the wall possess such a density that
estimates of their number are questionable. At
rather higher temperatures, e.g., T/T,, 0.83/0.4, the
dislocations in the cell walls are more likely to form
networks, and the cell size increases, although not
by more than a factor of two.

Since all the theories of recrystallization involve
the idea that one of these cells is the existing nucleus,
and grows by one means or another, one would
expect the minimum grain size after recrystalliza-
tion to be some small multiple of the cell size. (The
dislocation arrangements forming cell walls are not
considered to be high angle grain boundaries, and
the coalescence of two, three, or more cells is neces-
sary to produce these.) On this basis, then, the ex-
pected minimum grain size in these materials after
complete recrystallization and before any substan-
tail grain growth would perhaps be about Su.

On the other hand, materials with low stacking
fault energy, which includes some austenites, do not
show clearly defined cells.5 Rather, the dislocations
remain co-planar to a great extent, and occasionally
one may form deformation twins. A good example of
this is given by Leslie and Miller® in a 0.27% C —
11% Mn steel where the twins are 25 to 250 A thick,
and spaced about 50 to 5,000 A apart. The recrystal-
lization behavior of such materials has not been
studied extensively. It remains to be seen whether
the nucleation rate can be made sufficiently high
and the growth rate sufficiently low that a grain
diameter of, for example, 1y or about ASTM 17
can result. It might be possible to arrange for a
finely dispersed precipitate to form during the heat-
ing for recrystallization, which would reduce bound-
ary velocities; this point will be discussed more
extensively in a later section.

In the cold working of a phase containing hard
dispersed particles, cells also form and it appears
that they may be somewhat smaller than those in
homogeneous materials, e.g., perhaps one-quarter or
one-half of a micron instead of a micron. The possi-
bility of utilizing this idea during the hot-rolling
of austenite prior to expected recrystallization may
be interesting. However, the experimental difficulties
of checking the underlying premises are formidable
and an appropriate dispersion of particles may cause
other complications. The effect on recrystallization
behavior seems to be a function of size and spacing
of particles. The most obvious area for testing in
the ferrous field is in hypereutectoid alloy steels,
where results on carefully controlled deformation
have not been reported extensively, and some degree
of control over carbide precipitation can be achieved.

The whole subject of recrystallization of two-
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phase alloys is complex; for a review of current
opinions and experiments, the reader is referred to
a recent survey by Cahn.?

The possibility also exists that by careful control
of rolling and recrystallization, it may be possible
to produce an austenite with a strong preferred
orientation, which may result in a product having
interesting anisotropic properties. The value of this
approach in producing deep drawing sheet by rolling
and recrystallizing ferrite has been especially evi-
dent over the last few years.

Formation of Austenite by a
Phase Transformation

It is also possible to nucleate austenite, presumably
generally relatively undeformed, from other phases
which exist, either stably or metastably at or near
room temperature. These phases may be ferrite—
carbide aggregates or may contain substantial
amounts of martensite (which may or may not
temper significantly on heating).

There is now clear evidence that, depending on
circumstances, austenite may form either by classical
heterogeneous nucleation at a carbide-ferrite inter-
face, or by a shear reaction on a specific habit-plane.
The possibility also exists, but the evidence is less
convincing at the moment, that a massive reaction
may occur in some cases.

A graphic illustration of the formation of austen-
ite by diffusionless shear is given by the work of Zer-
wekh and Wayman,® who, under certain conditions,
could transform single crystal whiskers of pure iron
by a single interface shear transformation in a tem-
perature gradient. The habit plane was close to, but
not exactly, {110}« and could be satisfactorily under-
stood by the phenomenological theory of “marten-
site” transformations.

Superficially similar results were found by Grozier?
in an investigation of the formation of austenite
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FIGURE 1. Schematic of the iron—nitrogen system show-
ing typical conditions in Grozier's experiment to grow
isothermal acicular austenite. The composition given by
the intersection of the dotted lines would be in equilib-
rium with Fe,N. C% is in metastable equilibrium with
C?, and is supersaturated with respect to the o/(a+7v)
phase boundary .
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during the nitriding of single crystals of zone re-
fined iron. A schematic of his experimental concept
is shown in Figure 1. a-crystals several millimeters
in diameter and about 1 mm thick were exposed at
temperature T, to an NHz/H, mixture with a nitro-
gen activity such that at equilibrium an austenite
of composition CY would result; the same atmosphere
produces a surface concentration in ferrite of C§
until austenite nucleates.

If the surface was rendered quite imperfect, by

mechanical abrasion for example, austenite nucleated
quite easily and profusely. The austenite grains im-
.pinged rapidly, and eventually grew inwards in a
classical columnar fashion with an average a—y in-
terface parallel to the external surface. The rate of
growth inwards was capable of being calculated on
the basis that nitrogen diffusion through austenite
was dominant and that local equilibrium existed at
the external and internal surfaces of the austenite.
The experimental results were in excellent agreement
with these calculations.

On the other hand, if the surfaces prior to nitrid-
ing were carefully prepared, e.g., by prolonged elec-
tropolishing, the pattern of austenite formation was
very different. Nucleation of austenite became much
more difficult and was restricted to local heterogenei-
ties such as grain boundaries, inclusions, or deliber-
ately introduced scratches. The growth of austenite
was acicular and displayed a marked shear on the
polished surface of an a-crystal. Mid-ribs were often
visible during hot-stage examination.

It was possible to make measurements of growth
rate; the length of a given grain was directly pro-
portional to the elapsed time after nucleation and
very sensitive to temperature and supersaturation of
nitrogen in the ferrite. The crystallography of the
plates was not simple. a-crystals with surface poles
in the region of the unit triangle bounded by [100] —
[110] — [112] had habit planes of {110}a, those in
the remainder of the unit triangle had habit planes
of {112}a. This growth habit is not understood at
present, and may have some similarities to the for-
mation of certain of the bainitic structures described
later in this conference.

Since the growth, although the interface advances
by a cooperative shear, appears to be controlled by
nitrogen diffusion from supersaturated ferrite to the
advancing austenite, it is perhaps more appropriate
to think of this transformation as Widmanstitten
rather than “martensitic.”

In similar experiments using CO/CO, or CH,/H,
mixtures, Judd!® was able to display the same phe-
nomenon for carbon austenite. However, due to
difficulties in reproducibility, perhaps related to cata-
lytic difficulties in maintaining a constant carbon
potential over iron at the relatively low temperature
involved, it was not possible to obtain the same kind
of quantitative data on growth rates for carbon aus-
tenite as for nitrogen austenite. There appears to be

no reason, however, to question the hypothesis that
the two elements behave in a very similar fashion.

As a qualitative experiment to confirm the idea
that austenite might grow into ferrite with an asso-
ciated shear if the supersaturation is sufficiently
high, two different types of experiments were per-
formed. In the first,® an iron crystal was uniformly
nitrided in the solid solution range at 650 C (1200 F')
to 0.055% N, which is close to the solubility limit
at this temperature. The specimen was then up-
quenched to 825 C (1515 F) for one hour and water
quenched. A large fraction of the austenite formed
was in the interiors of the grains and acicular with
a habit plane close to {110}a. In similar experi-
ments, with a lower temperature utilized for up-
quenching, thus producing lower supersaturations,
the austenite tended to nucleate more and more at
ferrite grain boundaries and at the external surface,
and the fraction of idiomorphic austenite increased.

In the second series of experiments performed by
Judd,1® Fe;C was used as a solid source of carbon.
Carbon dissolves rapidly in ferrite and diffuses sub-
stantially in times which, under the proper condi-
tions, are short relative to the times necessary for
austenite nucleation. In large-grained crystals of
iron (from a zone refined base) containing well-dis-
persed carbides, up-quenching to sufficiently high
temperatures also produced acicular austenite on
{110} . At lower supersaturations, or when austen-
ite nucleation was facilitated by « grain boundaries,
idiomorphs of austenite resulted (frequently with
noticeable deviations from sphericity in the form of
flat facets).

To summarize the above information, it appears
to be quite evident that the acicular mode of austen-
ite formation can occur in a variety of situations
when the supersaturation, and hence the driving free
energy of transformation, are sufficiently high and
the rate of conventional nucleation is low for any rea-
son. In some cases, shear is clearly observed; in
others it appears by analogy to be probable. It should
be pointed out that the transformations are not nec-
essarily all diffusionless even though shear may be
involved.

THE FORMATION OF AUSTENITE
IN STEELS

In applying the thoughts above to practical consider-
ations in the formation of austenite in commercial
steels, there are several questions which are of
concern:

(1) What are the rate and mechanism of austenite
nucleation at carbide particles in grain boun-
daries and in grains?

(2) How does this rate vary with variation in
composition or coherency of the carbide?



(8) What factors contribute to the rate of growth
of austenite prior to impingement?

(4) How rapid is grain growth following impinge-
ment?

It will be convenient to discuss each of these in turn.

Nucleation of Austenite at Carbide Particles

The difficulties of predicting nucleation rates in
solid-solid transformation have been discussed by
many authors. Even experimental measurements are
not particularly simple, and furthermore are try-
ingly tedious.

In the classic early work of Roberts and Mehl, 11
the formation of austenite was investigated from
various microstructures, largely eutectoid pearlites
of various spacing. The view was taken that a con-
stant nucleation rate per unit volume of pearlite,
N,, was appropriate, and this could then be calcu-
lated from the Johnson-Mehl formalism and the
curves of fraction transformed versus time. The cal-
culated values of N, varied by many orders of magni-
tude, but the resulting values of grain size, calculated
from these N, and observed growth rates (from
measurements of maximum austenite nodule radius
versus time) were not very different. All values were
essentially ASTM 7 + 1. Fracture grain size meas-
urements were generally in good agreement with
calculations.

Whether or not one should use N, or should express
a nucleation rate in terms of the carbide—ferrite
interfacial area is a debatable point. In principle, the
area measurement is probably the more realistic, but
in practice, the variation in area possible with most
achievable carbide distributions is not large com-
pared with potential variations in nucleation rate
caused by other factors such as temperature, super-
saturation and coherency.

Experimental measurements of nucleation rate in
well defined experimental situations are sparse. In
aggregates of spheroidal carbides in ferrite, with
carbide diameters of the order of a few microns, a
spectrum of nucleation times exists for austenite
forming at carbide particles when the superheating
is small. In some experiments performed by Juddi®
(to be discussed later) on 0.1% C steels, where the
carbide spacing is 12/15u, it was possible to make
approximate measurements of nucleation rate be-
tween 750 and 787 C (1400 and 1450 F) since, in
general, the austenite patches do not impinge. The
results are shown in Table I, expressed as percent of
carbide particles per second which nucleate austenite.

On the other hand, experiments by Molinder!? on
a 1.27% C steel in which the carbide size is com-
parable to Judd’s, but the carbide spacing is only
2 to 3u, show that when the nucleation rate is low,
a different pattern of austenite formation can hold.
It is possible to have austenite grow sufficiently

H., W. PAXTON 6

rapidly that it engulfs many carbides; the necessity
for further nucleation is thereby avoided and the
carbide merely dissolves in the austenite without any
further obvious effect on austenite grain size.

We are then concerned with effective nucleation
rate in determining the number of austenite grains
produced before impingement. It may be in many
cases that the clear increase in austenite nucleation
rate observed when carbides are in ferrite grain
boundaries leads to this effect dominating nucleation
and hence austenite grain size (i.e., carbides in
a-grain interiors may have little effect as nuclei).

In the formation of austenite from as-quenched
acicular alloy martensite, it is not unusual for the
austenite also to be acicular.13 14 With many carbide
particles and a-ar boundaries available as potential
nuclei, the effect is complex and the microstructure
can depend on the alloying elements present and on
available free energies. Aaronson, in his investiga-
tion!s of this effect, is led to the conclusion that the
austenite growth is diffusion limited.

Provided that more than one carbide particle per
ferrite grain nucleates austenite and that each
austenite grain during a subsequent cooling trans-
formation produces one or more ferrite grains, a
progressive refinement is obviously possible. The
experiments of Grange 316 are in accord with this
line of reasoning. A saturation exists after 2 to 4
cycles in the range ASTM 12 to ASTM 17 in that
the austenite grain size cannot be further refined.
This latter figure is consistent with a very efficiently
nucleating carbide particle of a few thousand Ang-
stroms diameter or a number of rather less efficient
carbides of the same total volume. Carbides greater
than 1y diameter can presumably not lead to ultra-
fine austenite grain sizes, at least in a single heat
treatment.

Evidence for the formation of austenite from fer-
rite by diffusionless shear in fine grained steels con-
taining carbides is still rather indirect. The locus of
T, is known quite well above A, for carbon and low
alloy steels, but the locus of A, remains questionable.
By analogy with the reverse problem, the relative
location of T, and M,, one might expect at least for
carbon contents greater than about 0.1% that A,
would be some 200 C (860 F) above T. This is ap-
proximately true (at lower temperatures) in the
reversion of Fe—Ni martensites. However, the value
of (T,—M,) in very low carbon steels has been the
subject of recent debate, and it seems incontestable
that the value of AG involved in the diffusionless
transformation of ferrite to austenite in nearly pure
iron can hardly exceed about 18 cal/mol, a full order
of magnitude less than that for the austenite—mar-
tensite transformation in carbon steels and Fe—Ni
alloys. In recent work, Albutt and Garberl? have
suggested that ferrite (in a 0.08% C steel) can
transform to austenite by a diffusionless transforma-
tion at about 920 C (1690 F) at rates of heating
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above about 1000 C/sec (1800 F/sec). If this is true,
the driving force is indeed quite small. Albutt and
Garber state clearly that they did not attempt to
decide whether the transformation is massive or
martensitic.

In any case, in the normal circumstances associ-
ated with austenite formation from ferrite—carbide
aggregates at temperatures low enough so grain
growth is reasonably low, i.e., 850 C (1560 F) or
less, the ferrite composition is virtually independent
of the number and size of the carbides, it cannot
transform by a diffusionless shear, and will thus
transform by nucleation and normally incoherent
growth of austenite. Rapid heating rates per se are
not relevant in producing “martensitic austenite.”

An illustration of this point is given in work by
Speich, Szirmae and Fisher!® who used laser heating
to permit very short isothermal holding times to
study the response of a 0.77% C alloy. The heating
rate was of order 108 C/sec (1.8 X 108 F/sec) and
cooling rate 105 C/sec (1.8 X 10% F/sec). A specimen
held for 0.02 sec at 845 C (1555 F') showed a uniform

austenite rim around each carbide and the same was
true for a specimen held 0.008 seconds at 885 C
(1625 F). It is noteworthy that the nucleation time
is very short, and all carbides had formed austenite
around them. However, virtually all the carbides
were in grain boundaries, and the increased catalytic
potency of these is clearly an important factor.

Thus the experiments of Grozier and Judd, which
established the possibility of acicular austenite, do
not seem to have any proven application to practical
austenite grain size control. It would be necessary to
have a dense uniform array of fine carbides in a very
coarse-grained ferrite, and no way of doing this is
apparent to the author.

Effect of Coherency and Composition
of Carbides

The theory of the nucleation of a third phase from a
mixture of two others is not developed to any signifi-
cant extent. However, the qualitative ideas from a
solid—solid transformation when only two phases are

TABLEI Observed Experimental Material Parameters

Temperature
C F Material To Tmax N to sec
750 1380 Small grain* 1.57 3.25 12 9
Large grainf 2.75 3.67 1.43 32
Mn alloy 1.28 3.29 2.86 20
Blackplate 1.04 3.52 — 14
762.5 1405 Small grain 1.63 3.44 28.2 6.75
Large grain 2.18 3.89 45 18.8
Mn alloy 1.87 3.756 25 10.5
Blackplate 0.94 3.07 22.5 10.2
775 1425 Small grain 1.563 2.90 =100 7
Large grain 1.90 2.99 10.7 14
Mn alloy 1.20 3.20 30 9.7
Blackplate 1.49 2.81 3 9
781.5 1450 Small grain 2.06 2.56 =100 4
Large grain 1.83 2.40 3315 10.1
Mn alloy 1.50 3.22 =100 6
Blackplate 1.60 2.31 =100 6
*Small grain indicates small grain zone refined Fe-C alloy (~0.1% C).
tLarge grain indicates large grain zone refined Fe-C alloy (~0.1% C).
Composition**
% Mn % C % Si % S %P % Cr % Cu % Mo % Ni
Fe-Mn-C 0.49 0.1 0.04 0.012 — — — —_— —_
Blackplate 0.45 0.09 0.008 0.019 0.007 0.02 0.02 0.01 0.02

To = mean radius of FegC
Tmax = Maximum radius of FegC
N = nucleation rate in percent of carbide particles per sec
t, = incubation time
** — weight percent
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FIGURE 2. Schematic of probable nucleation conditions
for austenite from a ferrite—carbide aggregate
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FIGURE 3. Some possible nucleation geometries for aus-
tenite at an a—~Fe3C interface. Only in (f) is any special
low energy interface for a—y considered

involved can probably be applied with some confi-
dence. We can outline here only the formalism. In
particular, we are interested as usual in:

(a) the free energy change per unit volume;

(b) the net increase in surface energy for a given
volume of austenite, which obviously depends
on the geometry;

(¢) strain energy contributions.

The free energy change depends on the “composi-
tion” of the austenite nucleus. This is maximized for
the situation shown in Figure 2, and unless the sur-
face free energy is a strong function of composition,
this probably is the effective situation in pure iron—
carbon alloys. In steels containing other elements,
which in general would diffuse slowly, the situation

H. W. PAXTON 8

O

6.67

A

A
A

Four Seconds at 775C (1425 F)

—
)
[
|

oy

=}
I
|

14
o

=4
-

Carbon Content, weight percent

o
>

o
N
|

| | I Coet 1 1

]
0 1 2 3 4 5 6 7 8
Radius, microns

FIGURE 4. Concentration of carbon vs distance along a
radius from the center of a spherical carbide particle
four seconds after nucleation of austenite at 775 C
(1426 F). r, is the original carbide—ferrite interface.
Cys Co, and ¢, are given by the phase diagram

is rather more complex, and the free energy change
will not be the maximum possible (a constraint of
constant Ny,/N, is probably usually operative, for
example). Since the free energy enters as the expo-
nent {— const/(AG,)?2}, the possible effect may be
large, but is impossible to calculate with present
knowledge. Judd’s experiments (Table I) suggest a
somewhat slower nucleation rate in his 0.5% Mn
alloy and in blackplate.

Some possible geometries of austenite nuecleation
are shown in Figure 8. The most favorable situations

. . Ya Ya
are ¢, d and e, especially if 7‘1—7 <1lor TMZ < 1.
(3

Whether (c) is generally likely is not known; (d)
and (e) are certainly common, and examples have
already been cited. Alloy additions which promote
coherent carbides and therefore reduce Ya, would be
expected to suppress still more cases (a) and (b).

Factors Contributing to the Rate of Growth
of Austenite prior to Impingement

Since the finest grain sizes will be produced by a very
large number of austenite nuclei per unit volume
(i.e., many fine carbides all of which have a chance
to produce a nucleus before they are engulfed by
austenite nucleated elsewhere), the chances of suffi-
cient time being available for this to occur are obvi-
ously improved by a low growth rate of austenite.
The factors which can affect this rate will therefore
be considered.
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The simplest model which can be chosen for theo-
retical study would assume a spherical carbide par-
ticle of radius r, on which a uniform shell of
austenite nucleates after an incubation period t,.
This shell dissolves carbon from the carbide and as
this diffuses outward, ferrite is consumed. A sche-
matic of concentration along a radius is shown in
Figure 4, where the concentrations ¢, and c, repre-
sent the solubility of carbon in ferrite, and the
weight percent of carbon in cementite respectively.

If the concentrations at r, and r, represent the
limits of the austenite stability range at the tem-
perature of interest, it is possible to calculate r, and
r, as a function of time after t, assuming that the
rate controlling step is the diffusion of carbide
through austenite. The details of the calculations are
published elsewhere, but some typical examples of
the results are shown in Figures 5 and 6.

By incorporating measured nucleation rates, and
the above calculations for growth rate, it is possible
to check the validity of the assumption that D is
the rate controlling parameter. In a series of experi-
ments performed by Judd over the temperature
range 750 to 787 C (1400 to 1450 F), this assumption
does indeed appear to be true for a 0.1% C material
prepared by gaseous carburization of zone refined
iron, whether this had a “small” ferrite grain size
(—ASTM 6) with essentially all carbides in grain
boundaries or a considerably larger ferrite grain size
(~1 mm) where most of the carbides were intra-
granular. However, in a similar alloy prepared with
0.5% Mn in addition, or in commercial blackplate,
the rate of growth at small supersaturations was
very noticeably less than that characterized by car-
bon diffusion control. The reasons for this are not
clearly established, but the most reasonable explana-
tion is that the diffusion gradient in the austenite is
reduced by a change in the carbon activity at the
carbide—austenite interface due to previous parti-
tioning of manganese preferentially to the carbide,
and to the sluggish diffusion of this manganese away
from the interface after some carbide dissolution. At
higher temperatures, where diffusion gradients are
steeper, this effect would be expected to be less domi-
nant as is indeed observed.

Various other experiments have been performed in
the author’s laboratory to investigate the conditions
under which austenite grows by diffusion-limited
transport of an interstitial. The experiments of
Grozier® cited earlier showed that an appropriate
NH;/H, environment would cause nitrogen—austen-
ite to grow in a planar fashion into zone refined iron
at a rate which could be predicted accurately from
the phase diagram, the diffusion coefficient DY, and
Wagner’s analysis of the moving boundary problem.

However, if various alloying elements are added to
the iron, in amounts of about one atom percent, the
pattern of growth changes in a more or less system-
atic fashion.!®* Additions of nickel, cobalt or man-

787.5C (1450 )

Radius, microns

Time, seconds
FIGURE 5. Variation of r, (lower curves) and r, (upper
curves) for typical values of r, during austenite forma-
tion at 787.5 C (1450 F). The curves are terminated
when the carbide is dissolved; further and slower in-
crease in r, occurs by homogenization

I I T I 1
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FIGURE 6. Variation of r, and r, with time at various
temperatures for a starting r, of 3u

ganese produced little change in the pattern of in-
ward growth of austenite. Additions of vanadium,
titanium, chromium, silicon or aluminum showed a
much smaller growth rate of this austenite rim, a
very ragged interface and a considerable penetra-
tion of austenite down the ferrite grain boundaries
ahead of the rim. This extra penetration is absent
in zone-refined iron or in the nickel, cobalt or man-
ganese alloys.

Molybdenum was added to the extent of one weight
percent and behaved like nickel, cobalt and man-
ganese. However, one weight percent is only about
0.5 atom percent and so comparisons are not neces-
sarily fruitful or meaningful. Some illustrations of
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to the experimental rim penetration in zone-refined iron
under equivalent conditions of temperature and atmos-
phere. 650 C (1200 F'), 10% NH; in H,. The dashed line
shows the predicted rim penetration using diffusion data
of Grieveson and Turkdogan

this effect are shown in Figures 7 and 8, for the
nitrogen—austenite growth rates in zone-refined iron
and in iron containing various amounts of vanadium.
The parabolae cited as the “Grozier limit” are those
for a given surface concentration (in weight percent
nitrogen) and the value of y in Wagner’s equation
£ = 2y v DJt, where vy is a function of the interface

concentrations and of Dyj/Dg .° The effect of vana-
dium is seen to be more significant at the lower
temperature

Some possible explanations of this effect have been
discussed elsewhere in a paper by Pavlick, Mullins
and Paxton.!® It was not possible to reach firm con-
clusions on the mechanism, but one attractive theory
held that particles of, for example, vanadium nitride
formed during the growth of austenite and acted as
a barrier to growth in a similar manner to that en-
visioned many years ago by Zener2¢ for recrystalliz-
ing grains. For these particles to be effective in
explaining the results, it is necessary in this case
that they be in the size range of a few hundred
Angstroms, in order to maintain the necessary radii
of curvature in the a—y interface.

Mravic2é has examined iron—vanadium specimens
after exposure to NH;/H, and has clearly shown the
presence of vanadium nitride which formed in the
ferrite ahead of the advancing interface. An exam-
ple of a replica (taken on what is now martensite)
is shown in Figure 9.

Another interesting observation noted by Mravic
is that by systematic temperature variation, pre-
cipitation of VN in ferrite can be in bands, etching
“dark” and “light” in nital, parallel to the external
surface of the specimen. These bands represent areas
of coarse and fine vanadium nitride particles respec-
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FIGURE 8. Penetration at a grain boundaries and within
o grains for various alloys vs time of exposure, com-
pared to the experimental rim penetration in zone-re-
fined iron under equivalent conditions of temperature
and atmosphere. 800 C (1470 F'), 3% NH,; in H,. The
dashed line shows the predicted rim penetration using
diffusion data of Grieveson and Turkdogan

tively, and are analogous to many observations on
internal oxidation. It is interesting (Figure 10) that
austenite spreading laterally from an a—a grain
boundary shows a good deal more growth along the
paths where larger nitrides are present than in those
where smaller nitrides occur (as predicted by the
theory).

Growth of Austenite Grains
after Impingement

As soon as austenite grains impinge, although the
driving force for boundary migration is reduced by
one to two orders of magnitude, the normal process
of grain coarsening will proceed unless the boun-
daries are effectively locked by dispersed particles.
Experimental measurements are possible directly if
the temperature is sufficiently high for thermionic
emission microscopy,?! i.e., usually at least 950 C
(1740 F), or if the grain size is sufficiently coarse
so that conventional techniques using controlled
transformation can be effective in delineating the
structure characteristic of the elevated temperature.
However, it seems probable that severe difficulties
will be experienced with the various possible “grain
outlining” techniques below about ASTM 8/10 in
low carbon steels,2? although with medium carbon
steels, Grangel6 has been able to measure well below
ASTM 12. Nutting and Rouze?! have experimentally
measured mean approximate migration rates of
0.02u/sec in a low carbon alloy steel at 975/1075 C
(1785/1965 F) by thermionic emission microscopy.
A suitable method to extrapolate their results to iso-
thermal coarsening at lower temperatures is not
obvious. Furthermore, they point out that boundaries
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FIGURE 9. Precipitates of VN in 0.5% V austenite (now
martensite) after exposure to 4% NH; in H, for 60 min
at 750 C (1380 F'). The region of larger particles is at
grain boundary in the austenite. Extraction replica
12,000 X

often move quite rapidly to a local metastable posi-
tion, and then remain virtually immobile for ex-
tended periods until readjustments some distance
away cause another wave of equilibration at grain
corners to pass through the specimen. This behavior
is reproduced quite exactly in more conventional
foams such as bubbles on a soap solution or on beer.
The theories of boundary migration are complex23
and have been compared quantitatively only for quite
dilute solutions of alloying elements. With these
theories, based on no direct pinning by second phase
particles, but perhaps a drag on the boundary caused
by the necessity of adsorbed impurity atoms to be
carried along, various degrees of agreement with
experiment in aluminum and lead alloys have been
observed. At the present time, it appears that specu-
lation on application to austenite at T/T,, of about
0.6 or higher is fruitless; experimental measure-
ments would, on the other hand, be very helpful.

SUMMARY AND OBSERVATIONS

Straightforward considerations suggest that what
one would like to have in controlling austenite grain
size is a situation where austenite is nucleated pro-
fusely with a very narrow spread in nucleation times,
so as to produce a uniform and small grain size. The
slower the growth rate after nucleation but before
impingement, the bigger the spread in nucleation
times can be while still retaining close to maximum
effectiveness.

In conventional heating for austenitizing, the car-
bides presumably act as nuclei over a range of tem-
perature above Ac;. Since at low superheatings the

¢ T

FIGURE 10. Penetration of austenite into ferrite in
which bands of coarse and fine precipitates of VN have
been manufactured by systematic temperature variation.
The austenite penetrates preferentially along the paths
where the nitrides are coarser. 2% V in ferrite exposed
to 4% NH, in H, for nine hours at 750 C (1380 F). 95 X

nucleation rate is also low, it might be interesting to
insert a hold time just above Ac,;, to ensure that all
carbide particles have a chance to nucleate an aus-
tenite crystal before they are engulfed by other
growing austenite. The growth rate is a minimum
just above Ac,. Depending on the composition of the
steel, and thus particularly at carbon contents in the
range of 0.1/0.2% C, it should be possible to produce
isolated islands of austenite. Using Judd’s observa-
tions,!? a period of a few seconds is all that is neces-
sary even as low as 750 C (1380 F).

Continued heating to some temperature low in the
single-phase austenite range seems unlikely to pro-
duce a grain size larger than continuous heating
directly to this same temperature. On the other hand,
a very rapid heating can in principle cause instabili-
ties in the austenite—ferrite interface and perhaps
cause acicular austenite to grow. Whether or not this
makes a difference to the austenite grain size or to its
subsequent decomposition may be intriguing.

The effect of potential precipitates during the
transformation is of obvious interest2! from two
points of view. Large particles (a few thousand
Angstrom) can act to pin austenite grain bounda-
ries, and growth would be influenced by solution or
agglomeration of these particles.2’ However, much
finer particles could act in a fashion similar to that
suggested by the work of Pavlick!® and Mravic26
during the formation stage of the austenite. The
relevance of this possibility has not yet been quan-
titatively established in a convincing fashion to the
author’s knowledge.



It would be of potential interest perhaps to com-
pute curves for the amount of austenite formed
during continuous heating in a number of ferrite—
carbide aggregates at various rates in an analogous
fashion to curves for austenite decomposition. The
possibility of programmed heating and of the
growth-limiting effects of precipitates could be built
into the model using the data of Judd,'® Mravic2é or
other suitably isothermal observations.

Nothing has been said in all of the above discus-
sions about the effects of very fine austenite grain
size on subsequent hardenability. The effects are
complex!® and need more work to enable the improved
strength and toughness to be consistently reached in
heavy sections. Work on weldability is also necessary.

Finally, the engineering problems in controlling
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a reproducible and sophisticated time—temperature
cycle are obviously not easy. However, if it can be
shown that an economic advantage really exists with
ultrafine grained austenite, as seems likely, the chal-
lenge will doubtless lead to the customary ingenious
solutions.
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J. W. SPRETNAK (Ohio State University). Rather than a
- question, I would just like to make a comment or two
on Professor Paxton’s presentation. Underlying all for-
mation of austenite, of course, is the lattice transforma-
tion. It is very important to realize that we can induce
this lattice transformation by at least two physical
manifestations of the driving force. One is a simple
superheating of alpha iron above the temperature at
which the gamma form is stable; for example, if you
rapidly heat the steel, you will superheat alpha matrix
at temperatures above 910 C (1670 F). This we can call
the thermal type of driving force. The second possibility
is this effect of supersaturation with respect to the
solute; for example, experiments have been performed
in which nitrogen or carbon drives the transformation.
We do not have the thermal driving for the lattice trans-
formation in these isothermal studies, but rather super-
saturation with respect to the solute. This, I believe, is
what complicates the kinetics of formation of austenite.
Professor Gordon Powell and myself have been doing
work along this line; we find that, in general, for an
isothermal transformation such as this (equilibration
of iron—(iron—carbon) couples at 850 C, 1560 F') you do
find physical manifestations of supersaturation with
respect to the solute (carbon) which is the driving force
for the lattice transformation. We also find that the
kinetics of motion of the o—y interface depend on whether
the rate controlling process is the interface reaction or
the supply of solute to the interface; the interface reac-
tion is usually unspecified in detail. It is suggested that
in these experiments, the interface reaction is the lattice
transformation. In high purity iron—carbon alloys, the
transformation is not rate controlling; the kinetics de-
pends on the rate at which you get this critical super-
saturation of carbon, so that the classical t% dependence
works nicely. When alloying elements such as manganese
and molybdenum are added to the system, the lattice
transformation becomes rate-controlling, rather than
the rate of supply of carbon. Professor Paxton mentioned
that molybdenum simply immobilizes this interface. We
do not observe the planar motion of the interface at all,
but rather penetration of carbon down the grain bound-
aries of the alpha phase, eventually forming pockets of
gamma phase, particularly at grain junctions. Some of
the complexity of austenite formation, therefore, arises
in the fact that two physical manifestations of the driv-
ing force for the lattice transformation can be operative.
I think that Professor Paxton’s comments were very
timely and appropriate in bringing these situations to
our attention.

AUTHOR’S REPLY. Yes, we have discussed this before, and

all you are saying is indeed possible and correct. I am
not yet convinced that the lattice transformation in the
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molybdenum case is rate-controlling. In any case, one
can explain quite nicely why austenite can form ahead
of the interface in isolated patches. (See reference to
Pavlick et al.)

W. MCFARLAND (Inland Steel Company). Have you done
any work on the effect of heating rates on the tempera-
ture of transformation at A; and A3?

AvuTHOR’S REPLY. We have not done any serious work on
this, other people have; perhaps some of you have seen
the very interesting paper by Albutt and Garber in last
month’s JISI. I don’t think there is anything very magi-
cal about heating rates; I think there have been some
questionable ideas written on the possibility of mar-
tensite being formed below T,,. I have not seen anything
yet on rapid heating rates which I can’t understand
fairly well on relatively naive pictures. I wouldn’t think
we have to start a new cult.

M. CoHEN (Massachusetts Institute of Technology).
Professor Spretnak has just pointed out that there is
considerable Russian literature on the problem of rapid
austenitizing by pulse heating by either resistivity or
induction heating by Professor Sadovskiy of Moscow
State University.

AuTHOR’S REPLY. There are some very interesting effects,
but they often do them on unusual steels. It is hard to
obtain qualitative ideas on mechanisms.

M. CoHEN. You refer to massive transformation as being
diffusionless. The correct statement would be yes, there
is no long-range diffusion, and there is no change in
composition between parent and the product phases; but
there certainly is diffusion across the interface.

AUTHOR’S REPLY. I don’t think we have any differences
in viewpoint; it is just a matter of choice of words. I
certainly agree that there is no long-range diffusion
involved.

M. CoHEN. The word “massive” appears two or three
times in the abstract.

D. L. ALBRIGHT (International Harvester Research).
Measurement of true austenitic grain size constitutes a
distinct problem. With this in mind we have been experi-
menting with the technique of thermal etching of grain
boundaries, a method that has been carefully evaluated
by Day and Austin.* The advantages of the thermal

*M. J, Day and J. B. Austin, Trans. ASM, 28. 354 (1940)
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FIGURE A. “Fine-grained” 8620 steel thermally etched
two hours at 925 C (1700 F). 100 X

s

FIGURE C. “Fine-grained” 8620 steel thermally etched
11 hours at 925 C (1700 F). 500 X

etching technique render it a prime candidate for use in
steel plant quality control, especially in view of the
decreased time between melt and final product in modern
integrated mills.

One interesting point that has arisen in our experi-
ments involves interpretation of the grain size as estab-

FIGURE B. “Fine-grained” 8620 steel thermally etched
11 hours at 925 C (1700 F'). 8 X

lished by various techniques. Specifically, an 8620 steel
which was typed as fine-grain by the McQuaid-Ehn test
(using both 6 and 11 hour treatments) was also exam-
ined after thermal etching. The micrograph of Figure A
generally confirms this fine-grained structure as revealed
after thermal etching for two hours at 925 C (1700 F)
in a purified argon atmosphere. However, after eleven
hours of thermal etching at 925 C (1700 F'), the same
time and temperature as in one of the McQuaid-Ehn
treatments, a duplex grain structure had developed. This
partial coarsening is indicated in the 8 X macrograph
of Figure B, with one particular area shown at 500 X in
Figure C. (It is important to note that the presence of
martensite in this structure greatly aids the measure-
ent of prior austenitic grain size.) Thus it is apparent
that the carbon pickup in the McQuaid-Ehn test has
inhibited the formation of the inherent duplex grain
structure of the steel. Do you feel that this is a valid
point for practical consideration, or is the influence of
grain size on properties so minor as to minimize the
importance of the discrepancy?

AUTHOR’S REPLY. The only reply I would make is that
when anyone shows me thermally-etched structures, my
immediate reaction is to find what’s wrong with them.
I think you ought to be very, very careful when using
thermal grooving as a method of measuring grain sizes.
It does not automatically give wrong answers, but it can
be misleading on enough occasions that I-urge this
caution.
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INTRODUCTION

The important role that the transformation of aus-
tenite to bainite plays in the hardenability of alloy
steels as well as the attractive properties frequently
associated with bainitic structures have generated
much interest in the study of austenite decomposition
at intermediate temperatures. At least two variants
of bainite have been recognized since the early metal-
lographic studies1* which, following Mehl,2 have gen-
erally been termed upper and lower bainite.

Replica and transmission electron microscopy has
clarified considerably the structural and crystallo-
graphic features of these two forms of bainite. Spe-
cifically,3-8 the classical upper bainite structure forms
as an aggregate of lath or needle-like ferrite particles
with cementite precipitated parallel to the needle
axis. The structure resembles closely that of tem-
pered low carbon martensite. The morphology of
lower bainite is quite similar to that of tempered
high carbon martensite and consists of ferrite plates
with carbides precipitated at an angle of about 60° to
the major axis of the plate. Unfortunately, it is not
always possible to distinguish between the two forms
of bainite on this simple basis and intermediate
structures such as the granular bainites discussed by
Habraken? are known to exist. The crystallographic
relationship between the ferrite and carbide compo-
nents of bainite has served to characterize further
the two forms of bainite8 10 and has strengthened the
concept that the carbide in upper bainite precipitates
from carbon enriched austenite trapped between fer-
rite needles whereas that in lower bainite precipi-
tates from supersaturated ferrite.

*See references.
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A close connection between bainitic and marten-
sitic transformations received added emphasis with
the observation that surface tilts accompany the for-
mation of bainite.!l However, bainite plates grow
slowly 11-15 and this constitutes a major obstacle to the
concept that either form of bainite arises initially as
supersaturated ferrite with a carbon content above
that permitted by metastable equilibrium between
ferrite and austenite. Christian25 has concluded that
surface tilts need not constitute evidence for a diffu-
sionless transformation when the diffusivity of the
solute greatly exceeds that of the solvent as in these
interstitial solid solutions. This apparent dichotomy
between the structural and kinetic observations has
not yet been satisfactorily resolved.

Surface relief also has been observed in the trans-
formation of austenite to Widmanstitten ferrite1s
and, in plain carbon steels at least, there is no dis-
continuity in growth rate between Widmanstitten
ferrite and upper bainite.17 This has led to the con-
cept that Widmanstitten ferrite and the two forms
of bainite constitute a continuous series of decompo-
sition products in which the growth rate is coupled
to the flux of carbon through austenite away from a
coherent or semi-coherent interface.18.19.20 The gross
morphological features as well as the growth kinetics,
therefore, are most logically rationalized in terms of
the Zener-Hillert model which has been elegantly ap-
plied to the present problem by Kaufman, Radcliffe
and Cohen.1? However, the structures of bainites are
much more complicated than had been recognized and
it appears that the structural details must be given
explicit consideration in the treatment of growth
kinetics. More specifically, diffusion (or interface



FIGURE 1. Schematic illustration of structures produced
by (a) diffusion controlled growth, (b) and (c) repeated
nucleation of subunits, which rapidly attain a limiting
size

controlled) models for growth are based on the con-
cept that the transformation product develops by the
continued advance of a unique interface as illustrated
schematically in Figure la. Bainites, on the other
hand, may “grow’ 2629 by repeated nucleation of a
more basic substructural unit as suggested in Fig-
ures 1b and lc. This distinction is fundamental to
the comparison of experimental growth rates with
those predicted by diffusion controlled or other mod-
els. If, for example, the basic units develop rapidly
to a limiting size, then experimental growth rates
refer primarily to the rate at which these units nu-
cleate and the slow observed growth rates do not
demand that the extensive partition of carbon neces-
sary for metastable equilibrium between ferrite and
austenite arises during evolution of the individual
substructural units. This argument has been ad-
vanced frequently in various ways during the past
35 years but has not received general acceptance.
The present work attempts to determine if Wid-
manstédtten ferrite and the two forms of bainite can
be differentiated from a structural standpoint and to
explore the extent to which the known substructure
of bainites has entered into growth measurements.

EXPERIMENTAL

The compositions of the steels employed in this in-
vestigation are given in Table I. The 1040, 5140, and
2340 steels were employed to compare the structures
of upper bainite and proeutectoid ferrite whereas
the nature of upper and lower bainite was examined
in greater detail in the remaining alloys.

The steels were received as hot rolled rounds which
were rolled to flats and machined to sheets approxi-
mately 0.007 in. thick.

Heat treatment was conducted with the samples
encapsulated in Vycor capsules evacuated to 10—5 mm
Hg. Austenitizing was conducted at 1095C = 6 C
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FIGURE 2. Widmanstiatten ferrite and pearlite in 1040
steel transformed at 575 C (1070 F) for three minutes.
21,200 X

(2000 F = 10 F) and isothermal transformation was
accomplished in salt baths controlled to =3 C (5 F).

Thin foils for electron microscopy were prepared
using two methods. The thinning of sheet specimens
was accomplished by electropolishing in a solution of
135 grams acetic acid, 25 grams CrOs, and 7 ml H,O
at 25 volts using a modified Bollman technique. Disc
specimens were dimpled to 0.001 in. thickness with a
jet of 109 perchloric-acetic solution at 25 ma current
and then electropolished to perforation in a solution
of one part anhydrous sodium chromate and five parts
acetic acid at 35 volts.

A Jem 6A microscope operated at 100 KV was em-
ployed for the transmission microscopy and growth
measurements were made with conventional hot stage
microscopy techniques.

RESULTS AND DISCUSSION

Internal Structure of Proeutectoid Ferrite
and Upper Bainite

Studies of isothermal transformations in alloy steels
in which the proeutectoid and pearlite reactions are
clearly separated from the bainite reaction have re-
vealed a temperature, designated B, above which
austenite will not transform to bainite.2! In lower

TABLE I Analyses of Steels*

Steel %C % Mn % Si %Cr %Mo  %Ni
1040 0.43 0.69 0.22 — — —

5140 0.41 0.90 0.27 1.04 — 0.04
2340 0.40 0.89 0.31 0.11 — 3.34
9N3 0.29 0.69 0.31 — — 8.80

9N5 0.50 0.68 0.36 — — 8.70
M 0.69 0.85 0.70 0.85 0.81 1.80
S 0.60 0.86 2.00 0.31 — —

* Weight percent.
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b

FIGURE 8. Widmanstéitten ferrite and upper bainite structures in 5140 steel

a. Widmanstitten ferrite after 4-hr transformation
at 565 C (1050 F). 13,000 X

b. Widmanstitten ferrite after 30-sec transformation
at 595 C (1100 F). 1000 X

alloy steels and particularly in unalloyed steels, ex-
tensive overlapping of the bainite and higher tem-
perature reactions makes it difficult to determine B,.
In fact, the view that acicular ferrite and bainite
constitute a continuous series of decomposition prod-
ucts demands that B, be identified with the maximum
temperature at which acicular ferrite forms. This
temperature approaches and may exceed the A, tem-
perature whereas B, temperatures determined kineti-
cally rarely, if ever, exceed approximately 565 C
(1050 F'). The kinetic studies indicate that alloying
elements influence the overall rates and presumably
also the growth rates of the ferrite and bainite trans-
formations differently and it therefore becomes of
interest to determine if a structural distinction exists
between acicular ferrite and upper bainite. This com-
parison was made on a plain carbon and two low
alloy steels using, respectively, treatments resulting
in complete isothermal transformation to proeutec-
toid ferrite and pearlite or to bainite and pearlite.
These treatments were used in order to avoid the al-
most impossible task of differentiating in transmis-
sion micrographs between upper bainite and the low
carbon martensite that would form in these steels if

c. upper bainite after 4-hr transformation at 550 C
(1020 F'). 10,000 X

d. upper bainite after 20-sec transformation at 540 C
(1000 F). 1500 X

partially transformed samples were quenched to
room temperature. Conventional metallography was
conducted on partially transformed samples,

Proeutectoid ferrite exhibited both grain boundary
and Widmanstitten morphologies in 5140 and 1040;
however, as reported by Aaronson,?? grain boundary
allotriomorphs were the only form of proeutectoid
ferrite observed in 2840. A typical example of Wid-
manstitten ferrite is illustrated in Figure 2. Each
plate could be traced continuously from its tip to the
grain boundary allotriomorph from which it origi-
nated. There were no indications of an aggregate lath
or cell substructure and the widths of the plates
measured on transmission micrographs agreed well
with those observed by optical microscopy. A plate of
acicular ferrite consists of a single crystal of ferrite
containing a rather low dislocation density, and, con-
sequently this structure is consistent with that ex-
pected to result from either diffusion or interface
controlled growth (Figure 1a).

An abrupt change in structure was observed in the
5140 and 2340 steels when the transformation tem-
perature was reduced below the B, temperature as
determined from dilatometric studies. These tem-
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FIGURE 4. Comparison of proeutectoid ferrite and upper bainite in 2340

a. proeutectoid ferrite after 12-hr transformation at
595 C (1100 F). 6500 X

FIGURE 5. Upper bainite in 5140 steel transformed at
530 C (990 F) for 17 hr and aged 4-hr at 565 C (1050 F').
17,900 X

peratures are 565 C (1050 F) for 5140 and 540/550 C
(1000/1025 F) for 2340.23 Figures 3 and 4 com-
pare the structures observed immediately above and
below Bg. The structure of Widmanstitten ferrite in
5140 (Figure 3a) was identical with that in 1040.
The correspondence of the structures observed by
optical and transmission microscopy is apparent and

b. upper bainite after 15-hr transformation at 540 C
(1000 F). 8000 X

the fine structure of upper bainite differs significantly
from that of acicular ferrite. As reported in the
literature,® 7:10 upper bainite is characterized by a
parallel] arrangement of ferrite laths exhibiting an
extremely high dislocation density. The laths are in
immediate contact with each other and are of the
order of 0.5 to 0.7 . wide. The bainitic regions illus-
trated in the optical micrograph have attained widths
of 2 to 4 u and consequently are composed of a num-
ber of these substructural units. Occasional carbides
are apparent in Figure 3d and presumably have pre-
cipitated from carbon enriched austenite trapped
between the laths. These same lath-like structures
characterize upper bainite in 2340 in spite of the fact
that Widmanstitten ferrite was not observed in this
steel when transformed above B,. As suggested by
Aaronson20.2¢ these lath-like structures evolve as a
result of sympathetic nucleation ; however, the reason
why this process suddenly becomes operative at the
B, temperature is in need of clarification.

In spite of the striking difference in structure be-
tween Widmanstiitten ferrite and upper bainite, the
possibility exists that both structures may have
formed initially in much the same way. For example,
normal recovery processes may have annihilated a
lath structure created during the initial formation of
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Widmanstitten ferrite. To check this, bainite was
produced in 5140 at 530 C (990 F) and then up-
quenched to 565 C (1050 F) for the time allotted
formation of Widmanstitten ferrite at this tem-
perature, The resulting structure (Figure 5) indi-
cates that the lath interfaces are relatively immobile
at 565 C (1050 F) and that the high dislocation
density of the bainite laths has not been reduced sig-
nificantly by the subsequent annealing treatment. It
is concluded that Widmanstitten ferrite did not
originally form as an aggregate from which the sub-
structure was lost by an annealing process. Clearly,
significant structural differences distinguish Wid-
manstitten ferrite from upper bainite. Thus, a By
temperature can be defined in structural terms which
agrees well with that determined kinetically.* The
surface relief associated with acicular ferrite ap-
parently reflects simply a partially coherent interface
and does not signify that acicular ferrite and bainite
form by the same mechanism.

Role of Structure in the Growth
of Upper Bainite

The fine structure and morphology of Widmanstitten
ferrite are consistent with that expected for inter-
face or diffusion controlled growth. This also would
apply to the growth of upper bainite if the substruc-
ture units simply develop at or behind a unique inter-
face. However, detailed comparison of optical and
transmission micrographs suggests that bainites de-
velop by the repeated nucleation of the substructural
units.

An optical micrograph of 5140 reacted for 10 sec-
onds at 540 C (1000 F') is compared with a transmis-
sion micrograph of a sample fully transformed at
550 C (1020 F) in Figure 6. Each of the bainitic
needles in the optical micrograph consists of several
subunits which are less than one micron wide and
of the order of 10 microns long. A one to one cor-
respondence between the substructure in the trans-
mission micrograph and the elementary growth units
indicated by arrows in the optical micrograph ap-
pears to exist. The separation between the units in
the optical micrograph indicates that they develop
separately rather than arising behind a continuous
interface. Growth of upper bainite in this steel is best
described by the condition visualized in Figure 1b.

The critical question concerns the rate at which
these units increase in length. Unfortunately, hot

* The 1040 steel reacted too rapidly to permit the heat
treating techniques employed in this study to be used at
temperatures near the nose. The structure of upper
bainite produced at 480 C (900 F') and below was identi-
cal with that observed in 5140 and 2340. Since Widman-
stdtten ferrite forms in this steel at 575 C (1070 F)
(Figure 2) a B temperature, as defined by the structural
transition, exists and is below 575 C (1070 F).

stage microscopy has not answered this question un-
equivocally. Upper bainite exhibits multiple relief
(Figure 7) and the several units in a given group
do not advance at precisely the same rate.l® This ap-
parently discontinuous growth is consistent with the
optical and transmission micrographs which indicate
that the individual units do not grow continuously
but achieve limited lengths in the range of 10 to 15 .
One way in which this happens is indicated rather
clearly in the optical micrograph of Figure 6. As in-
dicated by the arrows, individual laths have nucleated
at the side of the others and have propagated well in
advance of the main group before their growth has
been terminated.

The diffusion models for growth of bainite pre-
sumably refer to propagation of the individual
subunits in the bainitic aggregate; however, the
apparently discontinuous rather than continuous

L

FIGURE 6. Comparative micrographs of 5140 steel

a. transmission micrograph of structure after 4-hr
transformation at 550 C (1020 F'). 10,000 X

b. optical micrograph of structure after 10-sec trans-
formation at 540 C (1000 F'). 1500 X




growth is highly significant. We conclude that upper
bainite needles develop by the repeated nucleation of
a more basic unit which propagates to a limited size
at a high but presently unknown rate. On this basis,
hot stage microscopy measures primarily the rate at
which these units nucleate. Since the growth rates
predicted by the diffusion model are approximately
one order of magnitude higher than observed growth
rates even in high purity iron—carbon alloys,1? it is
conceivable that propagation of the individual laths
is diffusion limited as visualized in the models; how-
ever, discontinuous propagation and other observa-

FIGURE 7. Surface relief produced by transformation to
upper bainite at 400 C (750 F') of a 0.1% C—9% Ni steel.
460 X

a. transformation time 49 min

b. transformation time 56 min
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tions to be considered shortly appear to favor the
view that the individual laths develop at rates sub-
stantially higher than those permitted by the flux of
carbon in austenite.

Other Variants of Upper Bainite

Upper bainite in the M and S steels was characterized
by the same lath arrangements described above,
however, transformation in the upper bainite range
does not always result in these lath-like arrange-
ments. For example, granular bainites have been con-
sidered by Habraken? and Shackleton and Kelly10

FIGURE 8. Upper bainite in 9N3 steel transformed at
405 C (760 F) for eight hours. 16,300 X

FIGURE 9. Textured bainite structure in S steel trans-
formed at 480 C (900 F) for six minutes. 27,700 X
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FIGURE 10. Lower bainite plate and martensite matrix in M steel transformed at 270 C (520 F') for 30 min. The plate
has one straight edge and is subdivided into a number of smaller particles, indicated by arrows, which contain a fine dis-
location structure. 16,900 X

FIGURE 11. Lower bainite structures

a. M steel transformed at 270 C (520 F'). 40,000 X
b. M steel transformed at 345 C (650 F'). 5000 X
c. 9N5 steel transformed at 260 C (500 F'). 1000 X



have observed structures consisting of massive re-
gions of ferrite with embedded carbides. A similar
massive form of upper bainite occurred in the 9% Ni
steels (Figure 8) at the complete exclusion of the
lath-like structures and massive structures also were
observed at higher temperatures in the S steel (Fig-
ure 9) where their formation competed with that of
the classical upper bainites (Figure 15).

The formation of both massive and lath-like struec-
tures in the S steel suggests that these constituents
result from competitive modes of austenite decom-
position. Presumably, the rates of these reactions are
influenced differently by various solutes so that con-
trol over composition and heat treatment parameters
may provide considerable latitude in the development
of controlled microstructures exhibiting optimum
mechanical properties.

Lower Bainite

The higher carbon M, S, and 9N5 steels were em-
ployed to study the structure of lower bainite. In these
higher carbon materials, martensite and bainite can
be distinguished in transmission micrographs so that
it was possible to examine the structures at quite
early stages of transformation. A typical lower
bainite plate is illustrated in Figure 10 and the tip
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FIGURE 12. Lower bainite in M steel transformed at
270 C (520 F) for 30 min

a. electron micrograph. 40,700 X

b. selected area diffraction from (a). reflections pri-
marily from [113]a zone and carbide precipitates

c. precision dark field illumination of (a) using cir-
cled precipitate reflection. bright contrast reveals
carbides at substructure boundaries and within
these particles

of another plate is shown in Figure 11a. As is evident
in Figure 11, the entire bainitic region in the trans-
mission micrographs corresponds to one plate as ob-
served with the optical microscope as has been con-
firmed by numerous measurements of the widths of
lower bainite plates in similar optical, replica and
transmission micrographs. The now well known
structure of lower bainite consisting of numerous
carbides oriented at a characteristic angle to the
growth direction is quite apparent—particularly in
Figure 11. Precision dark field techniques using a
carbide reflection were employed to confirm that the
markings were indeed carbides with the positive re-
sult presented in Figure 12.

Although the substructure units in lower bainite
appear to be very similar to the laths that charac-
terize upper bainite, stereographic analysis of many
lower bainite plates has demonstrated that they are
not identical. Specifically, the trace of the laths in
upper bainite consistently falls upon the trace of
(110) « planes whereas the units in lower bainite do
not consistently parallel the trace of any one crystal-
lographic plane in the ferritic phase. It has not yet
been possible to determine the crystallographic fea-
tures of these lower bainite plates.

The similarity between lower bainite and high
carbon martensite has been noted by many investi-
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FIGURE 13. Lower bainite structure in M steel trans-
formed at 270 C (520 F') for 30 min

a. fine dislocation structure taken from Area A, Fig-
ure 10. 117,000 X

b. selected area diffraction from (a). reflections from
[111] &« zone

gators. Generally, it has been inferred from this that
lower bainite initially forms with an internally
twinned structure and that carbides precipitate at
the twin boundaries. However, none of the previous
investigators have reported that twins are observed
in lower bainite.®7.10 A careful search for internal
twins in lower bainite formed in the M, S and 9N5
steels also was unsuccessful. Although the twins in
martensite gradually anneal out during tempering,
the time and temperature conditions for this27 are
considerably more severe than those required for the
early stages of bainite formation examined in this
study. Therefore, it appears that growth of lower
bainite does not involve a stage in which an internally
twinned product develops. This, nevertheless, does
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FIGURE 14. Comparison of calculated and observed
growth rates of Widmanstéatten ferrite and bainite

not exclude a close structural connection with mar-
tensites. Figure 13, which is an enlargement of
region A in Figure 10, reveals a dislocation network
similar to that which replaces the internal twins in
many martensitic structures.28

The general features that characterized lower
bainite in the M steel also were observed in the 9% Ni
and S steels. More complicated structures also were
observed but will not be considered further here in
spite of their obvious implications with regard to the
mechanical behavior of heat treated steels.

Structure and Growth of Lower Bainite

Growth rates of bainite in the M and 9% Ni steels
are compared with those calculated from the carbon
diffusion model in Figure 14. The range of isothermal
growth rates observed experimentally, represented
in Figure 14 by bars around each datum point, is
quite large and amounts to a factor between two and
five. This large variation in isothermal growth rates



also has been observed in other studies2-14¢ and is
less difficult to understand if growth occurs by re-
peated nucleation.

The diffusion model predicts the temperature de-
pendence of the growth rate in a generally satisfac-
tory way; however, in these alloy steels observed
growth rates are lower than expected by several
orders of magnitude. The structural transition be-
tween upper and lower bainite occurs at about 345 C
(650 F') in all of these steels and Figure 14 suggests
that the temperature dependence of the growth rate
changes more rapidly in this temperature range than
expected from diffusion controlled growth.

It is extremely difficult to establish whether the
structural difference between upper and lower bainite
is responsible for the relatively minor kinetic dif-
ferences between these constituents, Attention will
be directed first to the question of whether lower
bainite also forms by repeated nucleation of a more
basic unit. Figure 11 compares optical, replica and
transmission micrographs of lower bainite. Sub-
structural units are indicated in Figure 11b by
arrows and comparison of the three micrographs
provides a striking illustration of the concept2é that
lower bainite plates increase in width from only one
side. These units are oriented at an angle to the major
growth direction (as in Figure 1c), and all of the
subunits exhibit nearly the same width. While
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growth of lower bainite by repeated nucleation of
subunits cannot be proven conclusively at this time,
the orientation of the subunits and the uniformity
of their widths strongly favor this view over one
based on propagation of a continuous interface.

Even in the absence of direct measurements of the
rates at which the substructure units either nucleate
or propagate, the high and uniform density of car-
bides over the entire plate suggests that carbides
precipitate from supersaturated ferrite. This can be
most easily understood if the individual growth steps
occur rapidly without partition of carbon to aus-
tenite. Lower bainite plates thicken at a rate low
compared to that at which they increase in length 12,13
so that the uniform distribution of carbides implies
further that thickening also occurs in short discrete
steps resulting in a supersaturated ferrite from
which carbides subsequently precipitate.®

* The alternative to this is that lower bainite plates
lengthen at a rate controlled by diffusion of carbon in
austenite and thicken by a different mechanism involving
either the cooperative and simultaneous growth of ferrite
and cementite into austenite or alternatively the diffusion
of carbon from austenite through ferrite to internally
precipitated carbides.”® The fine structure and the uni-
form distribution of carbides lead us to prefer the dis-
continuous growth concept.

FIGURE 15. Upper bainite structure in S steel trans-
formed at 480 C (900 F') for six minutes

a. lath upper bainite. 21,000 X

b. selected area diffraction from (a). most reflections
are from [111]a zone but [110]y zone reflections are
also present

c. precision dark field illumination of (a) from circled
(111)y reflection. bright contrast shows retained
austenite between laths
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Origin of Carbides in Upper
and Lower Bainite

Whether the carbides in upper and lower bainite pre-
cipitate from supersaturated ferrite or from carbon
enriched austenite is fundamental to the bainite
problem and deserves further consideration. There
can be no doubt that much of the carbides in upper
bainite form from enriched austenite trapped be-
tween ferrite laths. It is less clear, however, that all
of the carbide in upper bainite arises in this fashion
and the uniform density of carbide in lower bainite
points strongly to precipitation exclusively from
supersaturated ferrite. The crystallographic rela-
tionship between the ferrite and carbide also indi-
cates extensive precipitation from enriched austenite
for upper bainite and from supersaturated ferrite for
lower bainite8 19 and Pickering will report further
on these studies at this symposium.

The rate at which carbon precipitates from super-
saturated ferrite is of decisive importance in exam-
ining this issue.3? Even if bainite develops in short,
incremental steps which occur at high velocity,*
subsequent partition of carbon between ferrite and
austenite should occur to establish metastable equi-
librium between these phases at the immobile inter-
faces where they are in contact. The magnitude of
this partition will be determined largely by the rate
at which carbide precipitates within the ferritic
phase. If this rate is low, substantial partition will
occur and if it is high, virtually none.

It is well established in the tempering of marten-
site3! that e carbide precipitates extremely rapidly
from supersaturated ferrite and that e is subse-
quently replaced by cementite. As in other precipita-
tion systems, this indicates that precipitation of €
and precipitation of cementite are competing proc-
esses which occur at significantly different rates. It
is expected that both reactions would exhibit the
customary maximum rate as a function of tempera-
ture and the metastable nature of e suggests that an
upper temperature for its formation should exist.
Silicon retards significantly the rate of precipitation
of cementite from ferrite but exerts virtually no
effect on that of €.32 Thus, the transformation be-
havior of silicon steels provides unique insight re-
garding the formation of supersaturated ferrite
during transformation to bainite.30

Lower Bainite

Transmission micrographs of upper and lower bai-
nite in the silicon steel are presented in Figures 15

* The rates need only be high relative to that permitted
by diffusion of carbon in austenite and need not be at
near sonic velocities. If the propagation rate is not ex-
ceptionally high then some partition of carbon to aus-
tenite may be expected to occur as the unit develops.

to 17. Although minor differences exist, the struec-
tures of both constituents are similar to their coun-
terparts in the low-silicon steels, The most important
difference between the silicon and non-silicon steels
concerns the large amount of retained austenite as-
sociated with upper bainite in the silicon steel. This
retained austenite is revealed clearly by the preci-
sion dark field micrograph in Figure 15¢, and also in
the electron diffraction patterns obtained from the
austenitic region in Figure 16. Confirming an earlier
X-ray diffraction study3° there were no carbides as-
sociated with upper bainite in this steel. All of the
carbon was dissolved in ferrite and carbon enriched
austenite.

Transformation to lower bainite was not accom-
panied by retention of detectable amounts of en-
riched austenite. Rather, as in the other steels, car-
bides (in this case €) were precipitated uniformly
throughout the ferritic matrix as indicated by the
precision dark field micrograph in Figure 18. So far
as is known, e has never been observed to precipitate
from austenite. Thus, the uniform density of e parti-
cles in this steel provides unequivocal evidence that
lower bainite formed initially as a highly super-
saturated ferrite.

When samples of the silicon steel, fully trans-
formed to lower bainite, are tempered at higher tem-
peratures, cementite replaces € and this process is
accompanied by a large contraction in volume.3° By
comparing these volume changes with those that
occur in the tempering of martensite, Deliry33 has
demonstrated that the amount of e carbide in lower
bainite corresponds to the total carbon content of the
steel and concludes that lower bainite initially forms
as a supersaturated ferrite which inherits the bulk
carbon content of the original austenite. Combina-
tion of the structural observations (Figures 17 and
18) with the X-ray,30 crystallographic8 10 and dila-
tometric30.33 data leaves little room to doubt that
lower bainite initially inherits virtually, if not the
entire, carbon content of the austenite. Thus, the
slow apparent growth of lower bainite can be most
readily understood if lower bainite actually forms by
the rapid and discontinuous growth envisioned here.

These same conclusions apply to lower bainite in
the low-silicon steels in spite of the difficulty in ob-
serving e carbide in these materials. The carbide
distribution in these steels (Figure 12) results from
precipitation out of supersaturated ferrite and the
fact that these carbides generally have been reported
to be cementitel® reflects simply the high rate at
which tempering occurs in the absence of silicon.3?

Upper Bainite

The large amount of enriched austenite associated
with upper bainite in the silicon steel is entirely con-
sistent with the concept that growth of upper bainite



FIGURE 16. Bainite structure with retained austenite in
S steel transformed at 400 C (750 F') for 20 min

a. aggregates of bainite laths separated by retained
austenite. 17,000 X

b. selected area diffraction from Area A in (a). reflec-
tions from retained austenite [110]y zone

c. selected area diffraction from bainite of Area B in
(a). reflections from [111]a zone. present laths lie
along traces of coincident (101) « and (111) y planes
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FIGURE 17. Aggregate lower bainite in S steel trans-
formed at 275 C (525 F') for 17 hr. 21,200 X

is paced by the diffusion of carbon in austenite away
from the tip of a ferrite needle. However, the exist-
ence of this enriched austenite may be highly mis-
leading so far as the reaction mechanism is con-
cerned. Specifically, it is proposed that, as with
metastable phases in other systems, e will not pre-
cipitate from supersaturated ferrite above some
critical temperature which appears to be near 350 C
(660 F'). The ability of silicon to retard the precipi-
tation of cementite from supersaturated ferrite then
permits carbon to partition to the austenite.

The extent to which carbon partitions to austen-
ite at an immobile austenite/supersaturated ferrite
boundary should be determined in part by the rate at
which cementite precipitates within the ferritic
phase. In silicon steels this rate is very low* which
allows the virtually complete partition observed here.
In the absence of silicon (or other elements such as
aluminum that have the same ability) part of the
cementite should precipitate within the individual
ferrite laths if these initially form at a high velocity
resulting in supersaturated ferrite. A transmission
micrograph of upper bainite formed in 1040 is pre-
sented in Figure 19. A relatively high density of

* However, it is the ability of silicon to retard precipita-
tion of cementite from austenite that makes it possible to
observe the large amount of carbon enriched austenite
associated with upper bainite in the steel.
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carbide particles precipitated within the laths is
clearly evident. Although there is no question that a
major portion of the carbide in upper bainite pre-
cipitates from enriched austenite, it is felt that this
enriched austenite arises largely after the laths have
formed and as a result of carbon equilibrating be-
tween ferrite and austenite at a now immobile inter-
face. In spite of the lack of direct, positive evidence
for limited, rapid growth, it seems most likely that
the substructural units in both upper and lower
bainite form initially with supersaturation well
above that permitted by metastable equilibrium with
austenite during diffusion controlled growth. It is
hoped that emission microscopy or other techniques
with higher resolving power than the hot stage micro-
scope will eventually provide conclusive evidence re-
garding the mechanism by which bainites grow.

Growth Mechanisms

The complexity of bainitic structures and the lack
of more detailed information on substructure devel-
opment preclude a complete analysis of bainite for-
mation at the present time. Nevertheless, some quali-
tative considerations deserve discussion.

FIGURE 18, Lower bainite structure in S steel trans-
formed at 275 C (525 F') for 17 hr

a. electron micrograph. 36,000 X

b. selected area diffraction from (a). reflections from
[111]« zone and precipitates

e. dark field illumination using circled precipitate
reflections near (110)a. precipitates are the fine
structure shown in bright contrast

FIGURE 19. Upper bainite containing internal carbides
in 1040 steel transformed at 435 C (815 F') for ten min-
utes. 27,700 X
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b

FIGURE 20. Lower bainite structure in 9N5 steel transformed at 270 C (5620 F') for nine hours

a. electron micrograph. 19,000 X

b. selected area diffraction from (a). reflections from
[111]« and [115]« zones. diffraction pattern should
be rotated clockwise 14.5° to coincide with (a)

The concept that bainite ‘“grows” by repeated
nucleation of some substructural unit that propa-
gates rapidly to a limited size focuses attention on
these substructural units. If this picture is correct,
it will be necessary to understand what limits the
size attained by a particular unit, how rapidly it
attains this size and what determines the rate at
which the units continue to nucleate. Neither these
nor other equally important questions can presently
be answered; however, as has been suggested fre-
quently in the past11.3¢ the development of bainitic
structures appears to be intimately connected with
relaxation of stresses associated with the volume
and/or shape change of the transformation.

The structural transition between Widmanstiitten
ferrite and upper bainite may provide an important
clue in the eventual resolution of these issues. Spe-
cifically, the lack of significant substructure in Wid-
manstiitten ferrite may signify that these stresses
are accommodated by short range mass transport;
whereas, the high dislocation density and substruc-

c. dark field illumination from (110)0: reflection,
[115]a zone

d. dark field illumination from (101)« reflection,
[111]a zone. reversal of contrast in (¢) and (d)
shows plates alternate in orientation

ture of bainite suggest accommodation of transfor-
mation strain by slip in the parent and/or product
phases. As with martensites, the shape strain can be
minimized if adjacent subunits undergo self ac-
commodating shears permitted by different variants
of the martensite crystallography. Evidence that this
occurs in the formation of upper bainite is provided
by the alternating contrast between adjacent laths in
Figure 4b, However, such alternating contrast is not
observed with the regularity that one would desire.
Figure 20 indicates that a similar situation some-
times prevails in the formation of lower bainite and
these effects should be of importance in the applica-
tion of the crystallographic theories to bainite and
martensite formation. It is proposed that modifica-
tions in the processes whereby these strains are ac-
commodated and relaxed are responsible for the
transition from upper to lower bainite and this con-
cept will be discussed more fully elsewhere.
According to these concepts, the limited size at-
tained by the subunits in bainite is dictated by strain
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accumulation in the austenite and the rate at which
these units continue to nucleate is controlled by re-
laxation of these strains. The ideas expressed here
are not new. For example, Ko and Cottrell!! sug-
gested that carbide precipitation from supersatu-
rated ferrite controlled the growth rate of lower
bainite. While this may be one of the factors, other
relaxation processes also should contribute. Perhaps,
the pronounced influence of alloying elements on the
growth rate of bainite (Figure 14) results from the
ability of these elements to strengthen austenite and
ferrite and to lower the rate of various relaxation
processes in each of these phases.

SUMMARY AND CONCLUSIONS

Transmission electron microscopy has been used to
demonstrate that, structurally, Widmanstitten fer-
rite, upper bainite and lower bainite do not form a
continuous series of decomposition products. Wid-
manstitten ferrite forms as single crystals with a
low and random dislocation density; whereas, upper
bainite exhibits a lath-like substructure with a high
dislocation density. This structural transition occurs
discontinuously at the B, temperature as determined
from kinetic measurements. A further change in fine
structure of bainite occurs at a temperature near
350 C (660 F) and characterizes the transition from
upper to lower bainite.

Diffusion controlled growth models are based on
the concept that the elementary growth unit
(whether this be the gross bainite plate observed by
optical microscopy or one of the substructural units
observed in transmission microscopy) advances con-
tinuously at a rate coupled to the removal of carbon
into the surrounding austenite. Comparison of opti-

cal and electron micrographs provides indirect evi-
dence that bainite does not form in this fashion.
Rather, it is proposed that both upper and lower
bainite increase in size by the repeated nucleation of
substructural units which propagate rapidly to a
limited size. Growth rates measured by hot stage
microscopy thus are determined by the rate at which
these substructural units nucleate.

It is concluded that both upper and lower bainite
form initially with substantial supersaturation. The
rate at which carbon precipitates from this super-
saturated ferrite is responsible for the difference be-
tween upper and lower bainite. Rapid precipitation
of e carbide in lower bainite prevents significant
carbon enrichment of austenite; whereas, delayed
precipitation of cementite from upper bainite per-
mits substantial partition of carbon to austenite
trapped between ferritic laths. Cementite may sub-
sequently precipitate from this enriched austenite,
however, its presence is not required as a criterion
defining bainite as in silicon steels.

Growth by repeated nucleation of particles which
rapidly attain a limited size focuses attention on
these substructural units. The quite old concept that
bainitic growth is intimately connected with relaxa-
tion of transformation strain is reaffirmed but an
analytical treatment has not been accomplished.
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ORAL DISCUSSION OF

Structure and Growth of Widmanstatten Ferrite and Bainite

G. R. SRINIVASAN (Cornell University). The findings of
Oblak and Hehemann on the structure of lower bainite
are in general agreement with those of our thin foil
studies carried out at the University of Illinois. Some of
the results of these studies were reported by Professor
C. M. Wayman and myself at the Chicago AIME meeting
last fall.

These studies made on a ferrous alloy containing
1.11% C + 7.9% Cr indicate that lower bainite exhibits
the basic characteristics of a shear transformation.
Measurement of the crystallographic parameters of the
transformation shows that these are consistent with the
phenomenological theories of martensite transformation.
There are, however, some significant differences in the
shear modes between the martensite and lower bainite
transformations in the same alloy. The two differ in their
habit planes, shape deformation and in their lattice in-
variant deformation. As Professor Hehemann pointed
out, lower bainite formation, unlike the formation of
martensite, does not seem to be associated with internal
twinning,. This is consistent with the observation of Shimi-

Presented by R. F. HEHEMANN

zu, Ko and Nishiyama* and of Shackleton and Kelly.**
Furthermore, our studies show that lower bainite in this
alloy is consistent with a double shear on the bece slip
planes along the common slip direction. We believe that
on the basis of these studies lower bainite cannot be
equated to autotempered martensite.

Structurally, the lower bainite in our alloy seems to
form in a similar fashion to that reported by Professor
Hehemann. The bainite forms as a plate as shown in the
composite micrograph of Figure A. Figure B shows that
the plate has a straight planar side from which the
growth seems to take place. This immobile side of the
plate corresponds to the habit plane of the theories.

The internal structure of this bainite consists of car-
of the plate. There are also some cementite platelets at
bide particles precipitated on striations along the length
a characteristic angle of 56 to 60° to the growth direc-

*K. Shimizu, T. Ko and Z. Nishiyama, Trans. Japan Inst. Met., 5.
"%%ﬁbé.lggia)cklebon and P. M. Kelly, “Morphology of Bainite,” Physi-

cal Properties of Martensite and Bainite, Special Report 93, The
Iron and Steel Institute (London), 1965, 126
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FIGURE A. Two-surface composite micrograph of lower
bainite in an Fe-7.9 Cr-1.1C alloy

FIGURE B. Lower bainite plates in surface relief; oblique
illumination

—0.5p——]
FIGURE C. Transmission electron micrograph of lower
bainite showing the types and distribution of carbides

tion. These platelets exhibit the standard orientation
relationship with the bainitic ferrite. This carbide strue-
ture is shown in Figure C. Unlike the lower bainite in
Oblak and Hehemann’s alloys, the bainite plate in our
alloy does not show any subunits of ferrite or multiple
relief.

It is interesting to note that no upper bainite forms
in this alloy. Instead, in the temperature range usually
associated with upper bainite, austenite decomposes into
plates of ferrite and carbide. The lower bainite does not
form until the temperature is lowered to below 300 C
(570 F). These observations can be explained on the
basis of the carbon enrichment models of upper bainite
formation. It is also our belief that upper bainite and
lower bainite are different products of austenite decom-
position differing in morphology, kinetics, crystallogra-
phy, and perhaps transformation mechanism.

AUTHOR’S REPLY. The multiple relief exhibited in our
Figure 7 represented upper bainite. We also see single
relief for lower bainite just as you have seen.

G. R. SRINIVASAN. The point I was making was that we
did not see any subgrowth units in our bainite. The elec-
tron diffraction patterns taken over the entire bainite
plate showed single bcc orientation. This seems to be
the difference between our observations on the two alloys.

AUTHOR’S REPLY. The absence of subgrowth units in
lower bainite in the high chromium steel studied by Dr.
Srinivasan emphasizes further the effects of composi-
tion on structure and morphology of bainite. In spite of
the subgrowth units in the bainites we have examined,




electron diffraction patterns exhibit a single bec orien-
tation for the entire plate. This agrees with the results
of Dr. Srinivasan. Evidently, as in upper bainite, there
are only slight misorientations between the subgrowth
units.

S. V. RADCLIFFE (Case Institute of Technology). Several
years ago, Kaufman, Cohen, and myself attempted to
develop a general model to account for the transforma-
tions from austenite to bainite and Widmanstitten fer-
rite. Although the model seemed satisfactory, it is clear
from Professor Hehemann’s observations that our as-
sumption of carbon-diffusion dominated processes may
have to be altered. I have not yet talked about this with
Professor Cohen and he may have some reservations.

M. CoHEN (Massachusetts Institute of Technology). I'm
neutral.

S. V. RADCLIFFE. It seems clear that in the lower bainite
phase, the additional feature of ferrite nucleation now
must be taken into account. On the other hand, I do
not believe Professor Hehemann is completely justified
in feeling that this may become the rate controlling fac-
tor instead of carbon diffusion. What is now needed is
a general model which incorporates the new facts which
have been reported and takes into account both ferrite
nucleation and carbon diffusion, which, in a sense, may
be intercontrolling.

Some support of Professor Hehemann’s remarks on
the constancy of the temperature “boundary” between
the upper and lower bainite ranges is provided by results
reported recently.f Figure D shows the effects on the
martensite transformation in Fe-C alloys of altering
the temperature at which martensite is allowed to form
by imposing high pressure. The upper two lines show
the shift in the M, temperature with increase in pressure
from atmospheric pressures to 40 kilobars. The corres-
ponding microstructures (defined from transmission
electron microscopy studies) are indicated by the lower
band which shows that the composition of the transition
from the lath martensite to internally twinned marten-
site is lowered at the high pressure. At one atmosphere,
the transition takes place in the region of 0.4 w/o C,
whereas at the high pressure internally twinned marten-
site occurs as low as 0.1 w/o C. However, the more
interesting fact for the present discussion is that the
corresponding M, for this structural transition is about
300/350 C (570/660 F) at 40 kilobars and 350 C (660 F)
at one atmosphere. Thus, the constant temperature
“boundary” that Professor Hehemann referred to in
connection with upper and lower bainite also appears
to correspond to a temperature which relates to a change
in the martensitic structure.

AuTHOR’S REPLY. We appreciate very much the com-
ments of Professor Radcliffe. The influence of pressure
on the structure of martensite appears to emphasize
further the structural connection between lath mar-
tensite and upper bainite and that between twinned
martensite and lower bainite. It is, however, somewhat
disturbing that internal twins have thus far escaped

fR. F. Vyhnal and S. V. Radcliffe, Acta Met., in press
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FIGURE D. Schematic representation of electron micro-
structures observed at atmospheric pressure and 40 kilobars.
Also included is the effect of pressure and composition on M,
of iron—carbon alloys

detection in lower bainite. This point requires further
experimental study and clarification.

The question of the rate controlling factor in the
growth of bainite is particularly complex. We wish to
emphasize again our concern regarding the role of sub-
structure in the growth of both upper and lower bainite.
Many of the hot-stage growth measurements appear to
refer to a rate at which these units nucleate, and further
work employing more sensitive techniques will be re-
quired to resolve the factors controlling the growth
process.

T. G. NILAN (United States Steel Corporation). I would
like to comment upon Dr. Aaronson’s discussion.* Would
you expect the T, curve to be altered if we were to
consider, rather than bulk thermodynamic properties
of the materials, something more pertinent to the inter-
face, i.e., on the scale of atomic dimensions?

H. I. AARONSON. The assumption that macroscopic ther-
modynamics is applicable to processes taking place on
an atomic scale is usually regarded as acceptable when
the number of atoms involved is large. This condition is
normally fulfilled during growth. The use of conven-
tional thermodynamics in the context of nucleation

*See following written discussion from K. R. Kinsman and H. I.
Aaronson
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theory, on the other hand, represents a much more com-
plex problem. Even if the considerable progress which
has been made in resolving this problem should prove
unacceptable to the discusser, the macroscopic T, tem-
perature will surely prevent growth without a change in
composition from taking place, and will thus make such
a mode of transformation experimentally undetectable.

A. J. McEviLY (Ford Motor Company). I would like to
ask Professor Hehemann a question. In a very low
carbon steel, what would be the distinction, if any,
between Widmanstitten ferrite and upper bainite? Is
it possible that both form by the same mechanism, with
the lower dislocation content of the Widmanstatten fer-
rite simply reflecting the fact that the transformation
occurs in austenite of relatively weaker strength be-

cause of the higher transformation temperatures in-
volved?

AUTHOR’S REPLY. As suggested by Dr. McEvily, the
distinction between upper bainite and Widmanstédtten
ferrite may arise simply from an increased dislocation
density in upper bainite produced by the increased re-
sistance to deformation as the reaction temperature is
lowered. However, this leaves unanswered the question
of why the sheaf structure of upper bainite arises dis-
continuously at the B, temperature. This occurs even
when ferrite does not adopt a Widmanstétten morphol-
ogy at temperatures above B, as in the 2340 steel. The
development of these sheaf structures appears to be
intimately connected with accommodation of transforma-
tion strain.

WRITTEN DISCUSSION

K.R.KINSMAN AND H. I. AARONSON (Ford Motor Company).
The authors consider that both upper and lower bainite
are composed of sheaves of individual ferrite plates or “sub-
units”. Although there are a number of differences in detail
between the two forms of bainite, the authors urge a central
theme common to both. This theme is that the subunits
grow at rates substantially higher than those which would
be permitted if growth were controlled by the diffusion of
carbon in austenite under the condition that the ferrite and
austenite in contact with the advancing austenite: ferrite
boundaries had the compositions corresponding to the extra-
polated a/a + v and y/a + v (Aeg) curves, respectively,
at the reaction temperature. It follows directly from this
mechanism that the ferritic component of bainite is sub-
stantially supersaturated in carbon with respect to the
a/a + v curve. Also on this basis, the rates of lengthening
and of thickening of bainite sheaves measured with the
presently available technique of low-resolution hot stage
(optical) microscopy reflect primarily the rate of sympa-
thetic nuclea‘cion,1 rather than the rate of growth of the
component subunits.

The purpose of this discussion is to present a thermody-
namic analysis of the authors’ mechanism, with particular
attention being paid to the application of this mechanism
to upper bainite. The quantitative experimental data pres-
ently available are insufficient to allow a decision to be
made as to the thermodynamie plausibility of their mecha-
nism on the basis of this analysis. It is hoped, however, that
the analysis will be of assistance in the design of future
experimental studies of the growth mechanisms of bainite.
The formation of the first subunit of a sheaf by the Oblak-
Hehemann mechanism will be shown to be thermodynam-
ically feasible in the alloys which they employed. Kinetic
considerations will then be invoked to demonstrate that
the formation of subsequent subunits results in the develop-
ment of a thermodynamic barrier which can eventually
seriously inhibit growth of the subunits by this mechanism.
We shall conclude by giving a brief summary of our views
on the mechanism of formation of bainite sheaves and a
description of a critical growth kinetics experiment which
should allow unequivocal distinction between the two
mechanisms. Since this experiment will be quite difficult to
perform, however, it seems desirable at this juncture to

examine the possibilities for differentiation offered by the
thermodynamic type of analysis.

Determining whether or not the first subunit of a bainite
sheaf can form with essentially the same carbon content as
the parent austenite in a given alloy requires that the posi-
tion of the Ty temperature (at which stress-free austenite
and ferrite of the same composition are in metastable
equilibrium)2 relative to the bainite range be established.
This has already been done for iron—carbon alloys as a
function of carbon content, using high-purity materials to
determine the upper temperature limit of the bainite range
(the By temperature) and several different methods to cal-
culate the Ty temperature.3 It was found that sheaves of
bainite form in an increasingly wide range of temperatures
above Ty as the carbon content exceeds that of the eutectoid.
These bainite structures have a similar appearance to those
formed in hypoeutectoid alloys,4 wherein the bainite
range does lie below the To-composition curve. This sug-
gests that in neither range of composition did the ferrite
inherit the full carbon content of the parent austenite. Inas-
much as the hypereutectoid bainites were not examined
with electron microscopy, however, this evidence may not
be considered decisive with respect to the present situation.
We accordingly consider the problem of calculating the To
temperature for some of the lower carbon, multi-component
alloys used by Oblak and Hehemann. This calculation has
been considered in some detail for Fe-C-X alloys.5 The
insufficiency of the data on the temperature-dependence
of the activity of carbon in austenite in such alloys was con-
sidered to restrict this calculation to a slight elaboration of
the simple method of Zene‘r.2 Comparison of the results
of the Zener method, as applied to iron—carbon alloys,
with those obtained from more accurate relationships in-
dicates, however, that the Zener To’s are somewhat high
at the carbon contents of interest here, and much too high
in hypereutectoid steels. We shall therefore convert one of
the more accurate iron—carbon relationships to Fe-C-X
usage, though perforce retaining the iron—carbon standard
state constants, in the hope that this procedure will yield
a net improvement in accuracy.

The best available treatment of the statistical thermo-
dynamics of interstitial solid solutions is that due to Lacher®
and Fowler and Guggenheim7 (termed LFG). To take



account of the effects of a substitutional alloying ele-
ment, this analysis has been combined with Zener's®
treatment of the separate effects of alloying elements upon
the magnetic and the non-magnetic components of the free
energy change accompanying the austenite—ferrite trans-
formation in pure iron, AF;:“ 5, Since the steels used by
Oblak and Hehemann contained appreciable percentages
of several alloying elements, this approach will be extended
to multi-component alloys by simply assuming that the

effects of these elements upon AF;‘:a are additive. The free

energy change associated with the formation of ferrite of
the same carbon and alloy contents as the parent austenite

(AF‘Y—'“) is thus written as:

y—a_ (6+1—-38x) _
(1) AF = RT{Bx In (—6 — 1330
&1 —x)ln[l —2Jy + (4Jy — 1)x — §]

2Jy(2x — 1)
+6xlnx —4(1 —x)In(1 — x)

+5(1 —2x)In(1 — 2x)} + x[A_H; — 10525
—(E +284)T —RTIn3] +
(1 — 0141291 (4Tarag; ~ 4Tnny)

—a|/T — 1002 y.AT
+AF a{ it Magi}]
(1a) 8 =[1—21+2Jy) x + (1 + 8Jy)x2!/2

(b) Jy=1—e ~WV/RT

(We note here that the first term in equation (1) was incor-
ctl itt 6x1 x@+1 - 3x) in equation (85) of

rectly written as xn(8_1+3x) q

reference (5).) In these relationships, R = gas constant,

T = absolute temperature, x = mole fraction of carbon in

austenite and in ferrite, Vv., = weighted average of the pair-

wise interaction energy of carbon atoms in the alloyed aus-

tenite, Kﬁg = partial molar heat of solution of carbon in

ferrite, E = standard state constant for ferrite and y =
mole fraction of substitutional alloying element in aus-
tenite or in ferrite (disregarding the presence of carbon).

AF;.:';{T - 100Yi-ATMagi = free energy change accom-
panying the y—a transformation in pure iron at tempera-
ture T — 100yi'ATMagi' ATMagiand ATNMi =displacement
in T, per atomic percent of thei’th substitutional alloying
element, at which AF;:'l is computed as a result of changes

produced in the magnetic and the non-magnetic components

of this free energy change, respectively. The summations

extend over the alloying elements present. An expanded

Table of AT\ M Values, and plots of w.,, vs y for various alloying

elements from which w, = Zy; Wo; may be computed, are
i

included in reference (5). Since this analysis proved unsatis-
factory for chromium, no calculations were made for the
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two steels containing appreciable amounts of this element;
the small chromium contents of the other alloys were dis-

regarded. The value of ATI: for iron—carbon alloys is pres-

ently much in dis.pute.s"12 Two values of A_H;, and their

corresponding values of E 8, representing the extrema of
the range over which these disagreements extend, are ac-
cordingly employed in these calculations.

At the T temperature, AF’Y_’a= 0. The value of x at
which this condition is fulfilled was determined as a function
of temperature. Most of the results obtained are plotted in
Figures E to H.

In the present context, it is also of interest to determine
the Aeg curves under the condition that no partition of
alloying element takes place between austenite and ferrite.
On the basis of electron probe studies conducted on simpler
alloys,ls it may be considered very likely that partition
was absent under the conditions of interest here. Calculation
was made on the basis of the LFG-type equationm of
reference,’ with summations introduced as in equation (1).
These results are also included in Figures E to H.

Oblak and Hehemann provided information on the By
temperature (which they here defined as the highest tem-
perature at which sheaves appear) for only two alloys.
In the 1040 (plain carbon) steel, it could only be said that
the B; temperature lies somewhere within the temperature
range indicated in Figure E. The T¢ temperature, as cal-

culated on both values of A—Hg, lies 50 to 75C (90 to 135F)
above the upper limit of this range. Figure F shows that
the By temperature is almost identical to the To tempera-
ture for AH, = 26160 cal/mole in the 2340 steel. If we as-
sume that the kinetic Bg temperature, which is defined on a

TTT-curve criterion,14 corresponds to the special micro-
structural B; defined by the authors, then some additional
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FIGURE E. Calculated no-partition Aeg curve and two
versions of calculated T curve for steels with alloy content
of the Oblak—Hehemann 1040 steel (0.22 w/o Si, 0.69 w/o
Mn). Vertical arrow indicates the carbon content of this
steel (0.43 w/o or x, = 0.0196). Horizontal arrows indicate
range within which Oblak and Hehemann established the
B temperature
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FIGURE F. Calculated no-partition Aeg curve and two ver-
sions of calculated Ty curve for steels with the alloy content
of the Oblak—Hehemann 2340 steel (0.31 w/o Si, 0.89 w/o
Mn, 3.34 w/o Ni). Vertical arrow indicates the carbon
content of this steel (0.40 w/o or xy = 0.0183). Horizontal
arrow indicates Bs temperature determined by Oblak and
Hehemann
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FIGURE G. Calculated no-partition Aeg curve and two
versions of calculated Ty curve for steels with the alloy
content of the Oblak—Hehemann 9N5 steel (0.36 w/o Si,
0.68 w/o Mn, 8.70 w/o Ni). Vertical arrow indicates the
carbon content of this steel (0.50 w/o or x, = 0.0228).
Horizontal arrow indicates kinetic B; temperature inter-
polated from TTT-diagrams of Sheehan et al'®
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FIGURE H. Calculated no-partition Aeg curve and two
versions of calculated Tgo curve for steels with the alloy
content of the Oblak—Hehemann S steel (2.00 w/o Si,
0.86 w/o Mn). Vertical arrow indicates the carbon content
of this steel (0.60 w/o or x, = 0.0268). Horizontal arrow
indicates kinetic Bg temperature from TTT-diagram by
Hultgren16 for a similar steel
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FIGURE I. Schematics of carbon distribution in ferrite and
in austenite at successively increasing times (t;) after
growth of a ferrite subunit has ceased

experimental data can be extracted from the literature.
From T'TT-curves published by Sheehan, Julienand Troiano*®
for iron—carbon—nickel alloys and by Hult;gfren16 for an
iron—carbon—silicon alloy of compositions bracketing or
similar to the 9N5 and S steels, respectively, the experi-
mental By temperatures for these alloys were entered on
Figures G and H. The agreement between the To and the
experimental By temperatures in Figures F to H is so good
that it might appear significant. We prefer to reserve judg-
ment, however, pointing to the divergence evident in Figure
E, and to the outright disagreement in hypereutectoid
iron—carbon alloys3 previously noted. In the sense of the
present discussion, however, it must be said that the micro-
structures with which the authors dealt lie below the To
temperature, and thus that the formation of the first subunit
of the sheaves in these alloys without change in composition
is thermodynamically possible.

Let us now consider the variation with time of the carbon
concentration gradients in ferrite and in austenite with the



assistance of the schematic concentration-penetration
curves of Figure I. On the basis of the authors’ mechanism,
the ferrite initially inherits all (or essentially all) of the
carbon content of the parent austenite, and the austenite:
ferrite boundary is assumed to be immobile for an appreci-
able time interval before another subunit is sympathetically
nucleated at the immobilized austenite:ferrite boundary.
At to (Figure Ia), growth of the first subunit has just
stopped, and the carbon contents of the bainitic ferrite and
the abutting austenite are identical. The metastable equi-
librium compositions x3 and x&” will be reached immedi-
ately afterwards at the austenite:ferrite boundary. (xf,’,'“ =
mole fraction of carbon in austenite at the austenite:ferrite
boundary corresponding to the no-partition Aeg, x%¥ = mole
fraction of carbon in ferrite at the austenite:ferrite boundary
given by the no-partition a/a + v curve and Xy = mole
fraction of carbon in austenite prior to transformation.)
As indicated in Figure Ib, the carbon then diffuses out of
the ferrite into the austenite. Since the diffusivity of carbon
in ferrite is much more rapid than in austenite, the rate of
decarburization of the ferrite should be controlled by the
diffusion of carbon in austenite until the concentration
gradients remaining in ferrite become very small. This
means that the composition xf{,' @ can be maintained as the
upper bound to carbon diffusion in austenite effectively
throughout the decarburization process. Since xf,’;“ is, of
course, higher than the carbon content corresponding to
the Ty curve (Figures E to H), formation of ferrite without
a composition change by nucleation at the immobilized
austenite:ferrite boundary is thermodynamically impossible
during this time interval.

Once decarburization is effectively complete, however,
the carbon content in austenite in contact with the bound-
ary will begin to fall, as in Figure Ic. Eventually, only an
imperceptible gradient of carbon will remain (Figure Id) if
sympathetic nucleation of the next subunit is sufficiently
long delayed. Growth of a new subunit without a change in
composition cannot take place until the carbon content in
austenite at the austenite:ferrite boundary has dropped
below that corresponding to Ty at the temperature of trans-
formation.

Quantitative evaluation of the possibility of accounting
for the kinetics of thickening on the Oblak—Hehemann
mechanism in the face of these restrictions divides naturally
into two steps. The first is to determine the time required
to decarburize the initially supersaturated ferrite, and thus
the time interval during which the carbon content in aus-
tenite at the boundary will be maintained at xf;'“. This is
given by: !

@ ) oy —x8 =[xy tsthas
(o]

where w = width of a subunit, x,{s, t} = mole fraction of
carbon in austenite as a function of distance, s, normal to
the austenite:ferrite boundary and of diffusion time, t . The
cut-off limit to be imposed upon s, termed s’, beyond which
enrichment of the austenite can be considered negligible,
is here defined as the value of s at which
X = Xy + 0.001 (x}* — x,).

The austenite:ferrite boundary is assumed to be planar,
since the broad faces of a subunit provide most of the inter-
facial area through which carbon can diffuse out into the
austenite; the length/thickness ratio is taken to be suffi-
ciently high so that loss of carbon through the edges of the
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subunit can be disregarded. On a standard solution to
Fick’s Second Law for diffusion initiated from a stationary
planar boundary, at which the composition is maintained
constant, and proceeding into a semi-infinite volume of
material:

(8) Xyfs, t} = xy + (xI* — x,) [1 — erf (s/2 VDt)]
where D = diffusivity of carbon in austenite at xf{“. Sub-
stituting into equation (2) and integrating,

@) § (xy —x&) = xJ%s' — (xJ* — x,)

[s' erf (s'/2 VDt) + 2 VDt/x (e ¥*/4Pt _ 1]
Inserting s’ = 4.654(Dt)% into this relationship and rear-
ranging, the time interval during which xJ® can be main-
tained at the boundary is:

5) t = TW? (Xy — XG7)?

) 4D(1.991 xza + 3.524 x,),)2

Only one thickening rate could be estimated from the
authors’ micrographs, and this, unfortunately, was in the
5140 steel, for which the To and Aeg curves could not be
calculated. Both of these curves, however, should be rea-
sonably well approximated by those for the 1040 steel
(Figure E). From the authors’ Figure 3d, this rate =~
7x10-% ecm/sec at 540C (1000F). Making the appropriate
substitutions in equation (5), t = 0.003 sec. Since the
average width of a subunit is 6 x 105 em, on the Oblak—
Hehemann mechanism the average interval of time elapsing
between the nucleation of successive subunits is about 10
sec. Decarburization of a ferrite subunit whose growth has
ceased is thus virtually instantaneous compared to the time
between successive nucleation events.

Once decarburization has been completed, x;,’ % will begin
to fall below its equilibrium value as the build-up of carbon
in front of the austenite:ferrite boundary begins to dissipate
into the surrounding austenite. We shall estimate the ki-
netics of decrease in x.'{“ on the basis of the assumption that
the concentration-penetration curve of carbon in austenite
at the instant decarburization of the ferrite is complete
has a rectangular form rather than the approximately right
triangular shape actually applicable. In the terminology
of Crank”, this is “an extended source of limited ex-
tent”. At the austenite:ferrite boundary, Crank’s relation-
ship, as rewritten for x, = 0, reduces to:

(6) (x7%) = (xJ® — x,) erf (h/2 VDt) + x,
where (xz“) = carbon concentration in austenite at the
boundary in the situation of Figure Ie, i.e., when Xy <
(x3%) <xJ% and h = width of the “extended source”.
Since s’ =1.8x10-5 em, we shall seth = 10-5 em in
order to make the areas under the assumed and the actual
concentration-penetration curves approximately equal.
With t = 10 see, (x'{' %) = 0.022. During the initial stage of
its growth, the next subunit formed must thus transform to
ferrite of the same composition as austenite whose carbon
content has been increased by 109 relative to xy. When
nine consecutive subunits have formed at this temperature,
the carbon content (immediately in contact with the ferrite)
which must be taken into solution in the growing ferrite, will
exceed that of the higher of the two T curves in Figure E.
Assuming that subunits form on both sides of the initial one, a
sheaf width of 1.1 x 10°3 em can be attained before a decrease
in the initial overall rate of thickening is required to make
further transformation by this mechanism thermodynami-
cally permissible. Carbide precipitation in austenite would
serve the same purpose. The use of a silicon steel, however,
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should avoid this complication. There is no evidence of a
limiting size for bainite sheaves, though the point does not
appear to have been specifically investigated. In order to
apply properly this test of the Oblak—Hehemann mecha-
nism, much more extensive data on the overall thickening
kinetics of sheaves and the width of subunits are needed,
particularly in a simple iron—carbon—silicon alloy in which
the carbon content is close to or even above Ty at some
temperatures in the upper bainite range. For the present,
we can only state that a thermodynamic barrier to the
operation of this mechanism has been shown to develop
increasingly with the successive nucleation of subunits,
but that insufficient experimental data are available to
ascertain whether or not the proposed mechanism is thermo-
dynamically allowable. Even should the Oblak—Hehemann
mechanism prove acceptable on this basis, however, the
more critical test shortly to be described must be passed
before it can be said with confidence that this is, in fact,
the mechanism (among any number of other, equally
permissible ones) which is actually operative.

The following is a summary of our views on the mecha-
nism of formation of sheaves of upper bainite. On the basis
of a general theory of morphology,18 anisotropie precipi-
tate shapes, such as plates, form because a substantial
barrier to growth is present at one orientation of the inter-
phase boundary. This theory has now received direct ex-
perimental support in several alloy systems. In particular,
the rate of thickening of proeutectoid ferrite plates (formed,
unfortunately for present purposes, at quite high reaction
temperatures) has been shown to be significantly less than
that allowed by the diffusion of carbon in austenite.!’
This theory should be equally applicable to the subunits
comprising bainite sheaves, each of which is perhaps more
usefully described as an individual ferrite plate. On this
basis, individual plates should lengthen at rates approxi-
mately equal to those allowed by the diffusion of carbon in
austenite. Thickening, on the other hand, should take place
more slowly, and should cause xJ %,and thus xg” to fall below
their metastable equilibrium values. Sheaves are considered
to be assembled from individual plates by sympathetic
nucleation—defined as the nucleation of a precipitate crys-
tal at the interphase boundary of another crystal of the
same phase when the composition of the precipitate differs
from that of the matrix.! The low supersaturations under

which sympathetic nucleation must normally take place
require that the net interfacial free energy needed during
nucleation be strictly minimized if a detectable rate of
sympathetic nucleation is to be attained.! Since the energy
of the interphase boundary enclosing a precipitate plate
should be sharply orienta‘cion—dependent,l’18 this accounts
for the rather high degree of internal organization within
sheaves, as may be seen from the authors’ electron micro-
graphs. Thickening and lengthening of an individual ferrite
plate within a sheaf are taken to be interrupted by the
sympathetic nucleation of new ferrite plates at the ex-
posed broad faces and edges of the growing plate. On
this basis, there is no need to hypothesize that a self-
stopping mechanism halts the growth process. In order to
have some supersaturation of the ferrite relative to the
a/a + carbide phase boundary, and thus allow isothermal
precipitation of carbides within ferrite, it is also unnecessary
to postulate that growth takes place more rapidly than
diffusion control allows. Calculations made on the basis of
published X-ray data on the average carbon content of
the retained austenite associated with bainite demonstrate
that the average carbon content of bainitic ferrite lies in
between the a/a 4+ v and the a/a + carbide equilibrium
curves,4 in agreement with the deduction previously noted.
Some carbide precipitation can thus take place within
the ferrite.

As Oblak and Hehemann have indicated, at-temperature
measurements of the growth kinetics of individual subunits
by a high resolution technique such as thermionic emission
microscopy would provide the vehicle for performing the
necessary critical experiment. On their model, the individual
subunits should both lengthen and thicken more rapidly
than diffusion control would permit, while on our model
thickening should proceed more slowly and lengthening
at about the rate allowed by the diffusion of carbon in aus-
tenite. Unfortunately, the temperatures at which sheaves
form lie appreciably below those at which a thermionic
emission microscope is normally operable.20 Efforts are
being made to extend the temperature range available,
however, and it is hoped that performance of the critical
experiment will eventually become feasible. In the mean-
time, thermodynamic analyses should be of value in ascer-
taining whether or not the various mechanisms proposed
for the formation of bainite are at least possible.
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AUTHOR’S REPLY. The thermodynamic and kinetic cal-
culations of Drs. Kinsman and Aaronson should be of
considerable aid in the evaluation of various models
proposed for the bainite reaction. It is gratifying that
the thermodynamic calculations indicate that the B,
temperatures for our steels do not exceed T, It is
becoming increasingly clear, however, that austenite
decomposes by more than one mechanism in the bainite
range. Thus, as indicated by the discussers, the fact that
B, in hypereutectoid steels is above T, need not signify
that the bainite in these high carbon steels forms by the
same mechanism as that in the lower carbon steels. The
problem in the high carbon steels often is complicated
further by the precipitation of proeutectoid cementite
so that the bainite may then form in an austenite of
substantially reduced carbon content. Careful structural
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studies will be required to resolve these questions.

In their kinetic considerations, the discussers have
focussed attention primarily on the thickening of bainite
sheaves. It is perhaps worth noting that the incom-
plete nature of the bainite reaction provides indirect
experimental evidence for the fact that bainite sheaves
do attain limited thicknesses at temperatures near B,.
This limitation may arise from the thermodynamic bar-
rier proposed in the discussion. However, continued
holding should permit the accumulated carbon to be
alleviated by diffusion into austenite and by carbide pre-
cipitation. Thus, it is not clear why thickening does not
continue at least at a greatly reduced rate..The problem,
we feel, is one involving nucleation and is intimately
connected with relaxation of transformation strain.

Finally, with regard to lengthening, Drs. Kinsman
and Aaronson propose that individual subunits grow
at a rate controlled by diffusion of carbon in austenite
and that their length is limited by sympathetic nuclea-
tion. Accordingly, the growth rate should not be less
than that permitted by carbon diffusion. However, at
least in alloy steels, bainite lengthens more slowly than
that predicted for growth controlled by carbon diffusion.
The experiments outlined by the discussers should de-
cide whether the individual subunits grow at a rate
dictated by carbon diffusion or whether they grow
rapidly to some limiting size.



Influence of Molybdenum and
Manganese on the Kinetics of the
Proeutectoid Ferrite Reaction

INTRODUCTION

Understanding the mechanisms through which alloy-
ing elements influence the kinetics of the decomposi-
tion of austenite is both an old problem and an im-
portant one. Of the several diffusional reactions by
which austenite can decompose — proeutectoid fer-
rite, proeutectoid cementite, pearlite and bainite —
the proeutectoid ferrite reaction is industrially the
most important. This is the first transformation to
occur over wide ranges of temperature and composi-
tion in most steels produced in large quantities. The
kinetics of this reaction thus determine the harden-
ability of these steels, and at lower cooling rates play
a major role in establishing their mechanical proper-
ties. The proeutectoid ferrite reaction is also the
simplest from the viewpoint of ascertaining the
effects of alloying elements upon the fundamental
quantities determining the kinetics of a diffusional
transformation, namely, the rates of nucleation and
the rates of growth.1* The present study deals pri-
marily with the influence of alloying elements upon
the isothermal growth kinetics of proeutectoid fer-
rite, though nucleation rates were calculated by an
indirect method. It is anticipated that future investi-
gations in this laboratory will extend these studies to
direct measurements of the rates of nucleation.
Although the morphologies of proeutectoid ferrite
are complex, they have been documented in detail.2
These complexities are evidently caused primarily by
the presence of a sessile dislocation structure at cer-
tain orientations of the austenite:ferrite bound-
aries.2 Such structures change the mechanism, sig-
nificantly reduce the kinetics and substantially alter

*See references.
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the morphology of growth.2:3 The interpretative com-
plications thus introduced can be largely avoided by
confining kinetic studies to measurements of the
thickening rates of grain boundary allotriomorphs
— crystals which nucleate at the grain boundaries in
the matrix phase and grow preferentially and more
or less smoothly along them.24 These crystals are
usually enclosed by austenite:ferrite boundaries
whose structure is largely of the disordered or inco-
herent type, and thus offers no barrier to the growth
process.2 An allotriomorph is sketched in idealized
form in Figure la; arrowheads indicate the direc-
tions in which thickening takes place. Examples of
typical allotriomorphs are shown in Figures 1b and
lc. In the case of Figure lc, a growth barrier has
clearly inhibited thickening in one direction. In this
situation, measurement of thickening kinetics was
restricted to the other face of the allotriomorph,
whose growth kinetics did not appear to be so af-
fected. In the absence of a barrier to growth, the
thickening of a ferrite allotriomorph can be modeled
mathematically as a planar austenite:ferrite bound-
ary whose migration kinetics are controlled by the
diffusion of carbon in austenite. This theoretical
problem is straightforward in principle and has been
solved for a concentration-independent diffusivity by
Dubés¢ and by Zener.” The well-known variation of
the diffusivity of carbon in austenite with carbon
content8 can be reasonably taken into account by
means of an approximation due to Wagner.? The in-
clusion of an iron—carbon alloy in the present study
will enable us to demonstrate that the correspond-
ence between the growth process measured experi-
mentally and the theoretical model is quite satisfac-



tory, in confirmation of a conclusion which had been
previously drawn on the basis of less complete? and
of less directly applicablel? experimental evidence.
The role played by alloying elements in determin-
ing the rate of movement of a planar austenite :fer-
rite boundary with a disordered structure has been
considered theoretically by Kirkaldy and co-work-
ers'113 and by Aaronson, Domian and Pound.'* Both
groups of investigators concluded that the composi-
tion of the austenite in contact with the boundary is
the paramount factor affecting growth kinetics. Elec-
tron probe analysis has shown that below. a charac-
teristic critical temperature the proportion of alloy-
ing element in proeutectoid ferrite is the same as
that in the parent austenite;113 no partition of the
alloying element takes place between the two phases
under this condition. In the Fe—C-X alloys (where
X is any substitutional alloying element) investi-
gated by Aaronson and Domian,! this temperature
was experimentally indistinguishable from the equi-
librium Aey, or v/« + 7y temperature, and thus par-
tition was not observed, when X = silicon, cobalt,
molybdenum, aluminum, chromium or copper.! How-
ever, the characteristic critical temperature lies an
increasingly wide temperature interval below the
equilibrium Ae; when X = platinum,! nickell and
manganese.l'13 In this investigation, attention was

grain
boundary

allotriomorph

FIGURE 1. (a) Grain boundary allotriomorph in ideal-
ized form; (b) and (c¢) are micrographs of typical
allotriomorphs experimentally encountered (Fe-0.12%
C-2.98% Cu reacted at 750 C (1380 F) for 1000 sec).
In (b) thickening has occurred equally into both austen-
ite grains, in (¢) a growth barrier has inhibited growth
into one austenite grain. Magnification bars indicate
0.03 mm
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confined to the temperature—composition region in
which partition was absent. In order to define the
carbon content of the austenite in contact with the
austenite: ferrite boundary under this circumstance,
Aaronson, Domian and Pound proposed the concept
of the ‘no-partition Ae;” and the “no-partition
a/a + y” metastable equilibrium curves. The carbon
contents of the austenite and the ferrite at the
boundary are considered to adjust to values (both
less than those of the equilibrium Ae; and o/ + y
curves) at which the partial molar free energies of
carbon in the two phases, and also of the Fe—X sub-
stitutional base, are equal at the boundary. The re-
sultant metastable equilibrium is maintained until
the alloying element eventually begins to partition
toward its equilibrium distribution between austen-
ite and ferrite. The no-partition Ae,; was identified
with the experimentally determined characteristic
critical temperature. In contrast, Kirkaldy et al sug-
gested that the equilibrium Ae; and o/ + 7y com-
positions of all three elements are maintained at
disordered austenite:ferrite boundaries even in the
absence of “macroscopic” partition (as demonstrated
by electron probe analysis). This suggestion, how-
ever, is open to serious theoretical objections;! only
the no-partition curve concept was therefore utilized
in this present study.

On the basis of this concept, a qualitative theory of
the effects of alloying elements upon the rates of
nucleation and of growth of proeutectoid ferrite has
been proposed.!* Those elements which raise the no-
partition Ae; of an Fe—C—X alloy to temperatures
higher than that of the equilibrium Ae,; of an Fe-C
alloy of the same carbon content should increase both
rates by increasing the volume free energy change
driving the nucleation process and the concentration
gradient which provides the driving force for
growth. Cobalt, aluminum and silicon are in this
category, and are found! to displace the TTT-curves
for the initiation of the proeutectoid ferrite reaction
to shorter times, in agreement with the theory.
Nickel, and especially manganese, lower the equi-
librium Aey and reduce still further the temperature
level of the no-partition Ae,; these elements should
therefore decrease the nucleation and growth rates
of ferrite, again in qualitative accord with TTT-
diagram data.! On this basis, however, the behavior
of molybdenum is anomalous. Although molybdenum
effects only small changes in the location of the no-
partition Ae; relative to the equilibrium Ae; of
iron—carbon alloys, it is evidently even more effec-
tive than manganese in decreasing the rates of for-
mation of proeutectoid ferrite. Since molybdenum
should thus have little influence upon rates of
growth, it was concluded that this element exerts its
great effects upon hardenability almost entirely by
reducing the rate of nucleation; this reduction was
suggested to be produced by an increase in the net
interfacial free energy required to form a ferrite
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nucleus.1-14

This investigation was undertaken to test the prin-
cipal growth aspects of this theory. An Fe-0.5a/0C
alloy was chosen to provide the reference standard.
Fe-0.5 a/0 C-1.0 a/o Mn was selected to test the pre-
diction that manganese appreciably reduces rates of
growth at a given reaction temperature relative to
those of the iron—carbon alloy; manganese was
chosen instead of nickel in order to maximize the
effect obtained. An Fe—0.5 a/o C-1.0 a/o Mo alloy
was included to ascertain whether or not molybde-
num actually is ineffective in changing rates of
growth, If the growth kinetics data on iron—carbon-
manganese can be quantitatively accounted for in
terms of the no-partition Ae; curve, the predictions
made with respect to the effects of the other alloying
elements (molybdenum excepted) on growth kinetics
may then be viewed more favorably, and analogous
effects should be expected in future studies of nucle-
ation kinetics. If an equivalent accounting can be
made of growth kinetics in iron—carbon—molybde-
num, good support would be provided for the deduc-
tion that the influence of this element upon harden-
ability can be explained entirely upon the basis of its
effects upon nucleation kinetics.

EXPERIMENTAL METHODS AND
PROCEDURES

The three alloys used in this investigation were
vacuum melted, and then vacuum cast into ingots
about 3 in. in diameter. Their compositions are given
in Table I. The two Fe—C-X alloys were redundantly
worked by forge pressing, then rolled into bars 114
by 114 in. in cross-section; the Fe—C ingot was sim-
ply rolled directly into this form. Blocks 1 by 1 in.
in cross-section were machined from the centers of
these bars. The blocks of Fe—-C—X alloy were homog-
enized for three days at 1300 C (2370 F), using a
technique previously described.! Although the
changes in carbon content during the homogeniza-
tion anneals were less than = 0.1 a/o, the carbon
contents of the Fe—C-X alloys recorded in Table I
are those determined after these anneals.

The TTT-diagrams for the alloys were determined
and supplementary studies were performed by means
of the conventional isothermal transformation tech-
nique. Specimens 14 by 1/32 in. were austenitized for
15 min at 1300 C (2370 F) in an argon-protected

TableI Chemical Analysis of Alloys*

salt bath!® and isothermally reacted in lead baths
covered with powdered graphite. Both salt and lead
baths were continuously deoxidized by immersed
graphite rods. The austenite grain size produced by
15 min at 1300 C (2370 F) was ASTM no. 1 to 2 in
the Fe—C alloy and no. 1 to -8 in the Fe-C-X alloys.

Measurement of the thickening kinetics of the
grain boundary allotriomorphs, on the other hand,
presented a special problem which could not be effec-
tively dealt with by means of the conventional tech-
nique. Suppose a series of specimens were to be iso-
thermally .reacted for successively increasing times
at a given temperature. If the allotriomorph with the
largest apparent thickness in each were sought as a
basis for determining the growth kinetics, the ran-
dom angles made by the planes of polish with respect
to the average interfacial planes of the allotrio-
morphs would make the results virtually meaning-
less. Since allotriomorphs usually do not thicken
much, and most of the thickening which does take
place occurs quickly, additional and quite stringent
requirements are imposed with respect to the accu-
racy of any alternative experimental method used to
make these measurements. Some form of high tem-
perature metallography which permits thickening to
be observed continuously while the transformation is
taking place should be able to provide a solution to
both the sectioning angle and the accuracy problems.
Since allotriomorphs do not appear to exhibit sharply
angled surface relief effectsl® — a point which was
confirmed in this study — hot stage optical micro-
scopy cannot provide the accuracy of measurement
required. Thermionic emission microscopy, on the
other hand, a technique which yields a higher resolu-
tion than optical microscopy!?-18 and does not depend
upon surface relief for satisfactory operation, has
been found to be eminently suitable for this purpose.

The thermionic emission microscope used in this
investigation was designed and constructed by Dr.
Erwin Eichen and his associates.1920 Although de-
tailed descriptions are available of this instrument in
particular®20 and of the technique of thermionic
emission microscopy in general,1718 g brief summary
of the principles of this still quite unfamiliar form
of microscopy appears to be in order in the present
context. Thermionic emission microscopy is based
upon the variation of the work function with the
crystallographic orientation exposed at the surface
of a flat specimen. Electron emission is stimulated by

%C % Mn %Mo % 8i %P %S %0 Ni N** O**
Fe-C 0.11 0.01 0.02 0.01 0.004 0.005 0.02 0.2 12
Fe-C-Mn 0.11 1.01 0.02 0.01 0.004 0.009 0.02 0.4 18
Fe-C-Mo 0.11 0.01 1.95 0.01 0.003 0.005 0.02 0.7 15

*Weight percent except for nitrogen and oxygen.
**Ppm.
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0.1 mm

FIGURE 2. Comparative micrographs of a single area of an Fe-0.29% C alloy partially transformed to ferrite at 720 C
(1330 F): (a) is a thermionic emission micrograph taken an instant before the specimen was quenched, (c¢) is the
appearance of the free surface after quenching and (d) is an interferogram of that surface. Light polishing and
etching (b) reveal good correspondence between the quenched microstructure and that at the reaction temperature.
The constituent phases are ferrite (F') and austenite (A) at the reaction temperature (a), and ferrite (F), pearlite
(P) and martensite (M) in the quenched specimen — (b), (c¢) and (d)

heating the specimen, by lightly covering its surface
with an “activator” — a substance insoluble in the
substrate which reduces the work function (barium
was employed in this investigation) — and by apply-
ing a high voltage (15/45 kV) to the specimen. The
electrons thus emitted are focussed onto a fluores-
cent screen, providing a readily interpretable metal-
lographic-type image as illustrated by Figure 2a.
Figure 2b is an optical micrograph of the same area
taken after polishing and etching in 2% nital. As a
result of polishing, the location of the surfaces from
which these two photographs were taken is slightly
different. When allowance is made for this difference,
good correspondence is found between the thermionic
emission and the optical microscope images. By its
nature, this technique provides a method for observ-
ing transformations continuously while they are ac-
tually occurring at elevated temperatures. The use

of barium as an activator placed, in fact, a lower
temperature limit of about 725 C (13835 F) on the
observations made on the iron—carbon and iron—car-
bon-molybdenum alloys; in the iron—carbon—-manga-
nese alloy, it was fortunately practicable to extend
the observations down to 620 C (1150 F). One of the
unique advantages of the instrument of Eichen et al
is that the thermocouple, in contact with the speci-
men, and associated temperature measuring circui-
try are isolated at the potential of the specimen,
thereby permitting small fractions of a millivolt to
be measured despite the presence of a specimen po-
tential of many kilovolts.2? Using the transformation
temperature in pure iron and the Ae, and Ae; tem-
peratures in high-purity iron—carbon alloys for cali-
bration, this temperature measurement system has
been found to be accurate to within = 2 C (3.6 F),
rather than = 5 C (9 F) as originally reported.1?
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To prepare specimens for the thermionic emission
microscope, slices 0.025 in. thick were cut from the
1 by 1 in. blocks. Since this was the smallest thick-
ness conveniently and reproducibly obtainable in
this manner, further reduction, to 0.013 in., was
accomplished by cold rolling; subsequent metallo-

Thermocouple
/AL

Heating Element

FIGURE 3. Usual thermionic emission specimen on the
microscope heating stage, shown in a raised position to
reveal the heating element. The spot welded configura-
tion of specimen (S) and backing plate (B) used in this
investigation is shown in (b) front view and (c) rear
view

graphic polishing gave a final thickness of about
0.010 in. Normally a recrystallization anneal is given
thermionic emission specimens so that they may be
bent at the edges in order to fit securely onto the
heating element of the microscope. In this investiga-
tion, a recrystallization anneal was avoided in order
to prevent changes in carbon content. The specimens
were therefore spot welded onto annealed backing
plates made from the same alloy, and, as illustrated
in Figure 3, the backing plates were bent to fit onto
the heating stage.

With the exception noted below, all heat treat-
ments for the growth rate studies were conducted
within the thermionic emission microscope. The
normal operating vacua were 2 x 10~7 torr at room
temperature and at the reaction temperature, and
about 10~6 torr at 1300 C (2370 F). Since a vac-ion
rather than an oil diffusion pump is used in this in-
strument, the latter pressure proved sufficient to
avoid entirely either carburization or decarburiza-
tion during these treatments. This was demonstrated
experimentally: the carbon content of a specimen
heat treated in the microscope was identical to that
of a specimen of the same alloy which had not been
so treated, and the Ae, temperatures of the alloys de-
termined in the microscope were the same as those
determined by means of the salt and lead baths. Aus-
tenitizing treatments were conducted at 1300 C
(2370 F), the iron—carbon and iron—-carbon-manga-
nese alloys being held for 15 min at this temperature
and the iron—carbon—molybdenum alloy for five min-
utes. The onset of thermal faceting was responsible
for the shorter austenitizing time used for the latter
alloy. The temperature of the specimens was then

96% 124%4

169% 187

FIGURE 4. Selected ciné pictures of a ferrite allotriomorph, taken as it grew in the iron-carbon-molybdenum alloy at
830 C (1525 F'). The allotriomorph (A) is black. The grain boundary along which it initially formed is labelled Gb.
Cumulative time in seconds is indicated below each frame. A stepped austenite twin boundary is indicated in (d). The
bar in (h) represents 0.1 mm
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FIGURE 5. A partially transformed and quenched thermionic emission specimen of the Fe—-C—Mo alloy, nickel plated
to preserve the edge. The bamboo grain structure is apparent at 50 X in (a) — arrows indicate the position of prior
austenite grain boundaries. (b) and (c), at 400 X, are representative of the normally high angle of incidence of the
allotriomorph—austenite (martensite) interface with the free surface

lowered to about 15/30 C (27/54 F) above the Ae;
(i.e., to 900 C (1650 F) for the iron—carbon alloy,
840 C (1545 F) for the iron—carbon-manganese and
930 C (1705 F) for the iron—carbon—molybdenum)
and barium was evaporated onto their surfaces. The
time spent at this temperature varied from eight to
ten minutes. Upon completion of the activation
process, the specimen was quickly lowered to that
intended for isothermal transformation. The trans-
formation processes were usually observed at a mag-
nification of about 350 X, with a resolution estimated
to be about 1000 A. Progress of the transformation
was recorded by taking motion pictures of the fluor-
escent screen, using a Pathé camera with an f 0.95
lens and 16 mm Linograph Pan film, exposed at the
rate of eight frames per second and developed to
an ASA speed of 900. Figure 4, portraying the
growth of a ferrite allotriomorph in the iron—car-
bon-molybdenum alloy at 830 C (1525 F) over a
period of about three minutes, demonstrates the
clarity with which these techniques permitted ob-
servations to be made at the temperature of trans-
formation. Measurements of the thickness of the
grain boundary allotriomorphs were made from the
motion picture films. A Vanguard Motion Analyzer,
with an accuracy of measurement of 0.001 in., was
used for this purpose at a film magnification of
11.8 X. Measurements were made normal to the ad-
vancing austenite:ferrite boundaries, using the
position originally occupied by the austenite grain
boundary as the origin. Isothermal reaction tempera-
tures employed ranged from 810/730 C (1490/1345

F) in the iron—carbon alloy, 875/725 C(1605/1335
F) in the iron—carbon-molybdenum alloy and 800/
620 C (1470/1150 F) in the iron—carbon—-manganese
alloy.

The high temperature used for the austenitizing
treatments was dictated in part by the need to grow
the austenite grains entirely through the specimens,
so that the grain boundaries would be approximately
perpendicular to their surfaces. In this manner, the
measured thickness of a grain boundary allotrio-
morph would closely approximate its true thickness
as measured normal to the boundary. A cross-section
of a microscope specimen of the iron—carbon-molyb-
denum alloy, illustrating a typical austenite grain
structure developed, is shown in Figure 5a. Consider-
ably more difficulty was experienced in obtaining this
type of structure in the iron—carbon alloy. Therefore
this material had to be given a preliminary heat
treatment in the salt and lead baths. Specimens of
this alloy were austenitized for one hour at 1300 C
(2370 F) and isothermally reacted at 700 C (1290 F)
for five minutes prior to installation in the micro-
scope. The Ae; test indicated that this heat treat-
ment did not change the carbon content of the
specimens.

In a number of instances a specimen was trans-
formed several times, with re-austenitizing being
accomplished by re-heating only to the activation
temperature for another application of barium. Re-
peated cycling produced no detectable effect upon
either the morphology or the rate of growth of
ferrite.
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A fair degree of selectivity had to be exerted in
order to confine the measurements to allotriomorphs
which seemed likely to match in reasonable fashion
the model used in the analysis of the data, i.e., planar
boundaries moving at diffusion-controlled rates. A
number of morphological configurations were thus
avoided. Such structures included those in which an
interface barrier to growth was clearly operative:
the growth of the allotriomorph followed an irregu-
lar path, extensive growth appeared to be taking
place from the interior toward the surface of the
specimen, and the evolution of either sawteeth or
sideplates took place from the allotriomorphs dur-
ing an early stage of growth.

When events occurring in three dimensions are
followed by observing their traces on a free surface,
two types of special precaution must be taken. First
it is necessary to be certain that the surface per se
is not affecting these events. For example, surface
diffusion might accelerate the growth of ferrite; or
by analogy to grain growth, thermal grooving and/or
other surface effects might retard growth. To test
these hypotheses, perpendicular sections were taken
through several specimens which had been partially
transformed and then quenched to room temperature
in the microscope with a stream of purified helium.
Two such sections are shown as Figures 5b and c.
Note that while the ferrite is not always exactly per-
pendicular to the free surface, there is no evidence
for particularly rapid or retarded growth at this
surface. These micrographs are representative, and
lead to the conclusion that the surface does not affect
the transformation. The second general matter for
concern is whether or not the surface is giving a rep-
resentative cross-section through the three-dimen-
sional microstructures. The deliberate formation of
a “bamboo grain structure” in the austenite (Figure
5a) adequately resolved this problem, though the
inevitable moderate deviations of the grain boun-
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Temperature
| B. Fe-0.5a/0C-1.0a/0o Mn
1000 = Range of Growth C. Fe-0.5 a/0 C-1.0 a/o Mo
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FIGURE 6. Superposition of the isothermal transforma-
tion diagrams determined for the three alloys investi-
gated. Temperature ranges of the growth measurements
are indicated

daries from perpendicularity with respect to the
surface are doubtless responsible for at least some of
the scatter obtained in the experimental data. In the
particular case of thermionic emission microscopy,
one must also be certain that the activator on the
surface of the specimen remains completely passive
with respect to the reaction studied. Past and cur-
rent experience? 17-18 confirms that this is so for
barium, the activator used in this investigation.

A brief supplementary study of the three alloys
was made by means of transmission electron micro-
scopy. Samples of each were rolled to a thickness of
0.006 in. and heat treated in the manner employed
for the TTT-curve determinations. The specimens
were quenched after they had been partially trans-
formed to proeutectoid ferrite, and thinned in a solu-
tion consisting of nine parts glacial acetic acid and
one part perchloric acid. They were observed in a
Phillips EM 200 electron microscope fitted with a
tilt-rotation stage and operated at 100 kV.

RESULTS

Figure 6 shows, in superimposed fashion, the TTT-
curves for the initiation of transformation in the
three alloys studied. The experimentally determined
Ae; temperatures and the temperature ranges in
which the kinetic measurements were made are also
included.

During the diffusion-controlled migration of a
planar interphase boundary, the position of the
boundary, s, should vary with growth time, t, as 5-7:

s = at™ (1

where ¢ is termed the parabolic rate constant. Fig-
ures 7a-c contain representative plots of the position
of the broad faces of allotriomorphs as a function of
t** for each of the three alloys studied. All of these
plots are seen to be quite satisfactorily linear. Par-
ticular attention is called to Figure 7c, in which this
result also obtains when the iron—carbon—molybde-
num alloy was reacted at temperatures below and at
the 800 C (1470 F') nose of the TTT-diagram (Fig-
ure 6) as well as above this temperature. Since
the thermionic emission microscope permitted the
growth time of the allotriomorphs to be determined
rather than merely the total isothermal reaction
time, these plots should pass through the origin.
Within the quite low limits of experimental error,
all of the plots behave in just this manner.

From the slopes of the s vs t** plots, o was evalu-
ated. Figures 8a-c are plots of « vs reaction tem-
perature for the three alloys. The considerable
scatter in these plots is certainly real in the sense
that, as typified by Figure 7, the uncertainty in each
individual value of o is much less than the differ-
ences among the various values obtained at each
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temperature. The previously mentioned sectioning
problem is probably responsible for a portion of this
scatter. Irregularities in the thickening process occa-
sioned by the development of small areas of disloca-
tion facet which serve as a local barrier to growth,
however, are considered to be an important source of
the differences obtained. The proportional area occu-
pied by such facets and their orientation should
depend upon the orientation of the grain boundary
with respect to the habit plane of the nuclei of the
allotriomorphs, and will thus be different from one
grain boundary to the next. This is thus a residual,
and unavoidable effect of crystallography upon the
thickening of allotriomorphs.

In order to be certain that most of the interphase
boundaries enclosing the ferrite allotriomorphs have
largely disordered structures, a specimen partially
transformed in the microscope was rapidly quenched
to room temperature with a stream of purified
helium. Figure 2¢ and 2d (showing the same area as
Figures 2a and 2b) indicate by means of optical and
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FIGURE 7. Plots of allotriomorph thickness, measured
from the austenite grain boundary to the ferrite:austen-
ite interface along a fiducial line, as a function of growth
time at representative temperatures in each of the alloys
investigated: (a) iron—carbon, (b) iron—-carbon-manga-
nese, (¢) iron—carbon-molybdenum

interference microscopy, respectively, that both Wid-
manstéitten ferrite and martensite plates exhibit
geometric relief effects,?! but that ferrite allotrio-
morphs do not.

A comparison of representative electron micro-
structures of the alloys investigated is provided by
Figure 9. As shown in Figures 9a-c, there is no dis-
tinguishing feature of the ferrite:austenite (mar-
tensite) interface which sets apart any one of the
alloys from the other two. In particular, there are
similar concentrations of particles in all three fer-
rite matrices. A common feature is that much of the
plastic strain associated with transformation of the
remaining austenite to martensite (M) by quench-
ing is accommodated by the generation of disloca-
tions in the ferrite (F) adjacent to the interphase
boundary. This is particularly clear in Figure 9b for
the ferrite in the neighborhood of the ends of the
martensite laths. Ferrite well behind the ferrite:
martensite interfaces contains a relatively low dis-
location density, as would be expected at the isother-
mal reaction temperatures used. Plastic strains
accompanying the formation of ferrite are normally
relieved at the reaction temperature by strain-in-
duced migration of ferrite grain boundaries — this
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FIGURE 8. Plots of the experimentally determined para-
bolic rate constant, a, as a function of reaction tempera-
ture for the alloys investigated: (a) iron-carbon, (b)
iron-carbon—-manganese, (c¢) iron—carbon-molybdenum.
Dashed lines indicate a calculated from equation (2)

was observed directly by thermionic emission micro-
scopy — and by the formation of subgrains, as de-
picted in Figures 9d, e and h. Subgrain boundaries,
a common site for precipitation, were found to be
relatively clean in all of the alloys, though occasion-
ally carbides were found at them, as at the boundary
designated by the arrow in Figure 9¢g. Tiny carbides,
perhaps formed during the quench, are evident in
all of the micrographs, and are usually associated
with dislocations. (The mottled etching effect in
Figure 9g gives a false impression of a high carbide
density.)

DISCUSSION
TTT-Diagrams

Figure 6 shows that the TTT-curve for the initia-
tion of transformation in the iron-carbon-man-
ganese alloy lies at significantly longer times than
that for the iron—carbon alloy. On the other hand, at
temperatures above 800 C (1470 F), the TTT-curve
for the iron—carbon—molybdenum alloy is displaced -
to shorter times relative to the iron—carbon curve.
The equilibrium Aez curve for iron—carbon is plotted
in Figure 10 together with the no-partition Ae;
curves for iron—carbon-manganese and iron—carbon—
molybdenum of the alloy contents used in this in-
vestigation. These curves were calculated as de-
scribed by Aaronson, Domian and Pound.!¢ At the 0.5
a/o C level, the displacement of the no-partition Aeg
for iron—carbon—-molybdenum to a higher tempera-
ture and that of iron—carbon-manganese to a lower
temperature correctly predict, on the theory of
Aaronson, Domian and Pound, the displacements in
time noted in the TTT-curves for these alloys.

At temperatures below 800 C (1470 F), on the other
hand, the iron—carbon—-molybdenum alloy exhibits an
entirely different kind of behavior. TTT-curves de-
termined for several Fe—-C-X alloys which raise the
no-partition Aez temperature! suggest that the curve
for the iron—carbon—-molybdenum alloy also ought to
have but one “nose,” and that this nose should lie in
the range 600/700 C (1110/1290 F). Instead, a
rather deep bay centered at about 650 C (1200 F)
appears within this range, producing a “premature”
nose at 800 C (1470 F), and presumably another one
at some temperature below 500 C (930 F). Figure 6
clearly indicates that the formation of the bay plays
a major role in the remarkably potent effect which
molybdenum exerts upon transformation kinetics.
The data of this figure suggest that were it not for
the truncation by the bay of the normally expected
TTT-curve, molybdenum would act in the manner of
cobalt, aluminum and silicon, displacing the TTT-
curve to shorter times than in an iron—carbon alloy
of the same carbon content, and thus decreasing,
rather than markedly increasing the hardenability
of steel.
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FIGURE 9. Transmission electron micrographs of specimens austenitized for 15 min at 1300 C (2370 F) and isother-
mally reacted as follows: (a) and (d) — iron—carbon alloy, reacted 15 sec at 700 C (1290 F') ; (b), (e) and (f) — iron—
carbon-manganese alloy, reacted 20 sec at 650 C (1200 F') ; (c¢), (g) and (h) — iron—carbon-molybdenum alloy, reacted
150 sec at 750 C (1380 F'). Ferrite (F') and martensite (M) are labelled in (a), (b) and (c). Only ferrite is present in
(d) through (h). The bar in each figure represents 1p

Allotriomorph Thickening Kinetics

On the Dubéd 6-Zener? analysis, the constant « in
equation (1) is determined by trial and error from
the following transcendental equation:

R
|

2(X:a—§;/) /g:ae“”“r’ [1—erf(

w/

2/

where x%* = mole fraction of carbon in austenite
corresponding to the no-partition Aes curve (Figure
10), x%Y = mole fraction of carbon in ferrite at the
no-partition a/a + 7y curve (calculated as in refer-
ence (14)), x, = mole fraction of carbon in the
untransformed austenite and D = diffusivity of car-
bon in austenite. Following the Wagner approxima-
tion,® the value of D corresponding to x%5¥ is employed.
The data of Wells, Batz and Mehl® indicate that the
amount of manganese present in the iron—carbon-—
manganese alloy has an insignificant effect on D.
The results of Ham?? suggest that molybdenum may
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increase D, but the effect is incompletely defined and
is also likely to be small. The data on D in iron-
carbon alloys reported by Wells, Batz and Mehl8 and
correlated empirically by Kaufman, Radcliffe and
Cohen23 are therefore used for all three alloys.

The plots of o vs temperature computed from
equation (2) are superimposed on Figures 8a-c. Re-
ferring first to Figure 8a, for the iron—carbon alloy,
the calculated curve is seen to fall largely within the
scatter band of the experimental data, though tend-
ing to be a trifle low at the lower temperatures. This
rather small discrepancy probably results from the
failure of equation (2) to take proper account of the
increase in D with carbon content even when the
Wagner approximation is utilized, since under this
circumstance o becomes larger as the difference
between x”® and x, increases.** 2° The overall agree-
ment between the calculated and measured values of
« can be considered to be very good, however, and to
permit the conclusion to be drawn that the thicken-
ing of ferrite allotriomorphs is controlled by the
diffusion of carbon in austenite. The evidence pro-
vided by Figure 8a for this conclusion is substan-
tially better than that previously available.2

Figure 8b shows that essentially the same situa-
tion obtains in the iron—carbon-manganese alloy.
Here the calculated values lie somewhat below those
measured experimentally. Consideration of possible
error in D and in x%* proved unprofitable. Much of
this difference is probably due to the D vs carbon
content effect upon « discussed in connection with
the results on the iron—carbon alloy. Lower tempera-
tures were employed for many of the iron-carbon—
manganese measurements. D increases more rapidly
with carbon content over a given range of composi-
tion at these temperatures.® The level of agreement
is sufficiently good, however, to allow the conclusion
that allotriomorphs in iron—carbon—manganese also
thicken at rates determined by carbon diffusion in
austenite.

Figure 8c shows that when the iron—carbon—
molybdenum alloy is reacted at temperatures above
about 800 C (1470 F) very good agreement is ob-
tained between the calculated -and measured values
of a. At lower temperatures, however, the experi-
mental values decrease, while those calculated con-
tinue to rise, thus paralleling (from the experimen-
tal viewpoint only) the behavior of the TTT-dia-
gram. In this situation, the divergence between the
calculated and experimental curves cannot be ex-
plained in terms of the deficiencies in equation (2).
No plausible change in the shape of the no-partition
Aej curve or in the temperature and composition de-
pendencies of D can be invoked to rationalize the
unexpected experimental results. These results thus
indicate that a different type of growth behavior
becomes operative below 800 C (1470 F). While these
data must certainly be extended to lower tempera-
tures in order to explore more fully the magnitude

and the variation with temperature of this effect
(despite the experimental problems which this poses
in connection with operation of the thermionic emis-
sion microscope at such temperatures), the existence
of the effect can be considered to be well established
by the experimental data and the calculations re-
ported in Figure 8c.

Rao and Winchell26 have recently found that bain-
ite plates formed at 400 C (750 F) in low carbon
steels containing 10 a/o Ni lengthen at rates two
orders of magnitude less than those calculated from
a carbon diffusion control model. Particularly since
adequate agreement between calculated and experi-
mental lengthening rates is obtained for iron—carbon
alloys,2 23-27 the presence of a really effective dislo-
cation-type barrier at the edges of bainite plates in
Fe—C-10 a/o Ni is as unlikely as at the broad faces
of ferrite allotriomorphs in the present Fe-C-1.0
a/o Mo alloy. Paxton2® has considered the effects of
a very fine dispersion of very small particles upon
the movement of an interphase boundary, and has
obtained indications that such a dispersion can serve
as a growth barrier. Figure 9 indicates, however,
that this kind of situation is not present in the iron—-
carbon—-molybdenum alloy. Evidently still another
type of growth barrier exists in solid—solid trans-
formations. We propose that this may be an “im-
purity drag” effect, such as is long familiar from
studies of grain growth and recrystallization2® in
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FIGURE 10. Calculated equilibrium Aez for iron—carbon
and calculated no-partition Ae; for Fe—-C-1.0 a/o Mn
and Fe-C-1.0 a/o Mo



single phase materials. This may arise here because
molybdenum, a strong carbide-former, should tend
to be bound to disordered austenite:ferrite boun-
daries, at which high carbon concentrations are
present. Unlike the usual grain growth situation,
molybdenum cannot be dragged along with the
boundaries by volume diffusion3® or by a volume
diffusion-like process?® in the temperature range so
far investigated. The values of « in Figure 8c are
much too high for such an effect to be operative.
Instead, molybdenum atoms may be required to dif-
fuse for short distances along the austenite:ferrite
boundaries before completing their transfer to the
ferrite phase, or alternatively, may simply serve as
immobile “pinning points” around which the boun-
dary must bend before it can break away.

While a quantitative treatment of the mechanism
of the impurity drag effect will have to await the
availability of data on o throughout the temperature
range of the bay, several qualitative implications of
the existence of such an effect should now be noted.
The disappearance of the molybdenum effect at high
temperatures (Figure 8c¢) is explained on this basis
as the usual effect of entropy in reducing the gain in
free energy accompanying the lodging of an atom in
a site which reduces its enthalpy.31 Both the disor-
dered structure and the high carbon concentration
(x%) at the boundaries of allotriomorphs contribute
to the enthalpic effect; with increasing temperature,
however, the decrease in x%* will aid the entropic
effect in reducing the mean time of stay of molybde-
num atoms at austenite:ferrite boundaries. Simi-
larly, the combination of the increase in the effective-
ness of the molybdenum drag effect with decreasing
temperature and of the simultaneous increase in the
driving force for growth provides a basis for explain-
ing the bay in the TTT-diagram. The deepest portion
of the bay thus develops when the increased driving
force finally begins to overpower the drag effect. The
complete cessation of transformation during its early
stages at these temperatures3? thus corresponds to
the situation in which the drag effect is at or near its
maximum net effectiveness. The increased amounts
of transformation permitted at lower temperatures3?
result from the increasing effect of the higher driv-
ing force. Note, however, that the TTT-curve for
iron—carbon-molybdenum does not rejoin that for
the iron—carbon alloy even at the lowest tempera-
tures studied (Figure 6), suggesting that the drag
effect is still operative despite the obviously much
more rapid growth now permitted. Finally, the ab-
sence of a bay when the alloying element is a non-
carbide former, e.g., nickel, silicon, aluminum and
cobalt, suggests that the impurity drag effect of
these elements, when compared with that of molyb-
denum at a constant atomic percent, is substantially
smaller as a result of their lesser binding energy to
the austenite:ferrite boundaries. The absence of a
drag effect in Fe~-C-1 a/o Mn is consistent with the
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the respective calculated curves of a as a function of
reaction temperature according to Zener (1949)

weak carbide forming tendency of manganese. Con-
versely, the alloying elements which are very strong
carbide formers, e.g., titanium, columbium and vana-
dium, should be even more effective than molybde-
num in this regard.

Having discussed in detail the o data obtained
from the individual alloys, we now briefly compare
the data from the three alloys with the assistance
of Figure 11, in which the data scatter bands of
Figure 8 are superimposed as shaded bands without
data points. In the vicinity of 800 C (1470 F), and
at somewhat higher temperatures, reached by extra-
polating the iron—carbon and iron—carbon—-manga-
nese data, o is highest in the iron—carbon-molybde-
num alloy, intermediate in the iron—carbon and
lowest in iron—carbon—-manganese, all in parallel with
the relative disposition of the TTT-curves and in
agreement with the theory of Aaronson, Domian and
Pound.’¢ This positioning of the iron—carbon-man-
ganese data relative to that for iron—carbon remains
the same at lower temperatures, whereas « and
the TTT-curve for iron—carbon—molybdenum pass
through a maximum and thence decline as previously
noted. Before deciding whether or not the parallel
behavior of the data for the iron—carbon—molybde-
num alloy makes growth kinetics wholly responsible
for the bay in the TTT-diagram, however, we must
attempt to estimate the effects of molybdenum upon
the rate of nucleation of ferrite allotriomorphs.

Allotriomorph Nucleation Kinetics

Although no measurements were made of the rates
of nucleation of ferrite allotriomorphs, estimates of
these rates can be made by calculation from the ex-
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perimental data on the TTT-curves and o.. This may
be done on the basis of a modification of the Johnson-
Mehl equation33 developed by Dubé:5

15

where f(t) = the fraction of the austenite trans-
formed to ferrite and N, = the rate of nucleation of
allotriomorphs per unit volume of austenite. This
equation was derived under the assumptions that the
allotriomorphs are spheres growing in accordance
with equation (1) (with the radius of a sphere sub-
stituted for s) and that they are randomly distrib-
uted. Neither assumption is fulfilled experimentally,
but neither is grossly incorrect when usage of the
equation is confined to the earliest stages of reaction
and to the higher reaction temperatures.® Fortu-
nately, the conditions under which the TTT-curves
were determined largely fulfill these conditions. Esti-
mating £(t) = 0.001, reading t from the TTT-curves
and taking a from curves averaged through the ex-
perimental scatter bands, N, was calculated as a
function of temperature for all three alloys. Because

f(t) = l—exp ( — i»"-N'va3 t5/2) (3)
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of the particular method used to determine the time
for the initiation of transformation — that required
to form ferrite crystals visible at 100 X at one-half
of the austenite grain boundaries — the usual prac-
tice of converting N, to N, (the rate of nucleation
per unit of grain boundary area) was not followed.
Because the iron—carbon alloy had a smaller grain
size range than the Fe—C-X alloys, the estimate of
f(t) as 0.001 was likely somewhat low, on a relative
basis, for this alloy. Since N, varies as In £(t), how-
ever, the resultant error in N, for the iron—carbon
alloy is unlikely to be much more than 10%.

N, is plotted as a function of temperature for the
three alloys in Figure 12. At a given temperature,
N, in iron—carbon-manganese is seen to fall well
below that in the iron—carbon alloy. A similar result
was obtained for o (Figure 11). These results bear
out the prediction of Aaronson, Domian and Pound!4
that manganese should decrease both the rates of
nucleation and the rates of growth of ferrite allotrio-
morphs. A quite different pattern of behavior is
apparent in the case of the iron—carbon—molybdenum
alloy. Instead of the customary swift rise with de-
creasing temperature anticipated from nucleation
theory3¢ and actually exhibited in the iron—carbon
and iron-carbon-manganese alloys, N, in iron—car-
bon-molybdenum is nearly independent of tempera-
ture. Once the iron—carbon and iron—carbon-manga-
nese alloys have been sufficiently undercooled relative
to their Ae; temperatures, N in these alloys becomes
much larger than in iron—carbon-molybdenum. The
prediction that molybdenum will decrease rates of
nucleation relative to those in iron—carbon alloys!4
is thus also confirmed. However, the fact that the
variation of o with temperature follows a path gen-
erally parallel to that of the TTT-curve whereas that
of N, does not in this alloy indicates that low values
of a, rather than of N,¢ are responsible for the
powerful effects of molybdenum upon the overall
kinetics of the proeutectoid ferrite reaction. The
failure of N, to decrease significantly at tempera-
tures below the 800 C (1470 F') nose suggests that
the influence of molybdenum upon « is wholly re-
sponsible for the bay. Certainly, extension of the o
data to lower temperatures, and direct measure-
ments, rather than indirect calculations of N, are
required before N, can be wholly ruled out as a sig-
nificant factor in these effects.

Two comments upon the calculated N, data per se
are now necessary. The values of N, in Figure 12 are
about two orders of magnitude higher than those
previously reported for the proeutectoid ferrite re-
action in these temperature ranges.2 The earlier data
were obtained from counts of numbers of ferrite
crystals, apparently not made at the very earliest
stages of transformation. The difficulty of seeing
ferrite:ferrite boundaries when ferrite:martensite
boundaries are prominent in the microstructure, and
the occurrence of substantial grain growth within



impinged aggregates of ferrite crystals? 35 suggest
that these data may be serious underestimates of the
rates of nucleation actually operative.

Cahn and Hagel3® are critical of determinations
of N, performed in the general manner employed in
this study. The special form of this method which
we used, however, should materially reduce the ap-
plicability of such criticisms. At the times chosen to
mark the beginning of transformation, “site satura-
tion” had not occurred at any save possibly the low-
est reaction temperatures. The variation of N, with
time was partially discounted by selecting a very
early stage in the transformation. Finally, the non-
parallel behavior of N, and « in iron-carbon-
molybdenum is not “the standard result,” i.e., paral-
lel variations with temperature, which Cahn and
Hagel conclude is due to misuse of this method.

SUMMARY

The kinetics of the proeutectoid ferrite reaction were
investigated in high-purity Fe—0.5 a/o C, Fe-0.5 a/o
C-1.0 a/o Mn and Fe—0.5 a/o C-1.0 a/o Mo alloys.
TTT-curves for the initiation of isothermal trans-
formation were determined by the conventional
experimental technique. The parabolic rate constant,
a, for the thickening of grain boundary allotrio-
morphs* was evaluated at temperatures above about
725 C (1385 F') in the iron—carbon and iron—carbon—
molybdenum alloys and at and above 620 C (1150 F')
in the iron-carbon-manganese alloy by means of
thermionic emission microscopy and cinematogra-
phy. Rates of nucleation of allotriomorphs per unit
volume of austenite, N, were estimated from these
data by application of an indirect method.

The thickening kinetics of ferrite allotriomorphs
are accurately described by a parabolic time law at
all temperatures and all compositions studied. In the
iron—carbon and iron-carbon—manganese alloys, and
in the iron—carbon—-molybdenum alloy at tempera-
tures above 800 C (1470 F), the values of o deter-
mined experimentally are in reasonable (or better)
agreement with those calculated on the assumption
that thickening is controlled by volume diffusion of
carbon in austenite.

The TTT-curves, « and N, values for the iron-
carbon-manganese alloy lie at longer times or at
lower values than those of the iron-carbon alloy
throughout the temperature range in which these
data were obtained on both alloys. Aaronson, Domian
and Pound!4 have proposed that the no-partition Ae;
temperature of an Fe-C-X alloy relative to that of
the equilibrium Ae; temperature of an iron—carbon
alloy with the same carbon content normally deter-

* The rate of thickening = a/2t*, where t = isother-
mal reaction time.
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mines the effects of the alloying element upon both
N, and « of proeutectoid ferrite. Since the no-parti-
tion Aez of the iron-carbon—-manganese alloy is
lower, the results obtained are in good accord with
this theory.

The TTT-curve of the iron—carbon—molybdenum
alloy exhibits a nose at 800 C (1470 F') and a rather
deep bay between 600 and 700 C (1110 and 1290 F).
In this alloy, « lies above that for the iron—carbon
and iron—carbon-manganese alloys at temperatures
above about 800 C (1470 F). Since molybdenum
raises the no-partition Ae; temperature relative to
the equilibrium Ae; for iron—carbon, this result is
also in accord with the theory. At 800 C (1470 F),
however, the o vs temperature curve displays a maxi-
mum, and then decreases continuously at lower tem-
peratures; such behavior is not predicted by this
theory. The o and the TTT-curves for iron—carbon—
molybdenum thus exhibit parallel behavior in the
temperature range in which both were determined.
The calculated N, data for this alloy are also un-
usual: they are both low and nearly independent of
temperature. The prediction of Aaronson et al that
molybdenum should decrease rates of nucleation is
thus confirmed, but their suggestion that molybde-
num would leave « substantially unchanged (or, in
effect, increase o in the iron—carbon-molybdenum
alloy used in this study) is not sustained. Instead,
the anomalous effect of molybdenum upon ¢, rather
than its influence upon N, is responsible for the
“premature’” occurrence of a nose in the TTT-curve
at a relatively long reaction time at 800 C (1470 F),
rather than at a quite short time within the 600/
700 C (1110/1290 F) range anticipated from the
no-partition Ae; temperature of the alloy. This effect
evidently also produces the bay in the TTT-curve at
lower temperatures. It is this striking influence of
molybdenum upon growth kinetics which is probably
responsible for the anomalous and remarkably potent
effect exerted by molybdenum upon the kinetics of
the proeutectoid ferrite reaction and the harden-
ability of steel. This anomaly is tentatively ascribed
to an “impurity drag effect,” such as would accom-
pany a high binding energy of molybdenum, a strong
carbide-former, to the carbon-rich interphase bound-
aries of ferrite allotriomorphs.
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ORAL DISCUSSION OF

Influence of Molybdenum and Manganese on the

Kinetics of the Proeutectoid Ferrite Reaction

J. W. SPRETNAK (Ohio State University). Looking at
these same observations of the increase of the rate con-
stant alpha, with increasing undercooling, and if this is
indeed a diffusion process and D is exponentially related
to the temperature, why does one get an increase in the
rate constant?

AUTHOR’S REPLY. The increase in rate constant with
decreasing temperature is the result of the increased
driving force overbalancing the decrease in diffusivity.
Below the “nose” of the a versus temperature curve, of
course, the direction of the balance reverses. This con-
cept was pointed out by Mehl years ago.

J. W. SPRETNAK. Do you have a steadily rising curve in
the alpha temperature range?

AUTHOR’S REPLY. Yes, this corresponds to an increasing
growth rate as we decrease the temperature. The tem-
perature range is still above the “growth nose.”

J. W. SPRETNAK. Would you expect it to go through a
maximum with decreasing temperature?

AUTHOR’S REPLY. Yes, we would expect growth to go
through a maximum. The calculations certainly show
that it does.

J. W. SPRETNAK. You are talking about impurity drag
effects. I assume that you are talking about a nonco-
herent interface?

AUTHOR’S REPLY. Yes, we are.
i

J. W. SPRETNAK. Do you have any evidence of the inter-
face being noncoherent?

AUTHOR’S REPLY. The grain boundary allotriomorphs
chosen for measurement did not develop sharp facets
during the experimental observations; they seemed to
grow smoothly, with no distinet crystallographic fea-
tures. We assume, therefore, no interface inhibition to
growth and infer essentially diffusion-controlled growth.

J. W. SPRETNAK. You don’t get that classical hemispheric
growth seen in textbooks characterizing N and G
reactions?

AUTHOR’S REPLY. Grain boundary allotriomorphs begin
to grow in a comparatively lens-shape fashion, grow

Presented by K. R. KINSMAN

very rapidly along the boundary and then thicken. In
the first film sequence we saw just this type of rapid
movement along the boundary and thickening. Almost
before the measurements were made, the allotriomorph
had swept along the boundary. In the second film
sequence the more “classic” lenticular shape was main-
tained for a much longer time. (See Figure 4 in the

paper.)

J. W. SPRETNAK. Does not the observed morphology con-
cern you, inasmuch as it is interpreted to reflect a nuclea-
tion and growth phenomenon?

AvuTHOR’s REPLY. The morphology observed was clearly
that which you would expect during diffusional growth
of a grain boundary precipitate; there is no reason to
believe that there is significant interface inhibition.
Now, what may disturb you is the fact that I mentioned
that there is a certain irregularity in the growth of the
allotriomorphs; at later stages of the reaction, some of
the allotriomorphs can generate facets that are appar-
ently strong interface barriers, but the measurements as
you see here are made at short reaction times. Measure-
ments were not carried beyond 30 seconds growth time.
Although, depending on temperature and relative growth
rates, different degrees of “maturity” were attained, the
measurements were confined essentially to the early
stages of growth.

J. W. SPRETNAK. This is an extremely critical point, i.e.,
the nature of the interface?

AUTHOR’S REPLY. Yes, it is.

J. W. SPRETNAK. And if it is indeed noncoherent you can
evoke the impurity drag effect. If it is coherent and
martensitic in nature, then we must look to the effects
of these elements, particularly molybdenum, in impeding
the actual lattice transformation, which is what our cur-
rent research seems to indicate.

H. I. AARONSON (Coauthor). Grain boundary allotrio-
morphs were deliberately chosen in order to avoid, inso-
far as practicable, interface barriers to growth. Ferrite
allotriomorphs bear the Kurdyumov and Sachs lattice
orientation relationships with respect to their parent
austenite grain. Since the angle which the lath- or plate-
shaped ferrite nucleus of an allotriomorph makes with
respect to the grain boundary at which it formed will
normally be large, at most orientations of the austenite-

54



55 INFLUENCE OF MOLYBDENUM AND MANGANESE ON THE KINETICS OF THE PROEUTECTOID FERRITE REACTION

ferrite boundary growing into the parent austenite
grain, the structure of the boundary will be of the dis-
ordered type. However, small facets of dislocation-inter-
facial structure will inevitably be present at the bound-
ary orientation corresponding to that of the habit plane
of the nucleus. These facets are known to offer a serious
barrier to growth at their orientation of the boundary.
As long as the proportion of the boundary area which
these facets comprise is small, however, the disordered
areas of the boundary will be able to grow around the
dislocation segments (see Figure 13a, p. 406, Decomposi-
tion of Austenite by Diffusional Processes, John Wiley
and Sons, New York, [1962]) and thus minimize their
effect upon the growth process. That this effect is not
entirely avoided, however, is indicated by the scatter in
the plots of parabolic rate constant (a) versus tempera-
ture (Figures 8a-c). The satisfactory overall agreement
between the experimentally measured values of a and
those calculated on the assumption that growth is con-
trolled by the diffusion of carbon in austenite (Figures
8a and b, and Figure 8¢ at temperatures above 800 C,
1470 F), however, strongly supports these considera-
tions. Since the anomalously low values of o in the iron—
carbon-molybdenum alloy at temperatures below 800 C
(1470 F') are not accompanied by changes in the mor-
phology of the ferrite allotriomorphs, it would also
appear that crystallographic effects upon growth cannot
be held responsible for this result. Relief effects formed
at a free surface provide an overall sampling of the
structure of interphase boundaries. The absence of mar-
tensite-like relief effects in association with grain
boundary allotriomorphs (Figure 2b-d) also leads to
the conclusion that the interphase boundaries of these
crystals are predominantly of the disordered type.

H. W. PaxToN (Carnegie Institute of Technology). I
have one comment on the molybdenum effects — you are
doing a reverse of the transformation which Pavlick was
studying. In his observations, molybdenum seemed to
have no effect on the rate of austenite growing into fer-
rite, whereas you say at about the same temperatures
ferrite growing into austenite is quite markedly affected.
I don’t know if there should be an image, but there isn’t.

AUTHOR’s REPLY. That is an interesting observation.
Pavlick used nominally 1 wt % Mo in his steel, compared
to the 1.95 wt % (1 a/o) we employed. That difference
in molybdenum content coupled with the difference in
systems studied, iron-carbon-molybdenum versus iron—
nitrogen—-molybdenum, may be significant enough to
result in the apparent asymmetry of the observed effect.
Of course, at this juncture, grounds for comparison can
only be obtained in comparable experiments.

R. F. HEHEMANN (Case Institute of Technology). Do
the allotriomorphs grow into both grains or only into
one?

AUTHOR’S REPLY. In most cases allotriomorphs were
found to grow into both grains; however, growth into
only one grain was also commonly observed.

R. F. HEHEMANN. Did the allotriomorphs show any relief
on at least one side of the grain boundary, i.e., are the
interfaces incoherent on both sides?

AUTHOR'S REPLY. The normal surface rumpling associ-
ated with a volume change across an incoherent inter-
face was observed in all cases. No unique surface relief
feature could be associated with ‘“one-sided” growth.
Only where flat facets evolved did the surface distortion
assume the degree of angularity (“geometric surface
relief”) consistent with a partially coherent interface.

F. B. PiCcKERING (United Steel Companies Ltd.). I be-
lieve you stated that the grain-boundary nucleated fer-
rite could, at a later stage in its growth, develop faceted
interfaces with the austenite, or even a plate-like growth.
Is the interface of the faceted ferrite completely inco-
herent, or does it possess some degree of semicoherency?
Have in fact any experimental observations been made
on the nature of the ferrite-austenite interface? If the
interface of the faceted ferrite growth is partially co-
herent, by what mechanism do you envisage that an
initially incoherent interface is converted during the
growth of the ferrite into a partially coherent interface?

AUTHOR and H. I. AARONSON. We have observed that in
the later stages of growth of grain boundary ferrite
allotriomorphs facets occasionally evolve. In such cases
the ferrite-austenite interface would appear to be com-
pletely incoherent in the initial stages of growth where
measurements were made, partially coherent facets
emerging to minimize interfacial energy in the later
growth stages. The details of evolution from an initially
incoherent to a partially coherent interface are envi-
sioned as follows. When an area of a disordered inter-
phase boundary migrates into an orientation where it
can acquire a dislocation interfacial structure, its rate of
growth will be sharply curtailed immediately. When the
driving force for growth is large and the angle which the
dislocation orientation makes with respect to the plane
of the grain boundary is also large, disordered segments
of the boundary will soon “wrap around” and eliminate
the dislocation facets. When the driving force for growth
has diminished, near the end of transformation, another
factor can come into play to a significant extent. This
factor is the minimization of the total interfacial free
energy. It will cause the opposite pattern of boundary
migration: the dislocation facets will tend to increase in
area at the expense of the disordered segments of the
boundary. In the case where two facets at an angle to
one another are joined by a curved boundary the growth
barrier at the planar facets would be expected to force
the curved area to grow out allowing the planar facets
to join; this exact behavior has been observed on a
number of occasions in the course of the experiments.
The nature of the interface has been inferred only
through observations of growth kinetics and morphology;
direct experimental observations of the ferrite-austenite
interfacial structure is a most difficult problem, one yet
to be solved.



Austenite Decomposition

INTRODUCTION

High pressure has been characterized as a new di-
mension in metallurgy. This is true when one con-
siders that the wealth of experimental data upon
which our understanding of present technology is
based has been garnered at atmospheric pressure in
terms of two primary thermodynamic variables of
state, temperature and composition. The remaining
variable, pressure, has, until recently, been inacces-
sible to the metallurgist. This placed him in a posi-
tion similar to the hypothetical two-dimensional
creatures in Abbott’s “Flatland,” who were faced
with describing a three-dimensional world in terms
of two dimensions.1*

The importance of the pressure variable to an
understanding of metallurgical phenomena was rec-
ognized early in the development of the science. The
first experimental observation that a solid could
transform under pressure to a phase not found at
atmospheric pressure was made by LeChatelier in
1883.2 Roberts-Austen reported pressure-induced
changes in the temperature of recalescence of steel
in 1893.3 Benedicks speculated on the role of the
pressures developed during austenite decomposition
upon microstructure in 1908.4 Ordinarily, interest
in an area by men of this stature would spark an
extensive study, but in the instance of the pressure
variable, this did not happen simply because the ex-
perimental demands of simultaneous high pressure
and high temperature could not be satisfied. Percy
Bridgman, shortly after the turn of the century,
began a study of high pressure effects that was to
continue throughout his scientific career.’ Even his
highly ingenious techniques, however, did not extend
the pressure—temperature limits to those of metal-
lurgical interest. As late as 1951 calculations showed

*See references.
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that pressures attained in the laboratory up to that
time were too low to alter significantly the kinetics
and morphology of high-temperature austenite de-
composition.® In 1952, however, Kulin, Cohen, and
Averbach,” using a Bridgman apparatus at subzero
temperatures, demonstrated that high pressure low-
ered the martensite start (M,) temperature.

The present generation of high pressure studies
had its beginning in 1955 with the work at the Gen-
eral Electric Laboratory, which culminated in the
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FIGURE 1. Iron-carbon phase equilibria as a function
of temperature, composition, and pressure

syntheses of diamonds.® Here at last were the pres-
sures and temperatures needed by the metallurgist.
Hilliard applied these ultra-high pressure techniques
to a study of the phase equilibria, summarized in
Figure 1, and showed that composition and tempera-
ture of the eutectoid point were lowered to 0.49% C
and 660 C (1220 F) at 80 kbar} and to 0.18% C and

11 kilobar = 14.5 ksi = 14,500 psi = 987 atmosphere.



580 C (1076 F) at 60 kbar. Subsequent work by the
General Electric and ManLabs groups showed that
pressure markedly retarded the rates of austenite
decomposition. 1011 Thus, these studies indicated that
pressure, of the order of tens of thousands of at-
mospheres, has a very significant metallurgical ef-
fect. In the particular case of austenite decomposi-
tion, the phenomenological base for the existing
theories of the reaction, namely the phase equilibria,

FIGURE 2. Tetrahedral anvil press

A Graphite
B Boron Nitride

C Graphite Cloth A
D Specimen
E Pyrophyllite

NS

FIGURE 3. Arrangement of the working chamber within
the tetrahedral anvil press

T. G. NILAN 58

and the morphology and kinetics of formation of the
reaction products are all pressure-dependent. The
value of the pressure variable as an investigative tool
in clarifying the mechanisms of austenite decompo-
sition is predicated on a progressive effect, or con-

FIGURE 4. Electron micrograph of hypereutectoid mor-
phology developed in 0.82% C steel at 480 C (900 F)
and 30 kbar
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tinuity of these mechanisms up to ultrahigh pres-
sures. A discontinuous change in morphology or
kinetics at pressures above atmospheric would com-
pound, rather than alleviate, the difficulty of inter-
pretation. The Applied Research Laboratory of U. 8.
Steel is currently engaged in a study, in some detail,
of austenite decomposition under pressure to de-
termine whether such continuity of mechanism ex-
ists, and if it does, to use the results to cast more
light on the basic nature of the processes involved
in the response of steel to heat treatment.

The pressure-generating device used (Figure 2)
is an 8,000-ton-capacity tetrahedral anvil press com-
posed of four “platens” (three are shown here), each
containing a 16-in.-diameter piston. At the maximum
fluid pressure of 20 ksi,* each anvil exerts a 2,000-
ton force on the solid experimental volume, develop-
ing a pressure of 70 kbar, or over 1,000,000 psi on
the specimen. The experimental volume, shown in
exploded view (Figure 3), is a pyrophyllite tetra-
hedron, 3 in. on edge, machined to accommodate
both a %4-in.-high by 34-in.-diameter specimen and
heating devices. The heaters are graphite cloth discs,
connected by graphite tabs to two of the anvils and
in turn to the electrical current supply. The remain-
ing two anvils connect to the chromel-alumel thermo-
couple, which contacts the specimen. The specimen
is encapsulated in boron nitride to minimize non-
hydrostatic shear stresses at the specimen. This ar-
rangement has permitted anneals of several hours
duration at 1095 C (2000 F) for austenitization and
isothermal anneals as long as a week at 595 C (1100
F), and lower, for transformation studies.

The experimental work has been primarily con-
cerned with 0.44 and 0.82% C steels. The 0.829 C
steel, eutectoid at one atmosphere, becomes increas-
ingly hypereutectoid with increasing pressure. This
is reflected in the microstructure observed (Figure
4). At 30 kbar, transformation of the 0.829, C steel
at 480 C (900 F') produces a hypereutectoid morphol-
ogy with grain boundary and Widmanstéitten car-
bides.

The temperature—pressure section (Figure 5) of
the pressure-phase diagram of the iron—carbon Sys-
tem at 0.449 C shows that as pressure increases,
this material, which is hypoeutectoid at one atmos-
phere, becomes eutectoid at 24 kbar and hypereutec-
toid above 24 kbar. The microstructure as a function
of pressure ranges from hypoeutectoid at one at-
mosphere (Figure 6) where the proeutectoid com-
ponent is ferrite, through eutectoid at 24 kbar to
hypereutectoid at 384 kbar, where now the grain
boundary phase is cementite, (Figure 7).

Perhaps the most significant effect of pressure
(Figure 8) is the greater hardenability of steel
transformed under pressure. Here are plotted the
TTT diagrams of the 0.449 C steel at one atmos-

*1 ksi = 1000 psi = 6.9 MN/m2

FIGURE 6. Light micrograph of 0.44% C steel as normal-
ized at one atmosphere

FIGURE 7. Electron micrograph of hypereutectoid micro-
structure of 0.449% C steel transformed at 480 C (900 F)
and 34 kbar



phere and at the eutectoid pressure of 24 kbar. The
nose of the C curve has been displaced by pressure
from approximately 0.6 sec at one atmosphere to 600
sec at 24 kbar—a 1000-fold increase in transforma-
tion start time. The A, and M, temperatures have
been lowered respectively by about 55 C (100 F) and
110 C (200 F).

The microstructures developed at 24 kbar, through
the pearlite and bainite reactions down to 315 C
(600 F), are morphologically similar to those ob-
served in eutectoid decomposition at one atmosphere.
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FIGURE 8. Isothermal transformation diagrams of 0.44%
C steel at one atmosphere and at 24 kbar

FIGURE 9. Light micrograph of bainite formed at 315 C
(600 F) and 24 kbar
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In particular, the bainite formed at 315 C (600 F)
and 24 kbar (Figure 9) retains the acicularity of
one-atmosphere bainite. To investigate this morph-
ology in greater detail, a two-surface study was car-
ried out at electron-microscope magnifications. In
Figure 10 are shown mutually perpendicular sec-
tions of bainite laths. Note that on both planes bain-
ite appears similar in character with small carbides
oriented mostly transverse to the length of the
lath. With the technique employed, as can be seen,
there is no edge rounding of the specimen. Figure 11,
another area of the same specimen, shows dissimilar
structures on the two surfaces, that is, the pre-
dominantly transverse carbide arrangement on one
surface, while on the other the carbides are parallel
to the longitudinal axis of the lath. These microstruc-
tures are interpreted as different sections of one
morphology. The habit plane of the bainite lath
structure was found to be the same as that found
in bainite formed in eutectoid decomposition at one
atmosphere.12 13

The correspondence of the microstructures found
after transformation of the 0.4% C steel at eutectoid
pressure with those observed in eutectoid decompo-
sition at one atmosphere was not observed in the
290 C (550 F) transformations. At this temperature,
a “blocky,” columnar morphology is evident (Fig-
ure 12). This 290 C (550 F') transformation product
nucleates preferentially at grain boundaries, as does
fine pearlite, and definitely lacks the acicular charac-
ter of higher temperature bainite. At much higher
magnification (Figure 13), the microstructure
formed at 290 C (550 F') and 24 kbar, is composed
of fan-shaped regions of fine carbides originating
from a point just below and slightly to the left of
center and is sheathed on the sides by a coarser fer-
rite—carbide aggregate. The advancing front is al-
most planar and unsheathed. The characteristics of
this columnar bainite are more clearly evident (Fig-
ure 14) in a 290 C (550 F), 30 kbar transformation
of the 0.82% C steel. The sheath carbides are, in gen-
eral, perpendicular to the axis of the fan-shaped
region. The primary structure is considered to be
the fan-shaped carbide area and the sheath, a sec-
ondary growth structure. This microstructure is not
new, but it has not been reported in carbon steels
below 1.49% C at one atmosphere. Greninger and
Troiano!3 and Vilellal* presented light micrographs
of this structure in 1.4 and 1.8% C steels, as did
Jellinghaus'® and Speich and Cohen,16 in high-carbon
steels alloyed with manganese and chromium. This
structure occurred at temperatures between 290 and
345 C (550 and 650 F) in all cases.

Figure 15 presents a possible rationale for the ap-
pearance of this microstructure. Here is depicted
the carbon dependence of the My temperature at one
atmosphere and at 30 kbar. The shaded region above
the one atmosphere M, represents the region in
which Matas and Hehemann!? observed the bainite
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FIGURE 10. Electron micrograph of orthogonal section FIGURE 12. Light micrograph of columnar bainite formed
of 8156 C (600 F') — 24 kbar bainite exhibiting the same at 290 C (550 F') and 24 kbar
structure on both surfaces

1

FIGURE 11. Electron micrograph of orthogonal section FIGURE 13. Electron micrograph of columnar bainite i

of 8315 C (600 F) — 24 kbar bainite exhibiting dissimilar formed in 0.449 C steel at 290 C (550 F') and 24 kbar !
structure on each surface



decomposition sequence, y > e-Carbide + « — Fe;C
+ o, that is, the same sequence as observed in the
tempering of martensite. The points designate the
composition and temperature at which the columnar
microstructure has been observed at one atmosphere
or at high pressure. Note that the high-pressure

FIGURE 14. Electron micrograph of columnar bainite
formed in 0.82% C steel at 290 C (550 F') and 30 kbar
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FIGURE 15. Relationship of columnar microstructures to
martensitic reactions

T, G. NILAN 62

points are located at a lower temperature than the
one-atmosphere points by approximately the same
amount as the pressure lowers the eutectoid temper-
ature. It is hypothesized that the columnar bainite
process is a nucleation-and-growth reaction that will
occur only in the absence of a lower bainite reaction
related to the martensitic process. In this scheme,
Figure 16, the bainitic reaction occurring above the
M, is considered to be the isothermal growth of
martensite embryos, which can occur over a tempera-
ture range above the M. Where the embryo reaction
overlaps the nucleation-and-growth processes, the
nucleation reaction is overriden. At one-atmosphere
and low-carbon levels the upper temperature limit of
the embryo process is sufficiently high that the col-
umnar reaction, presumed to be a nucleation reac-
tion, does not occur. However, high-carbon and alloy
levels depress the M, temperature and the upper
temperature limit of the embryo process so that the
columnar morphology can form at one atmosphere.
High pressure, with its concomitant depression of
the martensitic reaction temperatures, similarly
permits this structure to form at the lower 0.4 and
0.8% C levels.

With regard to the morphology of austenite de-
composition at high pressure, these results indicate
that the pressures thus far investigated do not lead
to microstructures substantially different from those
found in steel heat-treated at one atmosphere. How-
ever, in each particular steel the microstructures,
and hence the decomposition mechanisms, are inti-
mately related to the phase equilibria existing at the
time of transformation and change as the phase re-
lations are shifted at high pressure.

Ae1

NUCLEI

Temperature

Time

FIGURE 16. Schematic TTT diagram of nuclei and embryo
reactions
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Preliminary work has been started on the effect
of pressure on alloyed steels. A 0.249 Mo addition
was made to the 0.4% C steel discussed earlier, and
isothermal transformation studies were carried out
at the eutectoid pressure of 24 kbar. The TTT re-
sults (Figure 17) once again indicate the marked
retardation of the decomposition by pressure and
also reveal the effect of the molybdenum addition in
the steel by the separation of the pearlitic and bain-
itic reactions.

When a comparison is made between the data for
the molybdenum-bearing steel and those for the steel
without molybdenum (the dashed curves), it is evi-
dent that there are disparate pressure effects on the
pearlite and bainite reactions. The austenite grain
size at 24 kbar was the same for both steels. The
bainite reactions in both steels are essentially the
same at 24 kbar; however, the pearlite reaction in
the molybdenum-alloyed steel is retarded to a greater
degree, there being a maximum increase of 50-fold
in transformation start time for the molybdenum
steel at 480 C (900 F'). Blanchard, Parke, and Her-
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FIGURE 17. TTT diagrams of 0.4% C — 0.249% Mo steel at
one atmosphere and at 24 kbar and comparison with
TTT curve of 0.4% C steel at 24 kbar
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zig of the Climax Molybdenum Laboratory,!8 in their
study of the effect of molybdenum on eutectoid de-
composition at one atmosphere, found the same time
—temperature separation of the reactions and dis-
parate effects on the rates of the bainite and pearlite
reactions. According to their data, 0.249% Mo in-
creases the maximum transformation start time by
30-fold at one atmosphere. Once again, austenite de-
composition reactions operative at eutectoid compo-
sition at one atmosphere are found to be essentially
the same as at eutectoid pressure, though the rates
are retarded.

Figure 17 illustrates two determinants of the
transformation rate of austenite—alloy concentration
and pressure. Ever since Davenport and Bain!® dis-
played the kinetics of austenite decomposition in the
form of TTT diagrams, efforts have been made to
determine the nature of the rate-limiting processes.
What are the rate-limiting processes? Carbon dif-
fusion, diffusion of solute atoms, and the mobility of
the interface between the transformed and parent
phases have been proposed, but it has not been pos-
sible to decide between them on the basis of one-
atmosphere transformation data alone.

Sufficient data are now available to attempt an
analysis of decomposition kinetics in terms of the
pressure variable. Referring to the TTT diagram for
the 0.829% C steel in Figure 18, the pressure phe-
nomena that must be accounted for are (1) the in-
crease in transformation start time and (2) the
increase in time from start to completion of trans-
formation. The first factor is principally dependent
on the rate of nucleation of the decomposition prod-
ucts, and the second primarily on the rate of growth
of the new phases. Johnson and Mehl2° described the
progress of transformation analytically in terms of
these rates, and such an analysis can be used here if
it is restricted to the transformation start curve.2t.22
The mathematical expression for fraction trans-
formed at a given temperature,

f=1— e—(7/3)Iu3t4 (1)

gives the fraction f in terms of I, the nucleation rate;
u, the growth rate; and t, the time at temperature.

The transformation start curves at one atmosphere
and at pressure both denote the same fraction trans-
formed, f, = f,, and hence, the fractions being equal,
the exponents of equation (1) are also equal.

Lult,t = Lu 34 (2)

In the present work, the transformation times have
been determined. Hilliard2?? has measured the
changes in growth rate of pearlite at 30 kbar. The
change in nucleation rate due to pressure can then
be obtained in terms of ratios of rates and times at
high pressure to those at one atmosphere.

() (=) e

I, u, t,



Now, for the 1000-fold increase in transformation
start time observed and the 40-fold reduction in
growth rate found by Hilliard, this relation indi-
cates that 30 kbar pressure reduces the nucleation
rate by a factor of 16,000,000.

The energetics of a nucleation process are de-
scribed in Figure 19. Below T, where phase II is
stable, the formation of nuclei will initially entail
an increase in energy, because of surface energy
increments; but beyond the critical size i* volu-
metric energy changes dominate and result in a net
energy decrease and nucleation of the new phase II.
The energy barrier A*g must be exceeded before the
phase II is nucleated.

The energy increase upon nucleation, A;g, is given
in terms of the nucleus size (i), the interfacial sur-
face energy (g), and the free-energy difference be-
tween phases I and II (Ag).

Ag = a¢i?’3 — Agi (4)
Ag is pressure dependent as
Apg = Ag — P&V (5)

If the volume change (8v) upon transformation is
positive, that is, a volume increase, Ag will be re-
duced as in the case of austenite decomposition. The
pressure-induced changes in the nucleation barrier
and the critical nucleus size can then be derived to be

_ __A'g
Ap*g - ( 1 B PSV ) 2 (6)
A8
3 %
i = — )

EE)
Ag
The nucleation barrier and critical nucleus size will

be greater at high pressure than at one atmosphere;
thus, nucleation will be inhibited by pressure.

The kinetics of nuclei growth will be dependent
on (Figure 20) (1) the energy difference between
phase I and II (Ag), (2) the amount of work that
must be done in the process of transformation
(A*f), and (3) the rate at which attempts to trans-
form occur (v,). The net frequency of transforma-
tion () will be the difference between the frequency
of transformation from I to II and the reverse trans-
formation, II to I.

A < _A_g>
V = vy —11 — Vin—1 = V€ KT \] —e KT (8)

The nucleation rate, I, is then given by N* n*p/,
Arg

where N* = Ne kT is the number of nuclei of criti-
cal size; n* = bi*2/3, the number of atoms surround-
ing a nucleus capable of rendering it viable, and
finally, ', the frequency at which these atoms trans-
form. If one assumes that the transformation process
involved in nucleation is the same as that occurring

T. G. NILAN 64

in the subsequent growth of the nucleus, then the
growth rate u can be expressed as )/, where ) is
an increment of linear growth of phase II. One can
then write

_AgN _ At Avg
I= vobi*2/3N<l —e kT)e kT (9)

A _ Ls
N () 10

The factors Ag and A*f in these expressions are
pressure dependent. As before, A,g, the one-atmos-
phere energy difference, will be decreased by pres-
sure if §v is positive. The transformation barrier
potential A*,f will be modified by the amount Pv*,
where v* is termed the activation volume of the
transformation process.

A *f = AJf + Pv¥ (11)

When the expressions for nucleation and growth
rates are written in terms of these energies at one
atmosphere and at pressure, ratios of the trans-
formation rates at one atmosphere to those at high
pressure can be obtained.

Free Energy of Formation

_ <T
(gngl)<0.T c

A*g

Nucleus Size

FIGURE 19. Energetics of nucleation

FIGURE 20. Energetics of the transformation from phase
I to phase II
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P (v* + §vi *)

L _ (,_ Pw

I, ~ ( 1- Ag ) kT (12)
Py

u, . ekT

u, (1_ Psv (13)
Ag

It was shown in equation (2) that through the
Johnson-Mehl equation, transformation times are
related to nucleation and growth-rate ratios. Thus,
it is possible to obtain the ratio for transformation
start time at pressure P to that at one atmosphere
at a given temperature in terms of the parameters
of transformation §v, V* and nucleus size i*,

Ho[L (w2 ]V (,_Pav)\-iz EeHfdln
el )T (g

(14)

Note that the ratio of transformation start times is
exponentially dependent on the pressure P. There-
fore, while 30,000 atmospheres results in a 1000-fold
increase in transformation start time, 1000-atmos-
phere pressure would increase the start time by only
25%. Only when pressure is of the order of 10,000
atmospheres and higher are the pressure effects on
austenite transformation rates of consequence. Now,
8v, the volume change on transformation at pressure
is approximately the same as for transformation at
one atmosphere, 0.1 cc/mole at 480 C (900 F). The
energy difference, A g, at one atmosphere and 480 C
(900 F) is known, 850 cal/mole. u,/ u, and t,/t, were
determined from the pressure studies. Hence, v* and
i,* can be calculated from the derived expressions.
For the time ratio equal to 1000 and the growth rate
ratio equal to 40, as determined at 30 kbar, the acti-
vation volume for austenite decomposition (V*) is
found to be 7 cc/mole at 480 C (900 F). Hilliard and
Tully?* determined the activation volume for carbon
diffusion in austenite to be approximately 1 cc/mole.
Therefore, carbon diffusion does not appear to be the
rate controlling process. On the other hand, 7 ce/mole
is somewhat larger than the activation volume ob-
served in self-diffusion or substitutional atom dif-
fusion, which for iron is 6 cc/mole,25.26

It is not likely that the rate-controlling step is
determined by bulk diffusion of either carbon or lat-
tice atoms. Frye and coworkers have shown that the
activation energies for the austenite decomposition
process are composition-dependent and are consider-
ably lower than those observed for lattice atom dif-
fusion.?” Their proposal that the rate-controlling
process is localized at the phase interface seems to be
supported by the present investigation and analysis.

The size of the critical nucleus at one atmosphere
and 480 C (900 F), i¥, is computed to be 280 atoms.
This size is consistent with Turnbull’s estimate of
nucleus size.28

This analysis has been premised upon the pres-
sure-dependence of Ag and the barrier potential A*f.

Hagel, Pound, and Meh!2® determined the composition-
dependence of Ag, and the work by Frye2? provides
evidence of the dependence of A*f on the alloy con-
tent of the steel. The analysis derived above in terms
of the pressure variable, can be carried through
in terms of alloying-element concentrations. The
changes in Ag and A*f are expressed as a coefficient
multiplied by the percentage of alloying element in
the steel as:

Ag' =Ag+a% (15)

A*f' = A*f +b% (16)

In the expressions the primed quantity in each in-
stance refers to the alloyed material. The expressions
for growth rate and transformation time ratios will
then be:

b%
u_;, e (17)
u 1 + a_%
A.g
t a% \ 12 % (b— 14 ai*)
L. a7 L 0-Adl]) 4
& ( 1+ Aog) e ¥T (18)

In the case of manganese, which decreases the driv-
ing force Ag, the coefficient a is negative; manganese
also increases the activation barrier (A*f), hence,
the coefficient b is positive. Thus, for manganese
steels, these expressions would indicate a slower
growth rate and longer transformation time, that is,
increased hardenability. On the other hand, the co-
efficient a is positive for cobalt, and the coefficient b
is negative, indicating that cobalt additions increase
the growth rate and shorten the transformation
time; this is, in fact, the observed effect of cobalt on
the transformation kinetics of steels.

For the case of several alloying additions, the
changes in Ag and A*f will be additive for small alloy
levels,

Ag’ :Aog+al%l+a2%2 (19)
A = A*f +b,%; + bo%» (20)
The resulting expression for the ratio of transforma-
tion start times involves a multiplication of exponen-
tial factors of the individual alloy concentration.
Jor(b1 ~ %ai0*)
a1%;1 + 3, %5\ "1/2 kT
Ag €

Zoz (b2 — Yazio*)
kT

X e (21)

t'/t, = (1 +

When the exponential terms are expanded to first

order,
’

E=A+B%) Q+B%y)  (22)

0
the result is consistent with the empirical expression
for the calculation of hardenability (the pre-expo-
nential factor is of the order of one) where multiply-



ing factors are used to express the individual
hardenability contribution of alloy elements. At the
present time, alloy steels are being investigated and
this analytical approach is being assessed.

In summary, there is no question but that high
pressure is an important metallurgical variable. The
effects of pressure on austenite decomposition are
not discontinuous and, within the limits of pressure
investigated, have not produced microstructures that
would indicate a fundamental change by pressure in
the mechanisms of decomposition. The decomposi-
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tion processes are intimately related to the phase
relationships, producing similar morphologies for
the same relationship whether that relationship is
determined by composition or pressure. With such
continuity of mechanisms up to high pressures, the
pressure variable should be a powerful investigative
tool, yielding not only information on pressure ef-
fects per se, but, by improving our understanding of
basic metallurgical phenomena, it may help mate-
rially in the systematic optimization of steel com-
positions and heat treatment at one atmosphere.
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ORAL DISCUSSION OF

Austenite Decomposition at High Pressure

S. V. RADCLIFFE (Case Institute of Technology). There
is some recent work by Homan at Waterliet Arsenal*
which clearly indicates, in the temperature range of
interest, a significant effect of pressure on carbon dif-
fusion in alpha-iron.

One of the points which kept coming out during the
talk was that pressure only modifies slightly the struc-
tures formed on austenite decomposition. However,
everything we have talked about this morning deals with
what are really metastable structures which form in the
Fe-C system, i.., not the equilibrium iron-graphite
system. I would not like this audience to go away with
the idea that decomposition behavior at pressure is a
simple continuation of that at atmospheric pressure. In
fact, there is direct experimental evidence** that one
can create completely different structures at pressure
from those discussed here. This is not to question the
“continuity” of the effect; obviously if the pressure is
raised progressively, there is a corresponding shift of
the phase boundaries, a retarding effect on the kinetics,
and a modest change in structures. However, at some
point, another intermediate transformation may take
over, as being capable of a higher rate under the im-
posed conditions. Thus for example, there can be direct
precipitation of carbide from austenite, and conse-
quently, the bainitic structures do not appear.

AUTHOR’S REPLY. I have made a comparison between
the activation volume for the transformation (7 cc/
mole) and the activation volume for carbon diffusion in
austenite (1 cc/mole) to put in question those theo-
retical models of the transformation in which the dif-
fusivity of carbon in austenite is considered to be the
rate-limiting step. The work by Homan, which to my
knowledge has not yet been published, would also neces-
sitate a reexamination of those theories of pearlite
growth based upon carbon diffusivity.

The fact that we do not observe decomposition phe-

*C. G. Homan and J. F. Cox, Physics of Solids at High Pressures,
Academic Press, New York, 1965

“*S. V. Radcliffe, M. Schatz and S. A. Kulin, J. Iron and Steel Inst.
(London), 201. 143 (1963)
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nomena in our pressure studies which would indicate a
fundamental change in decomposition mechanisms
should not be extrapolated beyond our studied range of
pressure. It is entirely reasonable to expect modifica-
tions of these mechanisms by sufficiently high pressure.
It is important, however, to recognize that, within a
range of pressure in which there are significant changes
in kinetics and morphology of the decomposition of
austenite, the fundamental mechanisms appear to be
the same as at one atmosphere. The aim of our studies
is to exploit the pressure variable as a means to clarify
one atmosphere phenomena, and such continuity of
mechanisms is essential for our purpose. There are dif-
ferences in detail with increasing pressure even within
this range, just as variations in composition will change
the details of morphology at one atmosphere. Gross
morphological changes, however, were not found. The
columnar bainite microstructure is an example.

M. CoHEN (Massachusetts Institute of Technology).
What is the carbide in that constituent?

AUTHOR’S REPLY. The carbides extracted from the col-
umnar bainites were found to be FesC. There was no
evidence of € carbide.

D. L. ALBRIGHT (International Harvester Research).
When you used the two surface technique to examine the
bainite and subsequently disputed the 55° growth form,
did you observe any other preferred angle of growth?

AUTHOR’S REPLY. From the two surface micrography
study we have proposed a spatial arrangement for the
carbides that would give rise to the various observed
microstructures when sectioned. The bainite structure
is considered a lath with the lenticular carbides arrayed
parallel to the direction of most rapid growth of the
lath and to the smaller transverse lath dimension. A
transverse section would then show the carbides per-
pendicular to the longer transverse dimension, as can be
inferred from Figure 10.



Bainitic Microstructures
in Low-Carbon Alloy Steels
and Their Mechanical Properties
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and Associate Professor at the University of Li¢ge

INTRODUCTION

Since Davenport and Bain succeeded in 1930 in pro-
ducing by isothermal treatments a structure interme-
diate between the equilibrium constituents of steel
and martensite, a considerable number of investiga-
tions have been carried out in this field.1-5* They have
been aimed at determining the kinetics of formation
of this intermediate structure on the one hand and its
mechanical properties in view of possible practical
applications on the other. The more recent studies
devoted to bainitic structures clearly reveal these two
lines of thought. Some have a fundamental character
and concern mainly the thermodynamics and more
particularly the kinetics of the bainite reaction;
while others have more practical aims, mostly con-
cerned with the mechanical properties of bainitic
structures.

In our opinion, it is useful to emphasize here the
difference between these two points of view. Indeed
the interpretation of the observed phenomena, at
least from the fundamental viewpoint, must be
sought in the most intimate mechanisms of solid-
state transformations. In this respect, transmission
electron microscopy is a particularly good means of
investigation. On the other hand, the user is inter-
ested in the mechanical properties of bainitic struc-
tures and it appears possible to relate the tensile
strength, impact toughness and ductility to more

*See references.
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“macroscopic” factors such as the bainitic grain size,
and the size and distribution of carbides.

Furthermore, whatever point of view is adopted,
due consideration must be given to whether the baini-
tic structures are the result of an isothermal trans-
formation or whether they are produced on continu-
ous cooling. Actually, the paths followed by the
austenite in the metastable field — that is, between
the A; point and the temperature at which transfor-
mation starts — are vastly different in the two cases.
As a result, although the fundamental mechanisms
involved do not necessarily differ, their effects, that
is, the microstructures produced, can.

The present trend in the field of structural steels
is to increase their alloy content with a view to ob-
taining high strengths without having to resort to
heat treatment. As a result, increasing amounts of
bainitic structures can be expected in parts made
from such steels, even from the so-called low-alloy
grades. In fact, some steels are already being used in
the fully bainitic condition. Accordingly, it becomes
increasingly necessary to improve our understanding
of the intermediate structures and in particular to
determine the factors underlying the strengthening
of the bainitic structures and to evaluate the possi-
bilities of influencing the intrinsic properties of these
structures through modifications in composition or
thermomechanical treatment. This kind of knowl-
edge would make it possible to define composition



ranges that would be conducive to improved strength
combined with a given set of other mechanical prop-
erties.

The present paper is intended as a contribution to
the above topics. We shall first describe the interme-
diate structures occurring in steels, especially those
with a fairly low carbon content (under 0.3%). This
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will enable us to ascertain the hardening mechanisms
operative in bainite and to propose a tentative trans-
formation mechanism. In the second part of the
paper, a study of the mechanical properties of the
various structures occurring in the bainitic field will
let us determine whether a given structure is more
beneficial than another.

PART ONE. MICROSTRUCTURES IN THE INTERMEDIATE TRANSFORMATION FIELD:
THEIR CHARACTERISTICS AND KINETICS OF FORMATION

GENERAL DEFINITION OF BAINITIC
STRUCTURES

The definition of bainite currently found in technical
literature? 8 is along the following lines: Bainite is
a constituent of steels which is formed by the decom-
position of austenite within a temperature range
located between the field of martensite formation and
that of ferrite and pearlite formation. This constitu-
ent consists of an aggregate of acicular ferrite and
carbides. Its morphology changes progressively with
the transformation temperature in that the size of
the particles and the acicularity of the structure
increase as the temperature decreases. The bainitic
transformation field is often divided into two parts
according to the structural aspect of the product. In
many steels the transition between the two types of
structure lies around 350 C (660 F). As a first ap-
proximation, this temperature does not seem to be
greatly dependent on composition.

Numerous electron-microscopic investigations have
shown that in lower bainite, i.e., that obtained below
350 C (660 F), the carbides lie at an angle of approx-
imately 60° to the axis of the ferrite plates.239 In
general, the tips of the ferrite plates are tapered and
appear to be free of carbides. The lateral boundaries
of the plates are often practically plane and the car-
bides are in contact with them.1® According to the
ASTM Subcommittee No. XI,2 Hehemann* and
Pomey,!! the first type of carbide to form is € iron
carbide. Cementite, however, is generally substituted
for this carbide at a later stage. Nevertheless, the
ferrite seems to remain saturated with carbon.

Upper bainite, which forms above 350 C (660 F),
comprises larger ferrite plates bounded by FezC pre-
cipitates formed directly from the austenite. The
carbides lie parallel to the direction of preferred
growth of the ferrite plates. During the formation
of upper bainite, the carbon content of the austenite
increases so the ferrite formed is practically free of
carbon. According to some authors, enrichment of
the austenite in carbon also precedes the transforma-
tion.3 12-16 Finally, the ferrite plates produced in the
upper part of the temperature range for bainite

transformation are very large and often are sur-
rounded with groups of cementite particles formed
in the supersaturated austenite.

IDENTIFICATION AND MORPHOLOGY
OF INTERMEDIATE STRUCTURES IN
LOW-CARBON STEELS

In the course of several investigations concerned
with the morphology and mechanical properties of
various steels, we have had the opportunity to ob-
serve numerous aspects of the so-called bainitic
structures.? 17-21 In many cases we have been able to
show the occurrence of structures that did not cor-
respond to the accepted definition given above in
medium or low-alloy steels with up to 0.3% C treated
in the intermediate range. These structures consisted
of ferrite and carbon-rich zones, partly transformed
into martensite, that did not necessarily contain car-
bides. It should be noted that these structures were
more easily produced by continuous cooling than by
isothermal holding.

Steels Investigated

The chemical compositions of the steels that will be
discussed in the present paper are listed in Table 1.
The steels chosen were not only low-carbon steels but
also some high-carbon steels and one ferrous alloy to
permit a comparison of the structures obtained. They
include:

a eutectoid steel with 0.87% C investigated by
ASTM Subcommittee XI

a chromium-vanadium steel with 0.68% C and a
nickel-chromium—molybdenum die-block steel

a chromium—cobalt ferrous alloy with under
0.005% C

a chromium—molybdenum tubing steel

a group of low-alloy structural steels

an ultrahigh-strength nickel-cobalt steel

Typical continuous-cooling transformation dia-
grams as well as micrographs of representative
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FIGURE 1. CCT diagram of 234 % Cr—1% Mo steel V. Electron micrographs, plastic negative replicas, of structures
produced in bainitic range on continuous cooling at indicated rates
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One hour at 500 C (930 F)
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2 60 C/min
(110 F/min)

One hour at 550 C (1020 F)

FIGURE 2. CCT diagram of 1.59% Mn-0.5% Mo-B steel
VIL. Electron micrographs, plastic negative replicas, of
structures produced in bainitic range on continuous
cooling at indicated rates (mo. 1, 2 and 3) and on iso-
thermal holding (no. 4 and 5). (See diagram on opposite
page)
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TABLEI Chemical Composition of Steels Investigated*
%C %Mn %Si %S %P %Cr %Mo %Ni %V %B % Other
II Eutectoid Steel 0.87 0.44 0.17 0.021 0.013 0.21 — 039 — — —
XI 1% Cr-V Steel 0.63 049 025 — — 0.92 0.056 — 0.2 — —
XII Die-Block Steel 054 055 026 — — 1.16 048 4.12 — — 080 W
III Fe-12% Cr-10% Co Alloy 0.006 — — — — 12. — — — — 10 Co
V 2% % Cr-1% Mo Steel 0.11 041 043 0.012 0.012 2.10 1.02 025 — — —
VII 1.56% Mn-0.5% Mo-B
Structural Steel 021 1.46 0.38 0.019 0.016 — 0.45 — — 0.0017 —
VIII 1% Cr-0.5% Mo Structural Steel 0.19 0.60 0.30 0.021 0.023 1.07 048 — — —_ 0.047 Al
IX 1% Cr-0.5% Mo-B
Structural Steel 0.19 0.62 0.36 0.025 0.022 1.03 049 — —_ 0.006 0.041 Al
X 2.7% Ni-0.9% Cr—0.26% Mo-B
Structural Steel 0.19 0.57 0.35 0.009 0.018 0.87 0.25 272 0.10 0.0017 —
XIII 9% Ni-4% Co Ultrahigh-
Strength Steel 0.32 0.13 0.15 0.005 0.090 — — 9.056 — — 4.07 Co

* Weight percent.
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structures are shown in Figures 1 through 6. The
cooling rates of the continuously cooled specimens
illustrated in the micrographs are indicated in the
diagrams by arrows while the horizontal lines refer
to the isothermally transformed specimens.

We do not intend to consider systematically each
of the steels listed above. Rather, we shall endeavor
to define for each the different aspects of the inter-
mediate structures that can be obtained. We shall
then attempt to classify these structures and to com-
pare them with conventional bainites.

Methods of Investigation

The continuous-cooling transformation diagrams
were established by thermal and dilatometric analy-
sis combined with metallographic observations.

Dilatometric Analysis A special dilatometer
was used to achieve the widest possible range of
cooling rates with good reproducibility of tests. The
principle of this dilatometer is described at length in
the papers listed under reference 22 and may be
briefly outlined as follows: Changes in the length of
the specimen are transmitted to a displacement sen-
sor (differential transformer) and alter the balance
of an AC Wheatstone bridge. After amplification and
filtering, the out-of-balance voltage is fed to a record-
ing potentiometer. Consequently, the displacement of
the recording pen is proportional to the variation in
length of the specimen. A second potentiometer con-
nected to a thermocouple welded to the specimen
records the latter’s temperature as a function of time.
The specimens were cylinders, 4 mm in diameter
by 30 mm long. For the tests involving the fastest
cooling rates, the specimen diameter was reduced to
2.6 mm to decrease the thermal inertia. The cooling
rates that were achieved ranged from 750 to 3600
C/hr (1350 to 6480 F/hr.) It should be added that
the accuracy of the measurements decreased as the
cooling rate approached either limiting value.

Absolute Thermal Analysis The curves indi-
cating the noses of the stable or metastable transfor-
mation in some grades lie very close to the vertical
axis with transformation setting in after times of
the order of 0.01/0.1 sec. In these cases it was neces-
sary to resort to absolute thermal analysis. The prin-
ciple of the apparatus used is given in references 23
and 24. The specimens were small discs, 4 mm in
diameter by 0.5/2 mm thick, with very low thermal
inertia. The temperature was measured by means of
a thermocouple welded to the specimen. Cooling rates
from 2 t0 900 C/sec (3.6 t0 1620 F/sec) were achieved
by blowing compressed nitrogen over the specimen.
/
Metallography and X-Ray Diffraction Exten-
sive use of the replica technique in electron metallog-
raphy often made it possible to differentiate clearly
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FIGURE 7. Typical structures of conventional upper and
lower bainites in high-carbon steels. Electron micro-
graphs, plastic negative replicas. 5000 X
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among the structures present, especially in the bain-
itic field, even at relatively low magnifications of the
order of 5000 X.

We made a special effort to obtain the maximum
amount of information on the austenitic-martensitic
structures encountered. The metallographic tech-
niques let us estimate the volume percentage of these
structures while the percent austenite could be deter-
mined by an X-ray analysis method. The latter newly
developed method is based on statistical treatment of
the data by computer so the detrimental effects of
extinction and microabsorption can be eliminated.2s

Finally, more exhaustive structural analyses were
carried out on selected specimens by electron micro-
scopy using the thin-foil technique. The joint use of
diffraction and microscopy made it possible to define
the orientation relations among the structures.

Characteristic Microstructures

Our systematic investigation resulted in the identi-
fication of several types of microstructures as having
been produced in the intermediate transformation
zone on isothermal holding as well as continuous
cooling.

In the isothermal transformation (IT) diagram,
the bainitic field is usually divided into two horizon-
tal bands corresponding to upper and lower bainite
(Figure 7). By analogy, the bainitic field in a con-
tinuous-cooling transformation (CCT) diagram can
be divided into two or more vertical bands corres-
ponding to different types of bainites. The analogy
will be complete if the variable plotted along the
horizontal axis is not elapsed time but the cooling
time between two given temperatures, for instance
800 and 500 C (1470 and 930 F'), as shown in Figure
8.

Actually, we were able to identify three types of
structures: ferrite—carbide structures; carbide-free
acicular structures; and almost granular structures
or structures consisting of coarse plates. For some
grades these structures were more clearly distin-
guishable as isothermally transformed than as con-
tinuously cooled; but for most grades they were
better defined in continuous-cooled specimens than
after isothermal transformation.

Ferrite—Carbide Structures The conventional
upper and lower bainitic structures, such as men-
tioned above, occur over the entire bainitic field in
the case of high-carbon steels such as the eutectoid
steel IT and the chromium—vanadium steel XI of this
paper. Isothermal treatments produce well-defined
structures of this type, such as the typical examples
illustrated in Figure 7, micrograph 1 (upper bainite
in eutectoid steel IT) and micrograph 2 (lower bain-
ite in the chromium—vanadium steel XI). On the
other hand, continuous cooling gives rise to a mixture

of these two structures unless the transformation is
substantially suppressed by the prior occurrence of
the equilibrium transformation. As far as the two
high-carbon steels considered here are concerned, it
is known that the bainitic transformation in the
eutectoid steel is suppressed on continuous cooling.
On the contrary, it occurs very distinctly in the
chromium—vanadium steel since the pearlitic trans-
formation in this steel is shifted to the right so
the bainitic transformation has an opportunity to
take place. In this case, the bainitic transformation
is restricted to the left vertical band in the diagram
of Figure 8 and leads to the formation only of ferrite
and carbides. The position and size of the equilibrium
transformation regions make it impossible to obtain
other structures.

There is some occurrence of structures of this type
in lower carbon alloy steels although they are gener-
ally less clearly defined here with a more irregular
carbide distribution. In addition, since the marten-
sitic transformation here occurs at higher tempera-
tures, it often happens that only upper bainite can
form (Figure 4, micrograph 1; Figure 5, micrograph
1; and Figure 8, micrograph 1). Furthermore it is
very difficult to distinguish between lower bainite
and self-tempered martensite. Finally, certain steels
sometimes exhibit significant differences between the
microstructures produced by isothermal holding and
those obtained by continuous cooling as will be seen
later.

It should further be noted that in many low-carbon
low-alloy steels where transformation in the interme-
diate zone occurs on continuous cooling at relatively
low rates, the bainitic transformation follows the
formation of a large amount of proeutectoid ferrite.
It then produces microstructures of the type repre-
sented in Figure 8, micrograph 3. Here again mix-
tures of structures similar to those observed above
are found with two constituents, ferrite and FeyC
carbides. While distributions of these precipitates
in bainitic ferrite resembling lower or upper bainite
are sometimes found, more-or-less evenly distributed
agglomerates of carbides also occur occasionally.
These agglomerates will be understood better once
we have analyzed the other types of intermediate
structures. They actually form in an austenite whose
carbon content has been raised as a result of the
previous transformation. Thus, up to a certain point,
they may be compared with the structures found in
higher carbon steels. It is also evident that they are
the only structures that perfectly fit the definition of
bainite given above. Actually, they are also the only
intermediate structures that have been investigated
systematically. Recent electron-microscopic examina-
tions and electron-diffraction analyses on thin foils
have established accurately the orientation relations
existing between ferrite, cementite and austenite.18
In particular they have confirmed that in lower bain-
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Cooling Time Between
800 and 500 C
(1470 and 930 F)

Pseudo-pearlite 4 Ferrite
i
J

7
3

FIGURE 8. Three zones in intermediate transformation range defined in terms of temperature and cooling time between
800 and 500 C (1470 and 930 F) and illustrated by typical microstructures

FIGURE 9. Coarse structure in iron—chromium-—cobalt al-
loy III produced by intermediate cooling rate after aus-
tenitizing is similar to massive martensite defined by
Owen and Wilson.5 Specimen austenitized one hour at
1100 C (2010 F') and cooled at 3000 C/min (5400 F/min).
110 X

ite the cementite forms in ferrite plates supersatu-
rated with carbon while in upper bainite the carbides
form in the austenite. This work permits definition
of the kinetics of formation of bainite formation.

Carbide-Free Acicular Structures Structures
differing from those discussed above can be identified
within the intermediate transformation field of low-
carbon steels, especially in the case of the 214 %
Cr—1% Mo steel V, which contains only 0.1% C, as
well as in some of the low-alloy structural steels with
0.2% C. In specimens continuously cooled at the
highest rates giving bainitic structures, etching for
a sufficient time reveals a microstructure consisting
of plates lying side by side and often growing from
an austenite grain boundary. In the case of the 214 %
Cr-1% Mo steel V, no carbides are observed, either
inside the plates or along their boundaries. On the
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other hand, some almost unetched particles can oc-
casionally be detected (Figure 1, micrograph 1). In
the same condition, another steel examined (1.5%
Mn—0.5% Mo-B steel VII) exhibits a lamellar struc-
ture. As indicated in Figure 2, micrograph 1, the
ferrite plates are separated by bands or aligned nod-
ules of the same almost unetched particles.

After isothermal holding, the structures exhibited
by the same steels are somewhat unexpected. In the
chromium-molybdenum steel V, the same structures
as described above are again found after isothermal
transformation in the part of the bainitic field be-
tween 440 and 380 C (825 and 715 F'). On the con-
trary in steel VIII, ferrite—carbide structures often
resembling conventional bainites are observed after
holding one hour at 450 or 400 C (840 or 750 F).
Thus, in this particular case, there is a fundamental
difference between the structures formed on isother-
mal holding and those produced on continuous cool-
ing.

The structures just described are characteristic
of those found in low-alloy low-carbon steels after
transformation in the first bainitic zone (I of Figure
8) on continuous cooling or by isothermal transfor-
mation at temperatures between the M, point and
approximately 450 C (840 F).

Massive or Granular Structures The terms
massive or granular will be used hereafter to desig-
nate respectively the structures consisting of coarse
plates and those with an almost entirely granular
aspect.

Ferrous Alloy 111 In addition to acicular and
lamellar structures, very coarse massive structures
are also observed in alloy IIT in the intermediate
transformation field. The boundaries are very much
indented and often consist of a series of straight
segments. Figure 9 is a typical example. Similar
structures are produced in this alloy by continuous
cooling over a wide range of rates.

0.1% C and 0.2% C Steels (V, VI to X) All these
steels exhibit structures very similar to that shown
in Figure 8, micrograph 2, for a range of cooling
rates varying from one steel to the next. The most
typical structures occur for the following cooling
rates:

Steel V 220 C/min (395 F/min)
Steel VII 60 C/min (110 F/min)
Steel VIII 168 C/min (298 F/min)
Steel IX 100 C/min (180 F/min)
Steel X 35 C/min ( 65 F/min)

They are clearly revealed by electron-microscopic
examination of replicas as shown by the second
micrographs in Figures 1 to 6. The austenitic grain
boundaries are almost always visible as they are de-
lineated by irregularly shaped, lightly etched parti-
cles.

Some bainite grains occur inside the prior austen-

ite grains although their boundaries are not clearly
defined in certain of the steels. Very often particles
similar to the lightly etched particles referred to
above seem to occur inside the bainite grains. In a
given prior austenite grain, they sometimes give the
impression of being oriented along the principal
(111) planes of the austenite.

Some acicularity is observed in the 1.5% Mn-0.5%
Mo-B steel VII. Since the structure is more or less
isotropic in the other steels, we have generally in-
cluded it in the granular bainite class.

In some cases, the light-etching particles appear to
be partly decomposed to ferrite and carbides (Figure
10). This would account for occasional occurrence of
ferritic-bainitic regions containing carbide clusters
in the third bainitic band (Figure 8, micrograph 3).
0.3% C Steel with a High Substitutional-Element
Content Structures similar to those described
above but much coarser are produced in steel XIII by
continuous cooling over a very broad range of rates.
An acicular martensitic structure can often be de-
tected in the lightly etched areas, clearly in the center
but less distinctly at the edges (Figure 11).

Analysis of Massive or Granular Structures

In order to establish the nature of these lightly
etched particles and thus to secure some information
on their composition, we carried out systematic anal-
yses of a large number of specimens.

X-ray analysis of these specimens generally re-

i

FIGURE 10. Slightly etched particles appear to represent
austenitic-martensitic zones partially decomposed into
ferrite and carbides. 1.5% Mn-0.5% Mo-B steel VII
cooled from austenitizing temperature at 60 C/min
(110 F/min)
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occur in the needles. Some needles also appeared to
have been self tempered and others in the higher
carbon steels were combined with the bainitic needles.

Even more specific is the possibility of detecting
at the highest magnifications (50,000 to 80,000 X)
areas that, depending on the steel, are globular or
consist of plates and are ‘“darker” than the rest of
the microstructure. Such areas occur on the bounda-
ries as well as inside of the austenitic-martensitic
regions. Some of the darker bainitic ferrite particles
lie at the boundaries of austenite or bainite grains
while others are inside ferritic grains. In the latter
case, the electron diffraction from the surrounding
ferrite areas indicates exactly the same orientation.
In addition, the bainitic ferrite near the austenitic-
martensitic particles often contains a high density of
dislocations.

Finally, examination of the tool steel (XII), which
contained undissolved M,3Cq carbides after austenit-
izing, reveals the aspects illustrated in Figure 14.
Since X-ray diffraction analysis indicates 30% aus-
tenite overall, the particles shown in the figure may
be assumed to be entirely austenitic. Carbides and
dislocations as well as the dark areas referred to
above can be detected inside them.

Additional Observations

Effect of Composition Generally speaking, the
various types of structure described have been ob-
served in various proportions in all the low-carbon
steels examined. Their location and extent depend on
the transformation rate and austenitization parame-
ters. Alloying elements also play an appreciable role
in determining the morphology of these structures.
Thus, the high-manganese steel and the high-
chromium high-cobalt ferrous alloy usually exhibit
structures comprising long coarse plates with these
transformed regions extending across prior austen-
ite grains. On the other hand, the structure is less
acicular in the chromium—molybdenum steel V and
grows along the grain boundaries. Often it deserves
the general designation “granular,” which we have
given it.3

Difference Between Isothermal and
Continuous-Cooled Microstructures This dif-
erence is far from negligible and some of its features
have already been discussed. First of all, in some
steels there is hardly any bainitic transformation on
continuous cooling although isothermal holding pro-
duces typical bainitic structures. As is well known,
this is the case for the eutectoid steel (II).

In the various low-carbon steels considered, the
morphology often differs according to the path fol-
lowed by the metastable austenite. Thus, in steel VII
(Figure 2, micrograph 5), a ferrite—carbide struc-
ture is produced by isothermal holding at a low tem-
perature around 400 C (750 F') but continuous cooling

FIGURE 14. Structure of austenitic-martensitic areas in
die block steel XII with dark regions in form of elongated
cells resulting from enrichment of austenite in meta-
stable range. Thin-foil electron micrographs

gives an acicular structure consisting of ferrite plus
some austenitic-martensitic areas. This difference
also exists for other steels although it is less sharp.

In most of the steels investigated, the massive or
granular structure we have described occurs only
after continuous cooling in the second bainitic band
of Figure 8. In general, just as with martensitic
transformations, the extent of the transformation
depends on the final temperature. What happens is
a partial transformation to massive structures, the
extent of which depends on the difference between B




15% + 159% deformation between
950 C (1740 F) and 830 C (1525 F)

156% + 15% + 30% deformation between
800 C (1470 F) and 700 C (1290 F)

FIGURE 15. Only ferrite and austenite-martensite are
present after thermomechanical treatment of 1.5% Mn—
0.5% Mo-B steel VII at 950/830 C (1740/1525 F') and
800/700 C (1470/1290 F') followed by air cooling at
80 C/min (145 F/min). Optical micrographs. 500 X

and the transformation temperature. At least for the
various steels studied, the massive or granular struc-
ture cannot be produced by isothermal treatment
even at the highest transformation temperatures. In
fact, the transformation does not progress with time

L. J. HABRAKEN AND M. ECONOMOPOULOS 84

or only at a very low rate. In steel V, for instance,
examination of specimens water quenched after hold-
ing from 32 min to 64 hr at 525 C (975 F') shows that
the percentage of transformation (percentage of
acicular martensite) remains practically the same.
When the specimen is air cooled after holding one
hour at 500 C (930 F), however, the massive struc-
ture appears throughout the specimen as transforma-
tion has been completed during the five minutes
required to cool from 500 C (930 F) to room tem-
perature. What is certain is that transformation at
the higher temperatures within the bainitic field is
not yet complete after holding ten hours or more
whereas with continuous cooling it is complete after
a few minutes.

Finally the third transformation band (Figure 8)
is essentially associated with continuous cooling
rates leading to partial formation of equilibrium
products. Actually, dilatometric tests clearly indicate
the occurrence of a bainitic transformation even
when the bainitic structure occasionally exhibits
more-or-less pearlitic features.

Influence of Initial Condition of Austenite It
is now generally held that deforming austenite, both
in the stable and metastable fields, can influence the
microstructures formed during cooling. These treat-
ments — thermomechanical working, ausforming,
controlled rolling — sometimes make it possible to
obtain attractive mechanical properties. We have ap-
plied a wide range of mechanical deformations to the
manganese—molybdenum—boron steel VII followed by
cooling at various rates. We shall successively exam-
ine the influence of deformation in three temperature
ranges, one in which the austenite is stable and the
other two in which it is unstable.

Deformation at Temperatures Between 950 and 830
C (1740 and 1525 F') When austenite is deformed
by rolling at these temperatures, it can easily recrys-
tallize before transformation and the structure ob-
tained after slow cooling can even be of the ferritic—
pearlitic type with a few bainitic cores. On the other
hand, faster cooling produces bainitic ferrite struc-
tures similar to those previously described (Figure
15). Both optical microscopy and thin-foil examina-
tion reveal the occurrence of martensitic-austenitic
areas. These structures are generally fairly homo-
geneous although with a preferred orientation due to
the mode of formation. The thin-foil technique also
makes it possible to detect ferrite with a high dislo-
cation density as well as austenitic-martensitic areas
in which differences in intensity similar to those
described previously are observed (Figure 16).

Deformation at Temperatures Between 800 and 700 C
(1470 and 1290 F) The structures formed here
are more oriented and less homogeneous but the two
types of constituents described previously can still
be detected (Figure 15). In some cases, however, the
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FIGURE 16. Austenitic-martensitic area with differences
in intensity found in manganese-molybdenum-—boron steel
VII after thermomechanically treating by 30% reduction
in rolling (one pass) between 950 and 830 C (1740 and
1525 F) and cooling at 30 C/min (55 F/min). Thin-foil
electron micrograph

Te
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higher carbon regions occurring with intermediate
cooling rates now give rise to ferrite and carbides
and no longer consist of austenite and martensite
(Figure 17). In other cases, a mixture of carbides
and austenitic-martensitic areas in ferrite occurs.
The bainite grains are often relatively small and con-
tain a large number of dislocations. Thus, it is seen
that deformation plays a relatively large role in de-
termining structure.

Deformation at Temperatures Between 650 and 550 C
(1200 and 1020 F') The structure is clearly ori-
ented when the deformation temperature is so low.
Both types of constituents — austenite-martensite
and bainitic ferrite — occur in the intermediate
transformation band. The austenitic-martensitic
areas are much smaller than after deformation at
higher temperatures but again dark regions are
often found inside these areas. The dislocation con-
tent of the ferrite is particularly high and the defect
density is not homogeneous (Figure 18).

It can be stated that the microstructure is mark-
edly affected by the treatment to which the stable or
metastable austenite has been subjected prior to
transformation. Not only do the bainitic ferrite grains
and the number and distribution of dislocations
within these grains differ; but the size, arrangement
and very occurrence of the austenitic-martensitic
areas as well as the presence of carbides are also
affected by the treatment. The influence of thermo-
mechanical treatments on mechanical properties will
be dealt with at length in the second half of this

paper.

g 1,

FIGURE 17. Austenitic-martensitic areas replaced by ferrite-carbide aggregates in manganese-molybdenum-boron
steel VII thermomechanically treated by 30% deformation between 800 and 700 C (1470 and 1290 F') and cooled at
80 C/min (145 F/min). Optical (500 X) and thin-foil electron micrograph.




FIGURE 18. High dislocation content and inhomogeneous
defect density in ferrite after thermomechanical treat-
ment of manganese-molybdenum-boron steel VII by 30%
deformation between 650 and 550 C (1200 and 1020 F)
and cooling at 80 C/min (145 F'/min). Thin-foil electron
micrograph

Summary

It appears from the observations just described that
the intermediate structures of many steels exhibit
aspects differing sharply from those currently defined
as upper and lower bainite. Intermediate structures
of bainitic ferrite with a high density of dislocations
and of high-carbon austenitic-martensitic nodules
occur frequently and are produced more readily by
continuous cooling than by isothermal treatment.
These structures are influenced by composition, rate
of cooling and thermomechanical treatment.

PROCESSES OF FORMATION OF
INTERMEDIATE STRUCTURES

Transformation of Austenite

General We shall now attempt to outline a pos-
sible formation mechanism that would account for all
the observations reported so far. The kinetics of the
transformation of austenite into stable and meta-
stable structures has already formed the subject of
numerous investigations. One of the hypotheses
(1947) evolved to explain the various transforma-
tions was based on the influence of alloying elements :
namely, proeutectoid ferrite was formed by diffusion
of substitutional and interstitial elements, bainite
formation required only the diffusion of interstitial
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elements and martensite resulted from a diffusionless
transformation.26

Numerous studies, both theoretical and experi-
mental, on the role of lattice defects and their influ-
ence on interfaces indicate that these excessively
general concepts must now be largely revised. Smith
(1953)27 and Aaronson (1962)28 have proposed a
classification of the modes of formation of the vari-
ous structures based on the nature and migration
characteristics of interplanar boundaries. They dif-
ferentiate among:

Noncoherent or disordered boundaries have iso-
tropic structures and diffusion takes place along
them. They are mobile at high temperatures be-
cause individual atoms are rapidly transferred
along or across them. Their migration depends on
their structure.

Semicoherent or dislocation boundaries are made
up of a nearly two-dimensional array of disloca-
tions. In this case, appreciable volumes of the lat-
tices on both sides of the boundary are strained
and movement takes place by the migration of com-
ponent dislocations perpendicularly to the boun-
dary. Accumulation of volume strain energy is the
major cause of restraint as regards the movement
of this type of boundary, but Brooks2? has pointed
out that strain fields cancel each other. The
mechanism of migration is relatively difficult to
understand. If it is assumed that the dislocation
boundaries remain planar during growth, a syn-
chronous glide is necessary to explain the move-
ment.

Coherent boundaries in principle contain no dislo-
cations but strain substantial volumes of the adja-
cent lattices. They can move but are stopped by the
accumulation of volume strain energy.

Purdy and Kirkaldy?® demonstrated that the y - «
reaction in an iron—carbon alloy started from a non-
coherent interface and was controlled by volume dif-
fusion of carbon. Rouze and Grube3! established that
the thickness of ferrite plates in Widmanstitten
structures was distinctly less than a process con-
trolled by carbon diffusion would have allowed. Semi-
coherent interfaces appear to have low mobility. In
steels with a ternary element, Aaronson and Bow-
man3> 33 showed in connection with the formation of
proeutectoid ferrite that there was no redistribution
of the ternary element, for instance chromium or
molybdenum, during the formation of ferrite in the
iron—chromium—carbon and iron-molybdenum—car-
bon systems. When studying the influence of manga-
nese on the formation of pearlite in a manganese-
containing steel, Picklesimer came to the conclusion
that the coefficient for volume diffusion of this ele-
ment was not the factor that controlled the transfor-
mation rate.?* More recently, Purdy, Weichert and
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Kirkaldy investigated the iron—carbon—-manganese
system. They established that the ferritic transfor-
mation was accompanied by a redistribution of the
manganese in the case of low-manganese steels, but
that no such redistribution occurred in high-manga-
nese steels.35

It appears that the organization of the lattice de-
fects, which depends on the nature of the interface,
influences the mobility of the interface and that it is
this mobility rather than the presence of alloying
elements that accounts for the transformation rate.
However, the alloying elements and the carbon dis-
solved in the austenite influence the nature and mo-
bility of the interface to such an extent that certain
forms of transformation become impossible.

Finally it seems that many transformations are
not pure nucleation-and-growth or martensitic-diffu-
sionless reactions but are of an intermediate nature.
The coherency of the nuclei will prevail only in the
early stages of growth and will be lost when the new
phase becomes sufficiently large that its surface en-
ergy is lowered.

Extra strain energy is tolerated only in the acicu-
lar martensitic reaction because some coherency of
the phase is essential to the mechanism of transfor-
mation. In fact, the acicular martensitic reaction
occurs because there exists an easy growth mecha-
nism, which does not require atomic diffusion and
which leads to the rapid formation of a new phase
accompanied by a net lowering of the free energy.

Present-Day Concepts on Transformation in
the Intermediate Field Recent investigations
have contributed in no small way to an understand-
ing of conventional bainite, i.e., ferrite + carbides.
The concepts currently accepted as they appear in
particular in Christian’s bibliographic study® and in
the recent Iron and Steel Institute Special Report en-
titled Physical Properties of Martensite and Bainite®
will help us in our attempt to explain the mechanism
for the formation of the intermediate structure con-
sisting of ferrite and austenitic-martensitic areas
such as has been described above.

Conventional Bainitic Structure We have indi-
cated the principal characteristics of this transfor-
mation at the beginning of this paper. It now appears
that the bainitic transformation is similar to the
martensitic transformation and implies the existence
of a coherent interphase boundary in its early stages.
In fact, the shear transformation starts with the
migration of glissile interphase boundaries, which
ensures nucleation. However, growth must be due to
other phenomena related to interatomic diffusion.
Actually, growth in bainite is possible only because
the chemical free-energy driving force is increased
by diffusion. Finally, it appears that the bainitic
transformation is a nucleation-and-growth reaction.

In the case of conventional bainite, following the
suggestion made by Ko and Cottrell,3¢ Bowles and
Barrett3” proposed that the boundaries had a dislo-
cation structure. As the high velocities associated
with shear are reduced during the bainitic reaction,
these authors suggested that a barrier was present.
This barrier was assumed to be primarily the volume
strain energy of the transformation. The process
that controls the growth rate must therefore be able
to lower the barrier. This is actually accomplished by
reducing the amount of carbon in the supersaturated
ferrite formed through diffusion of the excess carbon
into the surrounding austenite and by its precipita-
tion in the form of carbides.

Bowles and Barrett also suggested that the inter-
phase boundaries could be described by an array of
glissile dislocations. Transport of an atom across
such a boundary is accomplished by the gliding of a
dislocation in its slip plane. In order to account for
a discrepancy, Christian suggested that the complex-
ity of the structure of the broad faces of a ferrite
plate is such that both sessile and glissile dislocations
are needed to compensate for the misfit at these inter-
phase boundaries. The sessile dislocations restrict
the rate of migration of the boundary while the glis-
sile dislocations do not impede the motion of the
boundary but contribute to the observed relief effect.

Massive or Granular Structures in Ferrous Alloys
Work by Massalski38 and Owen3® recently confirmed
indications supplied by Greninger4? and showed that,
on cooling at intermediate rates, certain substitu-
tional solid solutions transform very rapidly into a
structure having the same composition as the parent
phase. Such transformations have been observed in
copper- as well as iron-base alloys. They occur on
quenching from an elevated temperature; their rate
of formation is generally rapid and it is impossible
to analyze them by conventional isothermal tech-
niques. The crystals of the new phase have rather
irregular boundaries consisting of a certain number
of straight segments.

The new phase nucleates at the grain boundaries
of the parent phase and during growth has a nonco-
herent interface with the surrounding matrix. In
Massalski’s opinion, the growth mechanism must be
thermally activated and the growth rate controlled by
the mobility of the interface. This mechanism calls
for a rapid movement, though over a short distance
only, of the atoms, which are thermally activated on
an individual basis. It seems that the atoms move
from one phase to the other with an activation energy
approximately equal to that of grain-boundary dif-
fusion rather than to that of volume diffusion. If
growth is thermally activated, the growth rate must
be much greater on a pre-existing noncoherent boun-
dary with lower activation energy for the movement
of atoms.



All massive structures are not formed by the same
transformation mechanism and two limiting cases
have been distinguished. One of these is a massive
transformation involving short-range diffusion
(SRD) as described by Kurdyumov.4142 The massive
grains grow as a result of the displacement of nonco-
herent interfaces, which can even extend across the
boundaries of the parent phase. The other is a “mas-
sive martensitic” transformation that occurs within
a given austenite grain. According to several au-
thors,3® this massive martensite would consist, in
most cases, of plates formed by shearing. Some in-
vestigators even believe that this mode of formation
is general. Rectilinear boundaries form during the
growth of this massive martensite and are probably
related to the presence of groups of dislocations hav-
ing a low energy in the austenite. The formation of
either structure depends on the composition of the
parent phase, the characteristics of the austenite
grain and the cooling rate. Transformation by short-
range diffusion requires little undercooling (corres-
ponding to 30/80 cal/mole). In the case of ferrous
alloys, it occurs in the neighborhood of 585 C (1085 F),
is thermally activated and can be suppressed by rais-
ing the cooling rate. Free energy for the massive
martensitic transformation is higher (approximately
300 cal/mole) and accordingly this structure is ob-
served at lower temperatures of the order of 440 C
(825 F). Transformations starting by the first proc-
ess and continuing by the second can be observed
occasionally. According to some authors® it is pos-
sible to suppress the massive transformations not
only by resorting to very high cooling rates but also
by adding relatively small amounts of carbon or by
avoiding the presence of excessive quantities of sub-
stitutional elements. Alloying elements seem to lower
the reaction temperatures.

Influence of Condition of Austenite in Metastable
Field Only a few authors!? 4243 have considered
the condition of austenite in the metastable field
when attempting to explain the immediate transfor-
mations or have endeavored to detect an influence of
this condition on these transformations. It was not
until investigations on ausforming* were carried out
that it became apparent that the deformation of
austenite could exert a considerable influence on the
structures produced by the bainitic transformations.

However, it was obvious from the start that since
the austenitic grain size plays a role in these trans-
formations, the latter must also be influenced by the
inner structure of this austenite, i.e., the occurrence
of groups of lattice imperfections, sub-boundaries,
ete. Accordingly, attempts were made to account, at
least partly, for the metastable transformations in
terms of various phenomena that can occur in the
austenite in the metastable condition. It proved pos-
sible to relate these phenomena to the formation of
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more or less ordered regions, presence of internal
stresses, groups of dislocations possibly favoring
carbon concentration, etc.

In quenched solid solutions, such as austenite in
the metastable field of the CCT diagram, dehomogen-
ization may actually occur since the solid solution is
held at a temperature at which it should normally
transform. In spite of the fact that the temperature
is still relatively high, precipitation or concentration
of the carbon atoms can occur on dislocation tangles
in the austenite. This reaction would constitute only
a preliminary step in the formation of a metastable
structure consisting of supersaturated ferrite and
carbon-rich austenite. Such a metastable structure
can actually be located by extending the equilibrium
lines in the iron-carbon diagram.

Since stabilized enriched austenite has been ob-
served in many of the structures examined, we shall
now briefly discuss present-day knowledge on austen-
ite stabilization, which has mainly been described in
connection with the martensitic transformation. Two
stabilization modes have been distinguished: thermal
stabilization and mechanical stabilization.5 8

Thermal stabilization occurs during both the ather-
mal and the isothermal martensitic transformation
of steel. It is observed only when carbon and nitrogen
are present.45 According to some authors it occurs
only below the M, temperature, at which martensite
starts to form, but other investigators believe it can
also take place above this point.46 The phenomenon
is attributed to modifications of the untransformed
austenite where the dislocations in the austenite lat-
tice are locked by precipitates or solute atmospheres.
As a result, the structure is hardened, and direct
growth of martensitic needles as well as the plastic
deformation accompanying this growth are inhibited.
When the martensitic transformation starts, the
elastic deformation that has produced imperfections
tends to reduce thermal stabilization.

Mechanical stabilization is caused by an applied
plastic deformation or by the accommodation of
stresses by the lattice. The M, temperature can be
modified by the action of an applied stress, whether
it be a shear or hydrostatic stress. It can even reach
a value, My, appreciably higher than M,. It has been
possible to show that a plastic deformation applied
at a temperature above M, stabilizes the austenite
mechanically. In other cases, the temperature for
martensite formation is lowered because the lattice
defects introduced inhibit the growth and possibly
destroy the coherency of the martensite nuclei. Occa-
sionally, an opposite effect is observed. Instead of
stabilizing the austenite, a small deformation causes
a concentration of internal stresses that favor the
nucleation of martensite or growth of existing nuclei.
Finally, plastic deformation produced by accommo-
dation stresses slows down the transformation as
does any transformation above the M, temperature.
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Bearing in mind these different conditions, we
shall now try to assess a process for the formation of
the massive or granular structures found in the in-
vestigated steels.

Massive or Granular Structure

General Thus it appears that transformations
and particularly their growth are related to displace-
ments of noncoherent, coherent or semicoherent in-
terfaces. These movements are possible because they
decrease the free energy of the system. Their speed,
i.e., the kinetics of the phenomenon, depends on the
size of the free-energy variation, the diffusion rate
of certain solute elements across the lattice or along
the interface, etc. It is also influenced by the reaction
of the dislocation network at the interface with the
dislocations existing in the parent lattice.

In the case of intermediate transformations, which
occur by various modes as has been shown, growth of
the transformation products appears to be related
very often to displacements of semicoherent inter-
faces. Moreover, the fact that several temperature
regions, each corresponding to a different structure,
can be identified tends to indicate that various mech-
anisms are involved. The transformation rate, how-
ever, is not very high; this indicates that the disloca-
tion network at the interface cannot move as easily
as it does in the acicular-martensitic transformation.
Let us recall that the following temperature ranges
were identified in the investigations reported above:

580/530 C (1075/985 F) — occurrence of massive

structures at intermediate cooling rates

480/440 C (895/825 F) — formation of massive

martensitic structures in ferrous alloys at inter-
mediate cooling rates

850 C (660 F) — temperature limit between re-
gions where conventional upper and lower bain-
ite are formed

The fact that very often transformation does not
produce the same structures under isothermal and
continuous-cooling conditions shows further that, in
addition to a martensitic phenomenon, time-dependent
phenomena involving diffusion for instance may also
be occurring.

With regard to conventional bainites, the assump-
tion of Ko and Cottrell,3¢ confirmed by the Zener-
Hiller theory,8 appears to be valid for lower bainite.
The transformation nuclei would actually be marten-
sitic but their growth would require the driving force
to be increased by diffusion around the growing plate.
Thus, the rate of such a transformation is restricted
by the rate of carbon diffusion. It can be considered
as a potentially martensitic transformation with an
inadequate driving force. Actually, bainitic reactions
of this type transform into conventional martensitic
reactions when the driving force is increased by low-
ering the temperature.

Although the process described above satisfacto-
rily accounts for the formation of conventional lower
bainite and up to a certain point that of upper bain-
ite, it is less readily applicable to the formation of
massive structures. We were thus led to carry out
additional investigations with a view to identifying
relevant factors in the mechanism of formation of
these structures.

Additional Investigations The conditions un-
der which the massive structures of ferrite and aus-
tenitic-martensitic areas occur were summarized
above. Additional investigations were carried out on
the manganese—molybdenum-boron steel VII and
comprised dilatometric tests on austenitized speci-
mens held in lead baths at various temperatures and
subsequently water quenched, and electron-micro-
scopic examinations using the replica and, in some
cases, the thin-foil technique, on specimens cooled at
50 C/min (90 F/min) followed by water quenching
from predetermined temperatures.

Dilatometric Studies The dilatometric tests
showed that a decrease in temperature at an adequate
rate is practically the only factor responsible for
transformation in the upper part of the bainitic
range. Time at a given temperature has very little
influence here as illustrated by test 8 in Figure 19.
On the contrary, transformation is time dependent in
the middle and lower parts of the intermediate trans-
formation range. In test 4 (Figure 19) the specimen
was observed to expand as a result of transformation
during cooling between B, and 550 C (1020 F) and
perhaps during the first few moments of holding at
550 C (1020 F), after which its length remained
practically constant. Subsequently when the speci-
men was placed in a bath at 400 C (750 F), it again
expanded rapidly during some minutes. No marten-
site was formed when the specimen was finally water
quenched. This specimen, transformed partly iso-
thermally at the lower temperature, contained fewer
and smaller austenitic-martensitic particles than the
specimen from test 1, but numerous carbides.

The comparison of tests 8 and 5 with test 4 in Fig-
ure 19 confirms the effect of time at temperature
indicated above. There was some transformation
in test 3 before cooling was interrupted at 550 C
(1020 F) but it did not progress during holding at
this temperature. The subsequent water quench pro-
duced martensite, which had been influenced by the
high-temperature holding. If we had air cooled in-
stead of water quenched, transformation would have
occurred during this cooling and given a structure
like that in Figure 2, micrograph 4. The progress of
transformation in test 5 was similar to that of test 1
except it continued to completion during isothermal
holding and the resultant structure was finer with
carbides. In test 6, the austenite-martensite trans-
formed during the one-hour holding at 410 C (770 F).
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FIGURE 19.

1. uninterrupted cooling produces a mixture of bain-

itic ferrite and austenitic-martensitic particles

cooling is interrupted at 650 C (1200 F) for one
hour before air cooling. curve shows that residual
austenite is transformed into acicular martensite
while micrograph is typical for an aggregate of
propearlitic ferrite and acicular martensite

some transformation has taken place before inter-
ruption of cooling at 550 C (1020 F') (point A on
curve). no further transformation occurs during
one hour at this temperature. on subsequent air
cooling, residual austenite is partially transformed
to martensite as shown in curve and micrograph

some transformation has taken place before inter-
ruption of cooling at 550 C (1020 F) (point B on
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curve). no further transformation occurs during
half an hour at this temperature. specimen is cooled
in a few seconds to 400 C (750 F) (point C on
curve) and maintained half an hour at this tem-
perature during which time transformation pro-
ceeds to completion (CD). after subsequent water
quenching, structure is complex with carbides pres-
sent in ferrite but no acicular martensite

bainite transformation begins at about 500 C
(930 F') and continues to completion during inter-
ruption of cooling at 450 C (840 F') for one hour.
no further changes during subsequent air cooling

6. transformation is practically complete before inter-

ruption of cooling at 410 C (770 F). holding one
hour at this temperature transforms austenitic-
martensitic particles into ferrite and carbides
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FIGURE 19. Effect of interrupted cooling on dilatometric
curves and resultant structures of manganese—molybde-
num-boron steel VII austenitized at 880 C (1615 F) for
15 min and cooled at 450 C/min (810 F/min). Optical

micrographs on opposite page. 500 X

4. cooling interrupted at 450 C (840 F')

FIGURE 20. Effect of interrupted air cooling on structure
of manganese-molybdenum-boron steel VII. After aus-
tenitizing, specimens cooled at 50 C/min (90 F/min)
before cooling interrupted by water quenching. Electron
micrographs, plastic negative replicas. 2000 X
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FIGURE 21. Thin-foil electron micrographs of manganese-molybdenum-boron steel VII austenitized at 880 C (1615 F)
and cooled at 50 C/min (90 F/min) before water quenching from 575 C (1065 F). 40,000 X

Interrupted Air-Cooling Tests Figure 20 shows terrupted by quenching from various temperatures.
the structures obtained when the cooling process in The untransformed region decreases with the tem-
the manganese—molybdenum—boron steel VII is in- perature where cooling was interrupted and the fer-
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ritic region increases with resultant formation of
islands of the austenitic-martensitic constituent. The
latter may sometimes decompose to ferrite and car-
bides when cooling is continued to 375 C (705 F)
before quenching.

To obtain a better understanding of certain struec-
tures we examined more closely the first ferrite
grains formed in the specimen cooled to 575 C
(1065 F') before water quenching. The four micro-
graphs in Figure 21 summarize our most salient
observations. Ferrite with a high defect density
forms along an austenite grain boundary, grows in
various directions and occasionally entraps zones
that appear to contain dark areas as previously de-
scribed. These dark areas, which sometimes remain
even when the contrast conditions are modified, are
occasionally observed under the electron microscope
along certain boundaries of acicular-type trans-
formed areas. Under the magnifications used here,
the zones containing the dark areas appear to be an
early form of the regions that will remain austenite-
martensite and that may well be chemically hetero-
geneous. Actually, it seems that the occurrence of
such areas is also observed in the martensite formed
so they would thus either exist in the parent austen-
ite or form on quenching. In any case, such regions
when they exist can be related to deformation cells
inherited from austenite with a nonuniform carbon
distribution and perhaps some inhomogeneity in sub-
stitutional elements,*7-48. 49 gnd thus explain the for-
mation of the intermediate ferrite and the course
followed by transformation. If we refer to the dilato-
metric tests, it appears that this transformation is
athermal. In fact, the phenomenon progresses ex-
tremely slowly with time at 550 C (1020 F'). Actually,
there would be no driving force to move the interface
at this temperature but the possibility of some diffu-
sion occurring in front of the interface must not be
ruled out.

Tentative Mechanism of Massive or
Granular Transformation

Two types of structures have to be taken into account
in the case of ferrous materials. On the one hand,
there are the structures formed in the lower tem-
perature range: acicular martensite produced by the
highest cooling rates and conventional lower bainite
produced by less drastic cooling rates. The formation
of the latter structure is satisfactorily explained by
the Ko-Cottrell hypothesis. On the other hand, in
carbon-free alloys there are the massive structures
of Greninger and the massive martensite described
by Owen, both produced by intermediate transforma-
tion rates, and in low-carbon alloy steels there is the
aggregate consisting of ferrite and austenitic-mar-
tensitic particles, which is also produced by cooling
at rates of the same order as those giving rise to
massive martensite in carbon-free alloys.

It is logical, particularly in the light of the struc-
tural analyses reported above to assume that the
same initial mechanism of formation applies to the
latter two structures. In our opinion, two factors
influence this transformation. The first pertains to
the parent austenite and consists of a dehomogeniza-
tion above B, leading to the formation of regions
enriched in carbon and perhaps substitutional ele-
ments.* Such dehomogenization can have many dif-
ferent causes, such as the existence of stresses in the
metastable austenite, which would produce accumu-
lations of dislocations on some groups of {111} planes
and hence lead to a concentration of carbon in the
stress fields of dislocation tangles. When endeavor-
ing to explain some microstructures observed in the
intermediate transformation range, Habraken3 sug-
gested that a redistribution of carbon occurred be-
fore and not during the formation of bainite. The
same assumption was made by Entinl5 in attempting
to explain bainitic structures. The second factor is
the nucleation of carbon-depleted substitutional fer-
rite by a process similar to the formation of massive
martensite in carbon-free ferrous alloys. The inter-
faces would move along some suitable oriented planes
and would be stopped by the enriched regions men-
tioned above. Thus, the phenomenon involved would
have initially a martensitic character.

When the cooling rate is low (Figure 22, curve I),
large carbon-enriched clusters would be formed as
explained above. Transformation would follow a path
between them and would frequently entrap some of

* Complete homogenization of austenite is doubtful
even under equilibrium conditions.

Temperature

Time (logarithmic)
FIGURE 22. Schematic representation of transformation
in a low-carbon alloy steel
I. produces a structure with ferrite and austenitic-
martensitic particles

II. produces a carbide-free acicular structure or con-
ventional upper bainite

III. produces conventional lower bainite



them. In the lower carbon steels investigated, it has
even been possible to detect occasionally a transfor-
mation by short-range diffusion followed by a mas-
sive-martensitic transformation as in carbon-free
ferrous alloys. The thermodynamic conditions near
the interfaces or in the carbon-rich clusters are not
adequate for the nucleation of the FesC carbide. Some
stabilization is observed at low temperatures, prob-
ably as a result of the locking of dislocations by in-
terstitial atoms. In fact, it is not excluded that the
transformation interfaces would be enriched in car-
bon but transformation would progress only when
the driving force is sufficient, i.e., when the tempera-
ture decreases. In this case, it seems that the iso-
thermal transformation is negligible.

When the cooling rate is higher (Figure 22, curve
II), the carbon-rich clusters are smaller and more
numerous, and the acicular character of the trans-
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formation is more pronounced. Transformation often
starts on the austenite boundaries. The final micro-
structure is then similar to that described previously
as carbide-free acicular ferrite or conventional upper
bainite. The latter structure occurs when the carbon
content of the steel is high enough. In this case it
seems that the interface is able to displace carbon
atoms in front of it because the driving force is suf-
ficiently high (lower temperature). All this would
tend to confirm the mechanism of double nucleation
of ferrite and FezC proposed by Krisement and
Wever.13 This mechanism would be enhanced by the
initial local enrichment in carbon referred to above.

Finally, at the high cooling rates leading to con-
ventional lower bainite (Figure 22, curve III), the
carbon-rich clusters are very small. Transformation
starts as an acicular-martensitic transformation and
is not hampered by the presence of these clusters.

PART TWO. MECHANICAL PROPERTIES OF BAINITIC STRUCTURES

PRELIMINARY CONSIDERATIONS

To establish a relation between two variables or
two properties, it is first necessary to define them
unequivocally. Whereas the accurate definition of
mechanical properties does not pose any particular
problem in the case of steels, that of their micro-
structure is much more difficult. Indeed, the param-
eters chosen to characterize the microstructure of
steels depend largely on the magnification at which
the observation is made. In the case of bainite, for
instance, optical-microscopic examination at 100 to
1000 X results in laying emphasis on the austenitic
grain size, the fineness or acicularity of the micro-
structure, etc. When replicas are observed under the
electron microscope at 2000 to 15,000 X, the major
aspects considered are the bainitic grain size, size
and distribution of carbides, presence of residual
austenite, etc. Finally, the characteristics revealed
when observing a thin foil directly under the electron
microscope at 30,000 X or more are not only the
nature and distribution of imperfections in the crys-
tal lattice but also the orientation relationships be-
tween neighboring phases. This aspect of the problem
of correlating mechanical properties and microstruc-
ture explains why progress in this field has closely
followed improvements in metallographic techniques.

Metallographic investigations come up against a
major difficulty when the problem is transferred
from the qualitative to the quantitative plane. What-
ever the parameter or parameters chosen to define the
microstructure, they change from one area to another
on the polished surface or thin foil. These changes

are due to the polycrystalline nature of the metal and
the different orientations of the grains with respect
to the surface examined; the heterogeneous charac-
ter of the nucleation phenomena; and unavoidable
chemical segregation. This difficulty increases as ob-
servation methods become finer and hence as the
areas observed become smaller.

SURVEY OF PREVIOUS WORK

In the following sections, a brief outline will be given
of the currently prevailing notions concerning the
influence of structural factors on the mechanical
properties of bainite. Structures produced by iso-
thermal transformation and continuous cooling will
be considered separately since, as stated earlier, these
two transformation modes can lead to morphologi-
cally different microstructures.

Isothermal Bainites

Isothermal transformation within the bainitic field
has found relatively few practical applications, which
are confined to small parts with very small tolerances
where dimensional stability is essential. Neverthe-
less, the study of these structures is interesting in
that it leads to a better understanding of the phe-
nomena and prepares for the study of the continuous-
cooled bainites.

The early investigations devoted to the mechanical
properties of bainite were mainly centered on the
comparison between these properties and those of
tempered martensite and paid no particular attention
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to the morphology of the bainite. The work of Del-
bart and Potaszkin®® was one of the first interesting
attempts to study the mechanical properties of bain-
ite as a function of microstructure. The conclusions
reached by Potaszkin and Bar-Avi on medium-carbon
structural steels in two recent papers5!-52 can be sum-
marized as follows. Lower bainite, formed between
the M, point and 350 C (660 F') or so, exhibits tensile
properties equivalent to those of tempered marten-
site; this similarity is also observed in the micro-
structures since the acicular structure of lower bain-
ite closely resembles that of martensite. The impact
strength of lower bainite is generally higher than
that of tempered martensite. Formation of upper
bainite between approximately 350 and 500 C (660
and 930 F') leads to a severe loss of yield strength
and appreciable embrittlement. Potaszkin and Bar-
Avi5? attribute the latter on the one hand to the
coarse structure of upper bainite and on the other
to possible carbide precipitation on austenite grain
boundaries. In fact, the embrittlement is found in
upper bainite formed in the neighborhood of, but
approximately 25 C (45 F') lower than, the main bay
in the TTT curve corresponding to the longest trans-
formation times. Prolonged holding at these temper-
atures would cause the above-mentioned precipita-
tion.

It will thus be noted that there exists a relation
between the metallographic appearance and mechani-
cal properties,’® although it was impossible to for-
mulate this relation quantitatively as was done for
instance for pearlite.5¢:55 In the case of globular
structures, Gensamer and coworkers®5 used the mean
ferrite path as the parameter defining the micro-
structure and demonstrated the existence of a close
relation between this value and mechanical proper-
ties. However, it proved impossible to apply this
criterion to bainitic structures because of the inade-
quate resolving power of instruments at that time.

It should be noted that the investigations men-
tioned above pertained to structures corresponding
to the conventional definition of bainite as acicular
ferrite and carbides.

Continuous-Cooled Bainites

The bainitic structures produced by continuous cool-
ing are of considerable practical interest since they
form an appreciable fraction of the microstructure
of numerous heat-treated parts. Examples would be
large forgings, which may contain high amounts of
bainite and some such as large generator rotors are
often almost entirely bainite; high-strength struc-
tural steels, which more and more frequently consist
of ferrite-bainite-pearlite mixtures and sometimes as
with the molybdenum—boron steels are even entirely
bainitic; and some low-alloy structural steels used in
the partly bainitic condition.

In spite of the practical significance of continuous-
cooled bainites, so far their mechanical properties
have hardly been investigated except by Irvine, Pick-
ering and coworkers.56-60 These authors studied a
large number of compositions resulting from the
addition of chromium, nickel or manganese to the
same base (0.5% Mo-B). Thus a large range of
bainitic structures was obtained with the same heat
treatment (air cooling of 19-mm-dia bars).

Before summarizing the results reported by Irvine
and Pickering, it would be useful to explain the term
“transformation temperature” introduced by these
authors. In the case of continuous cooling, this con-
cept appears somewhat vague since the bainitic trans-
formation occurs over a temperature range. Conse-
quently, a point easy to define had to be selected
within the transformation zone. Irvine and Pickering
chose the temperature at which the transformation
rate is highest. This temperature will be designated
henceforth as “formation temperature.” The choice
of this temperature proved judicious since a close
relation was found to exist between the formation
temperature of bainite and tensile strength.

The tensile strength of the bainites obtained by
continuous cooling the steels investigated by the above
authors ranged from 70 to 120 kg/mm.2 At the lower
end of this range, the bainite was characterized by
the occurrence of two grain-boundary networks —
the prior austenite grain boundaries and the bounda-
ries of what Irvine and Pickering have called bainitic
grains. The latter were much smaller than the former
and their boundaries delineated elongated plates of
bainitic ferrite. The carbides generally occurred be-
tween the plates and in clusters.

As the formation temperature decreased, the
strength increased and the morphology of the struc-
ture changed. The bainitic-ferrite plates became
thinner and thinner and the carbides precipitated on
the sub-boundaries separating these plates. For
the lowest formation temperatures and highest
strengths, the bainitic-ferrite plates were very thin
with carbides precipitated inside them.

When attempting to formulate quantitatively the
effect of microstructure, Irvine and Pickering found
that the tensile strength depended mainly on two
factors: bainitic grain size and carbide density. The
former played a preponderant role in lower-strength
bainites since the carbides here occurred mainly at
grain boundaries or in the form of clusters. Strength-
ening of the higher strength bainites was due mainly
to a fine dispersion of carbides.

There was also a very clear correlation between
impact strength and microstructure.t® The bainites
with a tensile strength near 70 kg/mm2? had an
impact-strength curve similar in shape to that en-
countered with ferritic-pearlitic steels. The impact
strength of these bainites depended mainly on the
bainitic grain size, just as did the tensile strength.



According to Irvine and Pickering, the width of
the ferrite plates decreased with the bainite forma-
tion temperature but their length was always deter-
mined by the dimensions of the prior austenite grain.
In addition, the carbides precipitated mainly between
the ferrite plates of the bainite. Both factors account
for the brittleness observed in these intermediate
bainites.?? 60 Finally, for very low formation temper-
atures, carbides precipitated inside the ferrite plates
because the carbon diffusion was very much re-
stricted. As a result the carbides were very finely
dispersed in the ferrite so the strength increased
without prohibitive sacrifice of ductility. Indeed, the
carbides and dislocation tangles at the grain bounda-
ries presented so many obstacles obliging the cleav-
age cracks to deviate from one cleavage point to
another that an absorption of energy resulted.s?

It should be noted that the above authors detected
no residual austenite in the course of their investi-
gations.

TEST PROCEDURES

Heat treatment of the specimens used for determin-
ing mechanical properties set two problems, that of
finding a simple means of achieving a wide range of
cooling rates and that of ensuring good reproducibil-
ity.

To cover the whole bainitic field of the steels inves-
tigated, it was necessary to achieve cooling rates
from 0.1 to 1500 C/min (0.2 to 2700 F/min). This
broad range was covered as follows:

0.1/5.5 C/min (0.2/10 F/min) — programmed
cooling

5.5/25 C/min (10/45 F/min) — furnace cooling
in a stream of compressed air under controlled
pressure

25/50 C/min (45/90 F/min) — air cooling in a
refractory muffle preheated to various tem-
peratures

50/150 C/min (90/270 F/min)— cooling in com-
pressed air under controlled pressure

150/1500 C/min (270/2700 F/min)— cooling by
“mist quenching” with controlled water flow
and air pressure

The problem of reproducibility was important be-
cause for each selected cooling rate some 20 speci-
mens were required to determine the transition curve
and tensile properties and it was impossible to treat
so many samples simultaneously. The samples were
treated in groups of five, with the fifth serving as a
reference sample for recording the cooling curve. For
this purpose, a thermocouple was welded at the bot-
tom of a hole drilled halfway up the specimen axis.
The reproducibility was found to be satisfactory and
this was further confirmed by the small scatter in
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mechanical test results.

Tensile and impact specimens were rough machined
to 12 x 12 x 70 mm from 16-mm plates with the long
dimension in the direction of rolling. Identical di-
mensions were used for both types of specimens to
ensure their receiving strictly identical heat treat-
ments. The excess of these dimensions over those of
the finished specimens was sufficient to permit re-
moving all oxidation, decarburization or boron deple-
tion caused by heat treatment.* In each group of four
simultaneously heat-treated specimens, one was in-
tended for a tensile test while the other three were
used to determine the impact strength. Thus tensile
and impact values correspond to the same heat treat-
ment and the same microstructure.

Tensile tests were carried out on a 2.5-ton Adamel
machine with specimens having a gage length of
29 mm and a diameter of 4 mm. Typical results show
that the scatter was small, due partly to the good
reproducibility of the heat treatment. Conventional
Charpy V-notch specimens were used for the impact-
strength determinations and here also the scatter in
results was fairly small.

MECHANICAL PROPERTIES

The mechanical properties of five steels listed in
Table I were determined systematically. The first
four steels (VII to X) were of the high-strength
weldable type, with or without boron additions; while
the fifth (XIII) was an ultrahigh-strength nickel—
cobalt steel. Mechanical properties and transforma-
tion characteristics are summarized in one diagram
for each steel (Figures 23 to 27). Electron micro-
graphs showing typical bainitic structures have been
given previously in Figures 2 to 6.

Within the bainitic field, the curves representing
the dependence of tensile and yield strength on cool-
ing time have approximately the same shape for the
four low-alloy steels. In addition, for some of the
steels, especially steel VII, each branch of the tensile-
strength—cooling-time curve corresponds to a differ-
ent section of the CCT diagram (Figure 23). Such
a relation does not exist in the case of steel VIII
because the transition between the branches BC and
DE of the tensile-strength curve occurs mainly inside
the ferritic-bainitic region (Figure 24).

In the chromium—molybdenum steel VIII (Figure
24), the branch DE corresponds to a polygonal ferri-
tic-bainitic structure in which the bainite visually
resembles pseudo-pearlite. The branch BC corres-
ponds to the pure massive or granular structure; the
small amounts of polygonal ferrite detectable in this
structure by physical methods are basically insig-

*It is well known that boron-containing steels are
highly susceptible to “deboronization” when heat treat-
ment is carried out in an oxidizing atmosphere.
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chanical properties of 1% Cr—0.5% Mo—B steel IX

nificant. In some cases, the austenitic-martensitic
islands have decomposed to ferrite and carbides. The
branch CD corresponds to a transitional field in
which polygonal ferrite disappears while massive
bainite starts to occur. It is interesting to note that
the ductility of this steel as typified by elongation
varies only slowly over the whole of the bainitic field
explored (60/100 kg/mm2). It will also be noted that
the yield-strength/tensile-strength ratio is attractive
(0.72) only in the ferrite-free quasi-granular bain-

BAINITIC MICROSTRUCTURES IN LOW-CARBON ALLOY STEELS AND THEIR MECHANICAL PROPERTIES

S8 1.00
'*g% 15 |— —— Elongation 2N 0.80
5 [T - Yield/Tensie atio [ ] ) 080 :
o~ B\
B E 100~ <] ¢
= 2 8) [ —-—Tensile Strength | | Pl ‘I\P
B [ ——Yield Strength TR s-F
- & 60— 7
28 LS
=5 W 1600
800 e F 1400
700 i 0
o 600 |41 ™~ 1
o 1 ~\.\ H
‘-:.3; 500 L - | 1000
s M - 5 600
= 300 T
200 400
100 200
1072 107! 1 10! 102

Cooling Time between 800 and 500 C (1470 and 930 F), minutes

FIGURE 24. Effect of cooling rate on structure and me-
chanical properties of 1% Cr-0.5% Mo steel VIII

A6 S 10
nEE[wE
N A 85 g
R A=t — 82 §
2, 10 L8 cR 22 Z
c 9 s hd S uw
;’Eﬁ 8 HH ~4o 1D E ’f =
S2 0 yieig strength =
40 [— —-— Tensile Strength 1600
Sgg [ —— Transition Temperature 11400
7! w
F H 1200
< 600 g
£ 0 ~ | [ Hiow 2
g afl B Heo &
‘é 400 3 £
£ s {600 2
200 = 400
100 200
107! 1 ‘10! 102 10°

Cooling Time between 800 and 500 C
(1470 and 930 F), minutes

FIGURE 26. Effect of cooling rate on structure and me-

chanical properties of 2.7% Ni-0.9% Cr-0.25% Mo-B
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itic field. This ratio drops to less than 0.6 as soon as
proeutectoid ferrite appears.

The mechanical properties of the chromium—mo-
lybdenum-boron steel IX are summarized in Figure
25. The shape of the tensile-strength—cooling-time
curve is similar to that of steel VIII but is shifted
to lower cooling rates. As with steel VIII, the DE
branch corresponds to a mixture of polygonal ferrite
and bainite, with the appearance of the latter resem-
bling pearlite. However, some austenitic-martensitic
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islands can already be observed. The BC branch
again corresponds to massive granular bainite. The
formation of this structure is followed easily since it
occurs over a wide range of cooling rates. At the
lower end of the range, the structures consist of
quasi-granular bainite where the austenitic-marten-
sitic islands are often decomposed and give rise to
carbide clusters. This decomposition is more advanced
with steel IX than with steel VII, perhaps due to the
fact that the same structure is produced by a much
slower cooling rate.
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The manganese—molybdenum—boron steel VII and
the nickel-chromium—molybdenum—boron steel X ex-
hibit more or less similar tensile-strength curves, the
branches of which are again related to structure
(Figures 28 and 26). As expected, a strength in-
crease is observed as the amount of martensite in the
bainitic-martensitic mixture increases. The influence
of martensite becomes decisive with steel VII for the
slowest cooling rates (Figure 23).The large strength
increase observed in this bainitic-martensitic field is
accompanied by a marked increase in brittleness. This
increase in brittleness with increasing martensite
content, which should normally be encountered in
all the steels, is not observed in steel X, at least over
the range of cooling rates explored. In fact, on cool-
ing at 200 C/min (860 F/min), corresponding to
30% martensite, the strength increase is not accom-
panied by increased brittleness but, on the contrary,
the transition temperature continues to decrease
slowly (Figure 26).

In the fields where acicular martensite does not
occur, transition-temperature—cooling-time curves
exhibit for both steels VII and X a characteristic
peak (Figures 23 and 26). In the case of steel VII,
this peak coincides with the transition between the
ascending branch CD and the horizontal branch BC
of the tensile-strength—cooling-time curves and with
the nose of the ferrite curve. On the other hand, the
peak for steel X is shifted towards lower cooling
rates away from the nose of the ferrite curve. As a
matter of fact, it corresponds to a proeutectoid-fer-
rite content of approximately 30%.
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The transition-temperature—cooling-time curves
provide a rough indication of the susceptibility of
a steel to brittle fracture. A more complete picture
can be derived from an examination of the impact-
energy—temperature curves. Curves shown in Fig-
ures 28 and 29 for bainite were obtained on samples
transformed at cooling rates corresponding to the
base and top of the transition-temperature peaks
illustrated in Figures 23 and 26. The characteristic
appearance of these curves for bainitic structures
differs from that for ferritic-pearlitic or tempered-
martensitic structures in that the slope is less steep
and there is no clear transition temperature. A com-
parison of Figures 28 and 29 shows that the impact-
energy—temperature curves for bainitic specimens
are shifted to lower temperatures and higher ener-
gies in the case of the nickel-chromium-molyb-
denum-—boron steel X regardless of the strength level
or cooling rate. In other words, steel X is superior to
steel VII in respect to its susceptibility to brittle
fracture.

To understand the reasons for the shape of the
transition temperature vs cooling time curves, we
resorted to internal-friction experiments. Small spe-
cimens (150 x 1.5 x 1.5 mm) of steel VII were aus-
tenitized at 800 C (1470 F) and cooled at various
rates. The results on examination in a Wert pendu-
lum show that a Késter peak appears at 200C (390 F)
and is maximum for the specimen cooled at about
20 C/min (36 F/min) (Figure 30). In this steel the
maximum brittleness in the bainitic-ferrite—austeni-
tic-martensitic structure is also observed for speci-
mens cooled at this rate. The brittleness is very prob-
ably related to coarsening of the microstructure and
locking of the dislocations. The same coarse struc-
tures also occur in the nickel—cobalt steel XIII but it
does not show the same brittleness (Figure 27) nor
does it exhibit an internal-friction peak around 200 C
(390 F), at any rate not under the above test condi-
tions.

EFFECT OF THERMOMECHANICAL
TREATMENTS ON MANGANESE—-
MOLYBDENUM-BORON STEEL

A mechanical deformation applied to austenite influ-
ences both the transformation process and the condi-
tion of the metastable austenite since it increases the
number of lattice imperfections, influences their dis-
tribution and modifies the precipitates.

Zoidzee, Economopoulos and Habraken®! recently
analyzed the influence of thermomechanical treat-
ments on one of the steels investigated here, the
manganese—molybdenum—boron steel VII. Small
plates (12 x 12 x 0.4 in.) were rolled on a two-high
mill within three temperature ranges: 950/800 C
(1740/1470 F), 800/700 C (147071290 F) and 650/
550C (1200/1020 F'), where the first temperature is

that at which the material left the reheating furnace
and the second temperature is that at the end of the
rolling operation. The material was then cooled at
given rates. In general, four cooling rates were used,
all of which produced a largely bainitic structure:
80, 30, 9 and 1 C/min (145, 55, 16 and 2 F/min) cor-
responding to times of 3.6, 10, 33 and 300 min for
cooling from 800 to 500 C (1470 to 930 F'). After the
thermomechanical treatments, tensile and impact
specimens were machined from the rolled products
with their axis parallel to the rolling direction. In
addition, samples were systematically examined un-
der the optical and electron microscope using in the
latter case the thin-foil technique.

The treatments applied and the results obtained
are summarized in Figure 81 for thermomechanical
treatments in the temperature range where austenite
is stable and in Figure 32 for treatments in the inter-
mediate temperature range of 800/700 C (1470/
1290 F) around the transformation points. The indi-
cated reductions were obtained on one pass and the
cooling times are mean values. For comparison pur-
poses the results obtained on a normalized steel
cooled at rates similar to those used after the thermo-
mechanical treatments are included. The most salient
observations are summarized below.

Deformation Above Critical Point by Rolling
Between 950 and 800 C (1740 and 1470F)
(Figure 31)

The strength, impact and transition-temperature
curves are similar in shape to those for specimens
cooled at the same rates after austenitization. The
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impact strengths, however, are higher and the peaks
in the transition-temperature curves are much less
apparent.

All the structures obtained are similar to those
described previously. In the region of maximum brit-
tleness, the structure consists of ferrite and austeni-
tic-martensitic particles (Figure 16). The size of the
austenite and bainitic-ferrite grains is smaller than
that obtained after austenitization and the ferrite
has a high density of dislocations. The undecomposed
particles are also smaller but more numerous and
very irregular in shape. The difference between the
structures obtained by cooling at the same rates
after austenitizing and after thermomechanical treat-
ments could account for the observed difference in
mechanical properties.

Thermomechanical Treatments Between 800
and 700 C (1470 and 1290 F), Below
Transformation Point

Figure 32 shows that not only is the tensile strength
increased by this type of thermomechanical treat-
ment but a high impact strength is sometimes also
associated with this high tensile strength. Oddly
enough, the best impact strengths are obtained by
cooling at 30 C/min (55 F/min), that is with a cool-
ing time of ten minutes between 800 and 500 C (1470
and 930 F), or precisely that which produces the
lowest values directly after austenitization. The per-
centage reduction and number of passes influence the
results considerably but do not change the compara-
tive positions of the impact and transition-tempera-
ture curves.

Optical micrographs in Figures 33 and 34 show
complex structures composed of ferrite surrounding
a large number of small, substantially unaligned
austenitic-martensitic particles, which are partially
decomposed to carbides and ferrite. Austenite grain
boundaries are not visible. The structure is coarser
after three passes. In both cases, the ferritic regions
are typical when they are observed at a very high
magnification; the grains are relatively small and the
dislocations are grouped in low-energy arrays recall-
ing a recovered structure. This ferrite is completely
different from those observed so far, which were
more like mechanically deformed structures. The
austenitic-martensitic particles are often decom-
posed as shown in the electron micrographs at the
intermediate magnification. The ferrite between the
carbides again has many dislocations but these tend
to be more disorganized than in the bainitic ferrite.
Combination of the strength of the bainitic ferrite
with that of the austenitic-martensitic zones parti-
ally transformed to ferrite and carbides may account
qualitatively for the observed mechanical properties,
especially the good impact properties.

If we analyze now the first group of curves in Fig-

ure 32, we do not observe a continuous increase in
tensile strength as the cooling rate increases. Actu-
ally, a slight decrease occurs for cooling rates around
30 C/min (55 F/min). This decrease, which coin-
cides with the highest impact properties, is related
to the presence of a recovered structure as stated
above. At low cooling rates (cooling time from 800 to
500 C (1470 to 930 F) about 150 min), the tensile
strength is only 80 kg/mm2. The structure consists
of very large bainitic-ferrite grains with numerous
randomly distributed dislocations and elongated
austenitic-martensitic particles, a few of which have
decomposed. At fast cooling rates (shortest cooling
time between 800 and 500 C (1470 and 930 F) 3.6
min) the tensile strength is 128 kg/mmz2. The struc-
ture then consists of small ferritic grains with a high
density of dislocations. The austenitic-martensitic
particles are large, elongated and undecomposed. In
both cases, the impact properties are very low; the
intrinsic properties of the bainitic ferrite, and the
size and distribution of the austenitic-martensitic
particles within the ferrite are jointly responsible
for this effect.

Deformation by Rolling at 650/550 C
(1200/1020 F)

When such a deformation is followed by cooling at a
rate sufficiently high to produce bainite, the structure
consists of ferrite with a very high dislocation den-
sity (Figure 18), inside which small but numerous
austenitic-martensitic particles occur. The strength
is high with a tensile strength of 127 kg/mm? and a
yield strength of 93 kg/mm? but naturally the impact
properties are low with a Charpy V-notch impact
about 1.7 kgm/cm?.

DISCUSSION

The following discussion, based on the whole of the
observations just described, is aimed at explaining
the dependence of the tensile and impact properties
on the observed microstructures, accounting for the
vastly different impact strengths of structures hav-
ing the same tensile strength and understanding the
differences in behavior of isothermal bainites, which
in certain cases are less brittle than tempered mar-
tensite of similar strength, and of some continuous-
cooled bainites, which are much more brittle than
isothermal bainites.

Influence of Structures on Correlation
Between Microstructure and Mechanical
Properties

In principle, the mechanical properties of bainitic
steels can be accounted for in terms of the structures
observed under the microscope. Our investigations,
however, have shown that a complete solution of this
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FIGURE 33. Structure of manganese-molybdenum-boron
steel VII after intermediate-temperature thermomechan-
ical treatment involving 15% -+ 15% deformation by
rolling between 800 and 700 C (1470 and 1290 F) fol-
lowed by cooling at 30 C/min (55 F'/min). Optical (500 X)
and thin-foil electron micrographs (12,000 and 40,000 X)

FIGURE 34. Structure of manganese-molybdenum-boron
steel VII after intermediate-temperature thermomechan-
ical treatment involving 15% + 15% -+ 30% deforma-
tion by rolling between 800 and 700 C (1470 and 1290 F)
followed by cooling at 30 C/min (55 F/min). Optical
(500 X) and thin-foil electron micrographs (12,000 and
40,000 X)
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correlation problem requires quantitative data or, in
other words, describing the microstructures by pa-
rameters.

Attempts in this direction have been made, par-
ticularly by Irvine and Pickering.58 These authors
have shown that the tensile strength can be satisfac-
torily correlated quantitatively with two structural
parameters, the bainitic grain size and the carbide
density. In most of the steels considered in the pres-
ent paper, however, the problem is complicated by
the occurrence of certain bainitic structures consist-
ing of ferrite and austenitic-martensitic areas. For
this reason, it appears that the structural parameters
to be used should be much more general than those
employed up to now.

Ansell®® has shown that the problem of quantita-
tively correlating properties with microstructure is
complex even in the case of relatively simple struc-
tures such as those consisting of a finely dispersed
phase inside a homogeneous matrix. In the case of
bainite or of the structures identified in the present
work, the problem is considerably complicated by the
fact that four constituents are often present simul-
taneously : bainitic ferrite, cementite, martensite and
austenite. This is the reason why we shall restrict
ourselves in the present discussion to some general
remarks regarding a possible correlation.

For each of the constituents listed above, it is ap-
propriate to consider on the one hand its intrinsic
properties and on the other its relation with adjacent
constituents. For instance, the contribution of bain-
itic or massive ferrite to strength will depend on the
grain size, intrinsic strength of the lattice, which is
related to substitutional or interstitial solid-solution
hardening, precipitation hardening, etc. The strength
is also influenced by the density of dislocations and
vacancies present, whether arising during transfor-
mation or inherited directly from the austenite. We
shall now examine successively the three structures
as defined in Figure 8.

Bainitic Ferrite—Austenitic-Martensitic

Structure (I) This structure, which has been
shown to occur in numerous steels and to be in some
cases free of precipitates, exhibits tensile strengths
ranging from 50 to 100 kg/mm?2, depending on the
composition of the steel. Over a whole range of cool-
ing rates, it leads to a momentary levelling-off in the
tensile-strength—cooling-time curve. This tends to
indicate that the properties are little influenced by
minor modifications in the distribution of the two
phases. When thermomechanical treatments are ap-
plied, however, the structure becomes finer and in
this case a rather large variation in tensile strength,
often dependent on cooling rate, is observed. As re-
gards impact strength, a high degree of impact brit-
tleness is generally observed when structures of this
type become very coarse whereas room-temperature

tensile and elongation values are little affected. This
embrittlement is more evident when elongated aus-
tenitic-martensitic particles are presént.

After certain thermomechanical treatments, nu-
merous arrays of dislocations similar to those ob-
served in a recovered structure appear in the ferrite.
When this is the case, the tensile strengths are low
but impact properties are attractive even when aus-
tenitic-martensitic particles are present. The most
favorable impact properties, however, are obtained
when the ferrite is recovered and the austenitic-
martensitic areas are small and globular.

Carbide-Free Acicular Ferrite Structure an
This structure forms on cooling at higher rates than
those giving the bainitic ferrite—austenitic-marten-
sitic structure. In general, it is relatively acicular and
much finer than that examined above. This actually
accounts very often for the improved tensile proper-
ties observed. When long austenitic-martensitic
plates extend across the grains, however, the impact
strength may decrease fairly sharply. In many cases,
this structure tends to resemble conventional upper
bainite, especially when the carbides have had an
opportunity to precipitate. Finally, a Spectacular
strength increase together with an appreciable de-
crease in impact strength is observed in most steels
when at the end of the bainitic transformation a cer-
tain amount of acicular martensite is formed inside
the acicular-bainitic regions.

Proeutectoid Ferrite and Pseudo-Pearlite am)
Generally speaking, the low strength of propearlitic
ferrite is responsible in this case for an appreciable
decrease in tensile strength, which often drops below
50 kg/mm2, The grain boundaries are generally well
defined and the impact strength is adequate. The
mechanical properties are observed to depend in some
measure on the number and extent of the bainitic
areas and on the size and distribution of the precipi-
tates. The effect of these factors is in conformity
with the fundamentals of physical metallurgy.

Influence of Composition on Microstructure

The composition of the steel determines above all the
position of the transformation curves. For a given
austenitization treatment, it is thus possible to define
the cooling conditions that will avoid the coarse and
brittle structures described above. In certain cases,
heavy turbine rotors for instance, selection of a suit-
able grade of steel is based solely on the necessity of
avoiding transformations that would lead to the em-
brittling structures mentioned above under the cool-
ing conditions prevailing throughout the part.

On the other hand, composition certainly modifies
the amount of solid-solution hardening that can be
attained in a given structure. For instance in the case
of bainitic ferrite, the tensile strength varies from



60 kg/mm?2 for a low-alloy steel to more than 100
kg/mm? for the nickel—cobalt steel XIII in spite of
an often fairly similar dislocation density. Let us
emphasize that solid-solution strengthening must
exert a very large influence since, in the nickel—cobalt
steel XIII with 0.83% C just considered, the struc-
ture is relatively coarse and there is considerable
stabilization of austenite. This does not prevent the
steel from exhibiting a high tensile strength on the

FIGURE 35. Two structures of manganese-molybdenum—
boron steel VII having same tensile strength of 85 kg/mm?
but different transition temperatures. Electron micro-
graphs, plastic negative replicas. 2000 X

1. bainite produced by air cooling at 50 C/min (90 F/
min) has transition temperature of 80 C (175 F)

2. tempered martensite produced by water quenching
and tempering has transition temperature of — 60 C
(-7 F)
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one hand and from retaining an adequate impact
strength down to —80 C (—110 F) on the other.
Bearing in mind the results obtained by Krén and
associates®? on a 9% Ni ferritic steel, which after
heat treatment contains an appreciable amount of
residual austenite, and the results of internal-friction
measurements, we believe the favorable effects on
impact properties are due principally to the presence
of nickel in solid solution in the ferrite.

Comparison Between Bainite and
Tempered Martensite

Considerations similar to the preceding ones permit
an explanation as to why two microstructures of
identical strength, one consisting of bainite and the
other of tempered martensite, have distinctly differ-
ent brittleness characteristics. Figure 35 provides a
characteristic illustration of this difference. It shows
two types of microstructures exhibiting the same
tensile strength (85 kg/mm?) ; the first is bainitic
with a transition temperature of 80 C (175 F) while
the second is a tempered martensite with a relatively
low transition temperature of — 60 C (— 75 F).

Hyam and Nutting® have shown that the major
part of the strength of tempered martensite origi-
nates from the extremely small ferritic grain size
(inherited from the fineness of the martensitic
needles) and from the uniform dispersion of small
carbide particles. Similarly, it is a fact that a fine
ferritic grain size is highly favorable with respect
to impact strength and the same applies for a fine
dispersion of uniformly distributed carbides. Actu-
ally the latter constitute obstacles, which force the

FIGURE 36. Isothermally produced bainite in manga-
nese—molybdenum—boron steel VII. Electron micrograph,
plastic negative replica. 2000 X
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microcracks to deviate from one plane to another,
thereby absorbing energy. The joint influence of
these two favorable factors may well account for the
combination of strength and high toughness found in
tempered martensite.

As regards granular or massive bainite, the micro-
graph in Figure 35 shows that this structure has
neither a fine ferritic grain size nor a homogeneous
dispersion of small precipitated particles. Accord-
ingly, other factors must be put forward to explain
its strength: inherent strength of the bainitic ferrite
because of its high dislocation density ; solid-solution
hardening of this ferrite; obstacles placed by the
austenitic-martensitic islands; and presence within
the structure of an appreciable percentage of mar-
tensite resulting from partial transformation of the
stabilized austenite. Contrary to the situation pre-
vailing in the case of tempered martensite, all these
factors except the second are detrimental to impact
strength. Actually, the large bainitic ferrite areas
favor the formation and propagation of microcracks.
In addition, the austenitic-martensitic islands are
neither sufficiently fine nor sufficiently dispersed to
constitute efficient obstacles to the propagation of
cleavage cracks. Finally the presence of an appreci-
able amount of martensite can also contribute to
brittleness.

However, let us recall that in certain cases a ther-
momechanical treatment produces an appreciable
improvement in impact strength. This is illustrated
in Figure 33, which shows that rolling at tempera-
tures between the transformation points produces a
structure in which the bainitic ferrite exhibits a
large number of sub-boundaries as well as a distribu-
tion of dislocations similar to that observed in a
crystal after recovery. Simultaneously the austenitic-
martensitic particles become more numerous and
globular with some of them dissociated into carbides
and ferrite. This structure exhibits not only a high
tensile strength but also impact properties that ap-
proach those of tempered martensite.

Comparison of Isothermal and
Continuous-Cooled Bainites

Numerous investigations on bainites obtained by
isothermal treatments have shown that in certain
cases these structures can exhibit impact properties
higher than those of tempered martensites of similar
strength.2 This is not true in the case of the bainitic
structures obtained by continuous cooling of the
steels considered in the present work. The explana-
tion of this difference, which is particularly clearly
apparent in the case of the manganese—molybdenum—
boron steel VII, must be sought in the configuration
of the isothermal and continuous-cooled structures
(Figure 36 vs micrograph 1 of Figure 35). We have

actually shown that in this steel it is practically im-
possible to obtain by continuous cooling a bainite
with a structure similar to that of tempered marten-
site because of the presence of acicular martensite.

CONCLUSIONS

The various experimental facts relating to micro-
structure and mechanical properties described in the
present paper can be summarized as follows.

Numerous steels exhibit a form of intermediate
structure differing from ferrite and carbides. It
consists of ferrite with a high dislocation density
and austenitic-martensitic particles that are some-
times partly decomposed into ferrite and cementite.
These structures form especially in low-carbon, low-
and medium-alloy steels by cooling at intermediate
rates from the austenitic range. It is often possible
to deduce from a continuous-cooling diagram the
austenitization conditions and cooling rate that will
give these carbide-free structures. However can
these structures still be called bainites ? They are fre-
quently encountered in continuous-cooling diagrams
but seldom occur in isothermal diagrams. Early indi-
cations on their kinetics of formation suggest that
these structures are related in several respects to the
massive structures described previously in carbon-
free ferrous alloys. In the light of the experiments
described, it appears reasonable to assume that their
formation is preceded by some kind of dehomogeni-
zation of the austenite. The same structures also
occur in the steels investigated after certain thermo-
mechanical treatments but they are then largely in-
fluenced by the nature of the treatment.

The comparative study of mechanical properties as
a function of microstructure has revealed the exist-
ence of a qualitative correlation in all the steels inves-
tigated. In view of the fact that numerous factors
such as the intrinsic properties of each phase, their
arrangement with respect to each other, th<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>