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Abstract

The macro-scale segregation of alloying elements during the solidification of steel continues to cause problems for manufacturers of large
ingots, despite significant progression in both casting techniques and
computer modelling in recent decades. Non-uniform distributions of
additions within an ingot can cause significant microstructural variations across the material after working and heat treatment, leading
to inhomogeneous properties.
It can be found that the integrity of a component is critically affected
by results of macrosegregation, and because the results are practically
impossible to reverse, the rejection of material that falls outside specification is a possibility. It is true that the vast majority of the world’s
steel is now continuously cast, but ingot casting is still required for
the production of certain heavy industrial components which comprise large high-cost single-piece sections, such as the pressure vessels
required for power generation. It is therefore not surprising that the
prediction and prevention of macrosegregation in steel ingots remains
the subject of a considerable research effort to this day.
This thesis examines the effects of macrosegregation on the microstructure and mechanical properties of the world’s most common pressurevessel steel, SA508 Grade 3, which is used extensively in critical nuclear applications. The effect of A-segregation, a particular type of
macrosegregation defect often found in large ingots, is a particular
focus of this research. It is found that the enriched material contained within A-segregates produces a significantly harder and finer

microstructure than the bulk material following standard heat treatments. It can also undergo intergranular brittle failure during impact
testing, resulting in reduced impact energies and increasing the scatter found in results.
With the results of specific investigations into SA508 Grade 3 in mind,
this thesis also assesses more general methods for predicting the location and severity of A-segregation. Shortcomings in current modelling
techniques are highlighted, before validation exercises are carried out
to determine the effectiveness of a simple predictive criterion recently
proposed. This criterion, based on a dimensionless Rayleigh number, is found to be a valuable tool if implemented carefully, and is
markedly better when compared to existing simple criterion and complex macromodels in terms of its applicability in an industrial setting.
Nevertheless, the validity of applying the Rayleigh criterion to ingot
castings is called into question, and reasons are outlined for why it is
not strictly appropriate for many casting scenarios. In light of this,
the basis of a new criterion for A-segregation is proposed, which retains a simple form whilst being physically meaningful.
The thesis concludes with an examination of the macrosegregation
present in a 12.3-tonne steel ingot, which was cast, sectioned and analysed specifically to evaluate casting defects. Using a variety of largescale assessment techniques, casting conditions were documented and
the effects of macrosegregation on ingot structure revealed in remarkable detail. It is hoped that this investigation, which has developed
into the most comprehensive of its kind, will provide the future modelling community with a reputable case study for comparison and
validation.
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Nomenclature
Variables and Symbols
The units for the variables listed below follow the International System of Units
(SI), unless stated otherwise in the text.
α

Ferrite

αT

Thermal diffusivity

β

Solidification shrinkage ([ρs − ρl ]/ρs )

γ

Austenite

θ

Cementite

λ

Dendrite arm spacing - subscripts ‘1’ and ‘2’ added for
primary and secondary spacings, respectively

µ

Dynamic viscosity

ν

Kinematic viscosity

ρ

Density - subscripts ‘l’ for liquid, ‘s’ for solid, and 0 for
reference

σ

Standard deviation - subscripts ‘p’, ‘b’, ‘∗’ and ‘net’ for
peak, background, theoretical and net, respectively

τ

Time

B

Density gradient (in the liquid)

C

Number of counts - subscripts ‘p’ and ‘b’ for peak and
background, respectively
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C

Concentration - subscript ‘l’ for liquid, other subscripts
often added for particular elements

Dl

Diffusion coeffient in the liquid

d

Diameter

F

Force

f

Volume fraction - subscripts ‘s’ for solid and ‘l’ liquid

G

Temperature gradient

g

Acceleration due to gravity (scalar)

g

Acceleration due to gravity (vector)

h

Height

K

Permeability (scalar)

K̄

Local average permeability

K

Permeability (tensor)

Ms

Martensite start temperature

m

Mass

Ny

Niyama number

p

Pressure

R

Isotherm speed (also casting speed) - subscript ‘v’ for in
vertical direction
Isotherm velocity

Ra

Rayleigh number

r

Radius

t

Time - subscript ‘F’ for freezing

T

Temperature

Ṫ

Cooling rate

u

Fluid velocity

V

Volume
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v

Local velocity of interdendritic liquid relative to solid
(vector)

W

Fluid speed in vertical direction

Acronyms
APC

Anti-piping compound

ASME

American Society of Mechanical Engineers

CAD

Computer-aided design

CET

Columnar-to-equiaxed transition

DBTT

Ductile-to-brittle transition temperature

DC

Direct-chill

EDX

Energy-dispersive X-ray spectroscopy

EPMA

Electron-probe microanalysis

ESR

Electroslag remelting

FE

Finite element

FEG

Field emission gun

FIV

Final insulating value

LSRE

Local solute redistribution equation

OES

Optical emission spectroscopy

RPV

Reactor pressure vessel

SEM

Scanning electron microscope (microscopy)

SIMS

Secondary-ion mass spectrometry

STEM

Scanning transmission electron microscope (microscopy)

TC

Thermocouple

TEM

Transmission electron microscope (microscopy)

VAR

Vacuum-arc remelting

XRF

X-ray fluorescence spectroscopy
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Chapter 1
Introduction
When alloys solidify, solute is partitioned between the solid and liquid to either
enrich or deplete interdendritic regions. This naturally leads to variations in composition on the scale of micrometres, i.e., to microsegregation. Macrosegregation,
however, refers to chemical variations over length scales approaching the dimensions of the casting, which for large ingots may be of the order of centimetres
or metres. Microsegregation can be effectively removed by homogenisation heat
treatments, but it is practically impossible to remove macrosegregation due to the
distances over which species are required to diffuse. Almost all macrosegregation
is undesirable for casting manufacturers as the chemical variations can lead to
changeable microstructural and mechanical properties.
The primary aim of the work detailed in this thesis was the investigation of
macrosegregation in the world’s most popular pressure-vessel steel, SA508 Grade
3, which is extensively used in critical nuclear applications. In particular, focus is
given to a specific type of segregation, A-segregation, and its effect on microstructural and mechanical properties in the alloy. The chapters found in the latter half
of this thesis, however, are concerned with techniques and phenomena that are
not just of relevance to SA508 Grade 3, but are more generally applicable to large
steel ingots.
This thesis begins, in Chapter 2, with an introductory review of the literature
that explores our current understanding of macrosegregation phenomena, and
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goes on to assess the development of predictive macrosegregation models to date
and highlights the shortcomings of these approaches. Methods of macrosegregation prevention and measurement are also briefly surveyed. The context of the
research performed is described in Chapter 3, which also introduces the steels
and production processes of interest. The investigations that are then presented
in Chapters 4 to 8 can be broadly split into two categories. First, the effects of
macrosegregation (specifically A-segregation) in large SA508 Grade 3 forgings are
examined: Chapter 4 is concerned with its effects on microstructural evolution,
whilst Chapter 5 studies the impact that A-segregation can have on the results of
Charpy V-notch tests. Second, investigations are presented that are more widely
applicable to steels: Chapter 6 evaluates procedures that can be used to efficiently predict and track macrosegregation defects in large forgings, and Chapter
7 assesses a method for accurately measuring segregation over large length scales.
Chapter 8 is devoted to a detailed case study of macrosegregation in a 12 ton
ingot, cast purely for research purposes. This section of the thesis draws together
many of the topics addressed in previous chapters. Finally, concluding remarks
are given in Chapter 9 and the scope for future work is examined in Chapter 10.
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Chapter 2
Macrosegregation in Steel Ingots:
Prediction, Prevention and
Characterisation
2.1

Introduction

This literature review examines the development of predictive methods for macrosegregation, assesses the viability of their use today in an industrial environment,
and goes on to highlight the key factors limiting their effectiveness. Potential
strategies for macrosegregation mitigation are also explored, as are methods of
segregation detection.

2.2

An Overview of Macrosegregation
Phenomena in Ingots

The first examinations of macrosegregation phenomena in steel ingots were carried
out many decades ago, and although our understanding of the processes leading
to segregation has improved considerably, the same defects can still be observed
in ingots made today [1; 2]. These, shown in Fig. 2.1, include A-segregation,
V-segregation and negative base segregation (bottom cone).
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Up to the mid-1960s, solute buildup at the tips of the advancing solid interface was believed to be the predominant cause of macrosegregation phenomena
in ingots [1; 3; 4; 5; 6]. However, subsequent work has not supported this idea. It
is now recognised that the majority of solute is rejected sideways from a growing
dendrite, enriching the mushy zone, and that accumulation in front of dendrite
tips is negligible - the boundary layer has a thickness of the order of Dl /R (Dl
is the diffusion coefficient in the liquid and R is the dendrite tip velocity), which
for ingot solidification may only be ≈ 10−5 m [7].

Figure 2.1: Schematic of the different types of macrosegregation that can be
found in large ingots. Positive segregation is denoted by + symbols (regions enriched in solute) and negative by – (regions depleted). Similar figures can be found
in other macrosegregation reports [8]. (b) Macroetched section of a 10 ton steel
ingot [1], no compositional information given.

All types of macrosegregation originate from mechanisms of mass transfer during
solidification. The movement of enriched liquid and depleted solid, Fig. 2.2, can
occur through a number of processes:
• Convective flows, Fig. 2.2a, due to density gradients caused by temperature
and composition variations in the liquid. The thermal and solutal buoyancy
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contributions can either aid or oppose each other depending on whether
local temperature and concentration fields cause liquid density to increase
or decrease. The convection due to the coupled action of temperature and
solute is known as thermosolutal convection.
• Movement of equiaxed grains or solid fragments which have either nucleated
heterogeneously in the melt, become detached from dendrites due to remelting/stress, or have separated from the mould wall after pouring, Fig. 2.2b.
Equiaxed grains in steels are denser than the surrounding liquid and will
hence tend to sink. This mechanism, along with convective fluid flow, is a
dominant macrosegregation process in large ingots.
• Flow to account for solidification shrinkage and thermal contraction of the
liquid and solid on cooling, Fig. 2.2c.
• Deformation of the solid network due to thermal stresses, shrinkage stresses
and metallostatic head (i.e., the pressure provided by the liquid metal
above), Fig. 2.2d.
• Imposed flows due to pouring, applied magnetic fields, stirring, rotation etc.
The complex interplay between these mechanisms makes accurate modelling of
macrosegregation phenomena a formidable challenge, often involving complicated
mathematical treatments. Thus, before such models are discussed, some qualitative explanations of how these mechanisms lead to macrosegregation defects are
given below.

2.2.1

A-Segregation

A-segregates arise due to the flow of solute-rich interdendritic fluid via thermosolutal convection. They are characterised in the final solidified microstructure
as channels of enriched solid, which can have near-eutectic composition. Their
formation mechanism can be described as follows: in steels the enriched interdendritic liquid will often be less dense than the bulk liquid (due to enrichment
in light elements such as C, Si, S and P), and will hence tend to rise. As the
liquid moves towards the bulk liquid and the top of the ingot it will increase in
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Figure 2.2: Schematic of the processes which lead to mass transport during ingot
solidification. (a) Convective flows in the enriched interdendritic liquid passed the
depleted solid dendrites (+ symbols denote enrichment in solute in the liquid,
whilst – denote depletion in the solid), (b) grain sedimentation (more generally
solid movement), (c) liquid flow to feed solidification shrinkage and (d) mushyzone deformation. Note that the columnar solid in (a), (c) and (d) has grown from
the mould wall.
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temperature, but its composition will remain nearly constant due to slow mass
diffusion (it will therefore be out of equilibrium with the solid it encounters). This
hotter enriched liquid then causes delayed growth or remelting of the solid around
it, creating persistent solute-enriched channels. A-segregates are also commonly
referred to as ‘channel segregates’, or ‘freckles’ or ‘chimneys’ when they arise in
directionally-solidified castings (when the melt is cooled from below, for instance
during the casting of single crystal nickel-based superalloy turbine blades).
The prevalence of A-segregation has meant it is perhaps the most investigated of
all macrosegregation phenomena, not only in steels, but also many other systems.
Some of the earliest studies which identified the importance of mushy-zone fluid
flow on macrosegregation were made by the Japanese steel industry in the 1950s,
and focused on A-segregates. Kawai was one of the first to attribute their formation in ingots to the gravity-induced flow of enriched mushy-zone liquid [9], whilst
others confirmed that liquid density changes due to composition were of critical
importance (by reducing the Si content and increasing Mo levels, it was found
that A-segregation could be minimised, since they decrease and increase liquid
density, respectively) [10; 11; 12]. Later on, Suzuki et al. found that A-segregates
started to form in the mushy zone when the fraction solid was between 0.3 and
0.35, and that their growth persisted until the fraction solid was as high as 0.7 [13].
Similar results were found by investigations of the NH4 Cl-H2 O system, a favourite
of researchers because its transparent liquid allows the mushy zone to be directly
observed during solidification. Particularly noteworthy NH4 Cl-H2 O studies were
carried out by McDonald and Hunt, and Copley et al., and demonstrated that
increased solidification times (and alloy freezing ranges) increased the severity
of channel segregation [14; 15; 16; 17; 18; 19]. The Pb-Sn system was also the
subject of a considerable research effort [20; 21; 22; 23; 24]. Streat and Weinberg
not only examined compositional and liquid-density effects in Pb-Sn, but also
the extent of fluid drag within the mushy-zone network (i.e., the permeability,
discussed below) on channel formation. The nucleation mechanism and stability
of channel segregates were likewise investigated experimentally and theoretically
in a number of studies [25; 26; 27].
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A-segregates are a particular concern for the manufacturers of pressure vessels, as
they can be retained through the wall thicknesses of vessels even after extensive
forging. They are hence a key focus of this thesis, as will become clear in later
chapters.

2.2.2

Negative Base Segregation

It has been proposed that negative base segregation can arise in ingots due to
two processes: (i) the settling of partially-solidified solute-depleted (negativelysegregated) equiaxed grains at the bottom of the ingot under the action of gravity
and (ii) the general rise of solute-enriched liquid upwards. There has been some
dispute over which of these mechanisms is predominant: early investigations by
Marburg and others suggested that the flow of enriched liquid upwards was the
dominant factor, citing the appearance of negative segregation in ingots which
apparently contained no equiaxed zone [3; 5]. But in reality it is rarely the case
that steel ingots undergo fully columnar solidification, and more recent modelling
investigations have tended to lend greater significance to grain sedimentation [28].
It has been found that the equiaxed zone in a low-alloy steel ingot may extend
to well over half its height [28; 29], and that the equiaxed grains at the very base
of the ingot are more globular in form than those found further up the ingot
(globular grains are rounder and not so branched, equiaxed grains typically start
growing in this form before becoming dendritic) [28; 30; 31]. Disconnected grains
can form through a number of mechanisms, which include heterogeneous nucleation in the melt and dendrite-arm detachment in the columnar zone [32]. The
predominant mechanism is usually detachment due to the action of convective
flows or shrinkage stresses. Note that if the density of enriched liquid is higher
than the bulk (as is possible, for instance, if the steel is rich in heavy elements
like Mo), then flow in the mushy zone will be generally downwards, and this may
reduce the severity of both negative base segregation and any positive segregation
(enrichment) at the ingot top.
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2.2.3

V-Segregation

During the final stages of ingot solidification the centre of the casting is usually
occupied by a network of loosely-connected equiaxed grains. It is thought that
V-segregates arise due to the fissuring of such networks under action of metallostatic head (i.e. the weight of material above) and solidification shrinkage, see
Fig. 2.3, which leads to the formation of open shear planes that can fill with
any remaining liquid [33; 34; 35]. This remaining liquid will have been enriched
throughout solidification by convective flows from the mushy zone, and also by
solidification in the final cavity, and it solidifies to produce positively-segregated
solid. Indeed, the solidification of enriched material at the end of solidification
generally produces the often-referred-to centreline segregation.
Despite being regularly observed, V-segregation is generally not well understood
other than through the mechanism given above. Theoretical treatments and
models of V-segregate formation in ingots have yet to be produced and are likely
to prove challenging as they would need to account for phenomena including
equiaxed grain sedimentation, equiaxed mushy zone deformation and fluid flow.
Nevertheless, the total lack of literature on V-segregation in ingots is perhaps
indicative of a further issue - the disinterest of manufacturers in the subject. It
is often the case that the centres of ingots are removed after casting (as will be
shown in Chapter 3) or that the effects of V-segregation are insignificant for end
applications. Not only would modelling of V-segregation be a great challenge,
but it may not prove to be particularly useful.

2.2.4

Other Segregation

Hot-top segregation, banding and inverse segregation are other examples of defects that can arise during ingot casting. Their formation and severity, like most
of the other macrosegregation defects, is dependent on casting procedures and
ingot size, and hence they will not always be observed in large ingots.
Flemings described hot-top segregation as the positive segregation which can
arise below the tops of ingots (i.e., below the head) due to the flow of enriched
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Figure 2.3: Schematic showing formation of V-segregates through shearing on
preferred planes during settling and compression of equiaxed grains. Adapted
from [34].

liquid from the head of the ingot during the latter stages of solidification. If the
temperature gradient moving away from the top surface of an ingot is conducive
to solidification (due to insufficient insulation, for example) then a dendritic front
will advance downwards from the head surface. Enriched, cool liquid from this
solidification may then flow downwards and enrich the liquid below the top [8; 36].
During the early stages of solidification this enriched liquid may spread throughout the large melt pool, but during the final stages (when solidification at the top
is most likely) the enriched liquid will remain at the centre and top of the ingot
[37]. Improvements in hot-top practices, driven primarily by the need to reduce
ingot porosity, have led to reduced levels of hot-top segregation in modern-day
ingot making. Note that the hot-top segregation described here is distinct from
the general positive segregation often observed at the top of steel ingots (within
the head), which is formed due to the advection of enriched liquid upwards.
Bands of segregation (not to be confused with microstructural banding, which
is discussed later in this thesis) are thought to result from abrupt changes in
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temperature profile across the mushy zone during the early stages of solidification, which may be caused by thermal pulses from convection or changes in heat
transfer due to air gap formation (i.e., unsteady heat flow) [37]. Flemings and
co-workers suggested that solute-rich bands can be formed due to the remelting
of solid and expansion of the mushy zone, and that changes in conditions which
lead to acceleration of the liquidus isotherm toward the ingot centre will also give
a similar result. They also suggested that solute-poor bands are formed when
the mushy zone size is reduced [36]. However, it is not clear to the author how
banding can be understood from these arguments in a qualitative sense.
Inverse segregation refers to the positive segregation which can arise directly
adjacent to the cold wall of a mould, which is thought to form due to the motion
of enriched interdendritic fluid towards the wall to feed solidification shrinkage in
the early stages of solidification [8; 38; 39]. Its effects are not observed later on
in the casting process because buoyancy-driven flow dominates mass transport.
Inverse segregation is found most prominantly in direct-chill (DC) casting of aluminium alloys, but its significance in steel ingot casting is likely to be low and it
is hard to find investigations on the subject.

2.3
2.3.1

Modelling Macrosegregation
Flemings et al.

The first pioneering work on macrosegregation modelling was carried out by Flemings et al. in the late 1960s [36; 40]. They began by considering the effect of fluid
flow resulting from solidification shrinkage only, i.e., the density difference between solid and liquid, and developed the local solute redistribution equation
(LSRE) now so familiar to macromodellers:
∂fl
=−
∂Cl



1−β
1−k



v · ∇T fl
1+
∂T /∂t Cl

(2.1)

where fl is the volume fraction liquid, Cl the concentration of the liquid, β =
(ρs − ρl )/ρs the solidification shrinkage, k the equilibrium partition ratio, v the
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local velocity of the indendritic fluid relative to the solid, T the temperature and
t time. This was the first treatment to account for the effect of macroscopic fluid
flows on solute redistribution. The expression was found by conserving mass and
solute within a volume-element of mush, Fig. 2.4, and assuming that mass transfer was due only to liquid flow (not diffusion) and that the solid was stationary
and its density was constant - no pore formation was allowed. Further details of
its derivation can be found in [40]. Analytical solutions were found by assuming
a linear temperature gradient within the mushy zone (hence values of liquid fraction and the rate of solidification were fixed) for unidirectional solidification with
planar isotherms. With zero interdendritic flow velocity and no shrinkage, equation 2.1 reduces to the well-known Scheil equation [41; 42; 43]. This also happens
when the flow is exactly that required to feed solidification shrinkage. Positive
segregation results when the flow velocity is slower or in an opposite direction
to shrinkage flow (i.e., fluid flows from cold to hot), whilst negative segregation
results when the flow velocity is of greater magnitude in the same direction (i.e.,
fluid flows from hot to cold) [37]. Solutions of the LSRE were used to predict the
formation of solute-rich and solute-poor bands as a result of thermal fluctuations,
and also to show the formation of inverse and hot-top segregation [44]. The LSRE
model was later extended to ternary systems [45].
Work by the same group later expanded the LSRE model to include the effect
of fluid flow in the mushy zone due to buoyancy [47]. Differences in liquid density due to both thermal and solutal effects were accounted for (thermosolutal
convection), but because a temperature gradient within the mushy zone was still
assumed (and concentration related to temperature via the phase-diagram liquidus), the density of the liquid was a function only of local temperature.
In order to calculate flow velocities in the mushy zone, the resistance to liquid movement provided by the dendritic network needs to be accounted for. To
this end, Mehrabian et al. used Darcy’s law for flow within a porous medium to
modify liquid velocities according to gravity and pressure drops across a volume
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element of dendritic mush:
v=−

K
(∇p + ρl g)
µ

(2.2)

where µ is the dynamic viscosity of interdendritic fluid, K is the permeability of
the mushy zone, p the pressure, and g the acceleration due to gravity. Previous
experimental work had showed that the use of Darcy’s law was reasonable [48],
although it can only be applied to slow, laminar flow with uniform and constant
liquid fraction [49]. This was then combined with conservation equations to produce an expression for the pressure distribution in the mush during solidification,
and hence fluid velocities were calculated.
By accounting for density-driven flow, and not just shrinkage, Mehrabian et al.
demonstrated that buoyancy-driven flows could lead to A-segregate formation. If
the simple LSRE equation 2.1 is considered momentarily, by recognising that the
magnitude of ∇T /(∂T /∂t) is equivalent to the isotherm speed R, equation 2.1
can be re-written:


1−β 
∂fl
v  fl
=−
1+
(2.3)
∂Cl
1−k
R Cl

Figure 2.4: Schematic of volume element in mushy zone considered when developing conservation equations. Based on Fig. 2 in [46].
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By examining this expression, it can be seen that local remelting (i.e., an increase
in liquid fraction) occurs if fluid velocities in the direction of isotherm movement
are greater than the isotherm velocities:
|v|
>1
R

(2.4)

as ∂fl /∂Cl becomes positive. In other words, the movement of cooled enriched
liquid across isotherms towards the liquidus results in local remelting and the
formation of persistent channels.
One of the limiting simplifications in the works by Mehrabian, Flemings et al. is
that their models required the input of an experimental or assumed temperature
gradient in the mushy zone, and did not use energy conservation equations to
find the transient values. Furthermore, despite recognising the effects of both
solute concentration and temperature on liquid buoyancy, the two parameters
were always dependently related (the composition of liquid was determined by
the phase diagram at a given temperature) and their profiles fixed by the imposed temperature field. They also neglected fluid flow in the bulk liquid and the
coupled flows between the bulk and mushy regions. It was not until the development of multi-domain models, and later continuum models, in the 1980s, that
the simplifications were gradually removed.

2.3.2

Multi-Domain Models

In multi-domain models conservation equations for mass, solute, momentum and
energy are developed for each region (liquid, mushy and solid) and coupled across
the moving boundaries between them. For instance, fluid momentum in the bulk
liquid is typically described by Navier-Stokes equations for laminar convective
flow, whilst in the mushy zone Darcy’s law is used. One of the earliest attempts
to predict transient mushy zone temperature fields by coupling energy and momentum equations was accomplished through a multi-domain model developed by
Fujii et al. [50]. They examined the macrosegregation in a low-alloy steel through
the use of a modified LSRE for multicomponent alloys which accounted for com-
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plete solid diffusion of interstitituals (lever rule behaviour) and Scheil behaviour
for substitutionals. Importantly, the density of the liquid in their model was a
function of both local concentration and temperature and the two fields were no
longer fixed. Ridder et al. were the first to examine the effect of natural convective flows in the bulk liquid on interdendritic flows in the mushy zone [51]. They
did so by coupling equations for flow velocity and pressure in each domain across
the liquidus interface. For the bulk liquid, energy and momentum equations were
used but solutal effects were not considered [52]. Despite its originality in dealing
with bulk liquid flows, the treatment did not predict mushy zone temperatures,
requiring an a priori knowledge. Perhaps the first truly predictive model for energy and momentum transport, which also examined bulk-liquid flows, was given
by Szekely and Jassal [53]. They used expressions for energy and momentum in
the solid, mushy and bulk-liquid zones and coupled the equations using temperatures and velocities at the domain boundaries.
A key problem with the multi-domain approach, however, is that it requires
the tracking of the boundaries between solid, mushy zone and bulk liquid. This
is often a difficult task, particularly as the boundaries can take on complex morphologies. In using continuum models this difficulty is removed as they comprise
a single set of equations which is equally valid over the solid, mushy zone and
bulk liquid.

2.3.3

Continuum Models

Bennon and Incropera recognised the suitability of continuum formulations for
the liquid-solid transformation in the late 1980s and produced a model for a binary system by combining constitutive equations through simple mixture theory
(for the full set of equations, see [54]). As is usual in continuum formulations, the
momentum equations used (in two dimensions) were based on the Navier-Stokes
equations for fluid flow, but were altered by the addition of the Darcian term
which accounts for the resistance of stationary solid in the mushy zone. Assumptions included laminar Newtonian flow in the liquid with constant viscosity, and
the Boussinesq approximation, which states that differences in liquid density are

45

small enough to be neglected apart from when they are multiplied by g (inertial
differences between two fluids are ignored but weight differences are included).
Closure of the model required the coupling of the enthalpy (temperature) and
solutal fields, which was accomplished by assuming lever-rule equilibrium solidification [55]. The continuum formulation meant that the need for a moving
numerical grid was eliminated and the only boundary conditions included in the
model were those applied to external domain surfaces. As a result, the first direct
numerical predictions of A-segregation were presented.
At almost the same time, Beckermann and Viskanta [56] developed a set of continuum equations almost identical to that of Bennon and Incropera but for the form
of the momentum equation. Their formulation, however, used a volume-averaging
approach (this is generally thought to be more rigorous [57]) to obtain macroscopic conservation equations from microscopic relations for each phase, which
were then combined to produce a single set of equations valid in all regimes.
Direct solution of microscopic equations on a small scale is impractical because
of the highly complex interfacial geometries in the mushy zone, but when they
are averaged over a suitable volume element, the scale of the problem is changed
giving manageable macroscopic relations. For details of the volume-averaging
procedure and the form of the macroscopic volume-averaged formulations, see
[57]. Further exploration of aspects of the volume-averaging procedure and assumptions were made by Ganesan, Poirier, and Voller et al. [49; 58].
Following the pioneering works highlighted above, many studies used similar
or modified versions of the same continuum equations to examine a number of
different solidification phenomena, including channel formation in directionallysolidified alloys [59; 60; 61; 62; 63; 64], the effect of solidification shrinkage
and pore formation [65; 66; 67; 68; 69; 70; 71; 72; 73; 74], and the effect of
transformation-induced strains [75; 76; 77]. Many authors have also examined the
particular formulations and assumptions of the original models [78; 79; 80; 81].
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2.3.3.1

Multi-Phase Models

A shortcoming of early continuum approaches was that they failed to account for
the interaction between liquid and solid phases. Important solidification features,
such as local solid concentrations, were simply averaged over both phases or unaccounted for. In particular, this meant that the solid transport which is known to
form negative base segregation in ingots was not calculable [57] and model results
were commonly at odds with experiment. The first studies which attempted to
account for solid advection used two approaches. The first used a single momentum equation in which the velocity of a volume element of mush was switched at a
certain stage of solidification [82; 83] or through a continuously-varying function
[84; 85]. The other approach, developed by Ni and Beckermann, involved the
use of a ‘two-phase’ model in which separate volume-averaged conservation equations were used for the solid and liquid phases and included interfacial transfer
terms [86; 87; 88]. The relative movement of solid and liquid (and momentum
transfer between them) was accounted for by using an effective solid viscosity, the
value of which changed according to the local solid fraction. If the solid formed
a continuous structure, the solid viscosity was set to infinity - i.e., the solid was
assumed perfectly rigid - or if it did not, solid viscosity was varied between zero
and infinity depending on the nature of the solid environment.
The strength of the two-phase approach is that liquid/solid velocity relationships don’t have to be imposed and that phenomena such as the settling of free
solid grains can be modelled. Furthermore, it can predict liquid and solid interfacial compositions and temperatures, and can also incorporate nucleation and
grain-growth calculations [57]. Wang and Beckermann utilised a two-phase model
to examine features of equiaxed dendritic solidification, including the settling of
equiaxed grains and the columnar-to-equiaxed transition (CET) commonly observed in steel ingots [89; 90; 91]. A key feature of their approach was the introduction of a grain envelope, Fig. 2.5, a ficticious surface which acted as an
artificial boundary between the interdendritic and extradendritic liquid. Across
the envelope interface, microscopic equations describing grain growth and liquid
composition could be linked to macroscopic terms.
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Figure 2.5: Representation of a grain by an envelope containing a solid skeleton
and interdendritic liquid. Adapted from [30].

2.3.3.2

Extension to Multi-Component Systems

Most metals of commercial interest are not idealised binary systems, but are
multicomponent alloys which can have complex solidification paths. From the
mid-1990s, macrosegregation modellers began to adapt their continuum formulations to deal with multicomponent systems of varying complexity. Difficulties arise when moving to three or more system components that are not found
with binary alloys - a given liquidus temperature can be reached through more
than one alloy composition, and significant variations in partition coefficients
and liquidus slopes can occur. Schneider and Beckermann presented the most
comprehensive early multicomponent two-phase model [92]. They solved species
conservation equations in the liquid and solid for each system component, and
coupled the energy and species conservation equations through thermodynamic
equilibrium requirements at the solid/liquid interface. The model was not restricted to either lever or Scheil partitioning, but accounted for varying levels
of solid-state diffusion. It was later applied to freckle formation in Ni-based superalloys [93; 94; 95; 96; 97; 98], producing one of the earliest studies in three
dimensions. Other multicomponent approaches were presented by Vannier et al.
[31] and Krane and Incropera [99; 100], but have not been widely used.
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2.3.3.3

21st Century Developments

Following on from the pioneering two-phase models of Beckermann et al., many
studies in the past decade have focused on the generation, growth and movement
of equiaxed grains in convecting melts, and in particular the CET. Beckermann
highlighted the need for such research in 2000 [101], and it is certainly key for
the prediction of negative base segregation in ingots. One would suppose that
such models would also be an essential starting point for the prediction of Vsegregation, and would be useful to those predicting the location of A-segregates
(A-segregation is often found in equiaxed zones, as well as columnar zones, in
ingots).
Investigations during the 21st century included the extension of two-phase models
[28; 30; 102], for instance to account for the different behaviours of globular and
dendritic equiaxed grains, as well as generation of new formulations [103; 104],
such as the three-phase treatment of Ludwig, Wu et al. (the phases were stationary columnar solid, equiaxed solid and parent melt) [105; 106; 107]. Martorano
et al. [108] examined the viability of a CET criterion based on the arrest of
columnar solidification by the solute field of growing equiaxed grains ahead (socalled ‘soft-blocking’). This was compared to the ‘classical’ mechanical blocking
criterion, in which equiaxed grains ahead of a columnar front physically impede
its progress.
The group of Wu, Ludwig et al. later drew on the ideas of two previous equiaxed
solidification models [89; 90; 109; 110; 111] by using a two-phase method to compute the velocities of so-called “hydrodynamic phases”, whilst solving for mass
transport and solute over three phase regions, the so-called “thermodynamic
phases” [112; 113]. The interdendritic melt and the solid dendrites, confined
in a grain envelope, were regarded as one hydrodynamic phase sharing the same
velocity, with the other being the extradendritic liquid. The three distinct thermodynamic phase regions were the solid dendrites, the interdendritic melt and the
extradendritic melt. This model was subsequently extended to mixed columnarequiaxed solidification which required five thermodynamic phase regions: solid
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dendrites in equiaxed grains, the interdendritic melt between equiaxed dendrites,
solid dendrites in the columnar zone, the interdendritic melt between columnar
dendrites, and the extradendritic melt [114; 115] and three hydrodynamic phases
(the same as in their original three-phase treatment).
Recently, Ludwig et al. have used their original binary three-phase model [105] to
compute macrosegregation in a 2.45 ton steel ingot [116; 117]. When compared to
two-phase model results and experimental measurements, it was found the results
of the two and three phase simulations were significantly different, and the simplified columnar-only two-phase scheme more accurately reproduced experimental
findings. It was suggested that the three-phase approach could have introduced
too many equiaxed grains, or that the experimental ingot had undergone mostly
columnar solidification.
Other studies in the past decade or so have examined the optimisation of numerical solution methods and solution schemes [118; 119; 120; 121; 122; 123; 124]
(following on from Ahmad et al. in 1998 [125]) as well as the incorporation of
mechanical stresses [126; 127] into simulations. A significant body of work, however, has been completed using highly-simplified binary single-phase simulations
(for instance [128; 129; 130; 131; 132; 133]). This is almost certainly because of
the complexities and excessive computing times associated with large multiphase
simulations, as will be discussed in the following section.

2.4

Macromodel Shortcomings

There seems to be a general concensus amongst macromodellers that it would
be unwise to rely on even the best macrosegregation models of ingot casting for
quantitative results, and that basic trends are often not predicted reliably, particularly in commercial codes [134; 135]. The reasons for this appear to stem from
two sources: the computational requirements of complex macromodels (which in
turn impose constraints and compromises on models), and uncertainties associated with input parameters and auxillary models.
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2.4.1

Computational Requirements

In 1999 Gu and Beckermann [136] utilised the multicomponent two-phase model
of Schneider and Beckermann [92] to predict macrosegregation patterns in a large
cuboidal commercial ingot measuring 1.016 × 2.083 × 2.819 m. It was recognised,
however, that in order to predict A-segregates, computing times would have been
prohibitively long (years) for the required mesh size, despite the reduced geometry used. In relation to this problem, a year later Beckermann predicted that
macromodels which included the generation, growth and settling of equiaxed
grains, with sufficiently small mesh sizes to resolve flow patterns associated with
A-segregates (i.e., on a scale of a few millimeters) for large ingots would be unavailable for at least the next decade [101]. Today, some fourteen years on, macromodels which include equiaxed grain motion are restricted to binary systems and
small geometries struggle to resolve A-segregates, and are too computationally
expensive for use in industry [30; 106; 116]. According to Voller et al., models
which solve equations on the nanometre scale and coupled them to macroscopic
heat and mass transfer terms will not be computationally feasible until at least
2050 [137].
The computational demands of macrosegregation models have often led modellers
to reduce the size of the system modelled, to increase mesh sizes or introduce significant simplifications. This is particularly evident in studies introducing new
theory or examining model sensitivity to certain parameters. The CET investigations referred to above used only binary systems and small geometries, and
the model of Ludwig et al., for instance, was incapable of predicting A-segregate
formation [106]. Indeed, many recent studies have resorted to the original treatments by Bennon and Incropera and Beckermann et al. to deliver their predictions
[128; 129; 130; 131; 132].
Reducing the size of the model system can drastically reduce times, and using symmetry is certainly essential, but results can only be scaled up to larger
problems with caution (macrosegregation will not normally arise in small ingots
because they solidify more rapidly). Increasing mesh sizes often means that cer-
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tain features, such as A-segregates, are not resolved and changes can significantly
affect computed segregation patterns, see Fig. 2.6 [30]. To resolve channel segregates, mesh sizes need to be smaller than channel widths (usually of the order
of a few millimetres) [59; 60; 92; 95; 118; 138] and need to be even less if results
are to be mesh independent [118; 138]. Introducing too many simplifications can
also gravely impact a model’s predictive power. Commercial software packages
are often guilty of making significant simplifications in order to deliver sensible
computing times in an industrial setting [119; 120; 139; 140; 141; 142], and as
a result neglect key macrosegregation phenomena, such as equiaxed grain sedimentation. Consequently, their results often appear to provide little predictive
insight.

2.4.2

Input Parameters and Auxillary Models

Another issue which continues to plague macrosegregation models is their dependence on the input parameters and auxillary models fed into them, which
are themselves topics of investigation and development. Examples of typical input parameters include density-change coefficients, partition coefficents, liquidus
slopes, conductivities, dendrite arm spacings, heat capacities, latent heats and
number densities of equiaxed-grain nuclei. Slight variations in such values have
been found to influence (often significantly) model results [81; 92; 105; 115; 116],
and although there are software packages which are able to deliver some of these
parameters in steels [143], outputs from them can be limited in their current
form (for instance, only values for equilibrium solidification are calculated) and
certain parameters, such as those relating to equiaxed grain nucleation, can only
be determined experimentally [144]. Clearly this is not an ideal situation for
those wishing to compare alloys quickly. Similar uncertainty surrounds the auxillary models of microsegregation and permeability which must be supplied to
macrosegregation simulations.
2.4.2.1

Microsegregation Models

Microsegregation models are of utmost importance to macrosegregation investigators. It is the microsegregation of elements on the dendritic scale which
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Figure 2.6: Effect of the grid density on the predicted carbon macrosegregation
for an ingot. The model used a fixed solid phase. Left: fine grid. Right: coarse
grid. Adapted from [30]. The results of using the fine grid appear to show some
sort of channels forming at the top of the ingot. However, the channels appear to
be of non-segregated material, and it is not clear whether they are an artefact of
the model or not.
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ultimately leads to enrichment of the liquid and macro-scale advection of species.
It is obvious that different results should be expected if one uses an equilibrium
lever rule microsegregation model and compares it to a non-equilibrium Scheil
treatment [41; 42; 43], but there is a huge range between these two extreme cases
(characterised by incomplete solute diffusion in the solid) which is not so easily
modelled. Furthermore, microsegregation in steels often falls in this intermediate
area due to the mixture of interstitial and substitutional elements present and
the range of solidification times given by various casting processes.
Notable analytical or semi-analytical treatments of this solute redistribution problem have been presented by Brody and Flemings [145], Clyne and Kurz [146],
Ohnaka [147] and Kobayashi [148]; the Clyne-Kurz-Ohnaka models were later
modified by Ganesan [149] and Voller and Beckermann [150]. Their resulting liquid fraction profiles for a 0.5C-3Mn-3Ni (wt%) alloy are compared to the standard
lever-rule and Scheil cases in Fig. 2.7, from which it is clear that microsegregation
model selection can significantly influence the predicted solidification behaviour.
Despite their attractiveness in terms of calculation speed (neglecting Kobayashi’s
treatment [151]), these somewhat simplified approaches are not readily applied
to steels which can exhibit complications such as the peritectic transition and the
effects of multiple alloying additions. Instead, finite-difference approaches have
often been used to better predict the onset and effects of the peritectic and other
transitions. Ueshima et al. predicted the start of the peritectic using empirical relationships based on local solid concentrations [152], whilst Howe et al. introduced
‘carbon equivalents’ for alloying elements such that the effect of each partitioned
species on the peritectic temperature was accounted for in a pseudo-binary model
[153; 154]. More recently the use of thermodynamic databases in steel microsegregation models has become popular [155; 156; 157; 158] and kinetic effects have
also been incorporated into models [111; 159; 160; 161; 162; 163; 164; 165]. Nevertheless, adding such complexity into macrosegregation models often comes at
great computational expense, and consequently there has been some development
of rapid microsegregation models for incorporation into macromodels [166]. For
those seeking further details on microsegregation models, the review by Kraft and
Chang [167] is a useful starting point.
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Figure 2.7: Liquid fraction vs temperature plots for a 0.5C-3Mn-3Mo (wt%) alloy
found using various microsegregation models. Partition coefficients were obtained
from binary phase diagrams. Where needed, the secondary dendrite arm spacing
used was 750 µm and the solidification time 5000 seconds (to reflect large ingot
solidification). Diffusion information was taken from [168]. Note that the BrodyFlemings treatment is known to give erroneous results for long solidification times
[146] (i.e., for moderate or high diffusive homogenisation).
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2.4.2.2

The Permeability Problem

In order to accurately predict fluid flow through the mushy zone, its permeability,
K, must be known. K is a second-order tensor by definition, such that it depends
on the direction of fluid flow relative to a porous geometry, but experimenters and
macromodellers have usually assumed it to be isotropic or to comprise only two
components (in directions parallel and perpendicular to primary dendrite arms).
Nevertheless, the development of models for K has represented a formidable
challenge for many years, and rightly so. It depends strongly on factors such
as local liquid fraction, dendrite arm spacings and dendrite morphologies, and
hence not only varies continuously within a mushy zone, but can also vary from
alloy to alloy. Estimations of permeability functions have been made by approximating the geometry of the mushy zone and using specialist forms of Darcy’s
law, such as the Hagen-Pouseuille model for flow through a bundle of capillary
tubes or the Blake-Kozeny (also known as the Carman-Kozeny) model for flow
through a packed bed of solids. Many studies have sought to experimentally
verify these models [21; 22; 48; 169; 170; 171], but another common approach
has been to find functions by fitting experimental results directly to Darcy’s law
[170; 172; 173; 174; 175; 176].
At high liquid fractions, greater than about 0.7, flow is no longer within an interconnected dendritic network but between dendrite arms. Experimental studies
tend to fail in this regime due to the ripening and fragility of dendrites, yet flow
here is still of great importance. To avoid these practical constraints, studies by
McCarthy, Poirier and others have predicted permeabilities using computer simulations of flow parallel and perpendicular to primary dendrite arms, often through
a finite-element Navier-Stokes solver with idealised or experimentally-determined
meshes (Fig. 2.8) [177; 178; 179; 180; 181; 182; 183; 184; 185]. Many of these
studies used the specific surface area (surface area to volume ratio) of the mush
in their permeability relations to capture the effect of dendrite morphology more
completely [178; 179; 181]. More fundamentally, some authors have suggested
that changes must be made to momentum equations to accurately capture flows
at high liquid fractions (that Darcy’s law on its own is not sufficient) [61; 178].
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Figure 2.8: Velocity vector plots for flow through (a) idealised array of dendrites
and (b) experimentally-measured dendritic array. Taken from [178].

As regards incorporation into macromodels, researchers have typically taken two
approaches, either using a single permeability relation approximate for all liquid
fractions (e.g., a Blake-Kozeny function) or switching between functions based
on the local fraction liquid (often a Blake-Kozeny relationship is used at low
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liquid fractions and at high fractions a suitable relationship based on computer
simulations) [71; 72; 73; 74; 92; 93; 96; 97; 171]. Results of macromodels have
demonstrated that the use of different mushy-zone permeability functions, and neglection of permeability anisotropy, can have a significant effect on the macrosegregation predicted, including the number, length and orientation of channel segregates [71; 99; 128; 129; 186].
The treatments described above have considered only the permeability of mushy
zones during columnar solidification, yet it is clear that a significant proportion
of solidification (and segregation) in large steel ingots occurs in the equiaxed
regime. Wang et al. examined the permeability of equiaxed structures in the
mid 1990s, finding that fluid drag was a function of various terms including arm
spacings and grain densities, but recently this complex subject appears to have
received little attention [187]. It is evident that an improved understanding of
grain growth and motion in a convecting melt would only better the predictive
power of multi-phase models [101].
2.4.2.3

Dendrite-Arm Spacings

Permeability relations are typically functions of both primary and secondary dendrite arm spacings (understandably, it is usual to find expressions for flow perpendicular to primary arms to be more dependent on secondary-arm spacings
than those for flow parallel), and this can lead to further complications when using them in calculations. In many different ferrous and non-ferrous alloys, both
primary- and secondary-arm spacings have been shown to exhibit a striking relationship with cooling rate over several orders of magnitude, see Fig. 2.9 for
secondary-arm spacings in steels. An increase in cooling rate leads to a decrease
in both primary- and secondary-arm spacings. Yet despite this clear trend, there
are still issues associated with the prediction of arm spacings.
The cooling rate during solidification can be expressed as a product of the temperature gradient G and the growth (isotherm) velocity R, and hence on the basis
of graphs such as Fig. 2.9 expressions using a single exponent, c, were developed:
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λ = b(GR)−c = bṪ −c

(2.5)

where λ is the arm spacing (subscripts 1 and 2 usually added for primary and
secondary spacings, respectively), a, b and c are constants, and Ṫ is the local
cooling rate (Ṫ not only varies spatially, but can also vary significantly at a given
position during solidification - Ṫ is rarely constant at any point). Although it
is true to say that G and R can have different effects on arm spacings when
varied indepedently [189; 190; 191; 192; 192; 193; 194], in ingots G and R are
coupled by heat flow, and as such they can be combined into a single variable
with a single exponent. Expressions which have been developed for dendrite arm
spacings in steels have often taken this form [34; 189; 195; 196; 197; 198], see
the selection presented in Table 2.1. By evaluating these expressions for typical
casting conditions, it is readily found that the secondary-arm spacings calculated
match reasonably well, whilst primary-arm spacings can vary considerably. This
is problematic, as even small variations in arm spacings will significantly affect
the results of permeability models which rely on primary spacings. There is

Figure 2.9: Experimental data for secondary dendrite arm spacings in commercial steels containing 0.1-0.9wt% C. Adapted from [188]. Primary-arm spacings
follow a similar relationship with cooling rate [189].
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currently a lack of primary-arm spacing relations that account for the effect of
alloying elements other than carbon, and which also assess the potential influence
of primary solidification phase (whether it be delta ferrite or austenite).
For secondary-arm spacings, despite the agreement that can be obtained between
relations, it is evident that these models do not truly reflect the more complicated
behaviour of secondary-arm spacing observed in reality. Secondary-arm spacings,
unlike primary spacings, are known to change moving through the mushy zone due
to coarsening (Gibbs-Thomson effect), with kinetics that are likely to vary with
composition [7; 189; 190; 191; 195; 196; 197; 199; 200; 201; 202; 203; 204; 205].
Accounting for this coarsening is very important in both microsegregation and
permeability models, which can be implemented at any location within the mushy
zone. Theoretical secondary-arm relations which account for coarsening have been
developed [7; 202; 203], but they are often more complicated and require many
more input parameters (hence, they can deliver very different results to the expressions in Table 2.1). There are a number of microsegregation models which
have accounted for secondary-arm coarsening directly, see [150] for example, but
the effect on permeability has not been dealt with in great detail, and studies usually work with an approximate secondary spacing that is kept constant. Clearly
further study of dendrite-arm spacings in steels is required. These investigations
may also wish to assess the effect of fluid flow on spacings [101].

2.5

Simplified Approaches

It is clear that the computation times required for current macrosegregation models of large ingots are excessive and that the corresponding results often fail to
predict well-known trends. Development of these macromodels should still be
an important aim of the macrosegregation-modelling community, particularly in
anticiptation of greater computational capacity, but at present there is a need for
simplified approaches which can be rapidly implemented whilst still making realistic predictions. Users in industry don’t want to spend time running a lengthy
macromodel, especially if its results are not likely to be useful.
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Table 2.1: Expressions for primary and secondary dendrite arm spacings in steels.
Ci is the concentration of element i in wt%.

Source
Suzuki et al. [188]

Expressions (in µm)
λ2 = 146Ṫ −0.386

Notes
Found by fitting data for
low-alloy steels given in
Figure 2.9.
Valid for 0.14<CC <0.88.

Jacobi et al. [189]

λ1 = 283Ṫ −0.49
λ2 = 109Ṫ −0.44

Found for a 0.59C-1.1Mn
(wt%) alloy.*, **

El-Bealy [195]

λ1 = 279Ṫ −0.206 CC−0.019−0.492CC
λ2 = 148Ṫ −0.38

Found by fitting data for
various low-alloy steels.
λ1 expression only valid
for 0.15<CC <1.0, λ2
only for CC <0.53.*

Won et al. [196]

λ2 = 143.9Ṫ −0.362 CC0.550−1.996CC

Found by fitting data for
various low-alloy steels.
Only valid for 0.15<CC .*

λ2 = 113Ṫ −0.38

Found by fitting data
from [206] for CC =0.15.

Cicutti et al. [198]
Ogino et al.

λ2 = 123Ṫ −0.33 e(−0.281CC +0.175CMn

Presented in [207].

−0.063CCr −0.0136CMo −0.091CNi )

*Other expressions are also given in these references for different compositional
ranges.
** Note that a t0.5 dependency (Ṫ −0.5 ) would imply that microsegregation is independent
arm spacing (λ) and the solute diffusion distance
√ of Ṫ , since the dendrite
0.5
(x ∼ Dt) have the same t dependency (the increased diffusion distance given
by a slower cooling rate would be matched by the increased arm spacing).
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It has been demonstrated that making certain simplifications to models can reduce computing times whilst still delivering similar results - for instance, Schneider and Beckermann demonstrated that when the number of system components
was restricted only to those which segregated and influenced buoyancy most critically, similar results were found to when a full set of components was used [92].
Nevertheless, even when binary alloys are considered in fairly simple commercial
codes (such as Magma [141], THERCAST [139], ProCAST [142]) full macrosegregation calculations can still take days or weeks to run on the small computer
clusters used in industry.
In order to reduce macrosegregation, manufacturers are often able to alter a
number of processing parameters (e.g., melt superheat, head height, mould design) and make small changes to the alloy composition. Consequently, there is
a need to compare castings conditions and their likely effects on macrosegregation quickly. This can be accomplished using criterion models, which although
simple, are often found to be very effective. These include the Niyama criterion
for porosity, and Rayleigh-number and Suzuki criteria for channel segregate formation. The assessment of these numbers can be accomplished simply through
the manipulation of the results of a ‘purely-thermal’ computation, i.e. one which
computes only the temperature field and ignores fluid flow and macrosegregation.
Conveniently, it has been found that the temperature fields predicted by simple
heat conduction analysis are nearly identical to those predicted in a fully-coupled
macrosegregation simulation [136].

2.5.1

The Niyama Criterion

The Niyama criterion is a good example of a simple treatment which has allowed
industry modellers to rapidly predict shrinkage porosity in ingots. Although
porosity is not a topic of this review, the treatment is certainly worth examining
as an illustration of how simple criteria can be formulated and applied. It is given
below, written as a condition for pore formation [208]:
dT /dx
<
Ny = p
dT /dt
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r

c1
∆pcrit

(2.6)

where Ny is the Niyama number, ∆pcrit is some critical pressure drop across the
mushy zone and c1 is a constant. This relation is found by simple manipulation
and integration of Darcy’s Law in one dimension to find the pressure drop due to
incomplete shrinkage flow. Pores are nucleated when this pressure drop exceeds
a critical value (note that this criterion is only valid to predict shrinkage porosity
and not the porosity which arises due to dissolved gases). The value for c1 can
be found by integration, but the value of ∆pcrit must be found experimentally for
each alloy (For Fe-C steels Ny ≈ 0.7). Nevertheless, even if ∆pcrit is not known,
the criterion is still able to highlight regions most susceptible to porosity: Niyama
values are readily mapped onto an ingot geometry and their relative magnitudes
compared [209].

2.5.2

The Suzuki and Rayleigh-Number Criteria

As discussed above, channel segregates are common in various casting processes
and it is useful to be able to predict the likelihood of their formation in a given
region, even if their precise location cannot be determined. A number of criteria
for the prediction of A-segregates can be found in the literature, most relating to
freckle formation in Ni-based alloys, and they are typically some function of the
thermal gradient, G, and isotherm speed, R [16; 210; 211]:
Ga Rb ≤ c

(2.7)

where a, b and c are constants. Channel-segregate formation depends on the
complex interplay of a number of factors, which may appear separate from G and
R, including the permeability of the mushy zone and the liquid-density changes
due to solute partitioning. However, relations like equation 2.7 have been shown
to be effective because many of these factors depend in some way on R and G.
For instance, the permeability is typically a function of dendrite-arm spacings,
and these are known to depend on the cooling rate, Ṫ (see above), which is the
product of R and G. For static steel ingots with carbon concentrations around
0.7wt%, Suzuki and Miyamoto found that a = 1, b = 2.1 and c = 8.75 [211];
this ‘Suzuki criterion’ has since been used in a number of commercial software
packages.
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However, there is a key problem with the Suzuki criterion, and that is that
the constants a, b and c are not alloy independent, and have been shown to
vary significantly from steel to steel [212]. For accurate implementation, these
constants would need to be determined for each alloy through experimentation,
which restricts its predictive capabilities. A promising alternative to Suzukilike criteria is the use of a criterion based on a dimensionless Rayleigh number
[213; 214; 215; 216]. Rayleigh numbers measure the ratio of the buoyancy forces
driving convective fluid flow to the retarding frictional forces inhibiting it: classically in heat flow problems, if a Rayleigh number is below a critical value for a
fluid, heat transfer is mainly through conduction, if above, it is mainly through
convection - and in theory a single critical value should be valid for a whole
system of alloys. Rayleigh numbers for channel-segregate prediction explicity
account for the effects of liquid-density changes due to segregation and mushyzone permeability, and have already been successfully developed for freckling in
directionally-solidified alloys [213], [214]. Recently, Torabi, Beckermann et al.
have developed the following Rayleigh number for steel ingots [217]:
Ra =

(∆ρ/ρ0 )g K̄
Rν

(2.8)

where Ra is the Rayleigh number, K̄ is the mean permeability, ∆ρ/ρ0 the fractional density change, g gravity, R the liquidus isotherm speed, and ν the kinematic viscosity. The use of this criterion to predict A-segregation in steel ingots
is the focus of Chapter 6 in this thesis, and further details of its application
can be found there. Limitations and sensitivities associated with its application
are highlighted in that chapter, and questions are also raised as to whether its
application to mushy zones moving sideways (perpendicular to gravity) is truly
valid.

2.6

Methods for Preventing Macrosegregation

Over the decades, numerous techniques and process modifications have been investigated with the aim of reducing macrosegregation in cast products, and they
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have varied considerably in both their complexity and success rate. They all incorporate, to varying extents, the two principal (and somewhat opposing) strategies
that can be used to reduce macrosegregation: (i) decrease the relative movement
of microsegregated solid and liquid, and (ii) mix and refine the liquid and solid
to induce homogeneity.
The relative movement of liquid and solid can be reduced by minimising the
driving force for movement (this has already been discussed above with respect
to compositional changes and A-segregation, see the previous Section and Section
2.2.1), or by decreasing the time for advective processes to occur (i.e., reduce the
solidification time), which can usually be equated to minimising the distances
over which movements are possible. Simple alterations can be made to casting
processes to achieve the latter, including changes in the geometry and size of the
ingot mould to extract heat more rapidly (large, cast iron moulds are used for
this precise reason, and hollow ingot moulds are becoming increasingly popular)
and the use of reduced superheats. More elaborate methods have included the
addition of solid steel balls to solidifying melts to extract heat [218]. It is often
the case, however, that decreased solidification times lead to increased levels of
porosity and inclusion retention. Although centreline porosity in ingots can be
partially combated by inducing a more directional (bottom-top) solidification,
more specialist methods are typically needed to reduce both segregation and
porosity/inclusion retention simultaneously. Remelting techniques are examples
of such processes.

2.6.1

ESR, VAR and Derivatives

Two remelting techniques that have become increasingly popular for large steel
ingots are electroslag remelting (ESR), Fig. 2.10a, and vacuum-arc remelting
(VAR), Fig. 2.10b, which have been a part of standard production routes for
smaller high-integrity nickel-, titanium- and iron-based components for a number
of years. They both essentially involve the remelting of an ingot that is used
as a consumable electrode: an arc is struck between this ingot and the base of a
water-cooled mould (the temperature of which is constrained to control solidifica-
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tion rates), gradually remelting the ingot from bottom to top and re-solidifying it
below. In VAR, this process is conducted under vacuum, which allows dissolved
gases such as N, O and H to escape from the steel, and it can also reduce the
concentration of high vapour pressure species like C, S and Mg. Currently capability limits the maximum weight of VAR ingots to around 50 ton, and ESR to
around 70 ton. ESR is not performed under vacuum, and therefore could be used
for ingots hundreds of tons in weight (inert atmospheres or reduced pressures
are sometimes used). Instead, refinement is achieved through the use of a highreactive slag on top of the remelted melt pool, which removes inclusion-forming
species. For small ingots less than 50 tons in weight, ESR or VAR might be preceeded by vacuum-induction melting. This process uses induction to melt ingots
under vacuuum, providing an extra stage of refinement and homogenisation.
The incremental unidirectional solidification which theoretically should be delivered by ESR and VAR should naturally eliminate centreline porosity and segregation, and prevent the formation of negative-base and V-segregation [219].
Nevertheless, centreline (radial) and channel-type segregation have been found
in ESR and VAR ingots in many alloy systems [220; 221; 222; 223; 224; 225].
It appears that significant segregation can still occur in the melt pools of these
processes, and that increasing the size of ingots and altering process parameters
such as power input can often serve to enlarge these pools, increase solidification
times and augment fluid flow (although it should be noted that VAR generally
delivers faster solidification times than ESR, and is often used in preference for
segregation-sensitive alloys) [224; 225]. The electromagnetic field generated by
arcing in these processes can also significantly influence fluid flow and hence segregation (see below). In the case of large steel ingots, one might summise that the
top-bottom segregation in the consumed ingot will be transferred to the product
and would be difficult to remove.
A unique variation of ESR is found in a process referred to as central-zone remelting [226]. In this process, the core of an ingot is punched out (see Section 3.2.3 for
details of this) and remelted back into the original ingot by using the punched core
as the electrode. This allows for the refinement of the steel in the core, which can
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be heavily segregated and inclusion rich, and a reduction in centreline porosity
and segregation. It is even possible to use an electrode of a different composition, permitting the creation of composite ingots with different alloy chemistries
at their centres (delivering, for example, a hard outside and tough centre). Although this process may at first appear redundant for the creation of pressure
vessels, which require hollow cores, it can in fact be used in a controlled manner
to eliminate segregation defects on the inner surfaces of vessels - by trepanning
and remelting a core of the correct size, a pressure vessel can be produced with a
inner surface that is less defective. It has also been claimed that the process can
be used for ingots in excess of 300 tons in weight, far larger than for conventional
ESR. Despite these apparent advantages, however, it seems the process has not
been popular since its conception in the late 1960s.

2.6.2

Other Methods

A technique recently investigated to reduce top-bottom segregation in very large
ingots is the multiconcentration pouring (or multiple pouring) process, which
aims to alleviate macrosegregation by changing the composition of melt added
by each successive ladle added to an ingot [124; 133; 227]. This is carried out
such that the first ladle to be added is the most enriched in additions, whilst the
final is the most depleted in solute, reversing the usual top-bottom trend seen
after solidification. There are a number of apparent issues with this methodology,
however. First, great care must be taken on its implementation - if the density
of the enriched liquid is such that it sinks relative to the bulk (unusual, but possible in some steels), then the concentration scheme would need to be inverted
to avoid increasing macrosegregation. Second, it seems unlikely that the desired
concentration fields in the liquid would be maintained if the ladles are poured
in quick succession, as convection currents would rapidly homogenise the melt
[124]. Pouring with longer time periods between successive ladles could improve
segregation by providing a more stage-wise process (similar to VAR and ESR),
but this would then negate the need for multiple ladle compositions. Complex
macrosegregation patterns could easily arise.
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Figure 2.10: Schematics of (a) the ESR process and (b) the VAR process.
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It seems reasonable that the application of centrifugal (radial) forces to a solidifying ingot should reduce the vertical fluid flow that leads to macrosegregation.
This premise was investigated in the 1970s in a number of studies [228; 229; 230],
and specifically in respect to A-segregates later on [25; 231; 232]. The success
of this process appears to be system dependent, and whilst segregation could be
eliminated or reversed in some alloys [230], little effect was seen in others [228].
This is perhaps because the imposition of mould rotation leads to extensive mixing of the melt, and can result in effects besides simply reducing consistent vertical
flows. Indeed, this was known well before investigations into how mould rotation
could be doctored to carefully influence convective flows. The first patent for a
process which sought to reduce macrosegregation by mixing through rotation was
taken out by Brinell in 1910, and since there have been various elaborations on
the general principal, see Fig. 2.11 [233; 234; 235]. In a similar way, mould agitation methods employing vibration, mechanical stirring or oscillation (in which
the direction of mould rotation is periodically reversed) have also been explored
[228; 236; 237]. It has been well known for decades that disturbing the residual
liquid in a such a way during casting can have a refining effect for a number
of reasons, including enhanced convective cooling, reduced temperature gradients in the melt, and increased solid fragmentation and advection - all of which
promote the CET and formation of equiaxed grains. Electromagnetic stirring
and vibration processes have also been extensively applied to refine structures
and reduce segregation in aluminium alloys and the continuous casting of steels
[238; 239; 240; 241]. Note that equiaxed solidifications by no means guarantees
less macrosegregation, but the application of magnetic stirring can make this
more likely by increasing mixing, inhibiting channel formation (they cannot form
if the solid is in motion) and by increasing cooling rates.
It must be noted, however, that the results of the application of the liquid agitation methods above are by no means always successful or easy to predict. The
turbulent flows introduced by forced mixing add another level of complexity to
macromodels that are already inadequate; they can lead to increased macrosegregation [239] and the development of other defects (e.g., white banding in steels
[243]). In ESR and VAR processes, there are concerns that the magnetic field
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Figure 2.11: Various methods patented for rotating and precessing moulds during ingot casting. (a). Brinell’s rotation of ingot (labelled E) about horizontal
axis [233]. (b). Hellawell’s inclined rotation [235]. (c). Nelson’s centrifugal casting [242]. (d). Tanoue’s centrifugal casting method designed to remove inclusions
from the centres of ingots [234]

.
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generated by the arc could be a key factor in the formation of defects such as
freckles [225]. It should also be recognised that the application of electromagnetic
stirring to the static casting of large steel ingots would be impractical (limited
by the field penetration).
Promotion of the CET and refinement of cast structures can also be achieved
through the use of inoculants in steel melts. It has been found that the addition of Ti can lead to the formation of TiN, TiC and oxide particles that act as
hetergeneous nucleation sites for solidification, leading to the increased formation of equiaxed grains [244; 245; 246; 247; 248]. V, Nb and Zr can also have
similar effects, and the same particles which promote solid nucleation can also
pin austenite grain boundaries, delivering further improvements to mechanical
properties. Poole et al. noted that TiN was only suitable for refining steels that
solidified with ferrite as the primary phase, which was attributed to the lattice
mismatch between austenite and TiN [248]. Inoculation is very common in the
casting of aluminium alloys [249; 250].

2.7

Measuring Macrosegregation in Steel Ingots

It is often the case in the macrosegregation modelling literature that results are
given without comparison with experimental measurements, or at least not in
any greater detail than a qualitative appraisal. A principal reason for this is
the lack of appropriate good-quality experimental data. There are a number of
problems associated with obtaining macrosegregation measurements and other
related quantities from cast products, which include the great cost of production
and analysis, lack of suitable test material (binary alloys are often used in models
but rarely used in industry) and the immense difficulties associated with sectioning ingots and accurately measuring their characteristics. It is quite clear that not
only are more reliable materials property data and greater model computability
required, but there is also a great need for first-rate case studies - validation is
very much part of the macrosegregation modelling problem.
Reducing the size of ingots used for macrosegregation studies can cut the great
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expense and time required for analysis of large ingots. This must be done with
great care, however, as small ingots typically do not display macrosegregation to
the same extent as larger castings due to the reduced cooling times. Researchers
have employed sand moulds and other artificial means to help impose large-ingot
cooling rates on small ingots [23; 211; 251], but a comparison has not been made
between small controlled-rate ingots and their larger counterparts. Indeed, a key
problem is that cooling rates during the casting of a single ingot can vary dramatically with time - solidification is quick to start with, as heat is rapidly extracted
from the melt, but as the ingot mould heats up this rate can slow dramatically.
It is very difficult to recreate these conditions accurately using anything other
than a full-sized ingot mould.
There are a range of standard processes available for qualitative assessment of
steel ingots, including macroetching and sulphur printing, which are comprehensively summarised by Vander Voort in references [252; 253]. These provide a
useful insight into ingot features which may be compared with model results, such
as grain structure and segregate distribution and morphology. It should be noted,
though, that the power of sulphur print methods has been somewhat diminished
in modern steels by their low sulphur contents [254]. Radioactive isotopes have
also been used in various studies to examine fluid-flow patterns [255; 256; 257].
However, the ultimate aim for macrosegregation models is for them to be able to
make quantitative predictions. It is, after all, the chemistry of segregated areas
and their reponse to heat treatment which determines mechanical properties.
Following sectioning, quantitative chemical analysis on ingots has usually been
accomplished through trepanning samples in a set array and then subjecting them
to chemical analysis. This was very common in pre-1950 studies, when the wet
chemical analysis techniques were popular, and is still is use today [30; 107] alongside various other chemical analysis techniques including combustion analysis and
atomic absorption spectroscopy [258]. Milling chips have also been used to assess
segregation in a similar way to trepanned material [19]. There are two problems
with this characterisation scheme, however. First, the chemical analysis step
is laborious and expensive, even with relatively straightforward techniques such
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as energy-dispersive X-ray spectroscopy (EDX) and electron-probe microanalysis
(EPMA). Second, the way in which results have been used has often been questionable - there are examples of grid results being extrapolated to create contour
maps [30; 117; 259], see for example Fig. 2.12. Although this gives an overview
of macro-trends, it provides little detail of the finer-scale segregation patterns
which are observed, and cannot be relied upon to give upper and lower bounds
for segregation severity (strangely, trepanning does not seem to have been guided
by the results of macroetching).

Figure 2.12: Schematic of (a) trepanning scheme (sampling points marked by
dots) and (b) extrapolation of carbon concentration results in 180 ton ingot.
Adapted from [259].

There are techniques, however, which may have the ability to map segregation
in greater detail, such that individual A-segregates can be analysed. Miyamura
et al. utilised a scaled-up EPMA process which was capable of analysing macro
sections, but it was restricted to 30 × 10 cm slabs [254]. Tkadleckova et al. used
a portable optical-emission spectrometer for point analyses without trepanning,
which might prove to be a promising technique, but a sparse grid was used and
there appears to have been considerable noise associated with the results [260].
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Other alternative techniques for validation purposes include dump testing ingots
(removing the liquid before full solidification and analysing solid structure and
liquid chemistry [13]) and direct liquid sampling during solidfiication [28; 211],
but these have their own complications. At present, macro-scale X-ray fluoresence
spectroscopy (XRF) is perhaps the most promising method for macrosegregation
detection. Chapter 7 in this thesis assesses the viability of using this technique.
Any investigator planning to perform a macrosegregation case study must remember that quantitative results are of little use if they aren’t accompained by
the appropriate casting data, such as mould temperature profiles during solidification, mould design and alloy chemistry. However, if these are presented alongside
accurate segregation measurements and qualitative macrostructure findings, as
they are for the ingot examined in Chapter 8 of this thesis, then the resulting
case study is likely to prove a more useful validation tool for future modellers.

2.8

Summary and Future Prospects

Our understanding of macrosegregation in steel ingots has progressed immensely
over the past century. Particularly since the advent of macrosegregation modelling in the 1960s, our ability to predict macrosegregation has led to significant
advances in our comphrension of the defects that can arise in ingots and our
ability to mitigate them.
Modern-day multiphase models couple together conservation equations for mass,
species, momentum and energy, alongside many auxillary relations, in schemes
which have the capability to predict inhomogeneities like A-segregation and base
segregation. Theoretical treatments of the complex behaviours present in solidifying ingots, such as equiaxed grain growth and movement, are advancing.
Nevertheless, much of the predictive power of macromodels is still inaccessible or
of limited use for a number of reasons, especially in the case of large multicomponent steel ingots. Principal amongst them is the impractical computational
demands that complex macromodels require - on a small computer cluster even
the simplest commercial codes can take weeks to run a macrosegregation model
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for a binary alloy ingot of moderate size. In order to make computation times
manageable, modellers often introduce simplifications, reduce mesh sizes and decrease system sizes, but this in turn can mean the models are unable to resolve
key phenomena, and deliver results which are significantly departed from experimental measurements. Further issues are associated with input parameters and
auxillary models, such as permeability functions and dendrite arm spacings. All
of these taken together mean that for most practical purposes, macrosegregation
models cannot be relied upon to give quantitative results for ingots and may not
even be suitable for qualitative predictions. Issues associated with experimentally
measuring macrosegregation and generating case studies for validation are only
compounding modelling problems.
For manufacturers and researchers aiming to rapidly assess the effect of casting
conditions and alloy compositions on macrosegregation, it seems that more simple
approaches are worth pursuing at present, such as using a Rayleigh-number criterion for A-segregate prediction. The required variables for such a criterion can be
quickly estimated through empricial relations and other models, e.g. Howe’s microsegregation model [166] or software packages like JMatPro [143], and mapped
onto the results of a simple thermal macromodel.
The difficulties associated with macrosegregation modelling are so often formidable,
but novel solutions which comprise reduced complexity whilst delivering accurate
predictions are a promising alternative. Presently, the need for such treatments
for steel ingots is paramount as manufacturers deal with increased demands from
the growing power-generation industry.
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Chapter 3
Project Background
3.1

Motivation, Aims and Scope

Rolls-Royce plc oversees the production of nuclear steam-raising plants through
its Nuclear business. At the heart of such plants lies the reactor pressure vessel
(RPV) into which the fuel rods are placed and water is circulated to extract heat.
It is a critical component to the safe operation of the plant, and is required to
maintain its integrity during decades of service. Current nuclear power plants,
designed for 40 year lifetimes, are coming to the end of their lives, and there is
considerable demand for the production of new plants with enhanced designs and
materials.
Materials and production methods for current-generation high-integrity pressure
vessels, such as RPVs and steam generators, are well developed. The most common steel used for such vessels is ASME SA508 Grade 3 Class 1 (hereafter referred
to as Grade 3, chemical composition range in Table 3.1), a low-alloy pressurevessel steel chosen for its high toughness, reasonable cost, and reliable service
over many decades. This is the most common pressure-vessel steel in the world
today. It is likely, however, that future high-integrity vessels will use steels with
higher strengths and toughnesses than Grade 3, with the high-nickel A508 Grade
4N steel (hereafter referred to as Grade 4N) being the most likely candidate (this
material is currently used in nuclear fuel transportation flasks), Table 3.1.
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Table 3.1: Specification chemical compositions of SA508 Grade 3 and SA508
Grade 4N steels taken from the ASME for pressure vessels (American Society of
Mechanical Engineers [263]). Units are wt%.

SA508 Grade 3
C
0.25 (max)

Si
0.15-0.4

Mn
1.2-1.5

P
0.025 (max)

S
0.025 (max)

Cr
0.25 (max)

Ni
0.4-1

Mo
0.45-0.6

V
0.05 (max)

Al
-

SA508 Grade 4N
C
0.23 (max)

Si
-

Mn
0.2-0.4

P
0.020 (max)

S
0.020 (max)

Cr
1.5-2

Ni
2.8-3.9

Mo
0.4-0.6

V
0.05 (max)

Al
-

It is absolutely essential that there is the utmost confidence with regards to the
use of Grade 4N, and it must be shown that the material not only begins with
superior properties to Grade 3, but that it maintains these properties throughout its lifetime. Designers must be sure that the effects of potential defects in
the steel, such as those generated by macrosegregation, do not compromise the
material’s integrity in the long term [261; 262].
This thesis focusses on the segregation that can be found in high-integrity shell
forgings, such as the hollow cylinders which form the main bodies of RPVs and
steam generators. In the case of RPVs, top and bottom closure heads are welded
to these shells, and four or more cylindrical cores are trepanned from them to
allow for the attachment of water-exchange nozzles, which are also welded in position, Fig. 3.1.
A supplier of large forgings to the nuclear industry is Sheffield Forgemasters
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International, who produce high-integrity vessels from starting ingots weighing
up to 200 tons. A typical manufacturing route for shell forgings is described in
Sections 3.2.2 and 3.2.3 later in this chapter. As will be described in these sections, the centres of the ingots used are punched out during production, removing
much of the severe centreline porosity and segregation (V-segregation) that can
be expected. Thus, prediction of these defects is not within the scope of this
project (this is fortunate, since accurate modelling of this segregation is not well
developed). Instead, A-segregation is the primary focus, as they can be retained
through the wall thicknesses of shell forgings [264; 265; 266]. The followings aims
were formulated, and are each addressed in the subsequent chapters in this thesis:
• Assess the impact of A-segregation present in a Grade 3 high-integrity shell
forging on start-of-life microstructural and mechanical properties.
• Develop capabilities for the prediction of the location and severity of Asegregates in large ingots, and for the tracking of segregated material through
forging processes to final components.
• Develop the capability to detect, and measure the chemical composition of,
macrosegregation defects (including A-segregates) in large forgings.
• Compare the Grade 3 and Grade 4N materials in terms of their theoretical
susceptibility to A-segregation.
• Examine how the impact of A-segregation can be minimised in both Grade
3 and Grade 4N large forgings through ingot selection, casting practice and
material removal.
Note that realising these aims will not only allow for the impact of A-segregation
in current Grade 3 and future Grade 4N forgings to be examined, but will also
allow for the segregation present in historic forgings to be assessed retrospectively.
Furthermore, many of the methods that are to be developed in this thesis, such
as those for A-segregation prediction, tracking and measurement, are intended to
be more widely applicable to large forgings made from any grade of steel. It is
hoped that the use of these methods will allow for the production of higher-quality
components with extended lifetimes.
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Figure 3.1: Schematic of RPV assembly, which is produced by welding together
a number of sub-elements.
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3.2

High-Integrity Shell Production Route

This section outlines the casting, forging and heat treatment procedures that are
used to generate a Grade 3 high-integrity shell forging from a 200 ton ingot. These
steps, which can be relatively complex, must be well understood if the segregation
present in such forgings is to be interpreted, and any recommendations are to be
made for improvements.

3.2.1

Casting Assembly

Casting a 200 ton steel ingot requires much more than simply a large mould. Various components must be fitted around the mould to ensure the ingot produced is
the correct weight and shape, that its top stays well insulated, and that it can be
successfully removed from the mould once formed. These components are listed
below and shown in Fig. 3.2.
a). Ingot mould, cast iron. The mould is fluted (in this case, with eight
flutes) to ensure sufficient mechanical support for the solid shell of an ingot when
it contracts and an air gap begins to form. The mould is also tapered; this is not
only to allow for easy extraction of the solid ingot (shrinkage would likely provide
this), but in anticipation that porosity in the ingot is likely to be most prominent
at the top of the ingot (and hence more deformation can be introduced into the
ingot here during forging if it has a wider section).
b). Headbox, cast iron. The liquid metal contracts on solidification so a head
of metal must be kept atop the ingot to feed the contraction. This must be kept
liquid until the very end of solidification, and ceramic insulation inside the head
box is used to help this.
c). Inner base plate, or “sinker”, cast iron. This is placed at the base
of the ingot mould and its level can be adjusted to change the size of the ingot
produced.
d). Bricks, ceramic. These bricks are part of the head insulation and fixed
inside the rim of the headbox, remaining intact for many castings due to protection from tiles.
e). Tiles, ceramic. The tiles are nailed over the brickwork to provide protection, as well as extra insulation, during casting. They are consumable and are
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destroyed during the casting and ingot stripping processes.
f ). Trunnion block, ceramic. Another consumable ceramic component, these
blocks allow for the casting of lifting trunnions directly onto the head of the ingot
such that the ingot can be easily removed once solidified.
g). Trunnion disc, ceramic. Made from the same material as the tile, this is
used simply to fit on the end of the trunnion block.
h). Packing, sand and metal shot. This is added around the inner base plate
to ensure no escape of liquid metal through gaps between the base plate and the
mould.
i). Exothermic powder. This is added to the top of the head (onto exposed
liquid metal) in an effort to insulate the head metal as fully as possible.

3.2.2

Casting Procedure

A typical route for casting a 200 ton ingot at Sheffield Forgemasters is as follows:
1. Scrap metal is melted in an electric arc furnace before being transfered into
ladles - each ladle carries ≈ 100 tons of molten steel, two are therefore required
to produce a 200 ton ingot. Fig. 3.3a. The ladles are then moved into vacuum
stream degassers where the chemistry of the steel is tailored to specific chemistry requirements - residual hydrogen, oxygen and nitrogen are removed in the
vacuum, and other alloying additions may be added. The ladles can then be
transferred to special furnaces to ensure the correct superheat before pouring
Fig. 3.3b.
2. The casting assembly is constructed within a vacuum tank, which is then
pumped down to ensure minimal oxidation and inclusion formation during pouring, Fig. 3.3c.
3. A ‘pony’ ladle is placed over the vacuum tank. This receives molten steel from
the two ladles which are required to fill the ingot mould, Fig. 3.4d.
4. The two ladles are poured in one after the other. Tests are made for metal
superheat and chemistry during pouring, Fig. 3.3e.
5. The vacuum tank head is removed and exothermic powder placed directly
onto the ingot head, Fig. 3.4a.
6. The ingot is left to solidify for around two days. It is then stripped: the head-
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Figure 3.2: CAD drawings of the casting assembly, created using the SolidWorks
2012 software package. Basic dimensions of ingot given. IMAGE HAS BEEN
PIXELATED - COMMERCIALLY SENSITIVE.
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box is removed and the ingot lifted from its assembly by its trunnions, Fig. 3.4b
and Fig. 3.4c.
7. The ingot is then taken for heat treatment and forging, Fig. 3.4d and Fig. 3.4e.

3.2.3

Forging and Machining

Once an ingot has been cast, it must be forged and machined precisely to produce
the cylindrical shell required. The forging operations take place only when the
ingot temperature is between 800 and 1250◦ C, and consequently the ingot regularly undergoes long furnace treatments between operations. The deformation
imposed by forging not only closes residual porosity, but also seeks to break up
the as-cast structure of the ingot. The forging process also includes a step that
completely removes of the centre of the ingot and the ingot head, eliminating the
most heavily-segregated and porous regions. A basic overview of the operations,
shown in Fig. 3.5 and Fig. 3.6, is described below:
1. ‘Tagging’: This operation re-shapes the head such that it can be gripped by
the manipulating arm of the forging system, Fig. 3.5a to 3.5b.
2. ‘Saddening’: This forging operation flattens the flutes on the ingot surface
to produce a smooth cylinder. The width of the ingot decreases and it elongates
slightly, Fig. 3.5c to Fig. 3.5d.
3. ‘Top and tail’ removal: The head and bottom of the ingot are removed
through hot-cutting, Fig. 3.5d.
4. ‘Upsetting’: An “upset” involves the compression of the ingot along its long
axis, and squashes it into a squat barrel. Its height is usually reduced by a factor
of two, and hence it is referred to as a 2:1 upset, Fig. 3.5d to 3.5e.
5. Hollow punching: Appropriately-sized rings are successively forced into the
body of the forging, removing the middle. The scrap pin-like section which is
produced has a length longer than the height of the ingot due to some extrusion,
Fig. 3.6a to 3.6d.
6. ‘Becking’: This increases the diameter of the ingot, now a hollow cylinder.
The length of the ingot is not allowed to change, Fig. 3.6e.
7. Drawing on mandrel: The length of the piece is increased by pressing it
onto a tapered steel cylinder, Fig. 3.6f. The inside diameter is unchanged.
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Figure 3.3: (a) Molten steel being poured from the electric-arc furnace into a
ladle. (b) Full ladle being moved for degassing and furnace treatment. (c) Casting
assembly inside vacuum tank: (i) headbox lid, (ii) headbox, (iii) mould and (iv)
vacuum tank. (d) Pony ladle is fixed onto top of sealed vacuum tank. (e) Two
ladles are poured consecutively into the casting assembly.
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Figure 3.4: (a) Exothermic powder, immediately following addition to top of
head. (b) After approximately two days, the ingot has solidified and the powder
level has dropped significantly due to shrinkage. (c) Ingot is removed from mould.
Note the sinker is stuck to the base (later removed). Purple colour is artefact
of camera used. (d) Transportation of ingot to forge under cover. (e) Ingot is
immediately placed in furnace for heat treatment before forging. PARTS OF
IMAGE HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Table 3.2: SA508 Grade 3 shell forging heat treatment details.

Austenitised at 800◦ C for 8 h
Water Quenched
Tempered at 645◦ C for 8 h
Tempered at 605◦ C for 19 h
Air cooled

8. Finish ‘becking’: This final stage ensures the inside and outside diameters
of the piece are correct.
9. Machining to heat-treatment profile: The hollow cylinder is subject to a
number of machining operations dependent on precise post-forging geometry and
final specification size.

3.2.4

Heat Treatment

The heat treatment imposed on a Grade 3 high-integrity forging after machining
to the correct profile is outlined below. The Grade 3 material that is examined
in the remainder of this thesis was taken from a cylindrical trepanning that was
withdrawn from a production forging before heat treatment (see Fig. 4.1 later for
the location and geometry of the trepanned cylinder). For this trepanned material, the heat treatment steps in the table below were performed under conditions
that sought to mimick the cooling/heating rates found in large shell forgings (e.g.
for the quenching, water was only permitted to contact the flat ends of the cylinder, with insulation being applied around its curved surface). Final machining
operations are be carried out on the shell forging after all the heat treatment
steps are complete (to remove oxide scale, etc).
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Figure 3.5: The forging procedure: (a) removal from furnace, (b) tagging, (c)
saddening (note ingot is gripped by the manipulator), (d) the ingot after saddening
and (e) upsetting. PARTS OF IMAGE HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 3.6: The forging procedure continued: (a) the rings used to punch out
a cylinder from the upset ingot, (b) the punching operation, (c) the hole in the
base of the ingot left by punching, (d) the cyclindrical section removed from the
centre, (e) becking and (f) drawing.
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Chapter 4
The Effect of Macrosegregation
on Microstructural Evolution
4.1

Introduction

This chapter examines the effect that the A-segregation present in large Grade
3 forgings can have on microstructural evolution. It is concerned with the phase
transformations that occur during two of the heat treatment steps outlined in
Table 3.2.4: (i) the quenching operation in which the forging is continuously
cooled from austenitisation, and (ii) the tempering heat treatment at 645 ◦ C.
The results of dilatometry measurements, partial transformation experiments and
scanning and transmission electron microscopy (SEM and TEM) are presented
to support its conclusions. The origins of and severity of the segregation present
are discussed, and suggestions are made for both how it might be prevented, and
how its effects might be supressed.

4.2
4.2.1

Experimental
SA508 Grade 3 Material

As was described in Section 3.2.4, all the Grade 3 material used for the experiments in this thesis was taken from a cylindrical billet which was trepanned from
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a high-integrity shell forging. The overall chemical composition of the ingot cast
to produce this forging is given in Table 4.1, as measured using optical-emission
spectroscopy (OES). The bulk chemical composition of the trepanned cylinder,
which was taken through-thickness from just below the centreline of the forging
(with the original head of the ingot being at the top, Fig. 4.1a), is also given
in the same table. After simulated heat treatment (Table 8.3), the cylinder was
sectioned to produce several plates of material with their surface normals aligned
along the vertical axis of the ingot (z-axis in Fig. 4.1b). These plates were ground
to a fine surface finish before being etched in 5% aqueous nitric acid solution to
reveal macrostructures, Fig. 4.2, with areas of positive chemical segregation being observed as dark features. By examining a succession of plates along the
vertical direction, it was found that the ellipical segregates in Fig.4.2 extended
through a significant vertical distance, indicating they were ‘A’ type. An indication of the chemical composition of the A-segregates found is given in Table 4.1.

Figure 4.1: Schematics of (a) the position of trepanned cylinder taken for analysis, and (b) the sectioning of the cylinder to produce slabs.
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Figure 4.2: Section of the trepanned Grade 3 cylinder, metallographically prepared and macroetched. Dark regions are areas of positive segregation. In this
view, the upward direction points towards the ingot centre. The becking forging
operations have elongated the segregates tangentially.

4.2.2

Microstructural Investigations

Cylindrical samples measuring 8 mm in diameter and 12 mm in height were taken
from regions with and without A-segregation to assess their phase transformation behaviours. A Thermecmastor Z dilatometer was used for monitoring the
progress of phase transformations. Transformation temperatures and phase fractions were determined consistently through a linear-offset method [267]. Following dilatometry, samples were sectioned, metallographically prepared and etched
in 2% nital before examination under a Leica DM2500 M optical microscope.
Chemical spot analyses were performed with a Cameca SX-100 electron probe micro analyser (wavelength-dispersive EPMA), whilst secondary and back-scattered
electron imaging was carried out with a CamScan MX2600 field emission gun
scanning electron microscope (FEG-SEM). Bright-field and electron diffraction
studies were undertaken in the transmission electron microscope using a JEOL
200CX machine with an accelerating voltage of 200 kV. An FEI Tecnai F20 FEGTEM was used for Scanning TEM energy-dispersive X-ray (EDX) analysis at
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Table 4.1: Chemical Composition (wt%) of Grade 3 steel examined, measured
using OES.

Chemical Composition of Ingot Cast
C
0.17

Si
0.23

Mn
1.32

P
0.005

S
0.001

Cr
0.20

Ni
0.76

Mo
0.51

V
0.004

Cu
0.02

Al
0.019

Sn
0.004

Chemical Composition of Trepanned Cylinder
C
0.18

Si
0.25

Mn
1.32

P
0.005

S
0.001

Cr
0.21

Ni
0.74

Mo
0.49

V
0.003

Cu
0.025

Al
0.018

Sn
0.004

Chemical Composition of an A-Segregate
C
0.22

Si
0.29

Mn
1.62

P
0.011

S
0.004

Cr
0.26

Ni
0.87

Mo
0.87

V
0.005

Cu
0.04

Al
0.018

Sn
0.007

200 kV. Thin foils were prepared by electropolishing with a solution of 5% perchloric acid, 25% glycerol and 70% ethanol. The voltage, current and temperature
during electropolishing were 37 V, 26 mA and 10 ◦ C respectively. Vickers hardness measurements were obtained using a Mitutoyo MVK-H2 hardness testing
machine, with a load of 2 kg. Prior-austenite grain size was measured by thermal etching and the linear intercept method, with data obtained from thirteen
different fields of the sample and a total of 195 linear intercept lines.
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4.3
4.3.1

Results
Dilatometry

Dilatometry measurements were used to characterise phase transformations during cooling from austenitisation. All samples were heated to 940 ◦ C at 10 ◦ C s−1
and held for 30 min before being cooled at 0.1 ◦ C s−1 to room temperature; the
austenitisation treatment and cooling rate chosen to mimic a typical cooling rate
in the middle of a thick forging during quenching. A summary of the transformation temperatures obtained from this is shown in Table 4.2, which also gives
details of the type of transformations measured (further evidence substantiating
these assignments is presented later). Fig. 4.3 shows examples of cooling curves
from samples with and without A-segregate material. In both cases, a transformation consistent with allotriomorphic ferrite was observed between 650 and
700 ◦ C; the fraction of ferrite and the temperature range over which it formed was
greater when the austenite decomposition began at a higher temperature. The
material with A-segregation showed considerably more variation in measured ferrite phase fractions, with the lowest being < 0.01 and the highest around 0.19.
The transformation event present at 550 ◦ C is associated with Widmanstätten
ferrite. Fig. 4.3 shows that in material without A-segregation this transient was
consistently reproduced and composed of two stages - the first leading to an increase in strain between 550 and 500 ◦ C and the second giving very little change
in strain from 500 ◦ C until around 400 ◦ C. For samples with A-segregation, the
appearance of the transformation occuring after 550 ◦ C is less consistent, although
generally the first stage of transformation is not so sharp and there is more activity at lower temperatures. A comparison of typical curves for samples with
and without A-segregation is seen in Fig. 4.4. Also shown is evidence of a lowtemperature deviation in strain, which is likely to be associated with martensite
formation.
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Figure 4.3: Comparison of strain curves for samples with and without Asegregation. Those without A-segregation display more consistent behaviour than
those with.
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Figure 4.4: Comparison of typical strain curves for material with and without Asegregation. There is evidence of more low-temperature transformation in samples
with A-segregation. The points labelled A, B, C and D refer to the temperatures
at which the material was quenched during partial transformation experiments.
Martensite start temperatures are also highlighted (Ms ).
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Table 4.2: Dilatometry data; the uncertainties presented are the standard deviations calculated across multiple test results for each sample type. The error in
the ‘range’ combines that in the ‘onset’ and ‘end’ temperatures.

With A-Segregate

Without A-Segregate

Ferrite onset /◦ C
Ferrite end /◦ C
Ferrite range /◦ C
% Ferrite (600 ◦ C)

676 ± 13
639 ± 8
37 ± 21
12 ± 6

672 ± 8
640 ± 5
32 ± 13
13 ± 3

Widmanstätten onset /◦ C
Widmanstätten end /◦ C
Widmanstätten range /◦ C

546 ± 10
363 ± 14
183 ± 24

553 ± 4
380 ± 6
173 ± 10

153 ± 5

153 ± 4

Martensite onset /◦ C

4.3.2

Quenched Microstructures

Evaluation of quenched microstructures confirmed the identities of the transformations measured by dilatometry, and revealed three distinct microstructures.
The first, found in the non-segregated bulk of the material, consisted of Widmanstätten ferrite with occasional allotriomorphic grains (on prior-austenite grain
boundaries), Fig. 4.5a. Regions between the coarse ferritic laths were observed
to be rich with carbides, Fig. 4.6a. Microstructures very similar to this have
previously been reported as upper bainite [268; 269; 270; 271; 272; 273], but the
cleanliness of etching, the coarseness of the plates, as well as the lack of carbide
precipitation (between small bainitic sub-units), Fig. 4.7a, suggests this is not
the case.
Extensive bands of allotriomorphic ferrite formed the second distinct microstructure present. These were a few hundred µm wide and stretched for many hundreds
of µm, Figs. 4.5b and c. They could not have resulted purely from ferrite formation on very large prior-austenite grains, as the grain size in the bulk material
was found to be 13.3 ± 0.8 µm, and 11.6 ± 0.7 µm in A-segregate regions. The
grain size was highly non-uniform, see Fig. 4.8, and the scatters indicated (± 0.8
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Figure 4.5: Optical microscopy of as-quenched material. (a) the Widmanstätten
ferrite bulk. (b) inside allotriomorphic ferrite bands. (c) allotriomorphic ferrite band inside enriched A-segregate material. (d) A-segregate material, with
martensite-austenite island highlighted.
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and ±0.7 µm) are the scatters in the size values for each intercept line for each
sample - the linear intercept analysis did not account for variation in grain size
across individual lines (this was clearly much larger). Fine carbide precipitation
was observed inside allotriomorphic grains, Fig. 4.7b, whilst coarse carbide precipitation, similar to that found between the Widmanstätten laths, was observed
between the grains.
Electron microscopy revealed that the relatively coarse carbide precipitation observed between the ferritic grains in both the Widmanstätten and allotriomorphic
microstructures was not continuous, as might be expected for pearlite, Fig 4.7c.
Orientation relationships between the cementite (θ) and the surrounding ferrite
(α) were found to be close to the Bagaryatski relationship, Figs. 4.7d, e and f.
This relationship is typical in tempered martensite and lower bainite, and thus
suggests the carbides are part of a lower-bainite microstructure. The relationship
can also can be found in pearlite colonies, but is usually associated with nodules
nucleated on hyper-eutectoid cementite [274; 275; 276; 277]:
The Bagaryatski orientation relationship:
(100)θ k (01̄1)α
(010)θ k (11̄1̄)α
(001)θ k (211)α
The third microstructure present was that found in regions enriched in solute by
A-segregation, which were found to be darker and more finely-structured than the
Widmanstätten bulk in optical micrographs, Fig. 4.5d. Blocky regions of material, which had not been readily etched, were identified under the SEM, Fig. 4.6c,
and were particularly prominent in back-scattered electron images, Fig. 4.6d, indicating enrichment in heavy elements and/or a difference in phase. TEM revealed
that these regions were composed of retained austenite, Figs. 4.9a and b, and that
in some cases this had decomposed into martensite, Fig. 4.9c. These martensiteaustenite islands were also occasionally found in the bulk Widmanstätten and
allotriomorphic ferrite microstructures, as highlighted in Figs 4.6a and b.
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Figure 4.6: Secondary-electron micrographs of the Widmanstätten bulk, allotriomorphic regions and enriched regions are shown in (a), (b) and (c) respectively.
Martensite-austenite islands are highlighted. (d) shows a back-scattered electron image of the enriched material in (c), with increased electron yield from
martensite-austenite islands.
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Figure 4.7: TEM bright-field imaging and diffraction. (a) Coarse Widmanstätten
ferrite laths with no inter- or intra-lath cementite precipitation. (b) Fine carbide
precipitation found within allotriomorphic grains. (c) and (d) show inter-ferrite
cementite-rich regions. The electron diffraction patterns in (e) and (f), obtained
from the left and right regions highlighted in (d) respectively, confirm cementite
and the Bagaryatski orientation.
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Elsewhere in A-segregate material, lower bainite appeared to be the most common microstructure between the martensite-austenite islands, Fig. 4.10a, along
with some Widmanstätten ferrite. An orientation relationship consistent with
Bagaryatski was found in the lower bainite regions and fine platelets were readily
distinguished, Fig. 4.10b. In addition to cementite precipitation, distinctive globular/near spherical carbides were also observed, Fig. 4.10c. Bright-field imaging,
diffraction and STEM EDX suggested that they were M6 C particles which had
formed during the slow cooling from austenitisation. There was no evidence of
their presence in non-enriched material.
Small globular MnS and mixed-oxide inclusions (with large dimension not greater
than 30 µm, and more commonly far smaller) were sparsely distributed in a
random fashion throughout all material examined, with a number density of
<30 mm−2 for sizes of 2 - 30 µm. In addition, larger MnS inclusions were occasionally found in enriched A-segregate material, Fig. 4.10d, and often appeared
elongated in the forging direction. The number density of inclusions with largest
dimension >40 µm was ≈ 0.2 mm−2 within the channels examined.

4.3.3

Tempered Microstructures

Following the simulated quenching heat-treatment, samples were tempered 645 ◦ C
for 6 hours with heating and cooling rates controlled at 30 ◦ C h−1 to simulate
conditions at the middle of a thick section. This led to the coarsening of cementite, Fig. 4.11, particularly so in the A-segregate material, where Mo2 C also
precipitated, Fig 4.12. The martensite-austenite islands decomposed into a ferrite/cementite mixture, but these regions were still more resistant to etchant
attack, as highlighted in Figs. 4.11c and d.
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Figure 4.8: Prior-austenite grain structure, exhibiting a non-uniform grain size.
Micrograph obtained by thermal etching, and dark-field optical microscopy.

4.3.4

Chemistry

The three microstructurally-distinct regions discovered in as-quenched material
were subjected to electron-probe broad-beam spot-analysis, Table 4.3, as well as
qualitative mapping, Fig. 4.13. A-segregate material was also specifically targeted
using OES; Table 4.1 given an indication of the typical enrichment. These results
are consistent with the microstructural observations that indicate a much greater
hardenability and propensity to precipitate carbides within the A-segregated regions, which are significantly enriched with respect to manganese, nickel and
molybdenum.

4.3.5

Hardness

Vicker’s hardness measurements were taken from three distinct regions in asquenched and as-tempered material: (i) the bands of allotriomorphic ferrite, (ii)
the bulk (Widmanstätten ferrite) and (iii) A-segregate regions. Measurements of
(i) and (ii) were taken from all samples, whilst measurements of (iii) could only
be taken from samples containing A-segregates. Results, given in Table 4.4, show
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Figure 4.9: Martensite-austenite islands. (a) Islands at prior-austenite grain
boundaries. (b) Electron diffraction analysis of the area highlighted in (a). (c)
High-carbon twinned martensite within the islands.
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Figure 4.10: A-segregate region. (a) and (b) show TEM images and diffraction
analysis consistent with lower bainite. (c) M6 C precipitates found exclusively in
A-segregates. (d) Optical images of the larger MnS inclusions, with each box
representing a different area of sampled material.
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Figure 4.11: SEM images of tempered material in the etched conditon. (a), (b)
and (c) show secondary-electron images of the Widmanstätten bulk, allotriomorphic ferrite and enriched material respectively. Regions more resistant to etchant
are highlighted in (c) and imaged with back-scattered electrons in (d).
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Figure 4.12: Tempered A-segregate material, showing coarse cementite carbides
amongst fine bainite plates. Also present are fine needles of Mo2 C.
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Figure 4.13: Qualitative EPMA mapping showing optical micrograph of region
of interest (with A-segregate, allotriomorphic ferrite and Widmanstätten ferrite
moving bottom left to top right) alongside maps for Si, Mn and Mo.
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Table 4.3: EPMA broad-beam spot analysis (beam width 40 µm). Bold numbers
are the composition in wt%, standard deviations are given in parentheses (10
different locations were sampled for each region type) and the italicised figure
is the value of C/C0 calculated using the trepanned cylinder concentrations in
Table 4.1 as C0 values.

Region

Mn
1.59
(0.07)
1.21

Ni
0.86
(0.04)
1.17

Mo
0.62
(0.06)
1.27

Si
0.28
(0.01)
1.10

Cr
0.26
(0.01)
1.22

Allotriomorphic 1.26
Ferrite
(0.06)
0.96

0.69
(0.03)
0.93

0.45
(0.01)
0.93

0.24
(0.01)
0.94

0.22
(0.01)
1.04

Widmanstätten
Ferrite

0.69
(0.02)
0.94

0.47
(0.02)
0.95

0.24
(0.01)
0.94

0.22
(0.01)
1.05

A-Segregate

1.28
(0.04)
0.97

a significant variation in hardness between the three regions after quenching, but
that tempering suppresses the variations and leads to general softening. The size
of indentations in as-quenched material ranged from ≈150 µm across in regions
rich in allotriomorphic ferrite to ≈100 µm in A-segregate material.

4.3.6

Partial-Transformation Experiments

The simulated quench was interrupted at various stages by cooling at 25 ◦ C s−1
in order to follow the development of microstructure. The points of interruption
are indicated in Fig. 4.4. Fig. 4.14 is from regions not containing the segregate;
allotriomorphic ferrite dominates above 600 ◦ C, and the transformation beginning at 550 ◦ C is associated with the formation of both primary and secondary
Widmanstätten ferrite. The transformation of carbon-enriched regions between
Widmanstätten and allotriomorphic grains occurred ≈ 500 − 400 ◦ C, with the
formation of cementite associated with the relatively flat dilatational response
over this temperature range. Some austenite remained untransformed at 400 ◦ C,
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Table 4.4: Hardness measurements taken from three distinct microstructures
found in material. The ± scatter in each result is one standard deviation.

Region

Hardness \ HV 2
As-Quenched Tempered
318 ± 17
210 ± 15
243 ± 10

A-Segregate
Allotriomorphic Ferrite
Widmanstätten Ferrite

240 ± 17
181 ± 11
200 ± 10

as highlighted in Fig. 4.14d, and it is likely that some will be retained to lower
temperatures.
In contrast, the segregated regions remained untransformed until about 600 ◦ C,
with little Widmanstätten ferrite prior to about 500 ◦ C (except where depleted,
allotriomorphic-ferrite-rich bands stretched into segregated regions, Fig. 4.5c).
The formation of more bainite at lower temperatures, with finer carbide precipitation, appears to have led to the greater change in dilatation 400 ◦ C.

4.4

Discussion

Homogeneous mechanical properties are obviously desirable for pressure vessels,
and the macoscopic chemical segregation associated with the solidification of large
ingots makes this unlikely [1; 264; 265; 278; 279] - a later part of this thesis,
Chapter 5, demonstrates that A-segregation can have a marked effect on Charpy
impact test results in Grade 3. In the following discussion, it is assumed that
any macrosegregation is undesirable and that its supression or elimination would
prove advantageous.

4.4.1

Evolution of Microstructure and Hardness

The observed transformation sequences can be summarised as follows. In the bulk
non-segregated material, allotriomorphic ferrite first nucleates at grain boundaries
followed by the formation of Widmanstätten ferrite starting at around 550 ◦ C.
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Figure 4.14: Partial-transformation experiments in material without Asegregation. (a)-(d) Microstructures when quenched at points A-D, respectively,
in Fig. 4.4. Regions of untransformed material are indicated in (d).

112

Figure 4.15: Partial-transformation experiments in material with A-segregation.
(a)-(d) show microstructures when quenched at points equivalent to A-D (in enriched samples), respectively, in Fig. 4.4.
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Carbon is partitioned into the residual austenite as ferrite grows, and the enriched austenite then transforms into lower bainite incorporating coarse carbides.
The lack of well-defined fine platelets in this bainite, as well as the coarseness of
the carbides, is likely due to a combination of the relatively high temperature of
transformation, and the slow cooling rate. The A-segregated regions have sufficient hardenability to avoid allotriomorphic ferrite, and contain only a limited
amount of Widmanstätten ferrite, transforming instead to a predominantly lower
bainitic microstructure with a residue of martensite-austenite islands.
As-quenched hardness values are consistent with the observed microstructures.
Coarse allotriomorphic ferrite is softest, with the finer plates of Widmanstätten
ferrite being a little harder. The fine structure of lower bainite and martensiteaustenite islands gave a much higher hardness to A-segregated material. Tempering naturally led to a general reduction in hardness, particularly in the segregated
regions where the decomposition of the martensite-austenite islands significantly
reduced the hardness in spite of the precipitation of Mo2 C particles.
On a coarser scale, microsegregation during solidification leads to the bands of allotriomorphic ferrite at the cores of dendrites, illustrated in Fig. 4.16, which shows
a partially transformed sample at a scale consistent with expected primary and
secondary dendrite arm spacings in large ingots [77; 188; 189; 196; 199]. It is likely
that the scatter in the amount of allotriomorphic ferrite detected, particularly in
samples with A-segregates, is due to the probabilistic nature of finding dendritearm cores within a sample (some cores evidently protruded into A-segregate channels). Banding of this kind is well known, and is determined not only by solute
concentrations but also the heat treatment applied [280; 281; 282; 283; 284; 285];
unlike conventional banding in wrought steels, deformation plays very little role
in the nature of the bands observed here.
The microstructural banding observed in wrought-steels can be mitigated by increasing the austenite grain size or the cooling rate from austenitisation [285].
The former is undesirable in that it could lead to a decrease in toughness through
increased boundary embrittlement and coarser transformation products. A recent
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Figure 4.16: Depleted regions at the centres of prior dendrite arms, associated
with bands of allotriomorphic ferrite. Material was partially transformed up until
point B in Fig. 4.4.
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study suggests that cooling rates of 0.2 or 0.4 ◦ C s−1 are sufficient to suppress
allotriomorphic ferrite formation in Grade 3 [286], and so this was investigated
as a remedial method. These cooling rates led to the development of microstructures which were similar to those formed at 0.1 ◦ C s−1 , Fig. 4.17, although they
were free of allotriomorphic ferrite bands, appeared finer, and contained more
martensite-austenite islands. A finer microstructure is expected to be tougher if
it leads to finer cementite precipitation, and higher cooling rates are often sought
in thick sections for this reason. The hardnesses obtained from these samples
were not significantly different to the original condition, however, suggesting that
the scale of the microstructure had not changed remarkably, Table 4.5. Thus it
seems that increasing cooling rates from autenitisation can effectively mitigate
the effects of residual microsegregation and would likely only improve bulk toughness through a finer microstructure. Increasing the mid-thickness cooling rate of
a large forging to the required level in a commercial setting would, of course, be
difficult due to conduction-limited cooling rates.

Table 4.5: Hardness measurements taken from the two distinct microstructures
found in material quenched at faster rates. The ± scatter in each result is one
standard deviation.

Hardness \ HV 2
◦

0.2 C s
As-Quenched Tempered

Region
A-Segregate
Widmanstätten Bulk

4.4.2

−1

342 ± 32
246 ± 10

252 ± 7
198 ± 8

0.4 ◦ C s−1
As-Quenched Tempered
404 ± 29
248 ± 8

258 ± 11
198 ± 4

The Severity of A-segregation

Methods for the prediction of A-segregate location are assessed later in Chapter
6, which also discusses options for minimising segregation in Grade 3 (see Section
6.4). Here, however, an attempt is made to determine whether the severity of Asegregation, i.e., the level of element enrichment, is likely to be readily predictable.
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Figure 4.17: Optical micrographs of faster-quenching experiments. (a) 0.2 ◦ C
s−1 in the bulk, (b) 0.4 ◦ C s−1 in the bulk, (c) 0.2 ◦ C s−1 in A-segregate and (d)
0.4 ◦ C s−1 in A-segregate.
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One might expect that the concentration of liquid contained within an A-segregate
would lie somewhere between the limiting lever-rule (equilibrium) and Scheil
(non-equilibrium) cases, and that the concentrations of each element would be
approximately consistent with a certain point in solidification in a given microsegregation model, e.g., a fraction solid of 0.7. To assess this, the enrichment
associated with a particular A-segregate was measured using EPMA, Fig. 4.18.
The measured concentrations, given in Table 4.6, agree well with those presented
in Tables 4.3 and 4.1. A comparison of these data with MTDATA equilibrium
and Scheil calculations is made in Table 4.6. It is clear that, contrary to the
expectation stated above, the A-segregate liquid retained a composition which is
not well predicted, and is unlikely to be using any of the well-known microsegregation models referred to in Section 2.4.2.1 using typical partition coefficients
(the partition coefficients used here were calculated in MTDATA, but similar values can be found in standard binary phase diagrams and other texts [4; 287]). It
is clear that some species are enriched far beyond the equilibrium limit (Cr and
Ni), whilst others retain lower concentrations (Mo, Mn, Si). It is true that the
diffusion of species over long periods of time during forging might have led to
a higher level of Ni and lower level of Si relative to the other elements but the
enrichment of Cr cannot be accounted for in this way.1

1

Ni and Si are relatively slow and fast diffusers, respectively. The speed of carbon diffusion
is far higher than for Si, and it also partitions to the liquid more strongly. Hence, the author
believes its concentration measured in Table 4.1 is unlikely to reflect its true enrichment at the
end of solidification - it is likely to have been nearer 0.3 wt%, or higher. One could argue that
the enrichment of species like Mn within A-segregates might lead carbon to be attracted to
enriched areas [281], but MTDATA calculations suggest that the activity of carbon is higher in
enriched Grade 3 austenite than in bulk Grade 3 austenite.
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Figure 4.18: EPMA linescan results. (a). Optical micrograph of line analysed, which spanned the distance between two dendrite arms protruding into an
A-segregate channel. (b). Plot showing variation in concentration of species,
measured using EPMA with a step size of 5.2 µm and probe size of 1 µm.
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Table 4.6: Measured compositions of A-segregate and dendrite-arm material,
Cmax and Cmin , which are referred to in Fig. 4.18. The results of MTDATA
equilibrium (lever-rule) and Scheil solidification calculations are also shown, giving
liquid concentrations when the fraction solid was 0.95 (note P and S were not
included in these models). Also included, for comparison, are the EPMA spot
analysis results shown in Table 4.3 (10 A-segregate samples), as well as the typical
A-segregate composition measured in Table 4.1.

Mn

Concentration /wt%
Ni
Mo
Si
Cr

Cmax
Cmin

1.71
1.16

0.92
0.64

0.78
0.43

0.29
0.21

0.30
0.21

CLever
CScheil

1.78
4.56

0.77
0.93

0.90
4.38

0.40
0.87

0.25
0.4

CEMPA,40 µm
COES

1.59
1.62

0.86
0.87

0.62
0.87

0.28
0.29

0.26
0.26
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4.5

Summary and Conclusions

1. Simulated quenching of segregated Grade 3 material led to appreciable
spatial variations in microstructure. In regions enriched in solute, a microstructure of Widmanstätten ferrite (limited amount), lower bainite and
martensite-austenite islands was found, whilst the depleted areas at the
centres of former dendrite arms saw extensive allotriomorphic ferrite formation.
2. The bulk microstructure was found to be predominantly Widmanstätten
ferrite, contrary to previous reports of microstructure, where it has been
classified as upper bainite. Regions between Widmanstätten and allotriomorphic ferrite grains, which had been enriched in carbon during transformation, were found to contain lower bainite with coarse cementite particles.
3. The hardness of as-quenched and tempered material varied significantly
with the microstructure. The toughness is expected to be influenced by
these variations, see Chapter 5.
4. The extensive allotriomorphic ferrite bands observed in the microstructure
were a result of solidification-induced segregation. It was found that increasing the cooling rate allowed these bands to be eliminated.
5. The concentration of A-segregate liquid was found to be inconsistent with
current microsegregation models and partition coeffecients. The severity of
A-segregation is examined again in Chapter 8.
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Chapter 5
The Effect of A-Segregation on
Impact Energy
5.1

Introduction

In this Chapter, the effects of A-segregation on the results of Charpy impact
testing of quenched and tempered Grade 3 are assessed. The results of the previous chapter clearly demonstrated A-segregation can significantly influence microstructural evolution and hardness, with the enriched material associated with
A-segregates delivering finer and harder microstructures than the bulk. As a consequence, one might initially expect A-segregate material in Grade 3 to be more
brittle and less tough than the bulk. However, harder and finer microstructures
have been found to deliver better fracture toughness results in tempered (i.e.,
martensite-free) Grade 3 [272; 288; 289; 290], with tempered martensite providing the best properties (the reasons for this are discussed in Section 5.4.3 below).
Hence, the situation is not as clear cut as it might first appear. Here, it is hoped
that the results of Charpy V-notch testing of A-segregate material can help clarify
the likely consequence of fracturing through A-segregate material, notwithstanding the well-known reality that Charpy impact energies should not be related to
fracture toughness values. The effect of A-segregation on the scatter in Charpy
impact results will also be discussed.
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A number of studies have investigated the effect of A-segregation on fracture
properties in Grade 3 or similar compositions [259; 264; 265; 266; 291; 292; 293].
When the impact energies and fracture toughnesses of A-segregates have been
specifically measured, significantly lower energies relative to the bulk material
have been recorded, as well as a corresponding shift of the ductile-to-brittle transition temperature (DBTT) to higher temperatures [259; 264; 265; 266], Fig. 5.1.
Authors have suggested that the increased frequency of coarse MnS precipitates
inside A-segregates is responsible for the lower impact energies in both the transitional and upper-shelf regimes [259; 264], and that intergranular failure due to
the segregation of embrittling P is another likely cause of lower impact energies
[265; 266; 291; 293].
Unlike the Grade 3 examined in the studies referenced above, the material tested
here has relatively low phosphorous and sulphur contents (0.005 wt% and 0.001
wt% respectively) and does not contain many large MnS inclusions. SEM is
used to characterise the nature of failure in each Charpy specimen, whilst optical
microscopy is used to examine the interaction between segregated material and
crack paths.

5.2

Experimental

Standard 10 × 10 × 50 mm Charpy V-notch impact specimens were machined
from sections of the trepanned cylinder described above (see Fig. 4.1, the heat
treatment in Table 3.2.4 and the chemistry in Table 4.1). The specimens were
split into two groups: Set A were machined such that the notch of the Charpy
specimen lay in the vicinity of an A-segregate (and that this extended across the
specimen), whilst the notches of Set B specimens were deliberately placed away
from segregates in the bulk material, Fig. 5.2. Note that the machining operation
was not always successful in ensuring the notches of all Set A specimens lay directly within segregates. Within each of the Sets, specimens were taken from two
radial positions relative to the thickness of the pressure-vessel shell, Fig. 2.2.1b.
Charpy tests were undertaken following the standard procedure given in ASTM
E23-12c [294]. Ductility percentages were found by measuring the ductile fracture
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Figure 5.1: Charpy V-notch results for Grade 3-like steel, before and after irradiation, with and without A-segregate material under the notch. Reproduced
from [265]. Similar results can be found in [266].
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surface area and comparing this to the total fracture surface area as described
in paragraph A4.1.5 in ASTM E23-12c [294]. Specimens from both Sets were
tested at temperatures of -50, -35, -20, 0, 22 (room temperature) and 250 ◦ C.
At least three samples from each Set were tested at each temperature, and additional tests were performed at 22 ◦ C for Set A. Fractography was carried out
using a Leica DM2500 M optical microscope and a JEOL 5800 scanning-electron
microscope. Standard metallographic preparation techniques were used, including etching in 5% nital. Hardness measurements were taken using a Mitutoyo
MVK-H2 hardness testing machine with a load of 2 kg.

Figure 5.2: The placement of Charpy V-notch specimens extracted for testing.
Note the two specimens at the top of the image formed part of Set A, whilst the
two lower specimens formed part of Set B, and that the specimens are taken from
two radial positions (near the inside, and near the mid thickness).
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5.3
5.3.1

Results
As-Received Material

The microstructures typically found in the bulk and A-segregated material are
shown in Figs. 5.3a and b respectively. These were formed solely through the
heat treatment given in Table 3.2.4, and were not subject to any further changes.
Based on the results of Chapter 4 above, it seems sensible to suggest that the bulk
microstructure is comprised of a heavily-tempered mixture of Widmanstätten ferrite (light etching) and bainite with coarse carbides (dark etching), whilst the
A-segregate material is likely to contain more tempered bainite and tempered
austenite-martensite structures. The difference in these microstructures is reflected in hardness measurements of 196 ± 9 HV 2 for the bulk and 243 ± 17
for A-segregated material. No significant variation in either microstructure or
hardness was detected based on position relative to the inside of the pressure
vessel (apart from very close to the quenched inside edge of the vessel, where the
microstructure was finer and harder, but no Charpy specimens were located here).

Figure 5.3: Optical micrographs of the fully heat treated material. (a) The
non-segregated bulk material, comprising a heavily-tempered microstructure of
Widmanstätten ferrite with pockets of lower bainite. (b) The microstructure found
inside A-segregate channels, comprising a small amount of fine Widmanstätten
ferrite alongside bainite and decomposed martensite-austenite islands, all heavily
tempered.
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5.3.2

Charpy Impact Tests

The results of Charpy impact tests of samples in Set A and Set B are shown
Fig. 5.4. It is immediately evident that there is considerable scatter in results,
particularly in Set A around room temperature (22 ◦ C) where more tests were
performed. To elucidate potential reasons for this scatter, the material beneath
the fracture surfaces of specimens with notably low and high impact energies was
examined through optical microscopy. In the case of the scatter in Set A results
at room temperature, the relatively low results of 61 and 82 J appear to have been
due to the presence of A-segregation across the width of the specimens, and the
associated occurrence of intergranular brittle failure, Fig. 5.5. This type of failure appeared to be concentrated in regions with particularly large prior-austenite
grains (which were up to an order of magnitude larger that the grains observed
in the bulk). Conversely, the notably high result of 214 J was associated with
extensive ductility, and limited interaction with enriched material in the vicinity
of the crack tip, Fig. 5.6a. Indeed, it was generally found that the presence of
A-segregated material around the notch and across the width of specimens in Set
A did not always lead to it being included in the crack path, Fig. 5.6b. And
even when A-segregate material was intersected by the failure, it did not always
lead to the suppression of ductility or a noteworthy decrease in impact energy,
Fig. 5.6c.
No systematic variation was found in either of Set A or B based on radial position
of extraction (i.e., whether they were near the inside edge or near mid-thickness).
For Set B, no A-segregation was detected around the notch during fractographic
investigations apart from in the sample delivering 98 J at room temperature,
Fig. 5.6d, although interganular failure was not apparent in this sample. Indeed,
apart from the two instances at room temperature highlighted above, intergranular failure was not observed in any of the other test specimens, including those
at lower temperatures.
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Figure 5.4: Impact energy results for all the samples analysed. Three samples
from Set A and three from Set B were fractured at each temperature, with further
tests carried out at room temperature (22 ◦ C).
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Figure 5.5: Analysis of specimens that exhibited intergranular failure at room
temperature (22 ◦ C). (a) Cross section of fracture surface for 61 J specimen (46%
ducility), which clearly shows intersection of crack with dark-etching A-segregate
material (notch at left). (b) Secondary-electron image of coarse intergranular
failure observed (in area highlighted in (a)). (c) Back-scattered electron image of
coarse microstructure around intergranular crack (the lighter features are likely
to be tempered martensite-austenite islands [295]). (d), (e) and (f) show similar
images for the specimen with 82 J impact energy (35% ductility).
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Figure 5.6: (a) Section of fracture surface for specimen in which very little Asegregate material appeared to be included in the crack path. Its impact energy
was 214 J (100% ductility) at room temperature (22 ◦ C). The voids evident were
typically associated with inclusion debris. (b) A specimen which failed at (-20 ◦ C)
with 121 J impact energy (45% ductility), with segregated material existing close
to the crack tip and not included in the crack path. (c) A specimen which failed
at room temperature with 172 J impact energy (72% ductility), and included Asegregate material extensively in the crack path.
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5.4
5.4.1

Discussion
Limitations of Investigation

Before discussing the results presented above in detail, it is worth highlighting
some limitations of the present study and the conclusions that can be drawn from
it. First, it must be recognised that the precise fraction of segregated material
included in the crack path for each specimen is not known, because only one
section was taken through each specimen for examination (Figs. 5.5a, 5.5b and
5.6). If extra slices had been taken, they would have undoubtedly revealed that
the segregation profile underneath the fracture surface was not constant, as the
internal structure of A-segregates is littered with dendrite arms (as seen in the
previous chapter). Hence, even though a fracture surface may appear as though
it did not include segregated material in Fig. 5.6, it may have done so if another
section had been taken. Second, it is well known that although the impact energy
of a Charpy test is determined by the energy absorbed across the full length of the
crack, if initial ductility precedes brittle failure, then the impact energy will be
dominated by the energy absorbed during the ductile stage. Hence, if we consider
specimens failing in the ductile-to-brittle transition region, then the apparent effect of segregation could be readily changed or masked according to the position
of the segregation, e.g., if ductility is exhibited before segregation is intersected
in the brittle region (effect would be supressed), or if the segregation limits the
amount of initial ductility at the notch (effect more obvious). Thus, the effect
of segregation can be expected to vary not just with temperature and volume
fraction of segregate, but also with the position of segregation in the specimen.
Third, Charpy impact energies cannot be readily related to fracture toughness,
certainly not in any quantitative sense. So, even if the amount of segregated
material present along the crack path was accurately known and its effect on impact energy determined, it would be difficult to relate this to fracture toughness.
Collectively, the issues raised above, as well as the fact that samples in Set A did
not consistently test only A-segregate material, mean that no transition curves
or estimates of DBTT can be made for the A-segregate material verses the bulk.
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Finally, it should be noted that the material tested here has been subject to
a lengthy heat treatment that may not be representative of a production Grade
3 heat treatment. Changing the heat treatment will have a significant effect on
the impact energies measured and the DBTT.

5.4.2

% Ductile Fracture

The % ductility results quoted above were found by comparing the total area of
ductile fracture to the total fracture surface area. The results of this are plotted
for every sample in Fig. 5.7a, and display a classic J-shaped curve. It is evident
that the most outlying result is that at 61 J, which is for a sample that displayed
intergranular failure. This suggests that plotting % ductility results obtained
in this way could help indicate intergranular failure in the transition region. It
certainly appears more useful than the results shown in Fig. 5.7b, which were
obtained by measuring only the ductile region before brittle cleavage. It is true
that measuring ductility in this way collapses the values more completely to a
J-curve, and can potentially help eliminate sample comparison issues associated
with gross bulk plasticity or incomplete fracture of the specimens, but it is less
likely to highlight instances of intergranular failure.

5.4.3

Charpy Scatter and Intergranular Failure

It is well known that the failure of steels in a Charpy test is effectively a competition between various mechanisms, with the prevailing one being that which operates at the lowest stress. Ductile tearing is usually observed at high temperatures
and progresses through void growth and coalescence as a result of widespread plasticity, whereas transgranular brittle crack propagation (cleavage) is triggered by
crack nucleation at carbides or other brittle second-phase particles. Both of these
mechanisms can be observed in the same Charpy sample in the ductile-to-brittle
transiton region: here, stable tearing usually precedes brittle cracking, but the
onset of cleavage is variable and determined by the occurence of a suitable flaw
ahead of the crack front to intiate brittle failure (e.g., a cracked carbide). This
delivers significant scatter in the ductile-brittle transiton region, as has been observed in pressure-vessel steels [288; 296; 297; 298], which is only treatable using a
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Figure 5.7: % ductility vs impact energy curves using two different calculation
methods for % ductility. In (a) % ductility was found by using the total surface
area of ductile failure over the whole Charpy specimen, whereas in (b) the ductility
was calculated solely based on the area of ductility in front of the notch tip, and
ignored any shear occurring alongside or after brittle failure had been initiated.
In both (a) and (b) the point corresponding to 61 J is highlighted.
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probabilistic approach to fracture [297; 299; 300; 301]. Material inhomogeneities,
such as inclusion clusters, can also lead to scatter in the upper shelf [302]. The
presence of A-segregate material within a specimen is expected to further increase
scatter in Charpy results, not only due to microstructural differences, but also
due to the effect of embrittling species. The segregation of embrittling species like
P can lead to a third failure mechanism in fracture testing - that of intergranular
brittle failure. Such a mechanism of failure absorbs very little energy, and hence
can contribute greatly to Charpy scatter.
Here, it is most likely that the primary cause of the grain-boundary embrittlement which led to intergranular failure was the segregation of P to prioraustenite boundaries, the effect of which was then compounded by the particularly large austenite grain sizes and hardnesses associated with A-segregated
areas [265; 266; 291; 293]. The reasoning behind this judgement is outlined below.
The embrittlement of grain boundaries in low-alloy steels during tempering (at
temperatures up to ≈ 600 ◦ C) through the segregation of impurity elements (S,
P, Sn and Sb) has been investigated for many decades; the excellent review of
Guttmann gives an overview of its key features [303].1 Tempering at 645 ◦ C
should not lead to significant P embrittlement of Grade 3, even when P levels are
quite high. Indeed, it has been found that extensive heat treatment below 530 ◦ C
is required to initiate intergranular failure [292; 311], and that embrittlement can
be reversed by short heat treatments at 630 ◦ C and above [279; 292]. So, what
has caused the embrittlement of A-segregate material here? It is perhaps possible
that sufficient P segregation has occurred at 605 ◦ C in A-segregate material for
intergranular fracture to occur, but a more likely explanation is that a combination of a slow cooling rate from tempering and the particular microstructural

1

Essentially, it is thermodynamically favourable for these species to segregate to grain
boundaries [304; 305; 306; 307] during heat treatments in the range ≈350-600 ◦ C, and their
presence causes the decohesion of these interfaces by withdrawing electron density from the
bulk Fe [308; 309]. At higher temperatures, the driving force for their segregation decreases,
and hence the embrittlement is reversible by applying a high temperature heat treatment (although a finite amount of P segregation can still occur at high temperatures and in the austenitic
regime [303; 310]).
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properties of A-segregate material is truly to blame.
As well as being enriched in P, A-segregates are also enriched in other species
- C, Cr, Mn, Ni and Mo, Table 4.1. These elements have been shown to directly
affect the ability of P to embrittle low-alloy steels, but their effects are not additive (Cr, Mn and Ni enhance it, C and Mo suppress it [303; 312; 313; 314; 315]),
and it is unlikely that they have a significant net effect in this regard. Instead, the
indirect effect of these elements on embrittlement - through providing a harder
microstructure - is likely to be more important. But even a harder microstructure does not appear to have been sufficient for intergranular failure: as shown
in Fig. 5.6c, A-segregate material did not always fail in an intergranular manner.
Larger prior-austenite grains are also required. This is evidenced by the fact that
intergranular failure was seen only in regions consistently displaying very large
(100 µm or more) prior-austenite grains.2 Increased intergranular susceptibility
due to higher hardness and larger austenite grains for a given P segregation level
has been well documented [303; 319; 320]. The reason for the large grain size exhibited in A-segregates is still not clear, but it is interesting to note that austenite
grain growth is restricted by the formaton of AlN at grain boundaries [321], and
that Al is the only alloying element in Grade 3 to have a solid/liquid partition
coeffcient greater than 1 (i.e., it will enrich the solid, not the liquid, and hence
will be depleted in A-segregates). In summary, then, segregation of P to prioraustenite grain boundaries will likely have occurred during the slow cooling of the
material following tempering. P segregation will have occurred throughout the
material, but the higher level of P in A-segregate material, coupled with harder
microstructure and large prior-austenite grains also found in these regions, delivered intergranular failure during Charpy testing.

Note that slow cooling from 605 ◦ C may also, in theory, have led to ferritic boundaries also
being enriched in embrittling species (as they are present during this cool) [316]. Explanations
for the preferential cracking of prior-austenite boundaries have often been based on the different
structure of ferritic verses austenitic boundaries (segregation has been found to vary significantly
based on this [303; 314; 317]), but another distinct possibility is that both sets of boundaries are
sufficiently enriched, and that prior-austenite boundaries simply present a less tortuous crack
path (particularly if they are large) [303; 316; 318].
2
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Attempts were made to confirm the segregation of P to prior-austenite grain
boundaries using secondary-ion mass spectometry (SIMS) across a prior-austenite
boundary ahead of a crack, but no P signal could be detected. Further attempts
were made using energy-dispersive X-ray analysis in scanning transmission electron microscopy (STEM EDX) on a foil milled from ahead of a crack, Fig. 5.8.
However, of the many boundaries that were assessed using line scans, only the
boundary highlighted in Fig. 5.8c showed any sign of P segregation. Therefore,
no consistent P segregation to grain boundaries was measured. Although some
studies have claimed that STEM EDX can resolve the P segregation [322], it has
usually been measured using Auger electron spectroscopy on fracture specimens
broken in situ under high vacuum.

5.4.4

Material Integrity

In spite of the limitations acknowledged above, the following general statements
can be made about the results of this study whilst still providing some insight
as to the possible impact of A-segregation on material integrity. Note that these
statements primarily concern the lower-shelf and transition regimes, as a limited
amount of data were collected in the upper-shelf.
It is evident that the presence of enriched material near the notch does not necessitate it is included in the crack path, and even if it is intercepted, it will not
always lead to low impact energy, Fig. 5.6. This is certainly the case if significant ductility is observed elsewhere in the Charpy sample, as this would deliver a
high impact energy regardless of brittle segregate failure elsewhere. However, it
is very likely that the material contained within A-segregates is embrittled by P,
and that if a significant amount of it is included in the crack path, it will deliver
intergranular failure and a substantially decreased impact energy when failure
is dominated by brittle fracture, Fig. 5.5. This in turn can lead to significantly
increased scatter in results around the ductile-to-brittle transition.
It seems reasonable to suggest that the effect of A-segregation should not be
a great concern to design engineers if any failure is to occur through a significant
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Figure 5.8: STEM-EDX investigations of grain boundaries in A-segregated material, cracked in Charpy testing. (a) Focussed-ion beam milling of foil to include
crack. (b) Foil extracted. (c) Line scans revealed the boundary highlighted to be
rich in P. The position of (c) is highlighted in (b).
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thickness of material in which segregates may only be met occasionally [323].
However, the potential of A-segregated areas to act as sites for crack nucleation
should be treated more seriously, particularly where they are likely to intersect
weld areas [324]. This would be more likely on the inside surface of pressure vessels, Fig. 2.2.1b (the only sample in Set B which exhibited segregation taken from
near the inside edge, demonstrating the increased likelihood of hitting enriched
material). Further investigation in this area is warranted.

5.5

Summary and Conclusions

1. Charpy V-notch testing of quenched-and-tempered Grade 3, in which Asegregate material was directly targeted, found that the material sometimes failed by intergranular brittle fracture in A-segregate material. This
intergranular failure, found in samples tested at room temperature, delivered significantly lower impact-energy values and contributed to the scatter
present in results in the ductile-to-brittle transition.
2. The intergranular failure found in A-segregate material was most likely
caused by P embrittlement during slow cooling from tempering, although
this could not be explicitly shown by direct measurement of grain-boundary
P concentrations. Not only is A-segregated material enriched in P, but
it also possesses increased hardness and can exhibit large prior-austenite
grains, both of which augmented the effect of P embrittlement to deliver
intergranular failure. The reasons behind the increased prior-austenite grain
size need to be assessed, although it is suspected that decreased levels of
AlN could be to blame.
3. It can be surmised that as long as any failure of a pressure vessel passes
through a significant amount of material which has not been embrittled
by A-segregation (as would be the case for a radial crack in the material
observed in this study), then the effect of A-segregation on overall fracture
resistance should be minimal. However, the possibility that A-segregation
could lead to cracking during welding operations, or afterwards through
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greater susceptibility to environmentally-assisted cracking, is a concern and
warrants particular investigation.
4. The effect of A-segregates on upper-shelf properties needs further investigation, as their propensity to contain inclusion debris may have a detrimental
effect, and not enough information was collected in this regime by this
study.
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Chapter 6
Predicting and Tracking
A-Segregation
6.1

Introduction

Given the results of the previous chapter, it is evident that the presence of Asegregates in steel components should be avoided if at all possible, and that it
would be desirable for manufacturers to be able to predict their locations in castings. Prediction through the use of macromodels, however, is not practicable. As
highlighted above in Section 2.4.1, such complex models are too computationally
expensive and often cannot deliver useful results. On this basis, this chapter examines the application of more simple criterion for the prediction of A-segregation
in steel ingots and castings, based on dimensionless Rayleigh numbers.
The chapter is in three parts. The first part, Section 6.2, assesses the use of
a Rayleigh number criterion that was presented recently by Torabi Rad et al.
[217], which was introduced in Section 2.5.2 above. This criterion is applied to
two case studies of A-segregation in steel ingots, and limitations and sensitivities
of the approach are highlighted. At the end of the first section, Grade 3 and Grade
4N compositions are compared in terms of their susceptibility to A-segregation
as judged by Torabi Rad et al.’s criterion.
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The second part of this chapter, Section 6.3, was written following discussions
with Professor Grae Worster at the Department of Applied Maths and Theoretical Physics, University of Cambridge (this communication was made after the
work for the first part had already been completed). In these discussions, we
assessed the validity of using a critical Rayleigh number when casting is in a sideways manner, and also outlined a new simple approach to predict A-segregates.
The final part of this chapter, Section 6.4, discusses how A-segregation might
be minimised in Grade 3 and what the potential side affects might be for porosity and inclusion retention. It also examines, in Section 6.5.1, the robustness
of the tracking technique that is used in Section 6.2 to monitor the location of
segregates during forging.

6.1.1

The Origins of a Rayleigh Criterion

Before progressing any further, it would perhaps be useful to understand the
physical basis of Rayleigh numbers, and to outline their mathematical derivation. This can be done in a relatively straightforward manner as set out below;
it is only when the critical Rayleigh number for a system is assessed that more
complex mathematics is required (stability analysis).
Consider the simple arrangement shown in Fig. 6.1, which comprises two equallysized spheres of fluid with diameter d separated by a height h. They are considered
to exist within a liquid that has a vertical gradient of temperature (G), and are
hence at two different temperatures (T1 < T2 ). The temperature gradient delivers
a density gradient, B, which means the two spheres are also of different density
(ρ1 > ρ2 ) - the higher, colder sphere being more dense (we assume the properties
of the two spheres are otherwise the same). The potential energy of the system
can be reduced if the two spheres were to switch positions; the total energy given
out is:
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Figure 6.1: A simple system consisting of two identical spheres sitting in a fluid
- the top sphere has a higher density than the lower.

Energy available = m1 gh − m2 gh
= ρ1 V1 gh − ρ2 V2 gh

(6.1)
(6.2)

where g is the acceleration due to gravity. Recognising that V1 = V2 = V , we
have:
Energy available = ∆ρ Vgh
 3
4
d
= ∆ρ π
gh
3
2

(6.3)
(6.4)

Ignoring constants, we have:
Energy available ∼ ∆ρ d3 gh

(6.5)

and using the fact that ∆ρ = Bh:
Energy available ∼ Bd3 gh2
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(6.6)

This energy can be converted into kinetic energy, allowing for the movement of
the two spheres to a more stable configuration. There is a resistance to this
motion, however, which is provided by the friction at the interface between the
moving spheres and the medium that surrounds them. From Stokes’ law, which
assumes laminar flow and no interaction between the spheres in the system, the
drag force (FD ) generated by the movement of a sphere in a viscous fluid given
by:
FD = 6πµru

(6.7)

where µ is the dynamic viscosity, r is the radius of the sphere and u the velocity
of the sphere. Using d in place of r and removing constants, we have:
FD ∼ µdu

(6.8)

The energy dissipated over a height h is therefore:
Energy dissipated ∼ µduh

(6.9)

h
∼ µd h
τ

(6.10)

where the velocity u has been equated to moving over the height h in some time
τ . Thus, we only have surplus energy to go into kinetic energy (i.e., sphere
movement) if:
Bd3 gh2 & µd
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h2
τ

(6.11)

Attention must now be given to the affect of time, τ . If the process of movement
takes a long time to complete (τ is large), then there will be opportunity for
the spheres to equilibrate in temperature with their surroundings by the heat
diffusion. Hence, there will be a loss in driving force for convection and the
spheres will become stationary. An appropriate estimate of the this time can be
made by assessing the time required for heat diffusion into/out of the spheres
√
(using x ∼ Dt) :
τ∼

d2
αT

(6.12)

where αT is the thermal diffusivity. Substituting for τ , we have:
Bd3 gh2 & µd

h2
αT
d2

(6.13)

And rearranging:
Bd4 g
&1
µαT

(6.14)

Now, the frictional force on the fluid (and energy dissipated) can be minimised
for a given volume if the spheres are larger. Indeed, this is why fluids tend to
move as large masses in such situations, rather than in a stream of small packets.
The limiting case is shown in Fig. 6.2, in which d ≈ h. This allows us to make a
final substitution for B, as B = ∆ρ/d in this case:
∆ρ d3 g
&1
µαT

(6.15)

This Rayleigh criterion determines when it is possible for convection flow to relax
the metastable arrangement of a more dense fluid lying on top of a less dense
fluid. It measures the driving and frictional forces for the required flow, and
states that when the frictional force dissipates less energy than is released, then
fluid flow is possible. Before this point, the system is stable to perturbation.
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Figure 6.2: Limiting case of Fig. 6.1 when h ≈ d.

6.1.1.1

Application to Mushy Zones

Equation 6.15 was modified by Worster for convective flows in the mushy zones
of directionally-solidified alloys [216]. In such scenarios, as illustrated in Fig. 6.3,
the density of the liquid in the mushy zone is changed not by effect of temperature, but by solute rejection (here, it is assumed that the rejected solute makes
the interdendritic fluid lighter). The Rayleigh criterion can be altered to suit
such systems, and hence the formation of channels (or chimneys) of enriched interdendritic fluid can be predicted (that form freckles in nickel-based alloys and
alike).
In mushy zones there is still frictional dissipation when packets of fluid move, but
the dissipation is across the surface area of the solid network. This surface area
is characterised by the permeability, as discussed in Section 2.4.2.2 above, which
scales with some relevant dimension of the solid network, typically dendrite arm
spacing:
K ∼ λ2

(6.16)

Hence, two of the d length scales in equation 6.18 (which were associated with
the surface area of the spheres in the treatment above) can be replaced with an
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Figure 6.3: Upwards directional solidification of an alloy, in which solute enrichment in the liquid leads to a decrease in its density.

average permeability, K̄, in the mushy zone:
∆ρ dg K̄
&1
µαT

(6.17)

where ∆ρ is now the density change due to the composition gradient in the liquid,
not due to temperature - we assume solutal effects are dominant. What about
αT ? Should this be replaced with some sort of solute diffusivity, D? Worster
suggests not, as he argues that the thermal diffusivity is limiting the rate of solid
melting (and channel formation), not the solutal diffusivity. This argument is
based upon the size of the liquid packet we consider to be moving upwards in the
mush. Larger packets are more stable, so if we consider the size of a packet to be
comparable to the height of the mushy zone, then the packet encompasses many
dendrite arms (many primary, and even more secondary). Hence, even if thermal
diffusivity is far higher than solutal, it is thermal diffusion that limits the rate of
solid melting as the distance over which heat must diffuse is far greater than the
small distances (on the scale of secondary dendrite arms) that solute moves. In
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reality, it may be the case that the size of the packets moving are much smaller,
in which case solutal diffusion may become rate limiting, but this has not been
investigated experimentally. It must be borne in mind that we are considering a
scenario in which a mushy zone is at the very edge of stability, and that this may
not correspond with the typical examples of channel formation we are familar
with.
Finally, a substitution can be made for the remaining length scale d. As it was
shown above, d tends to scale with h, which in the case of mushy zones is the
vertical height through which the solid dendrites extend. This height, in turn, is
determined by the thermal field, and it can be shown that heat diffusion from the
liquid results in it scaling as h ∼ αT /R, where R is the casting speed. Making
this substitution, we have:
∆ρ g K̄
&1
µR

(6.18)

Or, using the dynamic viscosity in place of the kinematic viscosity (ν = µ/ρ):
Ra ≡

(∆ρ/ρ0 )g K̄
Rν

(6.19)

where ρ0 is some reference density.

6.2

The Torabi Rad et al. Rayleigh Criterion

The Rayleigh criterion presented by Torabi Rad et al. for use in steel ingots
and castings was identical in form to equation 6.19 derived above [217]. From
here onwards this will be the only Rayleigh criterion referred to. In their paper,
they suggest that a higher Rayleigh number in the mushy zone should correlate with higher levels of fluid flow and A-segregation, and that a critical value
should exist at which A-segregates are first found to form. They went on to
state that, in theory, this critical value should be valid for whole systems of alloys, allowing for the direct comparison of different steels. Previously-developed
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functions of thermal gradient, G, and isotherm velocity, R (such as the popular
Suzuki criterion), which do not explicitly account for the effects of mushy-zone
permeability and liquid-density changes due to segregation, cannot be applied in
the same way as their critical values change from alloy to alloy [16; 210; 211; 212].
Torabi Rad et al. validated the critical value of their Rayleigh number by examining three case studies of sand-cast steel components, as well as historic data
on A-segregation in ingot castings (ingots are cast in metal moulds) [211; 212],
finding the critical value to be 17 ± 8. The setting of a range for the critical value
is not a particularly useful result for ingot manufacturers. They would prefer a
single critical value for the criterion to be specified, representing a conservative
lower limit. This is because the range 17 ± 8 can encompass a large volume of
material in some castings, and manufacturers would rather use a single value that
they can define to separate sound and defective material. Hence, a principal aim
of this section of the thesis is to help set a conservative lower limit to the criterion.
The other principal purpose is to assess the limitations and sensitivities of the
criterion when it is applied to ingot castings. Torabi Rad et al. had to rely on
estimation of the thermal parameter R during their assessment of historic data
for metal ingots, but here the casting procedure used in both cases was well documented, and hence no estimation of thermal parameters was necessary beyond
standard finite-element calculations. These aims are accomplished by examining
two case studies of steel ingots, which differ significantly both in terms of ingot
size and alloy composition. The first case study examines A-segregation in an
as-cast 12 ton steel ingot, the detailed analysis of which is presented in Chapter
8 below. The second looks at the 200 ton high-integrity steel ingot described in
previous chapters, through the tracking of segregated regions back from a postforged section to the original ingot.

6.2.1

Evaluation of the Rayleigh Number

The Rayleigh number given in equation 6.19 can be modified by recognising the
dependency of some of its terms on other casting parameters. For instance, the
average permeability, K̄, can be expected to be a function of fraction solid and
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dendrite arm spacing, and hence of local temperature, alloy carbon concentration
and cooling rate. The consolidation of equation 6.15 through such considerations
yields equation 6.20, in which the values for ρ0 and ν have been assumed constant
(further details of its generation can found in Torabi Rad et al. [217]).
Ra = 2.38 × 10−6 × CC1.1−3.99CC ∆ρ

G
Ṫ 1.7232

(6.20)

where CC is the concentration of carbon in wt%, Ṫ the local cooling rate in K s−1 ,
G the thermal gradient in K m−1 and ∆ρ has units of kg m−3 . For consistency,
these terms were evaluated in an identical manner to Torabi Rad et al.: ∆ρ was
taken to be the difference in density between the liquid at the liquidus temperature and at the temperature corresponding to fraction solid = 0.3; and Ṫ and G
were evaluated locally at the average temperature between the liquidus and the
fraction solid = 0.3 temperature.

6.2.2

Modelling and Experimentation

The two ingots investigated were labelled Ingot 1 and Ingot 2. The composition and size of Ingot 1 is given in Table 6.1. Ingot 2 was the same 200 ton
Grade 3 ingot from which the material investigated in the chapters above was
trepanned, Fig. 4.1a and hence its composition is that given at the top of Table
4.1. A solidification simulation was generated for each case in a finite-element
(FE) package (ProCast [142]) using a comprehensive knowledge of the casting
apparatus (including geometries and materials properties) and parameters (such
as superheats and thermal losses). The precise values for the various boundary
conditions necessary to set up the models, as well as the relevant materials data,
cannot be presented here for reasons of commercial sensitivity. However, they
were of the standard type demanded by the FE package (e.g., starting temperatures, conductivities, specific heats) and were not significantly different to the
default values contained within the software itself. The models accounted for
the formation of a shrinkage gap during solidification, but did not account for
fluid flow (this reduced computational times significantly, and it has been suggested that fluid flow has a minimal effect on the thermal parameters in any case
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[136; 217]). The average element sizes used for ingot, insulation and mould components were, respectively, 10, 5 and 20 mm for Ingot 1, and 50, 20 and 50 mm for
Ingot 2. Refining the mesh size produced smoother variations in Ra values (as Ra
was calculated at more points), but did not change the spatial distrubution of the
results and led to significantly increased computation times. The thermodynamic
software package JMatPro [143] was used to generate materials properties files
that were loaded into the FE simulation. It was also used to calculate values for
∆ρ. The model for Ingot 1 was validated against thermocouple data obtained
from the ingot mould (see Chapter 8 below). The model for ingot 2 was validated
using pyrometer measurements of the ingot on removal from its mould.
The results were compared directly to experimental evidence of A-segregation
obtained through the sectioning of an as-cast product. For Ingot 2, however, the
Rayleigh-number results were verified by measuring the A-segregation present
in the trepanned Grade 3 cylinder, and back tracking this to the original ingot casting. The forging simulations were carried out in the DEFORM software
package [325], and used conditions set to reproduce the true forging processes,
Figs. 3.5 and 3.6, as closely as possible. This included using accurate geometries
of the workpiece and forging tools, and realistic numbers and depths of forging
bites. Volume conservation was ensured and an estimate of the effect of heat
loss during forging was also incorporated. Regions of A-segregation determined
through macroetching were reverse-tracked using a point tracking analysis tool,
Fig. 6.4a. Local irregularities and assymetries in forging deformation due to the
placement of individual bites, as well as the rotation direction of the workpiece,
were averaged out over each complete forging operation. However, an indication
of the scatter in the locations of the tracked points was retained by calculating
the standard deviations in the radial and axial positions of the points for each
operation, and adding these in quadrature to give an overall uncertainty across all
the operations. This uncertainty was found to be significant, but the use of this
tracking procedure was seen as the only practical alternative to direct sectioning,
which would have been prohibitvely expensive and laborious.
Ingot 1 was sectioned to produce a large longitudinal section through the full
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Figure 6.4: (a) An example of using the point-tracking analysis tool for the
second becking process (in reverse) of the high-integrity shell forging. (b) A Flow
Mesh visualisation of the same forging process through a radial section of the
workpiece. (c) The resulting deformation, visualised using image distortion.
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Table 6.1: Composition of Ingot 1, ≈12.3 tonnes.

C
0.79
Ni
0.22

Si
0.80
Mo
0.33

Chemistry /wt%
Mn
P
S
0.26 0.007 0.005
V
Cu
Al
0.005 0.08 0.008

Cr
4.88

height of the ingot, which was then metallographically prepared. The chemistry
of this surface was mapped using a macro-scale X-ray fluoresence (XRF) technique (examined in the next chapter of this thesis) to determine the location of
segregates. For Ingot 2, the sections of material examined were the slabs cut
from the trepanned cylinder analysed in the preceding chapters, as shown above
in Fig. 4.1b and later in 6.7a. Once again, sections were metallographically prepared before etching in 10% aqueous nitric acid. The effect of forging on the
appearance of the A-segregation measured in Ingot 2 was visualised using the
Flow Mesh tool in DEFORM, Fig. 6.4b, in conjunction with an image distortion
programme written in MATLAB [326], Fig. 6.4c.

6.2.3

Results

6.2.3.1

Ingot 1

The orientation of the section of Ingot 1 examined is shown in Fig. 6.5a. Fig. 6.5b
shows the corresponding Rayleigh number map calculated for this section. Regions in which A-segregates are not predicted to form are coloured light grey,
black regions denote regions where they are expected to appear, and the zone
of uncertainty between (where Ra = 17 ± 8) is multicoloured. By comparing
this map to the experimental XRF results presented in Fig. 6.5c, it is evident
that the predicted and measured regions of A-segregation agree reasonably well.
However, the A-segregation observed appears to begin at a lower value than the
lowest limit of the 17 ± 8 range suggested by Torabi Rad et al.. Closer inspection
revealed this to be when Ra > 6, Fig. 6.6.
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It can be seen that the criterion predicts A-segregation where it is not present: in
the central region of the ingot, where there is no A-segregation through the ingot
height, and within the head, where A-segregation is predicted to occur closer to
the mould than is observed. The highest value of Ra predicted for Ingot 1 was
≈ 180, and was found in the head of the ingot as indicated in Fig. 6.5d.
6.2.3.2

Ingot 2

The Rayleigh number map down the full length of Ingot 2 is shown in Fig. 6.7a.
The start and finished forging geometries are indicated in Fig. 6.7b, along with
the location of the sections analysed (c.f. the sectioning of the trepanned cylinder
in Fig. 4.1b). Fig. 6.7c shows the surface of one of the sections in the macroetched
state, where the onset of A-segregation is indicated. The results of tracking this
onset back to the original ingot casting are shown in Fig. 6.7d. Is it evident
that the tracked onset overlaps with the critical Rayleigh numbers predicted in
ProCast, and lies towards the upper end of the 17 ± 8 regime.
When setting the onset for Ingot 2, A-segregates were identified by assessing
whether they passed through thickness of the slice taken for analysis (as in previous chapters). This, however, meant that some regions of positive segregation
that resembled A-segregates, which were observed further from the centre of the
shell forging (i.e., towards the outside), were ignored. So, in order to account
for the possibility that these positive-segregated regions were A-segregates near
their nucleation or finishing point (and hence did not pass through the section
thickness), the onset used for tracking was moved to include them. This revised
estimate for the start of A-segregation also provided a more conservative case for
the validation of the Rayleigh number. The results of tracking this revised onset
did indeed move to lower Rayleigh numbers (the onset lying closer to 10), but still
lay within the 17 ± 8 range, >6. Note the significant uncertainty in the result,
which reflects the complexity of the forging route modelled and the associated
inhomogeneous deformation that resulted (i.e., results varied along lines of constant radius). The maximum calculated Ra values for this ingot were higher than
for Ingot 1, being ≈ 900, Fig. 6.7e. The effect of the total deformation associated
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Figure 6.5: (a) The location of longitudinal section of Ingot 1 examined (highlighted in grey), (b) the predicted Rayleigh-number map, and (c) a macro-scale
XRF map in which A-segregates appear as bright channels running near vertically.
Note the presence of two lifting points, which appear as black squares (due to their
low Cr composition) in head of the ingot in (c). (d) A re-scaled version of (b), in
which the maximum values for Ra are indicated.
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Figure 6.6: Macro-scale XRF map of Ingot 1 with line of Ra = 6 marked. Note
that the asymmetry at the top of the ingot is due to the asymmetry of the head
tiling (insulation).
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with all the forging operations made on the A-segregation in Ingot 2 is visualised
in Fig. 6.8.

6.2.4

Discussion

The two case studies examined here have demonstrated the effectiveness of the
Rayleigh criterion developed by Torabi Rad et al. at predicting the onset of Asegregation in steel ingots. The use of this criterion is not only computationally
inexpensive in comparison to more complex macromodel approaches (the CPU
computing times for the ProCast simulations of Ingots 1 and 2 were 2,600 and
20,000 seconds, respectively, using two Intel Xenon E5530 2.4 GHz processors),
but also represents a significant improvement over previous simple criterion (such
as the Suzuki criterion [211]). This was demonstrated here by the fact that the
two ingots examined, which differed significantly in terms of size and composition, could have utilised a similar critical value for the criterion.
Although the number of ingots investigated in this study has been minimal, results for Ingot 1 suggest that if a conservative lower limit to the Rayleigh criterion
is desired, then a value of 6 appears to be a sensible choice. Indeed, the lowest
value reported by the original study of Torabi Rad et al., in which 27 ingots of
various sizes and compositions were retrospectively examined, was 6.7, and hence
their results support this proposal. Although the value of 17 ± 8 is useful in that
it shows explicitly the uncertainty associated with the Rayleigh-number calculation (principally derived from issues associated with the calculation of dendrite
arm spacings [217]), the setting of a lower bound is an important step for ingot manufacturers who would ideally wish to use a single value for conservative
estimations (i.e., the worst-case scenario, with maximum A-segregation).
6.2.4.1

Limitations and Sensitivities

A key limitation of the Rayleigh number approach, as highlighted by Torabi Rad
et al. in their original study, is that the criterion cannot be used to predict where
A-segregates do form, only where they do not form. This is not only because Asegregate nucleation is probabilistic in nature, which means the Rayleigh number
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Figure 6.7: (a) Rayleigh-number map for Ingot 2. (b) Schematic of the highintegrity shell forging route applied (start and end geometries), with the location
of the trepanned section analysed highlighted (grey). (c) The macroetched sectionwhite areas denote regions removed by machining. The onset of segregation indicated with a black dashed line. (d) A Rayleigh map of a transverse section of
the ingot located at the arrow point in (a). The onset line, tracked back to the
original casting, is shown as a black dashed line, with the upper and lower limits
of the error indicated using thinner continuous lines. (e) Re-scaled version of (a),
showing the maximum Ra values calculated.
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Figure 6.8: The total deformation associated with forging Ingot 2, illustrated
using a section of the material with prevalent A-segregation.
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Table 6.2: Composition of Grade 4N ingot, which was used to test sensitivity to
S and P concentrations.

C
0.21
Ni
3.64

Chemistry /wt%
Si
Mn
P
S
0.041 0.044 0.004* 0.004*
Mo
V
Cu
Al
0.54 0.04 0.019 0.004

Cr
1.90

*No P and S were added to generate Fig. 6.9b

can only indicate where it is possible for the segregates to form, but also because
it fails to account for other solidification phenomena that prevent A-segregate
formation in certain regions. As seen in Fig. 6.5, this is particularly the case
in the central region of the casting. Here, the solidification is more likely to be
equiaxed than columnar (A-segregates do not form in moving structures, and
equiaxed networks tend to be non-static), and other types of segregation, such as
negative base segregation and V-segregation, are more prominent. The results of
the criterion should also be treated with care when applied to the head region of
the casting, as in this area the effect of insulating materials (and the properties
assigned to them), and any components cast into the top of the ingot for lifting
(see Ingot 1, Fig. 6.5), introduces more uncertainty into calculations. Fortunately,
this material is usually scrapped.
The author has observed that values for ∆ρ, computed in JMatPro for use in
calculating Ra through Equation 1, can vary significantly based on the chemical
composition of the steel inputted. In particular, small changes in trace elements
such as S and P can have a marked effect. P and S both decrease the density
of the liquid steel, increasing ∆ρ, and their potency is such that for some cases
an addition of >10 times as much Si (by weight) to the bulk alloy is needed to
produce the same decrease in density. This is acutely demonstrated in Fig. 6.9,
for the case of a steel with the Grade 4N composition given in Table 6.2. It is
shown that the addition of very small amount of S and P to the alloy not only
changes the distribution of Ra, but also its sign - in the case with no P or S
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(Fig. 6.9b), the Rayleigh criterion suggests interdendritic fluid flow would be in a
downwards direction, and hence inverted A-segregates could form (although this
is a matter for debate - see Section 6.3. It is clear, then, that an effort must be
made to ensure the chemical composition used is as accurate as possible. For a
conservative result, the elements that have the greatest influence on ∆ρ, namely
C, Si, S and P, should be set at their upper limits to maximise the driving force
for interdendritic flow.

Figure 6.9: Half-ingot Rayleigh-number maps for the Grade 4N composition
given in Table 6.2, (a) with P and S, and (b) without P and S. The ingot modelled
was the same size and shape as Ingot 2.

As well as changes in ∆ρ, it is obvious that changes in the calculated temperature
field for an ingot can also significantly impact the value of the Rayleigh number
through its dependence on thermal parameters (R, G and Ṫ ). For a given ingot,
variations in these parameters (and Ra values) can be observed, for instance, by
the inclusion or neglection of shrinkage gap formation when models are created,
Fig. 6.10. In this case, the inclusion of a shrinkage gap significantly increases Ra
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values, therefore representing a more conservative approach, which is unfortunate
as it requires increased computation times. By extension, it can be argued that
complex fluid-flow phenomena should be also be included, as they too will affect
the thermal field (even if the effects have been found to be small). This is true,
of course, but would defeat the purpose of using the Rayleigh criterion. If there
are concerns with the fidelity of a calculated thermal field, then the use of an
artificially-low heat transfer rate from the ingot (within sensible limits, guided by
straightforward experimental measurement) would provide a cautious approach.
In general, the results generated for smaller ingots will be more sensitive to the
issues highlighted above than for larger ingots, as the differences between the
minimum and maximum Rayleigh numbers calculated in larger ingots will tend
to be higher, see comparison of Fig. 6.5d and Fig. 6.10c. This is because a greater
range of solidification rates is expected when a larger piece of steel is cast - the
mould of a larger ingot will typical represent a smaller heat sink relative to the
case of a smaller ingot, and will hence heat up and limit heat extraction at an
earlier stage of solidification, slowing down the process to a greater extent. It
is worth noting that the maximum value of the Rayleigh number is not usually
found at the centre of the casting, as the rate of solidification increases at the end
of casting process because the surface area of heat loss increasing in comparison
to the volume of liquid remaining.
Despite the issues highlighted above, if applied in a consistent manner the Rayleigh
criterion presented by Torabi Rad et al. continues to represent the most effective
simple criterion for A-segregation to date. It is certainly unrivalled in terms of
its capability to rapidly compare the A-segregation susceptibilities of different
alloys.
6.2.4.2

A Comparison of Grade 3 and Grade 4N

As was highlighted in Section 3.1, there is a strong possibility that many future
high-integrity forgings will be produced from SA508 Grade 4N steel, as opposed
to Grade 3. This is primarily due to the increased strength and toughness asso-
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Figure 6.10: The half-ingot Rayleigh maps for Ingot 1, (a) accounting for, and
(b) not accounting for, shrinkage gap formation. (c) shows the maximum Ra
values obtained when the same alloy composition as Ingot 1 was used in an ingot
the same size and shape as Ingot 2 (i.e., much larger).
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ciated with the higher-Ni Grade 4N, but there are also likely to be advantages
in terms of macrosegregation susceptibility. Fig. 6.11 compares the predicted
Rayleigh maps for Grades 3 and 4N (using 6 as the critical value); the particular chemistries used being those in Tables 4.1 (top) and 6.2, respectively. It is
clear that A-segregation is predicted to be far more widespread in Grade 3 than
in Grade 4N. This difference is due to the lower density change associated with
the Grade 4N composition, which can be attributed to a lower level of Si (note
that the decrease in liquid density is slight enough that if Si, S and P contents
are lowered, the interdendritic liquid can actually become heavier than the bulk,
Fig. 6.9b).

Figure 6.11: A comparison of the critical Rayleigh number maps for (a) Grade
3 and (b) Grade 4N 200-ton ingots. 6 is used as the critical value of the Rayleigh
number.

The onset of A-segregation in both alloys, as predicted through the Rayleigh
criterion, was tracked forward through the forging operations associated with
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high-integrity shells using DEFORM (in the opposite direction to the Ingot 2
case study above). The specific aim of this tracking was to predict where Asegregation is likely to start in any trepannings taken from future forgings. It
is anticipated that these trepannings will be taken in a similar location to the
trepannings examined in this thesis (see Fig. 4.1 above), and hence the starting
height of the tracked points was the ‘finishing height’ for Ingot 2 as indicated in
Fig. 6.7a. The results of this tracking are shown in Fig. 6.12, utilising the same
trepanned section as in Fig. 6.7c. Two values of the Rayleigh number were tracked
for Grade 4N: Ra = 6 and Ra = 17 (back-tracking the onset of A-segregation in
Grade 3 shown in Fig. 6.7c suggested the critical value was somewhere around Ra
= 17 for the alloy, Fig. 6.7d). The position for Ra = 17 in Grade 4N was found
to be located at a much lower radius than for Grade 3. Indeed, Ra = 6 for Grade
4N was found to lie slightly inside the Ra = 17 value for Grade 3. It is expected
that the true onset for Grade 4N to lie somewhere between Ra = 6 and Ra = 17
(given that tracking a revised onset for Grade 3 gave Ra ≈ 10, Section 6.2.3.2).

6.2.5

Summary and Conclusions

1. The Rayeligh critierion recently presented by Torabi Rad et al. [217] is
an effective tool for the prediction of A-segregation in large steel ingots, as
demonstrated here using two case studies.
2. If Rayleigh-number values are calculated in the same way as described in
this study, then it is suggested that a value of 6 can be used as a critical value
for the criterion. The author believes this represents a sensible conservative
lower bound in light of results to date.
3. It must be recognised that, as highlighted previously by Torabi Rad et
al., the criterion is only suitable for predicting material that is free from
A-segregation, and should not be used to predict precise location of the
segregates throughout the ingot. It may, however, also be useful for judging
general segregation susceptibility (the higher the value of Ra, the more likely
A-segregation is).
4. Calculated Ra values have been found to be highly sensitive to the concen-

167

Figure 6.12: The results of tracking Ra results for Grade 4N from ingot to
high-integrity forging, superimposed on the macroetched Grade 3 slice shown in
Fig. 6.7c. The dashed red lines show the tracked Grade 4N positions, with the
solid red lines inidicating the uncertainty. The dashed black line is identical to
that shown in Fig. 6.7c for Grade 3 - it was an experimentally-determined onset
that was tracked back to a position in the original ingot consistent with Ra = 17,
Fig. 6.7d.
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trations of trace elements P and S in the alloys examined. Ra values are
also affected by the changes in thermal parameters induced by altering the
phenomena modelled, such as the inclusion or neglection of shrinkage gap
formation during casting. The results for smaller ingots are more sensitive
to these influences than larger ingots.
5. In recognition of the sensitivities highlighted, the users of the Rayleigh
criterion may wish to consider changes to their models which would produce
conservative estimations, such as the use of high concentrations for P and
S. These can be guided by straightforward experimental measurements.

6.3

The Validity of Torabi Rad et al.’s Criterion

The Rayleigh criterion derived above for channel formation appears to work well
when applied to steel ingots. It certainly seems to encompass some key parameters that must influence A-segregate formation, including the density inversion
in the mushy zone, the permeability, and the casting speed. However, the use
of a critical Rayleigh number is strictly not an appropriate criterion to apply to
A-segregation in ingots, where the soldification is near-horizontal from the sides
of the casting. Unlike the directional solidification shown in Fig. 6.3, which produces a density field that can be stable, a horizontally-solidifying system is never
stable relative to a convecting state, Fig. 6.13. Hence, a Rayleigh criterion cannot
strictly be applied to characterise when fluid flow can begin - the fluid is always
in motion.
In order to develop an alternative criterion for A-segregates, it is worth revising
their formation mechanism. They form due to the flow of interdendritic liquid to
warmer parts of the mushy zone, where the enriched fluid causes remelting of the
solid and formation of persistent channels. This occurs when the interdendritic
fluid velocity exceeds the isotherm velocity, see equation 2.4 in Section 2.3.1, such
that fluid moves across isotherms from warmer to colder parts of the casting. For
perfectly-sideways solidification (in which we ignore the top/bottom constraints
of the ingot mould) this condition should never be met, as the interdendritic fluid
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Figure 6.13: Sideways solidification, as seen in ingots. Convective fluid flow
would be upwards in the mushy zone, and downwards in the bulk liquid. Isotherms
are aligned vertically.

velocity will be perpendicular to the isotherm velocity.1 For ingots, however,
which are hot at the top and cooled from the base, the isotherms are not perfectly
vertical and the condition can be fulfilled.

6.3.1

Development of New Criterion

Given the formation mechanism of A-segregates, a suitable starting point for
the development of a criterion is to consider the temperature change of moving
interdendritic fluid packets. This is accomplished using the material derivative,
for the temperature change with time, that is seen by an observer moving with a

1

Note that this also ignores the effect of flows to feed solidification shrinkage, although such
flows would make channel formation even more unlikely as they cause fluid to move from warmer
to colder regions. Flemings showed that the magnitude of such flows (if they exactly provide
for solidification shrinkage) is given by R(β/(1 − β)), where β is the solidification shrinkage
(ρs − ρl )/ρs [40]. β/(1 − β) is approximately 0.1 for steels.
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Figure 6.14: Schematic identifying the pressure and density fields accompanying
sideways solidification.

fluid packet. This must be positive if channel formation is to take place:
DT
∂T
≡
+ v · ∇T > 0
Dt
∂t

(6.21)

where v is the velocity of the fluid packet. The ∂T /∂t term is the local cooling
rate of the casting, and can be written in terms of the local isotherm velocity, R,
and local temperature gradient, ∇T , such that:
∂T
= −R · ∇T
∂t

(6.22)

Combining Equations 6.21 and 6.22, we have:
−R · ∇T + v · ∇T > 0

(6.23)

v · ∇T > R · ∇T

(6.24)

This can now be developed further by using Darcy’s law (see equation 2.2) to
give an estimation of potential values for v:
v=−

K
(∇p + ρg)
µ
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(6.25)

By considering the pressure and density field accompanying solidification, Fig. 6.14,
this expression can be simplified (note that although a sideways example is used
here, it is similarly valid for solidification in any direction). We find the pressure
gradient term, ∇p, reduces to ρ0 g due to the consistent hydrostatic pressure,
ρ0 gz, across the mushy and bulk-liquid zones. The ρg term is rewritten ρ(x)g to
draw attention to the variation of ρ along the x direction in the mushy zone:
v=

K
(ρ(x) − ρ0 ) g
µ

(6.26)

All the fluid movement is now along the z direction, so we can replace v with
W , the interdendritc fluid speed in the vertical direction. It is also useful to use
a local average permeability, K̄, as opposed to the absolute value, since flow is
through a section of mush:
∆ρ g K̄
W =
(6.27)
µ
This can now be substituted into Equation 6.24:
∆ρ g K̄ ∂T
> R · ∇T
µ ∂z

(6.28)

And recognising that R and ∇T are in the same direction, we have:
∆ρ g K̄ ∂T
> |R||∇T |
µ ∂z

(6.29)

In the metallurgical literature, |∇T | is commonly denoted with the symbol G:
∆ρ g K̄Gz
> RG
µ

(6.30)

∆ρ g K̄Gz
>1
µRG

(6.31)

where Gz is the temperature gradient in the z direction. Note that if the Rayleigh
number in Equation 6.19 was scaled by the factor Gz /G, it would be identical in
form to Equation 6.31. Indeed, the criteria are equivalent in the case of directional
solidification along z.
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6.3.2

Application of the New Criterion

Just as the Rayleigh number can be evaluated using the simple methodology proposed by Torabi Rad et al., so can Equation 6.31 be applied to casting scenarios
with relative ease. Here, using many of the same auxillary models and assumptions adopted by Torabi Rad et al. for the Rayleigh number [217], an example of
how the proposed criterion can be applied is given.
The variables contained within Equation 6.31 are set as follows. g is set at
−9.81 m2 s−1 . There are a number of different models that could be used to calculate K̄, but here one based on a Blake-Kozeny treatment is applied [217]. A
local average solid fraction, f¯s , is used:
K̄ = 6 × 10−4 λ21

(1 − f¯s )3
fs2

(6.32)

where it is assumed that λ1 ≈ 2λ2 , and λ2 is calculated using Won and Thomas’
relation shown in Equation 6.33 below (although, again, a number of relationships
could be used here) [196].
λ2 = 143.9 × 10−6 Ṫ −0.362 CC0.550−1.996CC

(6.33)

where the local cooling rate is now denoted Ṫ . Substituting Equation 6.33 into
6.32, and using the result in Equation 6.31 we have:
−10

−4.88 × 10

Ṫ

−0.72

(1
CC1.10−3.99CC

− f¯s )3 ∆ρ Gz
>1
µRG
f¯s2

(6.34)

The density field ρ(x) needs to be found in order to determine ∆ρ, but this also
requires a temperature (i.e., a position in the mushy zone, with a particular solid
fraction) to be set as a suitable point for evaluation. This temperature will determine the temperature range over which the criterion is assessed (e.g., ∆ρ is
found), and this in turn will determine the temperature at which µ is calculated.
It will also determine the temperature at which the isotherm speed, R, should
be computed, as well as the temperature gradients G and Gz , and the cooling
rate Ṫ . One might initially suggest that the temperature range should be centred
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around the temperature at which K̄∆ρ is maximised, but this is found at very
low fractions solid, Fig. 6.15, due to the dominance of K̄. It is not desirable to
make calculations around such low solid fractions for two reasons: first, because
it does agree with experimental findings (which suggest channel formation nearer
fs = 0.3 [13]), and second, because it has been observed that values calculated
for ∆ρ (by using the software package JMatPro [143]) can fluctuate in sign at
low solid fractions before a clear trend is established.

Figure 6.15: Plot showing the variation of K̄∆ρ with fraction solid. Values for
K̄ were found using a cooling rate of 0.01 ◦ C s−1 and the alloy composition was
a steel with 0.8 wt%C, 0.8 wt%Si and 5 wt%Cr. Values for ∆ρ and fs were found
for the alloy using JMatPro [143].

Torabi Rad et al. calculated K̄ and ∆ρ over the temperature range from liquidus
to fraction solid = 0.3, and it is proposed that the same temperature range is
used here. Hence, JMatPro (or similar) can be used to determine this range for
any given alloy, and ∆ρ found accordingly. f¯s should then be set to 0.15, and
that the temperature corresponding to this fraction solid is used to find a value
for µ (also via JMatPro). The same temperature should then be used to compute
R, G, Gz and Ṫ for a given casting scenario, which is straightforward to achieve
in a software package like ProCast.
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Overall, using f¯s = 0.15, we have:
−1.33 × 10−8 Ṫ −0.72 CC1.10−3.99CC

6.3.3

∆ρ Gz
>1
µRG

(6.35)

Criterion Development

Future work on the development of this newly-proposed criterion should include
the confirmation of its critical value. During this work, it may also be necessary
to change the procedure through which the criterion is computed - Torabi Rad et
al. made their particular choices, for instance in regard to dendrite-arm spacing
model, such that their calculated Rayleigh numbers for different scenarios collapsed more completely onto a single critical value.
So far, the permeability of the mushy zone has been considered to be isotropic.
Hence, the permeability has been denoted as a scalar, K when by definition it is
a tensor, K. The use of an isotropic permeability is likely to be appropriate for
equiaxed solidification, but it is not so appropriate for columnar growth, where
the permeability parallel and perpendicular to primary dendrite arms is known
to be easier than in other directions. It is true that for perfectly-horizontal solidification, Fig. 6.13, the use of K in place of K should make no difference, since
all flow is in one direction - perpendicular to primary arms. In reality, however,
isotherms are never aligned vertically away from the walls of a casting, and the
primary dendrite arms are instead inclined to the horizontal, Fig. 6.16. In such
cases, the direction of fluid flow will be changed by the mush if K is used.
Using K for columnar solidification appears to be important if certain features of
segregation defects in large metallic castings are to be predicted. The non-vertical
form of A-segregates (that is, the A shape of the channels that is often seen) is
one example, which is likely to be derived from the non-horizontal dendrite orientation causing the fluid velocity to take on a sideways component. Similarly, the
prediction of inverted A-segregates (in alloys in which the enriched fluid is more
dense than the bulk liquid) only seems possible if the fluid velocity is allowed to
take on a horizontal component. Note that altering the fluid flow direction in
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Figure 6.16: If isotherms are non-vertical (dashed lines), then columnar dendrites are likely to be inclined to the horizontal.

order to predict these phenomena is also likely to increase the speed of the fluid
relative to the speed of the isotherms, accelerating solid melting and channel formation.
A revised form of the criterion, which utilises K in place of K, can be found
by combining Equations 6.24 and 6.26:
K

∆ρg
· ∇T > R · ∇T
µ

(6.36)

Or, because R is in the same direction as ∇T :
K

∆ρg
· R̂ > R
µ

(6.37)

where R̂ is a unit vector in the same direction as R. This is now a direct expression of the idea that channel segregation only occurs when the velocity of the
interdendritic fluid exceeds the isotherm velocity, when resolved in the direction
of R. The implementation of the criterion in this form would certainly require
extra computational effort, but may provide more representative results, and it
appears to be necessary if inverted A-segregates are to be predicted. This modification is unlikely to be appropriate for equiaxed solidification.
Just as the use of a critical Rayleigh number is not appropriate for sideways solid-
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ification, it must also be borne in mind that this new criterion may not sufficient
on its own to predict A-segregation. This is illustrated by considering how the
criterion behaves at the bottom of the casting, where the solidification is vertically upwards. Here, we not only need to consider whether fluid velocities exceed
isotherm velocities, but also whether fluid motion is possible (i.e., whether the
critical Rayleigh number for flow is exceeded). Indeed, the criterion is identical
to the Rayleigh number at this point - does that mean its critical value changes
with position in the casting?
6.3.3.1

A Sticking Point: Compensatory Flows

The criterion developed here does not account for the effect of compensatory
flows in the casting, i.e., the flows that replace fluid moving upwards. These are
highlighted using red lines in Fig. 6.17. Unfortunately, the particular nature of
these flows it likely to be such that liquid motion in the mushy zone in parts
of the casting will not be vertical as assumed by the criterion developed above.
Mushy-zone flows at the base of the casting, and at the corners where there is a
change from upwards to sideways solidification, are likely to be notably affected.
This renders the criterion developed above somewhat flawed, and further work
will need to be completed to assess these flows and determine whether they can
be accounted for in a simple criterion.
Consideration of the probable pattern of compensatory flows can lead to some
interesting speculations. If fluid flow is upwards in the mushy zone to the sides of
the casting, then we might expect the fluid flow in the bulk liquid to be mainly
downwards, Fig. 6.17, which is exactly opposite to what might be expected from
purely thermally-driven flows. There may also need to be sideways flows into
the mushy zone as fluid leaves it in channels, or as its volume of the solid-liquid
zone changes through the height of the ingot. Indeed, consideration of Fig. 6.17
leads to the proposal that the absence of A-segregates at the centre and base of
ingots may not be because the thermal conditions are less favourable in these
locations (it should in fact be easier to cross isotherms with vertical flow at the
ingot centre), but because they are being suppressed by flows from above.
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Figure 6.17: Schematic of possible fluid flow pattern in the ingot. Upwards flows
through channels in the mushy zone is indicated using black lines with solid arrows,
whilst compensatory flows are represented by red lines with unfilled arrows. Flow
in the mushy zone (bounded by dashed lines) is upwards, and generally downwards
in the bulk zone.
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6.4

Synoptic Discussion: Reducing the Occurrence of A-segregation

There is little doubt that A-segregation can be reduced in any alloy by reducing
the density change associated with the enrichment of the liquid in alloying elements (∆ρ), subject to the alloy specifications. Of the common alloying elements,
C, Si, P and S are all known to cause liquid density to decrease, whilst heavy
elements like Mo and V make the interdendritic liquid more dense. Therefore,
for an alloy like Grade 3 in which the interdendritic liquid is lighter than the
bulk liquid, ∆ρ can be reduced by using the minimum C and Si concentrations in
the alloy specification, eliminating as much impurity S and P as possible, and by
using the maximum amount of Mo allowed [10; 11; 217; 327]. Indeed, it has been
suggested that these changes not only reduce the buoyancy differences driving
fluid flow, but may also decrease the permeability of the mushy zone by changing
the dendrite spacing and morphology [11; 211; 327].
Owing to critical nature of Grade 3’s applications, the effect of the suggested
compositional change on microstructural and mechanical properties should certainly be investigated before any changes are made. However, there are a number
of reasons for why this change is likely to prove beneficial. S forms MnS inclusions
and P leads to material embrittlement, so their elimination will surely improve
properties. Si is added to the alloy for deoxidation purposes, but there are alternative methods for deoxidation and improved modern steelmaking processes
mean this addition is not an essential as it has been in the past (c.f. Grade
4N composition, Table 3.1). Furthermore, decreasing Si content has been associated with better impact properties [327] and its hardening effect is easily
accounted for my increasing Mo. Adding more Mo has been shown to encourage
the growth of more Mo2 C in competition with Fe3 C, reducing the volume fraction of coarse cementite particles, improving mechanical properties and reducing
the ductile-to-brittle transition temperature without adverse irradiation effects
[268; 269; 270; 272; 328; 329]. The hardening effect of Mo would then allow for a
lower C content, which should presumably reduce the precipitation of coarse carbides (that initiate brittle failure). Increased microsegregation of Mo could be a
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potential problem, but if dendrite arm spacings are decreased by the composition
changes then this may be less of an issue.
Of course, alloy composition is only one of a number of variables that manufacturers can alter in order to minimise segregation. Casting practices (such as
superheats used, the choice of mould and insulation materials, pouring rates, etc),
as well as ingot geometries and weights, can also influence the thermal and fluid
parameters that determine the severity of segregation. The use of criteria, like
those involving Rayleigh numbers, should make the comparison of segregation
susceptibility for various conditions a rapid process.

6.4.1

Segregation vs Porosity and Inclusion Retention

An issue that ingot manufacturers should always bear in mind when making
changes to minimise chemical segregation is that such changes will often have
undesirable consequences, usually associated with increased porosity and inclusion retention. Increasing the rate of solidification, increasing liquid viscosity and
decreasing the mushy zone permeability would all reduce macrosegregation, but
would also lead to increased porosity (more difficult feeding) and more inclusion
retention (less time/harder for inclusions to float out of the melt). Decreasing the
freezing range of the alloy (and reducing the size of the mushy zone) is perhaps
the only mutually beneficial change.

6.5

Managing Segregation Defects and Porosity

Given the unavoidable conflict between porosity and segregation, manufacturers
need to develop the capability to strike a balance between the two. For instance,
it may be that low porosity can be sacrificed in favour of low segregation, given
that closing or removing porosity (through forging) is likely to be easier than removing segregation. It is also more straightforward to detect pore-based defects
through non-destructive testing during quality control.
Another aspect of ingot processing that can be addressed with improved de-
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fect prediction is that of discard practice, i.e., the removal of scrap material from
forgings, usually by machining. By using tracking methods to precisely locate
defective material, or by changing forging routes such that defective material is
moved into particular locations, material removal can be done more efficiency
and scrap reduced. Guided discard practice can have a positive feedback effect in
that it may allow for the casting of smaller ingots (perhaps with smaller heads)
that take less time to solidify and hence exhibit less segregation in the first place.

6.5.1

Assessment of Tracking Procedure

Superior discard practice requires not only the ability to predict the location of
defects in as-cast ingots, but also to accurately track defective material through
forging processes. Hence, the establishment of a robust methodology for tracking
material during forging operations is a highly-desirable objective. Unfortunately,
the tracking procedure utilised here, which employed point tracking in DEFORM,
was sometimes found to deliver results with excessive uncertainties that would
not have allowed for tracking in any useful sense.
There will always be some spread and uncertainty in point tracking results from
forging simulations, particularly for the multiple-operation procedures outlined
in Section 3.2.3. In these complex processes, the true starting orientation of the
workpiece is rarely known, the forging bite depth and workpiece rotations are
often inconsistent, and the effects of scale and temperature gradients are difficult
to capture. They are inherently asymmetrical in that they start at one given location and rotate in one particular direction. Nevertheless, uncertainties can be
often reduced to a level at which the results are useful (such that manufacturers
can use results with some confidence), and were for the shell forging operations
used above. Take, for example, the case of tracking points for the cogging operation schematised in, Fig. 6.18a, in which points are typically tracked from equal
radius, Fig. 6.18b. Experience using the software has indicated that if a fine mesh
size is used relative to the forging bite depths, forging bites are small relative to
the dimensions of the workpiece, and the points tracked are not located at regions of high strain (and not near the surface of the workpiece), then the spread
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in tracked radii will tend to be low. However, if coarse mesh sizes and large bite
depths are used, and the tracked points are in regions of high strain, then a large
spread in results often results, Fig. 6.18c. In such cases, tracked points that start
near the surface will often move to the surface and stay there for the duration
of the simulation. There were also instances of apparent random relocation of
points, which may have resulted from automated remeshing.
It is unclear how the particularities of the DEFORM point tracking procedure
have affected results like this, and what the relative effect of the user-inputted
forging sequence is. However, if mesh sizes do need to be significantly decreased
to obtain good results, then this will likely lead to impracticable computing times.
It may often be difficult to generate useful results in manageable time frames.
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Figure 6.18: (a) Schematic of a cogging procedure, in which the same slice is
highlighted in grey at the start and end of forging. (b) The position of the points
tracked in the as-cast ingot. (c) The position of the points tracked through the
forging process. IMAGE HAS BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Chapter 7
Measuring Macrosegregation
7.1

Introduction

The detection of segregation over large distances is a useful capability, permitting the control of quality in manufactured parts and providing much-needed
information and guidance to those predicting macrosegregation phenomena. Unfortunately, measuring macrosegregation can be an arduous task, particularly if
historic methods are used, and in the past incomplete datasets have often been
taken and results spuriously interpolated. This chapter investigates the implementation of a technique that is capable of fully mapping long-range compositional variations in metal components, without the need for extensive sample
preparation.
As highlighted in Chapter 2, techniques such as energy-dispersive or wavelengthdispersive X-ray analysis in the electron microscope, optical-emission spectroscopy,
combustion analysis and wet chemical methods are common chemical analysis
tools, but are often destructive, time-consuming and are only able to analyse
small volumes, thus rendering them impractical for large components. To map
segregation in the past, these analysis methods have usually been used on small
samples extracted from the ingot at regularly-spaced intervals (i.e., via trepanning), with the data extrapolated to produce composition maps [30; 107; 258; 259],
Fig. 2.12. Such a method may not detect small regions of heavily-segregated ma-
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terial, and is both expensive and requires the removal of significant quantitites
of material. X-ray fluorescence (XRF) spectroscopy, on the other hand, can be
used to build up a detailed picture of composition over large distances, without
the component being enclosed in a vacuum or destroyed beyond basic surface
preparation.
XRF spectroscopy has its origins in the pioneering investigations into the use
of X-rays carried out a century ago, but it is only over more recent decades that
significant advances in instrumentation and analysis have been made which have
led to its wider application [330; 331]. Now XRF is used as an analysis technique
in applications as diverse as medical and biological imaging [332], art and archaelogical examination [333], scrap metal sorting, and the analysis of geological cores
and soil samples [334]. Specialist instruments and data analysis methods have
allowed for the detection of minute concentrations of all but a few of the lightest
elements (down to the microscopic scale), whilst the mass-produced hand-held
analysers commonplace in industry are used for less specialised purposes. It is
true to say that automated XRF mapping is not a new technique (it is used, for
example, in geological core logging and artwork examination [333; 334]), and it
has been applied to the mapping of solute distribution in metals at a large-scale
fixed facility on two occasions in the literature [335; 336]. However, the particular
system used here differs in several key ways to the appliances used previously:
it employs standard off-the-shelf components, can be expanded to larger sizes
(limited by robotics only), it can make measurements on surfaces which are not
ideally flat (i.e., the detector can move vertically), and the equipment can be
moved relatively straightforwardly.
In this work, emphasis is placed upon investigating the pragmatic application
of the system employed, rather than the on the precise calibration of the equipment for accurate quantitative analysis. Such calibrations require significant experimental undertakings and expertise (for example, see Lachance and Classie
[337] and Rousseau [338]), and instead it is assumed these calibrations have been
sufficiently accomplished by the supplier of the XRF equipment (it would generally be very difficult for a casting engineer to fully optimise their XRF technique
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for every alloy they encounter). The effect of dwell times and surface finish on
segregation detection, and the reproducibility of the data, are examined. The
primary aim was to qualitatively identify the minimum dwell times and surface
preparations required to reliably detect segregates.

7.2

Experimental

An Olympus Innov-X Delta Dynamic hand-held XRF analyser was employed,
with robotics designed and constructed by Geotek Ltd [339]. The analyser and
robotics were controlled using the following software packages: Geotek’s MultiSensor Core Logging XYZ [340], Microsoft ActiveSync [341] and Innov-X Delta
Advanced PC [342]. The analyser incorporated a Rh source and a 10 mm silicon drift detector. Fig. 7.1 shows the experimental set-up. The analyser was
standardised using a reference metallic sample supplied by Olympus. The same
production Grade 3 steel that was examined in earlier chapters was also used
in this investigation: the trepanned cylinder composition is given in Table 4.1,
whilst EPMA region analyses are given in Table 4.3. Fig. 7.3 shows a slab of this
material after grinding and etching in 5% nitric acid. During investigations, the
surface of this slab was prepared to four different finishes, shown in Table 7.1,
with the roughness measured using a Veeco Dektak 6M Stylus Profiler. Energydispersive X-ray analysis was carried out using a field emission gun scanning
electron microscope, CamScan MX2600.
The hand-held XRF was used in a mode that utilises two X-ray beams, the first
of energy 40 kV and current 52 µA to detect transition metals, and the second
with energy 13 kV and current 20 µA for lighter elements such as Mg, Al, Si, P
and S. Olympus’ own peak-fitting and quantisation algorithms were employed via
the Innov-X software. The raw spectra were also retained.
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Figure 7.1: The automated XRF apparatus. A standard hand-held XRF is
mounted on a robotic gantry system with laser-guided movement.

7.3
7.3.1

Results
Spatial Resolution

The spatial resolution of the XRF instrument was investigated using an Fe-Ni
dissimilar metal bond produced using a diffusion-bonding process at 1050 ◦ C for
30 minutes [343]. Energy dispersive X-ray analysis revealed that the interdiffusion
layer produced was approximately 20 µm in width. Fig. 7.2 shows the blurring
of the composition profile due to spatial resolution of the XRF instrument, and
was obtained by gradually stepping across the interface using a 1 mm step size.
It is evident that the vast majority of characteristic X-rays are collected from a
region 5-7 mm in width in both x and y.

7.3.2

Mapping

A preliminary map of the slab’s surface chemistry was obtained using both analytical X-ray beams. The live time for the 40 kV beam was set to 30 s (42 s
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Table 7.1: Surface roughness data. For each surface finish, four 2.5 mm scans
were made in two perpendicular directions, and the mean result found. Error
given is one standard deviation of the mean result. The stylus tip radius used
was 12.5 µm. Ra is the mean deviation centreline, whilst Rt is the maximum
peak-valley distance.

Label
A
B
C
D

Ra /µm
0.038
1.546
2.118
6.723

±
±
±
±

0.008
0.782
0.818
3.265

Rt /µm

Method of Surface Preparation

0.429 ± 0.099 SiC grinding, diamond polishing
7.286 ± 3.256 Milling with WC tip (fine)
13.982 ± 6.333 Surface grinding with Al2 O3 disc
29.849 ± 13.498 Milling with WC tip (coarse)

real time), whilst the live time for the 13 kV beam was 2.5 s (60 s real time). The
surface of the slab was prepared to roughness C in Table 7.1, and the sample measured in the unetched state. A step size of 5 mm was used throughout the work.
Maps for Cr, Mn, Ni, Mo and Si are shown in Fig. 7.3. It is immediately clear
that segregation features are detected in the maps for Mn, Mo and Ni, although
are less well defined for Ni. In the case of Cr and Si, there is not such a clear
identification of segregated material, and the maps appear noisier. Comparing
absolute concentrations to those in Tables 4.1 and 4.3, the bulk values measured
for Cr, Mn, Ni and Mo are relatively close to the EPMA and OES values, perhaps
being a little lower, whilst the Si concentrations measured are significantly lower.
For A-segregated regions, the maximum concentrations measured by XRF are

Figure 7.2: Measurement of the spatial resolution of the XRF instrument using
a Fe-Ni dissimilar metal bond and a 1 mm step size.
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consistently much lower than those measure by both EPMA and OES.

7.3.3

Dwell-Time Variation

The effect of dwell time variation was investigated to determine whether using a
small dwell time would consistently lead to the detection of segregated material.
The small region of the slab highlighted in Fig. 7.3 was measured with a retained
surface finish given by Roughness C in Table 7.1. Only the 40 kV analytical beam
was utilised, in light of the apparent difficulty in measuring Si, meaning that only
the concentrations of Cr, Mn, Ni and Mo were measured. An indication of the
reproducibility of segregate detection was found by triplicating measurements on
this region, i.e., making three measurement runs over the same region, as shown
in Fig. 7.4. Detected variations of Mo are by far the most reproducible, with
the location of enriched material readily apparent at dwell times as low as 1 s.
Mn results are informative and reasonably consistent with 10 s dwell, whilst Ni
appears to require 30 s and Cr closer to 60 s.

7.3.4

Surface Roughness

To examine the effect of surface roughness on the reproducibility of measurements,
the surface finishes listed in Table 7.1 were used and the region highlighted in
Fig. 7.3 analysed once again. Only the 40 kV beam was used with a 30 s dwell
time, and runs were triplicated. Fig. 7.1 shows the results. It is evident that,
within the range of roughness assessed, the surface finish had little significant
effect on the reproducibility of results. Adequate detection is achieved even with
the roughest surface finish. Note that because material was removed between
measurements, it cannot be guaranteed the segregated material analysed was
always in precisely the same position or the same shape (see results for Roughness
C vs Roughness D), but no significant changes in composition were detected when
layers were removed - this is a natural result of channel-type segregation - and
hence the reproducibility can still be compared.
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Figure 7.3: A photograph of the etched slab analysed. The coloured images are
the corresponding composition maps from the large rectangle in the photograph.
The smaller rectangle was used for the maps presented in Figs. 7.4 and 7.5.
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Figure 7.4: Results of dwell-time investigations. Measurements of Cr, Mn, Ni
and Mo were triplicated for each dwell time on the small region highlighted in
Fig. 7.3. Note that a different concentration scale is used for each dwell time due
to the changes in range - in general the lower dwell times produced a higher range
of detected concentrations due to increased noise.
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Figure 7.5: Results of surface-roughness investigations.
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7.4

Discussion

Concentrations in XRF analysis are calculated using the net peak signal, i.e., the
difference in the measured peak signal and the measured background signal. The
standard counting error associated with the net signal is therefore influenced not
only by the error in the peak signal, σp , but also by the error in the background
signal, σb . The total error in the net signal, σnet (i.e., the noise), can be found by
the following expression, which is a result of assuming the distributions of peak
and background values are Gaussian and independent:
2
σnet
= σp2 + σb2

(7.1)

It is known that X-ray emission is a probabilistic process which can be described
by Poisson statistics. A standard result of this is that, at sufficiently high count
rates, the Poisson distribution of the total number of counts approaches a Gaussian distribution. The theoretical standard deviation in this distribution, σ∗ , is a
√
function of the total number of counts, C, as given by σ∗ = C. Therefore, the
combined standard deviation in the net signal can be expressed:
σnet =

p

Cp + Cb

(7.2)

where Cp and Cb are the total peak and background counts. It is this noise in
the signal that prevents the detection of small changes in it, and hence influences
the detection of changes in concentration of an element. The change in signal
due to a real change in concentration must be discernable over the noise in order
to be reproducibly detected. This simple framework can be used to help explain,
qualitatively here, the effect of dwell times and surface roughness on segregation
detection. It is true to say that a statistical analysis could have been used to
calculcate the required dwell time to detect a certain variation (i.e., the number
of counts needed to ensure the noise is small enough to reliably detect a particular change in signal), rather than embarking on the replication of measurements.
However, the calculation through which the Innov-X software finds concentrations
will be far more complex, taking into account factors including atomic number
effects, cross-fluoresence, absorption and background profile. The errors associ-
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ated with these will all contribute to the final uncertainty, potentially changing
it significantly, and hence no such statistical calculations were made. Instead,
an empirical study of reproducibility was undertaken with the aim of identifying
whether sensible dwell times could be used.
It was found that for the steel studied, variations in composition of Mo could
be most readily and reproducibly revealed over the range of dwell times and surface finishes studied. This capability then decreased from Mn, to Ni, to Cr, and
finally Si. Table 7.2 gives an indication of the relative magnitudes of the maximum and background number of counts for the elements analysed, with Fig. 7.2
showing these graphically (the true signal is, of course, all the counts which are
taken to produce the peak, not just the maximum value). It is clear that by considering counting statistics alone, the error for Si should be greatest due to the
high level of the background (a result of Compton X-rays at low energies) with a
modest peak signal. Mo and Mn have high peak-to-background ratios, and high
peak signals, delivering improved signal-to-noise ratio. The peak signals for Cr
and Ni are lower, delivering relatively more noise. The Ni signal is low due to
absorption of characteristic X-rays by the iron matrix.[344]
The better detection of segregated material found at longer dwell times was simply a result of the improved signal-to-noise ratio delivered by a higher number of
counts. The effect is most pronounced for elements with a low baseline number of
counts, i.e., Cr and Ni. The apparent insensitivity of results to surface roughness
variations can also be explained in a similar manner: changing the roughness did
not significantly affect the number of registered counts or the background signal,
for any element analysed (the total number of counts dropped by only ≈12% between the smoothest and roughest surfaces). The use of specific abrasives during
sample surface preparation can lead to significant contamination issues in metal
XRF, particularly in the case of Si,[344] but are unlikely to have been significant
here (SiC grinding paper was used for Roughness A, but was followed by diamond
paste stages, and the grinding and milling procedures used no Si-based abrasives).
It is likely that the consistent measurement of lower concentrations of alloying
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elements here by XRF in comparison to EPMA and OES (Tables 4.1 and 4.3) was
in part due to a issue with calibration of the gun used. Despite using Alloy Plus
mode, which designed for analysis of metallic samples, the instrument had not
been subject to a calibration specifically for low-alloy steels (unlike the gun used
for measurements in Chapter 8). Hence, it is possible that the readings it was
delivering were systematically too low. For the specific analysis of A-segregate
material, the area of measurement of the XRF is likely to have further diluted
concentrations in comparison to EPMA and OES - enriched areas did not completely fill the sampling window and may have been only partially assessed in any
given data point because of the step-wise motion of the machine.
Table 7.2: X-ray count spectrum data for the elements analysed. The peak
maximum is given as a relative guide for the strength of the signal, whilst the
peak minimum is given as an approximate guide to the influence of the background
and/or other characteristic peaks which may have made quantitative calculations
more challenging.

7.5

Peak and beam

Peak maximum
/counts per s

Peak minimum
/counts per s

Cr Kα , Beam 1
Mn Kα , Beam 1
Ni Kα , Beam 1
Mo Kα , Beam 1
Si Kα , Beam 2

14
47
10
58
44

2
2
0
1
20

Practical Implications

It is clear, and not surprising, that more consistent and accurate results can be
obtained by increasing the number of characteristic X-rays counted by the detector. However, the aim of this investigation was to determine whether reproducible
detection of segregates could be achieved using practical dwell times and surface
finishes. Although the material examined in this study has been a highly-specific
example, it has been demonstrated that the segregation present can be readily
detected using dwell times of only a few seconds, particularly if species like Mo
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Figure 7.6: Characteristic peaks for the elements analysed. Note that although
the absolute number of counts for the Si Kα peak is relatively high, it is not
compared to the peak height for Fe Kα using Beam 2: the maximum values
for the Fe Kα peak for Beam 1 and Beam 2 were 3794 and 94292 counts per s
respectively. The peak signal for each element will have been a function of both
element concentration and the strength of X-ray interaction (i.e., characteristic
X-ray yield).
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are targeted. This is certainly of great importance for potential incorporation into
quality-control procedures. Longer dwells can lead to dramatic improvements in
results - with 30 s dwell, variations of the order of a few hundred ppmw are reproducibly measured for Mo - and it is therefore capable of detecting long-range
gradual variations if necessary. The same cannot be said for Si, however, and it is
clear that to significantly improve results would require prohibitively long dwell
times if the same experimental apparatus were used. In practice, the required
dwell time will be dependent on the magnitude of concentration variations and
particular element of interest.
The insensitivity of results to surface finish is a promising result, as the careful
preparation of large surfaces areas would be a costly task. It is likely surface finish will only become important for the accurate quantitiative detection of minute
concentrations and light elements (the depth from which characteristic X-rays
escape is much lower for lighter elements, and hence surface contamination and
scattering become more important [344].) In terms of potential spatial resolution
for the technique, the 5 mm sampling interval used here will have meant some
material will have been sampled more than once, smearing results. It would theoretically be possible to improve the resolution of the technique to the magnitude
of the step size if a ‘reference’ section of material had a known concentration
profile and the spatial X-ray sampling profile of the detector was known, but this
is not of concern here. Nevertheless, an XRF instrument capable of switching the
size of its sampling window, from broad to very small, is available and may be of
use to quickly detect segregated areas and then precisely analyse them [345]. Another distinct possibility is the incorporation of other analysis techniques, such as
optical imaging and hardness measurements, into the same automated robotics,
thereby yielding further useful information concurrently. Recently, a portable
OES gun capable of measuring C concentrations has become available on the
market, and could prove to be even more powerful than the XRF used here.
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7.6

Summary and Conclusions

1. It was found that an automated XRF technique which employed readilyavailable equipment was capable of accurately and reproducibly detecting
the macrosegregation present in a low-alloy steel sample.
2. Adequate detection was achieved at dwell times of only a few seconds for
some elements, and results appeared insensitive to the surface finishes investigated.
3. There is no reason why the technique cannot also be used to assess longrange gradual variations, and there is potential for other measurement technqiues to be combined with XRF using the same automated mapping apparatus.
4. Such a system could readily form part of a manufacturing quality-control
procedure.
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Chapter 8
A Case Study of
Macrosegregation in a Steel Ingot
8.1

Introduction

Chapter 2 of this thesis highlighted the shortcomings associated with modern-day
macromodels; a primary deficiency being the excessive computing times required
for simulations. Indeed, computing power is arguably the most prominent restraint on model development and use at present, and is not an issue that can
be easily dealt with. However, in addition there is also a definite lack of suitable
case studies against which model results can be compared. This chapter seeks to
address this concern.
Here, a comprehensive experimental evaluation of macrosegregation in a steel
ingot is presented. A 12 tonne steel ingot with high C, Si and Cr additions
is used as the case study. In order to create a study that can act as a suitable validation tool for macromodellers, as much information as possible has
been collected about the casting assembly and procedure, as well as the resulting ingot characteristics. For instance, temperature distributions during casting
were measured using thermocouples and a thermal imaging camera, ingot and
mould dimensions were measured using lasers, and chemistry distributions were
mapped using macro-scale XRF. The application of macro-scale XRF here repre-
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Table 8.1: Composition (wt%) of the steel ingot investigated.

C
0.79

Si
0.80

Mn
0.26

P
0.007

S
0.005

Cr
4.88

Ni
0.22

V
0.005

Al
0.008

Cu
0.08

Sn
0.009

H
2 ppm

Mo
0.33

sents a significant improvement over previous methods used for chemical analyses
of steel ingots, which have usually involved periodic trepanning of material and,
on occasion, questionable interpolation of such data to produce contour maps
[30; 107; 259]. Here a cross section of the ingot is mapped in its entirety - never
before has a steel ingot been mapped for chemistry in such detail. Indeed, to the
author’s knowledge no metallic specimen has ever been mapped so completely on
such a scale [335].

8.2

Experimental

8.2.1

Ingot Selection

The composition of the ingot cast, which was measured at the point of pouring, is
given in Table 8.1. This particular steel composition was chosen because its high
C and Si levels were predicted to deliver particularly prominent macrosegregation
(C and Si strongly enrich the interdendritic liquid and cause its density to decrease
significantly, hence they promote advection of alloying elements). This allowed
for the ingot size to be kept small, eliminating practical issues associated with the
analysis of a larger ingot - larger ingots would usually be preferred for such studies,
as their longer solidification times naturally generate more macrosegregation.

8.2.2

Casting Apparatus and Procedure

The shape and approximate size of the ingot cast are given in Fig. 8.1. The
full casting set up is shown in Figs. 8.2 and 8.3; each component labelled is described in Table 8.2. Appropriate physical properties of the materials used are
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Table 8.2: Casting assembly: descriptions and materials.

Label
(i)
(ii)
(iii)
(iv)
(v)
(vi)
(vii)
(viii)
(ix)
(x)

Description

Material

Ingot
Steel
Mould
Gray cast Iron
Insulating tiles
Ceramic
Hollow ware
Ceramic
Packing sand
Silica (mostly)
Cover plate
Gray cast Iron
Base plate
Gray cast Iron
Trumpet for pouring Gray cast Iron
Lifting hooks
Mild steel
Flux
Oxide mixture

Reference
Table 8.1
Appendix A.1
Appendix A.2
Appendix A.2
Appendix A.3
Appendix A.1
Appendix A.1
Appendix A.1
-

given in Appendix A. A FARO Focus3D S laser scanner was used to verify the
dimensions of these components before casting and produce three-dimensional
CAD (computer-aided design) models of the components for reference; examples
of this are shown later.
Molten steel for the ingot was produced by heating scrap material in an electric
arc furnace. The steel produced was then transferred into a ladle and vacuum-arc
degassed. The ladle contained ≈ 100 tons of steel at a temperature above 1500 ◦ C
at the end of degassing. The ingot investigated was the last of five ingots to be
cast, and it was poured approximately 50 min after the end of degassing. It is
therefore probable that the melt was below 1500 ◦ C at the time of casting. The
ingot was bottom-poured, Fig. 8.4a, and the mould was filled approximately to
the top of the insulating tiles. A flux comprising various oxides was added to
the surface of the melt to capture any floating inclusions. Anti-piping compound
(APC) was added to the top of the ingot after pouring, Fig. 8.4b, to ensure
adequate hot topping. Lifting hooks were cast into the top of the head to allow
for the ingot to be extracted at the end of solidification (this extraction process
is referred to as ‘stripping’). The temperature of the outside of the mould was
monitored continuously throughout the casting procedure using thermocouples
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Figure 8.1: Computer-aided design (CAD) model of the ingot cast. Approximate dimensions are given. IMAGE HAS
BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.2: CAD drawings of the casting setup. Each component is described in Table 8.2.

Figure 8.3: Photographs of the casting assembly, with the labelled components described in Table 8.2. IMAGES
HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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and a thermal imaging camera. The thermal imaging camera used was a FLIR
ThermaCAM SC640 instrument, which was calibrated up to 2000 ◦ C. It was used
with a target emissivity value of 0.8 and in high-temperature mode, which meant
it was only capable of accurately measuring temperatures above 200 ◦ C. K-type
(chromel-alumel) thermocouples were located as shown in Fig. 8.5: TC1-4 were
placed in the top of the mould between the mould and insulating tiles (labelled
with superscript ‘∗’). TC1 and TC3 were held in place by friction (labelled with
superscript ‘f’), whilst TC2 and TC4 were cemented. TC5-14 were placed in
10 mm holes drilled into the mould at regularly-spaced intervals, and held in place
with cement. TC15 and TC16 were cemented in place in gaps between the cover
plate and the base plate. TC17 was placed underneath one of the lifting hooks
and also cemented in place. Temperature measurements from each thermocouple
were made every second from steel pouring until the ingot was removed from the
mould. Thermal images of the ingot were also taken immediately after removal
from the mould.

8.2.3

Post-Casting Analysis

The ingot was removed from the mould after ≈ 7 hours (25,000 s), Fig. 8.6. Temperature measurements were made at this stage using the thermal-imaging camera, and dimensional measurements were also made using the laser scanner. The
ingot was then transferred to a furnace for the heat treatment given in Table 8.3.
This heat treatment was designed to minimise changes to the as-cast structure of
the ingot whilst providing adequate stress relief. Following heat treatment, the
ingot was sectioned to examine the faces labelled A-D in Fig. 8.7.
Faces A, B, C and D were metallographically prepared to a near-mirror finish.
Face A was then subject to chemical mapping using an automated macro-scale
XRF technique, the implementation of which was described in Chapter 7. As
in Chapter 7, an Olympus Innov-X Delta Dynamic hand held XRF analyser was
employed, with robotics designed and constructed by Geotek Ltd [339]. The beam
energy used was 40 kV, with a beam of current 52 µA. The step size used was 5 mm
in both orthogonal directions of movement, and the dwell time was 10 s. Faces A,
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Figure 8.4: Photographs of (a) ingot pouring (steel flows down the trumpet
through the base plate and up into the mould) and (b) exothermic powder addition. IMAGES HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.5: Placement of thermocouples on casting assembly.
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Figure 8.6: Photographs of (a) the ingot before stripping, in which the exothermic powder has cooled and a shrinkage gap formed, and (b) ingot stripping. IMAGES HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.7: Schematic of ingot sectioning to reveal four faces, A-D. Also labelled
is the radial strip in Face C, which was used for microstructural examination.
Flutes on the outside have been removed.

211

Table 8.3: The stress-relief heat treatment used for the ingot.

Stage details
1.
2.
3.
4.
5.
6.
7.
8.

Duration /min

Equalisation at 400 ◦ C
Heat 400 ◦ C to 650 ◦ C @ 20 ◦ C h−1
Hold at 650 ◦ C
Cool 650 ◦ C to 600 ◦ C @ 6 ◦ C h−1
Cool 600 ◦ C to 500 ◦ C @ 8 ◦ C h−1
Cool 500 ◦ C to 400 ◦ C @ 10 ◦ C h−1
Cool 400 ◦ C to 240 ◦ C @ 12 ◦ C h−1
Cooled in furnace (off) to room temperature

900
750
900
500
750
600
800
-

B, C and D were then all macroetched in 10% aqueous nitric acid. A radial slice
of Face C was subsequently sectioned, metallographically prepared and etched in
2% nital to reveal variations in microstructure. Optical micrographs were taken
using a stereo microscope, whilst secondary-electron imaging and EDX analyses
were were carried out with a CamScan MX2600 FEG-SEM.

8.3
8.3.1

Results
Thermal Data

Temperature profiles for all the thermocouples used are shown in Figs. 8.8 and
Figs. 8.9. There is good agreement between the two sets of thermocouples placed
down the outside of the mould (TC5-9 and TC10-14). Of the thermocouples
placed between the mould and tiles, TC1 displays a very different profile to TC24. At the point indicated with an arrow in Fig. 8.8, TC1 broke free from its
position and fell to the floor, which appears to have disturbed TC2. The sudden
change in temperature measured after 25,000 s for TC17 was due to its removal
during ingot stripping. Thermal images of the mould after 2500, 10,000 and
25,000 s are shown in Fig. 8.10. A comparison of these results to the thermocouple results suggests (assuming the thermocouple results are accurate) that the
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Table 8.4: Estimations of the expansion (or shrinkage) of the mould and ingot,
and shrinkage gap magnitude. The positions refer to those indicated in Fig. 8.13b.

Position

Shrinkage gap /mm

1
2
3

13.38 ±0.15
14.27 ±0.93
14.80 ±0.75

emissivity used for calibration of the thermal imaging camera (0.8) was too low
- the temperatures measured by the thermal imaging camera were consistently
higher than the thermocouple readings (the discrepancy rose with temperature,
and was ≈ 25 ◦ C at 540 ◦ C), and should only be used qualitatively.
A thermal image of the ingot taken immediately following its removal from the
mould is shown in Figure 8.11. An approximate temperature variation from
≈ 850 ◦ C at base of the head (just below the tiles, at the top of the chill) to
≈ 500 ◦ C at the very bottom of the ingot is observed. It should be noted, however,
that again an emissivity of 0.8 was used for the acquisition of this data, which
could have introduced a systematic error as described above.

8.3.2

Dimensional Data

The dimensions of the ingot were measured using laser scanning after cooling
to room temperature (≈ 15 ◦ C) following heat treatment, Fig. 8.12, as were the
dimensions of the mould. This allowed for an estimation of the shrinkage gap to
be made, see Fig. 8.13 and Table 8.4. Note that a more appropriate measurement
of the shrinkage gap would have been that measured immediately after stripping,
but it is hoped that this can provide a suitable starting point for estimations.

8.3.3

Porosity

Figs. 8.14 and 8.15 show the porosity observed in Faces A, B, C and D of the
ingot. It is evident that very little porosity is observed in the head and the base,
but that it is prevalent in the mid section, where it forms chevrons which branch
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Figure 8.8: A comparison of thermocouple temperature readings for TC5-9 and TC10-14.
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Figure 8.9: Thermocouple temperature readings TC1-4 and TC15-17.
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Figure 8.10: Thermal images of ingot casting at 2,500, 10,000 and 25,000 seconds.
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Figure 8.11: The temperature distribution on the outside of the ingot, immediately following its removal from the mould. IMAGE HAS BEEN PIXELATED COMMERCIALLY SENSITIVE.
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Figure 8.12: Laser scanning data of (a) the ingot and (b) the mould (both
at ≈ 15 ◦ C). IMAGES HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.13: Illustration of the as-cast ingot sitting inside the mould, created
using laser-measured dimensional data (hence, the shape of the components, as
well as the size of the shrinkage gap, are real). The shrinkage gap was measured
at points 1-3 indicated, see Table 8.4.
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out from the middle to the base of the ingot. Smaller strings of porosity were
also observed to lie along channels with near-vertical alignment, further from the
centre of the ingot, which did extend further towards the top of the ingot, see
highlighted areas in Face B.

8.3.4

Macrosegregation Measurements

The results of the macro-scale XRF measurements are presented in Figs. 8.16 and
8.17 for Cr and Mo, respectively. Each map comprises over 71,000 datapoints.
The presence of A-segregates strings, as well as top-bottom and centreline segregation patterns, is clearly demonstrated. A cone of negative segregation at the
base of the ingot is also observed, and the material surrounding A-segregates is
likewise depleted in solute relative to the edges of the ingot. Maps for Mn and
Ni are not presented here due to the excessive noise found in their results - this
is almost certainly due to their relatively low concentrations and the intensity of
the background around their Kα peaks (the background was essentially zero at
the Mo Kα energy), as discussed in Chapter 7.
Fig. 8.18 shows an overlay of measured porosity on measured macrosegregation
in a mid section of the ingot. This demonstrates that the strings of porosity
observed at higher radii are associated with A-segregate channels.

8.3.5

Macrostructure

The results of macroetching Faces A-D are shown in Figs. 8.19 to 8.25. First,
it must be stressed that the macroetching procedure introduced artefacts into
the appearance of the etched slices that should not be confused with structural
features. De-smutting of the etching surfaces has led to streaking: in a vertical direction in Fig. 8.19, and vertically and circumferentially in Figs. 8.23 to
8.25. Streaking on a similar scale was also introduced by uneven lacquering of
the surfaces following etching (the slices had to be quickly protected from the
environment, and were to be stored outside after etching). No particular features
of the ingot were observed on the length scale of the streaking due to de-smutting
or lacquering; the etching revealed no marked large-scale trends radially or along
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Figure 8.14: The porosity present in Face A. The placement of faces B, C and D is indicated; the porosity present in
these faces is shown in Fig. 8.15. IMAGES HAVE BEEN PIXELATED - COMMERCIALLY SENSITIVE.

Figure 8.15: The porosity present in Faces B-D. Small areas of porosity, not
easily visible at the image size printed, are outlined.
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Figure 8.16: XRF map for Cr.
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Figure 8.17: XRF map for Mo.
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Figure 8.18: An overlay of maps for porosity and segregation.
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the axis of the ingot.
In a number of areas at the edge of the ingot, macroetching revealed structures that appeared to be columnar-like in morphology, Figs. 8.21 and 8.22.
These structures protruded into the ingot for ≈ 100 mm, after which a second
growth morphology was observed. This new morphology, which was predominant
throughout the bulk of the ingot, consisted of well-defined grains with boundaries
that etched to give a lighter colour than their interiors, see Fig. 8.20 for example.
The shape of these grains appeared to be relatively equiaxed, although there was
some indication of elongation along the radial direction, see the fine structure of
Figs. 8.23 and Fig. 8.24. At the base of the ingot above the columnar zone (box iv
in Fig. 8.19), the grain structure appeared finer and was not readily discernable
at the macroscopic scale.

8.3.6

Microstructure

Microstructural analysis was performed on the radial strip highlighted in Fig. 8.24,
which was sectioned into 12 pieces. The variation in dendritic structure along this
strip is shown in Fig. 8.26, looking along the axial direction. It is clear that the
dendrite arm spacing is finer near the wall and increases as the cooling rate decreases towards the centre of the ingot, although the change is most pronounced
close to the mould (and spacings appear to plateau in the mid thickness). By
over-etching these samples, the grains generated by these dendrites could be observed as in Fig. 8.20. The result of outlining these grains by hand is presented
in Fig. 8.27. Despite the subjectivity of this assessment, when taken together
with the other macrostructure and microstructure results they present clear evidence that the grains in much of the ingot were not consistently orientated or
elongated. Viewing tangentially, the only samples in which differences were found
(when compared to viewing axially) were samples 1-3, in which a columnar structure could be readily discerned, Figs. 8.28a-c. These columnar dendrites ceased
in sample 3 (after ≈ 100 mm), and the near-equiaxed morphology predominated
from then onwards. The strings of porosity present in the ingot appeared to follow the boundaries between equiaxed grains.
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Figure 8.19: Face A in the macroetched state. Note that the vertical streaks,
as arrowed, are associated with de-smutting and lacquering, not any structural
features (like A-segregates, etc). The areas highlighted with boxes i-iii are shown
in Figs. 8.20-8.22, respectively.
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Figure 8.20: Area of Face A labelled (i). An A-segregate channel can be seen
running vertically, to the left of the white arrow.
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Figure 8.21: Area of Face A labelled (ii). Columnar dendritic formations can be seen protruding in from the left-hand
edge at an upwards angle to the horizontal. They appear to stop after growing ≈12 cm into the ingot.

Figure 8.22: Area of Face A labelled (iii), found at the base of the ingot. Columnar dendritic formations appear to
have grown from the bottom edge for ≈12 cm.
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Figure 8.23: Face B in the macroetched state. Note that vertical and circumferential streaks are associated with de-smutting and lacquering, not any strucutural
features. IMAGE HAS BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.24: Face C in the macroetched state. Note that vertical and circumferential streaks are associated with de-smutting and lacquering, not any strucutural
features. The radial strip taken for microstructural examination is highlighted.
IMAGE HAS BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Figure 8.25: Face D in the macroetched state. Note that vertical and circumferential streaks are associated with de-smutting and lacquering, not any strucutural
features. Macroetching this slice did not reveal many features of interest. IMAGE
HAS BEEN PIXELATED - COMMERCIALLY SENSITIVE.
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Analysis of the structure of the ingot at its base (above the columnar zone, box
(iv) in Fig. 8.19, examined by sectioning Face D), again revealed a near-equiaxed
structure, with grain size and distribution similar to samples 10-12 in Fig. 8.27,
see Fig. 8.28d. The boundaries of these grains were not as easily discernable as
for the material in Face C.

8.3.7

A-segregates

A-segregate channels were visible in all the faces after etching as channels of
material rich in a silver-coloured phase not attacked by the etchant, Fig. 8.29,
but the contrast was such that they were not clearly discernable in macroshots
of the slices. Channels were found in Face A at the locations measured using
XRF, and were all ≈ 5 mm in diameter. The ‘silvery’ phase appeared to have
formed in interdendritic regions, Fig. 8.30 and Fig. 8.31a. Flecks of this ‘silvery’
phase were found throughout the ingot in lower concentrations, but were sparse
at the base of the ingot and increased in number towards the enriched top and
centre (see the radial variation in Fig. 8.26). The amount of silvery phase in the
channels was not always consistent along channel lengths and strings appeared
to be interrupted, Figs. 8.20 and 8.29.
Closer examination of the silvery phase under the SEM revealed it to comprise
many fine Cr-rich carbides, Figs. 8.31b-c. JMatPro and MTDATA calculations
suggest that this carbide is likely to be (Fe,Cr)7 C3 , although this has not been
confirmed experimentally.

8.4

Discussion

It is evident that the ingot cast, sectioned and analysed here displays all of the
classical macrosegregation defects that might be expected in a large steel ingot, apart from V-segregation. Nevertheless, their presence (or absence) is not
explained easily given the context of the results presented, and some careful deliberation is needed.

234

235

Figure 8.26: The variation in dendritic structure of the ingot along a radial section of Face C, viewing along the axial
direction. Sample 1 was positioned at the outer edge of the ingot and sample 12 directly adjacent to the centre.

Figure 8.27: The grain structure of the ingot along a radial section of Face C, viewing along the axial direction. Grains
were identified by overetching and outlining by hand. Areas where this could not be achieved are shaded grey.
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Figure 8.28: (a)-(c) The columnar dendrites in samples 1-3, respectively, when
viewing tangentially. They are angled away from the horizontal, towards the top
of the ingot. Note that in (c) the beginning of a transition to a near-equiaxed
morphology is observed. (d) The dendritic structure in the negatively-segregated
cone at the base of the ingot, at height of Face D.
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Figure 8.29: A-segregate strings, present towards the bottom of the ingot. The channels were ≈ 5 mm in diameter.
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Figure 8.30: A close-up photograph of an A-segregate channel (≈ 5 mm diameter), taken at a non-perpendicular angle
to the surface. A silvery phase has precipitated in the interdendritic regions of fine dendrites.

Figure 8.31: (a) The fine structure of an A-segregate channel, viewed axially in
sample 5. (b)-(c) Secondary-electron images of the interdendritic ‘silvery’ phase
that is most prominent in A-segregates - the area in (c) is boxed in (b).
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The results of XRF suggest there has been substantial advection of both enriched
interdendritic liquid and depleted solid. Cr and Mo have evidently enriched the
interdendritic liquid and depleted the solid, and it seems reasonable to expect
that this will also have been the case for the other alloying elements C, Si, Ni and
Mn (although this will be confirmed using OES in further work). The enrichment
of the indendritic liquid has apparently caused its density to decrease, leading to
pronounced A-segregation and enrichment at the top of the ingot. It is likely that
the negatively-segregated cone measured at the base of the ingot was formed by
the sedimentation of depleted solid.
In terms of grain structure, solidification appears to have started through columnar growth of fine dendrites from the outer skin of the ingot (angled due to
non-vertical isotherms), and then transitioned quite rapidly into a near-equiaxed
mode of freezing with coarser dendrites as the cooling rate dropped (near-equiaxed
because sometimes the grains tended to be elongated slightly along the growth
direction). The presence of a CET is interesting not only because one would
usually expect such a transition to be associated with an increase in the speed of
solidification,1 but also because it is difficult to see how A-segregates could have
formed in an equiaxed network, particularly ones so straight and long. Of course,
there is no reason why A-segregates cannot form in equiaxed structures, but the
network needs to be stationary and stable. It is unclear how this could have been
the case in the ingot studied. It may have been possible if the equiaxed network
had formed across the entirety of the ingot quickly and then solidified over a
long period, but this is incompatible with the presence of a negatively-segregated
cone and centreline enrichment.2 Clearly there was a significant pool of liquid

1

Values for Ṫ , G and R will all have been decreasing away from the mould when the
transition occurred - the effect of decreasing G was perhaps the key factor, in that a flattening
of the temperature gradient ahead of the columnar front may have allowed more space for nucleii
in the melt to grow and trigger a CET. Ingots with equally-large equiaxed or “branched” regions
have been regularly reported, so this is clearly not an usual occurrence in massive steel ingots
[1; 346; 347].
2

It is interesting to note that the cone appears to have become more negatively segregated
the more it has grown. This indicates that the solid that was adding to it at the end of its growth
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remaining when the A-segregates began to form, otherwise no enrichment of the
centre would have been possible. The only remaining possibility is, then, that
somehow equiaxed grains quickly found themselves in a stable network shortly
after nucleating and persisted in the same location until fully solid. The mechanism for this, however, is not clear by any means. It is evident that this topic
needs further investigation and discussion.
A-segregates appear to have formed very soon after the end of the columnar
zone. Their onset corresponds to a loss of chemical homogeneity in the solid,
which is significantly depleted in solute by their formation. Before the start of Asegregation, there will have been significantly less top-bottom segregation in the
ingot, and no macrosegregation would have been visible at all if only the material
before this point was assessed (i.e., the outer columnar skin). It is evident that
A-segregates have not formed at the centre of the ingot, despite there being no
change in grain structure. They have also not formed in the negatively-segregated
cone, despite it being equiaxed like the rest of the ingot. The reasons for this
are not immediately obvious, particularly given that the thermal conditions in
these regions appear to be more favourable for channel formation (in order to
cross isotherms and warm up, interdendritic liquid moving vertically has to do so
faster for near-vertical isotherms than for near-horizontal isotherms, for the same
isotherm speed). Possible explanations include the notion that the equiaxed networks in these regions were more likely to be in motion, thereby inhibiting channel
formation by blocking them/shearing them off. This is certainly viable for the
negative cone, which was likely growing via the sedimentation of equiaxed grains
from above. Shrinkage stresses could likewise have caused grain movement in the
centre of the ingot (they certainly caused voiding). Other factors that may have
influenced the negative cone include a change in the local composition of the alloy, and therefore ∆ρ (enriched liquid would have been washed out of sedimenting
grains and replaced with relatively solute-poor bulk liquid), and a decrease in the

was more depleted in solute, which is consistent with the solid originating from regions with
A-segregates (that are more depleted than regions without A-segregates). The sharp boundary
between the top of the cone and the centreline enrichment is not easily explained, but may be
attributed to the growth of the equiaxed front from the sides over the sedimented cone.
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local permeability due to the compaction of the equiaxed grains and/or a change
in their morphology (they may have become more globular whilst moving in the
liquid). The validity and relative importance of these factors is unclear, however.
The apparent interruption of the channels observed in Figs. 8.20 and 8.29 is
probably due to the weaving of the enriched liquid between the solid network,
when it follows a less tortuous path that is not always perfectly straight. The
XRF measurements indicate that the material within A-segregate channels was
not enriched to a consistent level across the whole ingot. This result may have
been due to sectioning effects and the particular placement of each XRF measurement, but the change in the concentration of the remaining liquid at each
stage should also have affected the concentration of the enriched interdendritic
fluid.
The porosity found in the ingot is also a compelling topic for discussion. First, it
is evident that the hot top anti-piping compound has worked very well, eliminating a pipe and insulating the head of the ingot such that the last liquid to solidify
was at the very top (based on the level of enrichment found here). No porosity is
observed in the head of the ingot apart from in A-segregate channels, indicating
excellent feeding as the isotherms moved towards the top of the ingot. The bulk
of the porosity present is in the ingot mid section, and appears to start directly
above the sedimented cone. This suggests that completed feeding was difficult at
this stage, and certainly the length of the fissures suggests that they formed late
on across a sizeable equiaxed network, which would have been difficult to feed.
It is worth noting that if these pores had been fed by enriched liquid, they would
have resembled something akin to inverted V-segregates. Their chevron shape
appears to have been derived from the shape of the sedimented cone, but could
also have been influenced by shrinkage stresses.

8.4.1

XRF as an Assessment Technique

The results of this chapter have further demonstrated that XRF is a very effective
tool for the measurement of macrosegregation and the detection of macrosegre-
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gation defects. Indeed, after seeing the results of macroetching like those in
Figs. 8.19 and 8.23-8.25, one might even argue that it is superior to macroetching in terms of its ability to detect segregation. The results of macroetching are
dependent on the microstructure, and microstructures may sometimes appear
insensitive to chemistry given a particular heat treatment. If an alloy is very
hardenable, for example, then it may form martensite or bainite throughout a
large thickness regardless of size or variations chemistry, and it would appear
homogeneous when macroetched. Furthermore, macroetching cannot reliably inform the user of whether the material is enriched or depleted in solute, as they are
not necessarily consistent in terms of appearance (i.e., enriched material might
usually be expected to etch darker, but this was not found here).

8.5

Summary and Conclusions

1. The results presented here form a complete and detailed case study of the
solidification of a steel ingot, which was cast under conditions that were
well documented and are representative of a typical commercial production
route. It is hoped that this study provides macromodellers with a valuable
validation tool.
2. Macro-scale XRF revealed that there had been marked macroscopic chemical segregation during the solidification of the ingot. A-segregate channels
were prevalent and a negatively-segregated cone was also present. There was
significant top-bottom segregation. It was evident that microsegregation
had enriched the interdendritic liquid such that its density has decreased,
causing it to rise in the casting.
3. Careful examination of the bulk grain structure of ingot revealed that it
had solidified in a near-equiaxed manner, with dendritic grains that were
usually randomly oriented and not significantly elongated. The presence of
A-segregates within a network of grains of this morphology is not readily
explained, and requires further discussion.
4. A-segregation appeared to cease (and feeding become difficult) when solidi-
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fication fronts met over the sedimented cone. This result is consistent with
the new criterion proposed for A-segregation in Section 6.3, as it is likely
that isotherms accelerated in the vertical direction when the fronts met.
5. In many respects, XRF represents a superior method for measuring macrosegregation (and determining the location of macrosegregation defects) than
macroetching.
6. Future work should include comparison of the results with simulations of
ingot casting. These should not only be complex macromodels, but also
more simple models that predict characteristics like shrinkage gaps and
porosity.
7. The author hopes to compare the results of XRF to OES measurements
made from trepannings from the ingot. This will allow for variations in C,
Si, Mn and Ni to be matched with the changes Cr and Mo concentrations
measured.
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Chapter 9
Concluding Remarks
The following conclusions have been drawn from the work described in this thesis:
1. Much of the severe segregation that can be found in large ingots can be
removed during the forging operations associated with producing a highintegrity pressure vessel shell. However, A-segregates can still be retained
through the wall thicknesses of such shell forgings.
2. A-segregation in SA508 Grade 3 steel can have a significant impact on microstructural evolution in the alloy during continuous cooling from austenitisation. Enriched A-segregate material was found to develop finer and
harder microstructural features than the bulk material, including martensiteaustenite islands, and remained harder than the bulk even after tempering.
Contrary to previous reports examining continuously-cooled SA508 Grade
3, which have always described the bulk microstructure to comprise upper bainite, partial transformation experiments and TEM have suggested
that the bulk microstructure is composed of Widmanstätten ferrite laths
with pockets of lower bainite containing coarse carbides (at a cooling rate
representative of the mid-thickness of a large shell forging).
3. Harder, finer microstructures are typically preferred in tempered SA508
Grade 3 due to their increased toughness, but Charpy impact testing has
revealed that the properties of A-segregates are inferior to the bulk material.
This is because A-segregated material has been found to fail by intergranular
brittle fracture - in this work, this was observed in tests performed at room
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temperature. It is almost certain that the enrichment of embrittling P in
A-segregates is the primary cause of this, but the embrittling effect has also
been augmented by the increased hardnesses of these regions as well as by
the presence of large prior-austenite grains. The presence of A-segregates
within a material is hence likely to contribute to the scatter found in impact
test results.
4. Macrosegregation modelling is a field of great complexity. The most advanced macrosegregation models today cannot be relied upon to give quantitative predictions, and their ability even to predict basic macrosegregation
patterns and trends is questionable. Fortunately, it seems that the use of
simple criteria can be an effective alternative; the Rayleigh-number criterion
recently presented by Torabi Rad et al. being a prime example. This criterion can be applied rapidly using a straightforward procedure, and appears
to be particularly useful for the comparison of different casting conditions
and alloy grades. Torabi Rad et al.’s criterion appears to work well for
the casting scenarios it has been applied to so far, but care must be taken
with respect to its sensitivities to certain input parameters, as well as the
interpretation of its results.
5. It has been recognised in this thesis that Torabi Rad et al.’s Rayleigh criterion, like all the simple criteria for A-segregation presented historically,
does not have a sound physical basis. This does not mean it does not deliver useful results, but it is desirable for a criterion to be backed up by
theory. A new criterion for A-segregation was outlined in Chapter 6, which
is physically meaningful.
6. Regions predicted to be susceptible to A-segregation in ingots can be tracked
through forging operations to final products, but the methodology employed
in this work is not very resilient and there can be high levels of uncertainty
in results. This is of concern, as if improvements are going to be made to
casting practice, ingot selection and discard practice, then a robust method
of material tracking is needed.
7. It is likely that A-segregation in SA508 Grade 4N will be less prevalent
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than in SA508 Grade 3. This is primarily due to the decreased level of Si
present in Grade 4N. In order to suppress A-segregation in SA508 Grade 3,
it is suggested that levels of C, Si, P and S in the alloy are reduced, whilst
the amount of Mo added is maximised (within the alloy’s specification).
The effect of these changes should be investigated to ensure they have no
negative repercussions, but the literature implies there will be a number of
benefits.
8. Most of the changes that can be made to reduce the macrosegregation in
steel ingots will tend to increase levels of porosity and inclusion retention.
Manufacturers should bear this in mind when implementing changes to
casting practices.
9. It is difficult to predict the severity of the enrichment in alloying elements
associated with A-segregates. This is not only because their concentration
is likely to vary throughout the volume of ingot, but also because their composition does not appear to be well predicted by existing microsegregation
models.
10. Macroscopic X-ray fluoresence provides an effective method of mapping
macrosegregation in large steel components. The particular form of the
technique applied in this work is very robust, and in theory can be combined
with other techniques to map properties other than chemistry.
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Chapter 10
Scope for Future Work
The following points outline potential topics of interest for future research:
• It was proposed in Chapter 5 that the A-segregation observed in Grade 3
in this thesis would not significantly affect fracture properties, so long as
sufficient bulk material was present along the crack path. However, it was
highlighted that the segregates might still act as sites for crack nucleation,
and that if welds were made in segregated material it was not clear whether
this might lead to cracking. Therefore, given that segregated material almost certainly exists on the inside surface of the pressure-vessel forgings
(where welds can be made) it would be useful to assess the weldability of
A-segregate material, and whether welding is likely to lead to crack formation. Further to this, the effect of A-segregation on the susceptibility of
Grade 3 to environmentally-assisted cracking during service should also be
examined.
• Historically, it has been shown that A-segregation can have a negative impact on upper shelf properties in Grade 3, as well as on the DBTT. It may
prove useful to ascertain whether this is still the case for modern-day Grade
3 material, which tends to be cleaner than the steel used for older forgings.
• The results of Chapter 6 predicted that the A-segregation present in Grade
4N would be less severe than in Grade 3. It would be useful to experimentally verify this. If material could be trepanned from a high-integrity
forging of a similar size and shape as the component sampled here, then a
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direct comparison could be made (see Fig. 6.12).
• Further work is required to develop the new criterion for A-segregation
proposed in Chapter 6. It requires validation as well as development in order
to be effectively implemented. Not only will its critical value for steels need
to be determined, but hurdles associated with its practical implementation
will need to be overcome.
• Changes that manufacturers can make to production processes to reduce
segregation will usually lead to increased porosity and inclusion retention.
However, this does not mean that such changes should not be attempted, as
there will exist an optimum scenario for a given component. For instance,
it may be the case that increased levels of porosity can be tolerated because
pores are easier to remove than segregation defects. The capability to appropriately balance these phenomena would be highly beneficial for ingot
producers. Changes to casting practice, ingot selection and discard practice could then be made routinely to reduce scrap and improve component
quality.
• Assessing the potential impacts of segregation and porosity on component
integrity not only requires their prediction in the as-cast state, but also
tracking through forging and machining processes. Unfortunately, as Chapter 6 highlighted, the tracking procedure used here in DEFORM was not
always particularly useful in this regard. An investigation determining the
best practice for tracking material through forging processes is needed.
• Chapters 7 and 8 demonstrated the power of the macro-scale XRF technique. It may prove valuable for manufacturers to explore potential applications for technique as a quality control measure, and to gauge whether
other assessment methods can be combined with it in a scanning capacity
(e.g., hardness).
• Work to further develop the case study presented in Chapter 8 is being
planned. Not only will this include validation of the XRF measurements
using OES, but might also include differential-scanning calorimetry as-
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sessments, estimations of the permeability of mushy zone, hardness profiling, and further microstructural characterisation (confirmation of phases
present). A closer examination of the A-segregation present in the ingot
may also be undertaken, with the aim of determining whether the extent
of solute enrichment in the channels is consistent.
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Appendix A
Materials Properties
Source: Sheffield Forgemasters International internal data.

A.1

Gray Cast Iron Properties
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A.2

Ceramic Properties
Typical composition (wt%)
SiO2
Al2 O3
K2 O + Na2 O
Altotal
CaO
MgO
TiO2
Fe2 O3

Density = 1350 kg m−3
Specific Heat = 1.0 kJ kg−1 K−1
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55.0
39.0
1.3
0.2
0.4
1.4
2.6

A.3

Sand Properties

Density = 1520 kg m−3
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