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Preface

The versatility of iron has its origins in the nature of its electronic, atomic and
crystal structure. There are three allotropic forms of iron, o (ferrite, body-
centered cubic), y (austenite, cubic close-packed) and € (hexagonal close-
packed). The most dense allotrope is e-iron, which is also the most stable
form at high pressures. o-iron undergoes a paramagnetic to ferromagnetic
transition on cooling below about 1042 K, the effects of which were at one
time incorrectly attributed to the presence of a further allotrope, B-iron.

Austenite is considered to exist in two electronic states separated by a
narrow energy gap, the state stable at high temperatures being ferromag-
netic (Curie temperature 1800 K). At low temperatures, y-iron is in the
lower energy antiferromagnetic state with a Néel temperature below 80 K.

All this can in principle explain the peculiar behaviour of iron at am-
bient pressure. Ferrite is stable at low temperatures, whereas austenite is
found at intermediate temperatures, only to revert to ferrite at tempera-
tures close to the melting point. It is the two-spin state electronic structure
of austenite that gives it an extra entropy which stabilises it above 1185 K.
The reversion to ferrite above 1667 K results from its magnetic entropy
which builds up rapidly above the Curie temperature and eventually
overcomes the two-spin state entropy of austenite.

These descriptions help rationalise the allotropes of iron, but the trans-
formations between the allotropes can occur by many mechanisms, giv-
ing rise to a variety of microstructures. The addition of carbon introduces
further variants of microstructure, and of substitutional solutes an in-
credibly rich variety of microstructures. This versatility, and the demon-
strated ability of the steel industry to exploit it, is responsible for the
amazing success of steels.

The current production of steel in the world is about 780 million tonnes
per annum, and if all goes well, is predicted to increase to about 930
million tonnes by the year 2000. New iron alloys are still being designed,
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manufactured and marketed with notorious regularity. A recent inge-
nious example is the inoculated acicular ferrite steel, where controlled
additions of specific nonmetallic particles lead to the formation of chaotic
microstructures capable of hindering the propagation of cleavage cracks.
The steel is at the same time, weldable.

There are other examples of designed steels, and bainitic alloys are now
at the forefront of this new kind of learned metallurgical technology. This
has not always been the case; the thrill of discovering bainite led many
investigators to suggest that the microstructure should possess outstand-
ing mechanical properties, but time did not bear them out. Extensive
research has relatively recently identified the weak links in bainitic micro-
structures, and this has led to the development of several classes of baini-
tic steels based on new metallurgical concepts.

I 'am convinced that further major advances are possible with the help of
a fundamental understanding of the mechanism of bainitic transformation
and of the relationship between the resulting microstructure and mechan-
ical properties (i.e., good theory). The trouble is that the subject has in
recent years been shrouded in controversy, so much so that some textbooks
on steels do not dare venture into bainite in any depth. Some of the contro-
versy is of relevance, but its perceived importance is almost certainly exag-
gerated. A major aim in writing this book was to demonstrate that it is, in
spite of the many outstanding difficulties, possible to present a fairly inter-
esting, self consistent and reasonable story on bainite, one which can be
utilised in the design of steels and their associated thermomechanical treat-
ments. Apart from its industrial importance, the subject is of considerable
interest from an academic point of view. The challenge of bainite is that it is
not in any respect, a well-behaved phase transformation.

There has never to my knowledge, been a book published which is dedi-
cated to the subject of the bainite transformation. Nor has there been a major
review that addresses the detailed phase transformation issues and the
microstructure property relationships for bainite in a coordinated way. There
were many occasions during the compilation of this book when I felt a sense
of excitement, as the story began to piece together. My hope is that I have
been able to convey some of this feeling into the text. I have attempted to
write the book in a style which is somewhere between that of a review and a
teaching text. The state of the subject is such that it is necessary to preserve
the detail, although at the same time I have tried hard to maintain the sort of
clarity that typifies textbooks, as opposed to research papers. It is unlikely
that there are any modern undergraduate courses in the now broad field of
materials science which devote much time to bainite, or for that matter to any
other interesting subject! The book should be of greatest use to those in
industry and academia who are interested particularly in transformations in
steels, or who are curious about phase changes in general.
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1 Introduction

We begin with a historical survey of the exciting early days of metallurgi-
cal research during which bainite was discovered, covering the period up
to about 1960, with occasional excursions into more modern literature.
The early research was usually well conceived and was carried out with
enthusiasm. Many of the original concepts survive to this day and others
have been confirmed using the advanced experimental techniques now
available. The thirty years or so prior to the discovery of bainite were in
many respects formative as far as the whole subject of metallurgy is
concerned. The details of that period are documented in the several text-
books and articles covering the history of metallurgy,! but a few facts
deserve special mention, if only as an indication of the state of the art for
the period between 1920-1930.

The idea that martensite was an intermediate stage in the formation of
pearlite was no longer accepted, although it continued to be taught until
well after 1920. The B-iron controversy, in which the property changes
caused by the paramagnetic to ferromagnetic transition in ferrite were
attributed to the existence of another allotropic modification of iron (the
B-phase) was also in its dying days. The first evidence that a solid solution
is essentially a homogeneous mixture of solvent and solute atoms in a
single phase was beginning to emerge (Bain, 1921) and it soon became clear

1 Notable historical works include: “The Sorby Centennial Symposium on the
History of Metallurgy’, published by the A.LM.E. in 1965 (includes an article by
Bain himself), the commentary by H. W. Paxton, Metallurgical Transactions 1
(1970) 3479-3500, and by H. W. Paxton and J. B. Austin, Metallurgical Trans-
actions 3 (1972) 1035-1042. Paxton’s 1970 article is published along with a repro-
duction of the classic 1930 paper on the discovery of bainite by Davenport and
Bain, and is based on first hand historical knowledge obtained directly from
Davenport and Bain.
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that martensite consists of carbon dispersed atomically as an interstitial
solid solution in a tetragonal ferrite crystal. Austenite was established to
have a face-centered cubic crystal structure, which could sometimes be
retained to ambient temperature by quenching. Bain had already proposed
the physical deformation (now known as the Bain Strain) which could
relate the face-centered cubic and body-centered cubic or body-centered
tetragonal lattices during martensitic transformation. It had been estab-
lished using X-ray crystallography that the tempering of martensite led to
the precipitation of cementite, or to alloy carbides if the tempering tempera-
ture was high enough. Although the surface relief associated with marten-
sitic transformation had been observed, its importance to the mechanism of
transformation was not fully appreciated. Widmanstitten ferrite had been
observed in steels, and was believed to precipitate on the octahedral planes
of the parent austenite; some notions of the orientation relationship be-
tween the ferrite and austenite were also being discussed.

This was an era of major discoveries and great enterprise in the metal-
lurgy of steels. The time was therefore ripe for the discovery of bainite.
The term ‘discovery’ implies something new; in fact, microstructures con-
taining bainite must undoubtedly have been encountered prior to the
now acknowledged discovery date, but the phase was never clearly iden-
tified because of the confused microstructures that followed from the
continuous cooling heat treatment procedures common in those days. A
number of coincidental circumstances inspired Bain and others to attempt
isothermal transformation experiments. That austenite could be retained
to ambient temperature was clear from studies of Hadfield’s steel (used
by Bain to show that austenite has a face centered cubic structure) and
nickel- or carbon-rich iron alloys. It was accepted that increasing the
cooling rate could lead to a greater amount of austenite being retained.
Indeed, it had been demonstrated using magnetic techniques that aus-
tenite in low-alloy steels could exist at low temperatures for minutes prior
to completing transformation. The concept of isothermal transformation
was in fact used widely in industry in the manufacture of patented steel
wire, and Bain was aware of this through his contacts at the American
Steel and Wire Company. He began to wonder ‘whether exceedingly
small heated specimens rendered wholly austenitic might successfully be
brought unchanged to any intermediate temperature at which, then their
transformation could be followed” and he ‘enticed’ E. C. Davenport to join
him in putting this idea into action.

1.1 The Discovery of Bainite

During the late 1920s, in the course of these pioneering studies on the
isothermal transformation of austenite at temperatures above that at which
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Fig. 1.1 Mictrostructures in a eutectoid steel. (a) Pearlite formed at 720°C; (b) bainite
obtained by isothermal transformation at 290°C; (c) bainite obtained by isothermal transfor-
mation at 180°C; (d) martensite. The micrographs were taken by Vilella and were published
in the book The Alloying Elements in Steel (Bain, 1939). Notice how the bainite etches
much darker than martensite, because of the presence of numerous fine carbides.

martensite first forms, but below that at which fine pearlite is found,
Davenport and Bain (1930) discovered a new microstructure consisting of
an ‘acicular, dark etching aggregate” which was quite unlike the pearlite
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or martensite observed in the same steel (Fig. 1.1). They originally called
this microstructure ‘martensite—troosite’ since they believed that it ‘forms
much in the manner of martensite but is subsequently more and less
tempered and succeeds in precipitating carbon’.

The structure was found to etch more rapidly than martensite but less
so than troostite (fine pearlite). The appearance of ‘low range’ martensite—
troostite (formed at temperatures just above the martensite-start tempera-
ture M,) was found to be somewhat different from the ‘high range’
martensite-troostite formed at higher temperatures. The microstructure
exhibited unusual and promising properties; it was found to be ‘tougher
for the same hardness than tempered martensite’ (Bain, 1939), and was
the cause of much excitement at the newly established United States Steel
Corporation Laboratory in New Jersey. It is relevant to note here the
contributions of Lewis (1929) and Robertson (1929), who were in fact the
first to publish the results of isothermal transformation experiments on
eutectoid steel wires (probably because of their relevance to patented
steel), but the Davenport and Bain experiments were undoubtedly the
first to show the progressive nature of the isothermal transformation of
austenite, using both metallography and dilatometry. Their experiments
were much more successful because they utilised very thin samples, and
their method of representing the kinetic data in the form of time-
temperature-transformation curves turned out to be so simple and ele-
gant, that it would be inconceivable to find any contemporary materials
scientist who has not been trained in the use or construction of TTT
diagrams.

In 1934, the research staff of the laboratory named the microstructure
‘Bainite’ in honour of their colleague E. C. Bain who had inspired the
studies, and presented him with the first ever photomicrograph of
bainite, taken at a magnification of x1000 (Smith, 1960; Bain, 1963).

The name ‘bainite’ did not immediately catch on. It was used rather
modestly even by Bain and his co-workers. In a paper on the nomencla-
ture of transformation products in steels, Vilella, Guellich and Bain (1936)
mentioned an ‘unnamed, dark etching, acicular aggregate somewhat
similar to martensite’ when referring to bainite. Hoyt, in his discussion on
this paper appealed to the authors to name the structure, since it had first
been produced and observed in their laboratory. Davenport (1939) am-
biguously referred to the structure, sometimes calling it ‘a rapid etching
acicular structure’, at other times calling it bainite. In 1940, Greninger and
Troiano used the term ‘Austempering Structures’ instead of bainite. The
1942 edition of the book The Structure of Steel (and its reprinted version of
1947) by Gregory and Simmons contains no mention of bainite.

The high range and low range variants of bainite were later called
‘upper bainite’ and ‘lower bainite’ respectively (Mehl, 1939) and this
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terminology remains useful to this day. Smith and Mehl (1942) also used
the term ‘feathery bainite’ for upper bainite which forms largely, if not
exclusively, at the austenite grain boundaries in the form of bundles of
plates, and only at high reaction temperatures, but this description has
not found frequent use. In fact, both upper and lower bainite ferrite
consist of aggregates of plates, aggregates which were later designated
sheaves of bainite (Aaronson and Wells, 1956).

1.2 The Early Research

Early work into the nature of bainite continued to emphasise its
similarity with martensite. Bainite was believed to form with a super-
saturation of carbon (Wever, 1932; Wever and Jellinghaus, 1932; Por-
tevin and Jolivet, 1937, 1938; Portevin and Chevenard, 1937). It had
been postulated that the transformation involves the abrupt formation
of flat plates of supersaturated ferrite along certain crystallographic
planes of the austenite grain (Vilella et al., 1936). The ferrite was then
supposed to decarburise by rejecting carbon at a rate depending on
temperature, leading to the formation of carbide particles which were
quite unlike the lamellar cementite phase associated with pearlite. The
transformation was believed to be in essence martensitic, ‘even though
the temperature be such as to limit the actual life of the quasi-
martensite to millionths of a second’. Bain (1939) reiterated this view
in his book The Alloying Elements in Steel. Isothermal transformation
studies were by then becoming very popular and led to a steady ac-
cumulation of data on the bainite reaction, still variously referred to as
the ‘intermediate transformation’, ‘dark etching acicular constituent’,
‘acicular ferrite’, etc.

In many respects, isothermal transformation experiments led to the
clarification of microstructures, since individual phases could be studied
in isolation. There was, however, room for difficulties even after the
technique became well established. For alloys of appropriate composi-
tion, the upper ranges of bainite formation were found to overlap with
those of pearlite, preceded in some cases by the growth of proeutectoid
ferrite. The nomenclature thus became confused since the ferrite which
formed first was variously described as massive ferrite, grain boundary
ferrite, acicular ferrite, Widmanstitten ferrite, etc. On a later view, some
of these microconstituents are formed by a ‘displacive’ (Buerger, 1951) or
‘military’ (Christian, 1965a) transformation of the iron atoms (together
with any substitutional solute atoms) from austenite to ferrite, and are
thus similar to carbon free bainitic ferrite, whereas others form by a
‘reconstructive’ or ‘civilian’ transformation which is a quite different
kinetic process.
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1.2.1 Crystallography

By measuring the crystallographic orientation of austenite using twin
vestiges and light microscopy, Greninger and Troiano (1940) were able to
show that the habit plane of martensite in steels is irrational; these results
were consistent with earlier work on non-ferrous martensites and put
paid to the contemporary view that martensite in steels forms on the
octahedral planes of austenite. They also found that with one exception,
the habit plane of bainite is irrational, and different from that of marten-
site in the same steel (Fig. 1.2). The habit plane indices also tended to vary
with the transformation temperature and the average carbon concentra-
tion of the steel. The results seemed to imply some fundamental dif-
ference between bainite and martensite. Because the habit plane of bainite
seemed to approach the austenite octahedral plane (then thought to be
the habit plane of Widmanstitten ferrite) at high temperatures, but the
proeutectoid cementite habit at low temperatures, and because it always
differed from that of martensite, Greninger and Troiano proposed that
bainite from the very beginning grows from austenite as an aggregate of
ferrite and cementite. A competition between the ferrite and cementite of
the aggregate was thus suggested as the reason for the observed variation
of bainite habit, the ferrite controlling at high temperatures and the
cementite at low temperatures. The competition between the ferrite and
cementite was thus proposed to explain the observed variation of bainite
habit plane. The crystallographic results were later confirmed using an
indirect and less accurate method (Smith and Mehl, 1942). These authors
also showed that the orientation relationship between bainitic ferrite and
austenite does not change very rapidly with transformation temperature
and carbon content and is within a few degrees of the orientations found
for martensite and Widmanstatten ferrite, but differs considerably from
that of pearlitic ferrite/austenite. Since the orientation relationship of
bainite with austenite was not found to change, Smith and Mehl
Fe-0.92C-0.22Mn-0.03Si wt.%

BAINITE, 473 K

MARTENSITE

BAINITE, 373 K

Fig. 1.2 An example of the results obtained by Greninger and Troiano (1940), showing
the irrational habit of bainite, which not only varied with transformation temperature but
was also found to be different from the habit plane of martensite in the same steel.
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considered Greninger and Troianos’ explanation for habit plane variation
to be inadequate, implying that the habit plane cannot vary indepen-
dently of orientation relationship.

1.2.2 The Incomplete Reaction Phenomenon

It was known as long ago as 1939 that in certain alloy steels (such as
Fe-1.1Cr-1.1M0-0.33C wt%) ‘in which the pearlite change is very slow’,
the degree of transformation to bainite decreases (ultimately to zero) with
increasing isothermal transformation temperature (Allen et al., 1939).
Similarly, the bainite transformation in a Fe-2.98Cr-0.2Mn-0.38C wt%
alloy was found to begin rapidly but cease shortly afterwards, with the
maximum volume fraction of bainite obtained increasing with decreasing
transformation temperature (Klier and Lyman, 1944). At no temperature
investigated did the complete transformation of austenite occur solely by
decomposition to bainite. The residual austenite remaining untrans-
formed after the cessation of the bainite reaction, reacted by another
mechanism (pearlite) only after a further long delay. For another low
alloy steel, Cottrell (1945) found that the amount of bainite that formed at
525°C (<<Ae;) was negligible, and although the degree of transformation
increased as the isothermal reaction temperature was decreased, the for-
mation of bainite appeared to cease before reaching completion. Other
experiments on several chromium-containing steels (0.08-1.28C wt%) re-
vealed that the total dilatometric expansion accompanying the initial
rapid formation of bainite increased continuously with decreasing reac-
tion temperature (Fig. 1.3, Lyman and Troiano, 1946). The curve of total
expansion versus temperature was found to show an increasing slope as a
function of carbon concentration. The odd feature of such results was that
the bainite transformation did not seem to reach completion on
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Fig. 1.3 Temperature dependence of the total dilatometric expansion due to the formation
of bainite (Lyman and Troiano, 1946). Transformation to bainite does not begin until in
each case, a large undercooling is achieved below the Aes temperature, to a critical
temperature B,. The maximum amount of bainite that forms, increases with undercooling
below B,.
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isothermal heat treatment, even though full transformation to peralite
could be achieved at a higher transformation temperature. Often, the
transformation of austenite at lower temperatures occurred in two stages
(Klier and Lyman, 1944), beginning with the bainite reaction which stop-
ped prematurely, and which was followed by the formatlon of pearlite at
a slower rate. As will become apparent later, it is 51gn1ﬁcant that the two
reactions may only be separated by a long delay in well—alloyed steels; in
plain carbon steels ‘the second reaction sets in within a few seconds after
the beginning of the bainite reaction” (Klier and Lyman, 1944).

1.2.3 Carbon Redistribution

X-ray and other experiments indicated that the formation of bainite
enriches the residual austenite in carbon. Klier and Lyman (1944) took
this to imply that the austenite, prior to its transformation to bainite,
becomes compositionally unstable and separates into carbon rich and
carbon depleted volumes (a process like this would require uphill diffu-
sion). The low carbon regions were postulated to transform into super-
saturated bainite of the same composition, by a ‘martensite-like’ lattice
rearrangement, which then rapidly decomposed further, by precipitating
iron carbides. A similar suggestion had been made earlier by Kurdjumov
(1933) with respect to Widmanstatten ferrite: ‘regions of low carbon con-
centration in the 7y crystal result from diffusion within the y phase, and
these regions can at this time transform into the o phase . . .” Entin (1962)
seemed to rediscover the idea that bainite grows by martensitic transfor-
mation in low carbon regions that develop in austenite prior to its trans-
formation. His emphasis of the concept spurred Aaronson ef al. (1966) to
demonstrate using thermodynamics that an austenitic Fe—C solid solution
cannot in fact spontaneously undergo separation into carbon rich and
carbon poor regions (i.e., there is no tendency for the solution to undergo
spinodal decomposition). The concept nonetheless seems to crop up with
notorious regularity in modern literature (e.g., Prado, 1986; Prado et al.,
1990).

The proof by Aaronson et al. does not of course rule out random fluc-
tuations of composition, of the type associated with any solid solution at
dynamic equilibrium. Hence, a more modern variation of the above ideas
is that the nucleation of bainite is favoured in regions of austenite where
the carbon concentration is relatively low as a consequence of fluctuations
(Degang et al., 1989). Indeed, it has been demonstrated by Russell (1971)
that carbon free regions of several thousand iron atoms exist at all tem-
peratures in austenite of eutectoid composition. There is however, a con-
ceptual difficulty with any claim that such regions can enhance overall
nucleation rates. For every carbon depleted region there must also exist a



Introduction 9

oL+ strain

Free Energy

-~ Temperature

Ael To Ae3

Carbon Concentration

Fig. 1.4 Schematic illustration of the origin of the T, curve on the phase diagram. The T',
curve incorporates a strainenergy term for the ferrite, illustrated on the diagram by raising
the free energy curve for ferrite by an appropriate quantity.

carbon enriched region where the probability of ferrite nucleation is pre-
sumably reduced, thereby balancing the effects of the depleted regions.
Consequently, there seems no advantage in adopting this microscopic
approach. The usual macroscopic thermodynamic model in which the
driving forces are calculated for uniform composition should suffice.

1.2.4 Thermodynamics

In a far reaching paper, Zener (1946) attempted to give a rational ther-
modynamic description of the phase transformations that occur in steels.
He assumed the bainite growth is diffusionless, any carbon supersatura-
tion in bainitic ferrite being relieved subsequent to growth, by partition-
ing into the residual austenite. The atomic mechanism of bainite growth
was not discussed in detail, but he believed that unlike martensite, there
is no strain energy associated with the growth of bainite. Thus bainite
should form by diffusionless transformation at a temperature just below
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T, where the austenite and ferrite of the same composition have identical
free energy (Fig. 1.4). However, T, is frequently used in martensite theory
for the temperature at which austenite and martensite (i.e. supersaturated
tetragonal ‘ferrite’) have the same free energy; for clarity, we follow
Christian and Edmonds (1984) and call this temperature T,,,. The Bain
strain applied to a random interstitial solution of carbon in austenite
automatically produces the ordered tetragonal form of ferrite if the car-
bon atoms are trapped in their original sites, but Zener also supposed that
the tetragonal form may be regarded as a result of an ordering of the
interstitial atoms into one set of sites of the cubic structure. He derived an
equation for the critical temperature T, at which the cubic and tetragonal
forms of ferrite have the same free energy. T, rises with interstitial solute
content, and thus intersects the M, temperature and also has a joint inter-
section with the T, and T,,, temperatures. Clearly T, lies below T, at low
carbon contents and above T, at high carbon contents. According to one
interpretation (Owen, Wilson and Bell, 1964, martensite formed above
room temperature is cubic at carbon contents below the intersection of M,
and T, (above 2.5 at % carbon in plain iron—carbon alloys) and tetragonal
above it. As Zener pointed out, martensite cannot form until the driving
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Fig. 1.5 Schematic TTT diagram (after Zener, 1946) illustrating the flat tops on the
bainite C-curves.
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force obtained by supercooling below the T, or T,,, temperature is large
enough to provide the necessary strain energy.

It is usually assumed that bainite forming first as fully supersaturated
ferrite nevertheless has a cubic structure, but it would seem more logical
to assume a tetragonal structure unless the temperature of formation is
above T...

The Zener model failed to provide an explanation of why the strain
energy should exist for martensite and not for bainite. On the other hand,
it explained the data showing that the degree of transformation to bainite
increases with supercooling from zero at an upper limit, which is gener-
ally known as the B; temperature. The carbon that partitions into tte
austenite after the formation of bainite changes its composition, until it
eventually becomes thermodynamically impossible for the austenite to
transform without a composition change. For a given alloy composition, a
higher undercooling below T, would allow more bainite to form before
transformation without a composition change becomes impossible. Con-
sistent with experimental data, the model also requires the bainite C
curve of the TTT diagram to tend asymptotically to infinite time (Fig. 1.5)
at a temperature corresponding to the T, or T,,,, temperature whichever is
higher, since the transformation of austenite without a composition
change cannot occur above this limit.

The initial plates of bainite, unlike those of many martensites, often
grow to a limited size less than that of the parent austenite grain. Zener
postulated that this is due to the formation of a layer of cementite around
the plate, which stifles any subsequent growth.

1.2.5 Paraequilibrium

By 1947, it was evident that the cementite which grows during the bainite
transformation in alloy steels differed from that associated with pearlite.
The pearlitic cementite was always found to contain a higher than aver-
age concentration of some substitutional alloying elements whereas baini-
tic cementite seemed to have above the same overall substitutional alloy
content as the parent material. Hultgren (1947), has cited several refer-
ences which report magnetic, chemical and X-ray data on extracted car-
bides which confirm this difference between the two kinds of carbides.
Hultgren was at the time proposing a model for the role of substitu-
tional alloying elements in steels; at high temperatures where diffusion
rates are reasonable, these elements can redistribute during transforma-
tion if equilibrium demands such redistribution. In these circumstances,
the transformation was said to occur under ‘orthoequilibrium’ conditions.
This compares with ‘paraequilibrium’ transformation in which the sub-
stitutional alloying elements are unable to partition during the time scale
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of the experiment, although carbon which is a fast diffusing interstitial
element, redistributes between the phases and reaches equilibrium sub-
ject to this constraint.

The mechanism of pearlite formation was itself not clear in those days,
but the transformation was believed to be initiated by the nucleation of
cementite. It was suggested that bainite was instead initiated by the nuclea-
tion of ferrite (Mehl, 1939; Smith and Mehl, 1942; Mehl, 1948). Hultgren put
these ideas together and postulated that the transformation at high tem-
peratures (upper bainite) begins with the nucleation of ferrite of para-
equilibrium carbon concentration, so that the residual austenite is enriched
with respect to carbon. This bainitic ferrite, unlike the ferrite associated
with pearlite, was believed to have a rational Kurdjumov-Sachs or
Nishiyama-Wasserman orientation relationship with the parent austenite
in which it grows; this was considered to explain the difference in ferrite
morphology observed experimentally in pearlite and bainite. Bainitic ferrite
was always found to consist of individual plates of sheaves whereas the
ferrite in pearlite apparently formed alternating plates of a regularly spaced
two-phase lamellar aggregate. The enrichment of austenite with respect to
carbon should then eventually lead to the paraequilibrium precipitation of
cementite from austenite in a region adjacent to the bainitic ferrite. At the
time, pearlitic cementite was thought to bear a rational orientation relation
to the austenite grain into which the pearlite colony grows, and Hultgren
proposed, without any evidence, that bainiic cementite should be ran-
domly orientated to the austenite in which it precipitated. This process of
ferrite and subsequent cementite precipitation then repeated, giving rise to
the sheaf of bainite. Hultgren therefore considered upper bainite to be a
kind of a reconstructive transformation in essence similar to pearlite but
growing under paraequilibrium conditions and different in the orientation
relations of the various phases with respect to the parent austenite.

No explanation was offered for the occurrence of paraequilibrium with
bainite, nor for the existence of the various orientation relationships. He
admitted the possibility that bainite formed at lower temperatures (later
known as lower bainite) ‘forms directly’, implying that the bainitic ferrite
formed with a supersaturation of carbon, although the mechanism was
not discussed.

The model of pearlite formation involving the repeated formation of
ferrite and cementite was abandoned when Hillert (1962) demonstrated
that a pearlite colony really consists of two interwoven crystals, one of
ferrite and the other of cementite. Hillert (1957, 1962) also pointed out an
important distinction between pearlite and upper bainite; in the former
case, the ferrite and cementite phases grow cooperatively, whereas in the
latter case, the plates of bainitic ferrite form first with the precipitation of
cementite being a subsequent reaction.
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1.2.6 Kinetics

The experiments of Wiester (1932), Hannemann ef al. (1932-1933) and Fors-
ter and Scheil (1936, 1937) indicated that martensite can grow very rapidly
in steels, a plate taking a few microseconds to grow right across an aus-
tenite grain. Bunshah and Mehl (1953) later demonstrated that the rate of
growth of martensite can be as high as 1kms-1, i.e., one-third of the ve-
locity of sound. This gave rise to the incorrect impression that martensitic
transformation does not involve a ‘nucleation and growth process’, i.e., it is
not a first order transformation in the thermodynamic sense.2 For example,
Smith and Mehl (1942), wondered whether bainitic structures form by a
process of nucleation and growth or whether the plates spring fully formed
from the matrix lattice ‘as they do in the transformation to martensite’. A
nucleation and growth model was favoured since the sizes of the reacted
regions apparently increased with time at the reaction temperature. This
was consistent with the work of Wever and his co-workers (1932), who
found that in the bainite transformation range, the austenite decomposes
relatively slowly. Furthermore, the progress of the bainite transformation
could be represented by means of a C curve on a TTT diagram (Davenport
and Bain, 1930), with a well defined incubation period before the beginning
of isothermal transformation. Martensitic transformation, on the other
hand could not be suppressed by the fastest available quench rates
(Troiano and Greninger, 1946); it seemed to form athermally and was
represented on the TTT diagram by a family of lines parallel to the time
axis (Cohen, 1946). The bainite reaction was found to follow C curve kine-
tics even below the M, temperature (Howard and Cohen, 1948).

It is in this context that Ko and Cottrell (1952) attempted to investigate
whether bainite is ‘a nucleation and growth reaction, or like martensite,

2 The Ehrenfest (1933) classification of phase transformations is based on the
successive differentiation of a thermodynamic potential (e.g., Gibbs free energy)
with respect to an external variable such as temperature or pressure. The order
of the transformation is given by the lowest derivative to exhibit a discontinuity.
In a first order transformation the partial derivative of the Gibbs free energy
with respect to temperature is discontinuous at the transition temperature.
There is thus a latent heat of transformation evolved at a sharp transformation
interface which separates the coexisting parent and product phases. The phase
change occurs at a well defined interface, the interface separating perfect forms
of the parent and product phases. First order transformations involve the nu-
cleation and growth of a product phase from the parent phase. In a second order
transformation the parent and product phases do not coexist. Martensite in
steels can coexist with austenite, and is then separated from the latter by a well
defined interface. It is, like bainite, a first order transformation involving the
nucleation and growth of individual plates.
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Stylus trace: Pearlite

Stylus trace: Bainite

(a) (b)

Fig. 1.6 Surface effects observed during the transformation of pre-polished samples of
austenite (Ko and Cottrell, 1952). (a) Surface relief due to the formation of bainite. (b) Line
traces obtained by traversing a stylus across the surface of a pearlitic and a bainitic
sample. Notice the severe upheavals caused by bainite, which contrast with the negligible
relief due to pearlite.

forms in a fraction of a second’. They also wanted to establish whether the
transformation leads to surface relief effects similar to those associated
with martensitic transformations. Ko and Cottrell were able to demon-
strate, through hot-stage light microscopy, that bainite grows relatively
slowly and that its formation causes the shape of the transformed region
to change, the shape change being characterised qualitatively as an
invariant-plane strain (Fig. 1.6). They also noted that unlike pearlite
which is not hindered by austenite grain boundaries (Mehl, 1948), bainite
growth terminated at austenite twin or grain boundaries. The trans-
formation was therefore similar to martensite, and Ko and Cottrell at-
tempted to identify any clear differences that may exist between
martensite and bainite.

It was known already that martensite first forms at a large undercool-
ing below the T, temperature, at which ferrite and austenite of identical
composition have equal free energy (Zener, 1946; Cohen et al., 1950). Since
diffusionless transformation is thermodynamically feasible below T, the
extra undercooling was believed necessary to account for the strain and
to a lesser extent, the interface energy associated with the formation of the
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martensite plate. Bainite, which can form at more elevated temperatures
than martensite, should therefore require a modified mechanism of trans-
formation, a mechanism which has to be consistent with the lower driv-
ing force that is available for the transformation of austenite at higher
temperatures. Ko and Cottrell postulated that a ‘coherent nucleus’ can
develop either into martensite or into bainite depending on the driving
force available for transformation, the nucleus developing into martensite
below M,. At the higher temperatures where bainite occurs, ‘coherent
growth’ can only ‘take place when the strain due to the density change is
relieved’. They suggested that this could happen if the amount of carbon
dissolved in bainite is reduced; this would also lead to a free energy
reduction. The removal of carbon from the ferrite could occur by diffu-
sion from bainite or by precipitation within bainite, or by a combination
of these processes, depending on the transformation temperature. It is not
entirely clear from their description whether they envisaged initially
diffusionless growth, followed by carbon diffusion to provide the driving
force for further growth, or whether the diffusion and interface migration
are coupled so that precipitation within the ferrite (for lower bainite) or
carbon rejection to the austenite (for upper bainite) takes place at the
moving interface. The former mechanism seems illogical since the extra
driving force is only available after a stage of initial growth to martensite
which should not be posible (according to their growth condition) above
M.. Provided there is some way of circumventing the difficulty of forming
the initial coherent nucleus (of whatever composition), the second type of
growth model would allow bainite to form above M, and indeed above
T,. In some later work, Ko (1953) distinguished between incoherent ferrite
and ‘acicular ferrite’ which he proposed should be regarded as carbon-
free bainitic ferrite.

Kriesement and Wever (1956) pointed out that the appearance of
bainite changes continuously between upper and lower bainite, and pos-
tulated that the growth of bainite involves the repeated and alternating
nucleation and growth of lamellae of cementite and ferrite, from aus-
tenite. Unlike pearlite, the growth direction of the macroscopic plate of
bainite was supposed to be normal to the plane of the lamellae. Although
this particular mechanism has since been shown to be incorrect, they
identified clearly the condition necessary for cementite precipitation to
occur from residual austenite during the bainite transformation. Cemen-
tite precipitates from austenite if the carbon concentration of the latter
exceeds that given by the extrapolated y/(y+6) phase boundary.

Although many of the characteristics of bainite, especially the morph-
ology and the shape deformation, had been found to be similar to those of
martensite, a different microstructural approach was developed by
Aaronson (1962). He used the Dubé morphological classification (Dubé et
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al., 1958; Heckel and Paxton, 1961) for all non-pearlitic forms of ferrite
formed from austenite, and he attributed the morphological variations to
the dependence of the growth kinetics of an interface and to the nature of
the site from which a precipitate crystal develops. In particular, plate
morphologies were regarded as the result of the formation of immobile,
partly coherent, planar interfaces which can grow normal to themselves
only by the lateral migration of ‘ledges’. In a later discussion of bainite
(Aaronson, 1969), developed the ‘microstructural’ definition in which
bainite is regarded simply as a non-lamellar two-phase aggregate of fer-
rite and carbides in which the phases form consecutively (as distinct from
peralite where they form cooperatively). Aaronson stated that according
to this definition, the upper limiting temperature of bainite formation
should be that of the eutectoidal reaction (Ae;), and he denied that the
kinetic B, temperature has any fundamental significance. In those alloy
systems where there seems clear evidence for a separate C curve for
bainite, the bainitic ‘bay’ and the apparent upper limit of bainite forma-
tion (B,) were attributed to a special effect of certain alloying elements on
the growth kinetics. Aaronson equally dismissed the observation of sur-
face relief as a basis for classifying the various forms of ferrite.

1.3 Bainitic Steels: Industrial Practice

In spite of the early optimism about the potential properties of bainitic
steels, major commercial exploitation took many years to become estab-
lished. The steels were not in general found to be better than quenched
and tempered martensitic steels, partly because of the relatively coarse
cementite particles associated with bainite and partly because the contin-
uous cooling heat treatments which were popular in industry, could not
in practice produce fully bainitic steels. The use of lean alloys gave mixed
microstructures whereas heavy alloying led to a considerable quantity of
martensite in the final microstructure. It was not until low alloy, low
carbon steels containing boron and molybdenum were introduced by
Irvine and Pickering (1958) that fully bainitic steels could be produced in
commercial quantities using continuous cooling heat treatments. None-
theless, martensitic steels dominated the high strength steel market, with
their better overall mechanical properties and well understood physical
metallurgy principles.

It is natural to reduce the carbon concentration even further to produce
better bainitic steels, which acquire their strength and toughness via the
submicron size grain structure of bainite. However, technology was not in
those days sufficiently advanced to cope with the necessarily higher cool-
ing rates required to produce bainite in very low carbon steels, as the steel
left the hot-rolling mill. The first system designed to accelerate the cooling
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rate of hot sheet steel as it leaves the mill, was at the United Steel Company
(UK), probably in an effort to reduce the length of the run-out table which
allows the strip to cool to a specified temperature before coiling; the faster
cooling was achieved using a laminar water jet system (Adcock, 1962). The
first papers discussing the metallurgical benefits of accelerated cooling
were presented in 1965 (Morgan et al., 1965). The technology of accelerated
cooling designed to produce partially or wholly bainitic microstructures in
very low carbon, microalloyed steels has been perfected within the last
fifteen years or so, and has resulted in the production of a new class of
steels which are the cause of much excitement (DeArdo, 1988).

An area of major success for bainite was in the sector of creep resistant
steels, where the so-called 2.25Cr-1Mo steel (Fe-0.1C-2.25Cr-1Mo wt%)
was known to be one of the best low-alloy steels in terms of creep
strength and microstructural stability (Miller et al., 1940). Of course, the
microstructural aspects of the steel may not have been appreciated in
those days, but on continuous cooling it transforms into carbide free
upper bainite. In most applications, the microstructure is then heavily
tempered at 700°C for several hours in order to stress relieve; the temper-
ing treatment and service at elevated temperatures causes the precipita-
tion of a series of metastable alloy carbides, which together with solid
solution strengthening by molybdenum, enhance creep resistance. Even
today, this particular alloy finds wide applications, especially the energy
generation industry (Lundin et al., 1982).

1.4 Summary of the Early Research

By the beginning of the sixties, bainite was generally regarded as a trans-
formation product differing significantly from various forms of proeutec-
toid ferrite as well as from pearlite and martensite. The results of the early
research can be summarised as follows (Fig. 1.7).

Bainite can be obtained by isothermal transformation at all tempera-
tures where the formation of pearlite and proeutectoid ferrite is sluggish,
and also at temperatures below the martensite start temperature. Upper
bainite, when it forms at relatively high temperatures, was found to con-
sist of sheaves of ferrite plates with cementite particles trapped between
the plates, whereas lower bainite also contained fine cementite particles
within the bainitic ferrite platelets themselves.

Observations using light microscopy indicated that the lengthening of
bainite sheaves occurred at a rate much slower than that at which marten-
site plates were known to grow. Bainite sheaves were found to have
irrational habit planes, the indices of which differed from those of mar-
tensite found in the same alloy. The orientation relationship between
bainitic ferrite and austenite was on the other hand similar to that
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Fig. 1.7 Flow chart illustrating some of the important milestones in the history of bainite.

between martensite and austenite. Bainite plates were never found to
cross austenite grain boundaries and the formation of bainite was, like
martensite, observed to cause the shape of the parent crystal to change.
This shape deformation is in present day terminology better described as
an invariant-plane strain.
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In steels where transformation to bainite could be carried out without
interference from other reactions, experiments demonstrated that the de-
gree of transformation to bainite decreases (ultimately to zero) and that
the time taken to initiate the reaction increases rapidly with increasing
isothermal transformation temperature. This led to the definition of a
‘bainitic start’ temperature (B,) above which there is no reaction. This
temperature was always found to lie well within the (metastable) oy
phase field. Other reactions could follow the bainitic transformation, but
in all cases, the rapid formation of bainite ceased prematurely before the
austenite was fully transformed.

The prevailing, albeit rather ill-defined concept of the bainitic reaction
as involving a martensitic type interface combined with diffusion con-
trolled growth had already led to the suggestion of bainitic reactions in
other (non-ferrous) alloy systems. In particular, the observation of surface
relief effects apparently combined with compositional changes in the de-
composition of some B-phase copper-zinc alloys had been used in a
pioneering paper by Garwood (1954-5) to identify this decomposition as
bainitic, and the difficulties in accounting for such a reaction in purely
substitutional alloys had been emphasised (Christian, 1962). This remains
an interesting and controversial aspect of transformation theory (Wu and
Wayman, 1986; Takezawa and Sato, 1986).

The early emphasis on the similarities between bainitic and martensitic
transformations still dominated the literature in the 1960s. The contrast-
ing views of Aaronson and co-workers were only beginning to emerge,
views which later led to considerable controversy some of which has
continued until the present time. Some of the dispute has only been
semantic, and thus of marginal importance; Ko’s proposal that the term
‘bainite’ should be extended to include Widmanstatten ferrite forming
with a shape change (thus satisfying what Aaronson has termed the shear
definition of bainite, but contravening the reaction kinetics definition)
falls into this category. The various disputes do, however, also concern
mechanisms, and are thus important. It is for example, necessary to estab-
lish whether all the observed ferrite particles which occur in steels grow
by essentially the same reconstructive transformation mechanism, or
whether there are useful mechanistic distinctions to be made between
coherent growth of ferrite initially supersaturated with carbon (bainite),
coherent growth of Widmanstitten ferrite under paraequilibrium con-
ditions, and incoherent growth of ferrite under local equilibrium con-
ditions. Calculations of microstructure for the purposes of alloy and
process design cannot be conducted with confidence in the absence of
such detailed information.
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One of the key characteristics of the eutectoid decomposition of austenite to
pearlite, is that the ferrite and cementite crystals grow cooperatively at a
common transformation front with the parent austenite. Their growth rates
are coupled, and their compositions are complementary in the sense that
the excess solute displaced as the ferrite grows is incorporated into the
cementite. All this is in stark contrast to the situation which prevails during
the growth of bainite. It is now well established that bainitic transformation
occurs in two separable stages, that of the growth of ferrite followed even-
tually by the precipitation of carbides. This chapter deals in detail with the
ferritic component of bainite, focusing on its morphology, crystallography,
constitution and kinetics. The term ‘ferrite’ is in the present context not
intended to carry any connotations about its carbon concentration during
growth. It simply reflects the fact that little or no excess carbon remains in
solid solution in bainitic ferrite, by the time that experimental measure-
ments become possible. The treatment of the carbides associated with the
bainite transformation is in the chapter that follows.

2.1 Sheaves of Bainite

2.1.1 Morphology

Both upper and lower bainite consist of aggregates of platelets or laths of
ferrite, separated by regions of residual phases consisting of un-
transformed austenite or of phases such as martensite or cementite which
form subsequent to the growth of bainitic ferrite (Fig. 2.1). The aggregates
of bainitic platelets are called sheaves (Aaronson and Wells, 1956), and the
individual platelets are sometimes called sub-units. The platelets within a
given sheaf may not be completely isolated from one another by the
residual phases, in which case low misorientation grain boundaries are
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Fig. 2.1 (a) Light micrograph illustrating sheaves of lower bainite in a partially trans-
formed (395°C) sample of a Fe-0.3C—4Cr wt% alloy. The light etching matrix phase is
martensite. (b) Corresponding transmission electron micrograph illustrating a sub-unit of
lower bainite.

formed along the surfaces where the platelets come in contact. This is
because within a sheaf, the sub-units all tend to be in a common crystal-
lographic orientation. A possible explanation for the fact that some of the
austenite adjacent to the bainitic ferrite remains untransformed at the
reaction temperature, is that its carbon concentration increases as a conse-
quence of transformation, to such an extent that the growth of bainite
eventually becomes thermodynamically impossible. If the starting carbon
concentration of the steel is large, then the formation of bainite ceases at
an earlier stage of the reaction, and the volume fraction of the residual
phases is then expected to be large.

The cluster of platelets which forms a sheaf is sometimes called a “pack-
et’ of bainite, because on the scale of light microscopy, fully transformed
grains of austenite appear to be divided into discrete regions (i.e., pack-
ets), within which the traces of the habit planes of bainite are parallel. The
term ‘packet’ has its origins in the description of lath martensite in low
alloy, low carbon steels, where laths of martensite are also found to be in
parallel formations (e.g. Chilton et al.,, 1970). The similarity in both
morphology and crystallography between lath martensite and upper
bainite has been noted in many investigations, but it also appears that
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Fig. 2.2 Schematic representation of a plate and of a lath.

there may be differences in the detailed crystallography (see below).
Bearing the mechanical properties in mind, it is important to distinguish
between groups of platelets with the same crystallographic orientation,
and those groups in which the platelets have mixed orientations. Matsuda
et al. (1968, 1972) refer to the former kind of grouping as a covariant packet.

Two-surface analysis involves the simultaneous observation of the
habit plane trace on two nonparallel surfaces, and other observations on
specimens partly transformed to bainite, show that the overall shape of a
sheaf on a macroscopic scale is in three dimensions like that of a wedge
shaped plate (Oblak et al., 1964; Srinivasan and Wayman, 1968b; Ohmori,
1971a; Bhadeshia and Edmonds, 1980a). The thicker end of the sheaf
originates at an austenite grain boundary. The microscopic sub-units
within a sheaf themselves have a lenticular plate or lath morphology (Fig.
2.2), whose form is most prominent near the edge or tip of a sheaf where
impingement effects are minimal. For the same reason, these features are
best observed in partially transformed specimens. The width of a sub-unit
near the tip of a sheaf is approximately the same as that near the original
nucleation site of the sheaf (i.e., an austenite grain surface), implying that
the sub-units grow to a limiting size. In the development of a sheaf, new
sub-units are most frequently nucleated near the tips of sub-units which
are already present, rather than on their sides. The overall morphology of
a sheaf is illustrated in Fig. 2.3.

When the sub-units are in the form of laths, each lath has its longest
dimension along the close packed direction of the ferrite which is most
nearly parallel to a corresponding close packed direction of the parent
austenite (Davenport, 1974). It is not clear why the sub-units sometimes
grow in the form of laths (e.g., Oblak et al., 1964; Ohmori, 1971a; Ohmori
and Honeycombe, 1971, Davenport, 1974) whereas on other occasions
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Fig. 2.3 Transmission electron micrograph of a sheaf of upper bainite in a partially
transformed Fe-0.43C-2Si-3Mn wt% alloy. (a) Light micrograph. (b, c) Bright field and
corresponding dark field image of retained austenite between the sub-units. (d) Montage
showing the structure of the sheaf.

they form as plates (Srinivasan and Wayman, 1968b, c; Ohmori, 1971b;
Bhadeshia and Edmonds, 1980a, Sandvik, 1982a). A qualitative impres-
sion from the literature is that the plate morphology tends to form at
lower transformation temperatures and larger carbon concentrations.
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SCHEMATIC ILLUSTRATION OF A SHEAF OF BAINITE
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Fig. 2.3 (e) Corresponding outline of the sub-units near the sheaf tip region.

This observation is consistent with more extensive data on martensitic
transformations (Fig. 2.4), where it is found that an increase in alloy
content, a decrease in the transformation temperature, or an increase in
the strength of the austenite favours the formation of plates rather than
laths (Kelly and Nutting, 1960; Davies and Magee, 1970a, b, 1971; Haeze-
brouck, 1987). Laverrouz and Pineau’s results (1974) indicate that the
plate shape is favoured as the strength increases, even though the trans-
formation temperature rises at the same time. The lath to plate transition
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Fig. 2.4 The martensite morphology as a function of the transformation temperature and
carbon concentration of Fe~Ni-C alloys (After Maki and Tamura, 1986).
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can also be induced by increasing the driving force (using a magnetic
field) without altering the transformation temperature (Korenko, 1973).1

The physical basis for such correlations is not clear, because the vari-
ables described are not always independent; for example, alteration of
alloy content inevitably changes the transformation temperature. It is
probable that the most important factor governing the lath to plate transi-
tion is the strength of the austenite and hence the extent to which the
shape change is plastically accommodated. Lath martensite has always
been associated with extensive plastic accommodation, which (like the
sub-units of bainite) stifles the growth of the lath before it encounters any
strong obstacles such as grain boundaries.

This hypothesis has been developed in detail by Haezebrouck (1987);
he proposed that a plate shape is promoted by rapid radial growth and a
high yield stress in the parent phase. Both of these factors favour elastic
growth. A high growth rate is equivalent to a high strain rate, whence
yielding becomes more difficult. When the particle size is small, the radial
growth is expected to be elastic, but the extent to which elastic growth can
be sustained as the particle grows depends on the flow behaviour of the
austenite. The effect of plasticity is to cause the radial growth to arrest. If
plasticity sets in at an early stage of growth, it is assumed that lath
martensite is obtained since, consistent with experimental data, the lath
ceases growth before encountering a grain boundary. Haesebrouck dem-
onstrated that his model is consistent with all available experimental data
(including the Korenko experiment, since an increase in driving force
leads to an increase in growth rate, which promotes elastic growth).
While the model clearly explains growth arrest, it does not really address
the issue of the shape transition. A plate to lath transition depends on a
change from isotropic to anisotropic radial growth. More work is needed
to resolve this perplexing issue.

Returning now to the general characteristics of the bainite morphology,
it is found that in some cases, lower bainite sheaves seem to develop with
a macroscopically planar interface on just one side of each sheaf (Oblak
and Hehemann, 1967; Srinivasan and Wayman, 1968c). The same effect
has been found in lath martensite in an iron-nickel-manganese alloy
(Sandvik and Wayman, 1983). In other cases, the thickening of sheaves
has been observed to occur from both sides of the habit plane (Speich,
1962). The aspect ratio (thickness/length) of such sheaves is known to
decrease with the transformation temperature but is not sensitive to the

1 Some early theories where it was suggested that a lowering of austenite stacking
fault energy, or the onset of tetragonality in martensite, correlate with the mor-
phological transition from lath to plate seem to lack in generality — see review
by Haezebrouck (1987).
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Fig. 2.5 Qualitative trends in microstructure as a function of the transformation
temperature.

substitutional alloy content, at least for the relatively low alloy steels that
have been studied to date (Speich, 1962; Irvine and Pickering, 1965;
Hawkins and Barford, 1972). The number of platelets within a sheaf also
increases as the transformation temperature is reduced (Sandvik, 1982a),
presumably reflecting a reduction in platelet width. The aspect ratio
seems to increase slightly as the volume fraction of bainite increases
during isothermal transformation (Tomita and Okabayashi, 1985a, b). The
sheaf width decreases with transformation temperature (Naylor and
Krahe, 1974; Miihkinen and Edmonds, 1987a), although the sub-unit wid-
th is not influenced by either the austenite grain size or the bainite sheaf
size (Lonsdale and Flewitt, 1978; Miihkinen and Edmonds, 1987a). Similar
effects are found with martensite but their detailed explanation is not yet
available (Roberts, 1970; Carlson et al., 1979). The microstructural varia-
tions with temperature are summarised in Fig. 2.5.

2.1.2  Stereology

The ‘grain size’ of bainite usually has to be characterised by measure-
ments made on random planar sections of the microstructure, as ob-
served using a transmission electron microscope with replica or thin foil
specimens. In such sections, the ferrite plates appear approximately _
parallel sided, and the thickness is then measured in a direction normal
to the long edges of the plates. The average value of the measurements
is taken to represent a ‘grain size’, which is really an apparent plate
thickness. The procedure is useful in characterising any qualitative
trends in microstructure, but obviously ignores stereological consider-
ations. For example, if a platelet is represented as a disc of radius r and
thickness t with r >> t, then the mean intercept length is given by L, = 2¢,
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and the mean intercept area is given by A = 2rt (Fullman, 1953). Note
that the intercepts are in this case random with respect to the orientation
of the microstructure.?

The specific manner in which the grain size of an anisotropic structure
is defined is somewhat dependent on the application. For example, in
considering the strengthening due to lath boundaries, it is appropriate to
examine the dimensions of the available slip planes within individual
platelets (Naylor, 1979; Daigne et al., 1982). If it is assumed that there is a
random distribution of slip plane orientations with respect to the lath
axes, the grain boundary strengthening effect (c,) is found to be of the
form G, = kgM—l, where k_ is a constant and M is the mean value of the
larger diameter of a slip plane. This behaviour is different from the classi-
cal Hall-Petch relation where it is the inverse square root of grain size
which matters, as discussed further in Chapter 10.

There is some uncertainty about the influence of carbon on the grain
size of bainite. Pickering (1958) found the size to be independent of car-
bon concentration for bainite produced during continuous cooling trans-
formation, although Davenport (1974) states (without citing evidence)
that it is a well known effect that the size decreases with carbon con-
centration. In fact, the apparent thickness of bainite is in general found to
increase with transformation temperature from about 0.2 um to 2 um as
the transformation temperature changes from 425°C to 570°C respec-
tively, for a Fe-0.22C wt% commercial steel and similar data have been
reported for other steels (Ohmori et al., 1971; Kunitake et al., 1972;
Kamada et al., 1976; Sandvik and Nevalainen, 1981; Sandvik, 1982a).
Whether this reflects a change in the plate aspect ratio is not clear. It is
noteworthy that the width of laths of martensite in steels has been re-
ported to decrease as a function of the martensite start temperature, when
the latter was varied either by altering pressure (Vyhnal and Radcliffe,
1967) or by altering the carbon concentration (Speich and Warlimont,
1968).3 This is consistent with the general trend for bainite, where the
plate width seems to decrease with transformation temperature.

Bainitic ferrite formed at high temperatures often contains sub-grain
boundaries, the sub-grain size becoming finer for bainite formed at lower

2 A lath shape may be represented as a rectangular parallelepiped of dimensions
a, b, and ¢ with a > b > c. The corresponding mean intercepts are then given by
(Myers, 1953; Mack, 1956):

L, = (2abc)/(ab + be + ca)
A = (abc)/(a+b+c)

3 For reasons not understood, alloys of iron which contain little or no carbon
apparently do not show any variation in martensite lath width as a function of
the martensite-start temperature (Roberts, 1970).
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temperatures (Pickering, 1958). The boundaries are probably a conse-
quence of the recovery (polygonisation) of the dislocation structure intro-
duced during transformation at high homologous temperatures.

2.2 Dislocation Density

There is little doubt, and considerable circumstantial evidence, that
bainite has a ‘high” dislocation density, although there are few quantita-
tive data to support this. Smith (1984) has shown using transmission
electron microscopy, that a Fe-0.07C-0.23Ti wt% alloy the estimated B,
temperature of which is about 650°C, when isothermally transformed to
allotriomorphic ferrite at 800°C has a mean dislocation density of =
0.5x101* m=2, whereas when the same alloy is transformed to bainite at
650°C, the dislocation density obtained is = 4x10'* m-2. These figures
compare very well with data reported by Graf et al. (1985); using accurate
and detailed transmission electron microscopy, they found that the mean
dislocation density of bainite in a Fe-0.11C-1.5Mn wt% steel transformed
by continuous cooling is about 1.7x10'4 m-2, whereas that of allo-
triomorphic ferrite was found to be 0.37x1014 m-2. It is particularly signifi-
cant that the dislocation density in bainite is found to be higher than that
in allotriomorphic ferrite which has formed at a similar transformation
temperature (Oblak and Hehemann, 1967).

The relatively high dislocation density associated with bainitic ferrite is
often attributed to the fact that it forms by a shear mechanism, on the
grounds that this necessitates the deformation of the parent lattice by dis-
locations, which are then somehow incorporated into the product phase.
This reasoning is however, incorrect since the dislocations that are respons-
ible for the transformation and for the lattice-invariant deformation are
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Fig.2.6 Schematic illustration of a perfect invariant-plane strain surface relief (a) and one
where plastic relaxation of the shape change occurs in the adjacent matrix (b).
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Fig. 2.7 Intense dislocation debris, at and in the proximity of the bainitefaustenite
interface.

located and remain in the interface between the parent and product lattices.
Indeed, there are many such transformations where few dislocations are to
be found in the product phase (e.g., thermoelastic martensites).

If the shape deformation accompanying displacive transformation is
accommodated at least partially by plastic relaxation then the resulting
dislocation debris introduced into the austenite can in principle be inher-
ited by any bainite that forms subsequently. The bainitic ferrite may itself
undergo plastic relaxation, since the yield stresses of both ferrite and
austenite decrease with increasing transformation temperature. Plastic
relaxation of the shape change has been observed experimentally
(Srinivasan and Wayman, 1968b). When pre-polished samples of aus-
tenite are transformed to bainite, the adjacent austenite surface does not
remain planar, but instead exhibits curvature which is characteristic of
slip deformation (Fig. 2.6). Observations of the transformation using hot-
stage transmission electron microscopy have revealed that the growth of
bainite is accompanied by the formation of dislocations in and around the
bainite (Nemoto, 1974), and direct observations of the austenite/bainitic
ferrite interface (Fig. 2.7) also provide evidence of plastic accommodation
in both phases (Bhadeshia and Edmonds, 1979a). Sandvik and
Nevalainen (1981) have demonstrated that the austenite adjacent to the
bainitic ferrite undergoes twinning deformation, and that the density of
twins increases as the transformation temperature decreases. The plastic
accommodation is also believed to be responsible for the lower residual
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stresses in samples which are bainitic compared with those transformed
to martensite (Diesburg et al., 1981).

The dislocation density of bainitic ferrite seems to increase as the trans-
formation temperature is reduced (Pickering, 1967), although there are
few quantitative data to this effect. X-ray line profile measurements show
that the lattice strain (due to the presence of dislocations) increases as the
transformation temperature decreases (Fondekar et al., 1970). These can
be used to estimate the dislocation density p,; for the low alloy steel used
by Fondekar et al., isothermal transformation to bainite at 300, 360 and
400°C gave dislocation densities of 6.3x1015, 4.7x10?5 and 4.1x1015 m-2
respectively.

Finally, it is pertinent to note that in addition to dislocation debris, the
plastic accommodation effects also induce faulting (Bhadeshia and
Edmonds, 1979a) and twinning (Sandvik, 1982a) in the austenite adjacent
to the bainitic ferrite, in a manner similar to that found in association with
martensitic transformations (Jana and Wayman, 1970).

2.2.1 Quantitative Estimation of Dislocation Density

The meagre dislocation density data available for bainitic ferrite are not in
themselves sufficient to obtain a reliable quantitative relationship of the
density as a function of temperature or other variables. If it is assumed
that for low alloy steels, the dislocation density depends mainly on trans-
formation temperature, and that the main effect of temperature (in this
context) is in altering the strengths of the parent and product phases, then
a general relation could be derived using data on all of the displacive
transformations in steels. This seems justified because the magnitudes of
the shape deformations involved in the variety of reactions does not vary
much.

Hence, if the data reported by Kehoe and Kelly (1970) for martensite
are combined with those reported by Smith and Fondekar et al., the
following empirical relation, applicable over the range 570-920 K, is ob-
tained for the dislocation density in ferrite as a function of temperature
(Fig. 2.8):

logqo {p} =9.28480 + (6880.73/T) — (1780360/T?2) 2.1

where p is the dislocation density in m2, and T is the reaction tempera-
ture in K (Takahashi and Bhadeshia, 1990). For the martensite, the trans-
formation temperature was taken to be the M, temperature. Although the
dislocation densities of martensite measured by Norstrom (1976) are also
plotted in the Fig. 2.8, those data were not used in deriving the above
expression because of uncertainties in the method used to assess the
thickness of the thin foil samples used.
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Fig. 2.8 Changes in the dislocation density of bainitic ferrite (open circles) and martensite
(solid circles) as a function of the reaction temperature. The cluster of points which lie
below the curve are due to Norstrom (1976). The other data are due to Smith (1984),
Fondekar et al. (1970) and Kehoe and Kelly (1970).

2.3 Chemical Composition

2.3.1 Substitutional Alloying Elements

It is generally accepted that there is no long range redistribution of sub-
stitutional alloying elements during the growth of bainitic ferrite. See for
example, Aaronson and Domain (1966), where some of the electron
microprobe analysis results refer to bainitic ferrite. The bulk substitution-
al alloy content of the bainitic ferrite was found to be identical to that of
the parent austenite. A variety of other results using the atom probe
technique, on steels containing silicon, nickel, manganese, chromium or
molybdenum, confirm that there is no bulk partitioning of substitutional
alloying elements during the formation of bainitic ferrite (Bhadeshia and
Waugh, 1981, 1982; Stark et al., 1988, 1990; Josefsson and Andren, 1988,
1989). One set of atom probe experiments (Bach et al., 1980) apparently
indicated the opposite conclusion, namely that there is a redistribution of
chromium and molybdenum during the formation of bainite. These re-
sults are however, doubtful since they indicate an enrichment of these
alloying elements on both sides of the transformation interface. Indeed,
the measured concentrations in both phases sometimes exceeded the
average concentrations in the alloy used.



32 Bainite in Steels

ASSAALAAAALLAN ALY
ARNAAAANIANNNNNNANNNY
ASSRANANNNANNNNNCNNNN
AIASINANANVANNNNNNNNY
AN ANARANANNNN NN
SISAIAININNNANANNNNNN
AAAIIAANANVNNNNNNNNNY
ARARRIANANINNNNNNNNNN!
ASAIRVINNNALNAANNNNNNNY
ARARARANANANNNNNRNNNNN
AAAAARINNANALNANNNNNNN

AAAASIIVAANNNANNNNNN AN
AN AIINIALINNNLNN LAY
AAAAAAAALANAALANNLNNNAN NN
IAAAIIIRANALLAANNLLRANNNNY
ASIAZIRANIILNNNNNNNNLNNNN
AASIIIZIINNANLNNNANNNNLNN
'Y AN ARNANANNLLNNNNNNNAN
A AANAAAAATANAN LIV
ARSAANAMANAVFWNNNNNNN NN AN
R Y
I AAARAILANANNNNANNNNY
AN AAAANANNA N L NAN NN
AAATARLLLLALLLLLLLLLLNA LN,
AAIIIIIIANNALLLLLLCNNLNA NN
AAAIAAAAAAALLAANANNN LN,
AEAAAAAAAANAAANANANNNNNNNNY

—
Y
~
—
o
~

N N SINNASNSN AAAAAAAAANANAANANNANANN AN
SR INANANANNNLNNNN SAN AAANNANNAANNNNAAY
SIINILLANNNNNNNNNY S\ SANANAANANANNNNNY
AIRIIAAIANANNLNANNNANY AN SARNANAANNNNANANY
AN N AAAAAAAAALANNNRANNNLLN N NNy
SN AAAINANANIAANAALAN N AN
AN NAAALAAANNAAN NN AAAANAANANANAANNANNNNNNNN Y
AR AANAANAAA NN ANV ASAAAIANANANNANNANNNN NN NN Y
AR SAASAAANNAN AAAAINAAALAANANNNA NN AN NN
AR R AR
SN ANALANLANNNAN N AN AAAAAAAANANAAANNNNANNN ALY
INAANNNANY BRANANNANNN AAANAANAANA AL LNNNNNRA NN
INAANNANNY MAARAANANAY SAAAANNAAAN AAANNAANNANNN
R RRRR R RRNRR
RN NN
[EIIIRNNNNNNINNNNNNY AAAAANANNAAANANNAN NN NN NN
ARRRNR RRRIRRIN
AN ALAANAA AN AN AN IIAINAAAANAAAANNN NN
AN AAAVIINANALAAANNANNANNNNN Y

ANAAAANAANANA LA N NN NN\
NI INNANANANNNY AN ANIANANNNNNNNANANNNN Y
I IINNANANNY AANANAAANANANANANANA NN
N ONNNY SANAAAN B RN

(c) (d)

Fig. 2.9 Schematic illustration of the mass transport necessary to achieve reconstructive
transformation, in both pure metals and alloys. Steps (a) to (b) represent displacive
transformation, whereas (a) to (d) represent reconstructive transformation. The mass
transport illustrated in (c) eliminates the shape change due to the shear.

The behaviour of the atoms on substitutional sites during transfor-
mation is critical in specifying the mechanism of change. The iron and
substitutional atoms (X) do not diffuse during displacive transformation,
so that the ratio of Fe/X atoms is expected to be constant throughout a
transforming crystal, even on the finest conceivable scale.

During reconstructuve transformation, the atoms transfer across the
interface in an uncoordinated manner which accomplishes the required
lattice change and simultaneously ensures a minimisation of the strain
energy. This requires the thermally activated migration (in the interface
region at least) of all the atoms, irrespective of whether the transfor-
mation occurs in a pure metal or in an alloy (Fig. 2.9). There will normally
be a volume change associated with the stress free change of structure,
and at sufficiently high temperatures this may be compensated by a flux
of vacancies (and an opposite flux of atoms) between the growing precipi-
tate and the dislocations, grain boundaries and (ultimately) the free sur-
face of the parent phase. At temperatures where the rate of diffusion in
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Fig. 2.10 A comparison of the mobilities of iron and substitution solutes relative to that of
carbon (in austenite at a concentration of 0.4 wt%), in FCC and BCC iron, over the bainite
transformation temperature range (data from Fridberg et al., 1969).

the parent phase is inadequate for such an adjustment, reconstructive
growth with minimum strain energy will still be possible if the precipitate
has a lenticular (tapered plate) shape, and the reconstruction takes place
in such a way that the volume change is simply an expansion or contrac-
tion normal to the plane of the lens. This can be achieved by atomic
migration entirely within, or in the limit around, the particle. Reconstruc-
tive growth is, however, scarcely feasible unless all atoms have some
mobility in the incoherent interface, roughly equivalent during the time of
growth to a diffusion distance of the order of magnitude of the dimen-
sions of the particle.

This necessary mass flow has been described as ‘reconstructive dif-
fusion’ and the two classes of transformation have been called ‘diffusio-
nal’ and ‘displacive’ (Bhadeshia, 1985b) in place of the older divisions,
mentioned above, into ‘reconstructive’ and ‘displacive’ or ‘civilian” and
‘military’. Bainite was one of the first transformations for which this
wider classification was needed to replace the original division into nu-
cleation and growth’ and ‘martensitic’ transformation, (see Christian,
1965a, b, 1975). The term ‘diffusional transformation’ is avoided here
since it refers only to the motion of the Fe+X atoms. If diffusional is used
as one main category, there is the apparent paradox that a displacive
transformation in which there is segregation of carbon during growth has
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to be described as ‘non-diffusional’ even though the growth rate might be
controlled by the diffusion rate of carbon!

In an alloy in which there is some atomic mobility within the parent
phase, the reconstruction provides an opportunity for the solvent and
solute atoms to redistribute between the two phases. However, in a sys-
tem such as Fe-C-X, the diffusion rate of carbon in the austenite may be
many orders of magnitude greater than that of a substitutional atom in
the temperature range of interest (Fig. 2.10) and these very different rates
of atomic migration mean that true equilibrium segregation with regard
to all components may not be produced at a migrating interface. It is,
however, possible to envisage growth under diffusion control with local
equilibrium at the interface in the sense that the compositions of the two
phases are joined by a tie line of the equilibrium diagram, even though
this tie line does not pass through the point representing the initial (or
average) composition of the alloy. When these kinetic restrictions apply,
the two phases may differ either significantly or negligibly in substitu-
tional solute content. A qualitative analysis for ternary steels was first
developed by Hillert (1953), and a simplified quantitative theory in which
diffusion cross terms are neglected was developed by Kirkaldy (1958),
Purdy et al. (1964), and Coates (1972); the effect of the cross terms was
later examined by Coates (1973a, b). The theory shows that for the dif-
fusion controlled growth of ferrite from austenite in an Fe-C-X alloy with
initial composition near the y/o+y phase boundary (i.e. with a small
supersaturation), the tie line selected will have the carbon composition of
the austenite at the interface almost equal to that of the bulk alloy so that
the activity of carbon is nearly constant in the austenite, thus reducing the
driving force for carbon diffusion almost to zero. There will be a con-
centration gradient of the substitutional solute ahead of the interface (Fig.
2.11), resulting in appreciable partition, and the relatively slow growth
rate will be determined by the diffusion rate of this solute. For large
supersaturations, the tie line will have the Fe+X composition of the ferrite
virtually identical with that of the bulk austenite, partitioning of the sub-
stitutional solute will be extremely small, with a relatively fast growth
rate. These are referred to as the partitioning local equilibrium (P-LE) and
negligible partitioning local equilibrium (NP-LE) growth modes respec-
tively (Purdy et al., 1964; Coates, 1973b), and for a high ratio of the
diffusivities, the theory predicts an abrupt transition from one to the other
as the supersaturation increases.

In the NP-LE mode, the concentration of X is uniform except for a small
‘spike’ in the parent phase adjacent to the interface. As the ratio of inter-
stitial: substitutional diffusion rates increases, the width of this spike
decreases, and when it becomes of the order of atomic dimensions, the
concept of local equilibrium at the interface is invalid and has to be
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Fig. 2.11 Schematic illustration of the composition variation expected in the vicinity of
the transformation interface, for a variety of growth mechanisms.
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replaced (assuming the growth is nevertheless diffusion controlled) by
that of paraequilibrium (Hultgren, 1951; Rudberg, 1952; Aaronson et al.,
19664, b). In conditions of paraequilibrium, there is no redistribution of
Fe + X atoms between the phases, the Fe/X ratio remaining uniform
right up to the interface. One interpretation of the paraequilibrium limit
is that reconstructive transformation occurs with all displacements of
the Fe+X atoms taking place in the incoherent interface; another inter-
pretation might be that only displacive transformation can occur. In
either case, to quote from Coates, ‘the slower diffuser and the solvent
participate only in the change of crystal structure’. Paraequilibrium im-
plies that the growth rate is controlled by the interstitial diffusivity, the
interface compositions now being given by the tie lines of the pseudo-
equilibrium between the two phases under the constraint of a constant
Fe/X ratio.

In conclusion, the experimental evidence that bainitic ferrite has the
same bulk substitutional content as its parent austenite is consistent
with both reconstructive and displacive mechanisms for the change in
crystal structure. However, reconstructive transformation with local
equilibrium (or indeed any state between local and paraequilibrium)
requires some perturbation of the substitutional solute content in the
proximity of the interface. Very detailed atom probe experiments which
have a chemical and spatial resolution on an atomic scale (Bhadeshia
and Waugh, 1981, 1982; Stark et al., 1988, 1990; Josefsson and Andren,
1988, 1989) have all failed to show any evidence of such redistribution of
alloying elements (Cr, Mn, Mo, Ni, Si) at the interface between bainitic
ferrite and austenite (Fig. 2.12). These experiments were all based on
steels where other reactions, such as the precipitation of carbides, do not
interfere with the formation of bainitic ferrite. Measurements of the
growth rates of grain boundary allotriomorphs of ferrite from austenite
in alloy steels under conditions where bulk segregation is not observed
(e.g. Kinsman and Aaronson, 1973; Bradley et al., 1977) indicate calcu-
lated thicknesses of the spike of much less than 0.1 nm, and although
these results are complicated by the effect of grain boundary diffusion,
they are in general agreement with the concept that the lattice diffusion
rate is inadequate to sustain local equilibrium at the growing interface.
Only at temperatures above 600°C, has the segregation of some (though
by no means all) substitutional elements been obtained in grain bound-
ary allotriomorphs (Aaronson and Domian, 1966b). Allotriomorphs are
agreed to form by reconstructive mechanisms, but the absence of bulk
segregation at moderately high transformation temperatures reinforces
the belief, derived from the observed shape change, that bainitic ferrite
forms at lower temperatures by a displacive rather than a reconstructive
mechanism.
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Fig. 2.12 Imaging atom-probe micrographs, taken across an austenite-bainitic ferrite
interface in a Fe~C-Si—-Mn alloy. The images confirm quantitative data (Bhadeshia and
Waugh, 1982) showing the absence of any substitutional atom diffusion during transfor-
mation. (a) Field-ion image; (b) corresponding silicon map; (c) corresponding carbon map;
(d) corresponding iron map.

2.3.2 Interstitial Alloying Elements

A particular experimental difficulty with the bainite transformation is
that in the case of upper bainite at least, it is almost impossible to say
anything about the initial carbon content of the ferrite. This is because the
time taken for any carbon to diffuse from the supersaturated ferrite into
the austenite can be very small. For the moment we refer to the interstitial
content of bainitic ferrite after transformation. As will be seen later, the
concentration during transformation is likely to be different.

Internal friction experiments indicate that the amount of carbon which
associates with dislocations in bainitic ferrite increases as the transformation
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Fig. 2.13 Atom probe determinations of the carbon and silicon concentrations of bainitic
ferrite in an Fe-C-Mn-Si alloy transformed to upper bainite (Bhadeshia and Waugh,
1982). The average carbon concentration in the alloy is 1.93 at.%, so that all concentra-
tions below the level are measurements from bainitic ferrite. Note that they are all signifi-
cantly larger than would be expected from equilibrium.

temperature decreases, but is independent of the average carbon con-
centration in the steel, at least in the range 0.1-0.4 wt%C (Pickering, 1967).
This is consistent with the observation that the dislocation density of
bainitic ferrite increases with a decrease in transformation temperature.
The insensitivity to the alloy carbon concentration is because most of the
carbon ends up in the residual austenite. The results also show that at
some stage during the evolution of bainitic ferrite, it must have contained
a higher than equilibrium concentration of carbon.

These observations have been confirmed directly by using microanalysis
on an imaging atom probe, which has demonstrated quantitatively (Fig. 2.13)
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that the post-transformation carbon content of bainitic ferrite tends to be sig-
nificantly higher than equilibrium (Bhadeshia and Waugh, 1982; Stark et al.,
1988, 1990; Josefsson and Andren, 1988, 1989).

2.4 Crystallography

The properties of bainitic steels are believed to depend on the crystal-
lographic texture that develops as a consequence of transformation from
austenite. As an example, the ease with which slip deformation is trans-
mitted across the adjacent platelets of bainitic ferrite must be related to
their relative orientation in space. Bainite grows in the form of clusters of
platelets called sheaves, with little misorientation between the platelets
within any given sheaf. Where they touch, adjacent platelets are sepa-
rated by low misorientation grain boundaries.

The relative orientations of the bainitic ferrite and its parent austenite
are always close to the classic KS (Kurdjumov-Sachs, 1930) and NW
(Nishiyama-Wasserman, 1934) relationships (Fig. 2.14), although as will
become evident later, they can never be exactly KS or NW. These two
rational relations differ only by a relative rotation of 5.25° about the
normal to the parallel close-packed planes of the two structures, and the
exact relative orientation is found in martensites to be intermediate and
irrational, as is predicted by the crystallographic theory. High accuracy is
required to compare theory with experiment since the predicted orienta-
tion relation is insensitive to input parameters such as lattice spacings or
lattice invariant deformation. In the case of bainite, as in that of lath
martensite, such precision is difficult to achieve partly because of the

110100

Fig. 2.14 Sterographic representation of the (a) Kurdjumov—Sachs and, (b) Nishiyama—
Wasserman orientation relationships. Note that NW can be generated from KS by a
rotation of 5.25° about [0 1 1],
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Fig. 2.15 An illustration of the Bain deformation. (a) Conventional face centered cubic
unit cell. (b) Relation between the FCC and body centered tetragonal unit cell represen-
tations of austenite. (c) Bain strain deforming the austenite lattice into a body centered
cubic lattice.

experimental difficulties in retaining austenite and partly because of the
high dislocation densities.

In spite of these difficulties, it is significant that the experimental data
always lie well within the ‘Bain region” which encompasses the KS and
NW relationships. The Bain strain is the pure part of the lattice defor-
mation which for displacive transformations in steels converts austenite
into ferrite or martensite (Fig. 2.15, Bain, 1924). During the Bain strain,
no plane or direction is rotated by more than 11° so that any pair of
corresponding planes or directions may be made parallel by utilising a
lattice deformation in which the Bain strain is combined with a rotation
of not more than 11° (Crosky et al., 1980). This defines the Bain region,
and for a displacive transformation, it is expected that the experimen-
tally observed orientation relation will lie within this region. This need
not be the case for reconstructive transformations, and allotriomorphic
ferrite in steels is known to grow into austenite grains with which it has
an orientation which is random or outside of the Bain region (King and
Bell, 1975). Hence it is very significant that bainitic ferrite always ex-
hibits an orientation which is close to KS or NW, and well within the
Bain region.
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Fig. 2.16 Transmission electron micrograph showing an allotriomorph of ferrite at an
austenite grain boundary. The allotriomorph is related to the austenite grain vy, by an
orientation relationship which is close to KS, but is randomly orientated with respect to
the other grain vy,. Consequently, a bainite plate has been able to nucleate from the
allotriomorph only on the side where the orientation is suitable.

There is an interesting consequence of the requirement that bainite
must have an orientation with the austenite, which is within the Bain
region. It is accepted that allotriomorphic ferrite, during austenite grain
boundary nucleation, must also grow with an orientation relationship
which is close to KS or NW in order to minimise the activation energy for
nucleation. On the other hand, the growth of such ferrite occurs by a
reconstructive mechanism, and occurs most rapidly along austenite grain
boundaries with which the ferrite has a random orientation. It therefore
grows selectively away from its original nucleation sites, so that it has a
random orientation with the austenite along a large fraction of its inter-
face with the austenite. It is then found that bainite can only nucleate
directly from allotriomorphic ferrite if the latter is in the right crystal-
lographic orientation (within the Bain region), but as expected, not when
the orientation is random (Fig. 2.16).
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Pickering (1967) has suggested that the crystallography of bainite can
be explained if the individual platelets or laths adopt different variants of
the NW or KS orientations, such that the ferrite orientations within a
sheaf can be generated simply by rotation about the normal to a specific
close packed plane of the austenite. In this way, the bainite laths may
nucleate side by side in rapid succession, the transformation strains deter-
mining the variant and hence the exact sequence. This early work was
based on measurements of only ferrite—ferrite orientation relations, since
the specimens may have contained only thin films of austenite which are
observable only with high resolution microscopy. However, it must be
admitted that results from more recent work in which measurements of
the direct austenite—ferrite relations have been made are still rather con-
tradictory. There is general agreement that adjacent platelets or laths in
bainite all have a {1 1 0}, plane parallel (or almost parallel) to the same
close-packed {1 1 1}, and that the macroscopic habit plane is near to
{111}, in upper bainite but is irrational in lower bainite. Most investiga-
tors (e.g. Bhadeshia and Edmonds, 1980a; Sandvik, 1982a) find all the
platelets within a sheath or ‘sub-packet’ to have a common orientation,
but Sarikaya et al. (1986) claim that whilst some groups of adjacent laths
have a common orientation, others have either different variants of the
orientation relationship, or in lower bainite are twin-related. Similar dis-
crepancies exist in crystallographic measurements on lath martensite
where three types of orientation relation between adjacent laths of a
packet are reported by some workers (Eterasivili et al., 1979; Sarikaya et
al., 1986) and only one common orientation by others (Wakasa and Way-
man, 1981; Sandvik and Wayman, 1983).

When there is a common orientation, the platelets within a sheaf have
small misorientations; there is also an appreciable spread of orientation
within a single platelet because of its high dislocation density. Direct crys-
tallographic analysis indicates that all platelets within a ‘sub-packet’ have
an irrational orientation with the austenite which is rather closer to NW
than to KS (Sandvik, 1982). Moreover, the shape deformations of all the
platelets are identical, Fig. 2.17, in agreement with earlier work (Srinivasan
and Wayman, 1968b; Bhadeshia and Edmonds, 1980a). One further crystal-
lographic observation made by Sandvik is of considerable interest. He
found that twins formed in the austenite adjacent to the ferrite, and that the
ferrite laths were able to grow through the twins, producing a reorientation
of the lattice and also displacing the direction of the twin boundaries in the
manner expected for a displacive (shear) transformation.

Similar results for the relative orientations of adjacent platelets were
obtained in a careful examination of lath martensite by Sandvik and
Wayman, using an iron-nickel-manganese alloy which contained appre-
ciable retained austenite (Sandvik and Wayman, 1983). They found that
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Fig. 2.17 (a) Nomarski differential interference contrast micrograph showing the general
surface displacements due to upper bainite. (b) Higher magnification Nomarski image
showing identical surface relief for all the sub-units within a given sheaf. (c) Sandvik’s
experiment showing the displacement of twin boundaries (parallel to the black line) caused
by individual sub-units of bainite. The ferrite variants b1 and b2 belong to separate
sheaves.
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although the laths had slight relative misorientations of up to 2°, they all
exhibited the same variant of the parent-matrix orientation relation, and
thick layers of austenite between adjacent laths indicated that the laths
did not form as a result of self accommodation of their shape strains. This
form of lath martensite thus seems to be very similar, in substructure at
least, to the bainite investigated by Sandvik.

One possible reason for a common orientation might be that the indi-
vidual platelets of a sheaf are not separate crystals but are continuously
connected portions of the growth front of one original nucleus. At the
relatively high temperatures at which bainite (and lath martensite) form,
the shape change may cause plastic deformation of the structure leading
to copious generation of dislocations which stops the forward growth of a
platelet after it has attained a certain size. ‘Nucleation’ of a new platelet
would then simply be resumed growth caused by breakaway of a part of
the original interface in a region near but not at the tip. In bainite, the
growth would resume only after some carbon had been rejected from the
ferrite into the austenite and would be most likely where pinning by
dislocation debris is minimal and where the driving force is highest due
to rapid dispersion of the carbon rejected to the austenite.

An alternative model is that the individual platelets are completely
separated from each other by thin layers of austenite, so that each is
separately nucleated, but always in the same orientation. In general, the
stress field at the tip will favour renucleation in the same variant, whereas
that at the side of the platelet will favour another variant (Fig. 2.18). The
nucleation of other variants is of course essential if self-accommodating
groups are to form, and thus must be suppressed for some reason,
perhaps because adjacent sheaves are formed together in a self-
accommodating fashion. At present, there is insufficient evidence to de-
termine whether either of these speculative descriptions is valid, although
Srinivasan and Wayman, Sandvik, and Sandvik and Wayman all claimed
that the individual laths in their specimens were isolated from each other
by retained austenite.

As already mentioned, early conclusions about mutual accommodation
may have applied to sheaves rather than to platelets in each sheaf.
Sandvik measured the misorientations between neighbouring ‘sub-
packets’ (presumably neighbouring sheaves) in one ‘packet’ of his bainitic
alloy and found that these correspond to different variants of his irration-
al orientation relation in which the same austenite {1 1 1} plane is parallel
to a ferrite {1 1 0} plane. The six variants which satisfy this condition lead
to four different relative orientations, one of which is only 3° from the
original orientation and the others are respectively 8°, 11° and 14° away
from a twin orientation. Sandvik comments that the first misorientation is
difficult to detect, and that it is difficult to distinguish the remaining three
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Fig. 2.18 Stress field contours of a martensitic particle lying in the xz plane with the
transformation shear in the x direction. The positive signs represent regions where plates
with the same shear direction are favoured, whereas the regions with the negative signs
favour the formation of accommodating variants (Olson and Owen, 1976).

from each other. He also comments that only the variant with orientation
relation 14° from a twin relationship gives efficient self-accommodation,
and this was observed fairly infrequently. Adjacent sub-packets are thus
attributed to random association, although it is not clear why they should
then all have the same pair of parallel close packed planes. Sandvik and
Nevalainen have also suggested that adjacent sheaves of bainitic ferrite
are approximately twin related, and correspond to variants of a near NW
orientation. Recent transmission electron microscopy by Josefsson (1989)
has confirmed these observations in a Fe-Cr-Mo-C steel.

24.1 Autocatalytic Nucleation

Autocatalytic nucleation is a term commonly associated with martensitic
transformations (Raghavan and Entwisle, 1965; Magee, 1970). The nuclea-
tion of martensite in steels is believed to begin at structural imperfections in
the parent phase, such as arrays of dislocations. These are the pre-existing
defects which, on cooling below the M, temperature dissociate into suitable
partial dislocations in a way which leads to the nucleation of martensite
(Olson and Cohen, 1976a—c). The defects are not all identical (they vary in
potency) and are stimulated to grow into plates of martensite at
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Fig. 2.19 A burst of autocatalytic martensitic transformation in a Fe=30Ni-0.31C wt%
alloy. Such bursts are not observed during bainitic transformation.

different degrees of undercooling below the M, temperature. This is the
cause of the classical behaviour observed for athermal martensitic re-
actions, in which the volume fraction of martensite varies only with the
undercooling below M..

Detailed analysis reveals that the initial number density of pre-existing
defects typically found in austenite is not large enough to explain the
kinetics of martensitic transformation. The extra defects necessary to ac-
count for the faster than expected transformation rates are attributed to
autocatalysis: when plates of martensite form, they induce new embryos
which are then available for further transformation. Three mechanisms
have been proposed for autocatalysis (Olson and Cohen, 1981). In stress
assisted nucleation, the activation of less potent defects at a given tem-
perature is induced by the internally generated elastic stresses arising as a
consequence of the shape change due to transformation. In strain induced
autocatalysis, the creation of new and more potent nucleating defects is
induced by some plastic accommodation in the parent phase. Finally,
‘interfacial autocatalysis’ refers to the nucleation of new martensitic units
from the existing martensite/austenite interfaces. Autocatalysis is respon-
sible for the ‘bursts’ of transformation (Fig. 2.19) that occur in certain
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martensitic steels, whence the initial formation of a plate stimulates a
disproportionately large degree of further transformation, sometimes
causing the emission of audible clicks.

All of these effects arise as a consequence of the severe elastic and
plastic disturbance of the austenite in the immediate vicinity of a plate of
martensite. It is the shape change due to the martensitic transformation
that is the cause of the disturbance. On this basis, autocatalysis should
also feature prominently in bainitic transformations which are accom-
panied by similar shape deformations. There is however, a significant
difference in that bainite grows at relatively small driving forces, where
defects induced by transformation do not seem to play as crucial a role in
stimulating further nucleation. The initial nucleation event is almost al-
ways confined to the austenite grain surfaces, which presumably contain
the most potent defects for nucleation. Intragranular nucleation of bainite
can essentially be ignored except when non-metallic particles may act as
nucleation surfaces. The initial formation of a platelet of bainite (or of a
lath of martensite) must lead to appreciable elastic and plastic strains, but
this does not seem to cause the nucleation of other platelets in different
orientations, as happens with plate martensite, and ‘bursts’ of transfor-
mation are not observed. In the case of bainite, this may be because the
driving force is only adequate for the formation of a carbon-free nuleus,
and thus it may be nmpossible to form in the carbon enriched region
around an existing platelet. Whatever the reason, it seems that strain
induced autocatalysis does not play an important role in bainite forma-
tion. As already discussed, there is some evidence for stress assisted
autocatalysis if it is indeed true that adjacent sheaves form in such a way
as to help accommodate each other’s shape deformation.

The concept of autocatalytic nucleation may be related to that of sym-
pathetic nucleation, defined by Aaronson and Wells (1956) as the nuclea-
tion of a precipitate crystal at the interphase boundary of a previously
formed crystal of the same phase when the matrix and precipitate differ
in composition. Although in discussing sympathetic nucleation, volume
strain energy ‘can be effectively ruled out” according to Aaronson (1962),
it seems clear that many examples of this phenomenon would alter-
natively be interpreted as autocatalytic nucleation by other workers.

2.4.2 Phenomenological Theory

A major feature of martensitic transformations is the shape deformation
P, which on a macroscopic scale has the characteristics of an invariant
plane strain. However, an application of the homogeneous deformation P
to the face centered cubic (FCC) lattice, does not produce the required
body centered cubic (BCC) or body centered tetragonal (BCT) lattices. In



48 Bainite in Steels

w (a) W (b) Z W (c) Z
z
X X y X Y
c—Tj_. y :Wr,':z/wﬁ_,/ 7
p —— L4 z
> > 4 %
1 —— i Z
Le —x9 £ 2
N —Y —
(e) (d)

Fig. 2.20 An illustration of the essential features of the phenomenological theory of
martensite crystallography. (a) represents the austenite crystal and (c), (d) and (e) all have
a body centered cubic structure. (b) has an intermediate structure between FCC and BCC
(or BCT), p is the habit plane unit normal and q is the unit normal to the plane on which
the lattice invariant deformation occurs. Although (c) has the BCC structure, its shape is
inconsistent with the observed invariant plane strain. The effect of the inhomogeneously
applied lattice invariant deformations (d, e) is to correct the shape change to an IPS,
without altering the structure. The bold horizontal lines in (e) are coherent twin bound-
aries. Note that the vector e is normal to q but does not lie in the plane of the diagram.

fact, the homogeneous lattice deformation S capable of changing the
parent lattice into that of the product is not an invariant plane strain, but
a combination of the Bain strain (B, a pure strain) and an appropriate
rigid body rotation R, which has to be such as to make the deformation S
an invariant-line strain. Consequently, the observed shape deformation
is not reproduced by S. The anomaly is resolved by the inclusion of an
inhomogeneous lattice-invariant deformation Q-, which leaves the unit
cells unchanged but the shape change produced macroscopically by the
combined effects of S and Q' is then an invariant plane strain (Fig.
2.20):

P-QRB=QS @2)

We have seen that the bainite transformation exhibits crystallographic
features and surface relief effects identical to those associated with mar-
tensitic reactions. It is then natural to assume that the phenomenological
theory of martensite crystallography (Wechsler et al., 1953; Bowles and
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Mackenzie, 1954) should be applicable to bainite. The crystallographic
theory predicts a unique relationship between the habit plane, shape
deformation, orientation relationship, lattice types and lattice invariant
deformation. It can only be tested satisfactorily when these variables are
not determined in isolation. Much of the early data (reviewed by Bowles
and Kenon, 1960) are incomplete in this sense, although consistent with
the theory. All of the early measurements of habit planes must now be
interpreted to refer to the habit planes of bainite sheaves, rather than of
the individual sub-units.

A considerable difficulty in applying the theory to bainite is the lack of
accurate structural information relating to the transformation which is
needed as input data. Thus if bainite grows with a full supersaturation
but the carbon escapes in a very short time, the measured lattice para-
meters of upper bainitic ferrite will not relate to the initially formed
structure, which may even have been tetragonal. A problem exists for
lower bainite if appreciable carbide precipitation has taken place before
any measurements are possible.

Srinivasan and Wayman (1968b, c) reported the first detailed results on
the crystallography of sheaves of lower bainite in a Fe-1.11C-7.9Cr wt%
alloy (B, = 300°C, M, =~ -34°C) in which large quantities of austenite
remained untransformed at ambient temperature. Each sheaf was found
to have just one planar face when examined using light microscopy, and
this was taken to be the habit plane. The (irrational) habit plane indices
being close to (2 5 4), relative to the orientation variant in which (11 1), is
almost parallel to (0 1 1), and [10 1], is at a small angle to [11 1],; this is
henceforth called the standard variant. The martensite habit plane in the
same alloy is close to (4 9 4), and the difference in the two habits and in
the exact orientation relations led Srinivasan and Wayman to the conclu-
sion that the mode of displacive transformation is different in bainite and
martensite. Their measured habit plane is only about 6° from that found
for a different alloy by Sandvik, who pointed out, however, that his result
applied to an individual platelet whereas that of Srinivasan and Wayman
was for the average ‘habit’ of a sub-packet or sheaf.

The shear component of the shape deformation, as averaged over the
entire sheaf, was measured to be = 0.128, the magnitude of the total shape
strain being = 0.129. This is consistent with the earlier data of Tsuya (1956)
and Speich (1962). The actual shape strain for an individual sub-unit must
of course be larger, and was estimated using crystallographic theory as
being = 0.23; this compares with the ~ 0.28, 0.25 and 0.22 estimated for
different alloys by Ohmori (1971a), Bhadeshia (1980a) and Sandvik
(1982a) respectively. These values are in good agreement with a measure-
ment of the shear component of the shape strain (0.22) of an individual
sub-unit, reported by Sandvik (1982a).
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Srinivasan and Wayman showed that their data on lower bainite are
indeed consistent with solutions based on the phenomenological theory
of martensite. The crystallography was, as expected, inconsistent with the
inhomogeneous lattice invariant deformation being twinning, since trans-
formation twinning is not observed in bainitic ferrite. It was found that
the sheaf habit plane and orientation relationship could be predicted for
an undistorted habit plane if it is assumed that the lattice invariant shear
is irrational in both plane and direction. On the other hand, if the habit
plane is permitted to undergo a small isotropic contraction, then the
lattice invariant shear (for the standard variant) consists of a double shear
on the planes (1 T 1), and (1 0 1), in the common direction [10 11, (these
correspond to (1 0 1),, (1 1 2), and [1 1 1], respectively). This double
system is equivalent to a single shear on an irrational plane, and is not
associated with any of the difficulties encountered in theories which pos-
tulate more general combinations of lattice invariant shears. The compo-
nent planes on which the interface dislocations would glide are those
most usually considered as candidates for single lattice invariant shears
in the martensite theory. However, at the time of the Srinivasan and
Wayman work, it was not fully appreciated that the so-called habit plane
of a sheaf (which they measured) may differ from that of a platelet within
a sheaf (which Sandvik measured), and it is not yet clear whether the
phenomenological theory of martensite should be applied to the sheaf or
the platelet. It may be more important to minimise long-range distortions
over the whole sheaf, in which case the invariant plane condition would
apply to the apparent habit plane of the sheaf, but in cases where there
are reasonably thick layers of austenite between the platelets, it seems
more logical to apply the theory to the individual platelet.

Hoekstra and his co-workers (1978a, b, 1980) have recently examined
the crystallography of bainite in an Fe-0.35C-0.255i-0.6Mn-4.5Ni-1.3Cr
wt% alloy isothermally transformed at 365°C. They used hot-stage light
microscopy and a technique for determining the orientation of the aus-
tenite using twin vestiges, so that the resulting habit plane data they
obtained are assumed to refer to the sheaf habit plane, which was found
to be irrational with means indices {5 6 9},. They observed a small degree
of scatter which they attributed to the development of internal stresses
during transformation. The orientation of the ferrite was determined
using electron diffraction and the habit plane indices with respect to the
ferrite were determined using the criterion that a unique orientation rela-
tionship and habit plane should emerge from an analysis of three sets of
experimental data. It was deduced that the habit with respect to ferrite
was = {2 7 10}, with the orientation relation being very close to
Kurdjumov-Sachs. On these grounds, it was concluded that the crystal-
lography of bainite in their samples was inconsistent with the pheno-
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menological theory of martensite. The analysis (Fig. 5, Hoekstra, 1980)
does not however seem correct because the angles made by the habit
plane pole to the {1 11}, | {0 1 1}, planes and to the <1 0 T>,1<11 1>,
directions are not in fact the same for the three sets of data analysed. If the
three sheaves are just crystallographic permutations, then the relation-
ship between the habit plane and the orientation relation is uniquely
defined in the phenomenological theory of martensite.

2.4.3 The Shape Change: Further Considerations

In discussing the application of the phenomenological theory of marten-
site to bainite, the classical view (Hull, 1954; Bilby and Christian, 1956;
Christian, 1962) that the experimentally observed invariant plane strain
shape deformation implies a coordinated movement of at least the iron
and substitutional atoms was implicitly accepted. Given that there is
some confusion in the literature about the interpretation of this shape
change, particularly in circumstances where diffusion might accompany
transformation, it is worth presenting here, some recent assessments of
the significance of the shape change (Christian and Edmonds, 1984; Chris-
tian, 1990a). The problem is of major importance since the strain energy
associated with the shape deformation when transformation occurs
under constraint, cannot be ignored in the thermodynamic and kinetic
descriptions of bainitic reactions, irrespective of the mechanism by which
the shape change arises.

The intersection of a plate of bainitic ferrite with a free surface causes
that surface to tilt about the lines of intersection. This is the description of
an invariant plane strain, which is due to the combined effects of the
lattice deformation and a lattice invariant deformation. The tilting pro-
duced is homogeneous on a macroscopic scale, indicating that the net
atomic displacements include common non-random components which
accumulate during growth. This is an obvious conclusion, but the term
‘net atomic displacements’ needs to be deconvoluted in order to assess
the degree of diffusion which can be tolerated before the transformation
must be regarded as a reconstructive reaction.

Focusing attention on equivalent lattice points which define unit cells
(not necessarily primitive) of the two structures containing the same
number of atoms, a change in shape will accompany transformation if
the new set of lattice points can be related to the original set by a homo-
geneous deformation. It is then possible to specify (in a localised region
at least) how particular vectors, planes and unit cells of one structure
(defined by an imaginary labelling of the individual atoms) are derived
from corresponding vectors, planes and unit cells of the other structure.
This is termed a lattice correspondence and it defines the pure lattice
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(e)

Fig.2.21 Schematic diagram illustrating the virtual operations required to form a particle
in a constraining matrix (after Christian and Edmonds, 1984).

deformation which carries the original lattice points, or some fraction of
those points into points of the new lattice.

When interstitial atoms are present, they may move over large distances
without affecting the correspondence; this is sometimes expressed by stat-
ing that there is an atomic correspondence for the solvent and substitu-
tional solute atoms but not for the interstitials. A further relaxation of the
condition is to allow the solvent and substitutional solute atoms to be
displaced during transformation among the sites specified by the lattice
correspondence, but not to create new sites or destroy any specified sites; in
this way the lattice correspondence is preserved but there is no longer an
atomic correspondence. Thus, a systematic shape change implies a lattice
correspondence even if accompanied by some diffusion of atomic species.
As will become evident later, the existence of this correspondence (and the
shape change) requires an interface which is at least semi-coherent.

The detailed implications of the shape change on the mechanism of
growth can be illustrated using the virtual operations illustrated in Fig. 2.21
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(Christian and Edmonds, 1984). A region of the matrix is first removed
(leaving behind an equivalent hole) and then allowed to undergo uncon-
strained transformation with the help of a homogeneous lattice deforma-
tion which is not in general an invariant-plane strain (Fig. 2.21a, b). The
particle is then allowed to have any required composition by transferring
suitable numbers of solute atoms between interstitial sites in the particle
and the matrix, and/or by interchanging atoms of substitutional species in
the particle with atoms in the matrix (operation c, Fig. 2.21).

A number of further operations are now possible before the particle is
reinserted into the hole in the matrix, in order to reduce the strain energy:

(i) The volume and shape of the particle may be made equal to that of the
hole, by transferring atoms over long distances from the particle to sinks
within the matrix or at its surface (operation d,, Fig. 2.21). The strain
energy then vanishes.

(ii) The total number of atoms in the particle may be conserved but its
shape may nevertheless be adjusted by the creation and removal of atom
sites. The strain energy is effectively that of a hole in the matrix filled with
a compressible fluid of different natural volume. For a plate shaped parti-
cle, the minimum in strain energy for this case corresponds to an IPS with
a zero shear component, with the expansion or contraction being normal
to the habit plane (operation d,, Fig. 2.21). A plate shaped particle will
give the lowest strain energy if the volume change is appreciable, but
there will only be a preferred habit plane if there is appreciable anisotropy
of either the elastic propeties or the surface energy of the interface.

(iii) The shape of the particle may be changed by conservative plastic
deformation. The lowest strain energy for a plate shaped particle then
occurs if the plastic deformation converts the lattice deformation into a
shape deformation which is an IPS on the habit plane, as in the theory of
martensite crystallography (operation ds, Fig. 2.21).

(iv) The shape of an epitaxially coherent particle (which has interfacial
dislocations with Burgers vectors which have an edge character and
which lie in the interface plane) may be changed by the removal or
addition of particular planes of atoms, e.g., by dislocation climb from one
surface to another, again giving lowest strain energy for an IPS on the
habit plane of a plate precipitate. If there is no reconstruction of the atom
sites, the shape change may retain an appreciable shear component (oper-
ation d,, Fig. 2.21).

Particles of type d; and d, both require long range diffusion or mass
transport, and there is no obvious reason why large scale redistributions
of solute atoms cannot at the same time occur between the product and
parent phases, if demanded by thermodynamic equilibrium. In 4, there is
not shape change, whereas d, will lead to surface rumpling due to the
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volume change accompanying transformation; both of these kinds of
transformation are therefore reconstructive. Shear stresses and strains are
not transferred across the interface, which behaves in some respects as a
liquid-like layer. Since there is no continuity of planes or vectors, the
interface can be displaced only as a result of individual atomic migration
and its velocity will depend on atomic mobility.

It could also be argued that in case d,, the need to have sufficient atomic
mobility for interfacial dislocations to climb means that in reality, other
diffusion processes might also occur which remove the shear component
of the shape deformation (Christian, 1962).

This leaves only the martensitic type change d, as a likely candidate for an
IPS shape change, but step c (Fig. 2.21) ensures that the shape change cannot
be taken to imply diffusionless transformation. It is easy to see how intersti-
tial atoms can partition between the phases during growth without affecting
the IPS shape change. There may also be an interchange of substitutional
atoms (of the type necessary to induce ordering in equiatomic random al-
loys), but it is likely that the migration of these atoms can only occur over a
few interatomic distances — otherwise, any longer range diffusion would
destroy the shape change and its associated strain energy at the same time. It
is therefore to be concluded that one implication of the observation of an
invariant plane strain shape change with a significant shear component is
that any diffusion of solvent or substitutional atoms during transformation
must be absent or minimal. Further implications of the shape change become
clear when its relationship with the interfacial structure is considered. The
interface in cases d; and d, is semicoherent because for coherency S = P, an
equation which is rarely satisfied in general, and not satisfied for the FCC to
BCC or BCT transformation in steels. For the ‘epitaxial semicoherency’ illus-
trated in d,, coherent patches on the invariant plane are separated by inter-
face dislocations whose motion with the interface requires climb and hence
diffusion of atoms in substitutional sites. The semicoherent interface may
alternatively be glissile; the interface dislocations then glide conservatively as
the interface moves and growth does not require diffusion and hence has a
high mobility even at very low temperatures (case ds). For ferrous bainites,
the mobility of the solvent and substitutional atoms is negligible, and the
experimental observation of a shape deformation with a significant shear
component gives strong evidence that the bainitic-ferrite/austenite interface
is semi-coherent and glissile.

2.4.4 The Shape Change and The Superledge Mechanism

The lattice correspondence that is implied by the IPS shape deformation is
a relationship between the lattices of the parent and product phases,
independent of the orientation of the actual interface between the
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enclosed particle and the matrix. It follows that all the interfaces sur-
rounding an enclosed particle of bainitic ferrite must be semicoherent
(Christian, 1990a). It is not tenable to consider some interface orientations
to be incoherent (‘disordered’) while semi-coherency is maintained on
other interface orientations, as is sometimes implied in the superledge
mechanism of bainitic growth (Aaronson et al., 1970). This mechanism
considers that the growth of bainitic ferrite plates occurs by the propaga-
tion of macroscopic ledges on the habit plane. The model requires at least
two differently oriented macroscopic interfaces around an enclosed baini-
tic ferrite particle, the invariant plane and the superledge. Macroscopic
interfaces like these can only exist if the distortion due to the coherency
between the parent and product lattices is within an elastically tolerable
range — i.e., if the shape deformation across the interface is a close
approximation to an IPS. Thus, the presence of two different orientations
of macroscopic interface means that there are two invariant planes be-
tween the parent and product crystals, a situation only possible if the net
shape deformation is zero, in contradiction with experimental evidence.

All interface orientations other than the invariant plane of the observed
IPS shape deformation (which is also the habit plane of the bainitic ferrite)
must be small coherent steps in the semi-coherent habit plane interface.
The small steps are in forced coherency with the matrix, and have the
characteristics of transformation dislocations which can glide and climb
conservatively (also called coherency dislocations, Olson and Cohen,
1979). Coherency implies that all the corresponding planes and lines are
continuous across the step; thus, these transformation dislocations are not
lattice discontinuities. There is therefore no difficulty in these transfor-
mation dislocations climbing and gliding conservatively even when the
Burgers vector is not parallel to the line vector.*

The strain energy associated with the small steps is tolerable only be-
cause of their small size. It is therefore considered that large steps (or
‘superledges’) are most improbable because of their high strain energy
(Christian, 1990a).

2.4.5 The Structure of the Interface

It has already been pointed out that any atomic height steps in the
bainitic-ferrite/austenite interface are in effect transformation disloca-
tions, with strain fields whose character can be specified by assigning a

4 The terms transformation dislocation and coherency dislocation are identical.
They are distinct from the adjectives ‘interface’, ‘intrinsic’, ‘misfit’ and ‘anti-
coherency’, all of which are used to describe dislocations which form an intrinsic
part of the boundary structure (Olson and Cohen, 1979; Christian, 1990a).
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Burgers vector to each such dislocation. The motion of these steps (or
coherency dislocations) which are in forced coherency, leads to phase
change: there is continuity of planes and vectors across the steps so that
regions of the parent lattice are homogeneously deformed into that of the
product as the steps are displaced. Since the energy of the step varies with
the square of the magnitude of its Burgers vector, the step is restricted to
atomic height, which is another way of stating that superledges are im-
possible on a bainitic-ferrite/austenite interface. The anticoherency or
interface dislocations cause the lattice invariant deformation as the inter-
face is displaced.

There are no decisive direct observations of the structure of the bainitic-
ferrite/austenite interface, but general conclusions can nevertheless be
deduced using other experimental data and theoretical considerations.
The observation of an invariant plane strain shape change accompanying
the growth of bainitic-ferrite, when combined with the negligible mobility
of the solvent and substitutional solute atoms, provides strong evidence
that the structure of the transformation interface must be glissile. The
number of iron and substitutional solute atoms is conserved during
growth. Since they are not required to diffuse during transformation, the
interfacial mobility is expected to be high even at low temperatures.

A semi-coherent interface containing a single array of anticoherency
dislocations is considered to be glissile when the dislocations are able to
move conservatively as the interface migrates. The dislocations must
therefore all be pure screw dislocations, or have Burgers vectors which do
not lie in the interface plane. The interface plane is the irrational invariant
plane or habit plane of the bainite plate. A glissile interface also requires
that the glide planes (of the anticoherency dislocations) associated with
the ferrite lattice must meet the corresponding glide planes in the aus-
tenite lattice edge to edge in the interface along the dislocation lines
(Christian and Crocker, 1980).

If more than one set of anticoherency dislocations exist, then these
should either have the same line vector in the interface, or their respective
Burgers vectors must be parallel (Christian and Crocker, 1980). This con-
dition ensures that the interface can move as an integral unit. It also
implies that the deformation caused by the anticoherency dislocations,
when the interface moves can always be described as a simple shear
(caused by a resultant anticoherency dislocation which is a combination
of all the anticoherency dislocations) on some plane which makes a finite
angle with the interface plane, and intersects the latter along the line
vector of the resultant anticoherency dislocation.

Obviously, if the anticoherency dislocation structure consists of just a
single set of parallel dislocations, or of a set of different dislocations
which can be summed to give a single glissile anticoherency dislocation,
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then it follows that there must exist in the interface, a line which is
parallel to the resultant anticoherency dislocation line vector, along which
there is zero distortion. Because this line exists in the interface, it is also
unrotated. It is an invariant-line in the interface between the parent and
product lattices. When full coherency is not possible between the two
structures (as in the case for the FCC to BCC transformation), then for the
interface to be glissile, the transformation strain relating the two lattices
must be an invariant-line strain, with the invariant-line lying in the inter-
face plane.

An interesting consequence of the restriction that the transformation
strain must be an invariant-line strain is that models of the ferrite/
austenite interface as a single array of anticoherency dislocations are not
possible for any orientation between Nishiyama-Wasserman and
Kurdjumov-Sachs if the most densely packed planes of the two structures
are regarded as exactly parallel (Knowles and Smith, 1982; Christian,
1990a). This is because for realistic values of the lattice parameters, it is
not possible to obtain a transformation strain which is an invariant-line
strain if the planes are exactly parallel. If it is assumed that the interface
contains just one set of anticoherency dislocations then the predicted
orientation relation always has the most densely packed planes of the two
structures at a small angle (about 0.5°) to each other — such a small
deviation is unfortunately very difficult to detect experimentally.

24.6 The Crystallography of a Lath of Bainite

It has already been noted that the sub-units of a bainite sheaf may adopt
the morphology of a plate or of a lath, where the latter is idealised as a
parallelepiped of dimensions 4, b, and ¢, with a > b > c. There is a general
tendency for the lath shape to be adopted when the transformation occurs
at relatively high temperatures. The crystallography of such laths has
been characterised in detail and to a high level of accuracy, by Davenport
(1974), as follows:

Growth direction [To1l, 111,
Habit plane (area = ab) (232),=(154),
Face of area = ac (101,

Orientation relationship (KS) [TO1], 1111,
11D, 1011,

where the crystallography is, for consistency, stated in the standard vari-
ant described earlier. Hence, the major growth direction of each lath
corresponds to the parallel close packed directions from the o and Yy
lattices. This is consistent with less direct trace analysis results which
indicated that the major growth direction of the laths lies along <11 1>,
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(Goodenow and Hehemann, 1965; Oblak and Hehemann, 1967; Ohmori
and Honeycombe, 1971). The habit plane indices are significantly dif-
ferent from earlier data which indicated a {1 1 1}, habit (Greninger and
Troiano, 1940; Oblak and Hehemann, 1967; Ohmori, 1971b; Ohmori and
Honeycombe, 1971) but those analyses were either of insufficient preci-
sion or were concerned with the apparent habit planes of sheaves (Daven-
port, 1974). Davenport also demonstrated that sets of two groups of laths
with a common growth direction, but with virtually orthogonal habit
planes, tended to form in close proximity. There is as yet, no detailed
analysis available which can predict these results.

Sandvik (1982a) has reported measurements carried out using single
surface trace analysis, of the habit planes of individual sub-units. The
mean habit plane is found to be close to (0.373 0.663 0.649), for an orienta-
tion relationship in which (111), || (01 1), and [10 1], is approx1mately 4°
from [1 T 1], (such an orientation is close to the lehlyama—Wasserman
orientation relationship). The habit plane was not found to vary signifi-
cantly with transformation temperature. Using data from high resolution
observations of the displacements of austenite twins by the shape defor-
mation due to transformation, he was able to show that the shear compo-
nent of the shape strain of a sub-unit is about 0.22. Sandvik also showed
that the observed shape strain direction and magnitude are close to the
corresponding parameters for the classic {2 2 5},and {3 10 15}, marten-
sites in steels.

2.5 Microstructure of Bainite: The Midrib

Recent work by Okamoto and Oka (1986) indicates that in certain circum-
stances, high carbon steels transform to plates of lower bainite which do
not have a homogeneous microstructure. When observed using light
microscopy, what appears macroscopically an individual plate of lower
bainite is seen to have a black line running centrally along its axis (Fig.
2.22). Transmission electron microscopy reveals that this line corresponds
to a centrally located, coplanar thin plate of martensite which is sand-
wiched between regions of lower bainite. The lower bainite containing
the midrib is actually found to evolve in two stages, from thin-plate
martensite which forms first by the isothermal transformation of aus-
tenite, and which then stimulates the growth of the adjacent bainite
regions.

Okamoto and Oka deduced that at relatively high transformation tem-
peratures, the steels react to give lower bainite without a midrib, but as the
transformation temperature is reduced to below a certain temperature T,,
this is replaced by the lower bainite with a thin plate martensite midrib,
which then gives way to just the thin plate martensite; at a sufficiently low
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Fig. 2.22 Optical and transmission electron micrographs of the midrib associated with
lower bainite in a plain carbon steel. (Okamoto & Oka, 1986).

temperature (below the conventional M, temperature), ordinary martensite
with a lenticular plate morphology forms by the athermal transformation of
austenite.

It was noted above that both the lower bainite containing the midrib,
and thin plate martensite isothermally form in the temperature range
T, — M,. Okamoto and Oka demonstrated that the difference between
these two temperatures diminishes as the carbon concentration of the
steel decreases, until at about 1wt% C, it becomes zero. Consequently,
neither of these phases have been reported to occur in lower carbon
steels.

The terminology ‘thin plate martensite’ has its origins in work done
on nickel rich Fe-Ni-C alloys, where the martensite transformation
temperatures are well below —100°C (Maki et al., 1973, 1975). The mar-
tensite then tends to form as extremely thin, parallel-sided plates in
preference to much thicker lenticular plates, especially as the carbon
concentration is increased. Because of their very large aspect ratios, the
thin plates are elastically accommodated in the austenite matrix. Their
interfaces therefore remain glissile. The plates can therefore thicken as
the temperature is reduced, or indeed become thinner as the tempera-
ture is raised.
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2.6 Summary

Bainitic ferrite grows in the form of clusters of thin lenticular platelets or
laths, known as sheaves. The individual platelets within a sheaf are
known as sub-units. The growth of each sub-unit is accompanied by an
invariant plane strain shape change with a large shear component. The
sub-units are to some extent separated from each other by films of resid-
ual phases such as austenite or cementite, so that the shape strain of the
sheaf as a whole tends to be much smaller than that of an isolated sub-
unit. The platelets within any given sheaf tend to adopt almost the same
crystallographic orientation and have identical shape deformations. Be-
cause of the relatively high temperatures at which bainite grows (where
the yield stresses of ferrite and austenite are reduced), the shape strain
causes plastic deformation which in turn leads to a relatively large dis-
location density in both the parent and product phases; other kinds of
defects, such as twinning and faulting are also found in the residual
austenite. This plastic accommodation of the shape change seems respon-
sible for the fact that each sub-unit grows to a limited size which may be
far less than the austenite grain size; the dislocation debris stifles the
motion of the otherwise glissile interface. Consequently, the sheaf as a
whole grows by the repeated ‘nucleation’ of new sub-units, mostly near
the tips of those already existing.

The bainitic-ferrite/austenite orientation relationship is always found
to lie well within the Bain region; this and other features of the transfor-
mation are broadly consistent with the phenomenological theory of mar-
tensite crystallography. The growth of bainitic ferrite undoubtedly occurs
without any redistribution of iron or substitutional solute atoms, even on
the finest conceivable scale at the transformation interface. Although
some excess carbon is retained in solution in the bainitic ferrite after
transformation, most of it is partitioned into the residual austenite, and in
the case of lower bainite, also precipitated as carbides within the ferrite.
This redistribution of carbon could of course occur after the diffusionless
growth of bainitic ferrite, and the subject is discussed in more detail in
Chapters 5 & 6. All of the observed characteristics of bainitic ferrite sug-
gest strongly that it grows by a displacive transformation mechanism.



3 Carbide Precipitation

An important characteristic of bainitic microstructures, especially relev-
ant to their mechanical properties, is the nature and extent of carbide
precipitation. Indeed, the carbides are probably largely responsible for
the commercial failure of many of the early bainitic steels. Thus, conven-
tional bainitic alloys have in the past been unable to compete against the
well established quenched and tempered martensitic alloys, which tend
to have much finer dispersions of carbide phases. These issues are dis-
cussed further in Chapter 10, which deals with the mechanical properties
of bainitic steels. The purpose here is to examine the carbide precipitation
reactions themselves and to relate the observations to the transformation
mechanism of bainite.

3.1 Upper Bainite

The carbide phase associated with upper bainite precipitates from carbon
enriched residual austenite and is almost always cementite (Wever and
Mathieu, 1940; Lyman and Troiano, 1946; Hultgren, 1947, 1951; Austin
and Schwartz, 1952, 1955). There are, however, many notable exceptions.
In steels containing relatively large concentrations of silicon (= 2wt%),
transition carbides such as ¥ precipitate first from the austenite, but when
given the opportunity, they tend eventually to transform into cementite
(Houllier et al., 1971). x has a hexagonal lattice, with a = 6.9 andc=48 A.
Schissler et al. (1975) reported a new carbide of orthorhombic lattice (a =
6.5, b=77and ¢ = 10.4 A), which precipitates from the residual austenite
during the bainite reaction in a Fe-1.15C-3.95i wt% alloy transformed
isothermally at 420°C. The addition of about 1 wt% Mn to the alloy
changed this to another new carbide, also with an orthorhombic lattice,
but with the lattice parameters a = 14.8, b =114 and c = 85 A. Sandvik
(1982b) has reported the formation of plate-shaped ‘c’ carbides during the
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Fig. 3.1. (a) Transmission electron micrograph illustrating the distribution of cementite
particles between the ferrite platelets in upper bainite. AISI 4340 steel, isothermally
transformed to upper bainite. (b) Schematic illustration of the thermodynamic condition
which has to be satisfied before cementite may precipitate from the residual austenite.

ageing of mixtures of bainitic ferrite and austenite in high silicon steels.
Upper bainitic ferrite does not itself contain any carbide precipitates (Fig.
3.1a).

As a consequence of transformation to bainite, the austenite that is
trapped between platelets of upper bainite becomes enriched in carbon. If
the carbon concentration of the residual austenite (i.e., xy), exceeds the
value given by the extrapolated y/(y+6) phase boundary, then cementite
precipitation from the enriched austenite lying adjacent to the platelets of
bainitic ferrite, becomes thermodynamically possible (Kriesement and
Wever, 1956). This is illustrated in Fig. 3.1b, where the shaded area rep-
resents austenite which is unstable to the precipitation of cementite. If it is
additionally assumed that bainite growth stops when the carbon con-
centration of the austenite exceeds the T}, phase boundary, then subject to
kinetics, carbide precipitation is expected to accompany the growth of
upper bainite if the transformation temperature is below T, (Fig. 3.1b).
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Fig. 3.2 A 2(Dt)05 estimate of the diffusion distances for iron and some substitutional
solutes in iron, as a function of temperature, with t =1 hour.

The carbide precipitation reaction discussed above is clearly a second-
ary process, since it is peripheral to the formation of bainitic ferrite. Of
course, the formation of cementite or other carbides leads to a reduction
of the carbon concentration in the residual austenite, thereby permitting
the growth of a further amount of ferrite (designated o). The mechanism
of this secondary ferrite reaction is not fully established, but in view of the
very small diffusion coefficients of iron and substitutional atoms at the
temperatures involved (Fig. 3.2), and the absence of an incoherent inter-
face or grain boundary to start the process, it is unlikely to involve re-
constructive transformation. Sandvik (1982b) has proposed that the
decomposition of the residual austenite involves the displacive formation
of a triclinic carbide, close to cementite in structure, and the subsequent
formation of a small amount of bainitic ferrite. Nakamura and Nagakura
(1986), in a study of the second stage of martensite tempering, suggested
that cementite and ferrite form directly from austenite, the cementite
nucleating on the ferrite/austenite boundaries and growing by rapid
diffusion along this boundary. They also proposed that the secondary
ferrite, which they called bainite, grows martensitically, from the carbon
depleted austenite. Regions of secondary ferrite were observed to be
twinned, and this was taken to indicate the formation of self-accommo-
dating crystallographic variants of bainitic ferrite.

The sequence of reactions can be summarised as follows (the o refers to
the secondary ferrite which forms as the carbides precipitate from resid-
ual austenite):
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This contrasts with the cooperative growth of cementite and ferrite dur-
ing the formation of pearlite in plain carbon steels:

v —>a+0 (3.2)

When pearlite grows in substitutionally alloyed steels, the austenite, fer-
rite and cementite may coexist in equilibrium over a range of tempera-
tures, with the equilibrium compositions of all the phases changing with
transformation temperature

Y —>a+0+y (3.3)

The composition of the residual austenite (y) is then expected to differ
from that of the original austenite, in general with respect to both sub-
stitutional and interstitial solutes. The reaction stops when all the phases
are homogeneous and of equilibrium composition, before all the austenite
has transformed.

In planar sections, the cementite particles in upper bainite appear par-
allel to the traces of habit planes of the bainitic ferrite platelets. Using
transmission electron microscopy and extraction replicas, Fisher (1958)
showed that these particles are in the form of irregular ribbons in three
dimensions particularly when bainite forms at high temperatures. Car-
bide precipitation also occurs at the austenite grain boundaries and this
may influence mechanical properties, especially toughness in high
strength steels (Pickering, 1958). The precipitation of cementite from
supersaturated austenite probably first occurs at the austenite grain
boundaries, so that those carbides can be expected to be relatively coarse.
When high carbon steels (> 0.45C wt%) are isothermally reacted in the
bainite temperature range, thin films of ‘proeutectoid’ cementite are
known to precipitate at the austenite grain surfaces, independently of any
bainitic reaction (Stickels, 1974). The growth rate of the films, which are
detrimental to toughness, can be retarded by lowering the isothermal
transformation temperature.

3.2 Lower Bainite

Lower bainite also consists of a non-lamellar aggregate of ferrite and
carbides. There are however, two kinds of carbides. Like upper bainite,
there is some precipitation of carbides from the enriched austenite occurs
between the bainite platelets. In addition, there is usually a fine disper-
sion of plate-like carbides (e-carbide or cementite) within the lenticular
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Fig. 3.3 (a—) Fe~0.3C—4.08Cr wt% (a) Lower bainite obtained by isothermal transforma-
tion for a short time period (435°C, 10min). Shows particles of cementite within the platelets
but not between the platelets. (b) Corresponding dark field image showing the films of
austenite between the bainitic ferrite platelets. (c) The same sample after prolonged heat
treatment (435°C, 30 min) at the isothermal transformation temperature, causing the pre-
cipitation of carbides between the ferrite platelets. (d) Typical multi-variant carbide precipita-
tion in tempered martensite (415°C, 50 min, AISI 4340 steel). After Bhadeshia (1980a).
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ferrite plates. As will become apparent later, the mechanism of precipita-
tion is different for the two types of sites. The striking feature of lower
bainite is that the internal carbides within the bainitic ferrite in general
form in a single crystallographic variant, whereas the tempering of mar-
tensite leads to the precipitation of many variants of cementite (Fig. 3.3).

3.2.1 Precipitation within Lower Bainitic Ferrite

In contrast to the microstructure obtained after tempering martensite, the
carbides found within any given bainitic ferrite plate usually occur in a
single crystallographic orientation. When the carbide is cementite, exam-
ination of planar sections shows that the particles have their longest axes
inclined at some 60° to the ‘growth direction’ of the ferrite platelets
(ASTM, 1955; Irvine and Pickering, 1958; Speich, 1962; Shimizu and
Nishiyama, 1963; Shimizu et al., 1964). The sharp edges of the ferrite
platelets are reported to be free of carbides. The carbides within the
bainitic ferrite may or may not touch the sides of the ferrite plates
(Bhadeshia, 1980a). The angle quoted must of course vary as a function of
the plane of section; it has been shown that for lower bainitic ferrite which
has a habit plane with approximate indices (0.761 0.169 0.626),, the
cementite precipitates on (1 1 2), so that the true angle between the o and
cementite habit plane normals is approximately 57° (Bhadeshia, 1980a).
Similar results have been obtained for the angle between the lower bainite
sheaf and cementite habit plane normals (Ohmori, 1971a). In some cases,
the carbides have been found to form on several different variants of the
{11 2}, plane, although a particular variant generally tends to dominate
(Srinivasan and Wayman, 1968b; Lai, 1975; Bhadeshia and Edmonds,
1979a). In fact, a re-examination of published micrographs sometimes
reveals the presence of several variants which were not noticed in the
original publication (see for example, Fig. 5, Degang et al., 1989).

Early experiments using Curie point measurements and dilatometry gave
indirect indications that the carbide precipitation associated with lower
bainite is not always cementite (Wever and Lange, 1932; Allen et al., 1939;
Antia et al., 1944). Austin and Schwartz (1952) first identified the presence of
e-carbide in lower bainite. Since then, several investigators have reported the
detection of e-carbide in association with lower bainite (Matas and
Hehemann, 1961; Deliry, 1965; Pomey, 1966; Oblak and Hehemann, 1967;
Hehemann, 1970; Lai, 1975; Huang and Thomas, 1977; Sandvik, 1982a) ).

Matas and Hehemann interpreted these results to suggest that the
initial carbide in hypoeutectoid steels is e-carbide, which is then replaced
by cementite on holding at the isothermal transformation temperature.
The rate at which the e-carbide converts to cementite increases with
temperature, but also depends on the steel composition; a high silicon
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Table 3.1 Compositions of steels (wt%) in which e-carbide has been found in

lower bainite. The carbon concentration quoted for the alloy studied by Dubensky

and Rundman represents an estimate of the concentration in the austenite matrix
of an austempered ductile cast iron.

C Si Mn Ni Cr Mo V Reference

0.87 - - - - - - Austin and Schwartz, 1952, 1955
095 022 060 327 123 013 Matas and Hehemann, 1961
0.60 200 086 - 031 - - Matas and Hehemann, 1961
1.00 036 - 020 141 - - Matas and Hehemann, 1961
058 035 078 - 390 045 090 Matas and Hehemann, 1961
1.00 215 036 - - - - Deliry, 1965

0.60 200 086 - 031 - - Oblak and Hehemann, 1967
0.60 2.00 - - - - - Hehemann, 1970

041 159 079 1.85 075 043 0.08 Lai, 1975

054 187 079 - 030 - - Huang and Thomas, 1977

08 255 03 - - - - Dorazil and Svejcar, 1979

074 240 051 - 052 - - Sandvik, 1982a

1.3 3.09 017 - - - - Dubensky and Rundman, 1985
040 201 - 415 - - - Miihkinen and Edmonds, 1987a

concentration (= 2wt%) in the steel considerably retards the reaction. This
is consistent with the fact that silicon is known to retard the formation of
cementite during the tempering of martensite (Owen, 1954; Gordine and
Codd, 1969; Hobbs et al., 1972).

The detection of e-carbide in lower bainite is important in that it implies
the existence of a rather high carbon supersaturation in bainitic ferrite,
perhaps to a level of the order of 0.25wt% (Roberts et al., 1957). However,
g-carbide is not always found as a precursor to the precipitation of cemen-
tite in lower bainite. Bhadeshia and Edmonds (1979a) failed to detect
g-carbide in a high silicon medium carbon steel (Fe-3.0Mn-2.025i-0.43C
wt%) even during the early stages of the lower bainite transformation.
The steels in which g-carbide has been observed during the formation of
lower bainite are listed in Table 3.1.1

These observations can be rationalised in terms of a theory of temper-
ing due to Kalish and Cohen (1970), who showed that it is energetically
favourable for carbon atoms to remain segregated at dislocations when
compared with their presence in the e-carbide lattice (Bhadeshia, 1980a).
If the dislocation density is high, then sufficient carbon can be tied up at

1 e-carbide has been reported in bainite produced by continuous cooling transfor-
mation, in a Fe-0.15C-0.94Mo-2.12Cr wt% steel (Baker and Nutting, 1959) and
in a Fe-0.34C-1.25Mn-1.39Ni-0.34Mo wt% alloy isothermally transformed to
bainite (Fondekar et al., 1970). In both cases, the evidence quoted is rather
indirect. A recent detailed study by Yu (1989) on steels very similar to those
used by Baker and Nutting has not revealed any e-carbide.
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the dislocations so that the e-carbide stage is missed in the precipitation
sequence. In such cases, cementite precipitation occurs directly. Kalish
and Cohen estimated that a dislocation density of 2x1012 cm—2 should
prevent g-carbide precipitation in steels containing up to 0.20 wt% carbon.
This theory can be applied to bainite if it is considered that after the
formation of supersaturated ferrite, there commence two competitive re-
actions which tend to reduce the carbon supersaturation of the ferrite.
The two reactions are the partitioning of carbon into the residual aus-
tenite and the precipitation of carbides in the bainitic ferrite. The reactions
interact in that the partitioning process reduces the amount of carbon that
is available for precipitation, and vice versa. Judging from available data
(Table 3.1), and if steels containing a large amount of nickel are excluded,
then it seems that there is sufficient carbon for the precipitation of a
detectable amount of e-carbide if the average carbon content of the steel is
above approximately 0.55 wt%. Otherwise, the partitioning of carbon into
the residual austenite depletes the bainitic ferrite too rapidly to permit
any significant precipitation of e-carbide. It is believed that nickel
enhances the precipitation of e-carbide (Miihkinen and Edmonds, 1987a)
and this is consistent with the lower carbon concentrations (= 0.4 wt%) at
which e-carbide forms during the bainite transformation in these steels.
Rao and Thomas (1980) have demonstrated a similar effect of nickel in
martensitic steels; they found e-carbides and cementite to be the domi-
nant carbides during the tempering of martensite in Fe-0.27C—-4Cr-5Ni
and Fe-0.24C-2Mn—4Cr wt% steels respectively. The other substitutional
elements may also have some effect on these phenomena, but this has not
been systematically studied. If lower bainite containing e-carbide is tem-
pered, the e-carbide transforms to cementite and the reaction is accom-
panied by a volume contraction, which can be monitored accurately using
dilatometry (Hehemann, 1970).

Finally, n-carbide (Fe,C) has also been observed in lower bainitic ferrite
obtained by transforming the austenite matrix of a high silicon cast iron
(Franetovic et al. 1987a, b). This carbide has previously only been reported
in tempered martensite (Hirotsu and Nagakura, 1972; Nagakura et al.
1983) and so reinforces the conclusion that the carbides precipitate from
carbon supersaturated lower bainitic ferrite. Like e-carbide, tentative re-
sults indicate that the overall carbon concentration of the parent austenite
has to exceed some critical concentration before the m-carbide can be
detected readily in lower bainite (Franetovic et al. 1987a, b).

3.2.2  Precipitation between Lower Bainitic Ferrite Platelets

As discussed earlier, there are in fact two separable carbide precipitation
reactions associated with the lower bainite transformation (see for example,
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Hehemann, 1970; Bhadeshia, 1980a). The first, which in general is faster,
has been discussed above and involves the precipitation of carbides from
supersaturated ferrite. In the second, more sluggish reaction, carbides are
precipitated between the bainitic ferrite platelets by the decomposition of
the carbon-enriched residual austenite into a mixture of cementite and
ferrite. The second reaction is therefore identical to the precipitation of
carbides from austenite during the upper bainite transformation.

Since some of the carbon in the alloy is tied up in the form of carbides
within the ferrite, the volume fraction of residual austenite trapped be-
tween bainite platelets is less for lower bainite (Hehemann, 1970). Hence,
the decomposition of this austenite into cementite and ferrite leads to a
smaller volume fraction of inter-plate cementite. An important conse-
quence of this is that lower bainite often has a higher toughness than
upper bainite, even though it usually is stronger than upper bainite. The
precipitation reactions for lower banite can be summarised as follows:

Case 1: High dislocation density

Y Y + ab, SUPERSATURATED
eIN FERRITE + al’, UNSATURATED + YI;‘NRICIIIJI’

+0 (3.4)

al", UNSATURATED + a + el‘l{'l'WlflfN FERRITE PLATES IN FERRITE

Case 2: Low dislocation density

Y - Y+ a‘b, SUPERSATURATED
=2 E_Carlgld‘elN FERRITE + (xb, UNSATURATED + ’YL'NRICIII;'D
=2 ab, UNSATURATED + E:-Cart)idelN FERRITE +o+ eIH—."I‘WI;'EN FERRITE PLATES
— (xb, UNSATURATED + eIN FERRITE + eBl;"I‘WI;'EN FERRITE PLATES + o (3'5)

Recent in situ observations using hot-stage transmission electron micro-
scopy, of the precipitation of carbides within lower bainite indicate that
the lower bainitic ferrite remains supersaturated with carbon some time
after the completion of the ferrite growth (Kang et al., 1990).

A new carbide, which is for convenience designated x-carbide, has
been discovered in high carbon steels transformed to lower bainite
(Deliry, 1965; Pomey, 1966). It occurs as a transition carbide, precipitating
at a late stage of the transformation, from the carbon enriched residual
austenite. Its crystal structure is discussed later. The carbide has a high
solubility for Si and on continued holding at the isothermal transforma-
tion temperature, transforms to x-carbide which in turn eventually gives
way to the more stable cementite. Similarly, the transition carbide dis-
covered in high silicon transformer steels by Konoval et al. (1959), with an
orthorhombic lattice (parameters a = 8.3, b=99and c=144 A), has been
reported to precipitate from lower bainitic ferrite in Fe-1.15C-3.951 wt%
alloy (Schissler et al., 1975).
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3.3 Kinetics of Carbide Precipitation

3.3.1 Partitioning and Distribution of Carbon

The carbon concentration of bainitic ferrite during transformation is of
major importance in determining the kinetics of carbide precipitation. The
transformation, however, occurs at relatively high temperatures and any
excess carbon in the ferrite can be removed by the precipitation of car-
bides within the ferrite or by the diffusion of carbon into the residual
austenite. The two mechanisms of carbon removal usually take place
simultaneously, although one or the other may dominate depending on
temperature. Both events can be rapid because of the high mobility of
carbon in iron.

The partitioning of excess carbon from supersaturated ferrite into aus-
tenite lowers its chemical potential. This process of carbon partitioning
was simulated experimentally by Matas and Hehemann (1960, 1961), with
the help of tempering experiments on mixtures of martensite and re-
tained austenite. Single crystals of austenite (Fe-1.23Cr—0.60Mn-0.13Mo-
3.27Ni-0.225i-0.95C wt%) were cooled below the M, temperature
(= 350K) to obtain two microstructures, one containing 50% martensite
and the other 90% martensite in a matrix of austenite. The crystals were
then tempered at 405 K to allow the carbon to diffuse from martensite into
austenite. The tempering treatments caused rapid precipitation of
¢-carbide in the martensite, thereby lowering the carbon concentration of
the martensite to 0.22wt%, a value consistent with that quoted by
Roberts et al. (1957) for the equilibrium between martensite and e-carbide.
Continued holding at the tempering temperature led to further reduc-
tions in martensite carbon concentration, the carbon diffusing into the
residual austenite. The rejection of excess carbon into austenite occurred
more rapidly for the sample containing less martensite, presumably be-
cause the larger amount of residual austenite provided a bigger sink for
carbon.

An increase in the carbon concentration of residual austenite has also
been reported in more recent experiments involving lath martensites (Rao
and Thomas, 1979; Barnard et al., 1981). The experiments were interpreted
to imply the partitioning of carbon during the formation of lath marten-
site, but since the martensite start temperatures of the steels used were
rather high, it is likely that the carbon diffused into the austenite after the
formation of the lath martensite, in the manner discussed above
(Bhadeshia, 1983b).

The distribution of carbon in the residual austenite is not in general
homogeneous after isothermal transformation to bainite (Fig. 3.4). The
austenite is enriched to a greater extent in the immediate vicinity of
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Fig. 3.4 The non-uniform distribution of carbon in the residual austenite associated with
bainitic ferrite. (a) Direct measurements of the carbon concentration using an atom probe;
Fe—0.39C-2.055i—4.08Ni wt%, isothermally transformed at 340°C for 10 h (Bhadeshia
and Waugh, 1981). (b) Rim of austenite retained around a sheaf of bainite in Fe-0.81C-
1.985i-3Mn wt% steel, where the carbon concentration is expected to be largest.

bainite platelets or in the regions trapped between the platelets (Schrader
and Wever, 1952; Matas and Hehemann, 1961). Carbon causes an expan-
sion of the austenite lattice parameter, and in some cases, two lattice
parameters have been observed for the retained austenite, corresponding
to different levels of carbon in the austenite within a single specimen
(Matas and Hehemann, 1961). In many cases, the austenite which is rela-
tively poor in carbon decomposes martensitically on cooling to ambient
temperature. Any subsequent measurement of the carbon concentration
of austenite (x,) using an X-ray method would then be expected to lead to
an overestimation of x, if it is assumed that the carbon is distributed
uniformly in the residual austenite that existed at the isothermal transfor-
mation temperature. For example, for upper bainite in a high silicon steel,
X-ray measurements indicated that the carbon concentration of the aus-
tenite retained at ambient temperatures was about 1.7 wt%, whereas
volume fraction data gave an average concentration of 1.35 wt% for the
residual austenite which existed at the bainitic transformation tempera-
ture (Houllier et al. 1971).
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3.3.2  Kinetics of Precipitation from Residual Austenite
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