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PREFACE

The choreography of atoms when one crystal structure changes into another is seminal in
determining all aspects of the shape, composition, state, time dependence and properties
of the product. The appeal of bainite is in the elegance of the coordinated dance that
the atoms perform, one that is visibly moving to watch, as massive upheavals develop on
the surfaces of transforming specimens. In the absence of scale, these could be mistaken
for the formation of a mighty range of mountains. It is these displacements that shatter
illusions about randomness. And the upheavals are accompanied by rumbles, the acoustic
signals that indicate a relaxation time of just 10~°s. More than anything else, these are
the features of the bainite transformation that keep steels ahead of any other structural
material and serve to inspire young and old scientists to dig ever deeper into the mysteries
of reactions in the solid-state.

We can now see more atoms than ever before, both small and large. It is simple then
to conclude that the interface between bainitic ferrite and austenite is clean, and therefore,
that the influence of solutes on the transformation is merely to alter the relative thermody-
namic stability and strength of the parent and product phases. Making the atoms visible
has revealed a remarkable, possibly monumental, discovery that the ferrite retains a large
excess of interstitial atoms in solid solution. Not just at defects, but in solid solution. The
symmetry of the lattice then changes and certain properties become anisotropic whereas in
the cubic form they are not.

Steels are often processed to encourage a non-random distribution of crystal orientations
in order to enhance particular shaping technologies that exploit the anisotropic properties
of textured materials. On the other hand, the variation in mechanical properties with the
orientation of the test specimen remains a sore in the application of bainitic steels for
transmission pipelines.

XV



Xvi PREFACE

Bainite has been probed with instruments that cost billions to install and which produce
vast quantities of data. This has shown that the austenite remains calm at every point prior
to the beginning of transformation, after which it loses all semblance of uniformity. The
description of the remaining austenite then depends on the size and shape of the region
explored. Such graded structures could in principle be engineered to optimise properties.

A new mechanism of coarsening has emerged, one that does not place emphasis on in-
terfacial energy and does not require diffusion. Plates that are similarly oriented in space
touch and merge, leaving behind faint vestiges of their original boundaries. This is a coa-
lescence process and its boundary conditions have been established.

All-in-all, the subject can no longer be regarded as hazy. In the light of the totality
of evidence available, it would be lazy to call bainite “controversial”. The theory of the
transformation as described in this book is sufficiently well-established to be applied rou-
tinely in the design and manufacture of alloys with previously unheard of combinations of
properties. Who would have thought that it were possible to create a material that contains
100 million square metres of hard interfaces within a metre cube, without the intervention
of deformation or rapid processing? And that such a structure would have the intricacy
necessary to resist the infusion of hydrogen?

This preface gives no more than an inkling of what is to follow in the pages ahead.
There is much more to say about bainite — this 3rd edition is about 40% larger to cope with
the developments over the last fifteen years or so, not just in the theory of transformations
but also in the exploration of more complex properties and combination of properties. To
quote Miracle (2015), “there is much work between measuring a single attractive property
in a single alloy to demonstrating credibility for a particular application”. A number of
entirely new steel classes are covered in the modern steels bit, some of which admittedly
fall into the category of concept cars, i.e. they fire the imagination but may or may not
become folklore. With one exception, I have kept the arrangement of chapters to be the
same as in previous editions.

The book is intended for those who have a deep interest in steels, alloy design and
transformations in the solid state. For the committed scholar, the first and second editions
remain available.

H.K.D. H. BHADESHIA

Cambridge, U K. and Pohang, Republic of Korea, 2015
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Nomenclature

Allotriomorphic or idiomorphic ferrite forming by reconstructive transforma-
tion

Martensite

One-dimensional parabolic thickening rate constant

Bainite

Secondary ferrite

Lower bainite

Upper bainite

Constant in inclusion theory; alternatively, an autocatalytic factor
Austenite

Carbon-enriched austenite

Capillarity constant

Boundary thickness

Uniform dilatation accompanying transformation; alternatively, the average
distance between neighbouring particles in tempered martensite

Plastic strain

Average transverse thickness of dislocation cell structure in martensite
Resolution

Uniaxial dilatation normal to the habit plane

Cementite

Mean % planar misfit between inclusion and ferrite

Percent planar matching during epitaxial nucleation

Interledge spacing; alternatively an intersite jump distance during diffusion
Shear modulus
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Chemical potential of element ¢

Poisson’s ratio

Density

Spacing of close-packed planes

Dislocation density

Applied stress

Intrinsic strength of martensite, not including microstructural strengthening
Cyclic stress amplitude in a fatigue test

Critical stress in fracture mechanics, related to K¢ alternatively, solid solu-
tion strengthening due to carbon

Volume of a molecule of Fe 5C less 3 Qp.

Stress necessary for the propagation of cleavage fracture

Strengthening due to grain boundaries

Normal stress on the habit plane

Work of fracture, per unit area of crack surface

Stress as a function of the distance r ahead of the crack tip

Saturation value of 0, in a fatigue test

Yield stress or proof stress in monotonic loading tests

Strength of pure annealed iron

Interfacial free energy per unit area

Instantaneous flow stress at any particular stage of a test

Solid solution strengthening due to substitutional solutes

Ultimate tensile strength

Incubation time before the growth of an individual particle begins during isother-
mal transformation, or before a detectable degree of overall transformation.
Alternatively, the shear stress resolved along the shear direction

Athermal resistance to dislocation motion

Resistance to dislocation motion

Shear stress driving the motion of a transformation interface

Constant in weld metal inclusion formation theory

Volume fraction, or volume fraction divided by the equilibrium or some other
limiting volume fraction

A specific value of 1

Volume per atom

Volume of an atom of Fe in v

Minimum detectable increase in austenite layer thickness

Length of an edge crack, or lattice parameter

Temperature at which the transformation to austenite is complete

Atomic weight of element ¢

Mean free slip area in statistical theory for plasticity

Temperature at which the transformation to austenite begins

Temperature at which a sample becomes fully austenitic during heating
Temperature separating the o 4+ 7y and « phase fields for a specific alloy
Temperature separating the a 4 «y and «y phase fields for a specific alloy
Temperature at which austenite begins to transform to ferrite during cooling
Mean areal intercept in stereology

Magnitude of Burgers vector of dislocation
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A temperature below which bainitic transformation is considered to be stress-
assisted and above which it is considered to be strain-induced, during transfor-
mation under the influence of an externally applied stress

Highest temperature at which bainite forms under the influence of an externally
applied stress

Bainite-start temperature

Matrix representing the Bain deformation

Length of an edge crack, or length of a microcrack nucleus

Diameter of a penny-shaped crack in a spheroidal particle

Concentration of element 7 in phase « in equilibrium with phase ¢

Carbide thickness

Constants, with¢ =1,2,3 ...

Interatomic spacing along a specific crystallographic direction

Diffusivity of carbon in austenite

Diffusivity of element 7 phase «

Diffusivity of carbon in ferrite

Effective diffusion coefficient

Topological and fractal dimension, respectively

Vector describing the shear component of an IPS

Weighted average diffusivity of carbon in austenite

Young’s modulus

Attempt frequency for atomic jumps across an interface

Normalised supersaturation

Activity coefficient for carbon in austenite

Empirical function in nucleation theory

General term representing driving force

Free energy change for transformation without composition change

Chemical driving force

Mechanical driving force

Coherency strain energy during nucleation

Standard free energy of formation

Molar Gibbs free energy change on transformation; alternatively, the maxi-
mum molar Gibbs free energy change accompanying nucleation

Molar Gibbs free energy

Growth rate

Activation free energy for nucleation, or for interfacial motion

Activation free energy for the growth of an embryo into a nucleus

Activation free energy for the transfer of atoms across the nucleus/matrix in-
terface

Activation free energy to overcome the resistance to dislocation motion with-
out the aid of a chemical driving force

Molar Gibbs free energy of pure ¢

Free energy of phase identified by superscript

Free energy per unit area of fault plane

Function specifying the critical value of AGY~ at the Mg temperature
Function specifying the free energy change needed in order to obtain a de-
tectable rate of nucleation for Widmanstitten ferrite and bainite

Strain energy per mole

Free energy dissipated in the process of solute diffusion ahead of an interface
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Free energy dissipated in the transfer of atoms across an interface

Free energy term describing the maximum glide resistance of dislocations
Stored energy of Widmanstitten ferrite

Stored energy of bainite

Ledge height at the interface between « and the parent phase

Enthalpy change during the v — « transformation

Hardness of martensite

Hardness of virgin martensite

A function in the theory of diffusion-controlled growth

Hardness of tempered martensite when all excess carbon has precipitated
Nucleation rate per unit volume

Diffusion flux

Boltzmann constant

Coefficient in an equation for the strength of tempered martensite
Parameter describing the stability of retained austenite

Constant in the Avrami equation

Equilibrium solute partitioning coefficient

Constant relating lath size to strength

Partitioning coefficient for alloying element 7

Coefficient representing the strengthening effect of cementite particles; alter-
natively, a solute partitioning coefficient

Stress intensity range during fatigue testing

Threshold value of stress intensity range during fatigue crack growth
Stress intensification factor in fracture mechanics

Critical value of K, a measure of the toughness of a material

Threshold stress intensity for environment-induced delayed cracking
Threshold value of stress intensity below which stress corrosion cracks do not
grow at a perceptible rate

Maximum value of stress intensification factor in fatigue cycle

Minimum value of stress intensification factor in fatigue cycle

Maximum relative length contraction due to isothermal reaustenitisation
Mean intercept length in stereology, grain size

Austenite grain size

Average distance moved by dislocations during plastic deformation
Spacing between dislocations

Lower bainite start temperature

Paris constant in fracture mechanics

Mass fraction of element ¢

Mobility of an interface

Temperature below which martensite can be induced by stress

Highest temperature at which martensite forms under the influence of an ex-
ternally applied stress

Temperature at which 95% martensite is obtained

Martensite-start temperature

Martensite-start temperature for infinitely large austenite grain size

Time exponent in the Avrami equation

Number of atoms in an embryo involved in nucleation

Number of close-packed planes involved in the faulting process during dis-
placive nucleation
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Number of iron atoms per unit volume of

Number of cycles in fatigue loading

Number of particles per unit volume

Absolute number of carbon atoms

Péclet number (a dimensionless velocity) or autocatalytic factor

Pressure

Matrix representing a homogeneous invariant-plane strain deformation

Half the increase in the thickness of austenite during one-dimensional growth
Activation energy

Matrix representing an inhomogeneous lattice-invariant deformation

Mean particle radius at time ¢

Mean particle radius at time zero

Radius of a disc; alternatively, the distance ahead of a crack tip; alternatively
the tip radius of a growing plate, particle radius

Proof stress to ultimate tensile stress ratio

Ratio of o, to o

Critical distance in fracture mechanics, related to K;¢; alternatively, critical
tip radius at which the growth of a plate ceases

Value of r, at the endurance limit in fatigue

Universal gas constant; alternatively, the semi-axis of an oblate ellipsoid; al-
ternatively, the ratio of K, to K4, in fatigue

Electrical resistivity of phase identified by superscript

Rate at which growing austenite dilutes

Matrix for rigid body rotation

Shear component of the IPS shape deformation

Apparent shear strain

Functions in the Trivedi model for the growth of parabolic cylinders
Interfacial area per unit volume

Deformation matrix in the crystallographic theory of martensite

Time interval between the nucleation of successive sub-unit during sheaf length-
ening

Time; alternatively, the thickness of a disc

Time for isothermal transformation to bainite during austempering of cast iron
Time to the beginning of carbide precipitation from austenite during austem-
pering

Time for the precipitation of cementite from ferrite

Time required to reach a given fraction £ of isothermal transformation

Time required for a sub-unit to reach a limiting size

Time required to decarburise a plate of bainite

Time interval for step i in a series of isothermal heat treatments

True thickness of a plate

Traction defining the state of stress on a plane

Temperature

Austenite to ferrite transformation temperature

Temperature at which v and « of the same composition have the same free
energy

As Tj, but accounting for the stored energy of ferrite

Isothermal austenitisation temperature

Temperature at which the Ty curve and «/~ + 6 phase boundary intersect
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Ambient temperature

Critical Zener ordering temperature for carbon atoms in ferrite; alternatively,
the temperature below which cementite can in principle precipitate in associa-
tion with upper bainitic ferrite

Temperature at which accelerated cooling is stopped

The temperature below which the nucleation of displacive transformations first
becomes possible at a detectable rate

Isothermal transformation temperature

Melting temperature

Temperature at which rolling deformation is stopped

Temperature below which a midrib is found in lower bainite plates

Transition temperature for impact toughness

Temperature below which austenite does not recrystallise during hot deforma-
tion

As Tp, but forcing the Zener ordering of carbon atoms in the ferrite
Activation volume

Minimum detectable change in volume fraction

Change in molar volume on transformation

Volume of a sample

Volume of phase «

Extended volume of phase «

Molar volume of phase 0

Velocity of steps in the a/parent phase interface

Volume per particle

Diffusion field velocity

Velocity of an interface calculated on the basis of its mobility

Velocity of an interface calculated using a solute trapping function

Plate lengthening rate

Sheaf lengthening rate

Volume of sub-unit

Volume fraction

Volume fraction of austenite

Volume fraction of inclusions

Maximum volume fraction

Maximum volume of a sheaf

Thickness of a bainite sub-unit

Weight percent of element ¢

Weight percent of element ¢, in solution

Width of a fracture toughness specimen for a K¢ test

Average mole fraction of carbon in an alloy

Average concentration of X in cementite

Thickness of cementite particle

Mole fraction of carbon in ferrite which is in equilibrium or paraequilibrium
with austenite

Mole fraction of carbon in austenite which is in equilibrium or paraequilibrium
with ferrite

Carbon in « at interface

Mole fraction of phase «

Carbon concentration in austenite
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Carbon concentration in austenite before the start of austenite growth
Maximum carbon supersaturation permitted in ferrite, on thermodynamic grounds
Concentration of X in cementite

Concentration of X in ferrite which is in equilibrium with cementite

Carbon concentration given by the Aeg curve

Carbon concentration given by the T}, curve

Semi-axis of an oblate ellipsoid

Compliance function in fracture mechanics; alternatively, a constant in the
theory of thermally activated dislocation motion

Coordinate normal to the interface plane; alternatively, a constant in the theory
of thermally activated dislocation motion

Effective diffusion distance

Position of the interface along coordinate z.



CHAPTER 1

INTRODUCTION

We begin with a historical survey of the exciting early days of metallurgical research dur-
ing which bainite was discovered, covering the period up to about 1960, with occasional
excursions into more modern literature. The early research was usually well conceived and
was carried out with enthusiasm. Many of the original concepts survive to this day and oth-
ers have been confirmed using the advanced experimental techniques now available. The
thirty years or so prior to the discovery of bainite were in many respects formative as far
as the whole subject of metallurgy is concerned. The details of that period are documented
in the several textbooks and articles covering the history of metallurgy,' but a few facts de-
serve special mention, if only as an indication of the state-of-the-art for the period between
1920-1930.

The idea that martensite was an intermediate stage in the formation of pearlite was
no longer accepted, although it continued to be taught until well after 1920. The 3-iron
controversy, in which the property changes caused by the paramagnetic to ferromagnetic
transition in ferrite were attributed to the existence of another allotropic modification ()

"Notable historical works include: “The Sorby Centennial Symposium on the History of Metallurgy”, published
by the A.LM.E. in 1965 (includes an article by Bain himself), the commentary by H. W. Paxton (Davenport et al.,
1970), and by H. W. Paxton and J. B. Austin (Paxton and Austin, 1972). Paxton’s 1970 article is published along
with a reproduction of the classic 1930 paper on the discovery of bainite by Davenport and Bain, and is based
on first hand historical knowledge obtained directly from Davenport and Bain. An additional commentary was
published recently (Bhadeshia, 2010a).
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of iron, was also in its dying days.? The first evidence that a solid solution is an intimate
mixture of solvent and solute atoms in a single phase was beginning to emerge (Bain,
1921b,a) and it soon became clear that martensite consists of carbon dispersed atomically
as an interstitial solid solution in a tetragonal ferrite crystal. Austenite was established to
have a face-centred cubic crystal structure, which could sometimes be retained to ambi-
ent temperature by quenching. Bain had already proposed the homogeneous deformation
which could relate the face-centred cubic and body-centred cubic or body-centred tetrago-
nal lattices during martensitic transformation. It had been established using X-ray crystal-
lography that the tempering of martensite led to the precipitation of cementite, or to alloy
carbides if the tempering temperature was high enough. Although the surface relief associ-
ated with martensitic transformation had been observed, its importance to the mechanism
of transformation was not fully appreciated. Widmanstitten ferrite had been identified and
was believed to precipitate on the octahedral planes of the parent austenite; some notions
of the orientation relationship between the ferrite and austenite were also being discussed.

It was an era of major discoveries and great enterprise in the metallurgy of steels. The
time was therefore ripe for the discovery of bainite. The term “discovery” implies some-
thing new. In fact, microstructures containing bainite must have been encountered prior to
the now acknowledged discovery date, but the phase was never clearly identified because
of the confused microstructures that followed from the continuous cooling heat treatment
procedures common in those days. A number of coincidental circumstances inspired Bain
and others to attempt isothermal transformation experiments. That austenite could be re-
tained to ambient temperature was clear from studies of Hadfield’s steel which had been
used by Bain to show that austenite has a face-centred cubic structure. It was accepted that
increasing the cooling rate could lead to a greater amount of austenite being retained. In-
deed, it had been demonstrated using magnetic techniques that austenite in low-alloy steels
could exist at low temperatures for minutes prior to completing transformation. The con-
cept of isothermal transformation was already exploited in industry for the manufacture of
patented steel wire, and Bain was aware of this through his contacts at the American Steel
and Wire Company. He began to wonder “whether exceedingly small heated specimens
rendered wholly austenitic might successfully be brought unchanged to any intermediate
temperature at which, then their transformation could be followed” and he “enticed” E. C.
Davenport to join him in putting this idea into action.

1.1 The Discovery of Bainite

During the late 1920s, in the course of these pioneering studies on the isothermal transfor-
mation of austenite at temperatures above that at which martensite first forms, but below
that at which fine pearlite is found, Davenport and Bain (1930) discovered a new mi-
crostructure consisting of an “acicular, dark etching aggregate” which was quite unlike the
pearlite or martensite observed in the same steel (Fig. 1.1). They originally called this
microstructure “martensite-troostite” since they believed that it “forms much in the man-

%It is generally assumed today that the ferrite lattice is body-centred cubic both above and below the Curie
transition. However, the ordering of spins in the ferromagnetic state makes it incompatible with cubic symmetry
(White, 2007). If the spins are aligned along the z axis, then rotations about the x or y axes must be combined
with time reversal to preserve the directions of the spins, the magnetic point group becomes tetragonal. It follows
that the ferrite structure below the Curie temperature is tetragonal, but the extent of tetragonality is very small
and neglected in most experiments on complex microstructures in steels.
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ner of martensite but is subsequently more or less tempered and succeeds in precipitating
carbon”.

The structure was found to etch more rapidly than martensite but less so than troostite
(fine pearlite). The appearance of “low-range” martensite-troostite (formed at temperatures
just above the martensite-start temperature Mg) was found to be somewhat different from
the “high-range” martensite-troostite formed at higher temperatures. The microstructure
exhibited unusual and promising properties; it was found to be “tougher for the same hard-
ness than tempered martensite” (Bain, 1939), and was the cause of much excitement at the
newly established United States Steel Corporation Laboratory in New Jersey. It is relevant
to note here the contributions of Lewis (1929) and Robertson (1929), who were the first to
publish the results of isothermal transformation experiments on eutectoid steel wires, prob-
ably because of their relevance to patented steel. But the Davenport and Bain experiments
were unique in showing the progressive nature of the isothermal transformation of austen-
ite, using both metallography and dilatometry, and in providing a clear interpretation of the
structures. Others may have published micrographs of structures that could be identified
now as bainite, generated by isothermal transformation, for example Robertson, but the
associated discussion is not stimulating. This conclusion remains contentious (Bhadeshia,
2013b; Hillert, 2011).> The present author is convinced about the clarity of the Davenport
and Bain experiments, which were particularly successful because they utilised very thin
samples. Their method of representing the kinetic data in the form of time-temperature-
transformation curves turned out to be so simple and elegant, that it would be inconceivable
to find any contemporary materials scientist who has not been trained in the use or con-
struction of “TTT” diagrams.

In 1934, the research staff of the laboratory named the microstructure “Bainite” in hon-
our of their colleague E. C. Bain who had inspired the studies, and presented him with
the first ever photomicrograph of bainite, taken at a magnification of x1000 (Smith and
Bowles, 1960; Bain, 1963).

The name “bainite” did not immediately catch on. It was used rather modestly even
by Bain and his co-workers. In a paper on the nomenclature of transformation products in
steels, Vilella et al. (1936) mentioned an “unnamed, dark etching, acicular aggregate some-
what similar to martensite” when referring to bainite. Hoyt, in his discussion to this paper
appealed to the authors to name the structure, since it had first been produced and observed
in their laboratory. Davenport (1939) ambiguously referred to the structure, sometimes
calling it “a rapid etching acicular structure”, at other times calling it bainite. In 1940,
Greninger and Troiano used the term “Austempering Structures” instead of bainite. The
1942 edition of the book The Structure of Steel (and its reprinted version of 1947) by
Gregory and Simmons contains no mention of bainite.

The high-range and low-range variants of bainite were later called “upper bainite” and
“lower bainite” respectively (Mehl, 1939) and this terminology remains useful to this day.
Smith and Mehl (1942) coined the term “feathery bainite” for upper bainite which forms
largely, if not exclusively, at the austenite grain boundaries in the form of bundles of plates,
and only at high reaction temperatures, but this description has not found frequent use.
Both upper and lower bainite were found to consist of aggregates of parallel plates, aggre-
gates which were later designated sheaves of bainite (Aaronson and Wells, 1956).

31t has been said that Hultgren (1920) published micrographs of “bainite” in tungsten-containing steels, but the
interpretation was necessarily weak given the time period in which the work was done. There are phrases such as
“partly dark areas”, “formation of streaks”, and statements that the “ferrite formation is caused by an increase in
the crystallisation power of ferrite . . .” that are difficult to accept as identifying the discovery of bainite.
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Figure 1.1  Microstructures in a eutectoid steel. (a) Pearlite formed at 720 °C; (b) bainite obtained
by isothermal transformation at 290 °C; (c) bainite obtained by isothermal transformation at 180 °C;
(d) martensite. The micrographs were taken by Vilella and were published in the book “The Alloying
Elements in Steel" (Bain, 1939). Notice how the bainite etches much darker than martensite, because
its microstructure contains many fine carbides.

1.2 The Early Research

Early work into the nature of bainite continued to emphasise its similarity with marten-
site. Bainite was believed to form with a supersaturation of carbon (Wever and Lange,
1932; Wever and Jellinghaus, 1932; Portevin and Chevenard, 1937; Portevin and Jolivet,
1938). It had been postulated that the transformation involves the abrupt formation of flat
plates of supersaturated ferrite along certain crystallographic planes of the austenite grain
(Vilella et al., 1936). The ferrite was then supposed to decarburise by rejecting carbon at
a rate depending on temperature, leading to the formation of carbide particles which were
quite unlike the lamellar cementite phase associated with pearlite. The transformation was
believed to be in essence martensitic, “even though the temperature be such as to limit
the actual life of the quasi-martensite to millionths of a second”. Bain (1939) reiterated
this view in his book “The Alloying Elements in Steel”. Isothermal transformation studies
were by then becoming very popular and led to a steady accumulation of data on the bai-
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nite reaction, still variously referred to as the “intermediate transformation”, “dark etching
acicular constituent”, “acicular ferrite”, etc.

In many respects, isothermal transformation experiments led to the clarification of mi-
crostructures, since individual phases could be studied in isolation. There was, however,
room for difficulties even after the technique became well established. For alloys of ap-
propriate composition, the upper ranges of bainite formation were found to overlap with
those of pearlite, preceded in some cases by the growth of proeutectoid ferrite. The nomen-
clature thus became confused since the ferrite which formed first was variously described
as massive ferrite, grain boundary ferrite, acicular ferrite, Widmanstitten ferrite, etc. On
a later view, some of these microconstituents are formed by a “displacive” or “military”
transfer of the iron and substitutional solute atoms from austenite to ferrite, and are thus
similar to carbon-free bainitic ferrite, whereas others form by a “reconstructive” or “civil-
ian” transformation which is a quite different kinetic process (Buerger, 1951; Christian,
1965a).

1.2.1 Crystallography

By measuring the crystallographic orientation of austenite using twin vestiges and light mi-
croscopy, Greninger and Troiano (1940) were able to show that the habit plane of marten-
site in steels is irrational. These results were consistent with earlier work on non-ferrous
martensites and put paid to the contemporary view that martensite in steels forms on the
octahedral planes of austenite. They also found that with one exception, the habit plane of
bainite is irrational, and different from that of martensite in the same steel (Fig. 1.2). The
habit plane indices varied with the transformation temperature and the average carbon con-
centration of the steel. The results implied a fundamental difference between bainite and
martensite. Because the habit plane of bainite approached that of Widmanstitten ferrite at
high temperatures, but the proeutectoid cementite habit at low temperatures, and because
it always differed from that of martensite, Greninger and Troiano proposed that bainite
from the very beginning grows as an aggregate of ferrite and cementite. A competition
between the ferrite and cementite was supposed to cause the changes in the bainite habit,
the ferrite controlling at high temperatures and the cementite at low temperatures. The
competition between the ferrite and cementite was thus proposed to explain the observed
variation of bainite habit plane. The crystallographic results were later confirmed using
an indirect and less accurate method (Smith and Mehl, 1942). These authors also showed
that the orientation relationship between bainitic ferrite and austenite does not change very
rapidly with transformation temperature and carbon content and is within a few degrees of
the orientations found for martensite and Widmanstitten ferrite, but differs considerably
from that of pearlitic ferrite/austenite. Since the orientation relationship of bainite with
austenite was not found to change, Smith and Mehl considered Greninger and Troianos’
explanation for habit plane variation to be inadequate, implying that the habit plane cannot
vary independently of the orientation relationship. The fact that the habit plane, orientation
relationship and shape deformation cannot be varied independently was proven later with
the crystallographic theory of martensite (Bowles and Mackenzie, 1954; Wechsler et al.,
1953).

1.2.2 The Incomplete Reaction Phenomenon

It was known as long ago as 1939 that in certain alloy steels “in which the pearlite change
is very slow”, the extent of transformation to bainite decreases, ultimately to zero, as the
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Fe-0.92C-0.22Mn-0.03Si wt.%

Figure 1.2 An example of
the results obtained by Greninger
and Troiano (1940), showing
the irrational habit of bainite,
MARTENSITE which changed as a function
of the transformation temperature.
Notice also that the habit plane
BAINITE, 373 K of bainite is different from that of
martensite in the same steel.

BAINITE, 473 K

transformation temperature is increased (Allen et al., 1939). For example, the bainite trans-
formation in a Fe-2.98Cr-0.2Mn-0.38C wt% alloy was found to begin rapidly but cease
shortly afterwards, with the maximum volume fraction of bainite obtained increasing with
decreasing transformation temperature (Klier and Lyman, 1944). At no temperature in-
vestigated did the complete transformation of austenite occur solely by decomposition to
bainite. The residual austenite remaining untransformed after the cessation of the bainite
reaction, reacted by another mechanism (pearlite) only after a further long delay. Cottrell
(1945),in his experiments on a low-alloy steel, found that the amount of bainite that formed
at 525 °C (< Aes) was negligible, and although the degree of transformation increased as
the isothermal reaction temperature was decreased, the formation of bainite appeared to
stop before reaching completion. Other experiments on chromium-containing steels re-
vealed that the dilatometric expansion due to bainite became larger as the transformation
temperature was reduced, Fig. 1.3 (Lyman and Troiano, 1946). Oddly enough, the bainite
transformation did not seem to reach completion on isothermal heat treatment, even though
all of the austenite could readily transform to pearlite at a higher transformation tempera-
ture (Klier and Lyman, 1944). Often, the transformation of austenite at lower temperatures
occurred in two stages, beginning with the bainite reaction which stopped prematurely,
to be followed by the formation of pearlite at a slower rate. It is significant that the two
reactions may only be separated by a long delay in well-alloyed steels; in plain carbon
steels “the second reaction sets in within a few seconds after the beginning of the bainite
reaction” (Klier and Lyman, 1944).

1.2.3 Carbon Redistribution

X-ray and other experiments indicated that the formation of bainite enriches the residual
austenite in carbon. Klier and Lyman (1944) took this to mean that the austenite, prior to its
transformation to bainite, becomes compositionally unstable and separates into carbon-rich
and carbon-depleted volumes; in modern terminology, this would require uphill diffusion.
The low carbon regions were then supposed to transform into supersaturated bainite of
the same composition, by a “martensite-like” lattice rearrangement, to be followed soon
after by the precipitation of iron carbides. A similar suggestion had been made earlier by
Kurdjumov (1933) in the context of Widmanstitten ferrite: “regions of low carbon concen-
tration in the -y crystal result from diffusion within the  phase, and these regions can at this
time transform into the « phase . ..”. Entin (1962) seemed to rediscover this idea, leading
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Figure 1.3  Temperature dependence of the total dilatometric expansion due to the formation
of bainite (Lyman and Troiano, 1946). Transformation to bainite does not begin until a critical
temperature Bgs, which is well below the equilibrium Aes temperature. The amount of bainite that
can form at any temperature increases with the undercooling below Bg.

Aaronson et al. (1966a) to prove using thermodynamics that an austenitic Fe-C solid so-
lution cannot spontaneously undergo separation into carbon-rich and carbon-poor regions.
There is no tendency for the austenitic solid solution to undergo spinodal decomposition.
The concept nonetheless seems to crop up with notorious regularity even in modern lit-
erature (Prado, 1986; Prado et al., 1990; Kang et al., 2005). High-intensity X-ray in-situ
experiments using synchrotron facilities seemed at one stage to indicate that the austen-
ite unit cell splits into two identical lattices but with different lattice parameters prior to
the onset of the bainite transformation (Babu et al., 2005, 2007). Amongst the interpreta-
tions presented was the spinodal decomposition of the austenite, recognising that Aaronson
et al. (1966a) had demonstrated this to be impossible, but arguing that the available ther-
modynamic data may not be appropriate for the low temperature (300 °C) at which the
experiments were done. Subsequent higher-resolution experiments established that these
reports were based on an incorrect analysis of limited X-ray data, and that the austenite
remains homogeneous with a unique lattice parameter prior to transformation into bainite,
Fig. 1.4 (Stone et al., 2008). Neutron diffraction experiments confirm this conclusion (Koo
et al., 2009).

The proof by Aaronson et al. does not of course rule out random fluctuations of compo-
sition, of the type associated with any solid solution in dynamic equilibrium. It has there-
fore been argued that the nucleation of bainite is favoured in regions of austenite where the
carbon concentration is relatively low as a consequence of fluctuations (Yu et al., 1989).
Indeed, carbon-free regions of several thousand iron atoms can exist at all temperatures in
austenite of eutectoid composition (Russell, 1971). The difficulty arises when it is claimed
that these carbon-depleted regions lead to an enhancement of the nucleation rate. For ev-
ery such region there must also exist a carbon-enriched region where the probability of
ferrite nucleation is presumably reduced, thereby balancing the effects of the depleted re-
gions. Consequently, there may be no advantage in adopting this microscopic approach.
The usual macroscopic thermodynamic model in which the driving forces are calculated
for uniform composition should suffice.
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Figure 14 X-ray diffraction during isothermal holding. The vertical scale represents the progress
of time, a blue and red represent low and high intensities respectively. (a) Transformation at 300 °C,
showing that the austenite has a unique lattice parameter prior to the formation of carbide-free bainite.
(b) Holding at 200 °C for ten hours prior to the onset of bainite, showing the absence of any peak
splitting. After Stone et al. (2008).
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It has also been suggested that the segregation of carbon to dislocations will create a
depleted region in the austenite which stimulates the nucleation of bainite (Zhao et al.,
2007). The analysis is, however, flawed because it fails to account for the rapid diffusivity
of carbon in austenite over the dimensions typical during nucleation.
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Figure 1.5  Schematic illustration of the origin of the Ty curve on the phase diagram. The T§ curve
incorporates a strain energy term for the ferrite, illustrated on the diagram by raising the free energy
curve for ferrite by an appropriate quantity.

1.2.4 Thermodynamics

In a far reaching paper, Zener (1946) attempted to give a rational thermodynamic descrip-
tion of the phase transformations that occur in steels. He assumed that bainite growth
is diffusionless, any carbon supersaturation in bainitic ferrite being relieved subsequent
to growth, by partitioning into the residual austenite. The atomic mechanism of bainite
growth was not discussed in detail, but he believed that unlike martensite, there is no strain
energy associated with the growth of bainite. Thus bainite should form at a temperature
just below Tj, where the austenite and ferrite of the same composition have identical free
energies (Fig. 1.5).

However, T is frequently used in martensite theory for the temperature at which austen-
ite and martensite (i.e. supersaturated tetragonal “ferrite”’) have the same free energy; for
clarity, we follow Christian and Edmonds (1984) and call this temperature 75,,. The Bain
strain applied to a random interstitial solution of carbon in austenite automatically produces
the ordered tetragonal form of ferrite if the carbon atoms are trapped in their original sites,
but Zener also supposed that the tetragonal form may be regarded as a result of an ordering
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of the interstitial atoms into one set of sites of the cubic structure. He derived an equation
for the critical temperature T, at which the cubic and tetragonal forms of ferrite have the
same free energy. T, rises with interstitial solute content, and thus intersects the Mg tem-
perature and also has a joint intersection with the T and Ty, temperatures. Clearly 75,
lies below Ty at low carbon contents and above Ty at high carbon contents. According to
one interpretation (Owen et al., 1964), martensite formed above room temperature is cubic
at carbon contents below the intersection of Mg and 7, (above 2.5 at% carbon in plain
iron-carbon alloys) and tetragonal above it. As Zener pointed out, martensite cannot form
until the driving force obtained by supercooling below the T or T}, temperature is large
enough to provide the necessary strain energy.

It is usually assumed that bainite forming first as fully supersaturated ferrite nevertheless
has a cubic structure, but it would seem more logical to assume a tetragonal structure even
if the temperature of formation is above 7;.. This is because the Bain deformation leaves
the initial state as tetragonal and any disordering would follow subsequently (Christian,
1992).

The Zener model failed to provide an explanation of why the strain energy should exist
for martensite and not for bainite. On the other hand, it explained the data showing that the
degree of transformation to bainite increases with supercooling from zero at an upper limit,
which is generally known as the bainite-start or Bg temperature. The carbon that partitions
into the austenite affer the formation of bainite changes its composition, until it eventually
becomes thermodynamically impossible for the austenite to transform and the reaction
stops. For a given alloy, a larger undercooling below 7j would allow more bainite to
form before diffusionless growth becomes impossible. Consistent with experimental data,
the model also requires the bainite ‘C’ curve of the TTT diagram to tend asymptotically
to infinite time (Fig. 1.6) at a temperature corresponding to the Ty or T, temperature
whichever is higher, since the transformation of austenite without a composition change
cannot occur above this limit.

The initial plates of bainite, unlike those of many martensites, often grow to a limited
size less than that of the parent austenite grain. Zener suggested that a layer of cementite
around the plate stifles its subsequent growth.

1.2.5 Paraequilibrium

By 1947, it was evident that the cementite associated with bainite is different from that
found in pearlite. The latter was always found to have a different substitutional solute
concentration when compared with the average value, whereas the cementite in bainite had
about the same substitutional content as the matrix from which it grew. Hultgren (1947)
has cited several references that report magnetic, chemical and X-ray data on extracted
carbides that confirm this difference between the two kinds of cementite.

Hultgren was at the time proposing a model for the role of substitutional alloying ele-
ments in steels; at high temperatures where diffusion rates are reasonable, these elements
can redistribute during transformation in a way consistent with equilibrium. The transfor-
mation was then said to occur under “orthoequilibrium” conditions. This contrasts with
“paraequilibrium” in which the substitutional alloying elements are unable to partition,
although carbon, which is a fast diffusing interstitial element, redistributes between the
phases until its chemical potential is uniform throughout.

The mechanism of pearlite growth was not clear in those days, but the transformation
was believed to be initiated by the nucleation of cementite. This led to the contrasting sug-
gestion that bainite is initiated by the nucleation of ferrite (Mehl, 1939; Smith and Mehl,
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Figure 1.6  Schematic TTT diagram illustrating the flat tops on the bainite C-curves (Zener, 1946).

1942; Mehl, 1948). Hultgren put these ideas together and proposed that upper bainite be-
gins with the nucleation and growth of ferrite with a paraequilibrium carbon concentration,
causing the residual austenite to become enriched in carbon. This bainitic ferrite, unlike
the ferrite associated with pearlite, was believed to have a rational Kurdjumov-Sachs or
Nishiyama-Wasserman orientation relationship with the parent austenite in which it grows.
This was considered to explain the observed difference in ferrite morphologies in bainite
and pearlite. Bainitic ferrite was always found to consist of individual plates or sheaves
whereas the ferrite in pearlite apparently formed alternating plates of a regularly spaced
two-phase lamellar aggregate. The enrichment of austenite with carbon should eventually
cause the paraequilibrium precipitation of cementite from austenite in a region adjacent to
the bainitic ferrite. At the time, pearlitic cementite was thought to bear a rational orien-
tation relation to the austenite grain into which the pearlite colony grows, and Hultgren
proposed, without any evidence, that bainitic cementite should be randomly orientated to
the austenite in which it precipitated. This process of ferrite and subsequent cementite pre-
cipitation then repeated, giving rise to the sheaf of bainite. Hultgren therefore considered
upper bainite to be similar to pearlite but growing under paraequilibrium conditions and
different in the orientation relations with austenite.

No explanation was offered for the occurrence of paraequilibrium with bainite, nor
for the existence of the various orientation relationships. He admitted the possibility that
bainite formed at lower temperatures (later known as lower bainite) “forms directly”,
implying that the bainitic ferrite formed with a supersaturation of carbon, although the
mechanism was not discussed.

The model of pearlite formation involving the repeated formation of ferrite and cemen-
tite was abandoned when Hillert (1962) demonstrated that a pearlite colony really consists
of two interwoven crystals, one of ferrite and the other of cementite. Hillert (1957, 1962)
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also pointed out an important distinction between pearlite and upper bainite; in the former
case, the ferrite and cementite phases grow cooperatively, whereas in the latter case, the
plates of bainitic ferrite form first with the precipitation of cementite being a subsequent
reaction.

1.2.6 Kinetics

Experiments indicated that martensite can grow very rapidly in steels, a plate taking a few
microseconds to grow right across an austenite grain (Wiester, 1932; Hannemann et al.,
1932; Forster and Scheil, 1936, 1937). Bunshah and Mehl (1953) later measured the
growth rate to be as high as 1kms™!, i.e. about one-third of the velocity of sound in
iron. This gave rise to the incorrect impression that martensitic transformation does not in-
volve a “nucleation and growth process”. Thus, Smith and Mehl (1942), wondered whether
bainitic structures form by a process of nucleation and growth or whether the plates spring
full-formed from the matrix lattice “as they do in the transformation to martensite”. A
nucleation and growth model was favoured since the sizes of the reacted regions appar-
ently increased with time at the reaction temperature. This was consistent with the work of
Wever and his co-workers (Wever and Lange, 1932), who found that in the bainite trans-
formation range, the austenite decomposes relatively slowly. Furthermore, the progress of
the bainite transformation could be represented by means of a C-shaped curve on a TTT
diagram (Davenport and Bain, 1930), with a well defined incubation period before the be-
ginning of isothermal transformation. Martensitic transformation, on the other hand could
not be suppressed by the fastest available quench rates (Troiano and Greninger, 1946); it
seemed to form athermally and was represented on the TTT diagram by a family of lines
parallel to the time axis (Cohen, 1946). The bainite reaction was found to follow C-curve
kinetics even below the Mg temperature (Howard and Cohen, 1948).

It is in this context that Ko and Cottrell (1952) attempted to investigate whether bainite
is “a nucleation and growth reaction, or like martensite, forms in a fraction of a second”.
They also wanted to establish whether the transformation leads to surface relief effects
similar to those associated with martensitic transformations. Ko and Cottrell were able to
demonstrate, through hot-stage light microscopy, that bainite grows relatively slowly and
that its formation causes the shape of the transformed region to change, the shape change
being characterised qualitatively as an invariant-plane strain (Fig. 1.7). They also noted that
unlike pearlite which is not hindered by austenite grain boundaries (Mehl, 1948), bainite
growth terminated at austenite twin or grain boundaries. The transformation was therefore
similar to martensite, and Ko and Cottrell attempted to identify any clear differences that
may exist between martensite and bainite.

It was known already that martensite first forms at a large undercooling below the T
temperature, at which ferrite and austenite of identical composition have equal free energy
(Zener, 1946; Cohen et al., 1950). Since diffusionless transformation is thermodynam-
ically feasible below Ty, the extra undercooling was believed necessary to account for
the strain and to a lesser extent, the interface energy associated with the formation of the
martensite plate. Bainite, which forms at higher temperatures, must have a different mech-
anism consistent with the smaller driving force available at elevated temperatures. Ko and
Cottrell argued that a “coherent nucleus” can develop either into martensite or into bainite
depending on the driving force available for transformation, the nucleus developing into
martensite below Mg. At the higher temperatures where bainite occurs, “coherent growth”
can only “take place when the strain due to the density change is relieved”. This could
happen if the amount of carbon dissolved in bainite is reduced, either by diffusion from
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Stylus trace: Pearlite

Stylus trace: Bainite

Figure 1.7  Surface effects observed during the transformation of pre-polished samples of austenite
(Ko and Cottrell, 1952). (a) Surface relief due to the formation of bainite. (b) Line traces obtained by
traversing a stylus across the surface of a pearlitic and a bainitic sample. Notice the severe upheavals
caused by bainite, which contrast with the negligible relief due to pearlite.

bainite or by precipitation within bainite, or by a combination of these processes, depend-
ing on the transformation temperature. It is not clear from their description whether they
envisaged initially diffusionless growth, followed by carbon diffusion to provide the driv-
ing force for further growth, or whether the diffusion and interface migration are coupled
so that precipitation within the ferrite (for lower bainite) or carbon rejection to the austenite
(for upper bainite) takes place at the moving interface. The former mechanism is illogical
since the extra driving force is only available after a stage of initial growth to martensite
which should not be possible (according to their growth condition) above Mg. Provided
there is some way of circumventing the difficulty of forming the initial coherent nucleus
(of whatever composition), the second type of growth model would allow bainite to form
above Mg, and indeed above Tj. In some later work, Ko (1953) distinguished between in-
coherent ferrite and “acicular ferrite” which he proposed should be regarded as carbon-free
bainitic ferrite.

Kriesement and Wever (1956) pointed out that the appearance of bainite changes con-
tinuously between upper and lower bainite, and postulated that the microstructure evolves
by the repeated and alternating nucleation and growth of lamellae of cementite and ferrite,
from austenite. Unlike pearlite, the growth direction of the macroscopic plate of bainite
was supposed to be normal to the plane of the lamellae. Although this particular mecha-
nism has since been shown to be incorrect, they identified clearly the condition necessary
for cementite precipitation to occur from residual austenite during the bainite transforma-
tion. Cementite precipitates from austenite if the carbon concentration of the latter exceeds
that given by the extrapolated -y/-y + 6 phase boundary.

Although many of the characteristics of bainite, especially the morphology and the
shape deformation, had been found to be similar to those of martensite, a different mi-
crostructural approach was developed by Aaronson (1962). He used the Dubé morpholog-
ical classification (Dubé et al., 1958; Heckel and Paxton, 1961) for all non-pearlitic forms
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of ferrite and attributed the morphological variations to the dependence on the growth ki-
netics of an interface and to the nature of the site from which a precipitate crystal develops.
In particular, plate morphologies were regarded as the result of the formation of immobile,
partly coherent, planar interfaces which can grow normal to themselves only by the lateral
migration of “ledges”. In a later discussion of bainite, Aaronson (1969) developed the “mi-
crostructural” definition in which bainite is regarded simply as a non-lamellar two-phase
aggregate of ferrite and carbides in which the phases form consecutively, as distinct from
pearlite where they form cooperatively. Aaronson stated that according to this definition,
the upper limiting temperature of bainite formation should be that of the eutectoid reaction
(Aey), and he denied that the kinetic Bg temperature has any fundamental significance. In
those alloy systems where there seems clear evidence for a separate C-curve for bainite,
the bainitic “bay” and the apparent upper limit of bainite formation (Bg) were attributed
to a special effect of certain alloying elements on the growth kinetics. Aaronson equally
dismissed the observation of surface relief as a basis for classifying the various forms of
ferrite.

1.3 Bainitic Steels: Industrial Practice

In spite of the early optimism about the potential of bainitic steels, commercial exploitation
took many years to become established. The steels were not better than quenched and tem-
pered martensitic steels, partly because of the coarse cementite particles associated with
bainite and because the continuous cooling heat treatments which were popular in indus-
try, could not in practice produce fully bainitic steels. The use of lean alloys gave mixed
microstructures whereas intense alloying led to intolerable quantities of martensite. It was
not until low-alloy, low-carbon steels containing boron and molybdenum were introduced
by Irvine and Pickering (1958) that fully bainitic steels could be produced in commercial
quantities using continuous cooling heat treatments. Nonetheless, martensitic steels dom-
inated the high-strength steel market, with their better overall mechanical properties and
well understood physical metallurgy principles.

Even lower carbon concentrations than conceived by Irvine and Pickering could have
led to better bainitic steels, with strength and toughness due to the sub-micrometre size
grain structure of bainite. However, technology was not in those days sufficiently advanced
to cope with the necessarily higher cooling rates required to produce bainite in very low-
carbon steels, as the steel left the hot-rolling mill. The first system designed to accelerate
cooling of hot sheet steel as it leaves the mill, was at the United Steel Company (UK),
probably as a means to reduce the length of the run-out table which allows the strip to cool
to a specified temperature before coiling. The faster cooling was achieved using a laminar
water jet system (Adcock, 1962). The first papers discussing the metallurgical benefits
of accelerated cooling were presented in 1965 (Morgan et al., 1965). The technology of
accelerated cooling designed to produce partially or wholly bainitic microstructures in very
low-carbon, microalloyed steels has been now perfected with the new class of steels well
established (DeArdo, 1988).

An area of major success for bainite was in creep resistant steels, where the so-called
ZiCr—lMo steel was known to be one of the best alloys for creep strength and microstruc-
tural stability in large components (Miller et al., 1940). The microstructural aspects of the
steel may not have been appreciated in those days, but on continuous cooling it transforms
into carbide-free upper bainite. In most applications, the microstructure is then heavily
tempered at 700°C for several hours in order to relieve any residual stress. The temper-
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ing treatment and service at elevated temperatures causes the precipitation of a series of
metastable alloy carbides, which together with solid solution strengthening by molybde-
num, greatly enhance the creep strength. This particular alloy even now sustains the energy
generation industry (Lundin et al., 1982).

1.4 Summary of the Early Research

By the beginning of the sixties, bainite was regarded as a transformation product differ-
ing significantly from various forms of proeutectoid ferrite as well as from pearlite and
martensite. The results of the early research can be summarised as follows (Fig. 1.8).

Bainite can be obtained by isothermal transformation at all temperatures where the for-
mation of pearlite and proeutectoid ferrite is sluggish, and also at temperatures below the
martensite-start temperature. Upper bainite, which forms at high temperatures, was found
to consist of sheaves of ferrite plates with cementite particles located between the plates.
By contrast, lower bainite was characterised by fine cementite particles within the bainitic
ferrite plates in addition to those between the plates.

Observations using light microscopy indicated that bainite sheaves lengthen at a rate
much slower than martensite plates. Bainite sheaves were found to have irrational habit
planes, the indices of which differed from those of martensite in the same alloy. The
orientation relationship between bainitic ferrite and austenite was on the other hand similar
to that between martensite and austenite. Bainite plates were never found to cross austenite
grain boundaries and the formation of bainite was, like martensite, observed to cause the
shape of the parent crystal to change. This shape deformation is in present day terminology
better described as an invariant-plane strain.

In steels where transformation to bainite could be carried out without interference from
other reactions, experiments demonstrated that the degree of transformation to bainite de-
creases (ultimately to zero) and that the time taken to initiate the reaction increases rapidly
with increasing isothermal transformation temperature. This led to the definition of a
bainite-start temperature above which there is no reaction. This temperature was always
found to lie well within the (metastable) o + - phase field. Other reactions could fol-
low bainite, but in all cases, the rapid growth of bainite stopped prematurely before the
austenite was fully transformed.

The prevailing, albeit rather ill-defined concept of the bainitic reaction as involving a
martensitic type interface combined with carbon diffusion-controlled growth had already
led to the suggestion of bainitic reactions in non-ferrous alloys. In particular, the obser-
vation of surface relief effects apparently combined with compositional changes in the
decomposition of some [3-phase copper-zinc alloys had been used in a pioneering paper
by Garwood (1954-1955) to identify this decomposition as bainitic, and the difficulties
in accounting for such a reaction in purely substitutional alloys had been emphasised by
Christian (1962). This remains an interesting aspect of transformation theory (Christian,
1997).

The early emphasis on the similarities between bainitic and martensitic transforma-
tions still dominated the literature in the 1960s. The contrasting views of Aaronson and
co-workers were only beginning to emerge. This led to controversy but also stimulated
research. There is now a clear picture of the mechanism of transformation, the quantitative
aspects of which have contributed significantly to the design of some remarkable steels.
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Figure 1.8  Flow chart illustrating some of the important milestones in the history of bainite.



CHAPTER 2

BAINITIC FERRITE

The growth of pearlite occurs at a common transformation front with the austenite. The
growth of the ferrite and cementite phases is coupled and their compositions are comple-
mentary since the carbon which cannot be accommodated by the ferrite is incorporated
into the cementite. This contrasts with bainite which occurs in separable stages, first the
growth of ferrite, followed by the precipitation of carbides. This chapter deals with the fer-
ritic component of bainite, focusing on its morphology, crystallography, constitution and
kinetics.

2.1 Sheaves of Bainite

2.1.1 Morphology

Both upper and lower bainite consist of aggregates of plates of ferrite, separated by untrans-
formed austenite, martensite or cementite (Fig. 2.1). The aggregates of plates are called
sheaves (Aaronson and Wells, 1956) and the plates within each sheaf are the sub-units.
The sub-units are not isolated from each other but are connected in three dimensions. It
follows that they share a common crystallographic orientation.

Many observations, including two-surface analysis experiments, show that the shape
of a sheaf is that of a wedge-shaped plate (Oblak et al., 1964; Srinivasan and Wayman,
1968c). The thicker end of the wedge begins at the nucleation site which is usually an
austenite grain surface. The sub-units which make up the sheaf have a lenticular plate

17
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Figure 2.1 (a) Light micrograph illustrating sheaves of lower bainite in a partially transformed
(395 °C) Fe-0.3C-4Cr wt% alloy. The light etching matrix phase is martensite. (b) Corresponding
transmission electron micrograph illustrating sub-units of lower bainite.

or lath morphology, whose form is most prominent near the edge or tip of a sheaf where
impingement effects are minimal (Fig. 2.2).

Figure 2.2 The  three-
dimensional shape of a plate
and of a lath.

The shape is best observed in partly transformed specimens. The dimensions of a sub-
unit are uniform within a sheaf because each sub-unit grows to a limiting size. New sub-
units are most frequently nucleated near the tips of existing sub-units rather than on their
sides. The overall morphology of a sheaf is illustrated in Fig. 2.3.

When the sub-units are in the form of laths, they are longest along the close-packed
direction of the ferrite which is most parallel to a corresponding close-packed direction of
the austenite (Davenport, 1974). As with martensite, plates tend to form at low tempera-
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sheaf of bainite

sub-unit

(e) sub-unit

Figure 2.3  (a) Transmission electron micrograph of a sheaf of upper bainite in a partially
transformed Fe-0.43C-2Si-3Mn wt% alloy. (a) Light micrograph. (b,c) Brightfield and corresponding
dark-field image of retained austenite between the sub-units. (d) Montage showing the structure of
the sheaf. (e) Corresponding outline of the sub-units near the sheaf tip region.
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tures, large carbon concentrations or in strong austenite, Fig. 2.4 (Kelly and Nutting, 1960;
Davies and Magee, 1970b,a, 1971; Haezebrouck, 1987). Thus, a plate morphology can be
induced by increasing the strength of the austenite even if the transformation temperature is
increased at the same time (Laverroux and Pineau, 1974). Similarly, the lath to plate tran-
sition can be induced using a magnetic field to change the driving force for transformation,
without altering the transformation temperature (Korenko, 1973). !

600

500

400

"BUTTERFLY"

300

. Figure 24 The shape of martensite
crystals as a function of the transformation
temperature and carbon concentration of Fe-

200 LENTICULAR 9 Ni-C alloys (Maki and Tamura, 1986).

Temperature / K

1a0r THIN PLATE

0
00 05 10 15 20
Carbon / wt%

The physical basis for these correlations is not clear because the variables described
are not independent. The strength of the austenite must play a role because it determines
the extent to which the shape change is plastically accommodated. Lath martensite is
associated with this plastic accommodation which ultimately stifles the growth of the lath.

This hypothesis has been developed in detail by Haezebrouck (1987) who proposed that
a plate shape is promoted by rapid radial growth and a high yield stress in the parent phase.
Both of these factors favour elastic growth, where irreversible defects are not created during
transformation. A high growth rate is equivalent to a high strain rate, which makes yielding
more difficult. The radial growth must be elastic for small particles but whether this can
be sustained as the particle grows depends on the flow behaviour of the austenite. The
effect of plasticity is to cause the radial growth to arrest. If plasticity sets in at an early
stage of growth, it is assumed that lath martensite is obtained. The model is consistent
with experimental data, including the Korenko experiment and the growth arrest. It does
not, however, address the shape transition. A plate to lath transition depends on a change
from isotropic to anisotropic radial growth.

I'A three-dimensional reconstruction of a series of optical micrographs led Wu and Enomoto (2002) to conclude
that the bainite sub-units have rod-like cross-sections. However, the resolution of the method is compromised,
both by the use of optical microscopy and by the image analysis software. Their own transmission microscopy
images show only plate sections. A rod shape is also inconsistent with the observed shape deformation.
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The observed variations in microstructure as a function of temperature are summarised
in Fig. 2.5.
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Figure 2.5 (a) Qualitative trends in microstructure as a function of the transformation temperature.
(b) Measurements of the bainite sub-unit thickness as a function of the transformation temperature
for a variety of steels (Chang and Bhadeshia, 1995a; Singh and Bhadeshia, 1998a).

Such changes in microstructure are illustrated vividly in Fig. 2.6, where the microstruc-
ture represents the effects of an abrupt change in the transformation temperature from
420°C to 290°C. This has resulted in a bimodal scale with a dramatic reduction in the
plate size on lowering the temperature. An additional benefit of such a two-step heat treat-
ment is the refinement of the islands of residual austenite (Wang et al., 2014b), which if
too coarse, can compromise the toughness of the steel.

2.1.2 Thickness of bainite plates

If the shape deformation is elastically accommodated then the plates can in principle main-
tain an elastic equilibrium with the matrix. They may continue to thicken isothermally until
the strain energy balances the available free energy. It follows that if the plates are allowed
to grow freely, they should be thicker at lower temperatures where the driving force is the
greatest. This contradicts the experimental data because bainite is never elastically accom-
modated. Direct observations have shown that there is considerable plastic relaxation in
the austenite adjacent to the bainite plates (Swallow and Bhadeshia, 1996), that also causes
a broadening of austenite X-ray diffraction peaks during the course of transformation, as
the austenite accumulates defects (Dutta et al., 2013). The dislocation debris generated
in this process resists the advance of the bainite/austenite interface, the resistance being
greatest for strong austenite. The yield strength of the austenite must then feature in any
assessment of plate size. In this scenario, the plates are expected to become thicker at
high temperatures because the yield strength of the austenite will then be lower. Dynamic
recovery at high temperatures may further weaken the austenite and lead to coarser plates.
Indeed, high-temperature bainite often contains sub-grains which are finer for lower trans-
formation temperatures (Pickering, 1958). These boundaries form by the recovery of the
dislocation structure during transformation.

The thickness must also be influenced by impingement between adjacent plates; as in
all transformations, a large nucleation rate corresponds to a finer microstructure.
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Figure2.6 A bimodal distribution of bainite plate thickness (5,1 and au,p,2), obtained by changing
the isothermal transformation temperature from 420° C to 290° C (Papadimitriou and Fourlaris, 1997).

The perceived effect of temperature could be indirect since both strength and the nu-
cleation rate are strongly dependent on temperature. A quantitative analysis indicates that
temperature has only a small independent effect on the thickness of bainite plates (Fig. 2.7).
The main conclusion is that strong austenite and high driving forces lead to a finer mi-
crostructure. These outcomes have been confirmed by Caballero et al. (2004).

The relationship between plate thickness (¢, pm), driving force (AG7%, J mol™1), ab-
solute temperature and the strength of austenite (o), MPa) is highly non-linear which is
why the original analysis was carried out using a neural network (Singh and Bhadeshia,
1998a). However, as a rough guide, Azuma et al. (2005) have derived the following poly-
nomials based on the same data:?

t o~ 0478+ 12x 10T +1.25 x 107AG™*| - 2.2 x 10 %0)  (2.1)
with o) ~ [1—-0.26x 107°T, +0.47 x 107°T? — 0.326 x 10~°T;’]
x15.4(4.4 + 23wc + 1.3ws; + 0.24wey + 0.94wy, + 32wy)  MPa

l

where w; represents the concentration in wt% of the element identified by the subscript,
and T,, = T — 25 and T is the temperature in °C. The equation is based on original data
where the thickness ranged from 0.053-0.330 pum.

2The equation for strength was stated incorrectly when reproduced in (Azuma et al., 2005) from (Singh and
Bhadeshia, 1998a).
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Figure 2.7  (a) The neural network perceived significance of each of the variables plotted on the
horizontal axis, in influencing the thickness of bainite plates. The vertical scale represents the ability
of the variable to explain variations in plate thickness. (b) Variation in thickness with the chemical
driving force. (c) Variation in thickness with the strength of the austenite. After Singh and Bhadeshia
(1998a).

2.1.3 Stereology

Crystals of bainite are anisotropic in shape. Their size is characterised by measuring the
thickness on a random section in a direction normal to the long edges of the plates. The
average value of many such measurements gives an apparent thickness which can be useful
in correlations with mechanical properties. The true thickness requires stereological effects
to be taken into account. If a plate is represented as a disc of radius r and thickness ¢ with
r > t, then the mean intercept length is given by L3 = 2t, and the mean intercept area is
given by A = 2rt (Fullman, 1953). These intercepts must be taken at random.

The appropriate measure of the grain size is dependent on the application. For example,
the strength will be a function of the dimensions of the slip planes within individual plates
(Naylor, 1979; Daigne et al., 1982). Assuming that there is a random distribution of slip
plane orientations, the grain boundary strengthening term is of the form o, = k,M ™!,
where £, is a constant and M is the mean value of the larger diameter of a slip plane. This
differs from the Hall-Petch relation where it is the inverse square root of grain size which
matters (Chapter 12).

The stereology of a sheaf is rather more complicated than implied by a mean lineal in-
tercept. This is because from a topological point of view, it is a rough object; the amount
of ay, /7y interface per unit volume, Sy, depends on the resolution ¢, with which measure-
ments are made:

Sy = Spe)t P 22)
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where SY, is the surface to volume ratio of a smooth object, D the topological dimension
and D the fractal dimension.> The fractal dimension can be derived by measuring Sy as
a function of resolution; such experiments have been done (Kang and Bhadeshia, 2006),
with D = 3.59 so that:

In{Sy/m 1} =059In ¢ ' +5.4 (2.3)

where the units of ¢, are in metres. The fractal dimension is less than 4 because the
sheaf does not possess a true fractal character, due to the limited number of generations of
sub-units. From a physical point of view, it is expected and observed that there are only
two generations leading to a bimodal distribution of sub-unit sizes (Olson et al., 1990).
The largest generation represents platelets that have formed to the point where mechanical
stabilisation stifles their growth, and the smaller ones are the sub-operational embryos that
have yet to develop into the rapid growth stage (section 6.3). Therefore, the increase in
Sy as a function of resolution is less rapid when compared with D = 4, as illustrated
in Fig. 2.8. A relationship such as that in equation 2.3 can be used in structure-property
correlations. For example, when considering toughness, it may be appropriate to account
for Sy with e, > 1075 m given the size of a typical plastic zone, whereas to consider the
segregation of hydrogen to interfaces, a much greater Sy, is appropriate with ¢, < 10~7 m.
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formations, each on a finer scale.

2.2 Dislocation Density

Popular opinion is that bainite has a high dislocation density but there are few quantitative
data to support this notion. Transmission electron microscopy has revealed a dislocation
density pg of about 4 x 10'*m~2 for an alloy with Bs ~ 650°C. To put this in con-
text, the same dislocation density can be obtained by elongating an iron sample by 7%
(Takaki, 2003). It is also useful to compare against allotriomorphic ferrite obtained at
800°C in the same steel with pg ~ 0.5 x 10'*m~—2 (Smith, 1984). These data are similar
to measurements on continuously cooled steel in which pg{bainite} ~ 1.7 x 10*m~2
and pg{allotriomorphic ferrite} ~ 0.37 x 10'4m~2 (Graf et al., 1985). It is significant

3 A perfect sphere is smooth, with Sy, equal exactly to 47r2/(4/3)mr3 and D = 3. Measures of perimeter
and surface area are not well-defined for objects that are rough, because they depend on the resolution of the
measurement technique.
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that bainite contains more dislocations than allotriomorphic ferrite even when they form at
similar temperatures.

The defect structure of bainite is often attributed to the shear transformation mechanism.
However, such a mechanism need not leave dislocations in the ferrite if the shape defor-
mation is elastically accommodated. Thermoelasticity in martensites and shape memory
alloys depends on the elastic accommodation of the shape deformation and the movement
of any interfaces must occur without the creation of defects. It is only if the shape defor-
mation is accompanied by plastic relaxation (Fig. 2.9) that the dislocations associated with
this plastic strain are inherited by the product phase. Indeed, even the local misorientations
associated with dislocation debris in the austenite are inherited by the bainite (Godet et al.,
2004).
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Figure2.9 (a) A perfect invariant-plane strain surface relief effect. (b) One where plastic relaxation
of the shape change occurs in the adjacent matrix. (c,d) An actual atomic force microscope scan
across the surface relief due to a bainite sub-unit (Swallow and Bhadeshia, 1996).

It is conceivable that the ferrite plate itself might relax. After all, the strength of both
ferrite and austenite decreases at high temperatures. However, theory predicts that for a
plate shape, the strains are mostly accommodated in the austenite (Christian, 1965b, 1975).
Hence, atomic-force microscope scans show that the displacements within the bainitic fer-
rite are much more regular than in the adjacent austenite (Fig. 2.9¢c). The plastic accom-
modation is more evident in Fig. 2.9d, where the strain is seen to extend into the austenite
to a distance about equal to the width of the bainite.

Plastic relaxation has featured in many early observations. When polished samples of
austenite are transformed to bainite, the adjacent austenite surface does not remain pla-
nar, but instead exhibits curvature that is characteristic of slip deformation (Srinivasan and
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Wayman, 1968c). Hot-stage transmission electron microscopy has shown that growth is
accompanied by the formation of dislocations in and around the bainite (Nemoto, 1974).
Direct observations of the austenite/bainite interface show accommodation in both phases,
Fig. 2.10. The austenite adjacent to the bainite can accommodate the shape deformation
by mechanical twinning or faulting, with the density of defects increasing as the transfor-
mation temperature decreases (Bhadeshia and Edmonds, 1979a; Sandvik and Nevalainen,
1981; Sandvik, 1982a). These accommodation defects are common in martensitic trans-
formations (Jana and Wayman, 1970).

Figure 2.10 Intense dislocation debris both at, and in the vicinity of the bainite/austenite
transformation front (Bhadeshia and Edmonds, 1979a).

The dislocation density of bainitic ferrite increases as the transformation temperature
is reduced (Pickering, 1967a). X-ray line profile measurements show an increase in the
lattice strain due to dislocations as the transformation temperature is reduced. This can
be used to estimate the dislocation density; isothermal transformation to bainite at 300,
360 and 400 °C gave dislocation densities of 6.3 x 10'%,4.7 x 10*® and 4.1 x 10> m—2
respectively (Fondekar et al., 1970).

2.2.1 Quantitative Estimation of Dislocation Density

It might be assumed that for low-alloy steels the dislocation density depends mainly on
transformation temperature via the influence of the latter on the strength of the parent and
product phases. It should then be possible to treat all of the displacive transformations,
martensite, bainite and Widmanstitten ferrite, together. This leads to an empirical rela-
tionship for the upper bound of dislocation density, valid for transformation temperatures
in the range 473-942 K (Fig. 2.11) derived originally by Takahashi and Bhadeshia (1990)
but modified to include modern data on the dislocation density of nanostructured bainite
obtained by isothermal transformation at 200 °C (Li and Jin, 2010; Mateo and Caballero,
2005) as: .

log,g pa = 10.292 + @ - 17% 2.4)
where p, is the dislocation density in m~2, and 7" is the reaction temperature in kelvin. For
martensite the transformation temperature is taken to be the Mg temperature. Although
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the dislocation densities of martensite measured by Norstrom (1976) are also plotted in the
Fig. 2.11, those data were not used in deriving the expression because of uncertainties in
the method used to assess the thickness of the thin foil samples used.
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Figure 2.11 Dislocation density of martensite, bainite, acicular ferrite and Widmanstitten ferrite
as a function of the transformation temperature. The line is used as the basis for equation 2.4, derived
from the red filled-points only. The three black filled-points are from (Sahu, 2005) on what is assumed
to be bainite formed in stainless steel during isothermal transformation; these points are not included
in the derivation of equation 2.4.

A single point from Cornide et al. (2011) on bainite transformed at 300 °C is also
included in the plot; the data are claimed to be from nanostructured bainite but in fact
the higher than conventional heat-treatment temperature leads to a coarser microstructure.
However, the interesting result from this study is that the retained austenite contains a sim-
ilar dislocation density, as expected from plastic accommodation effects. The dislocation
density was found to be non-uniform, with the largest density at the «,/ interfaces, as
can be seen in Fig. 2.10.

2.3 Chemical Composition

2.3.1 Substitutional Alloying Elements

There is no long-range redistribution of substitutional solutes during the growth of bainitic
ferrite (Aaronson and Domian, 1966, e.g.). High resolution experiments confirm this on the
finest conceivable scale (Bhadeshia and Waugh, 1982b,a; Stark et al., 1988, 1990; Josef-
sson and Andrén, 1988, 1989; Caballero et al., 2007; Pereloma et al., 2007; Caballero
et al.,2008b, 2010c; Timokhina et al., 2011b). The ratio of the iron to substitutional solute
atoms remains constant everywhere during the formation of bainite. This is not surprising
given the displacive character of the transformation and the low diffusivity of substitutional
atoms at the temperatures where bainite forms. By contrast, all atoms, including iron, must
diffuse during a reconstructive transformation. Thus, it is possible to distinguish between
a displacive and reconstructive mechanism even in pure iron.
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A reconstructive transformation can be imagined to occur in two steps (Fig. 2.12): the
change in crystal structure is achieved as in a displacive transformation; matter is then
transferred in such a way that the shape deformation and strain energy associated with
the first step is minimised. The matter must be transported over a distance about equal to
the dimensions of the particle unless the interface is incoherent. This mass flow has been
described as “reconstructive diffusion” (Bhadeshia, 1982b, 1985b).
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Figure 2.12  Schematic illustration of the mass transport necessary to achieve reconstructive
transformation, in both pure metals and alloys. Step (a) to (b) represents displacive transformation,
whereas (a) to (d) represent reconstructive transformation. The mass transport illustrated in (c)
eliminates the shape change due to the shear.

The diffusion necessary for the lattice change provides an opportunity for the solvent
and solute atoms to partition during transformation. In an alloy steel, the carbon atoms,
which are in interstitial solution, can migrate at rates many orders of magnitude greater
than the iron or substitutional solute atoms (Fig. 2.13). For diffusion-controlled growth
the compositions at the transformation front are in local equilibrium, given by a tie-line
of the phase diagram. However, the tie-line has to be chosen in such a way that both the
carbon and the substitutional solute (X') can keep pace with the moving interface in spite
of their vastly different diffusion coefficients. This can happen in two ways (Hillert, 1953;
Kirkaldy, 1958; Purdy et al., 1964; Coates, 1972, 1973b,a). First, the tie-line controlling
the interface compositions is such that the gradient of carbon in the austenite is minimised
(Fig. 2.14a). This is known as partitioning, local equilibrium or P-LE mode because there
is long-range partitioning of X . The P-LE mode of growth applies when the undercooling
below the equilibrium transformation temperature is small.

The second possibility is that a tie-line is selected so that the concentration gradient of
X is large, thereby compensating for its small diffusivity (Fig. 2.14b). This is the negligible
partitioning local equilibrium mode of transformation in which the ferrite has nearly the
same X concentration as the austenite. This NP-LE mode occurs at large undercoolings
below the equilibrium transformation temperature.
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Figure 2.13 A comparison of the diffusivities of iron and substitutional solutes relative to that
of carbon (in austenite at a concentration of 0.4 wt%), in FCC and BCC iron, over the bainite
transformation temperature range [data from Fridberg et al. (1969)].

In the NP-LE mode, the concentration of X is uniform except for a small “spike” in
the parent phase adjacent to the interface. As the ratio of interstitial/substitutional diffu-
sion rates increases, the width of this spike decreases, and when it becomes of the order
of atomic dimensions, the concept of local equilibrium at the interface is invalid and has
to be replaced, assuming the growth is nevertheless diffusion-controlled, by that of parae-
quilibrium (Hultgren, 1951; Rudberg, 1952; Aaronson et al., 1966a,b). In conditions of
paraequilibrium, there is no redistribution of Fe + X atoms between the phases, the Fe/X
ratio remaining uniform right up to the interface. One interpretation of the paraequilibrium
limit is that reconstructive transformation occurs with all displacements of the Fe+X atoms
taking place in the incoherent interface; another interpretation might be that only displacive
transformation can occur. In either case, to quote from Coates, “the slow diffuser and the
solvent participate only in the change of crystal structure”. Paraequilibrium implies that a
constant Fe- X ratio is maintained everywhere.

In conclusion, the experimental evidence that bainitic ferrite maintains the same iron to
substitutional atom ratio as its parent austenite, is consistent precisely with the displacive
mechanism and approximately so with reconstructive transformation. However, in the lat-
ter case when local equilibrium (or indeed any state between local and paraequilibrium)
exists at the interface, there will be a significant perturbation to the substitutional solute
content in the proximity of the interface. Experiments which have a chemical and spatial
resolution on an atomic scale have all failed to show any evidence for the redistribution
of alloying elements (Cr, Mn, Mo, Ni, Si) at the interface between bainitic ferrite and
austenite, Fig. 2.15 (Bhadeshia and Waugh, 1982b.a; Stark et al., 1988, 1990; Josefsson
and Andrén, 1988, 1989). These experiments were all based on steels where other reac-
tions, such as the precipitation of carbides, do not interfere with the formation of bainitic
ferrite. Measurements of the growth rates of grain boundary allotriomorphs of ferrite from
austenite in alloy steels under conditions where bulk segregation is not observed (Kinsman
and Aaronson, 1973; Bradley et al., 1977) indicate calculated thicknesses of the spike of
much less than 0.1 nm, and although these results are complicated by the effect of grain
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Figure 2.14 The composition variations expected in the vicinity of the transformation interface,
for a variety of growth mechanisms.

boundary diffusion, they are in general agreement with the concept that the lattice diffusion
rate is inadequate to sustain local equilibrium at the growing interface. Only at tempera-
tures above 600 °C, has the segregation of some (though by no means all) substitutional
elements been obtained in grain boundary allotriomorphs (Aaronson and Domian, 1966b).
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Allotriomorphs are agreed to form by reconstructive mechanisms, but the absence of bulk
segregation at moderately high transformation temperatures reinforces the belief, derived
from the observed shape change, that bainitic ferrite forms at lower temperatures by a
displacive rather than a reconstructive mechanism.

Figure 2.15 Imaging atom-probe micrographs, taken across an austenite-bainitic ferrite interface
in a Fe-C-Si-Mn alloy.The images confirm quantitative data (Bhadeshia and Waugh, 1982a) showing
the absence of any substitutional atom diffusion during transformation. (a) Field-ion image with the
darker region corresponding to austenite; (b) corresponding silicon map; (c) corresponding carbon
map; (d) corresponding iron map.

2.3.2 Interstitial Alloying Elements

A particular experimental difficulty with the bainite transformation is that in the case of up-
per bainite at least, it is almost impossible to say anything about the initial carbon content
of the ferrite. This is because the time taken for any carbon to diffuse from the supersat-
urated ferrite into the austenite can be small. For the moment we refer to the interstitial
content of bainitic ferrite after transformation. As will be seen later, the concentration
during transformation is likely to be different.

Internal friction experiments indicate that the amount of carbon which associates with
dislocations in bainitic ferrite increases as the transformation temperature decreases, but
is independent of the average carbon concentration in the steel, at least in the range 0.1-
0.4 wt%C (Pickering, 1967b). This is consistent with the observation that the dislocation
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density of bainitic ferrite increases as the transformation temperature is reduced. The in-
sensitivity to the carbon concentration is because most of the carbon ends up in the residual
austenite. The results also show that at some stage during the evolution of bainitic ferrite,
it must have contained a higher than equilibrium concentration of carbon.

These observations have been confirmed directly by using microanalysis on an imaging
atom-probe, which has demonstrated quantitatively (Fig. 2.16) that the post-transformation
carbon content of bainitic ferrite tends to be much greater than equilibrium (Bhadeshia and
Waugh, 1982b; Stark et al., 1988, 1990; Josefsson and Andrén, 1988, 1989; Caballero
et al., 2007; Pereloma et al., 2007; Caballero et al., 2008b, 2009b, 2010c; Hu and Wu,
2011). Precise electron diffraction experiments using convergent beam Kikuchi lines to
measure the lattice parameter of the bainitic ferrite also show that it contains a much larger
concentration of carbon than expected from equilibrium (Zhang and Kelly, 1998). X-ray
experiments on bainite in very high carbon austenite show similar results (Kutsov et al.,
1999; Garcia-Mateo et al., 2003c¢).
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2.4 Crystallography

The properties of bainitic steels are believed to depend on the crystallographic texture that
develops as a consequence of transformation from austenite. As an example, the ease with
which slip deformation is transmitted across the adjacent plates of bainitic ferrite must be
related to their relative orientation in space. Bainite grows in the form of clusters of plates
called sheaves, with little misorientation between the plates within any given sheaf. Where
they touch, adjacent plates are separated by low-misorientation grain boundaries.

The relative orientations of the bainitic ferrite and its parent austenite are always close
to the classic KS (Kurdjumov and Sachs, 1930) and NW (Nishiyama, 1934; Wassermann,
1933) relationships (Fig. 2.17), although as will become evident later, they can never be
exactly KS or NW. These two rational relations differ only by a relative rotation of 5.26 °
about the normal to the parallel close-packed planes of the two structures. The exact rela-
tive orientation is found in martensite to be intermediate and irrational, as is predicted by
the crystallographic theory. High accuracy is required to compare theory with experiment
since the predicted orientation relation is insensitive to input parameters such as lattice
spacings or lattice invariant deformation. In the case of bainite, as in that of lath marten-
site, such precision is difficult to achieve partly because of the experimental difficulties
in retaining austenite and partly because of the high dislocation densities. Nevertheless,
modern techniques allow precise measurements, and data both on v/« bicrystals and on
hundreds of thousands of bicrystals confirm that the exact orientations do not occur in
practice (Nolze, 2004; Godet et al., 2004). Such observations can be taken to support
the conclusion that the transformation is consistent with the phenomenological theory of
martensitic transformations.

In spite of these difficulties, it is significant that the experimental data always lie well
within the Bain region which encompasses the KS and NW relationships. The Bain strain
is the pure part of the lattice deformation which for displacive transformations in steels
converts austenite into ferrite or martensite, Fig. 2.18 (Bain, 1924). During the Bain strain,
no plane or direction is rotated by more than 11° so that any pair of corresponding planes
or directions may be made parallel by utilising a lattice deformation in which the Bain
strain is combined with a rotation of not more than 11° (Crosky et al., 1980). This defines
the Bain region. The experimentally observed orientation relations are expected to lie
within this region for displacive but not necessarily for reconstructive transformations.
Thus, allotriomorphic ferrite is known to grow into austenite grains with which it has an
orientation which is random or outside of the Bain region (King and Bell, 1975). It is
therefore significant that bainitic ferrite always exhibits an orientation which is close to KS
or NW and well within the Bain region.

There is an interesting consequence of the requirement that bainite must be within the
Bain region of orientations. It is accepted that allotriomorphic ferrite, when it nucleates at
an austenite grain surface, must also grow with an orientation relationship which is close to
KS or NW in order to minimise the activation energy for nucleation. But allotriomorphic
ferrite grows most rapidly along austenite grain boundaries with which it has a random ori-
entation. Once nucleated, it therefore grows selectively, away from its original nucleation
site. A grain of ferrite then has a large fraction of its interface with the austenite with which
it has a random orientation. Bainite can only nucleate from allotriomorphic ferrite at the
small fraction of interfaces where the orientation is in the Bain region (Fig. 2.19).

Pickering (1967b) has suggested that the crystallography of bainite can be explained if
the individual plates or laths adopt different variants of the NW or KS orientations, such
that the ferrite orientations within a sheaf can be generated simply by rotation about the
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Figure 2.17  Sterographic representation of the (a) Kurdjumov-Sachs and, (b) Nishiyama-
Wasserman orientation relationships. Note that NW can be generated from KS by a rotation of
5.26° about [0 1 1] .

normal to a specific close-packed plane of the austenite. In this way, the bainite laths may
nucleate side by side in rapid succession, the transformation strains determining the variant
and hence the exact sequence. This early work was based on measurements of only ferrite-
ferrite orientation relations, since the specimens may have contained only thin films of
austenite which are observable only with high resolution microscopy. However, it must be
admitted that results from more recent work in which measurements of the direct austenite-
ferrite relations have been made are still contradictory. There is general agreement that
adjacent plates or laths in bainite all have a {1 1 0}, plane almost parallel to the same
close-packed {1 1 1}, and that the macroscopic habit plane is near to {1 1 1} in upper
bainite but is irrational in lower bainite. Most investigators (Bhadeshia and Edmonds,
1980b; Sandvik, 1982a) find all the plates within a sheath have a common orientation,
but Sarikaya et al. (1986) claim that whilst some groups of adjacent laths have a common
orientation, others have either different variants of the orientation relationship, or in lower
bainite are twin-related. Similar discrepancies exist in crystallographic measurements on
lath martensite where three types of orientation relation between adjacent laths of a packet
are reported by some workers (Eterashvili et al., 1981; Sarikaya et al., 1986) and only one
common orientation by others (Wakasa and Wayman, 1981; Sandvik and Wayman, 1983).

When there is a common orientation, the plates within a sheaf have small misorienta-
tions; there is also an appreciable spread of orientation within a single plate because of its
high dislocation density. Direct crystallographic analysis indicates that all plates within a
sheaf have an irrational orientation relation with the austenite which is closer to NW than
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Figure 2.18 (a) Conventional FCC unit cell of austenite, with basis vectors ai,a2,a3. (b) Relation
between the FCC and body-centred tetragonal cell (b1 ,b2 ,b3) of austenite. (c,d) Bain strain deforming
the austenite lattice into a BCC martensite lattice.

to KS (Sandvik, 1982a). Moreover, the shape deformations of all the plates are identical,
Fig. 2.20, in agreement with earlier work (Srinivasan and Wayman, 1968c; Bhadeshia and
Edmonds, 1980b). One further crystallographic observation made by Sandvik is of con-
siderable interest. He found that twins formed in the austenite adjacent to the ferrite, and
that the ferrite laths were able to grow through the twins, producing a reorientation of the
lattice and also displacing the direction of the twin boundaries in the manner expected for
a displacive (shear) transformation.

Similar results for the relative orientations of adjacent plates were obtained in a careful
examination of lath martensite by Sandvik and Wayman, using an iron-nickel-manganese
alloy which contained appreciable retained austenite (Sandvik and Wayman, 1983). They
found that although the laths had slight relative misorientations of up to 2°, they all exhib-
ited the same variant of the parent-matrix orientation relation, and thick layers of austenite
between adjacent laths indicated that the laths did not form as a result of self accommo-
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Figure 2.19 Transmission electron micrograph showing an allotriomorph of ferrite at an austenite
grain boundary. The allotriomorph is related to 1 by an orientation relationship which is close to
KS, but is randomly orientated with respect to the lower grain. Consequently, a bainite plate has been
able to nucleate from the allotriomorph only on the side where the orientation is suitable (Babu and
Bhadeshia, 1991)

dation of their shape strains. This form of lath martensite thus seems to be similar, in
substructure at least, to the bainite investigated by Sandvik.

One possible reason for a common orientation might be that the individual plates of
a sheaf are not separate crystals but are continuously connected portions of the growth
front of one original nucleus. At the relatively high temperatures at which bainite (and lath
martensite) form, the shape change may cause plastic deformation of the structure leading
to copious generation of dislocations which stop the forward growth of a plate after it has
attained a certain size. “Nucleation” of a new plate would then simply be resumed growth
caused by breakaway of a part of the original interface in a region near but not at the tip. In
bainite, the growth would resume only after some carbon had been rejected from the ferrite
into the austenite and would be most likely where pinning by dislocation debris is minimal
and where the driving force is highest due to rapid dispersion of the carbon rejected to the
austenite.

An alternative model is that the individual plates are completely separated from each
other by thin layers of austenite, so that each is separately nucleated, but always in the
same orientation. In general, the stress field at the tip will favour the same variant, whereas
that at the side of the plate encourages an accommodating variant (Fig. 2.21).
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Figure2.20 (a) Nomarski differential interference contrast micrograph showing the general surface
displacements due to upper bainite. (b) Higher magnification Nomarski image showing identical
surface relief for all the sub-units within a given sheaf. (c) Sandvik’s experiment showing the
displacement of twin boundaries (parallel to the black line) caused by individual sub-units of bainite.
The ferrite variants bl and b2 belong to separate sheaves. (Sandvik, 1982a; Bhadeshia, 1978).
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Figure 2.21  Stress field contours of a martensitic particle lying in the xz plane with the
transformation shear in the x direction. The positive signs represent regions where plates with the
same shear direction are favoured, whereas the regions with the negative signs favour the formation
of accommodating variants (Olson and Owen, 1976).

Mutual accommodation of the shape deformation can occur between sheaves rather
than between plates in each sheaf. Sandvik (1982a) measured the misorientations between
neighbouring sheaves and found that these correspond to different variants of his irrational
orientation relation in which the same austenite {1 1 1} plane is parallel to a ferrite {1 1 0}
plane. The six variants which satisfy this condition lead to four different relative orienta-
tions, one of which is only 3° from the original orientation and the others are respectively
8°,11° and 14° away from a twin orientation. Sandvik comments that the first misorien-
tation is difficult to detect, and that it is difficult to distinguish the remaining three from
each other. He also comments that only the variant with orientation relation 14° from a
twin relationship gives efficient self accommodation, and this was observed fairly infre-
quently. Adjacent sheaves are thus attributed to random association, although it is not clear
why they should then all have the same pair of parallel close-packed planes. Sandvik and
Nevalainen (1981) have also suggested that adjacent sheaves of bainitic ferrite are approx-
imately twin related, and correspond to variants of a near NW orientation. Transmission
electron microscopy by Josefsson and Andrén (1989) has confirmed these observations in
a Fe-Cr-Mo-C steel.
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2.4.1 Crystallography: Block Size, Austenite Grain Boundary

The arrangement of individual bainite orientations within an austenite grain can have a
profound effect on the mechanical properties because this determines the length scale over
which cleavage cracks or other deformation phenomena are not impeded (Gourgues et al.,
2000; Lambert-Perlade et al., 2004b; Bhattacharjee et al., 2004; Kim et al., 2007; Yan
et al., 2010). Martensite laths in low-alloy steels tend to cluster together and organise
hierarchically into blocks and packets within a given austenite grain (Maki, 1990). A block
consists of laths which are in similar orientation in space, whereas a packet is the cluster of
blocks which share the same (111)., to which the corresponding (011), is almost parallel.
It is the size of the block that has an influence on toughness.

A similar description of blocks and packets applies to bainite. The initial orientation of
a bainite plate is determined by the nucleation site. There are 24 such orientations present
within a given austenite grain, but the variant which permits the lath to maintain a similar
orientation with the adjacent austenite grain is favoured (Furuhara et al., 2008). The size
of a block of such favoured laths will therefore scale with the austenite grain size, since
the laths nucleated at a particular y-grain face will tend to adopt the same orientation. The
crystallographic texture of the parent austenite will influence the possibility that the ferrite
will adopt a favourable orientation to all the austenite grains with which it is in contact. A
small enough austenite grain transforms into a single block, leading to a direct relationship
between f,y and the packet size (Rancel et al., 2011; Jacques, 2003b). However, this direct
relationship ceases when L., 2> 30 um because each grain is then transformed into several
differently oriented blocks (Fig. 2.22).
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However, the role of the austenite grain boundary diminishes as transformation pro-
gresses because crystallographic variant selection then becomes dominated by plastic ac-
commodation effects which favour the formation of identically oriented adjacent laths,
leading to a coarsening of the bainite block size (Furuhara et al., 2008). This is particu-
larly so when the undercooling for transformation is small, since variant selection effects
become less important at large driving forces (Kundu, 2007; Bhadeshia et al., 2014).

An increase in the carbon concentration while maintaining the same transformation tem-
perature will coarsen the block size because of the reduction in the driving force (Furuhara
et al., 2006). The same should therefore apply when the concentration of other solutes that
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reduce the driving force, and if the transformation temperature is increased, as illustrated
in Fig. 2.23.

A corollary is that anything that favours particular crystallographic variants will also
lead to block coarsening; transformation under the influence of an external stress is known
to make the bainitic microstructure much less random, i.e. increase the block size (Fig. 8.6).
Plastic deformation of the austenite prior to transformation has a similar effect (Fig. 8.19).
The number of variants per austenite grain decreases when the latter is in a deformed state
(Cabus et al., 2007). However, an increase in driving force reduces the influence of such
deformation, so martensite block size is much less affected than that of bainite (Kawata
et al., 2006). To summarise, a small block size conducive to better toughness can be ob-
tained by:

(i) reducing the austenite grain size;
(i) ensuring a random crystallographic texture in the austenite;

(iii) transforming at a large undercooling below Bg;

(iv) transforming from unstressed and undeformed austenite.

Figure 2.23  Orientation maps showing how the block size of bainite decreases on reducing the
transformation temperature, in Fe-0.3C-9.02Ni wt%. (a) Transformed at 450 °C. (b) Transformed
at 350°C. V1 etc. refer to crystallographic variant numbers. Reproduced with permission from
Elsevier, from Furuhara et al. (2006).

2.4.2 Autocatalytic Nucleation

Autocatalytic nucleation is a term commonly associated with martensitic transformations
(Raghavan and Entwisle, 1965; Magee, 1970). The nucleation of martensite in steels is
believed to begin at structural imperfections in the parent phase, such as arrays of dis-
locations. These are the preexisting defects which, on cooling below the Mg tempera-
ture, dissociate into suitable partial dislocations in a way which leads to the nucleation
of martensite (Olson and Cohen, 1976). The defects are not all identical (they vary in
potency) and are stimulated to grow into plates of martensite at different degrees of under-
cooling below the Mg temperature. This is the cause of the classical behaviour observed
for athermal martensitic reactions, in which the volume fraction of martensite varies only
with the undercooling below Mg.

The initial number density of preexisting defects typically found in austenite is not large
enough to explain the kinetics of martensitic transformation. The extra defects necessary
to account for the faster than expected transformation rates are attributed to autocatalysis:
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when plates of martensite form, they induce new embryos which are then available for fur-
ther transformation. Three mechanisms have been proposed for autocatalysis (Olson and
Cohen, 1981b). In stress-assisted nucleation, the activation of less potent defects at a given
temperature is induced by the internally generated elastic stresses arising as a consequence
of the shape change due to transformation. In strain-induced autocatalysis, the creation of
new and more potent nucleating defects is induced by some plastic accommodation in the
parent phase. Finally, interfacial autocatalysis refers to the nucleation of new martensitic
units from the existing martensite/austenite interfaces. Autocatalysis is responsible for the
bursts of transformation (Fig. 2.24) that occur in certain martensitic steels, whence the
initial formation of a plate stimulates a disproportionately large degree of further transfor-
mation, sometimes causing the emission of audible clicks.

Figure 2.24 A burst of autocatalytic martensitic transformation in a Fe-30Ni-0.31C wt% alloy.
Such bursts are not observed during bainitic transformation.

All of these effects arise as a consequence of the severe elastic and plastic disturbance
of the austenite in the immediate vicinity of a plate of martensite. It is the shape change
due to the martensitic transformation that is the cause of the disturbance. On this basis,
autocatalysis should also feature prominently in bainitic transformations which are accom-
panied by similar shape deformations. There is, however, a significant difference in that
bainite grows at relatively small driving forces, where defects induced by transformation
do not seem to play as crucial a role in stimulating further nucleation. The initial nucleation
event is almost always confined to the austenite grain surfaces, which presumably contain
the most potent defects for nucleation. Intragranular nucleation of bainite can essentially
be ignored except when nonmetallic particles may act as nucleation surfaces. The initial
formation of a plate of bainite (or of a lath of martensite) must lead to appreciable elastic
and plastic strains, but this does not seem to cause the nucleation of other plates in dif-
ferent orientations, as happens with plate martensite, and bursts of transformation are not
observed. In the case of bainite, this may be because the driving force is only adequate for
the formation of a carbon-free nucleus, may be impossible to form in the carbon enriched
region around an existing plate. Whatever the reason, it seems that strain-induced auto-
catalysis does not play an important role in bainite formation. As already discussed, there
is some evidence for stress-assisted autocatalysis if it is indeed true that adjacent sheaves
form in such a way as to help accommodate each other’s shape deformation.
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2.5 Crystallographic Theory

The deformation which converts the face-centred cubic structure of austenite to the body-
centred cubic or body-centred tetragonal structure is known as the Bain strain (Fig. 2.18).
It principal deformation consist of a compression along the vertical axis ag and a uniform
expansion along a; and a5. However, this deformation does not produce the experimentally
observed orientation relationship; nor is it consistent with the observed invariant-plane
strain shape deformation. An invariant-plane strain, on the other hand, cannot convert
austenite into ferrite. Crystallographic theory is able to resolve all of these difficulties will
now be summarised (Wechsler et al., 1953; Bowles and Mackenzie, 1954; Mackenzie and
Bowles, 1954a,b).

The Bain strain is a pure deformation because it leaves three mutually perpendicular
directions unrotated, though distorted. The distortions 7; along these unrotated axes are
defined as the ratios of the final to the initial lengths and are called the principal distortions.
The Bain strain defines completely the lattice change so no further deformation is needed
to complete the change in crystal structure.

Suppose that the austenite is represented by a sphere with its unit cell edges denoted by
the vectors a; with ¢ = 1,2, 3, as illustrated in Fig. 2.25a,b. The Bain strain changes the
sphere into an ellipsoid of revolution about a;. There are no lines in the (0 0 1), plane
which are undistorted. However, it is possible to find lines such as wz and yz which are
undistorted by the deformation, but are rotated into the new positions w’z" and y'2’. Since
they are rotated by the Bain deformation they are not invariant-lines. In fact, the Bain
strain does not produce an invariant-line strain (ILS). An invariant-line is necessary in the
interface between the austenite and martensite in order to ensure a glissile interface.

The Bain strain can be converted into an invariant-line strain by adding a rigid body
rotation as illustrated in Fig. 2.25¢. The rotation reorients the o' lattice but has no effect
on its crystal structure. The effect of the rotation is to make one of the original undistorted
lines (in this case yz) invariant so that the total effect RB of the Bain strain B and the
rotation R is indeed an invariant-line strain. This is the reason why the observed irrational
orientation relationship (KS/NW type) differs from that implied by the Bain strain. The
rotation required to convert B into an ILS precisely predicts the observed orientation from
the Bain orientation.

It is apparent from Fig. 2.25c that there is no possible rotation which would convert B
into an invariant-plane strain because there is no rotation capable of making two of the non-
parallel undistorted lines into invariant-lines. Thus, it is impossible to convert austenite into
o/ martensite by a strain which is an invariant-plane strain. A corollary to this statement
is that the two crystals cannot ever be joined at an interface which is fully coherent and
stress-free.

It remains to resolve the inconsistency that BR is an ILS whereas the observed shape
deformation is an IPS. The operations needed to explain this are illustrated in Fig. 2.26.
When combined with an appropriate rigid body rotation, the net homogeneous lattice de-
formation RB is an invariant-line strain (step a to c), the invariant-line being normal to the
plane of the diagram and passing through the point . Inconsistent with this, the observed
shape deformation is an invariant-plane strain Py (step a to b) but this gives the wrong
crystal structure. The invariant-plane of the shape deformation is defined by zw. If, how-
ever, a second homogeneous shear P is combined with P4 (step b to ¢), then the correct
structure is obtained but the wrong shape since

P,P, = RB. 2.5)
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(a) (b)

Figure 2.25 (a) and (b) show the effect of the Bain strain on austenite, which when undeformed
is represented as a sphere of diameter wz = yz in three-dimensions. The strain transforms it to an
ellipsoid of revolution. (c) shows the invariant-line strain obtained by combining the Bain strain with
arigid body rotation.

Notice that a combination of two non-coplanar invariant-plane strains gives an invariant-
line strain, the invariant-line lying at the intersection of the two invariant-planes. The
discrepancies are all resolved if the shape changing effect of P is cancelled macroscop-
ically by an inhomogeneous lattice-invariant deformation, which may be slip or twinning
as illustrated in Fig. 2.26. Notice that the habit plane in Fig. 2.26 e f is given by a fragmen-
tation of the original plane zw, due to the inhomogeneous lattice-invariant shear. This is
why the habit plane of martensite has peculiar indices. In the absence of a lattice-invariant
deformation as in the v — € transformation, the sequence stops at step b and therefore the
habit plane has rational indices {11 1},.

The theory neatly explains all the observed features of martensite crystallography. It
is easy to predict the orientation relationship, by combining the Bain strain with a rigid
body rotation which makes the net lattice deformation an invariant-line strain. The habit
plane does not have rational indices because the amount of lattice-invariant deformation
needed to recover the correct the macroscopic shape is not usually rational. A substructure
is predicted, consisting either of twins or slip steps, and this is observed experimentally.
The transformation goes to all the trouble of ensuring that the shape deformation is macro-
scopically an invariant-plane strain because this reduces the strain energy when compared
with the case where the shape deformation might be an invariant-line strain.

Finally, we note that the invariant-line lies at the intersection of the habit plane and
the plane on which the lattice-invariant shear occurs. This is obvious since only the line
common to the two invariant-planes can be invariant to their combined effect.

2.5.1 Application to Bainite

We have seen that the bainite transformation exhibits crystallographic features and surface
relief effects identical to those associated with martensitic reactions. It is then natural to
assume that the phenomenological theory of martensite crystallography should be appli-
cable to bainite. The theory predicts a unique relationship between the habit plane, shape
deformation, orientation relationship, lattice types and lattice-invariant deformation. It can
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Figure 2.26  The essential features of the phenomenological theory of martensite crystallography.
(a) represents the austenite crystal and (c), (d) and (e) all have a body-centred cubic structure. (b)
has an intermediate structure between FCC and BCC (or BCT). Although (c) has the BCC structure,
its shape is inconsistent with the observed invariant-plane strain. The effect of the inhomogeneously
applied lattice-invariant deformations is to correct the shape change to an IPS, without altering the
structure.

be tested satisfactorily when all these variables are determined as a set. Many of the early
data [reviewed by Bowles and Kennon (1960)] are incomplete in this sense, although con-
sistent with the theory. The early measurements of habit planes must now be interpreted to
refer to the habit planes of bainite sheaves, rather than of the individual plates.

A considerable difficulty in applying the theory to bainite is the lack of accurate struc-
tural information which is needed as input data. Thus if bainite grows with a full super-
saturation but the carbon escapes in a short time, the measured lattice parameters of upper
bainitic ferrite will not relate to the initially formed structure, which may even have been
tetragonal. A problem exists for lower bainite if appreciable carbide precipitation has taken
place before any measurements are possible.
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Srinivasan and Wayman (1968c,a) reported the first detailed results on the crystal-
lography of sheaves of lower bainite in a Fe-1.11C-7.9Cr wt% alloy (Bs ~ 300 °C,
Mg ~ —34°C) in which large quantities of austenite remained untransformed at ambi-
ent temperature. Each sheaf was found to have just one planar face when examined using
light microscopy, and this was taken to be the habit plane. The irrational habit plane in-
dices were found to exhibit a degree of scatter beyond experimental error, the mean indices
being close to (2 5 4), relative to the orientation variant in which (1 1 1), is almost parallel
to (011), and [1 0 1], is at a small angle to [1 1 1],; this is henceforth called the standard
variant. The martensite habit plane in the same alloy is close to (4 9 4),, and the difference
in the two habits and in the exact orientation relations led Srinivasan and Wayman to the
conclusion that the mode of displacive transformation is different in bainite and marten-
site. Their measured habit plane is only about 6° from that found for a different alloy by
Sandvik (1982a), who pointed out that his result applied to an individual plate whereas that
of Srinivasan and Wayman was for the average habit of a sheaf.

The shear component of the shape deformation, as averaged over the entire sheaf, was
measured to be o~ 0.128, the magnitude of the total shape strain being ~ 0.129 (Table 2.1).
This is consistent with the earlier data of Tsuya (1956) and Speich (1962). The actual
shape strain for an individual sub-unit must of course be larger, and was estimated using
crystallographic theory as being ~ 0.23; as will be seen later, this compares well with
other published data. These values are in good agreement with a measurement of the shear
component of the shape strain (0.22) of an individual sub-unit (Sandvik, 1982a) and with
a value of 0.26 measured using atomic force microscopy (Swallow and Bhadeshia, 1996).

Table 2.1 Magnitude of the shape strain component parallel to the habit plane in sheafs of lower
bainite in Fe-1.11C-7.9Cr wt% alloy. The value of the shear is derived by measuring the tilts for each
sheaf on two separate surfaces. After Srinivasan and Wayman (1968a).

Sheaf Tilt on Tilt on Angle of Shear
number surface surface 2  shape shear

1 5°48’ 3°56° 7°9 0.1254
2 5°24° 6°24° 8°27 0.1486
3 5017 4°20° 7°0° 0.1228
4 6°45° 4°15° 7°55° 0.1393
5 6°y 4°21° 8°20° 0.1466
6 3°43 3°3 5°13° 0.0916
7 4°15° 3°42° 8°24° 0.1474
8 4°0 4°30° 6° 0.1035

Srinivasan and Wayman showed that their data on lower bainite are indeed consistent
with solutions based on the phenomenological theory of martensite. The crystallography
was, as expected, inconsistent with the lattice-invariant deformation being twinning since
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transformation twinning is not observed in bainitic ferrite.* It was found that the sheaf
habit plane and orientation relationship could be predicted for an undistorted habit plane
if it is assumed that the lattice invariant shear is irrational in both plane and direction. On
the other hand, if the habit plane is permitted to undergo a small isotropic contraction, then
the lattice-invariant shear (for the standard variant) consists of a double shear on the planes
(111), and (10 1), in the common direction [1 0 1], (these correspond to (1 0 1),
(112), and [11 1], respectively). This double system is equivalent to a single shear on
an irrational plane, and is not associated with any of the difficulties encountered in theories
which postulate more general combinations of lattice-invariant shears. The component
planes on which the interface dislocations would glide are those most usually considered
as candidates for single lattice-invariant shears in the martensite theory. However, at the
time of the Srinivasan and Wayman work, it was not fully appreciated that the so-called
habit plane of a sheaf which they measured, may differ from that of a plate within a sheaf
which Sandvik measured, and it is not yet clear whether the phenomenological theory
of martensite should be applied to the sheaf or the plate. It may be more important to
minimise long-range distortions over the whole sheaf, in which case the invariant plane
condition would apply to the apparent habit plane of the sheaf, but in cases where there are
reasonably thick layers of austenite between the plates, it seems more logical to apply the
theory to the individual plate.

2.5.2 High-Resolution Studies of the Shape Change

Of the transformation products listed in Table 2.2, both Widmanstitten ferrite and marten-
site can be obtained in the form of plates that are readily resolved using optical microscopy.
Their shape deformations have been known for many decades, the measurements being
made from the deflection of scratches or optical interference fringes on a surface polished
flat prior to transformation.

However, the microstructure of bainite consists of fine plates of ferrite, each of which
is only some 0.2 um thick, which is below the limit of resolution in light microscopy. This
has made it difficult to establish the surface relief introduced as bainite grows. Sandvik
(1982a) first measured the shear strain of a single bainite plate using transmission elec-
tron microscopy to reveal the transformation-induced deflection of twins in austenite. He
determined the shear strain s to be close to 0.22.

New methods have recently become available for the quantitative, high-resolution mea-
surement of surface topography using scanning tunnelling or atomic force microscopy.
The techniques have confirmed Sandvik’s observations which revealed that the shear strain
associated with an individual plate of bainite is about 0.26+0.02, consistent with the mag-
nitude expected from the phenomenological theory of martensite crystallography (Swallow
and Bhadeshia, 1996). An example of an image of the surface displacements is presented
in Fig. 2.27; a complete summary is available in Bhadeshia (2014a).

4A twinned interface is never thermodynamically favoured because of the creation of internal twin boundaries.
But it can move more rapidly than when slip is the lattice-invariant deformation mode. Consequently, martensite
which grows at high velocities will tend to contain transformation twins (Olson and Cohen, 1981a).

SThere are similar studies using atomic force microscopy, which show the large shear displacements associated
with the formation of bainite (Yang et al., 2001b). However, they are interpreted irrationally to indicate diffusional
transformation.
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Table 2.2  Shape deformations for a variety of transformation products, where s is the shear strain
parallel to the habit plane and ( is the dilatation normal to the habit plane.

Transformation s ¢ Morphology Reference
Widmanstitten ferrite 036 0.03 Thin plates Watson and McDougall (1973)
Bainite 0.22 0.03 Thin plates Sandvik (1982a)

0.26 Thin plates Swallow and Bhadeshia (1996)

>0.24 Thin plates Yan and Bhadeshia (2013)

Nanostructured bainite > 0.45 Fine plates Peet and Bhadeshia (2011)
Martensite 024 0.03 Thin plates Dunne and Wayman (1971)
Allotriomorphic o 0 003 TIrregular
Idiomorphic « 0 0.03 Equiaxed

Figure 2.27  High-resolution atomic-force microscope plot of the displacements caused by the
formation of a single sub-unit of bainite. The surface was flat before transformation. Note the plastic
deformation caused in the adjacent austenite (Swallow and Bhadeshia, 1996).

The atomic force microscopy has demonstrated that the smaller values of s measured in
early work using light microscopy arise because the low resolution causes an averaging of
the shape strain over the sheaf.
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The plastic relaxation is of course, ultimately responsible for the arrest in the growth
of the bainite plates, giving the sub-unit and sheaf hierarchies in the microstructure of
bainite; as discussed in section 2.1, it also leads to an increase in the dislocation density of
the bainite. It is not clear how the plastic accommodation might influence the development
of the crystallography of bainite.

Although the displacive mechanism itself is established, significant detail remains to be
resolved with respect to the displacive nature of the bainite reaction (Bhadeshia, 2014a).
The theoretical background to the crystallography of displacive reactions has been sum-
marised by equation 2.5 with the product RB being a total deformation that leaves a line
invariant. The existence of such a line is a necessary condition for martensitic transforma-
tion (Christian, 2003b; Bhadeshia, 2001c). The RB at the same time predicts the observed
orientation relationship. P; is the shape deformation matrix representing the invariant-
plane strain and P is a lattice-invariant deformation that could be slip or twinning. The
plane on which P; occurs is of course the habit plane of the bainite in the present con-
text. The point that emerges from this equation is that the shape deformation, orientation
relationship and the crystallographic indices of the habit plane are all connected mathe-
matically. All three of these quantities have been measured independently or as incom-
plete sets, but there never has been an experiment where they have been simultaneously
determined for an individual bainite sub-unit. The reason of course is that this would be a
difficult experiment given the fine scale of the sub-unit, but modern techniques including
combination of atomic force microscopy, focused-ion beam machining and transmission
electron microscopy could resolve the problem and bring closure to the subject.

2.5.3 The Shape Change: Further Considerations

In talking about the application of the phenomenological theory of martensite to bainite,
the classical view (Hull, 1954; Bilby and Christian, 1956; Christian, 1962) that the exper-
imentally observed invariant-plane strain shape deformation implies a coordinated move-
ment of at least the iron and substitutional atoms was implicitly accepted. Given that there
has been some confusion in the literature about the interpretation of this shape change, it
is worth presenting an assessment of the significance of the shape change (Christian and
Edmonds, 1984; Christian, 1990). The problem is important since the strain energy asso-
ciated with the shape deformation when transformation occurs under constraint cannot be
ignored in the thermodynamic and kinetic descriptions of bainitic reactions, irrespective of
the mechanism by which the shape change is proposed to arise.

The intersection of a plate of bainitic ferrite with a free surface causes that surface to tilt
about the lines of intersection. This is the description of an invariant-plane strain, which
is due to the combined effects of the lattice deformation and a lattice-invariant deforma-
tion. The tilting produced is homogeneous on a macroscopic scale, indicating that the net
atomic displacements include common non-random components which accumulate during
growth. This is an obvious conclusion, but the term net atomic displacements needs to be
deconvoluted in order to assess the degree of diffusion which can be tolerated before the
transformation must be regarded as a reconstructive reaction.

Focusing attention on equivalent lattice points which define unit cells (not necessarily
primitive) of the two structures containing the same number of atoms, a change in shape
will accompany transformation if the new set of lattice points can be related to the original
set by a homogeneous deformation. It is then possible to specify (in a localised region
at least) how particular vectors, planes and unit cells of one structure are derived from
corresponding vectors, planes and unit cells of the other structure. This is termed a lattice
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correspondence and it defines the pure lattice deformation which carries the original lattice
points, or some fraction of those points into points of the new lattice.

When interstitial atoms are present, they may move over large distances without affect-
ing the correspondence; this is sometimes expressed by stating that there is an atomic cor-
respondence for the solvent and substitutional solute atoms but not for the interstitials. A
further relaxation of the condition is to allow the solvent and substitutional solute atoms to
be displaced during transformation among the sites specified by the lattice correspondence,
but not to create new sites or destroy any specified sites; in this way the lattice correspon-
dence is preserved but there is no longer an atomic correspondence. Thus, a systematic
shape change implies a lattice correspondence even if accompanied by some diffusion of
atomic species. As will become evident later, the existence of this correspondence and the
shape change requires an interface which is at least semi-coherent.

The detailed implications of the shape change on the mechanism of growth can be il-
lustrated using the virtual operations illustrated in Fig. 2.28. A region of the matrix is first
removed (leaving behind an equivalent hole) and then allowed to undergo unconstrained
transformation with the help of a homogeneous lattice deformation which is not in general
an invariant-plane strain (Fig. 2.28a,b). The particle is then allowed to have any required
composition by transferring suitable numbers of solute atoms between interstitial sites in
the particle and the matrix, and/or by interchanging atoms of substitutional species in the
particle with atoms in the matrix (operation c, Fig. 2.28).

A number of further operations are now possible before the particle is reinserted into
the hole in the matrix, in order to reduce the strain energy:

(i) The volume and shape of the particle may be made equal to that of the hole, by
transferring atoms over long distances from the particle to sinks within the matrix or
at its surface (operation d; , Fig. 2.28). The strain energy then vanishes.

(i1) The total number of atoms in the particle may be conserved but its shape may nev-
ertheless be adjusted by the creation and removal of atom sites. The strain energy
is effectively that of a hole in the matrix filled with a compressible fluid of different
natural volume. For a plate shaped particle, the minimum in strain energy for this
case corresponds to an IPS with a zero shear component, with the expansion or con-
traction being normal to the habit plane (operation ds, Fig. 2.28). A plate shaped
particle will give the lowest strain energy if the volume change is appreciable, but
there will only be a preferred habit plane if there is appreciable anisotropy of either
the elastic properties or the interfacial energy.

(iii) The shape of the particle may be changed by conservative plastic deformation. The
lowest strain energy for a plate-shaped particle then occurs if the plastic deformation
converts the lattice deformation into a shape deformation which is an IPS on the habit
plane, as in the theory of martensite crystallography (operation ds, Fig. 2.28).

(iv) The shape of an epitaxially coherent particle (which has interfacial dislocations with
Burgers vectors that have an edge character and which lie in the interface plane)
may be changed by the removal or addition of particular planes of atoms, e.g. by
dislocation climb from one surface to another, again giving lowest strain energy for
an IPS on the habit plane of a plate precipitate. If there is no reconstruction of the
atom sites, the shape change may retain an appreciable shear component (operation
dy, Fig. 2.28).
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Figure 2.28  Schematic diagram illustrating the virtual operations required to form a particle in a
constraining matrix, after Christian and Edmonds (1984).

Particles of type d; and dy both require long range diffusion or mass transport, and there
is no obvious reason why large scale redistributions of solute atoms cannot at the same time
occur between the product and parent phases, if demanded by thermodynamic equilibrium.
In d; there is no shape change, whereas dy will lead to surface rumpling due to the volume
change accompanying transformation; both of these kinds of transformation are therefore
reconstructive. Shear stresses and strains are not transferred across the interface, which
behaves in some respects as a liquid-like layer. Since there is no continuity of planes or
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vectors, the interface can be displaced only as a result of individual atomic migration and
its velocity will depend on atomic mobility.

It could also be argued that in case (iv), the need to have sufficient atomic mobility for
interfacial dislocations to climb means that in reality, other diffusion processes might also
occur which remove the shear component of the shape deformation (Christian, 1962).

This leaves only the martensitic type change (iii) as a likely candidate for an IPS shape
change, but step c¢ (Fig. 2.28) ensures that the shape change cannot be taken to imply
diffusionless transformation. It is easy to see how interstitial atoms can partition between
the phases during growth without affecting the IPS shape change. There may also be an
interchange of substitutional atoms (of the type necessary to induce ordering in equiatomic
random alloys), but it is likely that the migration of these atoms can only occur over a
few interatomic distances — otherwise, any longer range diffusion would destroy the shape
change and its associated strain energy at the same time. It is therefore to be concluded
that one implication of the observation of an invariant-plane strain shape change with a
significant shear component is that any diffusion of solvent or substitutional atoms during
transformation must be absent or minimal.

Suppose that there is an IPS deformation with a large shear and at the same time there
is a composition change implying diffusion in the substitutional lattice. Such a transfor-
mation has been called diffusional-displacive transformation (Christian, 1994, 1997). This
does not negate the consequences of the shape deformation, for example the strain energy,
the plate shape, the requirement for a glissile interface etc. The existence of the shape de-
formation means that the diffusion flux is not adequate to eliminate the displacive character
of the transformation, and furthermore, the fact that most of the atoms must move in a co-
ordinated manner to produce the displacements in the first place. It is a mistake to imagine
that the association of diffusion with a phase transformation means that it can be treated as
a reconstructive reaction which is close to equilibrium. The IPS shape deformation with its
shear therefore remains evidence for the displacive character of the transformation mecha-
nism when the atomic mobility is clearly inadequate to permit the elimination of the shape
deformation

Further implications of the shape change become clear when its relationship with the
interfacial structure is considered. The interface in cases cases (iii) and (iv) is semicoherent
because for coherency RB = P, an equation which is rarely satisfied in general, and not
satisfied for the FCC to BCC or BCT transformation in steels. For the epitaxial semico-
herency illustrated in (iv), coherent patches on the invariant-plane are separated by inter-
face dislocations whose motion with the interface requires climb and hence diffusion of
atoms in substitutional sites. The semicoherent interface may alternatively be glissile; the
interface dislocations then glide conservatively as the interface moves and growth does not
require diffusion and hence has a high mobility even at low temperatures (case iii). For
ferrous bainite the mobility of the solvent and substitutional atoms is negligible, and the
experimental observation of a shape deformation with a significant shear component gives
strong evidence that the bainitic-ferrite/austenite interface is semicoherent and glissile.

STt has long been known that atomic ordering can develop during martensitic transformation (Bowles and Way-
man, 1979). In recent work, weak superlattice reflections have been observed in iron-nickel steels transformed to
bainite (Wilson et al., 2001) and in martensite (Ohmori et al., 2001).
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2.5.4 Shape Change and the Superledge Mechanism

The lattice correspondence that is implied by the IPS shape deformation is a relationship
between the lattices of the parent and product phases, independent of the orientation of the
actual interface between the enclosed particle and the matrix. It follows that all the inter-
faces surrounding an enclosed particle of bainitic ferrite must be semicoherent (Christian,
1990). It is not tenable to consider some interface orientations to be incoherent (“dis-
ordered”) while semi-coherency is maintained on other interface orientations, as is some-
times implied in the superledge mechanism of bainitic growth (Aaronson et al., 1970). This
mechanism considers that the growth of bainitic ferrite plates occurs by the propagation of
macroscopic ledges on the habit plane. The model requires at least two differently oriented
macroscopic interfaces around an enclosed bainitic ferrite particle, the invariant-plane and
the superledge. Macroscopic interfaces like these can only exist if the distortion due to the
coherency between the parent and product lattices is within an elastically tolerable range,
i.e. if the shape deformation across the interface is a close approximation to an IPS. Thus,
the presence of two different orientations of macroscopic interface means that there are
two invariant-planes between the parent and product crystals, a situation only possible if
the net shape deformation is zero, in contradiction with experimental evidence.

All interface orientations other than the invariant-plane of the observed IPS shape de-
formation (which is also the habit plane of the bainitic ferrite) must be small coherent steps
in the semi-coherent habit plane interface. The small steps are in forced coherency with
the matrix, and have the characteristics of transformation dislocations which can glide and
climb conservatively, also called coherency dislocations, (Olson and Cohen, 1979). Co-
herency implies that all the corresponding planes and lines are continuous across the step;
thus, these transformation dislocations are not lattice discontinuities. There is therefore
no difficulty in these transformation dislocations climbing and gliding conservatively even
when the Burgers vector is not parallel to the line vector.” The strain energy associated
with the small steps is tolerable only because of their small size. It is therefore considered
that large steps (or “superledges”) are most improbable because of their high strain energy
(Christian, 1990).

2.5.5 The Structure of the Interface

It has already been pointed out that any atomic height steps in the bainitic/austenite in-
terface are transformation dislocations, with strain fields whose character can be specified
by assigning a Burgers vector to each such dislocation. The motion of these steps (or
coherency dislocations), which are in forced coherency, leads to phase change: there is
continuity of planes and vectors across the steps so that regions of the parent lattice are
homogeneously deformed into that of the product as the steps are displaced. Since the
energy of the step varies with the square of the magnitude of its Burgers vector, the step is
restricted to atomic height, which is another way of stating that superledges are impossi-
ble on a bainitic/austenite interface. The anticoherency or interface dislocations cause the
lattice-invariant deformation as the interface is displaced.

There are no decisive observations of the structure of the bainitic-ferrite/austenite inter-
face, but general conclusions can nevertheless be deduced using other experimental data

"The terms transformation dislocation and coherency dislocation are identical. They are distinct from the adjec-

tives “interface”, “intrinsic”, “misfit” and “anticoherency”, all of which are used to describe dislocations which
form an intrinsic part of the boundary structure (Olson and Cohen, 1979; Christian, 1990).
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and theoretical considerations. The observation of an invariant-plane strain shape change
accompanying the growth of bainitic ferrite, when combined with the negligible mobility
of the solvent and substitutional solute atoms, provides strong evidence that the structure
of the transformation interface must be glissile. The number of iron and substitutional
solute atoms is conserved during growth. Since they are not required to diffuse during
transformation, the interfacial mobility is expected to be high even at low temperatures.

A semicoherent interface containing a single array of anticoherency dislocations is con-
sidered to be glissile when the dislocations are able to move conservatively as the interface
migrates. The dislocations must therefore all be pure screw dislocations, or have Burg-
ers vectors which do not lie in the interface plane. The interface plane is the irrational
invariant-plane or habit plane of the bainite plate. A glissile interface also requires that
the glide planes (of the anticoherency dislocations) associated with the ferrite lattice must
meet the corresponding glide planes in the austenite lattice edge to edge in the interface
along the dislocation lines (Christian and Crocker, 1980).

If more than one set of anticoherency dislocations exist, then these should either have
the same line vector in the interface, or their respective Burgers vectors must be parallel
(Christian and Crocker, 1980). This condition ensures that the interface can move as an
integral unit. It also implies that the deformation caused by the anticoherency dislocations
when the interface moves can always be described as a simple shear (caused by a resultant
anticoherency dislocation which is a combination of all the anticoherency dislocations) on
some plane which makes a finite angle with the interface plane, and intersects the latter
along the line vector of the resultant anticoherency dislocation.

Obviously, if the anticoherency dislocation structure consists of just a single set of par-
allel dislocations, or of a set of different dislocations which can be summed to give a single
glissile anticoherency dislocation, then it follows that there must exist in the interface, a
line which is parallel to the resultant anticoherency dislocation line vector, along which
there is zero distortion. Because this line exists in the interface, it is also unrotated. It
is an invariant-line in the interface between the parent and product lattices. When full
coherency is not possible between the two structures (as is the case for the FCC to BCC
transformation), then for the interface to be glissile, the transformation strain relating the
two lattices must be an invariant-line strain, with the invariant-line lying in the interface
plane.

An interesting consequence of the restriction that the transformation strain must be an
invariant-line strain is that models of the ferrite-austenite interface as a single array of anti-
coherency dislocations are not possible for any orientation between Nishiyama-Wasserman
and Kurdjumov-Sachs if the most densely-packed planes of the two structures are regarded
as exactly parallel (Knowles et al., 1982; Christian, 1990). This is because for realistic val-
ues of the lattice parameters, it is not possible to obtain a transformation strain which is
an invariant-line strain if the planes are exactly parallel. If it is assumed that the interface
contains just one set of anticoherency dislocations then the predicted orientation relation
always has the most densely-packed planes of the two structures at a small angle (about
0.5°) to each other - such a small deviation is unfortunately difficult to detect experimen-
tally.

There have been a few high resolution studies of the interface between bainite and
austenite (Kajiwara et al., 1999; Kajiwara, 2003; Furuhara et al., 2003; Ogawa and Ka-
jiwara, 2006). Atomic steps have been observed, which probably correspond to the co-
herency dislocations whose motion accomplishes transformation, although the details of
the strain fields have not been interpreted. Transmission electron microscopy has shown
that the dislocations that would accomplish the lattice-invariant deformation, i.e. the anti-
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coherency dislocations, are screws, with Burgers vector % (011), = % (111), (Mori-
tani et al., 2002). In the same study, the aniticoherency dislocations in the interface of
martensite were found to be identical to those observed in the oy /7y interface. Furuhara
et al. (2003) found that lath martensite and bainite have similar interfaces with austen-
ite. A factor to bear in mind is that prolonged isothermal transformation can conceivably
lead to relaxations in the interfacial structure, once the «y, /7y boundary has ceased to move
(Ohmori, 2002; Moritani et al., 2002). The essential conclusion though, is that the «y, /7y
interface is glissile.

2.5.6 The Crystallography of a Lath of Bainite

The sub-units of a bainite sheaf may adopt the morphology of a plate or of a lath, where the
latter is idealised as a parallelepiped of dimensions a, b, and ¢, with a > b > c. The lath
shape is adopted when the transformation occurs at high temperatures. The crystallography
of such laths has been characterised in detail and to a high level of accuracy, by Davenport
(1974), as follows:

Growth direction [T01], | [TT1]a
Habit plane (area = ab) (232)y =|| (154)a
Face of area = ac (101),

Orientation relationship (KS) [101], || [TT 1]a
(111, [ (011).

where the crystallography is, for consistency, stated in the standard variant described ear-
lier. Hence, the major growth direction of each lath corresponds to the parallel close-
packed directions from the o and +y lattices. This is consistent with less direct trace
analysis results which indicated that the major growth direction of the laths lies along
<T 1 1)o (Goodenow et al., 1965; Oblak and Hehemann, 1967; Ohmori and Honeycombe,
1971). The habit plane indices are significantly different from earlier data which indi-
cateda {11 1}7 habit (Greninger and Troiano, 1940; Oblak and Hehemann, 1967; Ohmori
and Honeycombe, 1971) but those analyses were either of insufficient precision or were
concerned with the apparent habit planes of sheaves (Davenport, 1974). Davenport also
demonstrated that sets of two groups of laths with a common growth direction, but with
virtually orthogonal habit planes, tended to form in close proximity. There is as yet, no
detailed analysis available which can predict these results.

Sandvik (1982a) has measured, using single surface trace analysis, the habit planes
of individual sub-units. The mean habit plane is close to (0.373 0.663 0.649), for an
orientation relationship in which (11 1), || (01 1), and [1 0 1], is approximately 4° from
[11 1], (such an orientation is close to the Nishiyama-Wasserman orientation relationship).
The habit plane was not found to vary significantly with transformation temperature. Using
data from high-resolution observations of the displacements of austenite twins by the shape
deformation due to transformation, he was able to show that the shear component of the
shape strain of a sub-unit is about 0.22. Sandvik also showed that the observed shape strain
direction and magnitude are close to the corresponding parameters for the classic {22 5},
and {3 10 15}, martensites in steels.
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2.6 Unit Cell Symmetry

It has been generally assumed that the unit cell of bainitic ferrite is cubic; however, there
is growing evidence that this is not the case when the crystallography is characterised at
an early stage of transformation. To understand this, it is necessary first to introduce the
crystallography of interstitial carbon.

2.6.1 Symmetry of Interstices

Fig. 2.29 shows the hard-sphere models of the octahedral and tetrahedral interstices in fer-
rite and austenite. The interstices in ferrite are not regular; one of the axes of the octahedral
hole has a length a,,, the lattice parameter of ferrite, whereas the other two are along the
(11 0) directions with length v/2a,,. The shortest axis has four-fold symmetry so a vacant
octahedral site in ferrite has tetragonal symmetry % % % As a result, placing a carbon
atom in the octahedral site causes essentially a uniaxial distortion which leads to a reduc-
tion in the tetragonality of the interstitial site, though an increase in the tetragonality of the
original cubic lattice if carbon atoms act in concert and align parallel to one of the cube
edges.

Figure 2.29  Schematic representation of the octahedral and tetrahedral interstices (open circles)
in ferrite and austenite.

The tetrahedral interstice in ferrite is also irregular with two edges parallel to (1 0 0)
directions, and the remaining four being along (1 1 1) directions, with lengths a,, and
aaV/3/2 respectively. The lines joining the corners of the tetrahedron to its centre are of
the form (2 1 0).

The largest atom that can fit without distortion in an octahedral site is (% - @)aa =

0.067a, in contrast to (% — @)aa = 0.126a,, for the tetrahedral hole. And yet, carbon
atoms predominantly occupy the octahedral sites, because distortion of the tetrahedral in-
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terstice is more uniform with all four “bonds” stretched, whereas it is primarily the cube
edge which accommodates the distortion in the octahedral case. The strain energies for the
two cases when Poisson’s effects are neglected are proportional to (Beshers, 1965):

UO (0.8 2(Tz — T0)2E100

where r; is the interstitial-atom radius, 7, is the radius of the undistorted hole and F is the
Young’s modulus along the crystallographic direction identified in the subscript. For the
tetrahedral site,

Ure o< 4(ri — 170)? E210

so for r = 0.08 nm, Ur./Uop = 1.38. More recent calculations suggest that there is
a substantial difference in the chemical energy of solution between the octahedral and
tetragonal sites, which makes the former interstice the favoured site for carbon atoms (Fors
and Wahnstrom, 2008).

In contrast to ferrite, the octahedral interstices in austenite are regular (Fig. 2.29) so
carbon causes an isotropic expansion that has a much weaker interaction with dislocations,
thus the hardening of austenite by carbon is relatively small. But more significantly, there
is only one octahedral interstice per iron atom in austenite, but three in the case of ferrite
or martensite. The Bain strain (Fig. 2.30) compresses the austenite cell along the the z
axis with uniform expansion along the x and y axes. Suppose that three carbon atoms are
located in the octahedral interstices marked ‘0’ in the austenite, then as a consequence of
the Bain strain, they would all end up in just one of the three sub-lattices of octahedral
interstices in the resultant body-centred cell, making it tetragonal. It is this ordering which
leads to the tetragonality of martensite in steels.

2.6.2 Tetragonality of Bainitic Ferrite

Like any ordering phenomenon, the carbon atoms will tend to randomise if the temperature
is above that for Zener ordering (Fisher et al., 1949), in which case, the martensite will not
be tetragonal, but cubic. However, this is an after-effect, in which carbon atoms initially
ordered by the Bain strain would tend to disorder assuming sufficient mobility.

It is important to note that the diffusionless transformation of austen-
ite containing carbon in the first instance necessarily leads to a body-
centred tetragonal lattice (Honda and Nishiyama, 1932; Christian,
1992).

However, for this tetragonality to be preserved, carbon must remain ordered, and it is
only recently that it has been possible to retain the tetragonality by isothermal transfor-
mation at a low temperature (= 200 °C). Under these circumstances, the carbon forced
into bainitic ferrite due to diffusionless transformation, can remain there for prolonged
periods, permitting the tetragonality to be preserved. The early conclusion that the ex-
cess carbon in bainitic ferrite is largely located at defects (Bhadeshia and Waugh, 1982b,a)
is not correct; modern atom-probe techniques have revealed substantial quantities to be
present in solid solution (Caballero et al., 2013b, 2012; Pereloma et al., 2012). The fact
that carbon remains in solid solution in spite of prolonged isothermal heat treatment at
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Figure 2.30  The blue atoms represent two adjacent unit cells of face-centred cubic austenite. The
red represent a body-centred tetragonal (bct) cell of austenite, which can be deformed into a body-
centred cubic cell, by compression along the vertical axis and uniform expansion along the horizontal
axes. The locations marked ‘o’ represent octahedral interstices on the cube edges of the austenite,
where carbon may reside.

temperatures where it can easily partition into the residual austenite, or following tem-
pering heat-treatments (Garcia-Mateo et al., 2004; Caballero et al., 2010b), indicated that
there may exist a different equilibrium between tetragonal ferrite and austenite, and first
principles calculations (Jang et al., 2012) confirmed that the solubility of carbon should
in these circumstances increase, explaining its reluctance to partition. Synchrotron X-ray
experiments in which a transformed sample was heated at 300 °Ch~! revealed that the
bainitic ferrite unit cell lacked cubic symmetry, but as the sample became tempered, the
tetragonality decreased as illustrated in Fig. 2.31 (Hulme-Smith et al., 2013a). This repre-
sents the first experimental evidence for the tetragonal symmetry of bainitic ferrite, but it
is likely that the existence of non-cubic symmetry has in the past been ignored since the
assumption that it should be cubic was all pervasive. Further work has confirmed these re-
sults (Caballero et al., 2014; Hulme-Smith et al., 2015). Furthermore, measurements have
shown that the thermal expansion coefficient of bainitic ferrite is not isotropic, as would be
expected from a non-cubic lattice (Dutta et al., 2014).
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Figure 2.31 (a) Binary phase diagram of the Fe-C system allowing equilibrium between body-
centred cubic ferrite and austenite. After Jang et al. (2012). (b) Lattice parameters of bainitic ferrite,
as a function of time during heating at 300 °Ch~". The austenite began to decompose after about
2 h where the temperature reached about 600 °C. After Hulme-Smith et al. (2013a).

2.7 Microstructure of Bainite: The Midrib

High-carbon steels can sometimes transform to plates of lower bainite which do not have
a homogeneous microstructure (Okamoto and Oka, 1986). When observed using light
microscopy, a macroscopic plate of lower bainite is seen to have a black line running
centrally along its axis (Fig. 2.32). Transmission electron microscopy reveals that this line
corresponds to a centrally located, coplanar thin plate of martensite which is sandwiched
between regions of lower bainite. The lower bainite containing the midrib is actually found
to evolve in two stages, from thin-plate martensite which forms first by the isothermal

transformation of austenite, and which then stimulates the growth of the adjacent bainite
regions.

Figure 2.32  Optical and transmission electron micrographs of the midrib associated with lower
bainite in a plain carbon steel. After Okamoto and Oka (1986).
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Okamoto and Oka deduced that at relatively high transformation temperatures, the steels
react to give lower bainite without a midrib, but as the transformation temperature is re-
duced to below a certain temperature 7., this is replaced by the lower bainite with a thin-
plate martensite midrib, which then gives way to just the thin-plate martensite; at a suf-
ficiently low temperature (below the conventional Mg temperature), ordinary martensite
with a lenticular plate morphology forms by the athermal transformation of austenite.

It was noted above that both the lower bainite containing the midrib, and thin-plate
martensite isothermally form in the temperature range 7, — Mg. Okamoto and Oka
demonstrated that the difference between these two temperatures diminishes as the carbon
concentration of the steel decreases, until at about 1 wt% C, it becomes zero. Consequently,
neither of these phases have been reported to occur in lower carbon steels.

The terminology thin-plate martensite has its origins in work done on nickel-rich Fe-
Ni-C alloys, where the martensite transformation temperatures are well below —100°C
(Maki et al., 1973, 1975) . The martensite then tends to form as extremely thin, parallel-
sided plates in preference to much thicker lenticular plates, especially as the carbon con-
centration is increased. Because of their large aspect ratios, the thin plates are elastically
accommodated in the austenite matrix; their interfaces remain glissile. The plates can
therefore thicken as the temperature is reduced, or indeed become thinner as the tempera-
ture is raised.

2.8 Summary

Bainite grows in the form of clusters of thin lenticular plates or laths, known as sheaves.
The plates within a sheaf are known as sub-units. The growth of each sub-unit is accompa-
nied by an invariant-plane strain shape change with a large shear component. The sub-units
are to some extent separated from each other by films of residual phases such as austenite
or cementite, so that the shape strain of the sheaf as a whole tends to be much smaller than
that of an isolated sub-unit. The plates within any given sheaf tend to adopt almost the
same crystallographic orientation and have identical shape deformations. Because of the
relatively high temperatures at which bainite grows (where the yield stresses of ferrite and
austenite are reduced), the shape strain causes plastic deformation which in turn leads to
a relatively large dislocation density in both the parent and product phases; other kinds of
defects, such as twinning and faulting are also found in the residual austenite. This plastic
accommodation of the shape change explains why each sub-unit grows to a limited size
which may be far less than the austenite grain size. The dislocation debris stifles the mo-
tion of the otherwise glissile interface. Consequently, the sheaf as a whole grows by the
repeated “nucleation” of new sub-units, mostly near the tips of those already existing.

The bainitic ferrite/austenite orientation relationship is always found to lie well within
the Bain region; this and other features of the transformation are broadly consistent with
the phenomenological theory of martensite crystallography. The growth of bainitic ferrite
undoubtedly occurs without any redistribution of iron or substitutional solute atoms, even
on the finest conceivable scale at the transformation interface. Therefore, theories that rely
on interfacial segregation or solute drag are necessarily ill-conceived.

There have been remarkable developments in understanding the role of carbon during
the growth of bainite. There is no doubt that bainitic ferrite contains a much larger con-
centration of carbon than expected from an equilibrium between ferrite and austenite. In
the past, these observations have been attributed to the carbon depositing at dislocations.
However, it is now firmly established that exceptionally large concentrations of carbon re-
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main in solid solution within the bainitic ferrite. This excess carbon causes the unit cell of
the ferrite to become non-cubic.

Some of the carbon is, during the course of transformation, either partitioned into the
residual austenite, or in the case of lower bainite, also precipitated as carbides within the
ferrite. We shall see that even this redistribution occurs after the diffusionless growth of
bainitic ferrite, as discussed in in Chapters 5 and 6.

All of the observed characteristics of bainitic ferrite prove that it grows by a displacive
transformation mechanism, which provides a theoretical framework for the design of bainitic
steels.



CHAPTER 3

CARBIDE PRECIPITATION

Carbides are largely responsible for the commercial failure of many of the early bainitic
steels. The alloys could not compete against the quenched and tempered martensitic steels
with their finer dispersions of carbide particles. Mechanical properties are discussed in
Chapter 12; the purpose here is to deal with the nature and extent of carbide precipitation
reactions in the context of the mechanism of the bainite transformation.

3.1 Upper Bainite

In upper bainite the carbides precipitate from austenite which is enriched in carbon; up-
per bainitic ferrite itself is free from precipitates (Fig. 3.1a). The most common carbide
is cementite but there are notable exceptions, particularly in steels containing large con-
centrations of silicon. For example, the orthorhombic carbides reported by Schissler et al.
(1975) and the c-carbide discovered by Sandvik (1982b), Table 3.1. Transition carbides,
such as  and the various orthorhombic forms listed in Table 3.1, only form because they
are easier to nucleate, so they eventually transform into cementite.

Carbon is partitioned into the residual austenite during the bainite reaction. Cementite
precipitation becomes possible when its carbon concentration x., exceeds the solubility
limit given by the extrapolated ~v/( 4 6) phase boundary (Kriesement and Wever, 1956).
This is illustrated in Fig. 3.1b, where the shaded area represents austenite which is unstable
to the precipitation of cementite. It follows that if there are no kinetic hindrances, carbide
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Table 3.1 Carbides in bainite or in tempered bainite. Fe ,M/C is the ratio of metal to carbon atoms.
Actual lattice parameters are alloy dependent. See also a review by Yakel (1985).

Carbide Crystal System  Lattice parameters / A Fe M/C  Reference
K Hexagonal a=69c=4.8 1.37 (Deliry, 1965; Pomey, 1966)
£ Hexagonal a = 2.735 ¢ = 4.339 24-3 (Hofer et al., 1949; Jack, 1950, 1951)
X Monoclinic a=11.563b=4573¢c=>5.068 220r2.5 (Higg, 1934)

B =97.44°
n Orthorhombic a=4.704b=4.318 c = 2.830 2 (Hirotsu and Nagakura, 1972)
FesC Orthorhombic a=4.525b=5.087 c = 6.743 3.0
M,Cs Orthorhombic a=4.526 b= "7.010 ¢ = 12.142 713 (Morniroli et al., 1983)
(Fe, Si)Cx Orthorhombic @ =8.8b=9.0c=14.4 (Konoval et al., 1959)
(Fe, Si)Cx Orthorhombic a=65b=77c=104 (Schissler et al., 1975)
(Fe,Si,Mn)Cx  Orthorhombic a=14.8b=11.4¢=28.5 (Schissler et al., 1975)
M23Cs Cubic F a =10.621 23/6
MeC Cubic F a=11.082 6
c Triclinic a=6.38b=5.05c=4.59 (Sandvik, 1982b)

a=90.0°3="70.1° v =84.7°

precipitation will accompany the growth of upper bainite if the transformation temperature
is below T~ (Fig. 3.1b).

Ry
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Figure3.1 (a) Distribution of cementite particles between the ferrite platelets in upper bainite (AISI
4340 steel). (b) Thermodynamic condition which must be satisfied before cementite can precipitate
from austenite (shaded area).

The precipitation of carbides is peripheral to the formation of bainitic ferrite. On the
other hand, their precipitation reduces the carbon concentration in the residual austenite,
thus stimulating the formation of a further quantity of ferrite (designated o). Given the
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very small diffusion coefficients of iron and substitutional atoms at the temperatures in-
volved (Fig. 3.2), and the absence of an incoherent interface or grain boundary to start the
process, it is unlikely that this secondary ferrite forms by reconstructive transformation.
Sandvik (1982b) has proposed that the decomposition of the residual austenite involves
the displacive formation of a triclinic carbide, close to cementite in structure, and the sub-
sequent formation of a small amount of bainitic ferrite. Nakamura and Nagakura (1986),
in a study of the second stage of martensite tempering, suggested that cementite and ferrite
form directly from austenite, the cementite nucleating on the ferrite/austenite boundaries
and growing by rapid diffusion along this boundary. They also proposed that the secondary
ferrite, which they called bainite, grows martensitically, from the carbon depleted austen-
ite. Regions of secondary ferrite were observed to be twinned — this was taken to indicate
the formation of self-accommodating crystallographic variants of bainitic ferrite.
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The sequence of reactions can be summarised as follows (as =secondary ferrite):

Y — Y+ Q% supersaturated

— O unsaturated 1T Venriched

—  Qpunsaturated T ¥s + 0 3.1

This contrasts with the cooperative growth of cementite and ferrite during the formation of
pearlite in plain carbon steels:

y—a+6 3.2)

When pearlite grows in substitutionally alloyed steels, the austenite, ferrite and cementite
may coexist in equilibrium over a range of temperatures, with the equilibrium compositions
of all the phases changing with the temperature:

y—oa+0+9 (3.3)

The composition of the residual austenite (7') is then expected to differ from that at the
beginning of transformation. The reaction therefore stops before all the austenite is con-
sumed.

In planar sections, the cementite particles in upper bainite are parallel to the habit planes
of the bainitic ferrite plates. Using transmission electron microscopy, Fisher (1958) showed
that these particles are in the form of irregular ribbons in three dimensions, particularly
when bainite forms at high temperatures. Carbide precipitation also occurs at the austen-
ite grain boundaries and this may influence mechanical properties, especially toughness in
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high strength steels (Pickering, 1958). The austenite grain boundaries are favoured hetero-
geneous nucleation sites so the carbides there can be expected to be coarse. When high
carbon steels (> 0.45C wt%) are transformed in the bainite temperature range, there is a
tendency for cementite to precipitate as thin films on the austenite grain surfaces (Stickels,
1974). These thin films are detrimental to toughness and their growth can be retarded by
lowering the transformation temperature.

3.2 Lower Bainite

Lower bainite also consists of a non-lamellar aggregate of ferrite and two kinds of car-
bides. As in upper bainite, there is some precipitation from the enriched austenite. A finer
dispersion of plate-like carbides is also found inside the ferrite plates. A common obser-
vation is that these latter carbides precipitate in a single crystallographic variant within a
given ferrite plate, whereas the tempering of martensite leads to the precipitation of many
variants of cementite (Fig. 3.3).

3.2.1 Precipitation within Lower Bainitic Ferrite

There are many observations that reveal the precipitation of carbides from supersaturated
lower bainite in a process identical to the tempering of martensite. Hot-stage transmission
electron microscopy has shown that the lower bainitic ferrite remains supersaturated with
carbon some time after the completion of the ferrite growth (Kang et al., 1990).

Unlike the microstructure of tempered martensite, the carbides tend to adopt a single
crystallographic variant in a given plate of lower bainite. They have their longest axes
inclined at about 60° to the “growth direction” of the ferrite platelets (Anonymous, 1955;
Irvine and Pickering, 1958; Speich, 1962; Shimizu et al., 1964). The angle quoted must
of course vary as a function of the plane of section; for lower bainitic ferrite with a habit
plane (0.761 0.169 0.626).,, the cementite precipitates on (1 1 2), giving an angle of 57°
between the o, and cementite habit plane normals (Bhadeshia and Edmonds, 1980b). Sim-
ilar results have been obtained by Ohmori (1971). In some cases, the carbides have been
found to form on several different variants of the {1 1 2},,, plane, although a particular
variant still tends to dominate (Srinivasan and Wayman, 1968c; Lai, 1975; Bhadeshia and
Edmonds, 1979a). In fact, a re-examination of published micrographs sometimes reveals
the presence of several variants which were not noticed in the original publication [see for
example, Fig. 5, Yu et al. (1989)].

Early experiments using Curie point measurements and dilatometry gave hints that the
carbides are not always cementite (Wever and Lange, 1932; Wever and Jellinghaus, 1932;
Allen et al., 1939; Antia et al., 1944). The orthorhombic transition carbide discovered in
high-silicon transformer steels by Konoval et al. (1959) has been reported to precipitate
from lower bainitic ferrite in Fe-1.15C-3.9Si wt% alloy (Schissler et al., 1975). Neverthe-
less, the most common transition carbide in lower bainite is e-carbide, first identified by
Austin and Schwartz (1952) and subsequently confirmed by many others.

Matas and Hehemann (1961) interpreted these results to suggest that the initial carbide
in hypoeutectoid bainitic-steels is €, which is then replaced by cementite on holding at
the isothermal transformation temperature. The rate at which the e-carbide converts to
cementite increases with temperature, but also depends on the steel composition. A high
silicon concentration retards the reaction, as is commonly observed in the tempering of
martensite (Owen, 1954; Gordine and Codd, 1969; Hobbs et al., 1972).
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Figure 3.3 (a-c) Fe-0.3C-4.08Cr wt%. (a) Lower bainite obtained by isothermal transformation
for a short time period (435°C, 10 min). Shows particles of cementite within the platelets but not
between the platelets. (b) Corresponding dark field image showing the films of austenite between
the bainitic ferrite platelets. (c) The same sample after prolonged heat treatment (435 °C, 30 min) at
the isothermal transformation temperature, causing the precipitation of carbides between the ferrite
platelets. (d) Typical multi-variant carbide precipitation in tempered martensite (415 °C, 50 min,
AISI 4340 steel). After Bhadeshia and Edmonds (1980b).
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The detection of e-carbide in lower bainite is important because it implies a large excess
(> 0.25 wt%) of carbon trapped in bainitic ferrite when it first forms (Roberts et al., 1957).
However, e-carbide is not always found as a precursor to the precipitation of cementite in
lower bainite. Bhadeshia and Edmonds (1979a) failed to detect e-carbide in a high-silicon
medium-carbon steel (Fe-3.0Mn-2.025i-0.43C wt%) even during the early stages of the
lower bainite transformation. The steels in which e-carbide has been observed during the
formation of lower bainite are listed in Table 3.2. !

Table 3.2 Compositions of steels (wt%) in which e-carbide has been found in lower bainite. The
carbon concentration quoted for the alloy studied by Dubensky and Rundman (1985) represents an
estimate of the concentration in the austenitic matrix of an austempered ductile cast iron.

C Si Mn Ni Cr Mo \'% Reference

0.87 - - - - - - Austin and Schwartz (1952, 1955)
095 022 060 327 123 0.13 - Matas and Hehemann (1961)
0.60 2.00 0.86 - 0.31 - - Matas and Hehemann (1961)

1.00 0.36 - 020 141 - - Matas and Hehemann (1961)
058 035 0.78 - 390 045 090 Matas and Hehemann (1961)
100 2.15 036 - - - - Deliry (1965)

0.60 2.00 0.86 - 0.31 - - Oblak and Hehemann (1967)
0.60 2.00 - - - - - Hehemann (1970)

041 159 079 185 0.75 043 0.08 Lai(1975)

054 187 0.79 - 0.30 - - Huang and Thomas (1977)
085 255 03 - - - - Dorazil and Svejcar (1979)
0.74 240 051 - 0.52 - - Sandvik (1982a)

1.3 309 0.17 - - - - Dubensky and Rundman (1985)
040 201 - 4.15 - - - Miihkinen and Edmonds (1987b)
071 183 052 002 05 0.19 - Jung et al. (1997)

057 139 0.74 044 Liu and Luo (2006)
0.77 030 023 007 138 0.02 Song et al. (2013)

These observations can be rationalised in terms of a theory of tempering due to Kalish
and Cohen (1970), who showed that it is energetically favourable for carbon atoms to re-
main segregated at dislocations when compared with their presence in the e-carbide lattice
(Bhadeshia and Edmonds, 1980b), and a similar argument has been used to explain the ab-
sence of this transition carbide in nanostructured bainite (Caballero et al., 2007). Carbon
becomes trapped at dislocations and if the density of dislocations is sufficiently large, then
the carbon is not available for the formation of e-carbide. In such cases, precipitation of
the more stable cementite occurs directly from supersaturated ferrite. Kalish and Cohen
estimated that a dislocation density of 2 x 10'2 cm ™2 should prevent e-carbide precipita-
tion in steels containing up to 0.20 wt% carbon. This can be extrapolated to bainite bearing
in mind that there are two competing reactions which help relieve the excess carbon in the

le-carbide has been reported in bainite produced by continuous cooling transformation, in a Fe-0.15C-0.94Mo-
2.12Cr wt% steel (Baker and Nutting, 1959) and in a Fe-0.34C-1.25Mn-1.39Ni-0.34Mo wt% alloy isothermally
transformed to bainite (Fondekar et al., 1970). In both cases, the evidence quoted is uncertain. A study by Yu
(1989) on similar steels has not revealed e-carbide.
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ferrite: partitioning of carbon into the residual austenite and the precipitation of carbides in
the bainitic ferrite. The reactions interact since partitioning reduces the amount of carbon
available for precipitation, and vice versa. Judging from available data (Table 3.2), the
average carbon content of the steel must exceed about 0.55 wt% to permit the precipitation
of e-carbide. Otherwise, the partitioning of carbon into the austenite depletes the bainitic
ferrite too rapidly to permit e-carbide.

Nickel enhances the precipitation of e-carbide which can therefore be obtained in bai-
nite at lower carbon concentrations, ~ 0.4 wt% (Miihkinen and Edmonds, 1987b). Rao
and Thomas (1980) have demonstrated a similar effect of nickel in martensitic steels;
they found e-carbides and cementite to be the dominant carbides during the tempering
of martensite in Fe-0.27C-4Cr-5Ni and Fe-0.24C-2Mn-4Cr wt% steels respectively. Other
substitutional solutes may also affect e-carbide precipitation, but there are no systematic
studies. As with martensite, when lower bainite is tempered, the metastable c-carbide
transforms to cementite and the reaction is accompanied by a volume contraction, which
can be monitored accurately using dilatometry (Hehemann, 1970).

It is interesting that n-carbide (FeoC) has also been observed in lower bainitic ferrite
obtained by transforming the austenitic matrix of a high-silicon cast iron (Franetovic et al.,
1987a,b). This carbide has previously only been reported in tempered martensite (Hi-
rotsu and Nagakura, 1972; Nagakura et al., 1983) and so reinforces the conclusion that the
carbides precipitate from carbon-supersaturated lower bainitic ferrite. Like e-carbide, the
carbon concentration has to exceed some critical value before the n-carbide can be detected
in lower bainite (Franetovic et al., 1987a,b).

3.2.2 Precipitation between Lower Bainitic Ferrite Platelets

There is no essential difference between upper and lower bainite when considering the
precipitation of carbides from the carbon-enriched austenite. However, in lower bainite
some of the excess carbon precipitates in the ferrite, thus reducing the quantity partitioned
into the austenite (Hehemann, 1970). This in turn leads to a smaller fraction of inter-plate
cementite when the austenite eventually decomposes. An important consequence is that
lower bainite often has a higher toughness than upper bainite, even though it usually is
stronger. The precipitation reactions for lower bainite can be summarised as follows:

Case 1: High dislocation density

Y — 7Y+ O supersaturated
— Oin ferrite + Qp, unsaturated T Venriched

— Qp unsaturated T ¢ + Boetween ferrite plates T Oin ferrite

Case 2: Low dislocation density

Y — 7 + Qb supersaturated
— Ein ferrite T O, unsaturated T Venriched
— Q unsaturated 1 €in ferrite T ¢ + petween ferrite plates

— O unsaturated 1 Oin ferrite + Obetween ferrite plates + ¢
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k-carbide was discovered in high-carbon steels transformed to lower bainite (Deliry,
1965; Pomey, 1966). It occurs as a transition carbide, precipitating at a late stage of the
transformation, from the carbon-enriched residual austenite. The carbide has a high sol-
ubility for silicon and on continued holding at the isothermal transformation temperature,
transforms to x which in turn eventually gives way to the more stable cementite.

3.3 Kinetics of Carbide Precipitation

3.3.1 Partitioning and Distribution of Carbon

The carbon concentration of bainitic ferrite during transformation is of major importance
in determining the kinetics of carbide precipitation. The transformation, however, occurs at
high temperatures so some of the excess carbon in the ferrite can be removed by precipita-
tion or by partitioning into austenite. These two processes occur simultaneously, although
one or the other may dominate depending on temperature. They can both be rapid because
of the high mobility of carbon in iron.

The partitioning of excess carbon from ferrite into austenite has been simulated exper-
imentally (Matas and Hehemann, 1960, 1961) by tempering mixtures of martensite and
retained austenite. Single crystals of austenite were cooled below the Mg temperature
(350K) to obtain two microstructures, one containing 50% martensite and the other 90%
martensite in a matrix of austenite. The crystals were then tempered at 405K to allow
the carbon to diffuse from martensite into austenite. The tempering induced the rapid
precipitation of e-carbide, thereby lowering the carbon concentration of the martensite to
0.22 wt%, a value consistent with that quoted by Roberts et al. (1957) for the equilibrium
between martensite and e-carbide. Continued tempering led to further reductions in the
carbon concentration of the martensite as the carbon partitioned into the austenite. This
partitioning occurred more rapidly for the sample containing less martensite, presumably
because the larger amount of residual austenite provided a bigger sink for carbon. The idea
of enriching the austenite with carbon partitioned from martensite during the tempering of
the two-phase mixture has taken on a new momentum since the development of the asso-
ciated theory by Speer et al. (2003). An elegant summary of the current state-of-the-art is
available in Speer et al. (2015).

The distribution of carbon in the residual austenite is not homogeneous after isothermal
transformation to bainite (Fig. 3.5). The enrichment is greater in the immediate vicinity of
bainite platelets or in the regions trapped between the platelets (Schrader and Wever, 1952;
Matas and Hehemann, 1961; Bhadeshia and Waugh, 1982b; Bhadeshia, 1983b; Scott and
Drillet, 2007; Caballero et al., 2011b; Garcia-Mateo et al., 2012a).> Some of the measure-
ments referred to here used the atom-probe technique and a comparison has been published
using X-ray analysis of the lattice parameters of the austenite (Garcia-Mateo et al., 2012a).
However, there are likely to be difficulties in making such comparisons because of the huge
differences in sampling volumes between the two techniques, combined with the fact that
the scale of the heterogeneous distribution is much greater than that of the sample size in
the atom-probe (Bhadeshia, 2015).

2In dual-phase steels, the non-uniform distribution of carbon in the austenite manifests differently. Here,
allotriomorphic ferrite is the dominant phase, the residual austenite decomposes into martensite in the vicinity of
the o/~ interface, but into bainite at the core of the austenite where the carbon concentration is smaller (Water-
schoot et al., 2002). In TRIP-assisted steels, it is the lower carbon austenite that transforms first (Streicher-Clarke
et al., 2005).
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Carbon causes an expansion of the austenite so in some cases, two lattice parameters
have been observed for the retained austenite, corresponding to different levels of carbon in
the heterogeneous austenite within a single specimen (Matas and Hehemann, 1961; Taran
et al., 1997; Kutsov et al., 1999). In many cases, the austenite which is relatively poor in
carbon decomposes to martensite on cooling to ambient temperature. Indeed, two different
martensite-start temperatures have been reported, the one for blocky austenite being greater
than that for the film austenite (Lawrynowicz, 2002). Fig. 3.4 shows the evolution of the
lattice parameters of austenite during the course of the bainite reaction, illustrating the
development of the non-uniform distribution of carbon, together with dilatometric data
illustrating distinct separation of the martensite-start temperatures.
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Figure 3.4  Austenite {111} and ferrite {110} reflections during isothermal transformation. Solid
lines represent the fit achieved; the individual peak profiles less the background are the dotted lines.
(a) Pattern during the fully austenitic state, (b) following some formation of bainite; the {111},
data reflect the distribution of carbon. Details of this in situ synchrotron X-ray experiment on
nanostructured bainite are available in Stone et al. (2008). (c) Detection of two distinct stages of
martensitic transformation (identified by the arrows) in austenite that has a non-uniform distribution
of carbon, after Lawrynowicz (2002).

If those regions of austenite that are poorer in carbon then transform into martensite, the
measurement of the carbon concentration of austenite (x) using an X-ray method should
overestimate ., if it is assumed that there is a homogeneous distribution of carbon in the
residual austenite that existed at the isothermal transformation temperature. For example,
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for upper bainite in a high-silicon steel, X-ray measurements gave x, = 1.7 wt%, whereas
volume fraction data gave an average concentration of 1.35 wt% (Le-Houillier et al., 1971).
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Figure 3.5 The nonuniform distribution of carbon in the residual austenite associated with bainitic
ferrite. (a) Direct measurements of the carbon concentration using an atom-probe; Fe-0.39C-2.05Si-
4.08Ni wt%, isothermally transformed at 340 °C for 10 h (Bhadeshia and Waugh, 1982a). (b) Rim
of austenite retained around a sheaf of bainite in Fe-0.81C-1.98Si-3Mn wt% steel, where the carbon
concentration is expected to be largest.

3.3.2 Kinetics of Precipitation from Residual Austenite

Carbide formation lags behind that of bainitic ferrite, to an extent which depends both on
the transformation temperature and on the alloy composition. In steels which transform
rapidly, the delay may not be detectable. Using a chemical technique which separates pre-
cipitated carbon from that in solid solution, together with dilatometry, it has been shown
that for high transformation temperatures, the amount of carbide formed is proportional to
that of bainitic ferrite at any stage of the reaction (Vasudevan et al., 1958). At lower tem-
peratures, carbide precipitation follows significantly after the formation of bainitic ferrite.

With lower bainite, it is necessary to distinguish between the carbides within the bainitic
ferrite which precipitate rapidly, and those which form by the slower decomposition of
the carbon-enriched residual austenite (Fig. 3.3a,c). The slow rate of precipitation from
austenite is due to the difference in the diffusion rates of carbon in ferrite and austenite,
and because the supersaturation is larger for ferrite.

Striking evidence that the formation of carbides lags behind that of bainitic ferrite is
found in silicon-rich steels. Thus, carbides do not form in upper bainite in Fe-0.31Cr-
0.86Mn-2.00Si-0.60C wt% even after holding at the isothermal transformation temperature
for several hours (Matas and Hehemann, 1961). Similar results have been reported by Le-
Houillier et al. (1971), Sandvik (1982b) and by many other researchers.
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Silicon is usually present in steels as an aftermath of the deoxidation reactions involved
in the steelmaking process. At large concentrations it retards the formation of cementite
from austenite, making it possible to obtain a carbide-free microstructure of just bainitic
ferrite and austenite. For the same reason, silicon favours the formation of grey cast iron
with graphite instead of the cementite found in low-silicon white cast irons. It is well
known that the precipitation of cementite during the tempering of martensite is significantly
retarded by the presence of silicon (Bain, 1939; Allten and Payson, 1953; Owen, 1954;
Keh, 1963; Gordine and Codd, 1969; Hobbs et al., 1972). This has been exploited in
the design of one of the most successful ultrahigh-strength steels with the commercial
designation 300M, reviewed by Pickering (1979).

Silicon has an incredibly low solubility in cementite that is in equilibrium with austenite
(Jang et al., 2009, 2010) and ferrite (Miyamoto et al., 2007). Fig. 3.6 shows that in contrast
to manganese, all the tie-lines connecting cementite to austenite radiate from a small region
near the Fe-C axis in the case of the Fe-C-Si ternary, whereas the cementite is able to read-
ily accommodate manganese until Mn3C is obtained. If it is forced, by the paraequilibrium
transformation mechanism, to inherit the silicon as it grows then the driving force for pre-
cipitation is greatly reduced, thus retarding precipitation (Bhadeshia, 2003), Section 3.5.
Fig. 3.7 shows a dramatic comparison between the equilibrium and paraequilibrium phase
diagrams in the iron-rich corner, for temperatures at which bainite commonly forms. A
marked increase in the size of the austenite phase field occurs on constraining the system
to paraequilibrium transformation conditions. Thus, the addition of silicon can change the
alloy from being in the v + 6 phase field under equilibrium conditions, to a single phase
austenite field when the cementite grows without the partitioning of silicon. A comprehen-
sive set of calculations like these has been published more recently, for both cementite and
Fe,C (Shaposhnikov and Mogutnov, 2008).

The large influence of silicon on the kinetics of precipitation from austenite, as illus-
trated in Fig. 3.8a (Kozeschnik and Bhadeshia, 2008). Bearing in mind that “300M” steel is
essentially a silicon-enriched version of “4340” steel, the corresponding effect of silicon on
cementite precipitation during the tempering of martensite is extremely small except when
the carbon concentration in solution is also small. This is surprising at first sight because
it contradicts experience, but consistent with earlier work (Ghosh and Olson, 2002); the
anomaly can be understood once it is realised that the driving force for precipitation from
supersaturated ferrite is very large. However, if the carbon is trapped at dislocations in the
martensite (Kehoe and Kelly, 1970), then the amount available for precipitation decreases
so the observed effect of silicon would be larger as shown in Fig. 3.8b for the lower carbon
concentrations.

It was at one time thought that the retardation occurs because silicon stabilises transi-
tion carbides at the expense of cementite (Reisdorf, 1963; Gordine and Codd, 1969) but
experiments have shown that the transition carbides are not particularly enriched in silicon
(Barnard et al., 1981a).

Aluminium in solid solution also retards tempering reactions (Allten, 1954; Langer,
1968; Bhat, 1977). The effect is believed to be identical to that of silicon although de-
tailed solubility data are not available. New alloys developed for the automobile industry
sometimes exploit phosphorus in solution to prevent cementite precipitation, although the
mechanism by which this happens is not clear (Mahieu et al., 2002b).

Carbide-free bainitic microstructures can be obtained in steels containing little or no
silicon or aluminium, for example in Fe-Cr-C alloys (Bhadeshia, 1980; Qiao et al., 2009),
in low-carbon steels (Yang and Bhadeshia, 1987a), in copper-containing steels (Thompson
et al., 1988) and in Fe-Mn-V-C steel (Lawrynowicz, 2012). The classic “2%CrlMo” steel



72 CARBIDE PRECIPITATION

‘1-&0
../ = i

Fe % C

Figure 3.6  Calculated sections of the Fe-Si-C and Fe-Mn-C phase diagrams for 500 °C using
thermodynamic data for cementite generated from first principles calculations, which are then
implemented in a phase diagram calculation package that already had data for austenite (Jang et al.,
2010).

which is used in vast quantities in the electricity generation industry has a carbide-free
bainitic microstructure. It is not yet possible to predict the effects of alloying elements on
carbide precipitation reactions during the bainite transformation.

It is worth noting that when martensite in a secondary hardening steel is tempered, a
large silicon concentration retards cementite precipitation and hence promotes the early
precipitation of alloy carbides. This is because carbon becomes more available in high-
silicon steels (Delagnes et al., 2005).

3.3.3 Kinetics of Precipitation within Bainitic Ferrite

It is particularly interesting that the precipitation of cementite from martensite or lower
bainite can occur at temperatures below 400 K, in time periods too short to allow any sub-
stantial diffusion of iron atoms. The long-range diffusion of carbon atoms is of course
necessary, but because carbon resides in interstitial solution, it can be very mobile at tem-
peratures as low as 210 K (Winchell and Cohen, 1962).

The formation of cementite or other transition carbides of iron, in these circumstances
of incredibly low atomic mobility, must differ from diffusional decomposition reactions.
It has been believed for some time that the cementite lattice is generated by the homo-
geneous deformation of ferrite, combined with the necessary diffusion of carbon into the
appropriate sites - in effect a displacive mechanism with paraequilibrium.> The nature
of the necessary displacements for generating cementite or e-carbide structures have been
considered phenomenologically by Andrews (1963) and the subject has been reviewed by
Yakel (1985). The models are not sufficiently developed to predict transformation kinetics
except that they do not involve the diffusion of substitutional atoms and hence are consis-
tent with rapid kinetics even at low temperatures.

3Displacements consistent with large shear deformations have been measured for proeutectoid cementite plates,
where the tilt angle varied from 20-50° because of stereological effects (Yan et al., 2013). Such displacements
are entirely consistent with the paraequilibrium, displacive formation of cementite.
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Figure 3.7 The Fe rich corner of the equilibrium (a,b) and paraequilibrium (c,d) Fe-Si-C phase
diagram at 573 K and 773 K. After Lord (1998).

The lack of atomic mobility over the temperature range where bainite grows has conse-
quences also on the alloy carbides (such as MoyC) which require diffusion to grow. The
size of such carbides is restricted by the distance through which the substitutional atoms
can diffuse during the time scale of the experiment. This is illustrated by experiments in
which the transformation of a Fe-Mo-C alloy was studied over a wide range of tempera-
tures with the carbide type, size and composition being characterised at the highest spatial
and chemical resolution possible (Stark and Smith, 1987). Fig. 3.9 shows that the mea-
sured particle sizes correlate well with the random walk distance 2(D Mot)0'5, which is a
measure of atomic mobility. In niobium steels, Nb(C,N) particles only grow to a size of
10 nm and when bainite forms at temperatures in excess of 580 °C (Park and Lee, 2007).

A second consequence is related to the mechanism by which the ferrite itself grows.
The crystallographic change from v — « may occur without any diffusion. However, if
the mechanism is reconstructive, then mass transport is essential during growth even when
there is no change in composition (Bhadeshia, 1985b). The transformation can then only
proceed at a rate consistent with this diffusion, in which case substitutional solutes like
molybdenum have an opportunity to precipitate. It is noteworthy that Stark and Smith
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Figure 3.8 (a) Calculated time-temperature-precipitation diagram for paraequilibrium cementite
from austenite of composition Fe-1.2C-1.5Mn-1.5Siwt%. (b) Kinetics of paraequilibrium
precipitation at 315°C, from martensite in 4340 (continuous curve, 0.43C wt%) and 300M (dashed
curve) steels. After Kozeschnik and Bhadeshia (2008).
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Figure 3.9  Correlation of random walk distance for molybdenum atoms with the measured
molybdenum carbide particle size (data due to Stark and Smith, 1987). The curves are the calculated
2(DMOt)O'5 values for specific heat-treatments. Molybdenum carbide was never found with bainite,
only with ferrite which grew by reconstructive transformation.

(1987) only found molybdenum carbides in ferrite which grew by a reconstructive trans-
formation mechanism, and never in association with bainitic ferrite.
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3.4 Crystallography of Carbide Precipitation in Bainite

During isothermal heat-treatments of the type used to generate bainite, the steel is not held
at temperature for periods long enough to permit the long-range diffusion of substitutional
atoms. Only iron carbides, such as €, k, 17 or cementite therefore precipitate. Other carbides
which require the partitioning of substitutional solutes cannot form.

3.4.1 Cementite: Orientation Relationships

Shackleton and Kelly (1965) studied the orientation relationships between ferrite and ce-
mentite in bainite. The relationships were found to be identical to those known for cemen-
tite in tempered martensite. They most frequently observed the tempering or Bagaryatskii
(1950) orientation relationship:

{001} [[ {21 1}a
(100)g || (0T 1)a

The next prominent «/6 orientation relationship, also found in tempered martensite, was:

{O 0 1}9 ” {ET 5}o¢
00)y  within2.6° of (3T 1),
010)%  within 2.6° of (13 1)

In upper bainite, the large number of observed «, /6 orientation relationships could all
be derived assuming that the cementite precipitates from austenite with the Pitsch (1962)
~/0 relationship:

{001}e [l {225},
(100)  within 2.6° of (55 1),
(010)  within 2.6° of (1T 0),

The « /0 relationships can be generated from the +/6 relationship by allowing the ferrite
to be a variant of the Kurdjumov and Sachs «/~ orientation relationship.

These results have been confirmed and are important in understanding the mechanism of
the bainite transformation. They suggest that in lower bainite the carbides precipitate from
ferrite which contains an excess of carbon. After all, precisely the same 6/« orientations
are found during the tempering of martensite.

The 0/« orientation relationship found by Isaichev (1947) also occurs in lower bainite
(Ohmori, 1971; Huang and Thomas, 1977). Using rational indices, the Isaichev relation-
ship can be expressed as follows:

(010)p || (1T1T)q

{103} || {101}, 34
The Isaichev orientation relationship is close to that of Bagaryatskii making them difficult
to distinguish using conventional electron diffraction. Accurate measurements on tempered

martensite have repeatedly identified the Isaichev orientation relationship and this has led
to the suggestion that the Bagaryatskii orientation does not exist (Zhang and Kelly, 1998).
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3.4.2 The Habit Plane of Cementite

Using single surface trace analysis, Shackleton and Kelly showed that for the tempering
orientation relationship, the habit plane of cementite in lower bainitic ferrite is in the vicin-
ity of the zone containing {1 1 2}, and {0 1 1}, corresponding to {10 1} and {100}
respectively. The results are vague because of the irregular shape of the cementite parti-
cles and inaccuracies in the technique used. The long dimension of the cementite laths
was found to be approximately (1 1 1), corresponding to (0 1 0)¢. Note that for these
data, the crystallographic indices have justifiably been quoted with respect to both the o
and @ lattices since some of the trace analyses were carried out using diffraction informa-
tion obtained simultaneously from both lattices. The results are consistent with the habit
plane of cementite containing the direction of maximum coherency between the ferrite and
cementite lattices,i.e. (010)y || (111), (Andrews, 1963).

For some alloys, the observation of streaks in electron diffraction patterns has been
interpreted to indicate a cementite habit of {00 1}¢ || {2 1 1}, (Srinivasan and Wayman,
1968a). However, similar streaking has been observed for a cementite habit plane close to
{2 0 1}p. Tt is likely that the streaking is due to faulting on the {0 0 1} planes (Ohmori
etal., 1971).

In upper bainite, the carbides precipitate from austenite and hence do not exhibit a
consistent set of habit plane indices relative to ferrite. Relative to cementite the habit is
close to {1 0 1} with a long direction near (0 1 0)¢ (Shackleton and Kelly, 1965).

3.4.3 Three-Phase Crystallography

Crystallographic information can be interpreted in depth if the data are obtained simulta-
neously from austenite, ferrite and cementite. The first such experiments were reported
by Srinivasan and Wayman (1968c,a) and subsequent contradictory data were given by
Bhadeshia (1980). The two sets of data using rational indices as approximations to the
measurements are as follows:

(Srinivasan and Wayman, 1968c¢ ,a)
(111]y [[[011]a [ [100]
TO01y [[TT1]a [l [010]

[121], | [2T1a [[[001]
(Bhadeshia, 1980)



CRYSTALLOGRAPHY OF CARBIDE PRECIPITATION IN BAINITE 77

For the first set of data, the habit plane of the cementite within the lower bainitic fer-
rite is found to be (1 1 2),, corresponding to (1 0 1),. Srinivasan and Wayman noted
that this coincides with the presumed lattice-invariant deformation of lower bainite, im-
plying that this somehow explains the single crystallographic variant of cementite in lower
bainite, as compared with the many found when martensite is tempered. When the lattice-
invariant deformation is slip, as is the case for bainite, it is incredibly difficult to establish
any microstructural evidence in its support, although Ohmori (1989) has claimed that the
cementite traces in lower bainite can often be seen to be parallel to the traces of transfor-
mation twins in adjacent and approximately parallel plates of martensite. Srinivasan and
Wayman interpreted the presence of the carbide on the appropriate planes to lend support
to the proposed mode of lattice invariant deformation in bainite. It was pointed out that
the results may not be generally applicable, because they found that for a Fe-3.32Cr-0.66C
wt% alloy the cementite habit plane seemed to be {0 0 1}y unlike the case for the richly
alloyed sample.

Unfortunately, the second set of data above (Bhadeshia, 1980) is not in agreement with
the Srinivasan and Wayman hypothesis, and they noted themselves that the cementite habit
plane in another Fe-Cr-C alloy containing less chromium and carbon was (0 0 1)y rather
than (0 1 0)p. Thus, although the lattice-invariant deformation may be linked to the nucle-
ation of cementite under some circumstances, it does not provide a consistent explanation
in others. It also does not explain why multiple variants of carbides are observed in marten-
sites.

3.4.4 Interphase Precipitation

An alternative view is that the cementite of lower bainite nucleates and grows at the
austenite-ferrite interface, a process which is well established in the high temperature
precipitation of carbides and is described as interphase precipitation (Honeycombe and
Pickering, 1972). The carbon that is necessary to sustain the growth of cementite can be
absorbed from the adjacent austenite and it is then not necessary for the ferrite to be su-
persaturated. It is argued that during nucleation, the cementite should adopt an orientation
which provides good lattice matching with both o and . If it happens to be the case that
there is only one orientation in space which allows good matching with both the adjacent
phases, then the theory indicates that only one crystallographic variant of cementite should
precipitate for a given variant of ferrite.

It seems intuitively reasonable that a particle at the transformation interface should at-
tempt to lattice match simultaneously with both the adjacent phases. However, the experi-
mental evidence quoted in support of the model (Honeycombe, 1984a) is inadequate. For
example, during the interphase precipitation of Mo3Cg in chromium-rich steels, the carbide
(which has a face-centred cubic lattice) adopts a cube-cube orientation with the austenite,
and a Kurdjumov-Sachs orientation with the ferrite. However, My3Cg in austenite always
precipitates in a cube-cube orientation with austenite, even in the absence of any ferrite.
Suppose that the carbide precipitates in austenite, and that the austenite then transforms to
ferrite, then it follows that the ferrite is likely to adopt a rational Kurdjumov-Sachs type
orientation with the austenite, and consequently with the Mo3Cg, the final three-phase
crystallography having nothing to do with simultaneous lattice matching between all three
phases.

During interphase precipitation, the M23Cg could be completely oblivious of the ferrite,
even though it may be in contact with the phase, but the good three-phase crystallography
would nevertheless follow simply because the M23Cg has a cube-cube orientation with the
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austenite. To test unambiguously, the theory requires a system where the particles which
form at the interphase interface are able to adopt many different variants of an orientation
relation with the austenite. It is suggested that interphase precipitation of Mo2C is an
example suitable for further work.

Given a Bagaryatskii orientation relationship between lower bainitic ferrite and its inter-
nal cementite particles, and a Kurdjumov-Sachs orientation relationship between the ferrite
and austenite, it can be shown (Bhadeshia, 1980a) that the three phase crystallography ex-
pected on the basis of the lattice matching arguments is:

[100Jg || 0T 1o || [11 1],

010 || 1TT]a || [TO1],

The experimental data for lower bainite are inconsistent with these orientation relations,
the cementite failing to lattice match with the austenite. This conclusion remains if the
o/~ orientation relationship is of the Nishiyama-Wasserman type.

There is another way of verifying this conclusion. Aaronson et al. (1978) have mod-
elled the growth of cementite which nucleates at the «/ interface. In this model, the
penetration of the cementite into the adjacent ferrite or austenite is determined by the rate
at which either of these phases transforms into cementite. The growth of the cementite is
treated in terms of a one-dimensional diffusion-controlled growth process. With the Zener
approximation of a linear concentration gradient in the parent phase, the penetrations of
cementite in ferrite (G) and in austenite (G) are given by:

o= 1(&) e (35)
2\t [2(cfx — caf) (P —E)]2
1 D,y 2 (EV _ cve)
NG 36
L ( ! ) [2(c? = 1) (Y — 7)) (3.6)

where D,, is the diffusivity of carbon in ferrite, € is the average carbon concentration in the
parent phase (a or 7), ¢?? represents the concentration of carbon in the austenite which is
in equilibrium with cementite and ¢ represents the time after the nucleation event. If it is
assumed that c?* and ¢?7 are much greater than ¢, c®? or ¢7?, the ratio of growth rates is
given by:
« % o 17
R 37)
D3 (@ — 1)

Note that the left hand side of this equation could be replaced by the corresponding ratio
of particle dimensions in the two parent phases. A further assumption was made that the
carbon concentrations of the austenite and ferrite before the onset of cementite formation
are given by ¢c’* and c*” respectively. This in turn implies a number of further assumptions
which are not consistent with experimental data: that carbide formation does not begin until
the formation of all bainitic ferrite is complete, that there is no supersaturation of carbon in
the bainitic ferrite and that the bainite transformation does not obey the incomplete-reaction
phenomenon.

On the basis of these assumptions, the cementite in bainite essentially grows by drawing
on the richer reservoir of carbon in the austenite, and should therefore penetrate to a far
greater extent into the austenite than into the ferrite. Contrary to this conclusion, direct
observations prove that in the rare cases where a cementite particle in lower bainite happens
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to be in contact with the transformation interface, the cementite is confined to the ferrite
(Bhadeshia, 1980).

Aaronson et al. (1978) also concluded that since the model predicts that the interphase
growth of cementite occurs into both bainitic ferrite and austenite, the debate about whether
the carbides nucleate in « or -y is irrelevant. This is not justified because it assumes that
the carbides nucleate at the interphase interface, whereas it is more likely that the carbides
which precipitate within the lower bainitic ferrite nucleate and grow from the supersatu-
rated bainitic ferrite.

3.4.5 Relief of Strain Energy

The occurrence of a single crystallographic variant of carbide in lower bainite clearly can-
not be explained in terms of the interphase precipitation model or the lattice-invariant
shear arguments. It is likely that the variant which forms is one that is best suited to-
wards the relief of elastic strains associated with the austenite to lower bainite transfor-
mation (Bhadeshia, 1980; Chang et al., 2004). The observation that carbide precipita-
tion modifies the surface relief of lower bainite supports this conclusion, particularly since
freshly formed plates, apparently without carbide precipitation, exhibit perfect invariant-
plane strain relief (Clark and Wayman, 1970).

If this explanation is accepted, then it begs the question as to why multiple variants of
carbides occur during the tempering of martensite. However, an examination of a large
number of published micrographs shows that even in tempered martensite, there is usually
one dominant variant and in many cases, just one variant of carbide present. Examples can
be found in standard textbooks such as that by Honeycombe (1981, Fig. 83), or in research
articles (Speich, 1987; Liu and Luo, 2006).

Further discussion of the multiple carbide variants and the role of stress in variant se-
lection can be found in Chapter 8.

3.4.6 Epsilon-Carbide

The orientation relationship between e-carbide in tempered martensite was deduced by
Jack (1950, 1951) as:

(101 || (LOT).
(2T 1)a | (10T0).
(011)a [ (0001).
TTDa | (1210).

which also implies that:
(101), ~1.37° from (101 1),

[100], >~ 5° from [1120].

The very same orientation relationship is also found for e-carbide in lower bainite (Huang
and Thomas, 1977). The carbide is in the form of plates which are approximately 6-20 nm
thick and 70-400 nm long and possess a ragged interface with the matrix. Single-surface
trace analysis suggests that on average the particles grow along (1 0 0), directions on
{00 1}, habit planes (Lai, 1975).
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It has been suggested by Huang and Thomas that e-carbide precipitates at the austen-
ite/bainite interface, because its orientation with the ferrite can be generated by assuming
a Kurdjumov-Sachs o/~ orientation, and an &/~ relationship in which

(17T0), | (1210). (3.8)

However, the three phase crystallography is not unique and hence does not explain the
observed single variant of carbide in lower bainite.

During the prolonged ageing of bainite, Sandvik (1982a) found that small regions of
austenite retained within bainite sheaves transform into € carbide, with the three-phase
crystallography described by Huang and Thomas. The observed e-carbide habit plane,
(101)q || (000 1), is different from that claimed by Lai.

The orientation relationship expected between e-carbide and austenite has until recently
been a matter of speculation. The carbide has now been found to precipitate directly in
austenite in high-carbon cast iron with the orientation relationship stated in equation 3.8
(Gutierrez et al., 1995). The precipitates are in the form of fine, coherent particles homo-
geneously distributed throughout the austenite and form in at least three variants of the
orientation relationship (Fig. 3.10). When the austenite transforms to martensite, only two
of these variants adopt the Jack orientation relationship with the martensite.

Figure 3.10 The homogeneous precipitation of e-carbide in austenite (Gutierrez et al., 1995).
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3.4.7 Eta- and Chi-Carbides

n-carbide is a transition FeoC carbide in the orthorhombic crystal system. It is usually
associated with the tempering of martensite (Hirotsu and Nagakura, 1972; Nagakura et al.,
1983) where the martensite/carbide orientation relationship is found to be as follows:

(110), [ {01 0}q

[001], [ (100)a

The carbide has been observed in lower bainite in grey cast iron, where electron diffraction
confirms that (Franetovic et al., 1987a,b):

001y [ (100)a [ (0T 1),

This information is consistent with the 7-carbide/martensite orientation relationship stated
earlier and lends further support to the hypothesis that the carbides within lower bainitic
ferrite precipitate in a manner analogous to the tempering of martensite.

x-Carbide is another transition carbide which is metastable with respect to cementite.
It is found during the tempering of martensite, where high-resolution electron microscopy
has demonstrated that what at first sight appears to be faulted cementite in fact consists of
interpenetrating layers of cementite and Y, described as microsyntactic intergrowth (Na-
gakuraet al., 1981; Nakamura et al., 1985). The {2 0 0}, planes are found to be parallel to
the {0 0 1}¢ planes of different spacing (0.57 and 0.67 nm respectively). Thus, the faults
in the cementite really correspond to regions of x, each a few interplanar spacings thick,
and this intimate mixture of cementite and x consequently has a nonstoichiometric overall
composition expressed by Feop, 1C,, where n > 3. Hégg carbide (Fe5C2) and intergrowth
with cementite has also been demonstrated (Ghosh et al., 1999; Ghosh and Olson, 2002).

Similar observations have been reported by Ohmori (1986), but for cementite in both
tempered martensite and lower bainite, in a Fe-0.7C wt% steel (Fig. 3.11). In both cases,
high-resolution electron microscopy (HREM) revealed that the cementite particles con-
tained regions of y-carbide, lending yet more support to the analogy between tempered
martensite and lower bainite. This is consistent with Ohmori’s observation that cemen-
tite in bainitic ferrite increases in size during transformation, as if growing from carbon
supersaturated ferrite.

Ohmori (1986) has also claimed that the mechanism of precipitation in the lower bainite
was different from that in tempered martensite, on the grounds that the cementite in the
lower bainite contained a smaller amount of y-carbide. A difficulty with this conclusion is
that the amount of material examined in an HREM experiment is so small that it is unlikely
to be representative. The heat-treatments utilised in producing lower bainite and martensite
are also different making valid comparisons difficult.

Direct observations on martensite tempering, by Nakamura et al. (1985), indicate that
the mechanism by which the mixed y/cementite particles are replaced by cementite can be
complicated and site dependent. One of the cementite layers in the mixed particle tends
to grow into the surrounding matrix, at the expense of the mixed particle which dissolves.
This dissolution is found to occur more rapidly for mixed particles which happen to be
located at grain boundaries, presumably because such boundaries provide easy diffusion
paths.

It is interesting that the mechanism involves the dissolution of both the cementite and
x in the mixed particles. This might be expected if it is assumed that the original particle
forms by displacive transformation; the accompanying strain energy could then provide
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Figure3.11 Lattice resolution transmission electron micrographs showing the intergrowth of layers
of cementite and x-carbide (Ohmori, 1986). (a) Carbide particle which precipitated in lower bainitic
ferrite; (b) carbide particle formed during the tempering of martensite.
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the driving force for its replacement by more globular cementite particles forming by re-
constructive growth. Also, the boundaries between the x and cementite layers are coherent
and would not be expected to be very mobile, in which case, the cementite layers would be
kinetically hindered from growing into the adjacent y layers.

3.5 Chemical Composition of Bainitic Carbides

It has long been established, using magnetic, chemical and X-ray methods on extracted
carbides, that the cementite associated with upper bainite has a substitutional solute content
which is close to, or slightly higher than that of the steel as a whole. This is not expected
from considerations of chemical equilibrium [see for example, (Hultgren, 1947, 1953)].

Tsivinsky et al. (1955) reported that chromium and tungsten partitioned from austenite
into cementite during the growth of pearlite, but not during that of bainite. Chance and
Ridley (1981) found that for upper bainite in a Fe-0.81C-1.41Cr wt% alloy, the partition
coefficient k¢, defined as (wt% Cr in 6)/(wt% Cr in «) could not be distinguished from
unity (Fig. 3.12). Chance and Ridley suggested that partitioning occurs during the pearlite
reaction but at the same temperature does not occur with bainite because there is a fast
diffusion path along the incoherent interface for pearlite.
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Figure 3.12  (a) The partition coefficient for for chromium in cementite, when the cementite is a
part of bainite or pearlite, together with equilibrium data (Chance and Ridley, 1981). The partition
coefficient is the ratio of the concentration in cementite to that in the ferrite. (b) The concentration
profile that develops during the enrichment of a cementite particle.

These and other results provide compelling evidence that the carbides which form dur-
ing the bainite reaction or indeed during the tempering of martensite grow by a displacive
mechanism. Such a mechanism must naturally involve the diffusion of carbon, but not of
substitutional solutes or iron atoms. It is particularly interesting that the precipitation of
cementite from martensite or lower bainite can occur under conditions where the diffusion
rates of iron and substitutional atoms are incredibly small compared with the rate of precip-
itation (Figure 2.13). The long-range diffusion of carbon atoms is of course necessary, but
because of its interstitial character, substantial diffusion of carbon remains possible even
at temperatures as low as —60 °C. The Fe/X ratio thus remains constant everywhere and,
subject to that constraint, the carbon achieves equality of chemical potential; the cementite
is then said to grow by paraequilibrium transformation.

High-resolution evidence supporting carbide growth by paraequilibrium displacive trans-
formation has been published by Sandvik (1982b), Nakamura and Nagakura (1986) and
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Taylor et al. (1989a,b). In recent work it has been confirmed that the initial composition of
the cementite precipitated during the tempering of martensite is not affected by the hetero-
geneous nucleation site, whether that is at plate boundaries or within the plates themselves
(Thomson and Miller, 1995; Ghosh et al., 1999).

In a remarkable experiment, Babu et al. (1993) have shown using the atom-probe tech-
nique that the cementite obtained by tempering martensite is forced to inherit the silicon
concentration of the martensite. They did not find any redistribution of substitutional so-
lutes even on the finest conceivable scale; the atom-probe technique has single atom reso-
lution for both chemical and spatial analysis (Fig. 3.13). The results rule out the possibility
of local equilibrium at the interface and conclusively establish the paraequilibrium mode
of cementite precipitation. The fact that silicon is trapped by cementite is important given
that its equilibrium solubility in cementite is virtually zero. It follows from this that the
trapped species such as Si must partition with prolonged heat treatment and this is precisely
what is observed experimentally (Babu et al., 1993). These conclusions are supported by
atom-probe experiments on lower bainite in bearing steels, where both € and 6 precipitation
occurs at 260 °C without the partitioning of substitutional solutes (Song et al., 2013).#
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Figure 3.13  The results of an atomic resolution chemical analysis experiment across a pair of
ferrite/cementite («/0) interfaces. Any changes in composition are represented by a change in the
slope. It is evident that there is no partitioning of silicon or manganese when cementite precipitates
from martensite. The alloy used has the chemical composition Fe-1.84C-3.84Si-2.95Mn at%, and
was tempered at 350 °C for 30 min (Babu et al., 1993).

To summarise, substitutional solute atoms are trapped in the cementite when the latter
precipitates in bainite or martensite. That is, the cementite forms by a paraequilibrium
transformation mechanism. In silicon-containing steels the free energy change associated
with the paraequilibrium precipitation of cementite must be much smaller than when the

4These authors also reported that cementite generated at 500 °C grows by the negligible-partitioning local equi-
librium mechanism (section 2.3.1), but the measured data have not been shown to be consistent with NP-LE
mechanism.
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cementite is free of silicon. It is probable that this is what leads to suppression of cementite
in high-silicon bainitic or martensitic steels.

The discussion here has focussed on cementite which is the carbide that has been in-
vestigated the most. However, the conclusions about the mechanism of transformation
are likely to apply to the other iron-based carbides which form at low temperatures. The
iron/substitutional atom ratio in e-carbide is known to be identical to that of the martensite
from which it precipitates (Barnard et al., 1981b).

Naturally, if the carbides that form initially by a paraequilibrium mechanism are subse-
quently tempered then equilibrium will encourage solutes to partition between the ferrite
and carbide. This effect is most pronounced for silicon given that its solubility in either ce-
mentite or e-carbide is negligible. Atom-probe data to this effect are illustrated in Fig. 3.14,
showing the tendency for silicon to migrate from the carbide into the adjacent ferrite during
tempering. Other solutes also redistribute, for example manganese and chromium partition
from the ferrite into the cementite (Caballero et al., 2008c).
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Figure 3.14  Atom-probe analyses of Fe-0.98C-1.46Si-1.89Mn-0.26Mo-1.26Cr-0.09V wt%,
transformed into bainite at 200 °C, and then tempered at (a) 400 °C, 30 min, (b) 450 °C, 30 min.
Adapted from Caballero et al. (2008c).

The response of carbides to a stress applied during the precipitation process can reveal
further information about their mechanism of formation; this will be discussed in Chap-
ter 8.

3.6 Summary

The growth of upper bainite leads to the partitioning of carbon into the residual austenite.
If the transformation conditions render the austenite thermodynamically unstable with re-
spect to carbide precipitation, then it eventually decomposes by the formation of cementite
and more ferrite. In some alloys, cementite formation is preceded by that of transition
iron-carbides such as « or x. In lower bainite, some of the carbon precipitates from super-
saturated ferrite and a portion is partitioned into the remaining austenite. The quantity of
carbides that precipitate from the austenite is therefore smaller when compared with up-
per bainite. Every carbide precipitation reaction that is found in tempered martensite has
also been observed in lower bainite with precisely identical crystallographic and morpho-
logical characteristics. The very presence of transition carbides is indicative of a carbon-
supersaturated bainitic ferrite.
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One difference with tempered martensite can be that the carbide particles in any given
lower bainitic plate tend to precipitate in a single crystallographic orientation whereas the
tempering of martensite usually leads to many crystallographic variants. This is because
the self-stress of a lower bainite plate favours precipitation of a particular carbide variant,
and this effect is prominent in bainite where the driving force for carbide precipitation is
smaller than that associated with the tempering of martensite.

The carbide precipitation reactions for both upper and lower bainite are secondary
events which occur after the growth of bainitic ferrite. In some alloys, especially those
containing large concentrations of silicon or aluminium, the carbide precipitation reaction
can be so sluggish that for practical purposes, the bainite consists of a mixture of only
bainitic ferrite and carbon-enriched residual austenite.

The mobility of atoms over the range of temperatures within which bainite grows is
extraordinarily small. This and other observations suggest that the carbides grow by a
displacive mechanism in which only the interstitial elements diffuse. This is consistent
with the absence of any change in substitutional solute content when bainitic carbides
precipitate, and with the crystallography of carbide precipitation.



CHAPTER 4

TEMPERING OF BAINITE

4.1 Introduction

Tempering is a term historically associated with the heat treatment of martensite in steels. It
describes how the microstructure and mechanical properties change as the metastable sam-
ple is held isothermally at a temperature where austenite cannot form. The changes during
the tempering of martensite can be categorised into stages. During the first stage, excess
carbon in solid solution segregates to defects or forms clusters within the solid solution. It
then precipitates, either as cementite in low-carbon steels, or as transition iron-carbides in
high-carbon alloys. The carbon concentration that remains in solid solution may be quite
large if the precipitate is a transition carbide. Further annealing leads to stage 2, in which
almost all of the excess carbon is precipitated, and the carbides convert into more stable
cementite. Any retained austenite may decompose during this stage. Continued tempering
then leads to the spheroidisation of carbides, extensive recovery of the dislocation struc-
ture, and finally to the recrystallisation of the ferrite plates into equiaxed grains.

The description presented above is idealised. Many of the reactions ascribed to stage 1
can occur during the formation of the martensite when the martensite-start temperature is
high, a phenomenon known as autotempering. Bainite forms at even higher temperatures
so autotempering becomes an unavoidable part of the transformation. The redistribution
of carbon from supersaturated ferrite into the residual austenite, and the precipitation of
carbides during the bainite reaction, occur rapidly and are genuine autotempering effects
(Fig. 4.1). The purpose of this Chapter is to deal primarily with the tempering effects

87



88 TEMPERING OF BAINITE

which occur when a bainitic microstructure is reheated; the in situ tempering phenomena
are described elsewhere in the text.
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Figure 4.1 The time scales associated with a variety of tempering phenomena for bainite.

The rate of change of the microstructure and properties during tempering is expected to
scale with the degree to which the virgin sample deviates from equilibrium. Bearing this
in mind, there are a number of essential differences between the tempering behaviour of
bainite and that of martensite.

Bainitic ferrite contains less carbon in solid solution since much of it is precipitated
as cementite particles which are coarse when compared with tempered martensitic mi-
crostructures. Secondary hardening reactions in alloy steels with a bainitic microstructure
are slower than with martensite, because the coarser cementite particles take longer to dis-
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solve (Woodhead and Quarrell, 1965). Secondary hardening involves the replacement of
metastable cementite with substitutional-solute rich alloy carbides.

When compared with martensite, bainite grows at relatively high temperatures where
the microstructure undergoes recovery during transformation. The extent of this recovery
is larger than would be associated with autotempered martensite. Consequently, when
low-carbon steel bainitic microstructures are annealed at temperatures as high as 700°C
(1h), there is only a slight increase in recovery, and little change in the morphology of the
ferrite platelets or the number density of the carbide particles (Irvine et al., 1957b; Bush
and Kelly, 1971).

Rapid softening occurs only when the plates of ferrite change into equiaxed ferrite.
Whether this change is due simply to grain growth or to recrystallisation has not been in-
vestigated. In the former case it is the excess surface energy which constitutes the driving
force, whereas during recrystallisation, it is the stored energy due to defects such as dislo-
cations or due to elastic strains in the lattice which provides the major component of the
driving force for the reaction. During the change to a more equiaxed microstructure, the
cementite spheroidises and coarsens considerably. Continued tempering then causes much
smaller changes in hardness with time.

In marked contrast with martensitic steels, small variations in the carbon concentration
(0.06-0.14 wt%) have little effect on the bainite tempering curve (Fig. 4.2). Carbon has a
potent solid solution strengthening effect. Thus, the strength of martensite drops sharply
as the carbon precipitates during tempering. For bainitic microstructures, the carbon is not
in solid solution but is precipitated as coarse carbides which contribute little to strength
(Irvine et al., 1957a,b). It is expected therefore that the tempering response of bainite is
insensitive to the average carbon concentration. Given these differences, it is not surprising
that nanoindentation data exhibit much more scatter with martensite than bainite (He et al.,
2014) since small variations in the carbon concentration in the martensite will lead to large
changes in hardness.
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4.2 Tempering Kinetics

There are now significant quantitative methods, including commercially available software,
for calculating the kinetics of tempering reactions for the purposes of designing alloys
or heat-treatments (Robson and Bhadeshia, 1997b,a; Kozeschnik and Buchmayr, 1999;
Olson, 2013). Fig. 4.2 illustrates an empirical method of expressing tempering data using a
time-temperature parameter, useful because it permits interpolation between experimental
data and a method of estimating the effect of anisothermal heat treatments that are common
in industrial practice.

The method has its origins in some pioneering work by Hollomon and Jaffe (1945),
who proposed that the effectiveness of an isothermal heat treatment should be related to
the product:

texp{—Q/RT} 4.1)

where () is an effective activation energy and the other terms have their usual meanings.
The product can be regarded as the integral of the curve of exp{—Q/RT '} versus time. To
estimate the period required to achieve the same metallurgical effect at another tempera-
ture simply involves the assumption that the product ¢ exp{—@Q/RT}, once evaluated, is
constant irrespective of temperature. The product is often called the kinetic strength of the
heat treatment and provides a rough method for combining the influence of time and tem-
perature. The concept is difficult to justify, especially in circumstances where the driving
force varies with temperature or where the mechanism of the metallurgical process alters
with temperature. The parameter and many related parameters have nevertheless been use-
ful in cases where rigorous solutions do not exist. Examples include the representation
of creep data, weld microstructure calculations (Alberry and Jones, 1977, 1979; Alberry
et al., 1983; Ashby and Easterling, 1982; Ashby, 1987), and the rationalisation of marten-
site tempering data (Hollomon and Jaffe, 1945). Irvine and Pickering have demonstrated
its utility in representing the hardness of tempered bainite.

4.3 Tempering of Steels Containing Austenite

The decomposition of retained austenite during the heat treatment of martensite in quenched
steels occurs during the second stage of the tempering process. Appreciable quantities of
retained austenite are usually only present in quenched steels which have carbon concen-
trations in excess of about 0.4 wt%. The conventional wisdom is that the austenite decom-
poses to bainite but it has been demonstrated that the decomposition occurs instead by a
reconstructive mechanism (Kennon and Burgess, 1978). On the other hand, there is clear
metallographic evidence that in very high carbon steel (Fe-1.9C-1.5Mn-1.6Si wt%), par-
tially transformed to martensite by cryogenic treatment, the large fraction of untransformed
austenite can be induced to form bainite by tempering at 400°C (Barbe et al., 2006). Bai-
nite did not form on tempering at 170°C, but the tempering time was too short (28 h) to
permit bainite to form at such a low temperature (Caballero and Bhadeshia, 2004).

In many bainitic steels, the alloy composition is chosen to avoid the retention of austen-
ite. However, large quantities of carbon-enriched austenite (') can be retained in silicon-
rich bainitic steels, in two forms: as thin films between the ferrite plates and as blocks
between different sheaves of bainite. Both are enriched in carbon but the films more so be-
cause of their isolation between plates of ferrite. The tempering sequence of such «y, + +'
mixtures can be summarised as follows and the experimental evidence for these reactions
follows in the subsequent sections:
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» Blocky austenite that is large enough to facilitate the development of the cooperative
growth of ferrite and cementite, i.e. pearlite, assuming that the temperature is high
enough to permit reconstructive diffusion, but low enough to be within the Hultgren
extrapolation region so that the austenite is supersaturated with respect to both ferrite
and cementite, decomposes as follows:

Qp + %Iﬂocky — ap + pearlite 4.2)

» Under the same circumstances, thin films of austenite tend to decompose into discrete
particles of cementite or other carbides, and ferrite in the same orientation as the
adjacent bainitic ferrite. The 6 and o may not precipitate at the same time:

ap 4+ Veiims — & + 0 + (4.3)

Because the film austenite is relatively rich in carbon, it is the first to precipitate ce-
mentite during tempering. Its volume fraction therefore decreases more rapidly than the
blocky austenite, Fig. 4.3. Therefore, although the films of austenite are more stable
to deformation-induced martensitic transformation than the coarser regions of austenite
(Bhadeshia and Edmonds, 1983b), they are less stable to tempering heat-treatments (Saha
Podder and Bhadeshia, 2010; Saha Podder et al., 2011).

When the steel is at a stage where the austenite has not been completely eliminated dur-
ing tempering, the precipitation of cementite and the resultant depletion of carbon makes
the austenite less stable to martensitic transformation if the material is cooled to ambient

temperature:
temper

cool
Y ——"+ 0+t ——— "+ 0+ + (4.4)

where the amount of austenite is reduced at each stage of the process; ” refers to austenite
that has a composition different from that of 7/. A corollary is that the retained austenite
measured at ambient temperature is less than that at the tempering temperature.
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Figure 4.3 Synchrotron X-ray analysis of Fe-0.39C-4.09Ni-2.05Si wt%, transformed isothermally
to a mixture of bainitic ferrite and retained austenite, cooled to ambient temperature and then
subjected to isothermal tempering. (a) Change in the amounts of blocky and film-type austenite
during tempering at 400 °C; (b) carbon content of retained austenite as a function of tempering time.
After Saha Podder et al. (2011).

It is possible to design bainitic steel in which the austenite survives without decompo-
sition during heating to temperatures of 600°C by adding a larger than normal concen-
tration of silicon and aluminium. An example of such an alloy is Fe-1C-2Mn-4Si-0.2Mo-
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1.4Al1 wt%, for which the evolution of retained austenite as a function of temperature during
heating at 5°Cmin~"! is shown in Fig. 4.4 (Hulme-Smith et al., 2013b).
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4.3.1 Redistribution of Substitutional Solutes

There is no partitioning of substitutional solutes during the bainite reaction, in spite of the
requirements of equilibrium (Chapter 2); it is worth emphasising that the lack of parti-
tioning is complete, in the sense that there is no segregation or desegregation at the «v, /7y
interface. However, given the opportunity, the solutes should tend to redistribute in a man-
ner which leads to a reduction in the overall free energy. It is found that when a mixture of
bainitic ferrite and austenite is tempered at low temperatures, the solutes partition before
the austenite begins to decompose. The partitioning is on a fine scale and can only be
detected using atomic resolution techniques. Fig. 4.5 illustrates one such experiment, in
which a mixture of bainitic ferrite and austenite was annealed at 328°C for 11 days. There
is clear evidence for the diffusion of manganese into the austenite at the interface, with a
corresponding depletion zone in the adjacent ferrite. Another case showing partitioning
when the bainite is deliberately tempered is illustrated in Fig. 4.6.

Table 4.1 summarises atom-probe data that show that although there is no partitioning
at all of substitutional solutes in freshly formed bainite (Chapter 2), tempering does lead to
slow changes over limited length scales.

Table4.1 Atom-probe data for substitutional solutes following the tempering of mixtures of bainitic
ferrite and carbon-enriched retained austenite.

Alloy (Wt%) Heat treatment Result Reference
Fe-0.43C-2.24Si- T~ — 328°C, 11 days 3 nm region in 7 at 7/« interface en-  Stark et al. (1990)
2.82Mn riched in Mn

Fe-0.98C-1.46Si- T, — 200°C, 6 days, tempered ~ No movement of substitutional solutes. ~ Caballero et al. (2008b)
1.89Mn-0.26Mo- 400 °C for 1 h

1.26Cr-0.09V

Fe-0.98C-1.46Si- T, — 200°C, 6 days, tem-  Slight enrichment over a distance of Caballero et al. (2008b)
1.89Mn-0.26Mo- pered 450 °C for 30 min 1 nm, of Cr, in vicinity of v/ inter-

1.26Cr-0.09V face. Some v decomposed.

Fe-0.98C-1.46Si- T, — 200°C, 6 days, tem- Enrichment of Mn and depletion of Cr  Caballero et al. (2008b)
1.89Mn-0.26Mo- pered 500 °C for 30 min and Siin 6 at cv, /6 interface over a dis-

1.26Cr-0.09V tance less than 20 nm nanometres.
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4.3.2 Decomposition of Austenite

When the carbon concentration in all the regions of untransformed austenite is larger than
or equal to that given by the T} curve, tempering can only induce further transformation
by a mechanism involving the diffusion of carbon. The austenite may decompose into a
mixture of ferrite and carbides if its carbon concentration exceeds that given by the extrap-
olated v/(v + carbide) phase boundary (Fig. 3.1b). The larger regions of austenite form
colonies of pearlite with a fine interlamellar spacing, whereas the films of austenite de-
compose into discrete particles of cementite in a matrix of ferrite (Fig. 4.7). The films are
too thin to permit the onset of the cooperative growth needed to establish a pearlite colony.
The T, (Fig. 3.1b) condition for carbide formation may not be satisfied when tempering at
high temperatures, in which case the austenite can transform to ferrite, although not by a
bainitic mechanism. Tempering at temperatures which are below Bg but above the original
isothermal transformation temperature can lead to the further transformation of austenite
into bainite (Kaputkin et al., 2003).

Tempering need not involve a separate heat-treatment. Microstructural changes can
occur when austenite is transformed isothermally to bainite, and then held at the trans-
formation temperature for longer than is necessary to complete the bainite reaction. For
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example, any residual austenite may decompose slowly as the microstructure attempts to
approach equilibrium. There is less bainite and more residual austenite at higher transfor-
mation temperatures; this combined with the greater atomic mobility at high temperatures
leads to the formation of pearlite colonies following the bainite reaction. Bhadeshia and
Edmonds (1979b) reported a case where transformation at a temperature close to Bg led
to the formation of upper bainite within a matter of minutes, to be followed some 30 h later
by pearlite; there are numerous similar observations (Jung et al., 1997, e.g.). Fig. 4.8 il-
lustrates, in another alloy, two different reconstructive reactions occurring after the bainite
stopped following 30 min at temperature. Continued holding at the isothermal transforma-
tion temperature for 43 days led to the decomposition of residual austenite at an incredibly
slow rate into two different products (Bhadeshia, 1981a, 1982b). The first of these is alloy
pearlite which nucleates at the austenite grain boundaries and develops as a separate trans-
formation. In the other, the original bainite/austenite interfaces move to produce epitaxial
growth by a reconstructive mechanism (Fig. 4.8). The interfaces degenerate into a series
of irregular perturbations. The ferrite in the perturbations has the same crystallographic
orientation as the original bainite — it is in fact contiguous with the bainitic ferrite. It grows
with the same substitutional solute content as the parent austenite but does not cause an
IPS shape change. It is incredible that the perturbations took 43 days to grow to a length
comparable to the thickness of the original bainite plates, which completed transformation
in a matter of seconds. Reconstructive growth is bound to be much slower than displacive
transformation at low homologous temperatures.
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Figure 4.7 The effect of tempering a mixture of bainitic ferrite and retained austenite, in a Fe-
3Mn-28Si-0.4C wt% alloy, at 500 °C for 60 min. The austenite is supersaturated with respect to the
precipitation of carbides. (a) The larger blocks of austenite tend to decompose into pearlite. (b)
Arrays of discrete carbide particles form between the sub-units of bainitic ferrite when the films of
austenite decompose. The microstructure prior to tempering consisted of just bainitic ferrite and
residual carbon-enriched austenite.

Similar observations of the epitaxial growth of ferrite and pearlite after the formation of
bainite in Fe-Ni-C alloys have been reported by (Ohmori et al., 2001).

4.3.3 Tempering of Nanostructured Bainite

Nanostructured bainite consists of an exceptionally fine mixture of bainitic ferrite plates
embedded in an equally fine matrix of carbon-enriched retained austenite (Chapter 14).
The steels appropriate for the generation of such structures has a high carbon concentra-
tion, typically 0.8-1 wt%, and this gives the structure an especially large resistance to tem-
pering. Fig. 4.9a shows that there is at first an increase in hardness, and that the hardness is
maintained until the tempering temperature exceeds some 500 °C. This is surprising at first
sight because the austenite is expected to decompose into a mixture of ferrite and carbides
at lower tempering temperatures.

Suppose the normalised hardness is defined as (H — Hyin)/(Hmax — Hmin), Where H,
Hynin and Hpy,,x are the hardness, fully softened hardness and hardness before tempering.
Fig. 4.9b then permits the comparison of the relative stabilities of the nanostructured bai-
nite and quenched and tempered high-silicon steels. The nanostructured bainite has a far
greater resistance to tempering than the tempered martensite, and compares well against
the secondary hardening steel.

The decomposition of the austenite leads to the observed initial increase in hardness
due to the precipitation of fine cementite; similar results have been reported by Chen et al.
(2014). The rich carbon concentration of the austenite (=~1.2 wt%) leads to the deposition
of a large number density of cementite precipitates precisely at the bainitic ferrite plate
boundaries, thus preventing the onset of coarsening or recrystallisation. Fig. 4.10 illus-
trates the intensity and position of the carbides. Tempering at 730 °C for 7 days does result
in a loss of hardness and general coarsening, but the scale of the microstructure remains
fine due to the pinning effect of the particles (Fig. 4.10d), and Fig. 4.11 shows that although
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Figure 4.8 The decomposition of residual austenite once the bainite reaction has stopped. (a)
Pearlite colonies; (b) ferrite growing epitaxially from bainite plates. In both cases, the transformation
mechanism is reconstructive and does not lead to surface relief.
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Figure4.9 Fe-0.98C-1.46Si-1.89Mn-1.26Cr-0.26Mo0-0.09V wt%. (a) Vickers hardness as function
of tempering temperature and time; the horizontal line represents virgin microstructure; (b)
comparison of temper resistance of nanostructured bainite with that of Fe-0.5C-1.3Si wt% quenched
and tempered martensitic steel, and a silicon-rich secondary hardening steel, Fe-0.34C-1.07Si-5.08Cr-
1.43Mo0-0.92V wt%. The tempering parameter is 7'(20 4 log ¢) where T is the absolute temperature
and ¢ the tempering time in hours.
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there is some precipitation from supersaturated oy, the majority comes from the decom-
position of the high-carbon retained austenite. Raising the tempering temperature above
730 °C does not help due to the onset of austenite formation (Hasan et al., 2012).

Figure 4.10  Fe-0.98C-1.468Si-1.89Mn-1.26Cr-0.26Mo0-0.09V wt% following transformation to
nanostructured bainite and tempering. (a) Untempered. (b) 550 °C, 30 min. (c) 600 °C, 1h.
(d) 730 °C, 7 days, (Garcia-Mateo et al., 2004).
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Figure 4.11 Size distribution of the carbides that precipitate on tempering nanostructured bainite
at 475 °C for 60 min. Data from Chen et al. (2014).

4.4 Coarsening of Cementite

Coarsening leads to a minimisation of the energy that is stored in a sample in the form of
interfaces. The rate equation for a coarsening process controlled by the diffusion of solute
through the matrix is given by (Greenwood, 1956; Lifshitz and Slyozov, 1961; Wagner,
1961):

7 -7 = (809°2% Dog V1) JORT (45)

where V9 is the molar volume of cementite, x*? is the concentration of carbon in ferrite
which is in equilibrium with cementite, 73 is the mean particle radius at time ¢ and 7 is the
mean particle radius at time zero, the moment when coarsening is defined to begin. o/
is the cementite-ferrite interface energy per unit area [~ 690 Jm~2, Li et al. (1966)] and
Dy is an effective diffusion coefficient for carbon in ferrite. Since there is little change in
precipitate volume fraction during coarsening, the diffusion of carbon is coupled to that of
iron in such a way that the total volume remains constant. D.g is then given by (Li et al.,
1966):

nFeD%eDg‘QFe [QFe + (nC/nFe)QC]

Degt =
¢ (nFeDg, O3,) + (R DENZ)

4.6)

where np. and nc are the numbers of iron or carbon atoms per unit volume of ferrite
respectively, D%, and D¢, are the respective diffusivities of iron and carbon in ferrite, Q p.
is the volume per atom of ferrite and {2¢ is the volume of a molecule of Fe3C less 3Qp..
It has been shown that equation 4.5 describes to a fair accuracy, the coarsening kinetics
of cementite during the tempering of both upper and lower bainite in a Fe-0.67C-0.73Mn-
0.27Si wt% commercial steel (Deep and Williams, 1975). The agreement with theory is
best for the higher tempering temperatures, with an underestimation of the coarsening rate
at lower temperatures. This discrepancy has been attributed to grain boundary diffusion
contributing more to the net flux at low temperatures.

In fact, the microstructures of both tempered martensite and bainite contain two kinds of
cementite particles, those located at the lath boundaries and a finer distribution within the
laths. In upper bainite the cementite is located only at the lath boundaries. Fig. 4.12 shows
experimental data on the coarsening of cementite during the tempering of a medium carbon



SECONDARY HARDENING AND THE PRECIPITATION OF ALLOY CARBIDES 99

steel. The upper bound of each shaded region represents the lath-boundary cementite,
the lower bound the intra-lath cementite. The bainitic microstructure is coarse to begin
with because of the tempering inherent in the formation of bainite. With martensite the
tempering induces the precipitation of cementite, with considerable intra-lath cementite
and a larger overall number density of particles. Therefore, the coarsening rate is much
larger for martensite; the bainitic microstructure shows greater stability to tempering. A
consequence is that the matrix microstructure remains fine over a longer time period for
bainite than for martensite.
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Figure4.12 Changes in the size of cementite particles as a function of the tempering time at 700 °C,
with different starting microstructures. The upper bound of each shaded region represents the mean
size of particles located at lath boundaries. The lower bound corresponds to particles within the
laths. The data are for a Fe-0.45C-0.22Si-0.62Mn wt% steel; the bainite was produced by isothermal
transformation at 380 °C. After Nam (1999).

A model that deals with the coarsening of cementite under conditions where both grain
boundary and lattice diffusion are important has been presented by Venugopalan and Kirkaldy
(1977). Tt takes account of the simultaneous coarsening of carbide particles and ferrite
grains, allows for the multicomponent nature of alloy steels and works remarkably well in
predicting the mean particle size, ferrite grain size and strength of tempered martensite; it
has yet to be applied to bainite.

Elementary coarsening theory suggests that the time-independent particle size distri-
bution, normalised relative to the mean particle radius, should be skewed towards large
particles, with a sharp cut off at a normalised radius of 1.5. However, measured distri-
butions for cementite in bainite do not fit this behaviour, the distributions instead being
skewed towards smaller particle sizes. Deep and Williams point out that this behaviour is
also found for cementite in tempered martensite.

4.5 Secondary Hardening and the Precipitation of Alloy Carbides

Secondary hardening is usually identified with the tempering of martensite in steels con-
taining strong carbide forming elements like Cr, V, Mo and Nb. The formation of these
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alloy carbides necessitates the long-range diffusion of substitutional atoms and their pre-
cipitation is consequently sluggish. Carbides like cementite therefore have a kinetic advan-
tage even though they may be metastable. Tempering at first causes a decrease in hardness
as cementite precipitates at the expense of carbon in solid solution, but the hardness be-
gins to increase again as the alloy carbides form. Hence the term secondary hardening.
Coarsening eventually causes a decrease in hardness at long tempering times so that the
net hardness versus time curve shows a secondary hardening peak.

There is no reason to suspect that the secondary hardening of bainite should be partic-
ularly different from that of martensite. Early work did not reveal any pronounced peaks
in the tempering curves for bainite, perhaps because of the low molybdenum concentra-
tion in the steels used (Irvine et al., 1957b). The peaks were subsequently found during
the tempering of a vanadium containing bainitic steel but not for Cr or Mo containing
bainitic steels, Fig. 4.13. An unexplained observation was that for the Mo containing
steels, the carbide formed on tempering bainite is initially cementite, which then trans-
forms to (Fe, Mo)23Cg, whereas on tempering martensite in the same steels the ultimate
carbides are found to be Mo,C.

500 T T T T T
Fe-0.14C-0.8Mn-1Cr-0.5M0-0.29V-B wt%

[2} 3 -
@ 400 Figure 413 Secondary
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> 200f 1 Irvine et al. (1957a).
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Later work revealed clear evidence of secondary hardening in low carbon bainitic steels
containing up to 2.95 wt% Mo, 2.12 wt% Cr and also in vanadium containing bainitic
steels (Baker and Nutting, 1959; Irvine et al., 1957a). Whether or not peaks are observed
in the tempering curves, the data are all consistent with secondary hardening because the
tempering resistance is improved relative to plain carbon steels.

It would be interesting to see whether it is possible to design a steel in which the bainite
secondary hardens as it forms. The Bg temperature would have to be around 650°C and
the alloy would have to be engineered to avoid interference from other transformation
products. In a microalloyed steel, minute particles of Nb(C,N) have indeed been found to
form during bainitic transformation at about 600°C (Park et al., 2007).

4.6 Changes in the Composition of Cementite

The cementite that precipitates from austenite during the course of the bainite reaction has
the same substitutional to iron atom ratio as the austenite, i.e. there is no partitioning of the
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substitutional solutes. Its composition is therefore far from equilibrium. Tempering helps
the cementite to approach its equilibrium composition by the diffusion of solutes from the
ferrite into the cementite.

Most of the chemical data on cementite composition changes during tempering have
been obtained using either direct chemical analysis of extracted carbides, or energy disper-
sive X-ray analysis techniques associated with transmission electron microscopy. These
techniques are not well suited for the analysis of carbon or nitrogen concentrations. These
two elements can mix to form carbo-nitrides. Thus, atom-probe field ion microscopy
has shown that MsC carbides found in tempered bainite have an average composition
[Cro.41Mog.59]2[Co.906No.04] (Josefsson et al., 1987; Josefsson and Andrén, 1989). In the
discussion that follows, we shall neglect to consider the carbon and nitrogen, for which
there are few data.

Some of the first results on the tempering of bainite were obtained by Baker and Nutting
(1959) for a commercial steel with a chemical composition Fe-0.15C-2.12Cr-0.94Mo wt%.
The cementite was found to become richer in Cr, Mo and Mn, the degree of enrichment
being highest for Cr, with its concentration eventually reaching some 20 wt% (Fig. 4.14).

(b) (c)

Figure 4.14  The concentrations of Cr, Mn, and Mo in extracted carbides, as a function of the
tempering time and temperature, for a steel with initial microstructure which is bainitic (Baker and
Nutting, 1959).

The enrichment of cementite decreases as alloy carbide formation begins, until the ce-
mentite eventually starts to dissolve (Fig. 4.15). This is expected since a dissolving particle
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of cementite will contain a chromium depleted zone near the moving ferrite/austenite in-
terface.
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4.6.1 Remanent Life Prediction

The study of changes in the chemical composition of carbides during the tempering of
bainite is of commercial importance. Where creep resistant bainitic steels are in service at
elevated temperatures over long time periods (30 years), it is important for safety reasons
to know accurately, the time-temperature history of the steel at any stage during service.
The thermal history of the steel can be related to the amount of creep life remaining in that
steel before the accumulated damage becomes intolerable. This remaining creep life is in
the power generation industry called the remanent life (Bhadeshia et al., 1998).

The accurate estimation of remanent life permits the safe use of existing power plant
beyond its original design life. The method can also help anticipate plant closures or it can
facilitate the timely replacement of components. Power plant temperatures fluctuate and
are difficult to record over long periods of time and for the large number of components
involved (Fig. 4.16). Life assessment therefore has to be made on a conservative basis,
which leads to expense due to premature closure of plant which has not exhausted its safe
life. Any method which gives an accurate measure of the thermal history experienced
by the steel during service can lead to savings by enabling more accurate assessments of
the remaining creep life. At first sight, the obvious thing to do would be to monitor the
temperature everywhere using strategically located thermocouples, but this is impractical
over the large time span involved and in the harsh environment of the power station.

The microstructure of the steel, and especially the chemical composition of the cemen-
tite, changes during service. These changes can be exploited to assess the effective thermal
history experienced by the steel since its implementation. The microstructure is in this
context a recorder of time and temperature; for example, the cementite particles in the
steel can be monitored by removing a few using extraction replicas. Their compositions
can then be measured using a microanalysis technique to determine the extent of enrich-
ment and hence an estimate of the effective service temperature. The interpretation and
extrapolation of such data relies on the existence of theory capable of relating the cemen-
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Figure 4.16 Illustration of the
variation in the temperature at
different locations on a particular
component (“reheater drum") of a
500 MW power station (Cane and
Townsend, 1984).
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tite composition to heat treatment. Such theory is discussed in a later section, after an
introduction to the published work.

The use of cementite composition for thermal history assessment was first applied to
the cementite in pearlite, where it was found empirically that the Cr and Mn concentrations
varied with ¢ 7 , where ¢ is the time at tempering temperature (Carruthers and Collins, 1981).
We shall see later that a ¢ relationship can be justified theoretically.

Afrouz et al. (1983) reported similar results on a bainitic steel. The alloy was nor-
malised to give a microstructure of allotriomorphic ferrite and 20% bainite, was then tem-
pered in an unspecified way, and held at 565°C for 70,000 h at a stress of ~17 MPa. This
service-exposed material was then examined after further tempering at 550°C for a range of
time periods. As expected, the chromium and manganese concentrations of the cementite
(M3C) increased with time, the manganese possibly showing signs of saturation during
the later stages of ageing, and the data for molybdenum exhibiting considerable scatter
(Fig. 4.17).

Afrouz et al. also austenitised the service-exposed material so that after oil-quenching,
a fresh fully bainitic microstructure was obtained; it is likely that both upper and lower
bainite were present. This was then tempered at 693°C for an hour to give coarse M3C
particles at the lath boundaries and within the bainite, and subsequently held at 550°C for
a variety of time periods. The change in M3C composition was monitored during the latter
tempering treatment (Fig. 4.17). The starting composition of the carbide is naturally leaner
than that of the service-exposed material and the rate of enrichment was found to be higher
for the reheat-treated samples (Fig. 4.17).

4.6.2 Theory for Carbide Enrichment

The process by which carbide particles enrich during tempering has been analysed theo-
retically (Bhadeshia, 1989). The method is similar to the one employed in determining
the time required to decarburise supersaturated plates of ferrite, as discussed in detail in
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Figure4.17 Measured changes in the chemical composition of cementite particles as a function of
the square root of time, during ageing at 550 °C. The steel composition is Fe-0.1C-0.24Si-0.48Mn-
0.84Cr-0.48Mo wt%. The data have been replotted against t7 instead of £ 3 used in the original work.
(a) Tempered at 550 °C following service at 565 °C for 70000 h. (b) Heat treated to give a fully
bainitic microstructure, stress-relieved at 693 °C for one hour and then tempered at 550 °C for the
periods illustrated. Data from Afrouz et al. (1983). (c) Finite difference calculations showing that
the enrichment process will inevitably show deviations from the parabolic law at long ageing times

(Bhadeshia, 1989).
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Chapter 6. The rate of cementite composition change is indicated by:

S k) il i) 4.7)
4D3 (,T?@ - fi)

where . is the time required for the carbide to reach a concentration x; (the subscript rep-
resents a substitutional solute), and zy is the thickness of the cementite plate (Fig. 4.18a).
D is the diffusion coefficient for the solute in the matrix (assumed to be identical to the
corresponding diffusivity in the particle) and z&? is the concentration of the substitutional
solute in the ferrite which is in equilibrium with the cementite. An important outcome is
that the carbide composition should depend on its size (Fig. 4.18b).

The time dependence of concentration is found to be ¢ rather than the ¢3 which has
been assumed in the past. The analysis neglects the overlap of the diffusion fields of
different particles, an effect which is inevitable during long term heat treatment. It also
neglects diffusion within the carbide, an assumption which needs to be justified given that
high-resolution microanalysis reveals gradients within the carbide during the early stages
of tempering (Kaneko et al., 2003). Both of these difficulties can be tackled using finite
difference methods, which show that the time exponent must vary with time, since the
boundary conditions for the diffusion process change with the onset of soft impingement
(Fig. 4.17c¢).
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Figure 4.18 (a) Solute concentration profile that develops during enrichment of cementite. ¢

is the concentration in cementite which is in equilibrium with ferrite. (b) Size dependence of the
cementite chemical composition for particles extracted from a bainitic microstructure aged for 4
weeks at 565 °C (Wilson, 1991). Detailed analysis shows that the scatter in the data is a consequence
of the microanalysis technique. The increase in Mn content is relative to the concentration at the
point where the microstructure was first produced.

4.6.3 Effect of Carbon on Carbide Enrichment

There are two effects that depend on the carbon concentration of the steel. The ternary
Fe-Cr-C phase diagram on the M3C/« field shows that an increase in the carbon concen-
tration is accompanied by a decrease in the equilibrium concentration of chromium in the
carbide. Thus, the carbide enrichment rate is expected to decrease. A further effect is that
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the volume fraction of cementite increases, in general leading to an increase in particle
thickness. The thickness increase retards the rate of enrichment (equation 4.7). If the
carbide particles are closer to each other then soft-impingement occurs at an earlier stage,
giving a slower enrichment at the later stages of annealing.

Local variations in carbon concentration may have a similar effect to changes in average
concentration. Such variations can be present through solidification induced segregation,
or because of microstructural variations caused by differences in cooling rates in thick sec-
tions. It is well known that the microstructure near the component surface can be fully
bainitic with the core containing a large amount of allotriomorphic ferrite in addition to
bainite. In the latter case the bainite which grows after the allotriomorphic ferrite, trans-
forms from high carbon austenite. The associated carbides are then found to enrich at a
slower rate (Fig. 4.19). This discussion emphasises the role of carbon.

20 T T :
bainitic
2 microstructure
T a5F ;
& Figure 4.19  21CriMo steel,
5 \ cementite  enrichment in a
T | : | fully bainitic microstructure
£ 10 mixed . )
c . i t and one which is a mixture
Ec'g microstructure of allotriomorphic ferrite and
S | | bainite (Thomson and Bhadeshia,
o S 1994a.b).
(]
0 A ) ;
0 50 100 150 200

Time at 565 °C / h

4.7 Low-Temperature Tempering of Mixed Microstructures

The production of carbide-free bainitic steels now pervades significant sectors of the steel
industry, with applications ranging from automotive alloys to large and strong bolts. Be-
cause of the incomplete reaction phenomenon, such steels often contain quantities of
martensite which inherits the composition of the high-carbon residual austenite left after
the bainite reaction stops. This martensite will tend to be brittle. If it cannot be avoided in
the microstructure then tempering the steel in the vicinity of 300°C helps to reduce the car-
bon in solid solution in the martensite, and consequently to improve the toughness. Thus,
Goa et al. (2007) tempered their bainitic steels in this way to obtain remarkable Charpy
V-notch toughness values in the range 128-13517 for steels in which the ultimate tensile
strength was about 1500 MPa.

4.8 Sequence of Alloy Carbide Precipitation

Cementite is not the equilibrium carbide in many bainitic alloy steels, but it is nevertheless
kinetically favoured because its growth mechanism does not require the long-range diffu-
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sion of substitutional solutes. The equilibrium combination of phases naturally depends on
the steel composition. Alloy carbides become vital in steels where the resistance to creep
deformation is of paramount importance; they obviously play a role in secondary hard-
ened steels for use at ambient temperatures but such alloys tend to be martensitic rather
than bainitic. Fig. 4.20 shows the equilibrium phases to be found in creep-resistant steels.
Mao3Cg, M2 X and small fractions of carbonitrides are the equilibrium precipitates in the
first two alloys which are generally used in the bainitic or partly bainitic microstructures.
The other higher alloy steels are martensitic and are susceptible to the formation of Laves
phases (intermetallic compounds). It is interesting that cementite is not an equilibrium
phase in any of the alloys illustrated.

0.06
| MaoX O M23Ce Laves
0.05 1 .
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0.04 1
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o |
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1CrMoV
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Figure 4.20  Equilibrium fractions of carbides at 565 °C (838 K) in some common power plant
steels, the first two of which frequently are bainitic. The remaining alloys are essentially martensitic.
The detailed chemical compositions are given in Table 12.5. Small fractions of vanadium and niobium
carbonitrides are are present in some steels but are not shown. Thus, the modified 9Cr1Mo contains
0.0009 NbN and 0.003 VN, the 9CrMoWYV steel contains 0.0008 NbN and 0.0032 VN.

The approach to equilibrium can be slow, especially when the tempering temperature
is less than 600°C. The change from cementite to the equilibrium carbide may occur via a
number of other transition carbides. Baker and Nutting (1959) showed that during the tem-
pering of bainite Fe-2.12Cr-0.94Mo-0.15C wt%, the first alloy carbide to form is MoC,'
needles of which precipitate independently of the cementite (Fig. 4.21). Later work has
shown that the M5C contains substantial amounts of other elements; it is better repre-
sented as MaC (Woodhead and Quarrell, 1965; Murphy and Branch, 1971). This applies
to virtually all the alloy carbides in multicomponent steels.

M7Cs5 starts to form soon after the precipitation of MyC, perhaps at the interface be-
tween the Cr-enriched cementite and ferrite. MsC then begins to dissolve, giving way to
Ma23Cg. Both Mo3Cg and M;Cg are at high temperatures, completely or partly replaced
by the equilibrium carbide MgC.

1M’ refers to a mixture of metal atoms
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Figure 421  An updated version of the classic Baker-Nutting carbide stability diagram for a
21CrlMo steel. After Nutting (1998).

With the exception of My C, new transition carbides seem to precipitate in association
with preexisting carbides. The sequence of changes in Fe-2.12Cr-0.94Mo-0.15C wt% can
be summarised as follows:

60— 0 + MQC — M2306 — Mgc (48)
!
M7C3 — MGC

Extremely long tempering experiments (some 200,000h in the temperature range 520-
560°C) confirm that MgC is the most stable precipitate. The equilibrium fraction of MgC
increases at the expense of Ma3Cg as the carbon concentration is reduced.

A different sequence has been reported by Pilling and Ridley (1982) for lower carbon
Fe-Cr-Mo-C alloys containing lower carbon concentrations (0.018-0.09 wt%) which illus-
trates the sensitivity of the microstructure to the precise chemical composition:

0 — MsC — M;C3 + Mo3Cg — M,Cs + MgC “4.9)

Yu (1989) has shown that an increase in the silicon concentration to about 0.6 wt% sta-
bilises MgC (which is absent in silicon-free 2%Cr1Mo steels) since silicon has a relatively
high solubility in that carbide. It was also found to accelerate the precipitation of M2C;
Tsai and Yang (2003) demonstrated the same effect in modified Q%CrlMo (Table 12.5)
which contains a negligible silicon concentration:

e+60—-60—0+M;C3 — 0+ M;Cs+ MyC (4.10)
————
5h 50h
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These data are for tempering at 700°C; a comparison with ordinary 2%01‘11\/[0 (Fig. 4.21)
shows that the precipitation of M2 C has been greatly delayed in the modified alloy. Indeed,
the M2 C only forms after M7C3, whereas the latter forms after M C in the ordinary alloy.

An increase in the manganese concentration from 0 to 0.8 wt% was found to accelerate
M~Cj3 precipitation (Yu, 1989). Enhanced chromium concentrations are known to accel-
erate the formation of My3Cg and this influences the sensitivity of the microstructure to
severe hydrogen attack (Ritchie et al., 1984; Spencer et al., 1989).

Some of these detailed kinetic effects of the average composition of the steel on the pre-
cipitation processes can now be predicted theoretically (Robson and Bhadeshia, 1997b.a).
The compositions of three steels used for illustration are given in Table 4.2. These three al-
loys, whilst of quite different chemical compositions, show similar precipitation sequences
but on vastly different time scales. For example, at 600°C the time taken before Ma3Cg is
observed is 1 h in the 10CrMoV steel, 10 h in the 3Cr1.5Mo alloy and in excess of 1000 h
in the 2%Cr1Mo steel.

Table 4.2 Concentration (in wt%) of the major alloying elements in the steels used to demonstrate
the model.

C N Mn Cr Mo Ni v Nb

QiCrlMo 0.15 - 050 2.12 09 017 - -
3Cr1.5Mo 0.1 - 1.0 3.0 1.5 0.1 0.1 -
10CrMoV ~ 0.11 0056 050 1022 142 055 020 0.50

A plot showing the predicted variation of volume fraction of each precipitate as a func-
tion of time at 600°C is shown in Fig. 4.22. Consistent with experiments, the precipitation
kinetics of Mo3Cg are predicted to be much slower in the 2%Cr1Mo steel compared to the
10CrMoV and 3Crl.5Mo alloys. One contributing factor is that in the 2%CrlMo steel a
relatively large volume fraction of My X and M7Cj3 forms prior to Mo3Cg. These carbides
deplete the matrix and therefore suppress Ma3Cg precipitation. The volume fraction of
Ms,X which forms in the 10CrMoV steel is relatively small, and there remains a consid-
erable excess of solute in the matrix, allowing Ms3Cg to precipitate rapidly. Similarly, in
the 3Cr1.5Mo steel the volume fractions of M3X and M7Cj3 are insufficient to suppress
May3Cg precipitation to the same extent as in the 2%Cr1Mo steel.

Phase equilibrium is, of course, a function of temperature as well as the chemical com-
position. Precipitation sequences may therefore change with the temperature. In a Fe-
1Cr-1Mo-0.75V-(B, Ti) wt% bainitic steel Collins (1989) showed that tempering led to the
formation of TiC and V4Cs, both of which also contained molybdenum. The V4C3 nucle-
ates on TiC particles which form first. The TiC then converts in sifu into molybdenum-rich
My C precipitates. At 600°C the stability of the carbides is in the following sequence

M,C > V,C5 > TiC @.11)

whereas at higher temperatures the V,Cs is more stable than MsC. The dependence on
temperature is important because creep tests are often accelerated by raising the test tem-
perature but the carbide structure at the higher temperature may be different, making the
accelerated test unrepresentative.
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Figure4.22 The predicted evolution of precipitate volume fractions at 600 °C for three power plant
materials (a) 2 %CrlMo (b) 3Cr1.5Mo and (c) 10CrMoV. After Robson and Bhadeshia (1997b,a)
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4.8.1 Effect of Starting Microstructure on Tempering Reactions

There are no major differences in the alloy carbide precipitation reactions when the mi-
crostructure is changed from martensite to bainite (Baker and Nutting, 1959). If allotri-
omorphic ferrite is present in the microstructure then it may already contain alloy carbides
which precipitate during the diffusional growth of the ferrite itself. In the 2%Cr1Mo steel
M, C precipitates present within the allotriomorphic ferrite dissolve during tempering to
be replaced by Mo3Cg and Mg C particles (Baker and Nutting, 1959; Parameswaran et al.,
2002). By contrast, alloy carbides do not form during the growth of any of the displacive
transformation products, including bainite and martensite.

The distribution and type of precipitates are also influenced by the microstructure (Lee
et al., 1989). Thus, in a 1Cr%Mo steel, Mo C forms the main precipitate within tempered
bainite plates whereas mixtures of cementite, MoC, M7C3 and My3Cg are found at the bai-
nite plate boundaries. The boundaries are not only more effective heterogeneous nucleation
sites but the cementite particles located there are sources of carbon for the precipitation of
alloy carbides. Differences of this kind have also been observed during the tempering of a
variety of microstructures in Q%CrlMo steel tempered at 700°C (Tsai and Yang, 2003):

At bainite lath boundaries:
e—60—60+M;C3 — M;C3 — My3Cg
Inside bainite laths:
e+6+M;C3 — 0+ M;Cs — M7C3 — MyC + Ma3Cg
At martensite lath boundaries:
e+6—0+M;C3 — Ma3Cs
Inside martensite laths:
e+0—0—60+M;C3 — M;Cs3 — MaC + M7C3 4+ Ma3Cg

There are important two observations to be made from these results. Firstly, M2C pre-
cipitates dominate within the laths, showing no preference for the lath boundaries. This
is because M5 C is rich in molybdenum, which is present in low concentrations in all the
other carbides. Much of the molybdenum therefore comes from solution in the matrix,
making it advantageous to form a uniform dispersion. Secondly, the formation of alloy
carbides in bainite is more rapid than in martensite. This might be expected from the
higher transformation temperature, the microstructure in effect being partly tempered dur-
ing transformation.

Any differences in the number density or distribution of nucleation sites will cause
changes in the kinetics of precipitation reactions. The equilibrium carbide MgC forms
more rapidly in bainite than in pearlite or allotriomorphic ferrite (Lee et al., 1989).

4.9 Changes in the Composition of Alloy Carbides

Alloy carbides cannot form without the long-range diffusion of substitutional solutes.
Given this necessary diffusion, it is not surprising that their compositions are at all times
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close to equilibrium. Small changes can be induced by one or more of the following phe-
nomena:

(i) The equilibrium chemical composition of particles with curved interfaces is depen-
dent on the radius of curvature via the Gibbs-Thompson effect.

(i) The phase rule allows greater degrees of freedom in steels containing one or more
substitutional solutes. Thus, the tie-line controlling the equilibrium composition of
the carbide may shift during the precipitation reaction, either as the solute content of
the matrix is depleted or as other phases precipitate (Fujita and Bhadeshia, 1999).

(iii) Carbides adjust to a new equilibrium when the tempering temperature is changed
(Strang et al., 1999). It is common in industrial practice to use multiple tempering
heat-treatments.

4.10 Precipitate-free Zones

In steels, precipitates nucleate most readily at the prior austenite grain boundaries and their
growth depletes solute leading to the formation of a precipitate free-zone parallel to the
grain surfaces. Intragranular precipitates are more difficult to nucleate and hence are finer
than the grain boundary precipitates at any stage of tempering.

Prolonged tempering leads to a coarsening reaction in which the grain boundary pre-
cipitates grow larger whereas those within the grains dissolve. As a consequence, the
precipitate-free zone becomes larger during tempering. Fig. 4.23 illustrates how the thick-
ness apparently increases with increasing vigour with the time in service (Mitchell and
Ball, 2001); the observed trend is surprising since the rate of thickening ought to decrease
with prolonged annealing. This is because the distance over which matter must be trans-
ported to the grain boundary precipitates becomes greater as the size of the precipitate-free
zone increases; elementary diffusion theory therefore indicates that the thickness should
vary with t2.

The importance of the precipitate-free zones in controlling the creep properties of tem-
pered martensitic steels has been emphasised in recent work by Kimura et al. (1997). It is
often observed in isothermal plots of creep rupture stress versus time that the stress abruptly
decreases after many thousands of hours in service. This undesirable behaviour has been
attributed to the onset of localised recrystallisation of the martensitic microstructure in the
precipitate-free regions at the austenite grain boundaries.
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Figure 423 Width of M2C denuded zone in a Z%CrlMo steel as a function of service at a
temperature in the range 520-560°C. After (Mitchell and Ball, 2001).

4.11 Precipitation Hardening with Copper

The interaction between a particle and a dislocation can be defined as ‘hard’ or ‘soft’
depending on whether the dislocation can cut through the particle. A hard interaction is
one in which the dislocation bends around the particle through an angle § = 7 /2 (Fig.4.24)
and leaves behind an Orowan loop as it frees itself from the particle. With soft interactions
the degree of bending before the dislocation cuts through the precipitate is much less than
7 /2; there is no debris left behind as the dislocation breaks away from the particle.

T T

Figure 424 A dislocation bowing between two particles. 7' is the dislocation line-tension and 6 is
the angle through which the dislocation bows.

Unlike carbides or oxides, copper is regarded as a soft precipitate in iron; it strengthens
the iron by about 40 MPa per wt% but does not cause a decrease in toughness. Coarser
particles of copper are less coherent with the matrix; the critical value of # at which the
dislocation cuts through copper precipitates therefore depends on their size, becoming 7 /2
when the particles are about 80 nm diameter (Nakashima et al., 2002).
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Copper-bearing low-carbon steels with a mixed microstructure of ferrite and pearlite are
used in heavy engineering applications which demand a combination of strength, toughness
and weldability. The same low carbon steels can be transformed to carbide-free bainite,
with thin films of retained austenite between the bainite plates (Thompson et al., 1988).
Fine particles of copper can be induced to precipitate in the bainitic ferrite and to contribute
to the overall strength.

The precipitation of copper occurs from supersaturated bainite either as a consequence
of autotempering or when the steel is deliberately tempered (Fourlaris et al., 1996). Thus,
no precipitation could be detected following the transformation of some experimental Cu-
rich steels in the range 200-400 °C, either in the bainitic ferrite or in its associated cemen-
tite. Subsequent tempering at 550 °C resulted in fine copper precipitates in both the ferrite
and cementite phases (Fig. 4.25). Copper, which is a substitutional solute, is not in this
respect different from any secondary hardening element in steels.

Figure 4.25 Copper precipitation in bainite obtained by isothermal transformation at 350 °C for 65
minutes, followed by tempering at 550 °C for many hours (Fourlaris et al., 1996). (a,b) Bright field
transmission electron micrograph and corresponding dark field image showing copper precipitation in
tempered bainitic ferrite. (c,d) Bright field and corresponding dark field image of copper precipitates
in the cementite associated with bainite.

The question arises as to whether copper precipitation can be induced in the bainite
during continuous cooling to ambient temperature. This would require a very high bainite
transformation temperature, higher than 550°C where substitutional atoms can be mo-
bile. Hase et al. (1999) studied an alloy with the composition Fe-0.009C-0.26Si-1.99Mn-
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2Cu wt% with the microstructure generated during continuous cooling transformation.
Fig. 4.26 shows that copper precipitation does not occur in the cooling rate range which
leads to the formation of bainitic ferrite, but only at slower cooling rates associated with
other transformation products which form at higher temperatures.
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A potential difficulty in quenched and tempered copper precipitation strengthened steels
is their tendency to crack during stress-relief heat treatments following welding (Wilson
and Gladman, 1988). Although the steels are immune to cold cracking, the copper particles
are taken into solution in the heat-affected zone during welding. The stress-relief heat
treatment then causes precipitation which hinders the annealing of residual stresses.

4.12 Summary

There are important differences in the tempering behaviour of bainite and martensite be-
cause the former autotempers during transformation. Much of the carbon precipitates or
partitions from the ferrite during the bainite reaction. Since Bs > Mg, the extent of au-
totempering is greatest for bainite, which consequently is less sensitive to additional tem-
pering heat-treatments. The decrease in strength on tempering bainite is smaller because,
unlike martensite, there is in general little carbon left in solid solution. Major changes in
strength occur only when the microstructure coarsens or with the onset of recrystallisa-
tion where equiaxed grains of ferrite replace the bainite plates. Minor changes in strength
are due to cementite particle coarsening and a general recovery of the dislocation substruc-
ture. Bainitic steels containing strong carbide forming elements show secondary hardening
similar to martensitic steels. In most cases, new carbides nucleate on existing metastable
carbides, with the exception of MyC which forms in isolation on dislocations.

In the context of thermal stability, films of austenite are less stable than larger blocks.
Because the films contain relatively more carbon, they precipitate cementite more readily
during tempering. This precipitation can be retarded, and hence the thermal stability of the
austenite improved, by enhancing the silicon concentration of the steel.






CHAPTER 5

THERMODYNAMICS

5.1 Deviations from Equilibrium

Equilibrium is said to exist in a system when it reaches a state in which no further change
is perceptible, no matter how long one waits (Pippard, 1981). This could happen if the
system sinks into a very deep free energy minimum. Whether this represents the lowest
free energy state, it is impossible to say, and a question more of philosophy than of practical
consequence. It is more appropriate to refer to the state of metastable equilibrium, which
represents a local minimum in free energy but does not exclude the existence of other
deeper minima. The laws governing metastable equilibria are exactly identical to those
dealing with equilibrium so this procedure has no obvious difficulties.

A bainitic microstructure is far from equilibrium. The free energy change accompany-
ing the formation of bainite in an Fe-0.1C wt% alloy at 540°C is —580 J mol~!, whereas
that for the formation of an equilibrium mixture of allotriomorphic ferrite and austenite
at the same temperature is —1050 .J mol~!. Consequently, the excess energy of bainite is
some 470 J mol ! relative to allotriomorphic ferrite, equivalent to about 0.04 in units of
RT);, where R is the gas constant and T, the absolute melting-temperature. This is about
an order of magnitude larger than the stored energy of a severely deformed pure metal. It
is small, however, when compared against highly metastable materials such as rapidly-
quenched liquids which solidify as supersaturated solutions, or multilayered structures
containing a large density of interfaces (Table 5.1). Thus, bainitic steels can be welded
whereas all the other materials listed with higher stored energies would not survive the
welding process.

117
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Table 5.1 Excess energies of metastable materials; adapted from Turnbull (1981).

Example Excess energy R1Tn
Highly supersaturated solution 1
Amorphous solid 05
Artificial multilayers 0.1

Bainite 0.04
Cold-deformed metal 0.003

The concepts of equilibrium, metastable equilibrium and indeed, constrained equilib-
rium, remain useful in spite of the large excess energies. For bainite, we shall apply them
in the interpretation of the mechanism of transformation and obtain results which are of
very great importance in the design of modern steels.

5.2 Chemical Potential

Pure iron can exist in many allotropic forms including ferrite («) and austenite (). These
two phases can be said to be in equilibrium when their molar Gibbs free energies are
identical,

G =Gy, (5.1
There is then no net tendency for atoms to transfer from one allotrope to the other, because
the free energy of the iron atom in « is precisely equal to that in .

Similarly, for an iron-carbon solid solution, equilibrium is when there is no net tendency
for either iron or carbon atoms to transfer between ferrite and austenite, even though the
two phases may differ in composition. That is, the free energy of a carbon (or iron) atom
must be identical in ferrite and in austenite at equilibrium. It is no longer the case that the
ferrite and austenite have identical free energies at equilibrium.

It therefore becomes useful when considering the thermodynamics of solid solutions
to partition the free energy of a phase into parts which are attributed to the individual
components. This leads to the concept of a chemical potential. The molar Gibbs free
energy of a binary solution can be written as a weighted average of its components A and
B:

Gm = Tapa +TBUB (5.2)

where p; is the chemical potential of element i in a solution where its concentration is ;.
This equation is represented graphically in Fig. 5.1, from which it can be seen that the
chemical potential ;14 of A can be interpreted simply to represent the average free energy
of a mole of A atoms in a solution of composition x 4.

Equilibrium is said to exist between homogeneous phases when the chemical potential
w; of each component ¢ is the same in all the phases present:

wl = pd forall . (5.3)

This is illustrated in Fig. 5.2, which shows that the equilibrium compositions %7 and 27
of ferrite and austenite respectively, can be determined by constructing a tangent which is
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Figure 5.1 The chemical potentials ;14 and pp for components A and B respectively, in a solution
containing a mole fraction = of B and 1 — x of A. The potentials are given by the intercepts on the
vertical axes of the tangent drawn at « to the curve representing the solution free energy. 1% and p%
are the molar Gibbs free energies of pure A and B respectively.

common to both the free energy curves. The intercept of the tangent with the vertical axes
gives the chemical potentials, which are identical for each species whatever the phase, by
virtue of the fact that the tangent is common.
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Figure5.2 The common tangent construction which defines the equilibrium chemical compositions
of the o and .
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The concept of equilibrium in terms of phases that are homogeneous is rather restrictive.
Instead, it is useful to consider equilibrium to exist locally. For example, it is a reasonable
approximation that during diffusion-controlled growth, the compositions of the phases in
contact at the interface are such as to allow equilibrium to exist locally even though there
may be concentration gradients in the matrix ahead of the interface. As long as the phases
are not too inhomogeneous, as with some artificial multilayered structures or during spin-
odal decomposition, classical equilibrium thermodynamics can be applied locally without
raising any fundamental difficulties.

A form of constrained equilibrium which arises in substitutionally alloyed steels is
paraequilibrium, in which the ratio of iron to substitutional solute atoms remains the same
everywhere, but subject to that constraint, the carbon atoms achieve a uniform chemical
potential at all locations. Either the substitutional solute atoms or the iron atoms are then
trapped by the advancing transformation interface. An atom is said to be trapped when its
chemical potential increases on transfer across the interface.

Transformation can occur without any composition change at a temperature below 7,
where the parent and product phases of identical composition have equal free energy
(Fig. 1.5).

The concepts of local equilibrium, paraequilibrium and transformation without any
change in composition are easy to visualise and formulate. However, between the states
of local and paraequilibrium, there can in principle exist an infinite number of alternatives
in which the substitutional solutes partly partition between the phases. There may simi-
larly be a gradation between paraequilibrium and composition-invariant transformation in
which the extent to which carbon is partitioned may vary. Such intermediate states would
have to be stabilised by some other rate-controlling factor such as interface kinetics. They
would otherwise tend towards equilibrium, because any perturbation which leads to a re-
duction in free energy would grow. We shall see in Chapter 6 that the stabilisation of such
nonequilibrium states is in certain circumstances possible for solid-state transformations
in steels.

5.3 Stored Energy due to Transformation

Much of the stored energy of bainite comes from the distortions due to the shape defor-
mation accompanying transformation. For a plate in the form of an oblate ellipsoid of
semi-axes X, R and y, with R > y, the strain energy per mole is given by (Christian,
1958):

PV |2 2, 7Y .2
S:— —1 A _—
G T 9( +v) +4R<+

(1 —v)my 1 2-v)my ,
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54
where 1 and v are the shear modulus and Poisson’s ratio respectively of the surrounding
matrix, V;,, is the molar volume of the matrix, A is the uniform dilatation accompanying
transformation, ¢ is the additional uniaxial dilatation normal to the habit plane and s is the
shear component of the shape change (Fig. 5.3).

The uniform dilatation A term has been used to interpret the crystallography of bainite
but its existence has not been confirmed by measurements and so it is neglected in further
discussions. The energy due to the shear and ( strains comes to about 400 J mol~! for
bainite (Bhadeshia, 1981c). This is less than the corresponding term for martensite, which
is about 600 Jmol~! because bainite plates usually have a smaller aspect ratio (y/R).
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uniaxial simple general uniform
extension shear IPS dilatation

Figure 5.3  The strains used in equation 5.4. (a) Uniaxial dilatation normal to the habit plane; (b)
shear parallel to the habit plane; (c) a combination of shear and uniaxial dilatation which defines
the invariant-plane strain (IPS) which is the shape deformation associated with bainite; (d) uniform
dilatation.

The shear and dilatational components of the shape change are similar for martensite and
bainite.

The stored energy of 400 J mol~! applies strictly to an isolated plate of bainite which is
elastically accommodated in the surrounding austenite. However, bainite grows as clusters
of plates and it may be more appropriate to consider the sheaf as a whole, in which case
the stored energy may be reduced by averaging the shear over the thickness of the sheaf in
which the bainite plates are separated by intervening films of austenite or other phases.

The strain energy can be reduced by plastic relaxation. This is particularly relevant for
bainite because the yield strength of austenite is reduced at high temperatures. The plastic
deformation causes an increase in dislocation density, but since the deformation is driven
by the shape change, the strain energy calculated on the basis of an elastically accommo-
dated shape change should be an upper limit (Christian, 1979).! A material containing
dislocations is expected to be more compliant to the application of an elastic stress be-
cause the dislocations can bow in response to the stress (Mott, 1952). Ghosh and Olson
(2002) have shown that there is a reduction of about 5% in the shear modulus of dislocated-
martensite when compared against appropriate single-crystal data. Such a reduction must
help reduce the strain energy, which scales with the modulus. There may also be a re-
duction in the stored energy per unit volume as transformation proceeds because of the
tendency of adjacent sheaves to grow in mutually accommodating formations (Hehemann,
1970).

In martensitic reactions, transformation twinning can contribute about 100 J mol~! of
stored energy; this is not applicable to bainite where the lattice-invariant shear is slip.

'Bouaziz et al. (2003) have used the dissipation due to plastic deformation to explain the incomplete reaction
phenomenon. However, the plastic work is incorrectly expressed per mole of austenite when the comparison is
made against the free energy change accompanying transformation.
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5.4 Thermodynamics of Growth

5.4.1 Substitutional Solutes during Growth

The atom-probe experiments described in Chapter 2 have established that there is no re-
distribution of substitutional solutes during the bainite transformation. These experiments
cover the finest conceivable scale for chemical analysis. They rule out any mechanism that
requires the diffusion of substitutional solutes. This includes the local equilibrium modes
of growth.

By contrast, all experimental data show that pearlite grows with the diffusion of sub-
stitutional solute atoms (Ridley, 1984; Al-Salman and Ridley, 1984). Chromium, molyb-
denum, silicon and cobalt have been shown to partition at the reaction front. The extent
of partitioning is smaller for manganese and nickel, especially at large undercoolings, but
there is localised diffusion (Hillert, 1981; Ridley, 1984). These observations are expected
because pearlite is the classic example of a reconstructive transformation.

Solutes in iron affect the relative stabilities of austenite and ferrite. This thermodynamic
effect is identical for all transformations. We have seen, however, that substitutional solutes
do not diffuse at all during displacive transformations whereas they are required to do so
during reconstructive transformation. It is for this reason that the observed effect of solutes
on the rate of transformation is larger for reconstructive than for displacive transformations
(Fig.54).
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Figure 54  Time-temperature-transformation diagrams showing the larger retarding effect that
manganese has on a reconstructive transformation compared with its influence on a displacive
transformation.

5.4.2 Interstitial Solutes during Growth

It is simple to establish that martensitic transformation is diffusionless by measuring the
phase compositions before and after transformation. Bainite forms at somewhat higher
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temperatures where the carbon can escape out of the plate within a fraction of a second. Its
original composition cannot therefore be measured directly.

There are three possibilities. The carbon may partition during growth so that the ferrite
may never contain any excess carbon. The growth may, on the other hand, be diffusionless
with carbon being trapped by the advancing interface. Finally, there is an intermediate
case in which some carbon may diffuse with the remainder being trapped to leave the
ferrite partially supersaturated.

Diffusionless growth requires that transformation occurs at a temperature below 7p,
when the free energy of bainite becomes less than that of austenite of the same composition.
Growth without diffusion can only occur if the carbon concentration of the austenite lies
to the left of the T curve (Fig. 1.5).

Suppose that the plate of bainite forms without diffusion, but that any excess carbon
is soon afterwards rejected into the residual austenite. The next plate of bainite then has
to grow from carbon-enriched austenite (Fig. 5.5a). This process must cease when the
austenite carbon concentration reaches the Ty curve. The reaction is said to be incomplete,
since the austenite has not achieved its equilibrium composition given by the Aes phase
boundary. If, on the other hand, the ferrite grows with an equilibrium carbon concentration
then the transformation should cease when the austenite carbon concentration reaches the
Aejs curve.

It is found experimentally that the transformation to bainite does indeed stop at the T
boundary (Fig. 5.5b). The balance of the evidence is that the growth of bainite below the
Bg temperature involves the successive nucleation and martensitic growth of sub-units,
followed in upper bainite by the diffusion of carbon into the surrounding austenite. The
possibility that a small fraction of the carbon is nevertheless partitioned during growth
cannot entirely be ruled out, but there is little doubt that the bainite is at first substantially
supersaturated with carbon.
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Figure 5.5 (a) The incomplete-reaction phenomenon. A plate of bainite grows without diffusion,
then partitions some of its excess carbon into the residual austenite. The next plate thus grows from
carbon-enriched austenite. This process can only continue until x, = :cépo. For paraequilibrium
growth, the transformation should proceed until the carbon concentration reaches the Aesr curve.
(b) Experimental data on the incomplete reaction phenomenon for Fe-0.43C-3Mn-2.12Si wt% alloy
(Bhadeshia and Edmonds, 1979a).

The chemical potentials are not uniform in the steel when the bainite reaction stops. The
reaction remains incomplete in that the fraction of bainite is less than that expected from
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a consideration of equilibrium between austenite and ferrite. The carbon concentration
of the austenite at the point where the bainite reaction stops is far less than given by the
Aesn phase boundary.? This “incomplete reaction phenomenon” explains why the degree
of transformation to bainite is zero at the Bg temperature and increases with undercooling
below Bg in steels where other reactions do not overlap with the formation of bainitic
ferrite. The T} curve has a negative slope on a temperature/carbon concentration plot,
permitting the austenite to accommodate ever more carbon at lower temperatures.

The experimental evidence for the incomplete reaction phenomenon comes in many
forms. The carbon concentration of the residual austenite at the point where the reaction
stops has been measured using X-ray techniques, lattice imaging using high resolution
transmission electron microscopy, field ion microscopy/atom probe methods (Bhadeshia
and Waugh, 1982b), electron energy loss spectroscopy (Scott and Drillet, 2007), quantita-
tive metallography and dilatometry. Real time neutron transmission experiments have also
demonstrated the effect (Meggers et al., 1994). It is always found that the concentration
is far below that required by equilibrium or paraequilibrium, and is on the whole consis-
tent with that given by the T} curve of the phase diagram. The experimental evidence has
been reviewed by Christian and Edmonds (1984). In dilatometric experiments, the length
change due to transformation is zero above the Bg temperature, even though that tempera-
ture may be well within the v + a phase field. The maximum length change then increases
with undercooling below the Bg temperature. Numerous examples of the type illustrated
in Fig. 5.6 can be found in the published literature.

Fe-0.3C-4.08Cr wt%
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Figure 5.6  Dilatometric length change data illustrating the incomplete reaction phenomenon for a
Fe-0.3C-4.08Cr wt% alloy (Bhadeshia, 1981a).

Dilatometry can also be used to indirectly determine the carbon concentration of the
residual austenite by measuring its martensite-start temperature. This measurement is in-
dependent of the presence of cementite and hence can be carried out in steels which do
not contain cementite inhibitors. Recent results of this type are illustrated in Fig. 5.7 and
confirm the incomplete reaction phenomenon.

2 Aegs refers to the paraequilibrium (o 4+ )/~ phase boundary. Aeg/ is the corresponding boundary allowing
for the stored energy of bainite
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Figure 5.7 The martensite-start (a) and carbon concentration (b) of residual austenite as a function
of isothermal transformation temperature and time. The data are for Fe-0.18C-0.8Mn-1.67Ni-0.56Cr-
0.71Mo-0.14Cu wt% steel (Chupatanakul and Nash, 2006).

The failure of the bainite reaction to reach completion reveals the role of carbon during
transformation. An important consequence is that the 7j curve can be used in the design
of steels and associated processes.> In the context of bainite, the curve gives the limiting
carbon concentration zr; of the austenite, a parameter of enormous importance in devising
microstructures containing stable austenite. A discussion of the procedure is deferred to
Chapters 12 and13, but Fig. 5.8 illustrates the remarkable predictive ability of the concept
for a large variety of steels. In contrast, the Aes phase boundary gives very poor estimates
of the austenite composition in the context of bainite.

The incomplete transformation leaves films of austenite between bainite plates. These
films improve the properties of steels. It has been found that the thickness of these austenite
films can be estimated by assuming that the carbon diffusion field around an existing plate
of ferrite prevents the close approach of another parallel plate. This is because the regions
of austenite with the highest carbon concentration i.e. 2, > w7y) are unable to transform
to bainite (Fig. 5.9). This simple theory predicts a dependence of film thickness on the
bainite plate thickness since the net quantity of carbon partitioned into the austenite must
increase with the thickness of the bainite plate. The correlation can be seen in Fig. 5.9c.
Note that a better fit is seen in Fig. 5.9b because those calculations include both the plate
thickness and the effects of alloying elements on the 7 condition.

Shaposhnikov and Mogutnov (2008) attempted to explain the fact the carbon concen-
tration in austenite after the formation of bainite is much less than :vf? ¥ by arguing that
x., is given by the extrapolated (/- + 6 phase boundary). This is incorrect because the
bainite reaction would not stop when this limit is reached because paraequilibrium cemen-
tite precipitation does not limit the bainite transformation. Furthermore, the slope of the
transformation temperature versus the measured ., is negative whereas that of the xY/+e
phase boundary is positive.

3There are now numerous examples of this, a few of which are listed here: Bhadeshia and Edmonds (1983a,b);
Thomson et al. (2000); James and Thomson (1999); Kutsov et al. (1999); Matsuda et al. (2002); Jacques et al.
(2002); Caballero et al. (2006, 2001a,b); Gomez et al. (2008); Yang and Bhadeshia (2008); Gomez et al.
(2009b,a); Caballero et al. (2013a); Sugimoto et al. (2004); Khare et al. (2010); Duong et al. (2014); Das and
Haldar (2014); Zhang et al. (2015).
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Figure 5.8 A comparison of the measured carbon concentration of the austenite which remains
untransformed when the bainite reaction stops, versus that calculated using the Aes/, To and T, 3
criteria. After Chang and Bhadeshia (1995a).

Alternative Interpretation In explaining the discrepancies between the measured and
calculated diffusion-controlled growth rates of plates of ferrite, Hillert (1960); Hillert and
Hoglund (2004) proposed that there is a notional thermodynamic barrier to the growth.
The barrier is attributed to some of the free energy being dissipated in interfacial processes
because the plates involve “coherent” interfaces rather than “incoherent” ones where the
growth is proposed to be diffusion-controlled. The method neglects the displacive mech-
anism by which the plates of ferrite grow, and the necessarily glissile interface associated
with the growth, in which case interface processes would be insignificant. The growth
data for Widmanstitten ferrite have in fact been analysed satisfactorily using diffusion-
controlled growth theory (Bhadeshia et al., 1985) so the discrepancy highlighted (Hillert,
1960) does not in fact exist.

Solute-drag effects (section 6.6.4) are sometimes invoked in order to explain discrep-
ancies in kinetic data. For example, Wu et al. (2003) assigned a binding energy of about
20-30kJ mol~* for molybdenum located at transformation interfaces, but were unable to
obtain quantitative closure (Takahashi, 2004). An analysis by Chen et al. (2013) based
again on solute within the interface is flawed because it contradicts experimental evidence
of the absence of such segregation to the transformation interface and indeed most of the
physical characterisitics of bainite. Arbitrary potential wells were assumed for the inter-
face.
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Figure 5.9 (a) The thickness of the austenite film is determined by the point where the carbon
concentration in the residual austenite is Ty (b) Comparison of measured and calculated austenite
film thicknesses for a variety of alloys. (c) Austenite film thickness versus that of the adjacent bainite
sub-unit (Chang and Bhadeshia, 1995a).

5.4.3 Approach to Equilibrium

Although the bainite reaction stops before equilibrium is reached, the remaining austenite
can continue to decompose by reconstructive transformation, albeit at a greatly reduced
rate. Pearlite often forms sluggishly after bainite. The delay between the cessation of
bainite and the start of pearlite varies with the steel composition and transformation tem-
perature. In one example the bainite reaction stopped in a matter of minutes, with pearlite
growing from the residual austenite after some 32 h at the transformation temperature of
450°C. In another example, the isothermal reaction to lower bainite at 478 °C was com-
pleted within 30 min, but continued heat treatment for 43 days caused the incredibly slow
reconstructive transformation to two different products. One of these was alloy-pearlite
which nucleated at the austenite grain boundaries and which developed as a separate re-
action (Fig. 4.5a). The other involved the irregular, epitaxial and reconstructive growth of
ferrite from the existing bainite. The extent of ferrite growth in 43 days was comparable
to the thickness of the bainite plates, which took just a few seconds to form (Bhadeshia,
1981a, 1982b).

The two-stage decomposition of austenite is more difficult to establish for plain carbon
steels where the reaction rates are large, with the pearlite reaction occurring a few seconds
after bainite (Klier and Lyman, 1944). One interesting observation is that in niobium-
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containing 0.05 wt% steel, the retardation of allotriomorphic ferrite is sufficient to reveal
the incomplete reaction phenomenon for bainite, but considerable overlap occurs between
the two reactions in the absence of niobium (Furuhara et al., 2010). This is a consequence
of the well-known effect of niobium in retarding the nucleation of allotriomorphic ferrite
by segregated niobium at the austenite grain bondaries (setion 13.5.4).

5.5 Quench and Partitioning

A process in which austenite is transformed partially into martensite, and the temperature
is then raised to permit some of the excess carbon to partition into the residual parent
phase, is known as the quench and partitioning treatment (Speer et al., 2003, 2004, 2015).
It has led to a new class of steels that contain retained austenite and tempered martensite,
with the former phase stabilised by enrichment with carbon. Although this phenomenon is
not strictly connected to bainite, the partitioning process is in principle the same as when
supersaturated bainitic ferrite partitions carbon into the austenite shortly after its growth
is arrested. There is, however, an important difference; that the fraction of martensite
is essentially fixed at the point that partitioning begins since the temperature at which
partitioning is induced is greater than that at which martensite forms. In contrast bainite
formation continues provided the carbon concentration of the austenite is less than that
specified by the T condition.

It has been known for some time that the retained austenite associated with martensite
that grows at high temperatures contains carbon in excess of the average concentration
(Rao and Thomas, 1979; Barnard et al., 1981b) although the mechanism involved lacked
clarity (Bhadeshia, 1983b).

In their thermodynamic model for the process in which fixed volume fractions of marten-
site and austenite of average carbon concentration T are in contact, Speer et al. (2003) con-
sidered that carbon partitioning is driven by the need to equalise the chemical potential of
carbon in the austenite and ferrite. However, given the constraint that the number of iron
atoms in the martensite and ferrite is fixed, Fig. 5.10a illustrates the fact that it is possi-
ble to have a variety of pairs of tangents touching the « and ~y free energy curves that are
consistent with &, = i/, though p@, # pi, . To make the selection unique requires the im-
plementation of the following conditions: the first ensuring that the average concentration
of carbon lies between that in ferrite and austenite, and the second ensuring mass balance:

Tcoad and (5.5)

Nc ZNg-f—Ng 5.6)

where N is the number of carbon atoms in the phase identified by the superscript,and N ¢
is the total number of carbon atoms. The condition outlined in relation 5.5 is illustrated in
Fig.5.10, and since during quenching and partitioning, N, and N, are fixed, equation 5.6

leads to:
No  _ Ng(_Ne N\, NL(_N
Nre+ No Npe \Ng + N& Nre \ Ny, + N¢

e

so that Tc = xoxd+ :c'vyzc?j (5.7

where zg, and x7 represent the mole fractions of the ferrite and austenite respectively.
These ideas are relevant to bainite since we now know that considerable excess carbon can
be found in solid-solution within the ferrite (Chapter 2).
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Figure 5.10  Iron-carbon system. (a) Multiple conditions for which the chemical potential of
carbon can be equalised. (b) Illustration of the fact that T > x& and xg so that 7, and . would be
inconsistent with the selected tangents.

5.6 Summary

The thermodynamic description of the bainite reaction is linked to its mechanism of growth
and depends on the behaviour of solute atoms during transformation. By far the largest
contribution to the stored energy of bainite is due to the invariant-plane strain shape defor-
mation. The contributions from interfacial area are, by comparison, negligible during the
growth stage. The dislocation density of bainite has its origins in the plastic accommoda-
tion of the shape change. The energy of the dislocations is therefore already accounted for
in the estimate of an elastically accommodated shape change.

Substitutional solutes do not partition at all during the bainite reaction. Their primary
effect is through their influence on the relative thermodynamic stabilities of the austenite
and ferrite phases. The trapping of solutes in the bainite raises its free energy.

The fact that the transformation stops well before equilibrium is achieved is due to a
mechanism in which growth is diffusionless, although the carbon atoms are partitioned
soon afterwards from supersaturated ferrite. This mechanism has recently become promi-
nent in the design of the so-called quench and partitioning steels, where partially marten-
sitic samples are heat-treated in order to allow carbon to diffuse into the adjacent austenite.






CHAPTER 6

KINETICS

There are three distinct events in the evolution of bainite (Fig. 6.1). A sub-unit nucleates
at an austenite grain boundary and lengthens until its growth is arrested by plastic defor-
mation within the austenite. New sub-units then nucleate at its tip, and the sheaf structure
develops as this process continues. The average lengthening rate of a sheaf must be smaller
than that of a sub-unit because of the delay between successive sub-units. The volume
fraction of bainite depends on the totality of sheaves growing from different regions in the
sample. Carbide precipitation influences the reaction rate by removing carbon either from
the residual austenite or from the supersaturated ferrite.

6.1 Thermodynamics of Nucleation

It was shown in Chapter 5 that the equilibrium compositions %7 and 7 of ferrite and
austenite respectively, are obtained using the common tangent construction. The same
construction can be used to determine the change in free energy AGY™7"+ when austenite
of composition T decomposes into the equilibrium mixture of ferrite and carbon-enriched
austenite (v"), Fig. 6.2a.

The equilibrium fraction of ferrite is given by the lever rule as (7% — Z)/(x7* - 7).
It follows that the free energy change per mole of ferrite is

ya _ pory

AGy = AGT—7+o L 6.1)

' —7
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Figure 6.1 The microstructural features relevant in the kinetic description of a bainitic
microstructure. There is the lengthening of sub-units and of sheaves, the latter by the repeated
nucleation of sub-units, the precipitation of carbides, and the change in volume fraction as a function
of time and temperature.

There is a significant change in the chemical composition of the austenite when it de-
composes into the equilibrium mixture of ferrite and austenite. A ferrite nucleus on the
other hand has such a small volume that it hardly affects the composition of the remaining
austenite. The calculation of the free energy change associated with nucleation must there-
fore take into account that only a minute quantity of ferrite is formed. Consider the change
AG, as austenite decomposes to a mixture of ferrite and enriched-austenite of composition
7 = 7. As the fraction of ferrite is reduced, 7 and T move towards each other causing
the line AB to tilt upwards. In the limit that 7 = T, AB becomes tangential to the curve
at . The free energy change for the formation of a mole of ferrite nuclei of composition
x® is then given by AG3s, Fig. 6.2b.

The greatest reduction in free energy during nucleation is obtained if the composition
of the ferrite nucleus is set to a value z,,, given by a tangent to the ferrite free energy
curve which is parallel to the tangent to the austenite free energy curve at T, as shown in
Fig. 6.2b. This maximum possible free energy change for nucleation is designated AG,, .

There is simplification when the transformation occurs without composition change
(Fig. 6.2c). The change AG?" ¢ is the vertical distance between the austenite and ferrite
free energy curves at the composition of interest.

6.1.1 Transformation-Start Temperature

It is a common observation that the Widmanstétten-start (I¥g) and bainite-start (Bg) tem-
peratures are more sensitive to the steel composition than is the Aes temperature. This
indicates that the influence of solutes on the nucleation of Widmanstitten ferrite and bai-
nite is more than just thermodynamic (Fig. 6.3a).
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Figure6.2 Free energy diagrams illustrating the chemical free energy changes during the nucleation
and growth of ferrite from austenite of composition Z . The term +’ refers to austenite which is enriched
in carbon as a result of the decomposition of austenite of composition T into a mixture of ferrite and

austenite.
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Figure 6.3 (a) The variation of the Widmanstitten-start and bainite-start temperatures as a function
of the Aes temperature of the steel concerned (Ali and Bhadeshia, 1990). (b) Schematic TTT diagram
illustrating the two C-curves and the 7}, temperature.

Some clues to this behaviour come from studies of time-temperature-transformation di-
agrams, which consist essentially of two C-curves. The lower C-curve has a characteristic
flat top at a temperature 7},, which is the highest temperature at which ferrite can form
by displacive transformation (Fig. 6.3b). The transformation product at 73, may be Wid-
manstitten ferrite or bainite.

The driving force AG,,, available for nucleation at T}, is plotted in Fig. 6.4a, where each
point comes from a different steel. The transformation product at 7}, can be Widmanstitten
ferrite or bainite, but it is found that there is no need to distinguish between these phases
for the purposes of nucleation. The same nucleus can develop into either phase depending
on the prevailing thermodynamic conditions. The analysis proves that carbon must parti-
tion during the nucleation stage in order always to obtain a reduction in free energy. The
situation illustrated in Fig. 6.4b is not viable since diffusionless nucleation would in some
cases lead to an increase in the free energy.

The plots in Fig. 6.4 are generated using data from diverse steels. Fig. 6.4a represents
the free energy change AG,, at the temperature 7}, where displacive transformation first
occurs. The free energy change can be calculated from readily available thermodynamic
data. It follows that Fig. 6.4a can be used to estimate 7}, for any steel. The equation fitted
to the data in Fig. 6.4a is (Ali and Bhadeshia, 1990):

Gy =0 (T —27318) —Cy  Jmol™* (6.2)

where the fitting constants are found to be C; = 3.637 £ 0.2Jmol ! K~! and Cy =
2540 4 120 Jmol ! for the temperature range 670-920 K. Gy is to be regarded as a
universal nucleation function, because it defines the minimum driving force necessary to
achieve a perceptible nucleation rate for Widmanstitten ferrite or bainite in any steel. Equa-
tions such as 6.2 use thermodynamic databases to calculate the free energies during their
derivation. They are, therefore, database dependent so the numerical values will differ
appropriately (e.g. Uhm et al., 2005).

There has been a great deal of interest in high-carbon steels with concentrations around
1 wt% since the advent of nanostructured bainite (Chapter 14). Fig. 6.5 shows that such
steels do not need special consideration with respect to the nucleation model for ordi-
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Figure 64  The free energy change necessary in order to obtain a detectable degree of
transformation. Each point represents a different steel and there is no distinction made between
Widmanstitten ferrite or bainite. (a) Calculated assuming the partitioning of carbon during nucleation.
(b) Calculated assuming that there is no change in composition during nucleation. After Bhadeshia
(1981c).

nary alloys; austempered ductile irons that also contain a high-carbon cocentration in the
austenite are consistent with this nucleation model (Laneri et al., 2008).

6.1.2 Evolution of the Nucleus

The nucleus is identical for Widmanstitten ferrite and for bainite; it must therefore be
growth which distinguishes them. But what determines whether the nucleus evolves into
bainite or Widmanstitten ferrite?

The answer is straightforward. If diffusionless growth cannot be sustained at 7}, then
the nucleus develops into Widmanstitten ferrite so that 7}, is identified with Wg. A larger
undercooling is necessary before bainite can be stimulated. If, however, the driving force
at T}, is sufficient to account for diffusionless growth, then 7}, = Bg and Widmanstitten
ferrite does not form at all.

It follows that Widmanstitten ferrite forms below the Aes temperature when:

AGTTTRE < Gy
AG, < Gy (6.3)
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Figure 6.5 Plot of the free energy change AG'VH'Y/J“", assumed to be an approximation to AG,,
versus the temperature at which bainite first forms, for a variety of steels (Steven and Haynes, 1956;
Chang, 1999; Zhao et al., 2001a; Mateo and Bhadeshia, 2004).

where G g1y is the stored energy of Widmanstitten ferrite (about 50 J mol~1). The first of
these conditions ensures that the chemical free energy change exceeds the stored energy of
the Widmanstitten, and the second that there is a detectable nucleation rate.

Bainite is expected below the T temperature when:

AG"T* < —Gsp
AG,, < Gy (6.4)

where G sp is the stored energy of bainite (about 400 J mol~1!). The universal function,
when used with these conditions, allows the calculation of the Widmanstitten ferrite-start
and bainite-start temperatures from a knowledge of thermodynamics alone.

In this scheme, carbon is partitioned during nucleation, but in the case of bainite, not
during growth which is diffusionless. There is no inconsistency in this concept since a
greater fraction of the free energy becomes available as the particle surface to volume ra-
tio, and hence the influence of interfacial energy, decreases. The theory explains why both
Widmanstatten ferrite and bainite can form during the early stages of isothermal transfor-
mation at temperatures close to Bg (Chang, 1999).

The scheme is illustrated in Fig. 6.6 which incorporates an additional function GOJ(,,
representing the critical driving force AG7~*{ Mg} needed to stimulate martensite by an
athermal, diffusionless nucleation and growth mechanism. Whereas it is reasonable to set

‘j{,/ to a constant value for low alloy steels (Bhadeshia, 1981b.,d) a function dependent on
the strength of the austenite has to be used for steels containing large concentrations of
solute (Ghosh and Olson, 1994).

The three common displacive transformations in steels include Widmanstitten ferrite,
bainite and martensite. It is intriguing that they are not all found in every steel. Only
martensite occurs in Fe-28Ni-0.4C wt%, whereas only bainite and martensite are found in
Fe-4Cr-0.3C wt%. This is readily explained: steels A, B and C' in Fig. 6.6 contain increas-
ing quantities of austenite stabilising elements, with the driving force for transformation
decreasing as the alloy content increases. In steel A, all three transformations are expected
in turn as the temperature is reduced. For steel BB, the temperature at which Widmanstitten
ferrite nucleation becomes possible also corresponds to that at which bainite can grow.
Bainite has a kinetic advantage so Widmanstitten ferrite does not form. Further alloying
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increases the stability of the austenite so much that the nucleation of Widmanstitten ferrite
and bainite is suppressed to temperatures below Mg in which case they do not form at all.
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Figure 6.6  Free energy curves for a low (A), medium (B) and high (C') alloy steel showing the
conditions necessary for the nucleation and growth of Widmanstitten ferrite, bainite and martensite.

The nucleation condition for bainite (equation 6.4) becomes redundant for any steel
in which Widmanstitten ferrite precedes bainite because they have a common nucleation
mechanism.

An interesting prediction emerges from this rationale. For some steels the thermo-
dynamic characteristics are such that the AG,, curve intersects the G function at two
points, Fig. 6.7a (Bhadeshia and Svensson, 1989¢c). Widmanstitten ferrite then occurs at
high temperatures, there is an intermediate temperature range where neither Widmanstitten
ferrite nor bainite can nucleate, until bainite formation becomes possible at a lower tem-
perature. The lower C-curve thus splits into two segments, one for Widmanstitten ferrite
and a lower temperature segment for bainite (Fig. 6.7b). This prediction from theory has
been confirmed experimentally (Ali and Bhadeshia, 1991).

Finally, because G decreases linearly with T, it is expected that the W and Bg tem-
peratures are depressed to a greater extent by solute additions than the Aes temperature. A
larger driving force is needed to achieve a given rate of nucleation when the transformation
is depressed to lower temperatures by alloying. A justification for the form of the universal
nucleation function G is given in the next section.
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Figure 6.7 (a) Free energy curves for the nucleation of Widmanstitten ferrite and bainite in a low
alloy steel for which the AG,,, and G curves exhibit a double intersection. (b) Calculated TTT
diagram for the same steel, showing how Widmanstitten ferrite and bainite form separate C-curves.
The Widmanstitten ferrite and bainite C-curves would ordinarily be just one curve, joined by the line
wzxyz. After Ali and Bhadeshia (1991).

6.2 Possible Mechanisms of Nucleation

Phase fluctuations occur as random events due to the thermal vibration of atoms. An indi-
vidual fluctuation may or may not be associated with a reduction in free energy, but it can
only survive and grow if there is a reduction. There is a cost associated with the creation of
a new phase, the interface energy, a penalty which becomes smaller as the particle surface
to volume ratio decreases. In a metastable system this leads to a critical size of fluctuation
beyond which growth is favoured.

Consider the homogeneous nucleation of « from ~y. For a spherical particle of radius r
with an isotropic interfacial energy o, the change in free energy as a function of radius
is:

4 4
AG = gTrTSAGchcm + gWTSAAGstrain + 47TT2UO¢’Y (6.5)

where AGchem = G — G"Y/, Gy is the Gibbs free energy per unit volume of o and
AGstrain is the strain energy per unit volume of «. The variation in AG with size is
illustrated in Fig. 6.8; the activation barrier and critical size obtained using equation 6.5
are given by:

16#027
N 3(AGchem + AGstrain)?

200~

- AG(chcm + AG(strain

G* and r*

(6.6)

The important outcome is that in classical nucleation the activation energy varies in-
versely with the square of the driving force. And the mechanism involves random phase
fluctuations. It is questionable whether this applies to cases where thermal activation is in
short supply. In particular, an activation barrier must be very small indeed if the transfor-
mation is to occur at a proper rate at low temperatures.
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Figure 6.8 The activation energy barrier G* and the critical nucleus size r* according to classical
nucleation theory based on heterophase fluctuations.

One mechanism in which the barrier becomes sufficiently small involves the sponta-
neous dissociation of specific dislocation defects which are already present in the parent
phase (Christian, 1951; Olson and Cohen, 1976). The dislocations are glissile so the mech-
anism does not require diffusion. The only barrier is the resistance to the glide of the dis-
locations. The nucleation event cannot occur until the undercooling is sufficient to support
the faulting and strains associated with the dissociation process that leads to the creation
of the new crystal structure (Fig. 6.9).

The free energy per unit area of fault plane is:

GF =nppa (AGchcm + AGstrain) + 2Uav{nP} (67)

where n p is the number of close-packed planes participating in the faulting process, p4 is
the spacing of the close-packed planes on which the faulting is assumed to occur. The fault
energy can become negative when the austenite becomes metastable.

For a fault bounded by an array of np dislocations each with a Burgers vector of mag-
nitude b, the force required to move a unit length of dislocation array is np7,b. 7, is the
shear resistance of the lattice to the motion of the dislocations. G r provides the opposing
stress via the chemical free energy change AGenem; the physical origin of this stress is the
fault energy which becomes negative so that the partial dislocations bounding the fault are
repelled. The defect becomes unstable, i.e. nucleation occurs, when

GF = —TLPTOb (6.8)

Take the energy barrier between adjacent equilibrium positions of a dislocation to be
G%. An applied shear stress 7 has the effect of reducing the height of this barrier (Conrad,
1964; Dorn, 1968):

G =Gy — (1—1,)0" (6.9)
where v* is an activation volume and 7, is the temperature independent resistance to dis-
location motion (Fig. 6.10). In the context of nucleation, the stress 7 is not externally
applied but comes from the chemical driving force. On combining the last three equations
we obtain

., pav”

* * PA 20
= —A strain —
G = Gt |+ B A Gt + o v+ P

AG(chcm (6 10)
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Figure 6.9 Olson and Cohen model for the nucleation of « martensite. (a) Perfect screw dislocation
in austenite. (b) Three-dimensional dissociation over a set of three close-packed planes. The faulted
structure is not yet that of . (c) Relaxation of fault to a body-centred cubic structure with the
introduction of partial dislocations in the interface. (d) Addition of perfect screw dislocations which
cancel the long range strain field of the partials introduced in (c).

It follows that with this model of nucleation the activation energy G* will decrease lin-
early as the magnitude of the driving force AG pen increases. This direct proportionality
contrasts with the inverse square relationship of classical theory.

Figure 6.10 Temperature dependence of the applied
stress necessary to move a dislocation at two different
strain rates (€2 > €1). 7, is the athermal resistance
which never vanishes. After Conrad (1964).

Temperature / K —>
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6.3 Bainite Nucleation

The linear relationship between G and T}, (Fig. 6.4) can be used to deduce whether nu-
cleation involves dislocation dissociation or heterophase fluctuations (Bhadeshia, 1981a).
The nucleation rate Iy will have a temperature dependence due to the activation energy:

Iy xvexp{—G*/RT} (6.11)
where v is an attempt frequency. It follows that
-G* x BT where B =RWn{ly/v} (6.12)

We now assume that there is a specific nucleation rate at T}, irrespective of the type of
steel, in which case (3 is a constant, negative in value since the attempt frequency should
be larger than the actual rate. This gives the interesting result that

GNn x T (6.13)

which is precisely the relationship observed experimentally. This is evidence for nucleation
by the dissociation of dislocations with the activation energy proportional to the driving
force, as opposed to the inverse square relationship predicted by classical theory. The
activation energy G* in this model comes from the resistance of the lattice to the motion
of dislocations.

Nucleation corresponds to a point where the slow, thermally activated migration of glis-
sile partial dislocations gives way to rapid, breakaway dissociation. This is why it is pos-
sible to observe two sets of transformation units, the first consisting of very fine embryo
platelets below the size of the operational nucleus, and the second the size corresponding
to the rapid growth to the final size. Intermediate sizes are rarely observed because the
time period for the second stage is expected to be much smaller than that for the first.
Fig. 6.11 shows that in addition to the fully grown sub-units (a few micrometers in length),
there is another population of much smaller (submicrometre) particles which represent the
embryos at a point in their evolution prior to breakaway dissociation.
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(b)

Figure 6.11 Transmission electron micrograph of a sheaf of bainite in a partially transformed
sample. A region near the tip of the sheaf in (a) is enlarged in (b). The arrows in (b) indicate possible
sub-operational embryos which are much smaller than the fully grown sub-units seen in (a). After
(Olson et al., 1989).

6.4 Empirical Methods for the Bainite-Start Temperature

Steven and Haynes (1956) measured the bainite-start temperature by isothermally trans-
forming a large number of engineering steels with chemical composition in the range
(Wt%):

Carbon 0.1-0.55 Nickel 0.0-5.0
Silicon 0.1-0.35 Chromium 0.0-3.5
Manganese  0.2-1.7 Molybdenum 0.0-1.0

and expressed their results empirically as:
B2C = 830 — 270w¢c — 90wnm — 37wni — T0wey — 83w, (6.14)

where w; is the wt% of element i in solid solution in austenite.
An alternative equation based on 69 steels covers the following range (Lee, 2002):

Carbon 0.1-0.8  Nickel 0.0-4.5
Silicon 0.1-0.7  Chromium 0.0-4.5
Manganese 0.2-1.7 Molybdenum 0.0-2.0

and the resulting equation is given by:

B2C = 745 — 110wc — 59wy — 39wy — 68we, — 106w,
+1Twymwni + 6wd, + 29wy, (6.15)
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and other equations have been surveyed in (Zhao et al., 2001b).

A more general way of applying an empirical relation is to use neural networks, which
represent a powerful non-linear regression method (Bhadeshia, 1999b). The method has
been applied to the calculation of the Bg temperature (Garcia-Mateo and Caballero, 2005;
Garcia-Mateo et al., 2007). It would be useful to create a neural network model that in-
cludes thermodynamic data alongside the chemical composition.

6.5 The Nucleation Rate

The linear dependence of the activation energy for nucleation on the driving force can be
substituted into a nucleation rate equation to obtain:'

G*
Cs exp{— RT}

Cy + C5AG,,
Csexp R

Iy

(6.16)

where AG,, is the maximum value of AGchern, (Fig. 6.3¢) and C; are positive constants.
The nucleation rate at T}, is obtained by setting AG,,, = G n:

B C4 + CSGN
I, = Cyexp { o } (6.17)
It follows that CuAT C- [ AG G
v =Ir, eXP{ RTT, R ( T Th >} ¢

with AT = T}, — T. Recall that the GGy function was justified with martensite nucleation
theory assuming that the nucleation rate I, is the same for all steels at 7},. For two
different steels A and B,

Irp (Ca = CoCs)(T3 = T}7) 6.1
s P RTATB (6.19)
TB hth
Since I7a = Irp it follows that Cy = Cy x Cf so that
Cys  C4AGH,
Iy = _— 6.20
v=0Cs eXP{ RT ~ GoRT } (6.20)

In this equation the constant C is known since it comes from the slope of the Gy func-
tion (equation 6.2) so the two unknowns are C3 and C4 which are obtained by fitting to
experimental data. The pre-exponential factor C' is the product of a number density of
nucleation sites (V. 8) and an attempt frequency (v).

Gaude-Fugarolas and Jacques (2006) have adopted a somewhat different approach, still
based on the GG,,, and GG functions (Bhadeshia, 1981c). A function f is defined such
that:

for AG,, —Gny <0

fy = tanh{_w}

RT
fn=0 for  AG, — Gy >0 621)

'Bhadeshia (1982c); Rees and Bhadeshia (1992); Chester and Bhadeshia (1997)
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This is consistent with the nature of the universal nucleation function, which is then used
to count the number of successful grain boundary nucleation events in a time interval dr
as follows:

dl < fydr (6.22)

Since the driving force AG,,, varies with the extent of transformation, variation in fy has
the effect of reducing the nucleation events as the fraction of bainite increases, although
the hyperbolic tangent form of the variation has not been justified. Another semi-empirical
approach assumes a time dependence, Iy o< exp{—t} rather than an explicit dependence
on driving force (Katsamas and Haidemenopoulos, 2008).

6.5.1 Grain Boundary Nucleation

Equation 6.16 can be adapted for nucleation initiating at the austenite grain boundaries as
follows (Matsuda and Bhadeshia, 2004):

(6.23)

C Cs BAG,,
IB :CS,B exp{— 47B+ B }

RT
where I is the nucleation rate per unit area of boundary. The constants C; are solved by

assuming that the initial stages of the transformation are controlled by sub-units nucleating
directly on the boundaries so that

ves

= VuSvIgpt (6.24)

where V,, is the sub-unit volume and Sy, = 2/L is the amount of grain boundary surface
per unit area that can be related directly to the mean lineal intercept measure of grain size.

6.6 Growth Rate

The displacement of an interface requires the atoms of the parent to transfer into and adopt
the crystal structure of the product phase. The ease with which this happens determines
the interface mobility. There may also be a partitioning of solutes in which case diffusion
may limit the movement of the interface. The two processes of diffusion and mobility
are in series; the velocity as calculated from the interface mobility must therefore match
that due to the diffusion of solute ahead of the interface. Both processes dissipate the
available free energy, so motion is always under mixed control. However, a process is said
to be diffusion-controlled when most of the free energy is dissipated in the diffusion of
solute. Interface-controlled growth occurs when the larger proportion of the free energy
is consumed in the transfer of atoms across the interface. The compositions of the phases
at the moving interface during diffusion-controlled growth are given approximately by a
tie-line of the phase diagram, and other circumstances are illustrated in Fig. 6.12.

6.6.1 Theory for the Lengthening of Plates

Particle dimensions during diffusion-controlled growth vary parabolically with time when
the extent of the diffusion field increases with particle size. The growth rate thus decreases
because the solute has to diffuse over ever increasing distances to reach the far-field con-
centration. Plates or needles can however grow at a constant rate because solute can be
partitioned to their sides.
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Figure 6.12 Carbon concentration profiles at a moving o/~ interface. The terms =7, 7 and
T refer to the equilibrium concentrations in the ferrite and austenite respectively, and the average
concentration in the alloy as a whole. (a) Diffusion control. (b) Interface control. (c) Mixed control.
(d) Solute trapping (discussed later).

The partitioning of interstitial elements during displacive transformation should lead to
diffusion-controlled growth because the glissile interface necessary for such transformation
has the highest mobility. Iron and any substitutional solute atoms do not diffuse so their
role is purely thermodynamic.

The equation for the diffusion-controlled growth of plates whose shape approximates
that of a parabolic cylinder (Fig. 6.13) has been solved by Trivedi (1970). The plate length-
ening rate 1} at a temperature 1" for steady state growth is obtained by solving:

=Tt (6.25)
T, — XY
Vi Te
fr = () exp{plerfe{p*} |1+ o f1S1{p} + = f152{p} (6.26)
where the Péclet number is
p=Vir/2D (6.27)

The weighted-average diffusion coefficient D for carbon in austenite is given by integrating
D (the diffusivity at a specific concentration) over the range x to x,-, and then dividing the
integral by this range.
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Parabolic
cylinder

(b)

Figure 6.13 (a) An illustration of the shape of a parabolic cylinder. (b) Definitions of the tip radius
r, the focal distance f. and the coordinates.

The function S2{p} of equation 6.26 depends on the Péclet number (Fig. 6.14); it cor-
rects for variation in composition due to changing curvature along the interface and has
been evaluated numerically by Trivedi. The term containing S; is prominent when growth
is not diffusion-controlled; V, is the interface-controlled growth velocity of a flat interface.
For diffusion-controlled growth, which is discussed first, V. is very large when compared
with V; and the term containing it can be neglected.

10.0 T T

1.0 31 Ro E

Figure 6.14 Dependence of
Trivedi’s functions Si, Sz, R1 and
01k ] R on the Péclet number p.

0.01 1 L
0.01 0.1 1.0 10.0

x, is the carbon concentration in the austenite at the plate tip. It may differ from the
equilibrium carbon concentration 7 because of the Gibbs-Thompson capillarity effect
(Christian, 2003a); z,- decreases as interface curvature increases, and growth ceases at a
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critical radius r, when z,, = . For a finite plate tip radius,
zr =271+ (T'/r)) (6.28)
where I is the capillarity constant given by Christian (2003a):
"V (1 —27)

_ d(ln fe{z*P] ™
= RT (z®7 —z7®) L+ d(In z7®)

(6.29)

where o7 is the interfacial energy per unit area, f¢ is the activity coefficient of carbon in
austenite, and V,,, is the molar volume of ferrite. This assumes that the ferrite composition
is unaffected by capillarity, since x*7 is always very small. The critical plate tip radius 7.
can be obtained by setting x, = T.

Trivedi’s solution for diffusion-controlled growth assumes a constant shape, but the
solution is not strictly shape-preserving. The concentration x, varies over the surface of
the parabolic cylinder which should lead to a deviation from the parabolic shape. Trivedi
claims that the variation in x, has a negligible effect provided the tip radius is greater than
3re.

Plate growth theory provides a relation between velocity and tip radius (Fig. 6.15). Ad-
ditional theory is required to enable the choice of a particular tip radius and hence to fix
V;. Small tip radii favour fast growth due to the point effect of diffusion, but this is coun-
teracted by the capillarity effect. Zener proposed that the plate should tend to adopt a tip
radius which allows V; to be maximised but this remains a hypothesis. Work on the den-
dritic growth of solid from liquid (formally an almost identical problem) has shown that
the dendrites do not select the radius corresponding to the maximum velocity. The radius
is determined instead by a shape stability criterion (Glicksman et al., 1976; Langer and
Muller-Krumbhaar, 1978). If these results can be extrapolated to displacive transforma-
tions, and it is doubtful that they can given that the shape is constrained by strain energy
minimisation, then calculated velocities would be greatly reduced. This does not fit ex-
perimental data where the lengthening rate is slightly higher that the maximum velocity
predicted theoretically (Bhadeshia, 1985a).

Without
capillarity

Figure 6.15 Variation in
lengthening rate as a function of
the plate tip radius.

With
capillarity

Lengthening rate

Plate tip radius

The shape of ferrite plates is sometimes more needle-like (lath) than plate-like. Trivedi
has obtained a steady-state solution for the diffusion-controlled growth of paraboloids of
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revolution, i.e. needles:

fi = pesp(p}Bi(p} |1+ - 1B {p} + = fiRafn) (630)

where Ei is an exponential integral. The tip radius r, is twice as large as that for plates
because there are two radii of curvature for a needle tip.

6.6.2 Growth Rate of Sheaves of Bainite

After nucleating at austenite grain surfaces, sheaves of bainite propagate by the repeated
formation of sub-units, each of which grows to a limited size. New sub-units are favoured
near the tips of existing platelets; nucleation in adjacent positions occurs at a much lower
rate. Therefore, the overall shape of the sheaf is also that of a plate in three dimensions
with growth limited only by austenite grain or twin boundaries.

Most direct observations have used optical microscopy and hence monitor the growth
of sheaves rather than of the transformation unit which is only about 0.2 pm in thickness.
Suppose that a sub-unit reaches its limiting size in a time period ¢, and that a time interval
At elapses before the next one is stimulated, then the lengthening rate, Vs, of a sheaf is

given by:
tc
Vo=V | —— 6.31
s l<tc+At> (©.31)

where V] is the average lengthening rate of a sub-unit.

Bainite sheaves lengthen at a constant rate although the data show considerable scat-
ter, attributed to stereological effects (Speich and Cohen, 1960; Goodenow et al., 1963;
Hawkins and Barford, 1972). Greater concentrations of carbon, nickel or chromium re-
duce Vs. The growth of sheaves seems to occur at a constant aspect ratio although thick-
ening continues when lengthening has stopped. This is not surprising since the sheaf can
continue to grow by the sub-unit mechanism until the 7} condition is achieved.

An assessment of sheaf data shows that the lengthening rate is greater than expected
from diffusion-controlled growth, Fig. 6.16. This includes measurements on Fe-Ni-C al-
loys which are frequently (incorrectly) used to justify the existence of some sort of a solute
drag effect. It has been claimed that the sheaf growth-rate is dependent on whether nu-
cleation occurs at grain boundaries or intragranularly, but this is probably incorrect since
stereological effects were neglected (Hu et al., 2014c¢); the analysis also assumed equi-
librium rather than paraequilibrium, neglected strain energies, and the interfacial energy
necessary for the calculations was not stated.

6.6.3 Growth Rate of Sub-Units of Bainite

The growth rate of martensite can be so fast as to be limited only by the speed of sound
in the metal. Although bainite grows rapidly, the lengthening rate is much smaller than
that for martensite. The interface moves relatively slowly even though it is glissile. This is
probably because of the plastic work that is done as the bainite grows. A good analogy is
to compare brittle failure in a glass, where cracks propagate rapidly, with cleavage failure
in metals which is not as rapid because of the plastic zone which has to move with the
crack tip.

The lengthening rate of sub-units has been measured using hot-stage photoemission
electron microscopy. Electrons are excited from the surface of the sample using incident
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Figure 6.16 Comparison of published data on the lengthening rate of bainite sheaves against those
calculated assuming paraequilibrium carbon-diffusion controlled lengthening (Bhadeshia, 1985a; Ali
and Bhadeshia, 1989).

ultraviolet radiation, and it is these photo-emitted electrons which form the image. The
technique can resolve individual sub-units of bainite. Fig. 6.17 illustrates a series of micro-
graphs taken at 1 s intervals, showing the growth of bainite sub-units. The measured length-
ening rate of the arrowed sub-unit is 75 ums~!. This is many orders of magnitude larger
than that calculated assuming paraequilibrium at the transformation front (0.083 ums~1).
Lengthening occurs at a rate much faster than expected from carbon diffusion-controlled
growth 2

There are interesting observations on the thickening of bainite sub-units. The thickness
can increase even after lengthening has halted. An elastically accommodated plate tends
to adopt the largest aspect ratio consistent with a balance between the strain energy and the
free energy change driving the transformation, Fig. 6.18, in order to achieve thermoelastic
equilibrium (Olson and Cohen, 1977).

Bainite plates are not elastically accommodated but it should be possible for the thick-
ness of a plate to increase at constant length if the process is captured at an early stage.
Fig. 6.18b shows a large plate of bainite which formed first followed by smaller orthog-
onal plates. The larger plate is seen to bow between the smaller plates whose tips act as
pinning points. The smoothly curved regions of the interface between the pinning points
prove that the interface moves continuously rather than by a step mechanism.

The rapid, displacive transformation leads to acoustic emissions that are not evident
with solid-state reconstructive transformations (van Bohemen et al., 2002,2003). Acoustic
emission occurs due to elastic waves generated by abrupt changes in the stress field inside

2Qptical metallography has been used to argue that the bainite transformation is diffusional (Borgenstam et al.,
2009), but the evidence is not convincing because it neglects crucial characteristics of bainite, some of which are
listed in Table 16.1.
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the steel (Wadley and Mehrabian, 1984). As such, they are naturally consistent with dis-
placive transformations. These waves can, with appropriate transducers, be converted into
electrical signals. It turns out that the frequency of emissions is significantly greater for bai-
nite than it is for martensite [Fig. 6.19 (van Bohemen et al., 2005)]. To put it another way,
the mean lifetime of events is shorter for bainite. The acoustic emissions are interpreted to
be a consequence of dislocation sources triggered by the displacive mode of bainitic and
martensitic transformation. But the motion of the bainite-austenite interface is relatively
jerky, due to the sub-unit mechanism of growth, resulting in a smaller mean free path for
interfacial dislocations. Since the original work, there have been a number of reports on
acoustic emissions accompanying the rapid formation of bainite or bainite with a midrib
of thin-plate martensite (Wozniak, 2008; Wozniak et al.,2011a,b,2012). The emissions in
those cases have been reported to be stronger when associated with martensitic transfor-
mation, which may not be surprising given the anelastic effects when the transformation
temperature is raised to generate bainite.

In some interesting work, Kuba and van Aken (2013) characterised acoustic emissions
due to the rapid melting of indium-rich particles in an aluminium matrix. Such melting is
accompanied by a volume change that is comparable to typical phase transformations in
steels. It follows that acoustic emissions are not confined to displacive transformations, but
as pointed out in that work, the volume change generates these signals only if the relaxation
of the product phase occurs in less than 1075 of a second. Such a time scale is inconsistent
with solid-state reconstructive transformations in iron, but entirely appropriate for rapidly
growing bainite sub-units. In summary, the observation of acoustic emissions accompany-
ing the growth of bainite is additional proof of a displacive mechanism of transformation.

6.6.4 Solute Drag

Solute drag is a process in which free energy is dissipated specifically in the diffusion of
solute atoms within the interface; it is in this sense distinct from the free energy dissipated
in the diffusion of solute within chemical potential gradients in the phases on either side of
a moving interface. The atoms of interest are those that in a stationary interface are said to
be segregated or desegregated in the structure of the interface. The phenomenon is similar
to the drag on dislocations when atoms are attracted to the dislocation cores. Chapter 2
contains a discussion of the atomic resolution experiments which show that there is no
excess concentration of solute at or in the bainite/austenite interface. Consequently, there
is no reason to expect solute drag effects during the bainite reaction. And indeed, there is
no evidence that solute drag effects manifest during the bainite reaction.
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Figure 6.17 Photoemission electron microscope observations on the growth of individual sub-units
in a bainite sheaf (Bhadeshia, 1984). The pictures are taken at 1s intervals during transformation
at 380 °C in a Fe-0.43C-2.02Si-3Mn wt% alloy. The micrograph at Os is fully austenitic, the relief
being a residue from an earlier experiment.
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Figure 6.18 (a) Effect of thermoelastic equilibrium on the aspect ratio of a plate with a fixed length.
(b) Bowing of ay,/~y interface at strong pinning points, particularly prominent in regions identified
by arrows (Chang and Bhadeshia, 1995b).
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Figure 6.19  Acoustic emission signal from bainite and from martensite (van Bohemen et al., 2005)
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6.7 Partitioning of Carbon from Supersaturated Bainitic Ferrite

It is favourable for the carbon that is trapped in bainite to partition into the residual austenite
where it has a lower chemical potential. Consider a plate of thickness w with a one-
dimensional flux of carbon along z which is normal to the «/~y interface, with origin at the
interface and z defined as positive in the austenite (Kinsman and Shyne, 1967). A mass
conservation condition gives (Bhadeshia, 1989):

1 o0

5111(:10 — ) = /0 [zy{2,ta} — 7] dz (6.32)
where %7 and 7 are the paraequilibrium carbon concentrations in «v and v respectively,
allowing for stored energy, and ¢4 is the time to decarburise the ferrite plate. Since the
diffusion rate of carbon in austenite is slower than in ferrite, the rate of decarburisation will
be determined by the diffusivity in the austenite. The concentration of carbon in austenite
at the interface remains constant for times 0 < ¢ < tq4, after which it steadily decreases as
homogenisation occurs. The concentration profile in the austenite is given by:

2y =T+ (27 — f)erfc{ ﬁ} (6.33)

which on integration gives:
1
2

1 w(T -2
2= —F"— (6.34)
4D (z7® —7T)
Some results from this analysis are illustrated in Fig. 6.20.
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Figure 6.20 (a) The time to decarburise a plate of thickness 0.2 um. Calculations using the
analytical and finite difference methods are illustrated. (b) The effect of adding an austenite stabilising
substitutional solute on the decarburisation time (Mujahid and Bhadeshia, 1992).

Equation 6.34 does not allow for the coupling of fluxes in the austenite and ferrite. It
assumes that the diffusivity in the ferrite is so large that any gradients there are eliminated
rapidly. A flux balance must in general be satisfied as follows:

oz® oz
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where D,, is the diffusivity of carbon in the ferrite, £ is the concentration of carbon in
the ferrite at the interface with the gradients evaluated at the interface. Since D, > D.,
z® will inevitably deviate from 7 in order to maintain the flux balance. It will only
reach the equilibrium value towards the end of the partitioning process. The gradients
in the ferrite must also increase with x7“; the partitioning process could then become
limited by diffusion in the ferrite. As a consequence, the diffusion time as predicted by the
finite difference method becomes larger than that estimated by the approximate analytical
equation when the transformation temperature is decreased or 7 increased, as illustrated
in Fig. 6.20. Typical concentration profiles that develop during the partitioning process are
illustrated in Fig. 6.21.
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Figure 6.21 The concentration profiles that develop in ferrite and and austenite during the
partitioning of carbon from supersaturated bainite (Fe-0.4C wt%, plate thickness 0.2 um). (a) 330 °C,
the time interval between the concentration contours in each phase being 0.094 s. (b) 450 °C, the
corresponding time interval is 0.007 s. (Mujahid and Bhadeshia, 1992).

The assumption throughout that during the decarburisation process 7 is fixed at the
value given by paraequilibrium between ferrite and austenite is hard to justify since = #
x*7. Hillert et al. (1993) have avoided this assumption; but the results they obtain are not
essentially different from those presented above.

6.8 Growth with Partial Supersaturation

There are three scenarios possible in principle:

(i) a transformation can occur without any composition change as long as there is a re-
duction in the free energy. The chemical potential is then nonuniform across phase
boundaries for all of the atomic species. A net reduction in free energy is 