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The microstructure of high-strength weld deposits has been investigated using
thermodynamic analysis and phase transformation theory, backed by experimental
confiration. The microstructures of both the fusion and reheated zones of multirun alloy-
steel weld deposits have been studied. The transformation mechanism of acicular ferrite
ha.sbeenmblished.mdathcoryforreumcnilisaﬁoninswclwelddcposilshasllso
been proposed. In addition to the studies on weld metals, some model alloys were
fabricated and tested in order to confirm some of the predictions made by the new theory
for rcaustenitisation.

All the weld metals studied in this investigation possess good hardenability, The
primary microstructures of the fusion zone of these weld deposits consist mainly of
acicular ferrite with very litde allotriomorphic ferrite, Widmanstiitten ferrite or
microphases, Using transmission electron microscopy, it was confirmed that acicular
ferrite had in three dimensions, a thin-plate morphology. In addition to intragranular
nucleation on inclusions, acicular ferrite also nucleates sympathetically, giving rise to an
interlocking formation of lenticular plates, The microstructure of the reheated zones in
u\esemumnmwcldshasluobememhnd.mdfwndwbebmdedduewmoyins
element segregation during solidification.

It was found that the formation of acicular ferrite at any particular transformation
temperature ceased as the carbon concentration of the residual austenite made further
diffusionless transformation thermodynamically impossible, and that the transformation
exhibits an “incomplete reaction phenomenon”. The maximum extent of the acicular
ferrite transformation increased with undercooling below the bainite-start temperature. The
growth of acicular ferrite is consequently diffusionless, with carbon partitioning into
mtameanctthcmnsfonnationevem.Inmisrcspea.aclmlufumeisfmmwbc
identical to bainite. Its morphology differs from that of bainite simply because the former
nucleates intragranularly at inclusions within large austenite grains and because of hard
impingement between acicular ferite plates nucleated on adjacent inclusions. It is
concluded that acicular ferrite is in fact bainite which nucleates intragranularly within the
large austenite grains typical of weld deposits,

Reaustenitisation of high-strength weld deposits, beginning with a microstructure of
Just acicular ferrite plus austenite, or bainite plus austenite has been studied under
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isothermal conditions and in circumstances where the nucleation of austenite is not
necessary. It is found that the reverse transformation from acicular ferrite (or bainite) to
austenite does not happen immediately the temperature is raised (above that at which the
acicular ferrite formed), even though alloy may be within the a+y phase field.
meﬂduﬂono:ﬂyoccurswhenmealloyisheaedtolwmpuamuwhmmecubon
concentration of residual austenite exceeds the yla+y phase boundary. Complete
transformation to austenite only occurs at a temperature where the alloy composition
equals the austenite equilibrium composition. These results follow directly from the
mechanimofﬂwulanuferﬁ:cmfbmmonmdmaﬂybeexplmuadmw
ferrite growth is diffusionless.

A theory of kinetic isothermal reaustenitisation for starting microstructures acicular
ferrite plus austenite, and bainitic ferrite plus austenite has also been proposed, and found
to be in very good agreement with experimental data, It predicts that for a specific
amount of reaustenitisation, the transformation time taken is govemed not only by the
parabolic growth rate wmmtotwmkebutabothcsurfmmofaﬂbowduypa
unit volume.

Reaustenitisation in a silicon steel has also been investigated. It is found that the last
stages of reaustenitisation, which involve long-range diffusion, are tortuously slow. The
decomposition of residual austenite during a slow heating has also been studied,

mmicmmcmmofﬂwheam‘eaedmodjwcmtomecappinglamofa
multirun weld has been studied. It is found that as the austenite grain size decreases, the
rate of allotriomorphic ferrite formation increases significantly,

The work provides a basis for the development of computer models for predicting the
complete microstructure of steel weld deposits.
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NOMENCLATURE

Braces are used exclusively to denote functional relations; X(T) therefore implies that

T is the argument of the function X,

(41 allotriomorphic ferrite

[ 39 Widmanstitten ferrite

oy acicular ferrite

oy bainite

Y austenite

§ delta-ferrite

oy parabolic thickening rate constant

Aey  equilibrium y{a+y) phase boundary

Aey equilibrium o{a+y) phase boundary

Ae3  paraequilibrium y(a+y) phase boundary

Acy parsequilibrium o/{a+y) phase boundary

Ary upper temperature limit of the a4y phase field during cooling

Ary lowertempcuumnmuormcaﬂphmﬂeldduﬁngwoung

Acy upper temperature limit of the a+y phase fleld during heating

Ac;  lower temperature limit of the ce+y phase field during heating

To temperature at which austenite and ferrite of identical composition have the same
free energy

To temperature at which austenite and ferrite (with a certain amount of stored energy
associated with transformation strains) of identical composition have the same
free energy

We Widmanstitten ferrite start temperature

bainite start temperature

martensite start temperature

time

absolute temperature

relative length change during isothermal transformation

maximum relative length change observed during isothermal transformation
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% Lm!ce parameter of ferrite at ambient temperature (25°C) measured by X-ray
iffraction

Ay lattice parameter of ferrite at reaction temperature

l' lattice parameter of austenite at the beginning of an isothermal transformation
ay lattice parameter of austenite at any stage of an isothermal transformation
®a  linear expansion coefficient of ferrite

ey linear expansion coefficient of austenite

X average carbon concentration of alloy

X concentration of alloying element i

S amount of carbon locked up in ferrite either as carbides or in solution
k; partitioning coefficient for alloying element i

Ty temperature at which acicular ferrite forms

'l‘7 temperature of isothermal reaustenitisation

1‘.{1 minimum temperature at which reaustenitisation commences

TYZ minimum temperature at which alloy becomes fully austenitic
equilibrium volume fraction of austenite

X.Y carbon concentration of austenite

x; carbon concentration of residual austenite when the formation of acicular ferrite
ceases

XT; carbon concentration given by the Ty curve
er3 cubonoonocmmiongivcnbymer_;curvc




Chapter One

1.1 Introduction

During the past few years welding has assumed an even greater role in the fabrication
of metals, chiefly because of the development of new alloys with enormously increased
strength and toughness. However, while considerable progress has been made in the
development of steel weld metals largely by an empirical approach, it has become
apparent that substantial further improvements were unlikely to be made with this
expensive approach without paying careful attention to the development and control of
weld microstructure.

The microstructure of steel weld deposits is complex, and its investigation has evolved
somewhat scparately from that of mainstream of steel rescarch. Indeed, there are
considerable problems in identifying microstructural constituents which differ in
transformation mechanism rather than just in morphology. The large number of variables
associated with the welding process has even made it difficult to quantitatively understand
the microstructure. The development of the optimum microstructure also entails
considerable empirical and increasingly expensive experimental work, For this reason, a
properly developed model is a basic requirement for relating processing conditions to the
microstructure and properties of welds. A computer model for the prediction of the
microstructure of the fusion zone in low-alloy steel weld deposits has been established
(1], but there are many approximations, and it needs to be refined. As to the reheated and
heat affected zones, no proper model has yet been proposed, and much further research is
necessary.

This work is an attempt to understand the development of microstructure in high-
strength steel weld deposits, focussing on the as-deposited and reheated zones of multi-run
welds. The microstructure of a steel weld deposit is first surveyed, and the respective
phase transformation mechanisms are considered in detail. It will be shown later that the
most desirable phase found in welds, acicular ferrite, is in fact intragranularly nucleated
bainite, 50 a review on the bainite transformation is also presented. The reheated zone of
a weld deposit undergoes reaustenitisation to varying degrees and a survey of
reaustenitisation is also included. Finally, the microstructure of the heat affected zone in
the parent metal is also reviewed,




1.2 Solidification Structure of Weld Deposits

Solidification in low-alloy low-carbon steel weld deposits involves the epitaxial growth
of delta-ferrite (8) from base-plate grains at the fusion boundary [2-5]. Due to the
constitutional supercooling (Fig. L1) and the high thermal gradients present in arc
welding, solidification proceeds in a cellular manner [6-8). The resulting 8-ferrite grains
have an anisotropic columnar morphology, with their major axes following the direction
of maximum heat flow. They grow towards the centre of the weld pool, and solute
segregation occurs along their boundaries (Fig. 1.2a). On further cooling, austenite ()
aliotriomorphs nucleate (Fig. 1.2b) at the delta-ferrite boundaries and further anisotropic
austenite growth along delta-ferrite boundares leads to the formation of columnar
austenite grains (Fig. 1.2c) which closely resemble the original delta-ferrite morphology.
Because of the complex nature of heat flow during arc welding, the isotherms that exist
during solidification are in general differently oriented when compared with those present
during the 8—y transformation [9). In these circumstances, the columnar y grains can
curve away from the growth direction of the original § grains. The daughter austenite
grains can sometimes be finer than the delta-ferrite grains if the nucleation rate at &8
grain boundaries is high [1,10). If the cooling rate, carbon level or the substitutional alloy
content is sufficiently high, then y is the first solid to form, and austenite grains grow
cpitaxially from the fusion boundary into the melt 10 form the classical columnar

morphology [11-13].

Because the y grain size is quite large (sbout 100um wide, 3000 um long in the form
of a hexagonal prism) [14), nucleation both at y boundaries and within the grains can
become important during cooling of the weld deposit. The y grain size and shape is
important in determining the nature of subsequent transformation products such as
allotriomorphic ferrite (), Widmanstitten ferite (o) and acicular ferrite (o) (to be
discussed later). Bhadeshia et al. [1] have demonstrated quantitative relationships between
the y grain size and the volume fractionsof allotriomorphic, Widmanststten and acicular
ferrite obtained in the as-deposited microstructure, Owing 1o the columnar structure, the
epitaxial ‘nucleation’ events, and the cellular nature of the solidification front [15),
Bhadeshia et al. assumed that the morphology of columnar y grains could approximately
be represented by space-filling hexagonal prisms of length ‘C' and cross-sectional side
length "L/2" where C >> L (Fig. 1.3). This representation is an approximation, since the
columnar grains often curve over long distances, due to the nature of heat flow in weld
deposits, However, the importance of austenite grain size becomes clear in this

representation, since [1]

(i) the volume fraction of allotriomorphic ferrite when processes at the ends of the




hexagonal prism are ignored, is related o L as
Vg = (8qC; (L - 2q0)) 12 (1R))

where q is the allotriomorph half-thickness and C; is tan30", and
(ii) the volume fraction of Widmanstiitten ferrite is related to L as

Vo = (C4 G (L - 49C) 212 a2

where G is the lengthening rate of Widmanstitten ferrite and ty and Cg4 are
complicated functions of nucleation rate etc.

Several authors [16-19) have suggested that an increase in inclusion content should,
owingwbounduypimﬂng.ladwadecmmﬂwymhsinotawddeposit.m
volume fraction of inclusions in a weld is known to correlate directly with the total
oxygen content of the weld [17,20] since most of the oxygen is present in the form of
oxides. Harrison et al. [16-19] reported experiments in which welds with different oxygen
concentrations were reheated into the y phase field, and held there to allow grain
coarsening. The resulting equiaxed ¥ grains were found to decrease in size with increasing
oxygen content. However, this is not relevant to the as-deposited weld microstructure
because their experiments deal with reheated weld metal, the y grain size being controlled
byawmﬁngwﬁwdﬂvmbydwﬂaﬂwemmpermmvdmadﬁvmrm
amounting 1o only a few Jmoll. The driving force for the formation of y from &-ferrite
on the other hand is relatively large, and increases indefinitely with undercooling below
the equilibrium transformation temperature; pinning by inclusions cannot be effective in
mchcimmmmndnuldabobcmwdmaevmiruncolumwygnmsfom
directly from the melt by cellular solidification, the cell size at the solid-liquid interface is
determined by interface stability [15] in the concentration field ahead of the interface.
Oxide and other inclusions which are present in the liquid become passively included in
the solid by being trapped at the advancing interface, and do not seem to play any role in
influencing the cell size.

In recent research [1,2), there is strong evidence that oxygen content (121 to 418
pp.m. by weight) does not determine the size of austenite grains in the as-deposited
microstructure,




1.3 Transformation from Austenite in Steel Weld Deposit

There is a considerable literature about the study of alloy sieel weld deposits.
However, some of the terminology on microstructures in weld metal, which has been used
in research institutes or industries, is ambiguous. For example, allotriomorphic ferrite
(Dub¢ classification{21]) is sometimes called ‘“grain boundary proeutectoid ferrite' or just
“'grain boundary ferrite'’, but these terms fail 1o distinguish between Widmanstitten
ferrite and allotriomorphic ferrite, both of which can form above the cutectoid temperature
and at austenite grain boundarics. This literature survey is intended 1o describe the
morphologies of microstructures in weld metals and to summarise their transformation
medunhunwtncnlheymkmmInuypicalsleelweldmcm.meptmcomistof
allotriomorphic  ferrite, Widmanstitten ferrite, acicular ferrite, idiomorphic ferrite,
microphases and inclusions,etc,

1.3.1 Allotriomorphic Ferrite (o)

Allotriomorphic ferrite (o) is the first phase to form during the cooling of low-alloy
steel weld deposits to temperatures below the Aeq temperature [22-24). The ferrite usually
nucleates heterogeneously at the boundaries of the columnar austenite grains, and these
boundaries rapidly become decorated with virtwally continuous layers of polycrystalline
ferrite. The morphology of this ferrite is like a layer and does not reflect its crystal
symmetry [25]. Many of the grains are expected to have a rational orientation relationship
with one of adjacent austenite grains.

In plain carbon steels, allotriomorphic ferrite is a dominant phase over wide ranges of
composition and temperature. Classically, it used to be the view [2627] that
transformation occurs with a nuclei forming a partially coherent interface with only one
adjacent austenite grain, while a random relation exists with the other. The well matched
interface, possessing low energy, is then postulated to move by the displacement of
ledges; while the other relatively higher energy interface is supposed to be displaced by
the continuous motion of the whole interface. It is now known that a ferrite nucleus can
have rational orientation relationships with both the adjacent austenite grains in some
cases, as pointed out by Hillert (28]. The growth of c has been shown [29,30) in general
1o be a diffusion-controlled process.

lnmecaseofwclddcposm.whichscmnnyeomainavaylowcalbonmd
substitutional alloy content in order to avoid cold cracking, the time for « to saturate the
Y boundaries is so small that the formation of much of the a essentially involves the
diffusional thickening of layers of grain boundary allotriomorphic ferrite [31]. For this
reason, it is reasonable (0 model this transformation simply in terms of growth (Fig. 14a)




with the growth occurring by the normal migration of planar austenite-ferrite interfaces,
leading to the thickening of the layer of o

If it is assumed that the growth of the layers of « is diffusion-controlled (diffusion of
carbon in austenite), and that for alloy steels the transformation occurs under
paracquilibrium conditions (32), then for isothermal transformation the volume fraction of
allotriomorphic fthe(Va)slmldmﬁIﬂydepmdonlheptnbolicmemmal.
defined [33] by the equation:

q=ay (03 a.3)

where q is the allotriomorphic ferrite half-thickness and t is the time, defined to be zero
when q = 0. Most steel weld deposits are at least quanenary alloys, and the diffusion
control could arise from the diffusion of carbon or of substitutional alloying elements
[34). However, for alloys higher than temary alloys, the complexity of treating multi-
component diffusion is beyond reason [35]. It is noted that the growth of & in dilute
steels occurs without the bulk partitioning of substitutional elements [36), especially when
the growth rates involved are large [34,37), as is the case for weld deposits. In these
circumstances, ferrite growth can occur at a rate controlled by diffusion of carbon in the
mtaﬁtea!mdo!d\eimetfwc.Bwaeul.ﬂl]hmammedumagrmhm
by a carbon diffusion-controlled paracquilibrium mechanism [32] so that substitutional
clements do not partition at all between the phases; subject to this constraint, carbon
puﬂtkmmmexmwﬂdnﬂowsitsdunhlpowumwbcidmﬂcalmmplme&lt
is believed [31] that for low-alloy steel weld deposits, most of the variation in volume
fraction of allotriomorphic ferrite (V) as a function of composition can be rationalised in
mmsofﬂwmboucmickmhgmamnal. Having calculated q. the volume
ﬁwmotﬂlmﬁomocplﬂcfaﬂw(va)hgimhommicdmmw
equation L1,

Vg = (8qC) (L - 2q0))12 @

However, the above theory consistently underestimates the amount of allotriomorphic

ferrite. That procedure works well if the calculated volume fraction is multiplied by a
factor of about two [1), as presented in equation 1.4:

Vg = 2.04 [8qC,(L-2qCVL2) + 0.035 (14)

Evidently, the major assumption, which causes underestimation, is that Y boundaries
become decorated uniformly with a thin layer of @, the o then subsequently thickening

5




nounalmmcygnlnbomdary.lnsomemhﬁvdyhuvuymoyedwﬂdsmhk
unjustified since discontinuous layers of « are observed [38). Even when uniform and
continuous layers of o are observed, the ecarly stages must involve a faster rate of
transformation since growth is initially not confined 10 one dimension. It is only when
site-saturation follows that the model of one dimensional allotriomorph thickening should
be a good approximation.

Recently, Bhadeshia et al. [39] have presented a new model (Fig. 1.4b) in which the
allotriomorphs prior to site-saturation are modelled as discs parallel 0 the austenite grain
boundary planes. Because allotriomorphic ferrite formation is compiete within a few
seconds, soft impingement between allotriomorphs growing from opposite grain
mmmmudnmmrmnﬂsmemodukummotmmumm
uulysishubemdmnwbeabwcrmxhnwmutdlsabohdepcmwdcy
grain shape. The following equation shows the relations for this model [39].

-1n (1-8) = 25,8) (@;15) £ (8, nay, I, 1) as)

where § =  the volume of allotriomorphic ferrite (&) divided by its equilibrium volume,
Sy = surface area of « per unit volume,

¢ = volume fraction of & at equilibrium,

N = ratio of length to thickness of allotriomorph,

@y = parabolic rate constant, and

f {6, n @, Ig,t]} is a complicated function of parabolic rate
constant and grain boundary nucleation rate per unit area etc.

This new theory has been developed to allow the calculation of the volume fraction of
allotriomorphic ferrite in welds, even when site saturation does not occur at an early stage
of transformation,

The formation of fairly uniform layers of allotriomorphic ferrite at the columnar
austenite grain boundaries is generally accepted to be detrimental to toughness [40-42].
The continuous layers of such ferrite seem to offer little resistance to crack propagation.
Increasing the hardenability of weld metal by addition of alloy elements such as Mn, Cr,
Ni or Mo to filler metal substantially decreases the amount of allotriomorphic ferrite to
the point of extinction. It would be interesting to investigate the optimum alloy addition
by alloy design.




1.3.2 Widmanstdtten Ferrite (o)

It is believed [41,43,44) that during continuous cooling, the transformation temperature
of ay, is just below that of allotriomorphic ferrite, In a typical steel weld deposit, there
are usually two kinds of Widmanstitten ferrite 10 be found. Secondary Widmanstitten
ferrite nucleates at the allotriomorphic ferrite-austenite boundaries and grows as sets of
parallel plates separated by thin regions of austenite, the latter subsequently being retained
to ambient temperature or partially transforming to manensite and/or pearlite. These small
Quantities of retained-austenite, martensite and degenerate pearlite mixtures are called
“microphases” [45]. The Welding Institute therefore refers to this Widmanstiitten ferrite
and its associated microphases as “Ferrite with Aligned Martensite-Austenite-Carbide"[45).
Primary Widmanstéitten ferrite can nucleate directly from austenite grain boundaries which
are not covered by allotriomorphic ferrite, although its growth mechanism is identical to
that of Secondary Widmanstitten ferrite. Widmanstitten ferrite was also thought to form
within prior austenite grain [46), and Dubé had classified this morphology as intragranular
Widmanstitten ferrite [21). However, there is still no conclusive evidence for this in terms
ofxﬁﬂmbningcxpcﬁmmatnillsmgguzedmuawmwm from allotriomorphic
ferrite or from austenite grain boundary is favourable.

On an optical scale, &, possesses a plate shape with a thin wedge section [47]. The
fomuionolawhalsoweanpuuedbylshnpeclmme(ﬂ.“].mempedmlgeduew
a single wedge of Widmanstitten ferrite consisting of two adjacent and approximately
opposite invariant-plane strain deformation. The surface relief of @, transformation
supports the view that in the process of a,, growth, atomic correspondence is maintained
uleasxrorwbstitutionalaxoms.msmdwelddepodu.awplmlmmappmnpect
ratio (length/thickness) of 20/1 or greater [49,50), but there are no quantitative data about
its length and thickness. Bhadeshia (41] has measured the average length and thickness of
@y, in Fe - Ni - Si - C steel, and the mean values were found to be about 156 um and
1.4 um respectively, after considering sectioning effects. Using the aspect ratio, the shape
strain data and clastic constants, the strain energy of o, has been calculated (47) as about
50 J/mol. At high temperatures, it is impossible for the ferrite plate to grow on its own,
simcﬁns:mlnmydm&dwdnpedumewouldfucweeddnnaﬂabledﬁvmg
force. Hence the reaction involves the simultancous and adjacent co-operative growth of
two plates, which are crystallographic variants whose shape changes cancel each other,
drastically reducing the strain energy term. Both the adjacent variants of Widmanstitten
plate have been known to possess a rational KS-NW type orientation relation with
austenite (25). Because o, forms at the low undercoolings, the diffusion of carbon during
growth is thermodynamically necessity; however this redistribution of carbon does not




affect the shape change or the displacive* [51) character of the transformation. It is
belicved[47]tlmawalwayshasmequmbﬁumaﬂmcomcmmdmwsnlcomm
meoonuouedbythediﬂusionofcubonlnthemﬁwaheadofmeplmdp.

In the microstructure of Jow-carbon low-alloy steel weld metals, the volume fraction
(Vi) of Widmanstitten ferrite can be estimated by considering the Widmanstitten ferrite
(omdcatcaquboundaﬁamdmwimottzlmeﬁorofﬂweolummmmmwﬂm
wmmummwumwmmmd&mmw
Assuming that the o, nucleation rate per unit area of oy interface is constant, the
volume fraction of Widmanstiitten ferrite is given by [10]

Vi = (C4 G (L - 40'Cp) 1,212 (.6)

where C4 = a constant independent of alloy composition,
G = lengthening rate of o,
L/2 = cross-sectional side length of hexagonal austenite grain,
qQ" = a comrected value of a thickness,
t = the time interval in which o, grows.

Aslomcmechanicalpmpcnies.o,,inwelddeposiuhgumnyngndedum
uwednbleomsﬁmaubecmilhwkvedmladmmmcmmg!m[ﬂsn

1.3.3 Acicular Ferrite ( &)

Acicular ferrite has been known 10 be the most desirable microstructural consistent in
steel weld metals because its presence directly correlates with improved toughness
[53,55]). However, acicular ferrite is not included in the Dubé classification [21], and is
not in general fomdinwmuglusteels.a.isclunaedsedbyﬁncdoruedplmletsof
ferrite amanged- in an interlocking pattem [40), i.c., non-parallel plates within the
columnar austenite grains. It has been suggested that most of acicular ferrite is about 1lum
thick [56), and with an apparent aspect ratio (lengththickness) of 3/1 - 10/1, but these
measurements do not account for stercological errors. Some authors [56-58] have
proposed that the orientation between adjacent acicular ferrite plates results in a “high-
angle™ interface between the plates. Ito et al. [57] showed the angle was 26° in their
rescarch, ltismwdﬂmunoﬁmﬁonrdationslmldhacludebothmuisuﬂmmﬂe
to form a complete description [59]. Some authors [56,58] have also suggested that
individual acicular ferrite plates contain a relatively high dislocation density, however,

b hmm,mmmmlum“mmmmmmm
the interstitials diffuse; this is displacive transformation.




there are no quantitative data on this. It would be interesting to examine in detail the
orientation relation and boundary structure between adjacent variants, and dislocation
density of acicular ferrite as compared with other transformation products. It is believed
[60,61] that acicular ferrite nucleates intragranularly at inclusions, and it has also been
suggested [62] that the fine interlocking nature of acicular ferrite is due to sympathetic
nucleation [63) of ferrite, during which the austenite/ferrite interface could also become an
active nucleation site for further ferrite transformation.

The transformation mechanism of acicular ferrite [64,65) has now been studied in
detail. Acicular ferrite seems to be bainite which nucleates intragranularly within the large
columnar austenite grains. The acicular femite plates form by a diffusionless and
displacive transformation mechanism, and immediately after plate growth, carbon is
partitioned into the residual austenite. Acicular ferrite differs morphologically from
classical sheaf-like bainite simply because acicular ferrite nucleates intragranularly at point
sites, and is limited also by hard impingement with other plates which form on
neighbouring sites. In relatively pure alloy not containing large numbers of inclusions, the
bainite nucleates from austenite grain boundaries and classical bainite sheaves form.
Acicular ferite requires the presence of inclusions to enable intragranular nucleation, and
willowﬂyfomwhenmemstuﬁtcgninsizelsmlaﬁvchme.sothucvmuodglnm
from the grain boundaries do not swamp those occurring intragranularly. Intragranular
mduﬁmmhclmimhnahisbuacﬁvaﬁonewgyoompcmdﬁmpﬂnbounduy
nucleation [66] so that the number of grain boundary site must be minimised to obtain
acicular ferrite. The results on thermodynamics of acicular ferrite transformation in alloy-

steel weld deposit are presented in Chapter Three.
1.3 4 Inclusions

Inclusions in weld metals primarily originate from oxides formed during weld
deposition, or from the unintentional trapping of slag forming materials (silicates and
sulphides) which are used to protect the molten metal during welding. The mean inclusion
diameter in low-alloy steel weld deposit can typically be about 0.3um [60,61], although
some inclusions as large as Ipum [67) are sometimes found. The size distribution of
inclusions, together with volume fraction measurement, can be realistically determined by
using replica techniques and the electron microscope, because 0.3pm inclusion size is at
the lowest limit of resolution of optical microscope. The inclusions in welds probably
comprise mixed oxides, nitrides, silicates or sulphides which could contain Fe, Mn, Ti,
Al, B, Mg, and Ca etc. [61,62,68]. The chemical compositions of inclusions are very
complicated, depending on the processes of fusion welding. Generally the volume fraction
of inclusions correlates with the total oxygen content of the weld, because most of the




oxygen is present in the form of oxides and most of the inclusions are oxides. Inclusions
act as stress concentrators and crack nucleation sites [69] in weld metals, so their content
shouldbekepnotminimmn.mlbcomerhmd.itisabobelkvedﬂmﬂnymaym
as nuclei for the formation of acicular ferrite, a most desirable phase from the point of
view of toughness. In order to reach an optimum inclusion content with the right size
distribution, it is essential that a method is developed for quantitatively predicting the
important characteristics of inclusions in welds,

Recently, it has been found [70) that in steel weld metals relatively large inclusions
segregate preferentially, during solidification, to the columnar grain boundaries of the first
phase 1o solidify, whether this is 8-ferrite or austenite. For a steel solidifying as 5-ferrite,
the subsequent transformation to austenite would cause the inclusions to finish up in or
near the centre of the columnar austenite grains, It should also be noted that the high
cooling rates associated with most arc-welding processes causes non-equilibrium
solidification so that the final weld is compositionally heterogencous. The influence of
such segregation relative 1o the position of the inclusions on the final microstructure
should be rather important. However, the subject has not yet been studied.

Ito et al. first proposed [71] that the microstructural component present in a given steel
weld metal was dependent on the oxygen content. They showed that in Fe-Si-Mn-Ti-B
weld metal, at an intermediate oxygen level (270ppm) acicular ferrite structure was
formed, while bainitic ferrite structure was apt to appear at low oxygen levels (60ppm),
and allotriomorphic ferrite and Widmanstiitten ferrite were formed predominantly at higher
oxygen contents (440ppm), although there is no evidence at present whether inclusions
enhance the grain boundary nucleation rate of allotriomorphic ferrite and Widmanstitten
ferrite as well. Some authors [56,60,72) have proposed that the surface energy between
the matrix and inclusion (composition, coherency and crystallinity considerations) and the
high strains developing around particles during weld metal shrinkage on cooling are likely
to enhance ferrite nucleation. It is expected in this respect that more detailed information
will become available as analytical techniques progress.

1.3.5 Microphases

The microphases in weld metals correspond to carbon rich regions, which are the last
volumes of austenite to transform. Microphases can be found among the non-parallel
plates of acicular ferrite, and appear as fine dispersions of islands [73) under the light
microscope. On the other hand, thin layer like microphases are located between the
parallel plates of Widmanstitten ferrite, and the Welding Institute therefore refers to this
Widmanstitten ferrite and its associated microphases as “Ferrite with Aligned Martensite-
Austenite-Carbide™ [45,74). It is reasonable to conclude that the microstructures of
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microphases depend upon the degree of carbon enrichment. Rejection of carbon by the
growing ferrite grains stabilises the surround austenite. Eventually, after mutual
impingement of femrite grains, entrapped austenite transforms to martensite of degenerate
pearlite or is retained to ambient temperature. The volume fraction of microphases may be
eaimawdbyequaimittoﬂwunmofaunaﬂtcmﬁrﬁngmmamfonnedadnms
temperature. There is no quantitative information about how the microphases influence the
properties [74-76], but it is evident that a large volume fraction of microphases should be
detrimental to the toughness of the weld metals,

1.3.6 Idiomorphic Ferrite

Idiomorphic femrite [21] has a roughly equiaxed morphology, and usually forms
intragranularly, presumably at inclusions or other heterogencous nucleation sites.
Idiomorphic ferrite is also sometimes thought to form [46,74) in steel weld metal (often
classificd as “intragranular polygonal ferrite™). However, there is no systematic work to
prove that the observed effects do not arise as a consequence of sectioning effects. In any
case the amount of idiomorphic ferrite reported in normal Fe-C-Mn-Si weld metals is very
small or completely absent.

1.4 Model of Microstructure in Weld Deposits

A convincing model for the prediction of the microstructure of the fusion zone of steel
welds has been proposed by Bhadeshia et al. [1,31,77-79]. This model has been tested
successfully for Fe-C-Si-Mn, Fe-C-Si-Mn-Cr, Fe-C-Si-Mn-Mo and Fe-C-Si-Mn-Ni alloy
steel welds. A brief description of this model is given below.

In this model the morphology of prior austenite grains it is assumed can be
approximated as hexagonal prisms. Fig. 15 illustrates schematically the development of
microstructure in_the low-alloy and high-alloy weld deposits. The hexagons represent
cross-sections of columnar austenite grains whose boundaries first become decorated with
a uniform layer of polycrystalline allotriomorphic ferrite (@) and Widmanstitten ferrite
(o) growth follows later. Depending on the growth rate of a,,, the a, then impinges
with o on the opposite boundary in the case of low-alloy deposits, or with acicular ferrite
(cr,) nucleated on inclusions (black dots) in the case of relatively high-alloy deposits. The
microphases originate from the decomposition of residual austenite, which was originally
between the interlocking acicular ferrite plates or between the parallel Widmanstitten
ferrite plates.

The flow chant (Fig. 1.6) demonstrates the steps involved in the calculation of the
microstructure for this model. At first, it requires an input of chemical composition, the




austenite grain parameters and the cooling curve of the weld deposit [73), over the
temperature range 800-»500"C. Having established the input data, the next step involves
the calculation of a multicomponent phase diagram, time-temperature-transformation
(TTT) and continuous-cooling transformation (CCT) curves, which when combined with
the cooling rate equation [77) gives the various reaction-start and finish temperatures. Ty
and Ty are the temperatures at which allotriomorphic ferrite formation begins and ends
respectively, and M, B, W are the thermodynamically calculated martensite, bainite and
Widmanstiitten ferrite start temperatures respectively. The volume fraction of
allotriomorphic ferrite can be predicted by assuming the parsequilibrium thickening of
layers of ferrite [1], and is given by equation 1.4. Widmanstitten ferrite is the next phase
to grow on further cooling and its volume fraction V. is given by equation L6.

Vg = 2.04 [8qC,(L - 2qC)VL2] + 0.035 (14)
Vi = C4G (L - 4qC 22 (1.6)

whethismehalr-michmotmealayanuwywnboum«.oisthcawmmh
nwu:dtziswdmeduﬂngwhicha,,gmm.lnuwuowdnn.tl is the time available
foragmwm.mdl3isthctimcmqulndfo:mawplaclozmwmaygxﬁmgivcn
by:

13 -(Lsin60’-2q))0 (L7

To account for physical impingement between o, and o, a further time interval L is
dcﬁned;in:,<(¢,awgromhoecunewnlallywimomimpingmmam12-t3.lfon
the other hand t3> t, then t) = (., and &y, plates can only grow to a length Gt, before
gmwthhleminuedbyphyxicalimplngemcmwitha.plmmtcvﬂueanbc
determined by fitting egs. 1.4, 6 and 7 to data from one weld.

The microphases originate from the decomposition of residual austenite to degenerate
pearlite and/or martensite, and their volume fraction (Vi) may be estimated by equating
it to the amount of austenite remaining untransformed at the M temperature. The quantity
ofycanbeulcuhledbytsmingﬂma.awmdo,I’omtomcmlxhnumexwm
specified by the lever rule as applied to the Aey and Aey' lines at the My temperature.
Hence, it is assumed that ferrite formation proceeds until the carbon content of the
residual austenite reaches Aey’, so that Vpn in general represents the minimum possible
estimate of microphase content. This should be a good approximation for the low-alloy
steels since the rate of transformation is very high. After estimating Ve the volume
fraction of acicular ferrite (V,) can be calculated by:
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Va=1-Vg-Vy-Vpy (8)

Published experimental data on the variation of microstructure have been analysed
using this model for the development of microstructure in low-alloy steel weld deposits
[1.31,77-79]. Although this model is in many ways approximate, the results are on the
mkmmmmmmum.ﬂmm.llwmumbemquﬂmm
model in the light of further experimental results and theoretical developments.

LS Role of Alloying Elements in Transformation Kinetics

The composition of weld metals is decided by many factors, including the composition
of the filler wire, factors such as dilution from the base plate, flux chemistry, sheilding
gases etc. However, typically the final composition of deposit lies between that of the
ﬂuetmemlmmebuemcnllnnmummmeccr(m“soooﬁng
transformation) curves or TTT (isothermal time-temperature-transformation) curves can
effectively be controlled by careful choice of alloying elements. The effects of alloying
clements on the hardenability of steel is related directly to their effects on the nucleation
and growth kinetics of allotriomorphic ferrite and other austenite decomposition products.
Usually the kinetics of the allotriomorphic ferrite transformation is a principal
consideration.

The study of the growth kinetics of allotriomorphic ferrite in Fe-X-C temary system
(X is a substitutional alloying element) has been the subject of a great deal of interest in
the past two decades [80). The effect of alloying elements on the transformation of
austenite [34,80-83] has been studied considering the behaviour of an alloying element in
mmanmMmhMm.mmuwwmhmfmwudMst
its intrinsic mobility (related 1o the process of atom transfer across the interface) and on
the case with which any alloying element partitioned during transformation diffuses ahead
of the moving interface [25). Both of these processes dissipate the free energy (AG)
available for interface motion; when AG is mainly used up in driving the diffusion of
solute ahead of the interface, growth is said to be diffusion-controlled. On the other hand,
interface-controlled growth occurs when most of AG is dissipated in the process of atom
transfer across the interface.

These concepts can be easily illustrated in terms of the formation of allotriomorphic
ferrite from supersaturated ¥ in a Fe-C alloy isothermally transformed in the & + y phase
field at a temperature T. The notation used is defined as follows: the mole fraction of an
clement i (i = 1,2,3 for C,X,Fe respectively, where X is a substitutional alloying element)
in a phase & at the oy interface is written xf*, with xf representing the mole fraction of
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i in &, when a is in equilibium with y. In the same manner, ¥ and xJ™ are defined. ¥;
refers to the average mole fraction of i in the alloy concerned. For isothermal growth of
ferrite of composition x;™Y involving the movement of a flat oy interface, the total
composition difference between the ferrite and austenite remote from the interface may be
written [25]:

Ay = Ax, + A+ Axp (1.9)

where A, = ™™- ™
Sip= %1- %7

Ax.isﬂwdiﬁemofmolcﬁmimofmbonbﬂmnymdamthecquilibrium
swe.AxlMAxDmmledwthefmmiuGldeDdislpuedinmemfm
anddirﬁuionpmom.mpectively.mhumGD-OwhmAxD-OandG]=-0when
Axy = 0. Similarly, AG is related 10 (A, - &) and is zero when x, ™™ = ¥,

Actually the rate of interface motion is always under mixed control (since the two
processes are in series) but it is said to be diffusion controlled if |Axp|>>|ax| and
because variations in interface parameters have virtually no effect on velocity. In the same
way, interface control implies that | Ayp, |<<|ay;| and variations in diffusion parameters
then have a negligible effect. True mixed control implies that Axp and Ay are of
comparable magnitude.,

The diffusional growth of allotriomorphic ferrite (&) during transformation in the c+y
phase ficld involves the partitioning of carbon. If it is considered that the interface moves
at a rate which is under mixed diffusion- and interface-control, then a possible carbon
concentration profile developed at the oy interface can be illustrated in Fig. 1.7, However,
a reasonable approximation for diffusion-controlled growth is that the compositions of the
phase in contact at the interface are in equilibrium. This is because Ay is relatively small
for diffusion-controlled growth. Subject to this approximation, local equilibrium is said to
exist at the interface, This involves the assumption that the whole of the concentration
gradient can be divided up into a large number of thin slices (or sub-systems), each of
which has a definite concentration, so that each of the sub-systems can be considered as if
it were in local equilibrium, These assumptions are valid if perturbations from equilibrium
are not 100 large [84] and they allow the application of classical equilibrium
thermodynamics to steady-state situations like the imeversible process of diffusion which
actually arises due to the lack of equilibrium. It is a common assumption that we may
apply equilibrium thermodynamics locally [85),
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In Fe-X-C temary systems (X is a substitutional alloying element), the diffusion-
controlled growth is complicated by the fact that both interstitial and substitutional atoms
diffusion occurs during transformation. The respective diffusion coefficients differ
substantially and this combined with the assumption of local equilibrium at the interface
leads to a variety of possible growth modes [34,35,80-83). These models are discussed as
follows.

1.5.1 Diffusion-Controlled Growth of Ferrite in Fe-X-C Alloy: Local Equilibrivum

During ferrite growth with local equilibrium, the composition of the ferrite (o) and
Mw(ﬂudwimemcecanbecamedbyaﬁo-ﬁmofmypimﬂddmw
equilibrium Fe-X-C phase diagram. This tie-line which defines the interface composition
dounmh:mrﬂpassﬂmghmepoiminmcawptmewhkhidmuﬁadwmoy
composition. This is because the diffusivities of interstitial (C) and substitutional alloying
elements (X) in the y are significantly different. The appropriate tie-line must be chosen
to satisfy mass conservation conditions at the moving interface and must be consistent
with the partitioning behaviour of the alloying elements. Therefore, the tie-line for an
moymfmmguWhmmwmhmmmwﬁm
and long-range diffusion of substitutional alloying element, while the driving force for
carbon diffusion is reduced to a level which allows the substitutional element flux to keep
pace with the carbon flux at the interface (25]. This situation [34) is referred to as the
partitioning under local equilibrum condition (P-LE), as shown in Fig. L.8a.

mmmm.amwmmcmwmm-mnmmgugm
puﬂﬂmlngofmbﬂimdondmoyingclcmmbawemmcamdyphm&wmatun
mdialofme)(clemuuinmcymumelmelfmisvuylu'gc. This drastically
increases the driving fomefoerim:siminymdallowsmeﬂuxoleokeepupwilh
the long-range diffusion of carbon in y [25). In this situation, the diffusion of
substitutional alloying eclement (X) is extremely short-range, being confined to the
immediate vicinity of the interface. This condition [34] is designated as the negligible
partitioning under local equilibrium (NP-LE), as presented in Fig. 1.8b.

The schematic isothermal equilibium Fe-Mn-C system phase diagram (Fig. 1.8c)
shows a division of the a+y phase field into domains where either the P-LE or the NP-LE
mechanism can operate [25,34). It should be noted that both of these modes of
transformation involve local equilibrium at the interface and are therefore equally
favoured on the thermodynamic considerations. Both carbon and substitutional elements
diffuse during growth and their fluxes should satisfy the equations for conservation of
mass at the interface. Hence the interface velocity calculated from diffusion of C in y will
be identical to that calculated from diffusion of Mn in y. Both elements control the
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growth rate and neither can be said to restrict the interface motion independently,
1.5.2 Diffusion-Controlled Growth of Ferrite in Fe-X-C Alloys: Paraequilibrium

Kinetic factors can prevent the transformation from occurring under equilibrium
conditions. Such a case could arise, for example, when a phase change is so rapid that
one or more of the components cannot redistribute among the phases in the time scale of
experiment. For transformations in steels, the diffusion coefficients of substitutional and
interstitial component differ so greatly that it is possible to imagine circumstances where
the sluggish substitutional alloying elements may not have sufficient time 1o redistribute
during transformation of ¥ to &, even though carbon may partition into the austenite.

The term “paraequilibrium™ has been introduced [34,37,86) to describe at very high
supersaturations a kinetically constrained equilibrium where the two adjoining phases have
identical X/Fe atom ratio, but subject to this constraint, carbon is redistributed so that its
chemical potential is identical in both phases at the interface. In other words, ferrite
formation under the condition of paraequilibrium implies that the substitutional lattice is
configurationally frozen and if interface processes are not limiting, the transformation
occurs at a rate controlled by the diffusion of carbon in the austenite, Thus, the chemical
potentials of the substitutional elements are not equal in the two phases, but carbon which
diffuses faster reaches equilibrium subject to this constraint. Typical paraequilibrium and
equilibrium Fe-Mn-C diagrams are illustrated in Fig. 1.9, It is clear that for any given
alloy, a critical undercooling below the equilibrium transformation temperature is
necessary before paraequilibrium transformation become feasible. This is because of the
fact that a relatively low free energy change accompanies the formation of ferrite which is
forced 10 accept a non-equilibrium substitutional alloy content. It is also noted that the
paracquilibrium boundaries project 1o the binary equilibrium on the Fe-C side and to the
T, composition (the point where ¥ and o of the same composition have the equal free
energy) on the Fe-X side.

1.6 The Bainite Transformation in Steels

Acicular ferrite in weld metal scems to be intragranularly nucleated bainite. It would
be useful to have a review on the bainite transformation, before presenting the study of
acicular ferrite formation. Christian and Edmonds [87] have provided an excellent survey
of the bainite transformation regarding the microstructure and the transformation
mechanism in steels, which will form a framework for the present review.
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1.6.1 TTT Diagram and Isothermal Transformation Curve

Bainite forms by the decomposition of austenite at a temperature above the Ms
temperature, but below that of fine pearlite. In low alloy steels, the pearlitic and bainitic
temperature ranges overlap each other to a considerable extent, and this makes the
interpretation of microstructure and kinetics very difficult However, in medium alloy
steels, the isothermal time-temperature-transformation (TTT) diagram possesses two
separate C curves; in such a diagram, the upper C curve represents the time taken for the
initiation of diffusional transformations such as allotriomorphic ferrite and pearlite,
whereas the lower C curve represents the time taken for the initiation of the
Widmanstiitten ferrite or bainite transformation. The lower C curve usually exhibits a flat

top, which corresponds to the Bs (bainitic start) temperature.

An interesting feature of the isothermal bainite transformation is the existence of the
“incomplete reaction phenomenon™ [88,89). At any temperature within the bainite
transformation range, and in the absence of any interfering secondary reactions, only a
limited quantity of bainitic ferrite forms before the reaction terminates. This apparently
premature termination occurs before the carbon content of the remaining austenite reaches
the equilibrium level indicated by the extrapolated Acy curve. The maximum extent of
transformation that can be achieved increases with undercooling below the Bs
temperature.

1.6.2 Microstructure

Bainite is essentially a non-lamellar aggregate of plate-shaped ferrite and carbides. The
carbide part of the microstructure is not essential to the transformation and in many cases,
for example, upper bainite in silicon steel, carbides are totally absent [90]. The ferite
piate size is typically about 10um long, with a thickness of about 0.2um [84]. There are
two classical morphologies of bainite: upper bainite and lower bainite.

Upper Bainite

Upper bainite consists of platelets of ferrite adjacent to each other, which are in very
mﬂymemaymnognpﬁcoﬁuuaﬁmlnspoce.sodmwhawumadjm
platelets touch, a low angle boundary arises. Elongated cementite particles usually
decorate the boundarics of these platelets, the amount of these slabs of cementite
depending on the carbon content of the steel. These ferite platelets, which form a sheaf,
have the same habit plane [91-93), and the sheaf itself has a thin wedge plate morphology
in three-dimensions on a macroscopic scale [89). Sheaves of upper bainite inevitably
nucleate at prior austenite grain boundaries, and intragranular nucleation is not to be
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found. The slabs of cementite (8) actually form from the austenite between the ferrite
platelets, and hence do not have a rational orientation with the ferrite, but have a Pitsch
[94] relation with the austenite, i.e.,

©ong /(@)

(100l # (55,

The bainitic ferrite after transformation may retain a small supersaturation of carbon, and
has a rational orientation relationship with the austenite,

In silicon-containing steels, Bhadeshia et al. [89] have shown that sub-units within a
sheaf of upper bainite can also be distinguished where no carbides form but where the
ferrite plateles are scparated by films of carbon-enriched retained austenite.

Lower Bainite

Lower bainite is basically very similar to upper bainite, except that the amount of
interplate cementite is less, and carbide can additionally be found within the ferrite plate
itself. These intra-ferrite carbides can be epsilon carbide in the case of high carbon steels
or cementite in case of low carbon steels. It has been estimated [95] that epsilon carbide
will not be formed in bainitic ferrite for steels with a carbon content below approximately
0.55 wt%. The carbide particles usually precipitate in a single crystallographic orientation
such that their habit plane is inclined at about 60" to the plate axis. In some cases, several
variants have been observed [95,96) although the 60° variant still tends to dominate. The
inter-plate  carbide does not necessarily exist, and results from the diffusional
decomposition of carbon-enriched austenite which has not transformed to femrite. The
intra-ferrite cementite precipitated in a single variant has a Bagaryatskii [97) orientation
relationship with ferite, identical to that found when martensite is tempered, i.c.,

(100)g # (011,
010}y # (111,
01} / [211]g

The orientation relation between lower bainitic ferrite and austenite is close to either the
Kurdjumov-Sachs [98] or the Nishiyama-Wasserman [99] orientation. The ferrite also
forms as sheaves, so that very low angle boundaries arise between platelets within a
sheaf.




1.6.3 Carbldes Formation during the Bainite Transformation

lthmﬂﬂﬂmﬂwmmﬂdgﬁﬁmofwﬂdepmdﬁnﬁonmpmm
bainite transformation should be examined during studying the mechanism of
transformation. For upper bainite, it has been shown [90) that cementite, formed from
carbon-enriched residual austenite, is not connected with the actual formation of bainitic
ferrite. These carbides form as a result of the diffusional decomposition of austenite
which remains untransformed after bainitic ferrite formation. In lower bainite, there are
interplate carbides and intra-ferrite carbides. The formation of interplate carbides is the
same in upper and low bainite, so that the intra-ferrite carbide precipitation in lower
bainitic ferrite may have a critical role to play in the transformation mechanism itself,
However, before this issue can be tackled, it is necessary to resolve whether lower
bainitic carbides precipitate from a supersaturated ferrite matrix, or whether such
precipitation can be described as “interphase precipitation™ [100], or Just precipitate from
austenite during transformation. A rigorous crystallographic analysis [95] has confirmed
that the expected three phase a-y- relationship does not exist, and this is interpreted as
evidence that an interphase precipitation mechanism does not operate. From electron
microscopy observations [95] and the point of view that austenite can comfortably
accommodate a large amount of carbon in solid solution compared with supersaturated
ferrite, whose equilibrium carbon content is below 0.03 wi%, it seems therefore that not
only do carbides nucleate within the ferrite, but the major pant of their subsequent growth
is accomplished by relieving carbon supersaturated ferrite.

1.6.4 Shape Change

The remaining characteristic feature of bainite formation is that transformation is
accompanied by a shape change (89]. This shape change is an invariant plane strain (IPS)
in which the broad (habit plane) face of the ferrite plate comresponds to the invariant
planc. Thus, the ‘shape change is similar to that found for martensite, and with a large
shear component. This shear mechanism of transformation implies that there is an atomic
correspondence between parent and product lattices, so it is expected that at least the
substitutional element X/Fe atom ratio remains the same everywhere on bainite
transformation. It has been estimated [100) that the strain energy of bainite, due to shape
strain, is about 400 J/mol,

1.6.5 Atom-Probe Study

An imaging-atom-probe study of the austenite/bainitic-ferrite interface [101] has shown
a uniform distribution of substitutional alloying element even at transformation interface.
This direct evidence (on an atomic scale) also rules out the local equilibrium model, in
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which a required composition spike exists at the interface. There is no solute segregation
at the austenite/bainitic-ferrite interface, so solute drag models [102) cannot therefore be
claimed to affect the growth of bainite either. It is noted that excess carbon in bainitic
ferrite has been found in this direct detection [101].

1.6.6 Photo-Emission Electron Microscopy

The possibility of bainite growing by a paraequilibrium mechanism has been examined
with hot-stage experiments in a photo-emission electron microscope [103), so that the
individual sheaf of bainite could be directly resolved during transformation. It has been
demonstrated that bainite does not grow under conditions of paraequilibrium; the growth
ratc as measured experimentally is many orders of magnitude higher than that expected
from carbon diffusion control.

1.6.7 Thermodynamic Evidence

One of the outstanding problems associated with the study of transformations in steels
is the determination of the carbon content of freshly formed bainitic ferrite. The difficulty
arises because direct experimental measurements can only focus on the post-
transformation composition, which need not correspond to that existing during growth
itself. In particular, any carbon supersaturation in the ferrite can be relieved cither by the
precipitation of carbides within the ferrite or by the panitioning of carbon into the
residual austenite by means of diffusion. Both of these processes can be very rapid,
because of the high mobility of carbon in iron, especially at the temperatures where
bainite forms.

There is, however, a way in which an indirect solution to this problem can be
achieved. Consider the case where bainitic ferrite inherits the full carbon content of the
parent austenite during transformation. The reaction should, in principle, go to completion
since there is no diffusion necessary. In practice, the whole of the austenite grain does not
transform instantancously because of kinetic restrictions (e.g. heterogencous nucleation);
even if the first plate of bainite forms with full supersaturation, it has the opportunity to
reject its excess carbon into remaining austenite. Any further increment of transformation
is therefore associated with a lower free energy change, due to the higher carbon content
of the austenite from which it has to form. Eventually, a stage is reached (the Ty curve)




(47,89,101] where transformation become thermodynamically impossible,” since the free
mmormiuuufuﬂwofﬂ»mewmpodﬁmbewmcidemmmw
modwdmﬂnumuwﬂd:ﬂnmfumﬁmm,ltdwdbepmdmtomme
kvdofcubmwpeummionhferﬁwduﬂngmwm.mromaﬁmofﬁNy
supersaturated ferrite requires the carbon content of the austenite to fall below that
indicated by the T curve. A less than full supersaturation would lead to transformation
conditions closer to equilibium and a cormespondingly increased maximum possible
degree of transformation; the terminal carbon content of the austenite would also be

higher, and nearer to that given by the extrapolated Aej phase boundary.

A lot of thermodynamic analysis [47,64,65,89,101,105] have been made in an attempt
to understand the nature of the “incomplete reaction phenomenon”, In this, the bainite
reaction stops after a certain amount of transformation at a given temperature and ideally
reaches zero transformation at the Bs temperature. Indeed, the incomplete reaction
phenomenon can be useful in deducing the level of carbon-saturation that existed in the
ferrite during growth. The data [48,6584,9599] have shown that the isothermal
transformation of bainite stops far short of the Aej curve but is in excellent agreement
with the T, and T("curvec. This provides strong evidence that the bainitic ferrite grows
with the precise composition of the parent austenite (ie., its growth is in essence
marensitic).

It can therefore be concluded that the formation of bainite involves the propagation of
displacive sub-units with a full carbon supersaturation, and partitioning of the carbon into
the residual austenite occurs subsequent to transformation, rather than during the growth

process.

1.6.8 Nucleation of Bainite

It is essential.to obtain an indication of the amount of driving force (AFy) necessary
in order 10 ensure a detectable nucleation rate for bainite transformation. However current
nucleation theories are not sufficiently established to enable the calculation of this
Quantity from first principles. Bhadeshia (100] has solved this problem by resorting to
experimental data of Steven and Haynes [106). The principle of analysis [100] is
described as follows.
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In alloy steels a pronounced bay appears in the time-temperature-transformation TTT
curves, mﬂutopotmbwchcurvcoom:spondstomclunpcntmewhema
daecublemdcaionm(forfamefmmaﬁmwud:adnwchum)ﬂmbwom
possible, and also represents the transformation start temperature of Widmanstitten ferrite
or bainite. The continuity of Wy and B, with increasing carbon or alloy content has often
been found in various treatments [107). Bhadeshia [100) has used the extensive data of
Steven and Haynes [106] which provides a rich source on the variation of the By (or Wy)
temperature as a function of alloy composition, in order to calculate AFy. In this analysis,
the calculation of AF); is under two circumstances - these are when the ferrite nucleates
with the parent austenite carbon content, and when ferrite has an equilibrium carbon
content; substitutional element partitioning is not allowed in either case. The results have
shown (as shown in Fig. 1.10) that the formation of a nucleus with the equilibrium carbon
content is the true circumstance; the altemative hypothesis would lead to nucleation
against a positive driving force for a few of the steels, or in other words there is
insufficient driving force to account for nucleation involving the formation of fully
supersaturated ferrite. Intuitively, the formation of a nucleus with an equilibrium carbon
content seems more reasonable (irrespective of the carbon content of the ferrite at the
growth stage) when we consider that the thermally activated development of an embryo to
the critical nucleus size occurs through a large number of small scale fluctuations, rather
than a sudden large fluctuation. Under such circumstances the rejection of the few carbon
uansumwwldbeexpecwdwiuinthecﬁucdnuclensvohmeshouldbeludﬂy
feasible.

Sinccﬂ\eualtopofﬂwlowameeinmwmmupmdstomeﬁm
temperature at which the nucleation of ferrite (which cxhibits an invariant plane strain)
first becomes possible [90], the above results suggest that the nucleation of both
Widmanstitten ferrite and bainite is similar and involves the equilibriym pantitioning of
carbon [100].

In Fig. L10b, the variation of AFy; with temperature can be understood if it is
accepted that the method involved the calculation of the free energy change AFY—Y1+&
(accompanying the formation of ferrite which at all times contains an equilibrium carbon
content) necessary to give a certain constant, detectable nucleation rate (N), irrespective of
the steel used [100). Through nucleation theory,

N =« vexp (- AF*RT) (L10)

where v =  pre-exponential attempt frequency factor
AF* = activation barrier
R = gas constant
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-AF* o BT (L.11)

It foﬂowsBisaconstmsinoeNislcamminupccﬁvcofuwmdmed.Bis
expected 1o be negative, since the nucleation rate must be less than the attempt frequency.
lthsmumed(lw.los]aﬁmudepaﬂmotacﬁvaﬁonamyondndnmical
driving force as equation 1.12;

AF* = A AFTON*E 4 L Fg + My 04 0y (112)

where A), A, and Ay arc assumed constant characteristics of the lattice and of the
nucleus, Fg is the strain enery per unit volume of the nucleus and o is the interfacial
energy per unit area. From equation 1.11 and 12, it follows that

S LL e el IR 11 (R W O 5 VY P O 8 1.13)

so that -[AFTY1*®| w T, as observed in Fig. 1.10b. Therefore the curve can be
smmedwbeautﬁvemlmmexpmdngAFNnahmcdonofmnpcnmm.somaa
detectable nucleation rate should only be possible in any particular steel if |AFY=71+¢|
for that steel exceeds IAFNl at the temperature concemed.

1.6.9 Transition from Widmanstdtten Ferrite to Bainite, and Bainite to Martensite

One of the outstanding problems in alloy steel design is to understand why the
transformation of Widmanstitten ferrite, bainite and martensite do not necessarily occur in
all steels. Bhadeshia [100] has used the concepts of the nucleation of femite (which
cxhibilmhwaﬁmplmmﬁn)mdstomdmydmmduped\mmdpmpoudm
excellent model. This thermodynamic model is explained as follows.

For Widmanstiitten ferrite and bainite transformation, the nucleation stage involves the
equilibﬁmnparﬂﬁa\huofamm.bulﬂnmbsequemmmhdepuusmmmcmuy
available for the transformation. Thus two different situations are to be considered -
growth with equilibrium carbon partitioning (represented by AFYY1*®) and growth with
full carbon supersaturation (represented by AFY-0g ), comesponding to the
Widmanstitien ferrite and bainite respectively.

Letting Fy = Stored energy per mole of Widmanstitten ferite
Fy = Stored energy per mole of bainite ferrite.
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Widmanstiitten ferrite will then form below the Aeq temperature when
[aF=N*e] 5 (L.14a)
laFT="14a| 5 ARy | (1.14b)

Because the driving force necessary for a detectable amount of nucleation (e,
IAFNI) should always be greater than that necessary to sustain growth, IAFNI will
always exceed Fy and condition (I.14a) becomes redundant, where Fy = 50 J/mol.

Bainitic ferrite will form below the Tp temperature when

|aFf%5] >, (L.14c)
[aF=n*a] 5 |ary| (1.14d)

However, for any steel where the Widmanstitten ferrite transformation precedes bainite
formation, condition (1.14d) will probably be redundant. In the case of bainite formation,
|aFy | is always greater than F5,  where Fy = 400 J/mol.

In Fig. L11, steels A, B and C correspond to low, medium and high-alloy steels, as
manifested in the relative amounts of transformation driving force available at any
specified temperature. The driving force necessary for the athermal nucleation of
martensite is indicated 10 be independent of temperature; such behaviour is approximately
representative of martensitic transformation in steels [109). For steel A, all three
transformations (i.c., ¢, bainite and martensite) can occur. In steel B when | AFY=Y1+< |
become greater than |AFy|, |AFY™%] also exceeds F, so that the first shear
transformation to occur would lead to bainite formation. Similarly steel C is expected to
exhibit only manensite because above My temperature |AFy | is larger than |AFY—0).
The schematic free energy curves can illustrate why all three shear transformations need
not occur in all steels.

1.7 Reaustenitisation

In multirun welds, the layers deposited initially are reheated by the deposition of
subsequent layers (as shown in Fig, 1.12), with a consequent modification of their
microstructure, The volume fraction of the reheated zone depends on the number and the
size of the beads deposited [110). Actually some of the reheated zone of weld metal is
involved in the process of reaustenitisation. Reaustenitisation is a complicated process,
which has not been investigated widely in the past. This reaction is influenced by heating
rate, chemical composition and starting microstructure, In this section, the literature on
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reaustenitisation beginning with different starting microstructures Is surveyed, although
work on reaustenitisation from bainite does not seem to have been reported.

1.7.1 Reaustenitisation from Mixture of Ferrite and Pearlite

Investigation of the process of reaustenitisation from a ferrite and pearlite starting
microstructure [111-119) have been stimulated by the development of “Dual-Phase Steels"
(low carbon manganese steel containing about 1.5 wi% Mn), in which the steel is at least
partially reaustenitised and then quenched to produce a mixed microstructure of ferrite
and martensite. Most authors have pointed out that the nucleation of austenite seems to
occur rather casily at pearlite-ferrite grain boundaries or at pearlite colony intersections,
but not within the pearlite colonies. On the other hand, Navara et al. [119) recently
studied austenite forming at a relatively low temperature close to the Aey phase boundary,
and proposed that the early stages of austenite formation at low temperatures involved the
migration of femrite boundaries with a zone being left behind the migrating boundary,
enriched in the manganese concentration. They have suggested that this initial stage of
austenite formation is associated with a manganese diffusion induced ferrite boundary
migration [120-122). However, the mechanism of diffusion induced grain boundary
migration has not yet been established clearly and there is no work on diffusion induced
interphase boundary migration. Although they claim that cementite particles did not play
any role in the nucleation of austenite in the steels studied, they did not provide any
microstructural evidence to establish the point.

Speich et al. [111) delincated the process of reaustenitisation in the & + y phase field
for such steels into three stages: (1) very rapid growth of austenite into pearlite until
pearlite dissolution is complete; (2) slower growth of austenite into ferrite; and (3) very
slow final equilibration of ferrite and austenite. These three steps are discussed as follows:

(1) Austenite Growth into Peardite: The first step consists of pearlite dissolution and
growth of austenite into the pearlite at a rate controlled primarily by carbon diffusion in
the austenite, with the diffusion path lying along the pearlite-austenite interface, with a
diffusion distance about equal to the interfamellar spacing of the pearlite. Generally,
because of the very short diffusion distance involved, it is expected that the growth rate
of austenite during this step will be extremely rapid, assuming that the processes of atom
transfer across the interface is not rate limiting.

(2) Austenite Growth into Ferrite: After completion of the first step, or concomitant
with it, the austenite will grow into the surrounding ferrite to achieve its equilibrium
volume fraction given by the lever rule in the two-phase region. In this stage, the
mechanism of austenite growth depends on the driving force for reaustenitisation. At high
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negligible-partitioning-local equilibrium. The concepts of paracquilibrium and negligible-
partitioning-local equilibrium have been reviewed in Section 1.5, Paraequilibrium is a
state of constrained equilibrium in which the substitutional lattice is configurationally
frozen with respect to the transformation interface. Hence, even though the transformation
is diffusional in nature, the ratio X/Fe (atom fraction of substitutional element/atom
Mwofimn)umemehfem:wintustmine.'l‘hns.medmnicalpommmor
the substitutional elements are not equal in the two phases. Carbon, which diffuses faster,
reaches equilibrium subject to this constraint. In negligible-partitioning-local equilibrium
(NP-LE), equilibrium is maintained for all species at the transformation interface, but the
diffusion of substitutional alloying elements is extremely short-range, being confined to
the immediate vicinity of the interface. Other than in the interface region, the
concentration of substitutional element is essentially the same in all phases. At lower
mxmiﬁsingtanpauumjustabovewnlphmbomduy.ﬂwdcgmof
supersaturation is decreased, and austenite transformation at a low supersaturation is that
there is considerable partitioning and long-range diffusion of substitutional alloying
element. However, the driving force for carbon diffusion is reduced to a level which
allows the substitutional element flux to keep pace with the carbon flux at the interface.
This situation is referred as the pantitioning under local equilibrium condition (P-LE). The
transition from paraequilibrium or NP-LE condition to P-LE condition as the degree of
wpemmnﬂonhdecmuedlsmlommﬂwmemcmwhuefenuegmﬁun
austenite,

(3) Final Equilibration: In the final stage, the manganese concentration gradients within
the austenite will be climinated by diffusion within the austenite. The diffusivity of
manganese in austenite is much slower than in ferrite. The time for completion of this

process is extremely long.

There is some work [123-126) on reaustenitisation from a eutectoid pearlite structure.
It has been found that nucleation of austenite in pearlitic structures occurs preferentially at
U\eedgaopreaﬂltecolaﬁmonmeoemmtim/fcrﬁtcboummshowninﬁg,
L13). No evidence has been found for nucleation of austenite at the cementite
interlamellar surfaces [125,126) within pearlite colonies. This is true even though the
interfacial area per unit volume of lamellar cementite is many times larger than that of the
cementitc at the pearlite colony intersection. This is probably because the lamellar
cementite sometimes has a Bagaryatskii orientation relationship with ferrite, so the
interfacial cnergy may be lower, when compared with that of cementite at the pearlite
colony intersections. Numerous observations [124,125] have shown that some lamellar
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cementite still remains as the initial stages of austenitisation reach completion. This
residual cementite may eventually dissolve or spheroidise depending on the transformation
temperature,

1.7.2 Reaustenitisation of a Mixture of Ferrite and Spheroidal Cementite

mr«ﬂleplmqimidiwdwnaummcanbeobumuymm
manmsileuawmpcnmmjustbclowmel\el phase boundary. In this condition, the
cementite particles end up primarily at the ferrite/ferrite grain boundaries, depending on
medmuionofmheuuummﬂwmrhw.ifmemmﬂdismmmy
heavily cold-deformed and recrystallised at a temperature just below Acy again, then a
structure in which almost all the spheroidised cementite particles are dispersed in the
ferrite matrix away from the ferrite grain boundaries, can be obtained. Such a “strain-
anneal” technique has been used [125,127) in order to study whether ferrite grain
boundaries have any effect on the nucleation of austenite. It has been confirmed
[112,125,127) that the nucleation of austenite in ferrite plus spheroidised cementite
structure preferentially occurs at junctions between the cementite particles and ferrite grain
Wa.ﬁhkdmwﬂwmﬁmemrumﬁmtommmamy
necessary for the formation of stable austenite nuclei. The energy contribution results
whmﬂnumaﬁtcnudusmplmasm&ﬂsegnmofma/abamduy.Spddaun
(125] also suggested that the density of carbides in the ferrite grain boundaries essentially
controlled the number of nucleation events or initial austenite grain size.

In the initial stages of reaustenitisation, the growth of the austenite across the oo
boundaries is inhibited and eventually the austenite film grows around the spheroidised
cementite particle to completely envelope the cementite before an appreciable part of the
dissolution process has occurred [125,127). Further growth of the sustenite can occur by
carbon diffusing from the dissolving cementite to the austenite envelope. During this
stage, a more -informative approach to the problem of austenitisation would be to
determine the mechanism that controls the rate of dissolution of carbide in austenite and
how it is modified by alloying elements. Hillert et al. [128] studied the effect of alloying
elements on the formation of austenite and the dissolution of cementite, and proposed that
during the austenitisation, local equilibrium is ecstablished at the cementite/austenite
interface, and that the growth rate of austenite (or dissolution rate of cementite) is
govemned by the diffusion of carbon and other substitutional elements in austenite. After
cementite particles located on ferrite grain boundaries are dissolved in the shell of
austenite, the austenite grains grow both away from and, more significantly, along the
ferrite boundaries. Nemoto [123] conducted in situ experiments using a high voltage
clectron microscope, and argued that during austenitisation, mobile austenite-ferrite
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interfaces are attracted to cementite particles in ferrite matrix. Once the austenite grain
has made contact with that cementite particle, the dissolution will accelerate and the
austenite grain will grow rapidly around the particle. This seems to provide evidence that
the cementite particles which originally resided in the ferrite matrix do not contribute to
austenite nucleation [112).

1.7.3 Reaustenitisation of Martensite

Reaustenitisation of manensite has been studied in dual-phase (ferrite/martensite)
steds.Mmancwdmolhigtnmahlow-aﬂoysheetueelsﬂmhwewpeﬂor
combinations of strength and uniform ductility. Thomas et al. [131] have used different
hwuuumpmmuoun@&emicmmmmdthemedmﬂeﬂpmpmicsof
dual-phase steels, and suggested that dual-phase steels with optimum properties can be
oudmmnuxunInngismmw.ﬂmswchmpmdwedbymg
memnmsileintrmaﬂphmwgimandﬂmthhuhmbiaIwmm
During isothermal heat treatment in the a+y field, islands of austenite form, and on
quenching, this austenite transforms to martensite in a matrix of equiaxed ferrite. It has
beenfmmdﬂmdwnmtwotypesofamniwmmpmbgy.cmedglohﬂumdackum
austenite” [132-137), forming from the starting martensitic microstructure. Koo et al.[132)
hmpmmedalnal“umaupcm(asdnwnhﬁg. 1.14) to produce controlled
dual-phase structures (as shown in Fig. L15). In Fe-0.5Cr-0.1C (wm1%) dual-phase steel
(Fig. L.15b), globular austenite particles exhibit a continuous network along the prior
austenite grain boundaries with the acicular austenite particles within the prior austenite
grains. However, there is a significant change in the morphology of austenite as chromium
content increases. For example, Fe-4Cr-0.1C (wt%) dual-phase steel (as shown in Fig.
L.15a), globular austenite particles not only continuously decorate prior austenite grain
boundadesMdmdis;iayuduinﬂnmwmewm.ﬁmllytheyhaveslnwndutlna
Fe-25i-0.1C (w1%) dual-phase steel (as shown in Fig, 1.15¢) the microstructure exhibits a
fine, fibrous and discontinuous distribution of acicular particles in the ferrite matrix. It is
mﬂmmeinﬂw\ccofuteuudnzmammmcmmniaduﬂy reflected in the last
case. The alloying element effects on these austenite morphologies will be discussed later.

The formation of austenite from martensite may occur by classical heterogencous
nucleation [138) at such lattice imperfections as prior austenite boundaries, martensite lath
boundarics and matrix/carbide interfaces etc. The dominating influence of boundaries in
unmmiwwudmmmaﬁmﬁmnmmmwduuonmrgyformwionu
the boundarics, as predicted by classical nucleation theory, However, some attention
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transformation products formed when retained austenite in the original microstructure
decomposes during heating to the reaustenitisation temperature. That is, during heating of
ﬂnmamﬂcmnmodnmphmmmmmdnedumwmydemm
into ferrite and carbides. These carbides would be located at the lath boundaries and can
provide active sites for austenite nucleation. On the other hand, if retained austenite
mmmuueonhcmnglmoﬂwawwm.uwnﬂznwumidudonhwolvuomyﬂn
growth of extant austenite. The relative significance of retained austenite in this process
mnnmumnmmodmfumnwhldlmtymoMewbenkmlmommisﬂn
ml&mnpaedcwdcwhkhhmimumwmﬁnmmemile.swd\aﬁ.
[125,127) have shown that while austenite nucleation occurs preferentially at the carbides
loawdngrainbowmndoesnmdowuuncnbidcptmhmemnﬁx.ﬂmce
auto-tempered carbides probably do not provide sufficient nucleation sites to compete with
the other favourable sites for austenite nucleation.

minﬂwweofﬂloymgdcmmonlbegmmhpemofwlcﬁommem
martensitic structure is very important. Koo et al. [132] have suggested that a fine scale,
discontinuous, and fibrous distribution of “acicular” austenite particles (becoming
muwnilclnerﬂndqumdﬁng)haddnblcmimuucmmwimopdmpmpcnks.
Theteisvomewod:[133.139]mmelnﬂmweonnoyingclanemuponmcmorphology
of austenite formed from martensite, However, the mechanism for the morphological
changes is not clear. Plichta et al. [133] classified many temary Fe-X-C systems (X being
substitutional alloying element) into three groups according 10 the observed morphology
of the dual-phase microstructure. In their work, the view is expressed that competitive
processes between the nucleation and growth of austenite at lath boundaries and the
migration of these boundaries determine the final product shape. More specifically,
according to their explanation, rapid migration of the lath boundarics compared to the
kinetics of austenite formation results in the globular shape of austenite. On the other
hand, they argue that the high rate of austenite nucleation will restrict the lath boundary
migration, thereby ensuring the growth of acicular austenite. They further argue that the
globular shape of the austenite particles in Fe-Cr-C dual-phase steels can be attributed to
a solute drag effect [102] upon growth. However, their explanations are inconclusive. For
emplc.dwyhavenmmopisedﬂwdrudcdnngcinmaphologymsoowmna
function of alloying element concentration. An “acicular” shape of austenite was observed
in a Fe-0.5Cr-0.1C (wt%) dual-phase steel, where, as a globular morphology was obtained
in a Fe-4Cr-0.1C(wt%) dual-phase steel.
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It is believed that during reaustenitisation, a local equilibrium may be established at
the ya boundaries. In this condition, substitutional clements may be required to diffuse
for a short distance depending on the driving force of reaustenitisation. This idea basically
leads to the presence of a nammow concentration “spike” just ahead of and in contact with
the advancing boundary. The existence of such a namow concentration “spike™ has been
considered in negligible-partitioning local equilibrium (NP-LE), as discussed in Section
1.5.

Assuming the presence of the concentration “spike”, it becomes obvious that the
kinetics of Yo boundary migration should be influenced strongly by the type of alloying
clement present in the dual-phase steels. The microstructures (as shown in Fig. L15),
which Koo et al. [132] have presented for Fe-2Si-0.1C (w1%), Fe-0.5Cr-0.1C (w1%) and
Fe-4Cr-0.1C (wt%) dual-phase steels, may qualitatively be explained as follows. In the
case of Si steels, the Si concentration “spike™ will act as a barrier to carbon diffusion
from ferrite to austenite because of the repellent interaction between silicon and carbon
atoms [140]). As a result, once austenite nucleation occurs, the lateral thickening of the
austenite particles at the lath boundaries will be restricted, and austenite grows in an
acicular manner along the lath boundaries, clearly reflecting the starting martensitic
structure, In the case of Fe-0.5Cr-0.1C steel, the influence of the boundary diffusion
process may overcome the effect of the concentration “spike” with a result that austenite
particles grow predominantly along the lath, This situation is entirely changed as the
concentration “spike” becomes higher, and hence more influential with increased
chromium content. In the case of Fe-4Cr-0.1C steel, the dominating effect of the “spike”
on carbon diffusion encourages three-dimensional growth, resulting in the globular shape
of austenite particles. This concentration “spike” model seems to be able to explain the
observed alloying element effect. It needs further fundamental studies to clarify the role
of alloying elements on transformation kinetics.

1.8 The Heat Affected Zone

When base plates are joined by fusion welding, the material of the plates near the
fusion boundary is heated to its melting point and then cooled rapidly under conditions of
restraint imposed by the geometry of the joint. As a consequence of this severe thermal
cycle the original microstructure of the base metal in a region close to the weld is
changed; this microstructure is usually referred to as the heat affected zone (HAZ).
Experience has show that failures occur frequently in the HAZ. Much work has been
devoted to correlating the presence of unfavourable microstructures and the various failure
modes that are oblained. Although some work has been done [141-146) on the study of
microstructures in the HAZ, a model for predicting the microstructure has not been

developed as yet,
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Fig. L16) to divide the HAZ of a single run weld (altematively the capping layer of a
multiun weld) into a number of sub-zones for plain carbon steel. Each zone is
characterised by a specific peak temperature ('l'p) interval:

(i) solid-liquid transition zone: Tp close to the melting point;
(ii) coarse austenite grain zone: 1100°C < Tp < 1450°C;

(iii) austenite grain refined zone: Ary < ‘l"p < 1100°C;

(iv) partially transformed zone: Ar < 'l‘p < Ary; and

(v) tempered zone: Tp below Ary.

Each sub-zone refers to a different type of microstructure and, perhaps more imponantly,
eaduypeofmmpossmesdiﬂmnmhmﬂcdmm&tm.mwsu
mmitcgnlnsiuansmnmcccrmwbncamcﬁonﬁmupmdudngmou
Widmanstitten ferrite, or increasing the possibility of martensitic or bainitic
transformation products on cooling. This, together with the larger grain size, may lower
ulenouglmmdlmnnelberiskofhydmgenmckins‘[“?].Thestmcmrctypemdlls
sub-zone width are determined by the thermal cycle, i.e., the complete cycle of heating
Mwolingduclomemovememofunmmmu\emdpmpctﬁaofdnbaxmeul.
However, the prior thermal and mechanical history of the material are very important
faaonuwdl.Fotewnplc.memcrymm:aﬁonbehavioutduﬁnguwMﬂngcydcis
affected by whether the original material was in cold rolled or annealed condition prior to
wclding.lnmicmulloyeduedbascpluc.meome(mdcnemoflhcgninzmmhan
influenced by the presence of precipitates and their solubility at high temperature. Thus in
orduloouainalusanueundmw\dingorunmniswoeswywcmswume
wholcmtzeorﬁmemnsfonnuionsinmempmnmma!cyc!e.

1.8.1 The Temperature Profiles

With the aim of predicting thermal cycles, most studies of heat flow in HAZ has been
undertaken in two discrete arcas: computation and direct measurement. Some research
(141,143,145] has led to the calculation of the temperaturefime profiles in the heat
affected zone using the theory of Rosenthal [148), which is found to give a good

*  The main source of hydrogen in welding asises from the dissociation of waler vapour in the welding
we. The in sustenite is much higher than in ferrite. Therefore, as the
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i %0 the presence of martensile, since the lu
transformation occurs st the lowest temperature and originates from the most hydrogen enriched
austenite,
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heat, we have [143)
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while for a thin plate, for an instantancous application of the heat
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thermal conductivity, p the density, ¢ the specific heat, a the thermal diffusivity, T, the
preheat temperature and d the plate thickness.

nhufo\md[ldslmumdwcneofmickpmes.ifmepolmmmeofmis
replaced bya-circuludiscsoumc.mckosmmaleqmﬁommprwidcnbeaer
appmximuimtomweldhgpmoessealnmecmoftheHAZofmuldmwdds.ﬂn
effect of superimposition of successive weld thermal cycles on the temperature profile is
much more complicated, and much further research is necessary.,

1.8.2 Phase Transformations in the HAZ

Duﬁngmeheaingcyde.unmmmuﬂpmmsoocnrﬁnginwmm»a
= Y tnansformation, pearlite/cementite — ¥y transformation, carbon redistribution in
austenite, precipitate (carbonitride) coarsening, precipitate dissolution, austenite grain
growth etc. lzshouldbemdlhulhehwlngmcisexmmelylﬁwnearmeﬁuion
boundary; for example, in normal arc welding it can be of the order of about 200 ~
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300°C per second [149), and the continuous heating transformation behaviour will be
strongly influenced. This implies that the phase transformations are likely to be affected
by the considerable superheating. However, there is little work [150,151] in this area, and
further studies are called for. As to the grain growth of austenite, Ion et al. [143] have
assumed that grain growth is driven by surface energy. The rate of austenite growth at a
fixed temperature T is then given by

g kg Q
— R — exp (- —) (1-173)
dt 28 RT

and the grain size g, after time t is
Q
- Z-kl - m— .17b
g2 - g2 =Kyt exp( —) (L.17b)

wbemgoisﬂ\einiunslze.klisakimticoo«mmmdanwﬂvdonamxy.lnnwdd
thermal cydc.melcmpermtcvaﬂesvdlhﬁmc.mnmezninsizcgmumecydeis
related to the initial grain size g, by

.Q
~g 2=k o —) dt 17
g2 £ 1% m(n'rm) (1.17¢)

and the relation between final austenite grain size and peak temperature can be calculated.
lnuncascofmicmnoyedmd&memstcniwgningmhispuﬂauywmuedbyl
dispersion of fine precipitates (carbonitrides) which effectively pin the grain boundaries.
During the heating cycle the particles coarsen or dissolve depending on the peak
temperature, the input energy of the process and the composition of the particles, These
problems are very complicated, and need more research [152).

Actually, the grain growth equation should be written as:

- Q

lmunpndicdonotanAZwmitegfﬁnﬁmmdwbclsoreqmﬁonl.ls
presupposes that average values of both the time exponent n and the corresponding
activation energy Q are available. For most metals and alloys, n varies typically in the
range from 0.1 to 0.4 (depending on temperature and composition) even in the absence of
effective grain boundary pinning precipitates [153,154). Only in the case of ultrapure
meulsamealeduvc:yhighwmpenmrcsu\cdmeexpocmnmylppmad\amuu
value of 0.5 [154]. In principle, an estimate of n and Q could be obtained from isothermal
grain growth experiments [155), but such data are not necessarily representative of the
conditions prevailing in a weld HAZ and are likely to be specific to cenain alloys. An
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to some extent can be overcome by the choice of an appropriate calibration technique
(143] (ie., selecting n = 0.5 and fitting the integrals at fixed points to specific data
through adjustment of Q), an experimental verification of the various approximations
involved is still lacking. More work will be needed in order to predict the grain size of
austenite.

During the cooling cycle, the austenite transformation kinetics depend on austenite
grain size and chemical composition. The allotriomorphic ferrite usually forms first along
the austenite grain boundaries on cooling, and pearlite, Widmanstiitten ferrite, bainite and
martensite form later. More work is needed to rationalise quantitatively the grain size
effect on this pan of transformation cycle.
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Figure L3 - The morphology of columnar y grain is represented by a hexagonal prism.

<= 3Wi} Buiseasdul

(a) (b)

Figure L. 4 - Diagram illustrating the growth of allotriomorphic ferrite as (a) the pormal
migration of planar Yo interface, and as (b) is the case of reality. (After Bhadestﬂaﬁ;.

36




Figure LS - Schematic diag
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Figure 1.7 - Carbon concentration profile at yl interface moving under: (a) diffusion-
control; (b) interface-control; and (c) mixed interface and diffusion-control.
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phase diagrams of the Fe-Mn-C system (after Bhadeshi
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Figure 1.10 - Curves representing the volume free energy change necessary in order to
obtain a detectable nucleation rate for ferrite forming by shear,
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Figure L12 - Schematic diagram shows the deposition layers and the ted zones (the
white arcas) in multirun welds of different electrode sizes (after Evans The electrode
diameters (in mm) are given in the bottom right hand comers of each figure.

Figure 1.13 - Schematic figure shows that preferential nucleation sites of austenite (A) and
m)qwauwmamiwmwamummmmu
Roosz '<Y),

40




Fe rich portion of HEAT TREATMENT
_Fe-C phose diogrom

Figure L.14 - Schematic representation %5&: treatment to produce controlled dual-phase
(ferrite/martensite) structures. (afier Koo'~#),

Figure L15 - Optical Micrographs. (a) Dual-phase microstructure developed  in
Fe/4Cr0.1C (wi%) steel shows the globular shape of martensite in the ferrite matrix, (b)
Dual-phase microstructure developed in Fe0.5Cr0.1C (wi%) steel shows that acicular
shape of manensite within prior austenite grain and the prior austenite grain boundarics
arc decorated with continuous globular shape of martensite particles. (c) Dual-phase
microstructure  developed in Fe/2Si0.1C (wi%) steel shows fine, acicular shape of
martensite particles is\dcniu: matrix. Note that martensite was austenite before final
).

quenching. (after Koo
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Chapter Two
The Microstructure of High-Strength Weld Deposits

2.1 Introduction

The microstructure of high-strength weld deposits, Fe-C-Si-Ni-Mn-Mo alloys, which
have unusually high levels of substitutional alloying additions have been studied. These
alloys are being developed to ensure sound, high-strength welds for the Trident Submarine
programme. In this work, the welds (provided by ESAB Ltd. UK) were deposited using
the manual metal welding technique. The clectrodes used were of a nominal E10016-G
type as defined by the American Welding Society, the joint geometry being compatible
with BS 639. The welding was carried out in the flat position using the stringer bead
technique, the parent plate thickness being 20mm. The welding current and voltage used
were 180A and 23V (DC+) respectively (arc energy = 2 KJ/mm), the weld consisting of
some 21 runs with 3 runs per layer deposited at a speed of about 0.002 m/s; the interpass
temperature was typically 250°C, The electrode diameter was 4mm,

By varying the composition of the 4mm diameter clectrode used (but keeping the
welding conditions constant throughout), weld deposits with different carbon or
molybdenum concentrations were obtained; the chemical analyses are presented in Table
IL1. The chemical determinations were carried out using a direct reading spectrograph.
The level of oxygen and nitrogen were determined using Leco fumaces, and it was found
that content of oxygen and nitrogen were about 320 and 100 ppm respectively in all the
weld deposits. The mechanical properties of these weld metals except WB are listed in
Table 11.2.

Before investigating the microstructure of the weld metals, the calculated isothermal
transformation curves and phase diagrams of the alloys are presented. In multirun welds,
the volume fraction of reheated weld metal is large. Hence, besides the microstructure of
fusion zone, that of the rcheat zone has also been studied. Inclusions in weld metal have
been regarded as an important factor in the development of microstructure; therefore,
inclusions are also studied.

2.2 Calculated Isothermal Transformation Curves and Phase Diagrams

It is easier to study phase transformations and to study theoretical alloy steel design if
isothermal transformation curves and phase diagrams of the specific alloy steels are
available. Bhaseshia [156) has presented thermodynamic models, allowing the calculation
of reaction start time for Time-Temperature-Transformation curves, and Bhadeshia and
Edmonds [89,100] have also developed the theory for the calculation of phase diagrams
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for multicomponent steel. Hence, it is possible to compute the Ty 'l‘; and Ac3 curves
which are important in understanding transformation in welds. The T, curve [157] is
defined such that stress free austenite and ferrite of the same composition (with respect to
both the interstitial and substitutional alloying elements) have equal free energy. The
corresponding curve for austenite and ferrite (with a certain amount of stored energy
associated with transformation strains) of identical composition and free energy is called
the Ty curve [89,100). On the other hand, with paraequilibrium [32] , the no substitutional
clement partitioning Ae4 curve [89,100] describes the equilibrium between & and y when
carbon partitioning is allowed to occur subject to the constraint that the substitutional
clements do not redistribute during transformation. An application of such methods
towards the prediction of the microstructure (allotriomorphic ferrite, Widmanstitten fermite,
acicular ferrite and microphases) of the fusion zone of low-alloy steel weld deposits has
also been considered by Bhadeshia et al. [1). The thermodynamic calculation presented in
subsequent sections were carried out using computer programs developed by Bhadeshia
and co-workers,

2.2.1 Theory for the Calculation of Isothermal Transformation Diagrams

Bhadeshia [156] has presented a method to calculate the reaction start times for the
Time-Temperature-Transformation (TTT) curves for alloy steels containing C, Mn, Si, Ni,
Cr, Mo, and V in any combination, as long as the total substitutional alloying addition is
limited to less than about 7 wt%. Such diagrams can be treated as being composed of two
C curves. The upper C curve represents the time taken for the initiation of diffusional
transformation such as allotiomorphic femite and pearlite, whereas the lower C curve
represents the time taken for the initiation of displacive transformation such as bainite and
Widmanstitten ferrite.

The essence of this method is to fix experimental values to Russell's general equation
[158] of incubation time. The incubation time can be expressed as:

T
s ( —) M
EEt (8F,)P D

where the braces imply a functional relation,

Ty = incubation time taken to establish a steady state
nucleation rate,

T = absolute temperature,
D = appropriate diffusion coefficient,

AF,, = free energy for nucleation, a function of alloy
concentrations and temperature,

and p = a factor depending on the nature of the nucleus,
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This method therefore precludes any preconceived ideas regarding the shape, the
coherency or the size of the initial nucleus. These calculations generate two 'C’ curves as
a function of time and temperature. In the case of the lower ‘C' curve the diagram is
truncated at the bainite start temperature Bs (or Widmanstitten ferrite start temperature
Ws) since this represents an upper thermodynamic limit beyond which neither
Widmanstitten ferrite nor bainite can nucleate. The flat top of the lower C curve actually
corresponds to the temperature at which the nucleation of displacive transformation first
becomes possible. It should be noted that although the analysis does not allow for grain
size variations, it has been pointed out [159) that such variations are relatively small as
far as the initiation of transformation is concemed; in any case, unless site saturation
occurs, the reaction-start times should not alter significantly with the usual range of
austenite grain sizes obtained following commercial heat treatments.

22.2 Calculated Isothermal Transformation Curves

The resultant Time-Temperature-Transformation (TTT) curves for the weld metals
studiedintlﬁslnvcsdgmonmdnownhﬁgumn.lnndz.uuauowuswsmdy
theoretically the effect of alloying elements on the transformation.

Figure IL1 shows the TTT curves of the nine different weld metals studied in this
work. It is found that all these weld metals possess good hardenability. Under the usual
weld deposition conditions, a typical weld cooling rate [1,16] over the temperature range
800-500°C is less than 20°Cs™!. Hence, the cooling curve cannot intersect the diffusional
C curve. These weld deposits should consist of bainitic ferrite and residual austenite, the
latter subsequently being retained to ambient temperature or transforming to microphases,
It is interesting to investigate the microstructure of these high strength weld metals in
detail to confirm this point.

It has been sopposed [53,160) that molybdenum has a positive effect on the weld
metal microstructure in the as-welded condition, by increasing the amount of acicular
ferrite. The weld metals studied in this investigation were specially designed in order to
clucidate any molybdenum effect. The content of molybdenum in these weld metals was
varied from 0.01 to 0.57 wi%. Figure I1.2 shows the effect of increasing molybdenum on
the calculated TTT curves. It is found that the effect is not significant even for the 0.57
wt% of molybdenum containing alloy (as shown in Figure I1.2d). This is because of the
generally high alloy content of the welds, where manganese and nickel also exert a
powerful influence.
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2.2.3 Phase Diagrams for Transformation in Steels

It is known that the growth of both Widmanstitten ferrite and bainite is in evidence
displacive [100]). Thermodynamically, Widmanstitten ferrite can only form with an
equilibrium or paraequilibrium carbon content, so that growth is controlled at a rate
depending on the diffusion of carbon in austenite; however, an atomic comrespondence is
maintained for substitutional atoms, in agreement with the observed shape change effects.
On the other hand, the formation of bainite involves the propagation of displacive sub-
units with a full carbon supersaturation, and partitioning of the carbon into the residual
austenite occurs subsequent to transformation, rather than during the growth process.

To characterise microstructural development under isothermal transformation, the Tor
Ty and Acj curves are very important in understanding transformation mechanism. The
calculations of Ty T, and Acj curves for weld metals studied in this investigation were
carried out using the analysis of Bhadeshia and Edmonds [89], and are demonstrated in
the next section. This analysis allows the extent of the isothermal reaction at any
temperature 10 be established assuming cither a bainite or Widmanstiitten ferrite reaction,
since the transformation should stop when the carbon content of the residual austenite

reaches either the Tg or Aej phase boundary respectively [89,101).

2.2.4 Calculated T‘;, Ty, and Ae:; Curves

The Tg, Ty, and Aej curves for weld metals have been calculated and are shown in
Figure I1.3; the corresponding TTT curves have been presented in Figure IL1. In essence,
it should be noted that T; and Acj curve can be used to define thermodynamically the
limits of transformations, but TTT curves determine the kinetics of transformation and
both have to be used in the theoretical design of alloys. For example, for low-alloy steels,
all reactions are relatively rapid, and it should be difficult 1o quench y at a rate fast
enough to achieve significant transformation to bainite without avoiding the occurence of
allotriomorphic ferrite and pearlite reactions,

The T, Ty, and Acj curves vary only as a function of the substitutional alloying
clement content and are unaffected by the average carbon content of the alloy X . For a
given value of X, when the T;,curvc shifts to the right, the austenite can tolerate more
carbon before bainite transformation becomes thermodynamically impossible, thus
increasing the maximum permitted volume fraction of bainite (Vp) at any isothermal
transformation temperature. Cerntainly, an increase in V), can also be achieved by reducing
X, but the hardenability should be considered first as mentioned above. For the weld
metals used in the present work, the T; curves are not very different (Figure 11.3), and all
the values X are very small. It is expected 1o obtain high volume fraction of bainite in
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these weld metals,

2.3 Microstructure of High-Strength Weld Deposits

In Section 2.2, it has been known that all the weld metals studied in this investigation
possess good hardenability, and in fact these weld metals are designed to obtain high-
strength and  high-toughness properties. The aim of this work is to identify the
microstructural constituents of these weld metals. A macrograph of the typical manual
metal arc weld deposit studied is presented in Figure 114, It shows that the weld deposit
WAL contains 21 runs in total with 3 beads per layer. The volume fraction of reheated
weld metal is large (about 0.3). Hence, besides the microstructure of the fusion zone, that
of the reheated zone should be investigated.

Microstructure of the Fusion Zone

The columnar austenite grains of the fusion zone in the weld deposit WA1 are shown
in Figure ILS. The austenite grain is very large, and can be treated as the form of a
hexagonal prism. The width of austenite grain was measured by 1000 lines nomal to
grain boundaries on Quantimet 720 image analysing computer, and the value was SSum.
In the case of measurement by randon sections, it was 7Sum. In a typical fusion zone
microstructure, fairly continuous layer of allotriomorphic ferrite (¢) usually outline the
columnar grain boundaries of austenite. However, in this higher alloy weld metal WAL,
the layers of allotriomorphic ferrite become thinner or even discontinuous. It is believed
that solute segregation occurs during weld-pool solidification [8,40,70,78). The distribution
of solute element within austenite grain will in tum affect the final microstructure [78).
The vy boundary is certainly a preferred site for the nucleation of allotriomorphic ferite.
Therefore, it is not just segregation that is important, but position of y boundary relative
to segregation [70,78).

The primary microstructures of fusion zone in the weld deposits WAL, WA2, WB,
WCI, WC2, WDI1, WD2, WD3 and WD are presented in Figure IL6. It is noted that
WC2 (Figure IL6e) and WDI1 (Figure IL6f) contain 0.01 wi% of molybdenum
respectively; WAL (Figure I1L.6a), WA2 (Figure I1.6b), WB (Figure I16c), and WCI
(Figure 1L6d) and WD2 (Figure IL6g) contain about 0.20 wi% of molybdenum
respectively, WD3 (Figure I1.6h) contains 0.40 wt% of molybdenum; and WDM4 (Figure
IL6i) comtains 057 wit% of molybdenum. All the welds have a similar primary
microstructure consisting mainly of acicular ferrite (volume fraction about 0.9), with very
lile allotriomorphic ferrite, Widmanstiitten ferrite and microphases. The calculated TTT
diagram indicates that allotriomorphic ferrite and Widmanstitten ferrite should not be
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present, probably forming due to the presence of chemical segregation in weld, which
cools under non-equilibrium conditions. The y'y boundaries are expected 1o be in solute-
dmadwxmwbwUnﬁmmwwwfyis&danMﬁQ(mmlm
solute-rich liquid solidifies) are in regions which are solute rich [78]. In the present study,
solidihcuimslmldbeginwith&asu:ﬂmplmcwsolidify.dmtovcrylowcubon
content. According 10 the TTT diagrams, these weld metals should contain a high volume
Mmo!bﬁﬁmﬂm.mdmialbﬂdwmomﬂdbcrminmnapdmw
structures. In order to predict the microstructure of the fusion zone in weld, the
mechanism of the acicular ferrite transformation should be understood. A study of the
thermodynamics of the acicular ferrite transformation will be presented in Chapter Three,

Thin foil specimens were prepared for transmission electron microscopy from a
0.25mm thick discs slit from the top layer (fusion zone) in weld deposits, The discs were
thinned to 0.0Smm by abrasion on silicon carbide paper and then electropolished in a twin
Jet electropolisher using a 5% perchloric acid, 25% glycerol and 70% ethanol mixture at
ambient temperature, 45V. The microscopy was conducted on a Philips EM400T
transmission electron microscope operated at 120kV.

The detailed morphology of acicular femite of these weld metals has been studied by
transmission electron microscopy as presented in Figure I1.7. Figure I1.7a (taken from
weld metal WA1) shows inclusions in the acicular ferrite plates, the inclusion diameters
being about 0.3-0.6um. In the upper region of this micrograph the microphases appear
like lath marntensite. In Figure IL7b (taken from weld metal WA2) the electron micrograph
shows elongated microphase decorating the boundaries of ferrite plates. It is noted that a
one-to-one correspondence between the number of active-inclusions and the number of
acicular ferrite plates is not expected, because subsequent plates may nucleate
sympathetically on any inclusion-nucleated plate [62). Figure IL7¢ (taken from weld metal
WDI1) shows platelets of acicular ferrite which have apparently nucleated sympathetically
on the austenite/ferrite interface. In some cases, several acicular ferrite plates can grow
from one inclusion to give a star shaped cluster as shown in Figure I1.7d (taken from
weld metal WD2). Figure I1.7¢ (taken from weld metal WD3) shows the acicular ferrite
plates, inclusions, elongated microphases and blocky shaped microphases. The blocky
microphases are martensite in which the auto-tempering has occurred and cementite has
precipitated. In Figure IL7f (taken from weld metal WDM), the electron microscopy shows
lhaductohardimpinzunanﬂwmn—puﬂklplmofacicuhrfenitemmnged in an
interlocking pattem, and small amounts of microphases are located among the acicular
ferrite plates,
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The lenticular shape of acicular ferite is illustrated in Figure IL7 and since this
morphology was always observed, it is concluded that acicular ferrite has in three
dimensions a thin-plate morphology. The tips of the acicular ferrite plates are also found
to be smoothly curved. These morphological observations are consistent with a displacive
transformation mechanism in which the lenticular plate shape of acicular ferrite arises
Mughﬂnmedmmhﬂmlseﬂnanhamgymodmdwimuwwoommyingm
deformation. The dislocation density of acicular ferrite and the orientation between
adjacent acicular ferrite will be dealt with in Chapter Six.

Microstructure of Reheated Zone

It has been supposed [161] that the microstructural development in the reheated zone
of weld metal is generally similar to that in as-deposited weld metal, except that there is a
progressive decrease in prior austenite grain size with decreasing peak lemperature.
Consequently, there is a progressive increase also in the ratio of allotriomorphic ferrite to
acicular ferrite. The microstructure in the coarse-grained reheated region is expected to
resemble that in as-deposited weld metal, except that, in the former, the present austenite
grains are equiaxed.

Figure I1.8a shows the reheated zone between the top layer and second layer of fusion
zones in weld metal WDM4, It contains elongated regions, rather like the original columnar
Y grains, which are associated with microphases (maybe martensite, retained austenite, or
degenerate pearlite). The microphases appear as tiny black islands in higher magnification
optical micrographs as shown in Figures IL8b and c. The microphases are aligned as a
banded patten. The width between the bands is less than 20um. However, the width of
original columnar austenite grains in the fusion zone is about 60um. It is clear that
segregation within the original columnar grains causes this effect. Certainly, the banding
regions are solute-rich, and are the last transformed structure in the reheated zone. In
Figures I1.8b and 'c. the micrographs show the microstructure of the reheated zone consists
acicular ferrite, allotriomorphic ferrite and microphases. The volume fraction of acicular
ferrite is much less than that in the fusion zone, but the amount of allotriomorphic ferrite
Mmiaoﬁmm!mw.ﬁubaﬂymunmmwﬂwgnhsm
smaller and the ¥y boundary is located solute-depleted region, the effects enhance the
nucleation and growth of allotriomorphic ferrite; therefore the volume fraction of acicular
ferrite decreases in the rcheated zone of weld metal studied. In order to elucidate this
problem the detailed austenite grain structure and segregation pattern in reheated zone are
needed,
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development of microstructure. It is interesting to examine whether the inclusion size
distribution and inclusion type determine the final microstructure of weld metal, At this
stage.mclndusimd\emimyofwcldmemWBhubeulMed.mmiaomﬂysbwu
conducted in a Philips EM400T transmission electron microscope operated at 120 kV. An
energy dispersive X-ray analysis facility was used for the microanalytical measurements,
with the specimens held in a berylium holder tilted from the normal by 35°, which is the
take-off angle, The X-ray count rate was optimised to about 1000 counts/s over a livetime
of about Imc.mdaumunlysednsingmeLMRTSZH.Spmmnformmmil
microanalysis; this comects that data for atomic number and absorption and accounts for
overlapping peaks by fitting standard profiles. Even though the probe diameter used was
nboul:!mn.bumq)rcadingdtnwmuuingorclectmwwﬁnthcmlnfoﬂpvem
estimated broadened beam diameter of about 20nm.

Eleven different inclusions from the same specimen were tested. Because the inclusion
size was large, the probe beam spreading did not cause any difficultics during analysis.
The microanalytical data are shown in Figure IL9, from which it can be seen that as Fe
content increases, the alloying content of Mn, Ti and Al decrease, and vice versa. It
mronseanslikdylhamemclmiomln(hlsmldmeulmmpoedoftwotypuol
oxide - (Fe) oxides and (Mn, Ti, Al) oxides. (Fe) oxides maybchOorFqO}and(Mn.
Ti, Al) oxides may be MnO, MnO,, TiO, Tiy03, TiO,, or Aly03. Note however, that all
inclusions contain significant quantities of each element examined. As inclusions in the
welddeposk%nudiedmofvuyoanpﬁcaedmposiﬁomilismppmdthame
inclusions are complex multiphases, and the potency of inclusions for femrite nucleation
cannot be estimated casily,

2.4 Summary

The calculated TTT curves and phase diagrams (To’, To and Ae) for the high-strength
weld metals have been presented. It has been shown that all the weld metals studied in
this investigation possess good hardenability. The primary microstructures of the fusion
zoneofallwdddcpositscmimdmsimilu.mdm&mdnlyofaciwmmﬁw
(volume fraction about 0.9), with very little allotriomorphic ferrite, Widmanstitten ferrite
and microphases. The morphology of acicular ferrite has been examined by transmission
electron microscopy. In addition 1o intragranular nucleation on inclusions, acicular ferrite
also secems to nucleate sympathetically, giving rise to an interlocking formation of
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lauiwhrphmmmmaumofmenhwedmismplw.mdlbm&d
ummuehabeenfwndhdﬁsmhwbmdingrqimmmmmﬂyofmkmphm.
and reflects the segregation in original columnar austenite grain. It has also been shown
that the ratio of allotriomorphic ferrite to acicular ferrite decreases in the reheated zone,
probably due to austenite grain refinement and segregation effect. Inclusion chemistry has
also been examined but it is difficult to draw any conclusions about nucleation potency
because all the inclusions investigated seem to be complex multiphases,
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Figure 111 - Showing the calculated TTT curves for weld metals.
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Figure I1.3 - Showing the calculated T,y T, and Ae; curves for weld metals.
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3000 um

Figure 114 - Showing the macrograph of the typical manual metal arc weld deposit
studied. It contains 21 runs, and 3 beads per layer. The reheated zones can be identified.

FigureIL5 - Showing the columnar austenite grain boundaries in fusion zone of weld
metal WAL,
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Figure 11.6(b) - Primary microstructu

of WA2, | B
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Figure 1L.6(¢) - Primary microstructure of WC2.
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Figure 1L.6(f) - Primary microstructure of WDI1.
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Figure I1.7(a) - Electron micrograph shows the acicular ferrite, inclusions and microphascs
in fusion zone of weld metal WAI
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Figure I1.7(b) - Electron micrograph shows the microphises between the ferrite plates in

fusion zone of weld metal WA2
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doum,
Figure IL7(c) - Electron micrograph shows the acicular ferrite sympathetic nucleation in
fusion zone of weld metal WDI.
0

-

Figure 11.7(d) - Electron micrograph shows that several acicular ferrite plates grow frem ome
inclusion in fusion zone of weld metal WD2,
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05 um

Figure IL.7(c) - Electron micrograph shows the acicular ferrite plates, inclusions, clongated

microphases and blocky shaped microphases in fusion zone of weld metal WD3.
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o G SN
Figure 11.8(a) - Showing reheated zone between the top layer and second layer of fusion
zones in weld metal WDM,
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Figure I1.8(b) - Showing the microstructure of reheated zone in weld metal WD4,
Figure I1.8(c) - Showing the microstructure of rcheated zone in weld metal WD4.
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Chapter Three

Thermodynamics of the Acicular Ferrite Transformation
3.1 Introduction

Acicularfctﬂtc(a.)lsaplmefonnedbyﬂnmmfonn:ﬁonotm:ﬁtc('{)duﬁng
cooling of low-alloy steel weld deposits [1,162). It forms in a temperature range where
diffusional transformations become relatively sluggish [1] and give way to displacive
products such as Widmanstiitten ferrite, bainite and martensite, Its morphology consists of
non-parallel plates of ferrite, which during the early stages of transformation nucleate on
inclusions [60,61) present in the columnar sustenite grains typical of weld deposits.
Subsequent plates may nucleate sympathetically on these inclusion-nucleated plates (62),
wmuam-mwmwmwmuwnmnbctofacﬁve-mausmandﬂw
number of a, plates is not expected. However, the mechanism by which acicular ferrite
gmwsunuundemoodmdmmndeuudevebpmauorp!memdomdmmodds
forpmd!aingﬂmmlcmo!mld&ﬂwwwkbdowdahﬁ&expuﬁnmwm
thermodynamics of the formation of acicular ferrite from austenite.

The term *‘acicular’’ means ‘‘shaped and pointed like a needle" but it is generally
myindﬂma,mmumdimemmmemrphobgyofminm. In wrought
steels, the formation of plate-shaped ferrite (whether it be bainite or Widmanstitnen
teniu:)isdwaysleeompuiedbylchmgelnme:hapeofmcmfomedlegim
[48,89,100). This shape change can be described as an invariant-plane strain with a
significant shear component [89,100] and is generally taken to imply a displacive
transformation mechanism [51] and the existence of an atomic correspondence between
mepuuumdpmduaplmes.uleastasmasmmmembsﬁmﬂmdnmm
concemed. Interstitial atoms, such as carbon may diffuse during transformation (especially
when the ferrite fomsatlow-mda-coolingwaemmepuﬂtim of carbon is a
thermodynamic necessity), without affecting the shape change or the displacive character
of the transformation (25,163). The shape change accompanying the transformation of
acicular ferrite (0r,) has been determined experimentally [65). Acicular ferrite may in fact
be bainite or intragranularly nucleated Widmanstitten ferrite, but its transformation
mechanism is not at all established,

The classification of microstructures on the basis of morphology is of considerable use
in the study of structure-property relationships, but the prediction of microstructure
qunsadeepauﬁemmdingofﬂwmfomadonmech-m.nismwwn
established [53-55] that the presence of acicular ferrite in the primary microstructure of
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low-alloy steel weld deposits leads to improved toughness, but the mechanism of its
fomadonhwmmmmumo&ummmmwmlmmusldy
ondedudmﬂcaduﬂuferﬁtecammbydilfcmmhermwdlmpndm 1)
lntlﬂ:work.theaimmwdewcemndmwtﬂinfomadonabouuhemwthofnicuw
ferrite, focussing on whether the growth is diffusionless.

3.2 Experimental Method

To enable the study of acicular ferrite without substantial interference from other
Mmamwwlymmﬂmwmmdwudwuulwofz
mm/s, using a welding current and voltage of 180A and 23V (DC#+) respectively. The
joint geometry was compatible with ISO 2560, the weld consisting of 21 runs with 3 runs

per layer, the interpass temperature being 250°C. The composition of the weld WB was
found to be Fe-0.06C-0.27Si-1.84Mn-2.48Ni-0.2Mo (wt.%) and the deposit contained an

oxygen level of 399ppm and a nitrogen level of 111ppm by wt. together with 0.01 Al,
0.02Ti and 0.0INb w1%.

Specimens for dilatometric experiments were machined from the weld deposits, so that
the cylinder axes were parallel to the welding direction. The specimens were machined
ﬁmmglomfufmmepamplmmdmmtaﬂeaedbyduudonﬁunmcm
mucdd.Anexpeﬁnmmmucwdmspednmmdlmmmwwdu
lZSO‘Cfa3days.whikawedhqumzmbe¢oandMngapuﬂdmofpum
argon. Finally, the specimens for dilatometry were in the form of 3mm diameter
cylindrical rods with a 1.0mm diameter bore and a 20mm length, electroplated with about
0.08mm layer of nickel, to provide constraint and avoid surface nucleation or surface
dcmduimeﬂmNickdpudmwsaniedoutlnlwoum-umdngmdplm.
Striking was carried out in a solution made up of 250g NiSO4, 27ml conc. sulphuric acid,
and water, amounting to 1 litre in all. The solution was used at S0°C, with a current
density of 77SmA/cm?, for 3 minutes. The plating solution consisted of 140gNiSOy, 140g
Anhydrous Sodium Sulphate, 15g Ammonium Chloride and 20g Boric Acid, made uptol
litre with distilled water. The plating was carried out at 50°C, with a current density of
40mA/cm2, for 15 minutes,

All dilatometry was performed on a Theta Industries high-speed dilatometer, which has
a water cooled radio-frequency fumace of essentially zero thermal mass, since it is only
Uwspedmcnwhidnundergoesmepmgmnmedunmdcyde.ﬂnlenmhmuwon
the dilatometer was calibrated using pure platinum and pure nickel specimens of known
thermal expansion characteristics. This enables rapid heating or cooling experiments to be
carried out The dilatometer has been specially interfaced with a BBC/Acron
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microcomputer so that length, time and temperature information can be recorded at
microsecond intervals, and the data stored on a floppy disc. The information is then
transferred 10 a mainframe IBM3081 computer for further analysis.

The specimens were austenitised at 950°C for 10 minutes (or 1200°C for 30 minutes)
before helium gas quenching to the different isothermal transformation temperature (480,
460 and 440°C). The relative length change (AL/L) during the isothermal transformation
was measured and the corresponding relative length change versus time has been plotted.
The carbon content of residual austenite when isothermal transformation ceases is very
useful in understanding the transformation mechanism. The maximum relative length
change (AL,) can be converted into the volume fraction of ferrite transformed, from
which the carbon content of the residual austenite can be calculated. The carbon content
of the residual austenite as a function of the relative length change in isothermal
mfomaﬁoncmbeeaimmdﬁomequwonm.lmdmz.mtﬂnivewndw
(M)wﬂupamngwavolumemctim(V)offaﬂu:mfomedlsgimllﬂlby:

ALL = 2V(s) + (1-V) (&) - 3M333) am.y

where 3g = lattice parameter of ferrite at the reaction temperature,
i'., = lattice parameter of austenite at the beginning of the isothermal transformatior
&, = lattice parameter of austenite at any stage of the isothermal transformation.

8y = (1 + ¢y(T-293)]
where @, = lattice parameter of ferrite, at ambient temperature (293K) measured by
X-ray diffraction,
= linear expansion coefficient of ferrite,

(ag + ZCIXi) [1 + e(T-293)]

= lattice parameter of unalloyed austenite,
concentration of alloying element i,
= coefficients (obtained from Reference 165) relating Xi to the change
in a,. Suppose C; for carbon, C5,C3 Cy, ...
for other substitutional alloy elements.
= linear expansion coefficient of austenite,

= (8 + C X+ CpX5 C3X3 + C4Xg +. . N1 + ey(T-293)],
= (g + CiXy + COXy + C3 X3 + C4Cq + .. )1 + (T-293)]

= average carbon concentration of alloy,
= carbon concentration of residual austenite,

=) QO

-
"

Qx&
"

Hence

and
where

FXre




After ferrite formation, the carbon is rejected from ferrite to residual austenite; therefore

Xy = X+ [VX- $Y(1-V)) (.2)
where S = amount of carbon locked up in ferrite either as carbides or in solution.

All the concentrations used in the calculation of equation I1L1 and IIL.2 are in wi%.
The calculations also require the linear expansion coefficients of austenite and ferrite. The
ferrite linear expansion coefficient € Was determined by first tempering a specimen at
600°C for lOmumeswdecompocemymﬁnedmmnnclndmenmmmgmelumh
change during cooling at a rate of 0.063'C/s. The measurements do not therefore account
fotdnp!muoraveqsnanmwmofcubide.mmwnmivelumhvm
tanpenmnhploaedhﬁmﬂl!.ﬁomwiﬁdlmem\enexpmbncoemduuof
ferrite was obtained (e = 1.15 x 105k"!). The y expansion coefficient was measured
while specimen was in the y single-phase field, as shown in Figure 1112 (e.,- 1.769 x
lO‘sk"). The ferrite hnicepmm(:a)umum temperature was measured using a
mmwm.mwmsmmwummuumcmlm.
w!ﬁlesededlnmmbuwmdﬁngapuunpmwnofpummwm
machined to the fom of 0.5mm x 0.5mm x 1Smm wire. Finally the specimen was
chemically polished in a solution made up of 5% HF, 50% H,0, and 45% H,O for one
minnmwmvenwdcfomaionhyubefomlesﬁng.lndnx-nyhnioepanmm
measurement, the CuK,, radiation and a standard Debye camera were used. The wave
length of CuK, radiation is l.ﬁl?kwﬂnmmrofthemndudbebyemmis
114.60mm. Newton-Ralphson extrapolation [166), using 011, 002, 112, 022, 013 lines,
was used to obtain the ambient temperature ferrite lattice parameter a, = 2.8723A as
showalnﬁmm.s.mpmmwdiﬂmbyanyo.l%ﬁommucﬂunuedmhgm
from Reference 167. Using these values and making the appropriate substitution in
equation IIL1 and TIL2, the carbon content of residual austenite Xy values (Table I1.1)
mobtdmdusingacomwmwwumne.Simewbidepredpﬁadmdoummr
rapidly over the time scale of the experiments, S in equation 1112 is taken to be 0.02
wi%, which is approximately the maximum solubility of carbon in ferrite.

3.3 Results and Discussion

The primary as-deposited microstructure of weld metal WB studied in this
investigation has been shown in Figure I1.6¢c. It consists chiefly of acicular ferrite, with a
small amount of allotriomorphic ferrite, Widmanstitten ferrite and microphases. The
calcuhtedmeuwefofmeweldmeulmmobeenshownhﬁmu.ulnmh
alloy, the Widmanstitten ferrite start temperature (Wg) and bainite start temperature (Bg)
hmbeenalwlued.mdilhubemtoumllntW,sB,-S(X)‘C.msmeam(lOO]ﬂm
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Wndmmﬂmaferﬁtcﬂnuldmbeobwwdudlmdhnmedindyimpﬂesﬂmﬂn
aclmhrtcnileobsenedinmewclddepositislikelytobebdniwifitlsnoucanplmly
new transformation. Figure I1.1a also shows that for any reasonable weld cooling rate, the
ooolingcmvecmlmmectmeuppetCme(dlmnsiomlem).sothatheanoy
anonlymfombyadisplldvemedmﬂm.mdloylsmmwunymwdw
avoid interference from other transformation products during the study of acicular ferrite.
In addition, transformation during the quench to the isothermal transformation temperature
can easily be avoided. Certainly, a weld deposit is necessarily chemically inhomogeneous,
and some formation of allotriomorphic ferrite and Widmanstiitten ferrite cannot thus be
avoided in the solute depleted regions, as seen in Figure 11.6¢.

3.3.1 Grain Size Effect

Thepmblemorresolvmmcmmonciunﬂfemismadewombynnftatha
itdoasmtmdilyoomhmgumdaduewmeabxnoelmmummm
mdwimsitamdbecmmemuﬁwgninﬁuofmchmhdelibcmclykept
small; transformations initiated at austenite grain boundaries thus swamp the interior
n:giomuwell.Howcver.lfancrdepoddon.aweldiudmbdhuomcausmmephm
mmmmwwwmumummwmnmmmumm
which were present in the original deposit. Isothermal transformation of this structure in a
temperature range where acicular ferrite usually forms in welds should then lead to the
intragranular nucleation and growth of plates whose morphology should be identical to
that of the acicular ferrite observed in weld deposits,

The austenite grain sizes for the homogenised specimen austenitised at 950°C for 10
mlmmuuulszfwwmimmmmwmmmm
pmcesseswcmwﬂedoutindﬂuommndeAhcruMﬁuﬂomdnspedm
were quenched by helium jets and then tempered at 600°C for 1 bhour in order to reveal
the austenite grain boundaries as shown in Figure I11.4, Figure I1l.4a displays the smaller
austenite grain for the specimen austenitised at 950°C for 10 minutes. Figure IIL4b
presents larger austenite grain for the specimen austenite at 1200°C for 30 minutes. Using
lhuulmmmmdnd.dnmwﬁwﬂmmmmndmwmmm
analysing computer. The average grain size for the former is about 15um, and for the
WtMutdSm.mmwwmmmwhnduﬂyuwllm
austenite grain size. The results of isothermal transformation experiments on reheated
weldmculmlllustmedlnﬂgurelﬂ&.é.?mds.mopdcalmicrognph(Flgure
I11.52) shows some ferrite plates forming after austenitisation of weld metal at 950°C for
10 minutes followed by isothermal transformation at 490°C for 30 minutes prior to
quenching to ambient temperature. It is noted that the ferrite plates grow from austenite
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grain boundaries and adjacent ferrite plates are parallel 10 cach other. This is the feature
of bainitic ferrite. It is also found that the transformation temperature 490°C is very close
to the By temperature (the calculated Bg temperawre is 500°C). Figure IIL5b also displays
some ferrite plates obtained after austenitisation of weld metal at 1200°C for 30 minutes
followed by isothermal transformation at 490°C for 30 minutes. The ferrite plates seem to
bemueredhhaunaﬂdcmmix(mwmmensinemuqumdﬂngwm
temperature). It is also noted that the major ferrite plates are not parallel with their
adjacent plates. The morphology is like that of acicular ferrite. Figure 1116 demonstrates
the results of isothermal transformation at 460°C for 30 minutes; in one case the weld
was reaustenitised at 950°C for 10 minutes (Figure IIL6a) and another sample was
austenitised at 1200°C for 30 minutes (Figure I11.6b) before isothermal transformation. It
is clear (Figure IIL6b) that isothermal transformation with the larger austenite grain
condition has led 1o the intragranular nucleation of plates of ferrite which can be
identified morphologically with acicular ferrite found in welds. On the other hand, in the
spedmmreamﬂtisoda”O‘C.theunaﬂmmﬁtemhmmm
intragranular nucleation, the ferrite plate nucleation at the austenite grain boundaries and
gwwmgbyazub-ummechudmwgivemenmphologyofshumofupperbahﬂu
(Figure IIL.6a). The striking transmission electron micrographs in Figure IlL.7a and b
distinctly confirm the morphologies of upper bainite and acicular ferrite in weld metal for
the corresponding optical micrographs shown in Figure Ill.6a and b. In order to
investigate the morphologies for higher volume fraction of bainite and acicular ferrite in
weld metal, the isothermal transformation was carried out at 440°C for 30 minutes. The
results are shown in Figure IIL8. Figure I11.8a displays large amount of bainite obtained
afler austenitisation of weld metal at 950°C for 10 minutes followed by isothermal
transformation at 440°C for 30 minutes. The micrograph clearly demonstrates that the
Mecofbdtﬂwﬁerﬂwmwnomgrainbmnxdm.:mmpmem:ﬂorwﬁonof
austenite grains, and them impinge with the opposite austenite grain boundaries. Figure
IIL8b shows a high volume fraction of acicular ferrite obtained after austenitisation at
1200°C for 30 minutes followed by isothermal transformation at 440°C for 30 minutes.
The optical micrograph shows the interlocking nature of acicular ferrite because acicular
ferrite nucleates intragranularly at inclusions within large austenite grains, and because of
hard impingement between plates nucleated on adjacent inclusions. It is clear that acicular
ferrite requires the presence of inclusions 1o initiate intragranular nucleation, and will only
ronnwlmu\ewmwgrnnxiuisldadvdymge.sothxevmuodginued from the
grain boundaries do not swamp those occurring intragranularly.
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3.3.2 The Carbon Content of Residual Austenite

A further experiment is needed to clearly establish that acicular femite is similar to
bdnimlndmtwlnuwumﬂywclenedwwmmmmﬁwsomwme(ab)md
Widmanstitien ferrite (o) grow by a displacive transformation mechanism [25,89,100).
However, the formation of Widmanstitten ferrite involves the redistribution of carbon
between the parent and product phases, but bainite initially forms by a diffusionless
mechanism and the carbon later partitions into the remaining austenite [25,89,100). This
difference can be exploited to deduce whether acicular ferrite grows like conventional
bainite or like Widmanstitten ferrite.

Considering first the diffusionless formation of bainite, the reaction should go to
completion since there is no diffusion necessary. In practice, the whole of the austenite
grain does not transform instantancously because of kinetic restrictions (e.g. heterogencous
nucleation); even if the first plate forms without diffusion, it has a opportunity to reject
its excess carbon into the residual austenite. Any further increment of transformation is
therefore associated with a lower free energy change, due to the higher carbon content of
the austenite from which it has to form., Eventually, a stage is reached where the
transformation becomes thermodynamically impossible since the free energies of residual
austenite and bainitic ferrite of the same composition become identical [25,89,100], as
shown in Figure IIL9. The locus of such positions, as a function of isothermal
transformation temperature defines the Tg curve [89,100), where austenite and bainite
(with a cenain amount of stored energy associated with transformation strains) of the
same composition have equal free energies. The comesponding curve for stress-free
austenite and ferrite of identical composition is conventionally called T, [104]. The
bainite mcuonstmldmmfomstopwmmecuboncuwmudonofmswﬁw(xp
reaches the level given by the Ty, for the isothermal transformation temperature concemed
[100].

The Aej curve (as shown in Figure 111.9) may similarly be defined for the growth of
Widmanstitten ferrite [100] which involves the paraequilibrium transformation with the
partitioning of carbon. If the small amount of strain energy associated with the back-to-
back formation of mutally accommodating plates of Widmanstitten ferrite is ignored, the
Widmanstiitten reaction should stop when quadnesmelcvclgivenbymemgcum for
the isothermal transformation temperature concemed [100]. For any given Temperature,
meaxboncommtmlongivenbyAeémweumud:llrgercnndmgimbylheTa
wwe.somnamemmmorx.,umcﬁonmmlmummduﬂydwmlsh
between Widmanstitien ferrite and bainite. Hence, the aim was to transform a weld metal
isothermally in a temperature range where it is known 10 transform to just acicular ferrite,
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and by studying the maximum extent of transformation in terms of the above criteria, to
deddewmthuadanufaﬁnmbksm&nmmnkmwubﬁﬁwwhhmpeam
its growth mechanism.

3.3.3 Dilatometry and Thermodynamic Analysis

The dilatometric specimens were austenitised at 950°C for 10 minutes or at 1200°C for
wmnumufatqnwﬂmwmmmndmfmmﬁmmmmm.mw
490°C. The isothermal transformation curves are presented in Figure II110 and are seen to
have a classical sigmoidal shape, with a rapid initial reaction. It is immediately apparent
that the maximum degree of transformation at any temperature increases as temperature
below the bainite start temperature (Bg = 500°C), showing that the weld metal exhibits the
classical “‘incomplete reaction phenomenon’ which is an identifying feature of bainitic
transformation [25,89,100]. The carbon content of residual austenite Xyoonupomlngto
the maximum degree of transformation has been calculated, using equations I1L1 and 2
and the following measurements: e, = 1.150 x 10’5k".e.,- 1.769 x 10°5k°1, and the
lattice parameter of femite in the weld, at ambient temperature. The carbon content of
residualmﬁuoq.memlmﬁwdonotbuiniw(v%)mmvohmﬁwﬁmof
acicular ferrite (Va.) after complete isothermal transformation are shown in Table IIL1,
X.,oonespmdhgmdxmuimmndegmeofmfmmimbpmmdinﬁmmn.
dmwmunmlemmmbmmmesT;,TomdAuj(uumuinOWM).
lz'sclwﬂmadqﬂufenitcfomaﬁonmnmeﬂ,bmuuuy.pmvidimm
evidence that the formation of acicular ferrite is diffusionless, the redistribution of carbon
into the residual austenite occurring at a stage after growth. The transformation
mechanism of acicular ferrite is clearly established and is the same as that of bainite. The
results also imply that the strain encrgy accompanying acicular ferrite growth is of the
order of 400J/mol [100).

3.4 Conclusions

It is found that the formation of acicular ferrite at any particular transformation
temperature ceases as the carbon concentration of the residual austenite reaches the T
boundary, and that the transformation exhibits an *‘incomplete reaction phenomenon*’,
The maximum extent of transformation increases with undercooling below the B
temperature. These results provide strong evidence suggesting that the growth of acicular
ferrite is diffusionless, with carbon paritioning into austenite after the transformation
event. In this respect, acicular ferrite is identical to bainite. Evidence has also been
provided 1o show that the morphology of acicular ferrite differs from that of bainite
simply because the former nucleates intragranulardly at inclusions within large austenite




mmbecmofhamunphgmmbumphmmckaedmndjmimlum
ltkwndudedmnwiaﬂufaﬁwisinfmbdmcwﬁchmdemlmnmluwmme
large austenite grains typical of weld deposits.
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Fig. lll4a - Optical micrograph shows small austenite grains. Weld metal was

reaustenitised at 950°C for 10 minutes and quenched by helium jets, and then tempered at
600°C for one hour.

i

-

Fig. 1L4b - Optical micrograph displays larger austenite grains. Weld metal was
reaustenitised at 1200°C for 30 minutes and quenched by helium jets, and then tempered
at 600°C for one hour.
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Fig. IIL5b - Ferrite plates forming after austenitisation of weld metal at 1200°C for 30
minutes followed by isothermal transformation at 490°C for 30 minutes.
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Fig. 1IL6a - Bainite obtained after austenitisation of weld metal at 950°C for 10 minutes
followed by isothermal transformation at 460°C for 30 minutes,
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Fig. IIL6b - Acicular ferrite obtained after austenitisation of weld metal at 1200°C for 30
minutes followed by isothermal transformation at 460°C for 30 minutes.
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Fig. 1IL7a - Transmission clectron micrograph shows classical sheaf of upper bainite,
Weld metal was reaustenitised at 950°C for 10 minutes, isothermally transformed at 460°C
for 30 minutes and then quenched by helium jets.
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Fig. 1IL7b - Transmission electron micrograph shows acicular ferrite. Weld metal was
reaustenitised at 1200°C for 30 minutes, followed by isothermal transformation at 460°C
for 30 minutes and then quenched by helium jets.
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Fig. IL10 - (a) Isothermal transformation curves for weld reaustenitised at 950°C. (b)
Isothermal transformation curves for weld reaustenitised at 1200°C.
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Fig. IIL11 - Phase diagram, with experimental data on the carbon concentration of
austenite at the termination of isothermal transformation. The reactions stop well before
the Ae3’ curves are reached.
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Chapter Four

4.1 Introduction

Much work has recently been done on the prediction of the primary microstructure of
fusion zone in weld deposits using detailed phase transformation theory, and this has met
with reasonable success [1,31,77-79). However, there is no corresponding theory available
for the reheated microstructure, which can form a substantial proportion of a multipass
wdddcpositmmenndcydecxpuimcedlnmcnheuedmmijmme
microstructure and cause recrystallisation and grain growth, or if the Ac; temperature is
exceeded, it may musten!dneoadegreedependimmtheummodynuniamdthe
kinetics of reaustenitisation. In order to establish a quantitative model for reaustenitisation
in weld deposits, the work is initially limited to isothermal reaustenitisation experiments,
and the starting microstructure is acicular ferrite () in a matrix of austenite, or bainite
(o) in a matrix of austenite. The study of the overall transformation kinetics will be
presented in Chapter Five,

The alloy HWB used in the investigation is a homogenised weld deposit of
composition Fe-0.06C-0.27Si-1.84Mn-2.48Ni-0.20Mo-0.00400-0.01 A1-0.02Ti ; Wt%. The
oxygen is tied up in the form of oxide inclusions. Alloy preparation and the experimental
technique of dilatometry have been presented in Chapter Three. The same techniques of
transmission microscopy and microanalysis have also been used as demonstrated in
Chapter Two.

4.2 Isothermal Reaustenitisation

The aim was to study isothermal reaustenitisation, beginning with a microstructure
consisting of bainite and austenite (or acicular ferrite and austenite). For this reason, the
experiments were carried out on weld specimens homogenised, austenitised at 950"C for
10 minutes (or at 1200°C for 30 minutes), isothermally transformed to bainite (or acicular
ferrite) at a temperature Ty = 460°C for 30 minutes (Figure 1116 and 7) and then rapidly
up-quenched to a temperature TY for isothermal reaustenitisation. The specimens were not
cooled below 460°C, in order to avoid the martensitic decomposition of some or all of the
residual austenite at that temperature. It should be noted that 30 minutes at 460°C is more
than adequate to allow the bainite (or acicular ferrite) transformation 10 terminate as
shown in Figure II1.10. It has also been demonstrated that for the alloy used, the bainite
(or acicular ferrite) transformation ceases when the carbon content of residual austenite x.,
reaches the Ty, curve in Figure 11111, The precipitation of cementite (0) from austenite is




vuyslowformismoy.wheneompmdwlmmumcqumdfotuuab(ora.)
transformation to cease. For example, no cementite is found long after the completion of
the bainite (or acicular femite) transformation at 460°C. Even when this mixture of
bchuncferﬂlemdcatbon-ammmaunwaauwlsmdedbyrﬁdngm
temperature 10 600°C (direcly from 460°C), cementite only precipitates from austenite
after about 2 hours (as shown in Figure IV.1 including EDX data). Hence, cementite
precipitation does not complicate the interpretation of the results, reaustenitisation being
from a mixture of just bainitic ferrite (or acicular ferrite) and carbon-enriched austenite.
The dilatometric output also showed (Figure IV.4a) that there was no decomposition of
austenite during heating. In these circumstances, reaustenitisation involves just the growth
of austenite and nucleation can be ignored.

4.2.1 Dilatometry

mmuounnedﬁomduawmuﬂcexpedmeaummmﬁsunw.zms.
TheﬂmdaemblegmwthofmmlwwufomdnoocunuTY-GSO‘Cform
starting microstructures bainite plus austenite (Figure IV.2) and acicular ferrite plus
austenite (Figure IV.3). In all cases the transformation rate was initially rapid, but
decmsedwithdmsoduzunspecuncnlmgmcvamnuyuoppedchandng.u
transformation ceased. It should be noted that a small amount of transformation occurred
during the up-quench, when attempts were made to isothermally reaustenitise specimens at
temperatures above 725°C for both different starting microstructures. The transformation
duﬁmcwup-quawhhubeenmomedbymecomwmitwmunuwwm
length change, and a comection for this has been made as shown in Figure IV 4, During
continuous heating the specimens length varies lincarly with temperature. Figure IV.4a
shows the relative length change versus temperature curve for isothermal reaustenitisation
at 715°C for 2 hours (from starting microstructure 0, +Y), from which the maximum
nhﬁvelmgmchangeAmeanbedimwymmmd.mmcaseofhizhcrmnpemum
isothermal reaustenitisation, if the low-temperature part of the curve (in a relative length
change versus temperature plot as shown in Figure IV.4b) is extrapolated to T.r the
vertical difference between the extrapolated curve and the actual curve gives the relative
lmgma\mgeAHducmmfomaﬁmduﬁnxmeup-qwmmmtudbeaddedw
any relative length change AL; due to isothermal transformation at 'l‘.r Therefore the

mMmMﬁwmmmm%-ALu+ALlasmmdinFlgth.4b.

mmxhnmmuﬁvelmahﬂmp(M)vcmnﬂwcomspmdingmmmof
isomenmllemnitiwion('r\)isplouedhﬁmlvs In the figure, the curves A and
B show the expemnenul data for starting microstructures bainite plus austenite (oy+y)
and acicular ferrite plus austenite (0t +), respectively. The results are nearly the same,
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very large, the results indicate that below 760°C, reaustenitisation is incomplete, the alloy
becoming fully austenitic only above this temperature, Furthermore, the maximum degree
of transformation to austenite increases from nearly zero at 680°C to complete reverse
transformation at 760°C and above. It is also seen from Figures IV.2 and 3 that the rate
of the reverse a—»y transformation increases with T., for the staning microstructures O +Y
and o +y.

4.2.2 Transmission Electron Microscopy

The transmission electron microscopy for isothermal reaustenitisation from starting
microstructures bainite plus austenite, and acicular ferrite plus austenite has been studied
as presented in Figure IV.6 and 7, respectively. Figure IV.6a shows micrograph for
reaustenitisation at 680°C for 2 hours from starting microstructure ap+Y, in which the
ferrite plates (original bainitic femite sub-units) are parallel to each other and are
sepumdbymemnenimhm(mwbecmnemnmdwmercoounswmbicm
temperature). The thickness of austenite layers does not seem 1o increase significantly
because 680°C is the isothermal reaustenitisation starting temperature as expected from
dilatometry. As the isothermal reaustenitisation temperature increases, the austenite layer
becomes thicker, However the austenite layers still remain parallel with each other as
shown in Figures IV.6b, ¢ and d for reaustenitisation at 700°C, 720°C and 740°C for 2
mmmﬂmmewdmmmwmwwmorw
approximately planar Y/ interface. Figure IV.6e shows that there is some ferrite retained
afler reaustenitisation at 750°C for 2 hours. The electron micrograph in Figure IV.6f
present complete martensite structure, which originally was full austenite at 760°C before
quenching to room temperature (the helium gas quenching rate in dilatometer = 60 *C/s).
The electron microscopy for reaustenitisation from ay+Y is consistent with the
dilatometric data. -

The clectron micrographs in Figure IV.7 demonstrate reaustenitisation from O, +Y at
different isothermal transformation temperatures. Figure IV.7a shows the microscopy for
reaustenitisation at 680°C for 10 minutes, in which the morphology of acicular ferrite is
still clear but some austenite layers (now martensite) acquire protuberances. This indicates
that the amount of austenite growth is very small. The micrograph of Figure 1V,7b also
presents austenite layer swelling towards ferrite in some area when specimen is
reaustenitised at 700°C for 10 minutes. Figure IV.7¢c and d show the microstructures for
reaustenitisation at 720°C, and 740°C for 2 hours. The volume fraction of austenite
increases as the isothermal reaustenitisation temperature increases. Due to the smoothly
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at 760°C and above in Figure IV.7¢ and f.

4.2.3 Microanalysis

The microanalytical data (Table IV.1 and 2, Figure IV.8, 9 and 10) cover a range of
times (1) and each 1'.'. and a range of isothermal reaustenitisation temperatures. The
results for the two different starting microstructures Op+y and o, +y are generally not very
different, They show that for low T, substitutional alloying additions redistribute during
mca—nuwﬁormaﬂon.evmnlown?orlwmfommondmes.mcdegmot
partitioning of alloying elements (as indicated by the deviation of the partition coefficient
k; from unity, where k; = X¥/Xf") increases with decreasing T, This is consistent with
the fact that at low 'I‘.f the redistribution of substitutional alloying elements is a
thermodynamic necessity [37,111), As the driving force for reaustenitisation increases, the
transformation tends toward paraequilibrium or negligible-partitioning-local equilibrium;
lhdsislllustmedclcarlybymedmfonw'c.mnrorﬁmuuﬂmuwmmmd
2 minutes. In Figure IV.10a, the energy dispersive X-ray spectra show that for the
specimen reaustenitised at 760°C for 40 seconds the ratio (atom fraction of Mn/atom
fraction of Ni) is the same in the & and y phases, However in Figure IV.10b, the energy
dispersive X-ray spectra show that for the specimen reaustenitised at 680°C for 10
mimteslhemﬁoismuchluglmunninymmlna.evenmoughthemmof
reaustenitisation is quite small,

The concepts of paraequilibrium and local equilibrium have been reviewed in Section
1.5. Paracquilibrium is a state of constrained equilibrium in which the substitutional lattice
is configurationally frozen with respect 1o the transformation interface. Hence, even
though the transformation is diffusional in nature, the ratio (atom fraction of substitutional
element i/atom fraction of iron) is the same in & and Y. Thus, the chemical potentials of
the substitutional elements are not equal in the two phases. Carbon which diffuses faster
reaches equilibrium subject 1o this constraint. In negligible-partitioning-local equilibrium
(NPLE), equilibrium is maintained for all species at the transformation interface, but the
concentration of substitutional element is essentially the same in all phases,

Themuludsodnwumnlmcmsesforaglventrmcpmiﬂoncoeﬂkkmki
changes even though the volume fraction of austenite undergoes negligible change. This is
strong evidence that the concentrations of alloying elements at the interface during the
growth of austenite are not equilibrium concentrations.
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microstructures oy+y and o +y. One of the factors responsible for the increased rate of
mzfounadonalﬂgh'l‘yismefaaﬂxudndegeeofmdisuibudonofmoyingdmm
mmfmmMmeTYMWuMmMum
although the states of local equilibrium or paracquilibrium are for convenience often
mwdwdemuwwmposmmnuninmﬁoeduﬁmdlmmomuwedmwm.m
infinite number of other possibilities exist for multicomponent alloys [25). All
compositions of austenite which allow a reduction in free energy during growth can in
principal form from ferrite, giving rise to situations in which one or more of the clement
is trapped by the moving interface; trapping implies an increase in the chemical potential
of that element during transfer across the interface. The prediction of compositions at the
interface is then a formidable theoretical problem which cannot be addressed until detailed
information on interface mobility becomes available. On the other hand, any system must
eventually tend towards equilibrium, so that the limiting composition of austenite can
easily be calculated; this is the approach adopted in the present work.

4.3 Theoretical Analysis

lnﬂdssecdmaﬂnmodymmicmodelispmnedforhhmxﬂonof&he
observations on reaustenitisation from starting microstructure acicular plus austenite (or
bainite plus austenite). Since after the diffusionless growth of acicular ferrite (bainite),
carbon is rapidly and spontancously redistributed into the residual austenite with an
accompanying reduction in free energy, the 0y =Y (ap=>Y) transformation in its original
form is irreversible. The problem of reaustenitisation is therefore considerably different
from the case of reverse transformation from martensite to austenite in for example, shape
memory alloys.

It is noted that the formation of acicular ferrite (or bainite) ceases prematurely during
isothermal transformation when the carbon content of the residual austenite reaches the T
curve (the phase diagram for the alloy is presented in Figure 1V.11). It follows that the
carbon concentration )qof the austenite when the formation of acicular ferrite (or bainite)
ceases at T, is given by (point marked a in Figure IV.11):

XY= x,r; (T,) (v
Furthermore, it is noted that:

Xy<< X Aey (Ty) (Iv.2)




where x"“@ (Ty) is marked b in Flgure IV.11.

Thns,dﬂmghdnfomtﬁonofadcuhrferdw(orbdme)maTrmx‘y
<< era(T‘]. the driving force for austenite to transform diffusionally to ferrite is still
negative. Another way of expressing this is to say that the volume fraction of acicular
femw(orhmiu)pmemwhmlnfomuonmnt'l‘.lsmod:lmthmlsuqumd
bymelevumle.lnrmmismalmmecmunﬁlmewmpemThhlghmsh
(i.c..T-‘l‘ﬂ)aowhfymeequadon:

Xy= Xpey(Ty) av.3)

Ham.mumlﬂmhnwmﬂmoowruawnpemnTﬂ.ulMMMngm
IV11 (marked C), and as observed experimentally, Note that this is a direct consequence
of the mechanism of the acicular ferrite (bainite) transformation, which does not allow the
transformation to reach completion. If this were not the case, then the lever rule demands
that the temperature need only be raised infinitesimally above T, in order for the reverse
G~y transformation to be thermodynamically possible!

mﬂworygoeshmhcrthanexplaixﬂngjusxmetanpemmmuwhidaMtcvem
transformation should begin, ltalsopmdimmamywupemmn,mctmrﬂ.un
reverse a—y transformation should cease as soon as the residual austenite carbon
concentration x.{(hﬁuauyx:)mmu\eAchm.i.e..m

Xy = Xpe,(Ty) av.4)

with the equilibrium volume fraction of austenite (at the temperature T.'). v’![TY)' being
given by:

Vy(Ty) = XX e, (Ty) av.s)

assuming that the carbon concentration of ferite is negligible and Xaey(Ty) > X When
XAe,(Tyl = X, the alloy eventually becomes fully austenitic (point d, Figure IV.11) and
if this condition is satisfied at Ty = Ty, then all Ty > Ty, the alloy transforms
completely to austenite.

These concepts immediately explain the dilatometric data in which the degree of oy
transformation increase (from = zero at 680°C) with the temperature of isothermal
reaustenitisation, until the temperature 760°C = TYZ where the alloy transforms completely

wlmﬂw.mhuworyhsbemappliedudngamwwm(inApmdixl)w
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reaustenitisation as shown in Figure IV.5, in which the calculated curves C and D assume
thauhea.(ora@nwdonstopuToorT;,wmofdnplusediam. respectively,
The calculated results are very consistent with the experimental data.

4.4 Conclusions

Reammiﬁnﬂonofuwelddcpodkbegimﬁngwiﬂ:tmlmnmmofjuaﬁwm
ferrite plus austenite, or bainite plus austenite has been studied under isothermal
cmdiuommdinchwmmwhcmﬂnnucleamuofmﬂuhnmmry.m
same results of dilatometry and microanalysis for isothermal reaustenitisation from stanting
microstructures at,+y and 0y, +y have been obtained. Because acicular ferrite is in fact
intragranular bainite, its mechanism of reaustenitisation is the same as that of bainite. Itis
found that the reverse transformation from acicular ferrite (or bainite) to austenite does
not happen immediately when the temperature is raised (above that at which the acicular
feﬁtefomed).evendwushﬂnnﬂothidﬂnﬂncawphmﬂeld.%kbecmse
acicular ferrite plates grow by a diffusionless displacive transformation mechanism
(similar to that of bainite) which ensures that the transformation cecases prematurely,
before the residual austenite achieves its equilibrium composition, Hence, reaustenitisation
onlyoccunwinnlhcnnoyuhemdmlwmpemun(weummm, temperature of
the alloy) where the carbon concentration of the residual austenite exceeds its equilibrium
mﬂmcanplmuuumﬂmﬁmmmmmaﬂymnuampemmm
the alloy composition equals the austenite equilibrium composition. However, at all
intermediate temperatureures, the reverse a-»y transformation terminates before the alloy
becomes fully austenitic, with the volume fraction of austenite increasing isothermal
reaustenitisation temperature,

In the case of a starting microstructure bainite plus austenite, the transmission clectron
mlcmgnphsﬂ:ow'th&hmmhehmbeoounﬂﬂckcrmduﬁﬂmdnwnﬂdmm
ead:oﬂmuthemtaﬂdsaﬂmlunpemumincmhkpmvidessmcvidm
Mamwmumymwsbythemovemauonheplmvalnmfm. On the other
m.muumeofmnhumkmwmeacimmmeplmmm.omwu
non-parallel plate and smoothly curved morphology of acicular ferrite, the austenite
gmmhseemstomovelcwvedwainxerfmmmlammlyduldm(focbocha.w
and au+y) show that for low reaustenitisation temperatures, substitutional alloying
elements redistribute during the a—»y transformation, even in a very short period of time,
The degree of redistribution of alloying elements during transformation decreases with
increasing reaustenitisation temperature. Eventually the partition coefficients k; for
substitutional alloying elements equal unity, as the reaustenitisation temperature raises to
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dondumnylumltictempentuw.mslmpuuum.ndnddvhgfomc!«
reaustenitisation increases, the transformation tends toward paraequilibrium or negligible-

partitioning-local equilibrium,

mwocthuledloameoryformumunuonwhldlupwmmofu»
expedmmnmulu.mmoddpwdimmmelymempmmmuwmch
reaustenitisation should begin and the degree of transformation to austenite as a function
ofﬂnboﬂnmdmuswmmmm.Allthblsinmmnhmcdonofme
temperature at which the original acicular ferrite (or bainite) itself formed.
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(@)

(b)

Figure IV.1 - Effect of tempering on the precipitation of cementite.
(2) 10 mins @ 950°C —» 30 mins @ 460°C — 30 mins @ 600°C
(b) 10 mins @ 950°C — 30 mins @ 460°C — 140 mins @ 600'C
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0-5um
Figure IV.6(2) - Reaustenitisation at 680°C for 2 hours from starting microstructure Oy +Y.

O5um

e—
Figure IV.6(b) - Reaustenitisation at 700°C for 2 hours from starting microstructure O +Y.
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0-5um
Figure IV.6(c) - Reaustenitisation at 720°C for 2 hours from starting microstructure O+

05um

Figure IV.6(d) - Reaustenitisation at 740°C for 2 hours from starting microstructure Y.
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Figure IV.6(c) - Reaustenitisation at 750°C for 2 hours from starting microstructure O+,

2-0um

Figure IV.6(f) - Reaustenitisation at 760°C for 2 hours from starting microstructure oy, +y.
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Figure IV.7(a) - Reaustenitisation at 680°C for 10 minutes from starting microstructure
Oy +Y.

Figure IV.7(b) - Reaustenitisation at 700°C for 10 minutes from starting microstructure
O+,
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1-0 um

Figure 1V.7(c) - Reaustenitisation at 720°C for 2 hours from starting microstructure o, +Y

‘.‘ .} v - . a

Figure IV.7(d) - Reaustenitisation at 740°C for 2 hours from starting microstructure a+Y.
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1-0 um

Figure IV.7(¢) - Reaustenitisation at 760°C for 2 hours from starting microstructure o
st L 2 QLY.
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N\

s i b
Figure IV.7(f) - Reaustenitisation at 770°C for 2 hours from starting mncrux'tmuun:i +Y.
‘ a+Y.
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Table IV.1 - Microanalytical Data (w1%, error = % 0.20) for the y and a during
reaustenitisation from starting microstructure Y.

Reaustenitisation Mn Mn Ni Ni

Temperature("C) Time{min) Y o Y a
680 10 2.50 1.73 298 245
730 10 229 136 280 224
760 0.67 1.75 .72 2,66 262
710 120 239 109 326 1.96
735 120 2.17 123 3.00 1.94
760 120 1.83 1.76 257 2.65

Table IV.2 - Microanalytical Data (wt%, er = % 0.15) for the y and « during
reaustenitisation from starting microstructure Y.

Reaustenitisation Mn Mn Ni Ni

Temperature("C) Time(min) Y (1 Y a
680 10 283 1.79 2386 2.31
735 10 246 164 269 2.12
760 2 1.93 197 258 2.50
715 120 273 139 287 1.89
735 120 2.82 142 305 1.85
760 120 1.97 196 244 244
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Chapter Five

REAUSTENITISATION IN STEEL WELD DEPOSITS - PART 2
5.1 Introduction

As discussed in Chapter Four, a knowledge of the kinetics of reaustenitisation is vital
in understanding and predicting the microstructure of heat affected zones in laser, electron
beam andmwclds.mdinmanyoﬂmapplicationswkmtbcstcdwﬂetzocsaﬂmﬁcm
temperature rise into the a+y phase field. In Chapter Four, isothermal reaustenitisation
from the starting microstructures acicular ferrite plus austenite (0t +Y) and bainite plus
austenite (o +y) was discussed. In this Chapter, the overall transformation kinetics of
reaustenitisation beginning with bainite and with acicular ferrite will be examined and an
attempt will be made to interpret the results theoretically. The continuous heating
transformation behaviours of homogenised and heterogencous weld metals are also
investigated in order to understand the effect of segregation on the transformation and
rationalise a quantitative model, which allows the kinetics of reaustenitisation to be
predicted as a function of heating rate, alloy composition and other variables.

mswo&isoouwcwdwimmpmjocumwelding.mdwalloyusedmwdd
deposits WB, WCI1 and WC2. The chemical compositions of the weld deposits are listed
in Table IL1. Alloys preparation and other experimental details are the same as presented
in Chapter Four.

5.2 Kinetics of Reaustenitisation and Time-Temperature-Transformation Curve

A thermodynamic model for reaustenitisation has been presented in Chapter Four, and
most of the experimental results have been explained, but the detailed kinetics of
reausicnitisation have not been addressed as yet. In this section, kinetics of
reaustenitisation and TTT (Time-Temperature-Transformation) curves are studied in order
to approach the prediction of the overall transformation of reaustenitisation.

The process of reaustenitisation using homogenised weld metal HWB, beginning with
the microstructure of acicular ferrite and austenite (g +y), or the microstructure of bainite
and austenite (oy+y) has been studied. It has been found that at the final stage of
isothermal reaustenitisation at a specific temperature the amount of the transformation is
the same for a starting microstructure of acicular ferrite and bainite. However, the kinetics
of the transformation are found to be significantly different. Fig. V.1 shows the
dilatometry of isothermal reaustenitisation at the initial stage of 300 seconds. For a
starting microstructure of acicular ferrite and austenite, specimens austenitised at 1200°C
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for 30 minutes were isothermally transformed at 460°C for 30 minutes and then, without
cooling below 460°C, rapidly up-quenched to a temperature for isothermal transformation
(as shown in Fig. V.1A, B and C). For a starting microstructure of bainite and austenite,
specimens austenitised at 950°C for 10 minutes were isothermally transformed at the same
460°C for 30 minutes and then rapidly up-quenched to a temperature for isothermal
transformation (as shown in Fig. V.1 D, E and F). It is clear that for the starting
micmuwmofaduﬂufeuiumdmwﬂmdnmsfumadonmhvaydowu
680°C as compared with that of bainite and austenite. However, as the isothermal
reaustenitisation temperature increases, the transformation rate increases, and the
difference of transformation rate between the two cases becomes small. The time taken
for the detectable reaustenitisation has been measured (Table V.1), and the TTT curves
are shown in Figure V.2. Due to the drving force of transformation, as the
reaustenitisation temperature increases, the time taken for the minimum detectable
austenite growth decreases rapidly. The 5% transformation TTT curves have also been
calculated by converting the volume fraction change to the relative length change of
dilatometry. The calculations are expressed as the following equation.

When the volume fraction of austenite increases by 0.05 during isothermal
transformation, the relative length change (AL/L) of dilatometry can be written as:

w1 V26 v - vy el
aL ( ] (v.1)
L

3 @ vi+2ah3a-vh

where = lattice parameter of austenite at final stage of reaustenitisation.
= lattice parameter of austenite at initial stage of reaustenitisation.
= volume fraction of austenite at final stage of reaustenitisation.
= volume fraction of austenite at initial stage of rcaustenitisation.
= lattice parameter of ferrite at final stage of reaustenitisation.

= lattice parameter of ferrite at initial stage of reaustenitisation.

= dm 5 & &~ I

therefore v!; = 0.05 + v'Y (v.2)

If small change in the carbon concentration of the austenite is ignored, then:
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of ~al (v.3)
also af = al, (V4)

Combining equation V.1,2,3 and 4, the relative length change (AL/L)
can be simply described as:

1 0.05 (@} - 0.1 ()3
. ) (v.5)
3

@p3vy + 2aR%a-vh

AL
L

From the relative length change corresponding to an increase of 0.05 in volume
fraction of austenite at specific isothermal reaustenitisation temperature, and dilatometric
data, the transformation time has been obtained (Table V.2). The corresponding
transformation TTT curves were plotted in Figure V.3. The results also show that as the
reaustenitisation temperature increases, the time taken for increasing the volume fraction
of austenite by 0.05 decreases rapidly intheaseora.ﬂo:abﬂ.

5.2.1 Theory of the Kinetics of Reaustenitisation

A theory has been developed in order to predict the time taken for @ detectable amount
(or some specific amount) of reaustenitisation from bainite plus austenite (or acicular
ferrite plus austenite). Because the nucleation of austenite is unnecessary when using high
heating rates, reaustenitisation occurs only by the diffusional growth of austenite. Due to
austenite layer thickening, the simplest treatment for growth of austenite from a mixture
of bainitic ferrite and austenite is a onc-dimensional growth model, involving the
movement of a planar o/y interface. This theory also assumes only carbon diffusion
controlled growth” of austenite into ferrite, and a lack of soft impingement. It is presumed
that for the ecarly stages of transformation the austenite and ferrite are both semi-infinite in
extent. The increase in half thickness of austenite can be described as [33).

q= a,tm (v.6)
dq = 050,12 v.7)

" In fact, the microanalysis results (in Chapter Fouwr) indicate diffusion also of substitutional elements.
However, if Jocal equilibrium is even approximately achicved at the transformation imterface, then the
carbon diffusion controlled growth rate calculated wsing the equilibrium carbon concentration would not
differ from that for the diffusion of substitutional elements. course, the choice of the tie line
,wﬁuwwmmmhhmbmwwmw&omdbm‘m
or all the elements at the interface. In general such a tic line will not pass through the
composition of the alloy, but here the assumption is made such that it does pass through the
carbon concentration. This may be a good spproximation since the alloy is in this sense dilute,
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whcrcqisd:ckminhalfﬂﬂchmotms&uﬁmhyer.sumlliclmcssao.mdal
is one dimensional parabolic thickening rate constant.

The schematic diagrams in Figure V.4 show the original austenite layer and the
thickening austenite layer. ¢ is the biggest side in three dimensions of bainitic ferrite
plate, (it is usually supposed [25) that a ferrite plate is idealized as a rectangular
parallclopiped with sides of length a, b and ¢, and ¢ = b >> a), therefore ¢2 is the
bommrymolvamufmmmidmumdmublcvolmmaimdwmbe

written as:

av, =2 N2 22 4o (V.8)

where N is the initial number of particles of austenite per unit volume,
and Aam is the minimum detectable thickness increase (as shown in Figure V.4b),

Combining equations V.7 and 8, the minimum detectable volume fraction change can
be expressed as:

AVy = 2 N2 [§ 0.5a,c172 dt (vV.9)

where t is the time taken for the minimum detectable transformation.

After integration,
AV, =2 a;N,c21/2 (v.10)
AV
hence T = (—)2 v.11)
20N, c2
2
however ZN\,c2 = Sv = —_—
L
Av,
therefore T = ( 2 (V.12)
@ sv

where S, is surface area of ya boundary per unit volume, lnd(ll E)ls the number of

119




intercepts of Yo boundary per unit length of test line. From equation V.12 it is clear that
lhevalucoftisdcpmdaumnotorﬂypanboﬂcmcconswu(al)butabomemtfaoc
arca of ya interface per unit volume (Sy) for a specific amount of reaustenitisation. For
the same starting microstructure and a specific amount of transformation t decreases
rapidly as the isothermal reaustenitisation temperature increases due to the @, increasing.
nﬁsmdmabohﬂiummmmbgyofmmgmwmeﬂw
T, because S, is definitely governed by the starting microstructural morphology. Maybe
this is the reason why Oty and o +y have different kinetic behaviours during
reaustenitisation,

In the case of specific amount of reaustenitisation for the same starting microstructure,
the equation V.12 can be simplified as the following relation:
1
ve af— (V.13)

5.2.2 Determination of Parabolic Thickening Rate Constant

o value can be deduced by applying Fick's law of diffusion and the principle of
conservation of mass. Figure V.5 shows the carbon concentration profiles in « and y
before reaustenitisation and during reaustenitisation. In Figure V.5a, the carbon
mmuauonofyislhenmecl before reaustenitisation. In Figure V.5b, the carbon
concentration of y at ya interface during reaustenitisation is €™, and the carbon
concentration of y far away from the interface remains Cy. It is assumed that the carbon
concentration of « remains the same, C%Y, before and during reaustenitisation. Co-
ordinate Z is defined nomal to Ya interface.

During reaustenitisation the flux of carbon toward Yo interface, at the position of
interface can be expressed as:

ac
J = Dy (C) (V.14)
0z

The diffusion coefficient of carbon in austenite, Dy, is known to be strongly
concentration dependent [168). The weighted average diffusivity, Dy;, can adequately
represent the effective diffusivity of carbon [169), and is given by:

- cor

D = ‘c Dyy dCAC*Y . C)) (V.15)
1

The rate at which carbon concentration of ¥ is diluted can be written as:
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R=v(C) - C™) (v.16)

where v is the velocity of interface.

Because the position of interface along co-ordinate z can be described as:

Z= a,l”z
dZ 1
therefore v = = ;11""2 V.17
X

Combining equation V.16 and 17, the rate at which carbon concentration of Y is diluted
can be expressed as:

R = (Cy - C®Myay 12y (V.18)

Conservation of mass at the interface requires that (i.e., combining equations V.14 and
18):

(€ - C®Nayr 122 = -1y (CT)RC2Z) 5 (V.19)

whcmzisdteco-ocdinahcnonnaltomeimcrfweplmandZismeposillonofun
interface along co-ordinate z. Equation V.19 simply states that the amount of carbon
puﬂﬁomdhomdny.permﬁldmeequmﬂtarbonlluxamyfmmtlnvalmedaoe.
From Fick's laws, the differential equation for the matrix is given by:

C/ = A(Dy 1 (C)ACRZ)AZ (vV.20)

subject to the boundary condition C = C"™ at z = Z(t), and C = C; at t = 0, and
equation V.19,

The equation has been solved [25] 1o give an implicit relation for @y as a solution of
the form:

) ¢, - Cr
h =HiDy} » — v21)
C, - C™

where
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Hy(Dyy) = 257Dy )O3 ayferfe(0.5ayADy )75} lexplofiaby ) (V.22)
Finally the & can be calculated from equation V.21 and 22,

5.2.3 The Relation between the Parabolic Rate Constant and TTT Curves

The parabolic thickening rate constant (o)) at different reaustenitisation temperatures
has been calculated using the computer program and the data given in Table V.3. An
attempt was then made to find the relation between the time taken (1) for the detectable
amount (or some specific amount) of reaustenitisation from starting microstructures bainite
plus austenite (abm and acicular ferrite plus austenite (e, +Y). Figure V.6 and 7 show 1
is experimentally found to be proportional to 1/af. In Figure V.6 for detectable amount of
transformation, the correlation coefficients for the linear relation between t and llaf were
found to be 0.99 and 097, in the case of starting microstructure O, 4y and Oy+Y
respectively. In the case of volume fraction of y increasing by 0.0, Figure V.7 presents
correlation coefficients for above lincar relation to be 091 and 096 for starting
microstructure o, +y and Oy +y, respectively. In Figure V.2 and 3, it is shown that & the
same reaustenitisation temperature, the time taken (1) for detectable amount (or 0.05)
transformation is longer with the starting microstructure O, +Y than with the starting
microstructure oy, +y. For these two different starting microstructures, the mean number of
intercepts (1/ L)of ya boundary per unit length of test line in each case has been
measured on transmission electron micrographs (using 50 test lines at random on S
clectron micrographs magnified by 10000X for the two different starting microstructures,
respectively). The results are (1 L)= 0.78 £ 0.15 um! for oy, and (17 L)= 107 £
0.12um™! for Op+Y. Therefore the surface arca can be determined as well; S, =
1.5640.30um"! for a4y and S, = 2.142024pm! for oy,

For a specific amount of reaustenitisation, the equation V.12 can be expressed as:
T o= IAS,o)2 (v.23)

lllsdearmume-nouuof'y'agninbounduymperunitvolumeisanimpom
factoc.‘nmixthcnmnwhyﬂnvaluoftishrgcrhlhecmora,w.m
transformation kinetics of reaustenitisation from Y, Or 0y, +y can then be understood.

5.3 Continuous Heating Transformation

High speed dilatometry was used to study the continuous heating transformation of
unhomogenised and homogenised weld metals. The as-deposited weld metals used were
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WB.WCIdeCLmdtheoonupmdinngoguﬂndweldmadamdedamedu
HWB, HWCI and HWC2. The dilatometer specimens were heated from room temperature
to 950°C at different heating rates of 0.06 - 56 ‘C/s. Figures V.89 and 10 show the
relative length change and temperature profiles, monitored by the chart recorder on the
dilatometer during continuous heating. From the profiles, the transformation start
mmmulmbeenobuhwd.mdﬂwmwesformmfonmﬂonmmmvem
heating rate are plotted in Figure V.11 and 12.

Foraﬂhomogmisedmdnﬂmwgcnbedweldmews.ﬂmwumdmnposim
during heating even at a very slow heating rate, 0.06 *Cs, as shown in Figure V.89 and
10. From the experimental continuous heating transformation curves in Figure V.11, it is
wldwtﬂmlmnogmisedweldmcm:mmfomuhlzhermpcnmum
Mmmﬂmdwwmmmulm.muwbecxpecudmbwumamnm
unhomogenised weld metals. Alloying eclements are not uniformly distributed in as-
deposited weld metals, and solute-rich areas will transform to austenite earlier than
regions containing average levels of alloying elements. However, at the same heating rate
the difference of transformation start temperature between homogenised weld metals and
uxmomoga\isedwldnmalskonlyaboutIO'C.mslspumablybecmuemedegmcof
segregation is not so large. It has been shown [70) that in carbon containing 0.68 wt%
ded&poduwhmwmwﬁuuﬂnomﬁmofaw)dkofﬁncmuluheugam
ocnmmmapproxhnudylhemccryndbgnﬂﬁcaimm!onhm.&rMde
metals studied in this investigation, the segregation cell structure within the columnar
austenite grain has not been found as yet. This is probably because the segregation is not
heavy, therefore this kind of cell structure is difficult to reveal,

In Figure V.12, the continuous heating transformation behaviours among the
homogenised weld metals HWB, HWC1 and HWC2, and among the unhomogenised weld
metals WB, WC1 and WC2 can be compared. In Figure V.12(a), it has been shown that
continuous transformation curves of HWC1 and HWC2 are nearly at the same position,
but that of HWB is about 15°C below. similar results were presented for unhomogenised
weld metals WC1, WC2 and WB (Figure V.12(b). The Mg temperatures for homogenised
weld metals studied have been calculated as shown in Figure IL.1(a), and are 400, 425
and 427°C for HWB, HWC1 and HWC2, respectively. The Mg temperature of HWB is
significantly lower than that of the other two weld metals, The carbon concentration of
residual austenite can be calculated from the Tg curve at My temperature, although at
ambient temperature some asustenite will transform to marnensite. The carbon content of
mhedamaﬁwwiueﬂwmemuaaﬂﬁmbnpm.mdnﬂslsdnmmwhymc
transformation start temperature for HWB (or WB) is lower.
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54 Conclusions

A theory of kinetic isothermal reaustenitisation for starting microstructures o +y and
abwhubmpmmd.milmveqmdwwimexpcdmmmm
theory indicates that for a specific amount of reaustenitisation, the transformation time is
govunedbymodypanbolicmemm(a,)bmdsomcaufwemof'da
boundary per unit volume. In the same volume fuctimofa,mdabrorswﬁng
microstructures of o, +y and Oy *Y, the reaustenitisation rate at specific temperature for
Qy+Y is faster than for o +y, simply because the surface arca of Ya boundary per unit
volume for oy +y is larger. Using this theory the Time-Temperature-Transformation curve
of isothermal reaustenitisation can be predicted.

The continuous heating transformation for homogenised and unhomogenised weld
maalshasbemsmdiedusingdiluomeuyauuddemgeoﬂwuingmllisfounddm
at the same heating rate the difference of transformation start temperature  between
tmmgmisedmdudunogaﬁsedwcldmaalssmdiedismtsosiyﬁﬁam.wilh
meddmdwdewofxguguionlnweldmeulsmdiedlsnotveryhrge.lnthis
mndyn\ecarbonoonmnﬁonofmenilchasabommnmonun
reaustenitisation although the starting microstructure may consist of more than three
phases - acicular ferrite (bainite), martensite and austenite etc.

124



e 4 = = .
ss0’c
;..l. ‘1{
v}
PR
:
TR
s
; LM
A starting structure &7
LR T T T T L
. - - " ~ e -
Time, Setends
. 3 d - - k
700°%
;un- -'I
v
£ v
:
- o
T
T
a ER
- T T 2. | T A
. “ - - - ne Lo
Time. Secends
e i B -+ = i 10%
’k v—'\——‘\nls—avh.
?nm - =
v
PRCLEE -
£
o 001y 4
3
-
" ree o -
[ oatT
- Y Y T T 0,2
' “ - ™ e e .
Time, Secondy

O
- s80'c
; O -4'
v
% LIRS
§
-
g ¥
&
L
.t‘ LI
o oyt T
LI Y T T . M
' “» - £ -~ g »
Time, Seconds
o = 4 i . A
g DL r\“ 7“%
PRI
:
. T
s
-
AT
3 oyt T
N Y T T T Y
. " - - -~ "~ ]
Time, Secondy
Py . 1 R R A o
P —— — 710%
z‘ L
s
? T
)
H
3
3 e
-
r ‘..1
LLIN T T T 1 ¥
. " - . - e -
Time. Secondy

Figure V.1 - Showing the dilatometry of isothermal reaustenitisation at the initial stage of

300 seconds. (A),(B) and (C) for starti

starting microstructure of ay+y.
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Table V.1 - for the ¢ Reausteniti

WCM.Q,&M-
Y Ip*+Y
Temperature ("C) Time (Seconds) Time (Seconds)
680 250 30
690 90 15
700 30 6
710 10 4
720 5 3
Table V.2 - Taken n, V of in
of Starting Microstructures o+ and ay,+Y.
G +Y an*Y
Temperature ("C) Time (Seconds) Time (Seconds)
680 548 300
690 370 150
700 192 110
710 114 70
720 43 26

Table V.3 - The Parabolic Constant () at Different Reaustenitisation Temperature.

Temperature ("C) oy (em/s0-5) 1ey? (s/em?)
680 0.9968 x 1075 0.1006 x 10!}
690 02017 x 104 0.2459 x 1010
700 0.3350 x 1074 0.8911 x 10°
710 0.5679 x 1074 03101 x 10°
720 0.8300 x 10 0.1452 x 10°
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Figure V.2 - TTT curves of reaustenitisation of minimum detectable austenite growth. (a)
starting microstructure o, +¥, (b) starting microstructure oy, +Y.
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Figure V.3 - TTT curves of reaustenitisation for

austenite volume fraction by

0.05. (a) starting microstructure o+, (b) starting microstructure ag,+Y.
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FigumVA-Schanaicdiamssl»wﬁu(a)meaigitmuyaormmebcfom
reaustenitisation and (b) the thickening layer of austenite during reaustenitisation.
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Figure V.G-WMMUmel&mfordmmmofmﬁm(t)k
proportional to 1/a;“. (a) In the case of initial structure c+y, the correlation coefficient
for the above linear relation was found to be 0.99; and (b) in the case of initial structure
O+, the correlation coefficient to be 0.97.
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Figure V.7 - Showing the time taken for increasing volume fraction of y by 0.05, =,

is proportional to 1/a;“. (a) In the case starting microstructure
coefficient for the above linear relation was found to be 0.91;
starting microstructure oy,+y, the correlation coefficient to be 0.96.
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Figure V.11(aXb)(c) - Showing continuous heating transformation curves
start temperature versus heating rate) for HWB, WB, HWCI1, WC1, HWC2 and WC2.
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Figure V.12 - Showing comtinuous heating transformation curves (transformation start
lemperature versus heating rate) for (a) homogenised weld metals HWB, HWC1 and
HWC2, (b) as-deposited weld metals WB, WC1.and WC2,
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Adculufetmelsmemostdedublephmmaeelwdddepumdmelumu
correlates directly with improved toughness [53-55). Its transformation mechanism has
becnhwwwbcdispladvewhueﬂwpamhnicedlmguimoumofmepmdumby
some kind of deformation of the former. In these circumstances, the two lattices must
Mbchﬁmnelyrchwd[25].lthasbeendmammed[65]tlmadwlufenimlma
rational (KS/NW type) orientation relation with the austenite, As to the orientation
relationship between the adjacent variants of acicular ferrite, some authors [56-58] have
mmda“mﬂ»mgk"mdmbuweenﬂnadculrfaﬁnplm.lwad.[mnued
thad:emlewu%‘lnﬂnirmdxﬂm.mymuodmxﬁmmm
shouldmchdcbothmuismdmmgleo{mmimabommnuhwfomampkn
description [59). Some authors (56,58) have also suggested that individual acicular ferrite
plmeaninlnladvdyhighdiaouuondamy.bmmenmnoqumuuhedmon
this. In this Chapter the orientation relation between adjacent variants of acicular ferrite
mdﬂndhbcaﬁmdauityofadwlufe:ﬁwmiuvndguednﬁngmlsdonem
microscopy. The material studied in this investigation is as-deposited weld metal WD2,
mdiumlonhahmducdbedin@apmm.mdumlwmpoddonofﬂn
weld metal is shown in Table 111,

6.2 Orientation Relationships between Grains of Identical Structure

The relationship between two cubic crystals X and Y which are of identical structure
but which are misorientated with respect to each other can be described in terms of a
mudonmmix(?lX)repmauingdnﬁgidbodymlonwhidnanbeimagimdb
generate crystal Y from crystal X. From the definition of a coordinate transformation
matrix [59], each column of (Y J X) gives the components of a basis vector of X in the
bcle.Anymuonofumtype.whichluvesdwoommonodglnofmemcqmls
axed.anllsobedeoa%bedInmmofam!onorlw‘oﬂwaboutmuispcshg
mmughumoﬂgin.lfmaxisormm&mpmamduaunitvecwr(oringmenl.a
vector of fixed magnitude), then only three independent quantities are needed to define a
misorientation between grains: two components of the axis of rotation, and a right handed
mleofmﬁonltfo%mﬂmammimmmixmmdsohweotuymmmdepmdm
mms.lnfwtmeoomponauofmemuuonmuixcanbewﬁneninmmofmevmg
=[u|u2u3)wtdchllcsalongmcuisofmﬁon(wdnhan,u1+u202+u3u3-l).
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and in terms of the right-handed angle of rotation © as follows [59):

uquy(I-m)+m uluz(l-m)m:,n ulu3(l-m)-uzn
XIX) = uluz(l-m)-u3n upux(I-m)+m u2u3(l-m)wln (VL)
u1u3(l-m)+u2n uzu3(l-m)~u1n u3u3(l-m)nn

wherem =cos O and n = sin 0

The right-handed angle of rotation can be obtained from the fact that
I+l +iy3=1+2c080 (V1.2)
mdmeounpocmofdwveaorydongmeamoholﬂmmﬁvmby

Uy = (Jp3 - J3)/ (2 sin 0)
U2 = (U31-J13)/ Q@ sin 0) (VL3)
U3 = Uj2-J21)/ @2sin )

It is noted that

T Iz Iz
(V14)

YIX) =(l Jp3 Ip3

31 ’g I33
nmanumanoa(ushownlnmvm)whichwqmmwymudmm
mbicsystam.dmefom.lcubicbiayuﬂcmbemp:mledln24equivnlemmys.whh
unxb-mglepdn.Anyroudonmmixlil:e(YJX)whenmulﬁpliedbymﬁonmnﬂm

representing symmetry operations will lead to the 24 axis-angle pair representations.

6.3 Orientation Relationships between Adjacent Crystallographic Variants of
Acicular Ferrite

In addition to intragranular nucleation on inclusions, acicular ferrite also nucleates
sympathetically at austenite/acicular ferrite interfaces (Figures I1.7¢ and d), giving rise to
an interlocking formation of lenticular plates, Therefore the adjacent variants in intimate
contact can arise cither from hard impingement between unrelated variants or from
sympathetic nucleation. In this section, an attempt is made to find possible orientation
relationships between adjacent variants of acicular ferrite. The material used is a high-
hardenability weld deposit WD2 as mentioned in Chapter Two. The transmission electron

microscopy specimens were prepared from the top layer of as-deposited weld metal.
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quormwmlwmmszmmm
iﬂuamedufoum.ﬁmw.lmnndemnmkmmmmecomm
dlepmnuﬁomapdro“danarfemw(a,)phmAMB.msdmdm
difﬁwionpmm(ﬁgumﬁlb.cmdd)deulydupuymwnAnnchavelhe
same zone axis <001>, and a right-handed rotation’ of 15* about <001> zone axis would
lcadtodnnmeoﬁauﬁonbcmdnhnloesofmhnAmiB.ﬂﬂsoﬁmmﬂonm
also be represented by a rotation of 180" about <0.1305 0.9914 0.0000>. Figure V12
shows that the acicular ferrite grains B and C also have the same zone axis <001>, and a
rotation of 16° about <001> can make the same orientation relation between the lattices of
gnﬁuBde.mquglepﬁrmmlngnwgnimbdemmobemd
by <0.1392 0.9903 0.0000>/180", Figure V1.3 shows that the acicular ferrite grains C and
D have the same zone axis <001> as well, and a rotation of 13° about <001> will result
lnmemeodemﬂonmhdonbuweenmchmcesofmcmnmmme
pair relating the grains C and D can also be represented by <0.1132 0.9936 0.0000>/180".
Thelbovemﬂuimplydmadjmnﬂmuhwemﬂyﬂwmoﬁauﬁonlnm.
sinoelherelsnmmlono!-lw‘aboutmb.ﬂdslsverydgﬁﬂmbemncem
uwughthcvaﬁmhmmdyﬂnamcoﬁaumnlnmunyhmdiﬁmmhabn
plm(seeC-DpdrlnFigureVl.3).FlgureVl.4showsmeclecuonmicmmandthe
wmspmdhgdiﬁncdonpaxemfmapdrofadwmferﬁmplmamdﬁm
MmbmnﬂwbemgnﬁnEwacmﬂydisphndinﬁmVLum
axis/angle pair relating the grains E and F can be demonstrated to be <0.8842 0.2579
0.3894>/174". Figure VLS presents that the acicular ferrite grains G and H have the same
zone axis <001> that grains A, B, C and D (Figures VIL.1,2 and 3) do, and & rotation of
15’about<001>mmaxiswouldleadmﬂwmemicmﬂonbuweendnlaﬂm0m
H.

Figure V1.6 shows six acicular ferrite plates designed 1, J, K, L, M and N, which are
lnmﬁmueconmﬁmvmdkplmuncomhgdifﬁwdonpmemmm
pair of acicular ferrite plates I and J. It is found that the grains I and J have the same
zone axis <111>, and a rotation of ~ 0 or 180" will make the same orientation relation
buwecntheh(dcesofmmslmdl.manmmbigmwmu\emﬁmwe
about <111> is, within experimental emor, ~ 0 or 180°, Because the rotation angle could
belSO‘.maldngalwinwithlmsmuis.itamdisﬁngu!shnwmfmtwom
mmmmmuwmmmnmw.ammmwnmdiﬂmdm
pattems for the pair of acicular femite plates I and L have the same zone axis <111> as
well, and a rotation of 11° about this axis will result in the same orientation. The
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equivalent axis/angle pair for grains I and L can be represented by <0.7430 0.0783
0.6647>/180". Figure VL9 shows that the corresponding diffraction pattems for the pair of
acicular ferrite plates J and K have the same zone axis <111>, and the axis/angle pair
<111>/11" is the same as that for grains I and L (Figure V1.8). Figure VL10 shows the
corresponding diffraction pattems for the pair of acicular ferrite plates K and L also have
uaeamemuisd'fb.mdamuﬂonof-OorI&O‘wmmlkemeumeorkmﬂon
forlhesetwognﬁu.Asmemlmedinf-'igmevmformesmme.metwommay
bemh-mlnedorinlduﬂedoﬁau&imﬂmv«.themoﬁauﬁonnmbmwp
cannot be determined without further work. The corresponding diffraction pattems for the
paitofndwlufe:ﬁwpluuLandeﬂwwanixuuVl.ll.ﬂwoemptimhm
ahomesuncmwsdfb.mmeuldmglepdrmbeducﬂbedbydﬁ:»/s'or
<0.7339 0.0570 0.6769>/180". Figure V112 shows the similar results for the pair of
acicular ferrite grains L and M. The axis/angle pair for adjacent grains L and M can be
represented by <111>/6" or <0.7291 0.0463 0.6828>/180". From the results shown in
Figures V1.6,8,9,11 and 12, the adjacent acicular ferrite pairs I-L, J-K, L-M and L-N seem
to be in closer identical orientation, because there is a rotation of ~180° about <110>. It
should be noted again that although the adjacent variants have nearly the same
orientation, they have different habit planes.

Anthemuluexoep(mepursl-luubxareliswdmweVLZ.wbcreaxis-mgle
pdnmluimadjwauvnﬂmof.dculufaﬂummmdwiﬂ:dngmnmglcof
rotation, out of the 24 possibilities for each pair of acicular ferrite plates. Judging from
the data, it appears that the adjacent variants have nearly the same orientation in space,
since there is a rotation of ~180" about <001>, or ~180" about <110>, This is very
significant because even though the variants have nearly the same orientation in space,
they have different habit planes (for example, C-D, I-L, J-K, L-M and L-N in Figures
VI.Sand6).1hishmavidmoefor:ympcﬂmlcmcleaﬁon-lfﬂnmwplmm
not different then the shape change of adjacent variants would be identical and the strain
energy would be large and the plates would be parallel. The classical bainitic
transformation involves a sympathetic nucleation to form as sheaves, which contain very
closer identical orientation related sub-unit ferrite platelets. The fact that the habit plates
of adjacent variants of acicular ferrite in approximately the same orientation are not
paralicl means that the formation of a plate triggers the formation of another whose
orientation is nearly the same, but habit plane (and therefore displacement vector) is
diffemt.pmbablyinlwaymd\doesnotoppooemcmpednmofﬂnodzinﬂplue.
This is like the autocatalytic nucleation found in the classical bursts of martensitic
transformation.
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6.4 Measurement of the Dislocation Density of Acicular Ferrite

MmemMWMMMMM
be considered to be equivalent to those existing in bulk material if precautions are taken
duﬁngmcpnpuuimolfoih.Amiwmomordiﬂocaﬂanmybehmducedby
nwdnnlcddefonnmonduﬂmthhning.huunuwymmemmdomldmyﬁc
polunngkuodmmydlsbcaionhmafollbmmewmungofdt
specimen frequently leads to accidental deformation. The dislocations introduced in this
way tend to be long and nearly straight [170) since they lic parallel to the foil surface.
msd-nmhmuymmhedwi(hexpeﬁmmdmbewoidedhudm
polycrystalline specimens. Other factors such as surface image forces may make the
dislocation leave the foil, but the use of oxidising polishing solutions usually leaves a thin
oxideﬂlmo!memfaceofdwfollmdpmvmmymdrMObvimmy.lmbatm
tormydmoaumdinﬁmﬁmﬁﬁd\bwspeaisuwmpmd&myﬁommspecm
10 another or from one area of a foil to another.

mspedmuusmdiedinuﬂsimuﬁpﬁonwenl&mfmthemphya(ﬁmm
zone) of weld metal WD2. The same preparation of thin foils has been described as in
anmrm.mmlampywumwedmamnpsmmmisﬁoncham
microscope operated at 120kV. The dislocation density of acicular ferrite was determined
from ten micrographs at the magnifications of 60,000 ~ 100,000X. These magnifications
were chosen because they were high enough to resolve individual dislocations and the
dislocation density in a micrograph could still be representative of the average dislocation
density. Typical micrographs used for determining the dislocation density are shown in
Figure VL.13. Ham [171] and Hirsch et al. [170a) showed that provided the dislocations
lrenndomlyoﬁmxed.Mrdusitymamredinunitsofm/m3lsgivmbyp=2NMILL
where N is the number of intersections that a random straight test line laid on a
umissionekamnmiaognphmdmwimmcdisbcuimLhutmnllmgthofw
test line, t is the thickness of foil and M is the magnification of the micrograph. In order
to minimise any dislocation orientation effects, the method to count the intersections with
a series of circles instead of using random straight lines has been used [172,173). In the
present work two concentric circles 4.40 and 6.28cm in circumference were used. The
dislocation density of acicular ferrite in different areas of a foil or in different foils has
been calculated.

To determine the dislocation density p from the relation p = 2NM/Lt the foil thickness
(1) has 10 be determined. The foil thickness was calculated by counting extinction
contours [170b]: provided the diffraction conditions are such that one reflection is
openung(two-bumcm)mefoﬂuﬂcbwlsgivwbyt-ng(g.wm\:ngisun
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mmbctoleninctimfringesofocimhffetﬂlegninfordiffucuoovecaotrlnd(gb
the extinction distance for the corresponding §* and electron energy. The thickness is
givmbyt-nx(sonlywhenlhefodllsmwdsomumemhmhwdhumm
Bragg condition [170b,174] in which the spacing between fringes is a maximum. The
main operating reflection was determined by selected area diffraction. If as a result of
selecwdamdiffuadwhwwMMwmummopcnnncmﬂecﬁon.me
foﬂwumwdbthcmbeamm.mvahmofexmmndinm((‘)forlwkv
electron energy are given in Table V1.3, which are obtained [170¢] from those for 100 kV
electron energy by multiplying by a factor v120/0100, where v120 and v100 are the
velocity of electron at 120 and 100 kV, respectively. A series of micrographs have been
ukmlnbﬁghtﬂeldwimamﬁemnaec&on]"-IOO.mOotllz.!nthlsMythe
diffraction conditions of two-beam render some dislocations invisible, however, the
pemunmothvisibledislowioncmusilybewmlmdifwmpﬁmmu
follows:

) All dislocations have Burgers vectors of the type b = a2 <111>, where a is
the lattice parameter of acicular femite, ie., all the dislocations are
undissociated.

(i) The dislocations were randomly distributed both in space and among the four
possible variants of the Burgers vectors.

(iii) All dislocations satisfying the invisibility criterion (-5 = o) are completely
out of contrast.”

The value of g-B for the first three reflections and the a/2<111> Burgers vectors in BCC
metals are listed in Table VLS. The proportion of the a2<111> Burgers vectors invisible
in BCC metals under different two-beam diffraction conditions are summarised in Table
Vi4.

ElewonmkWngzeVLBdwwsmebﬂmwdlmmofadanufmﬂw
under the two-beam condition § = <121>. It clearly displays § extinction fringes on the
grain boundary, therefore the thickness of this grain is 2690A. The average foil thickness




work is presented in Table VL6. The average corrected dislocation density of acicular
ferrite s of the order of (3.90£1.97) x 10'¥m2,

6.5 Summary and Conclusions

mommpwmwjmummﬁupammmm
Wlthﬂfm:tdlhﬁmmyudj.mﬂvmmuotadwhrfaﬂwm:mydm
lda\ﬂcdmiamdmevcndmghuwylmediﬂauuhabltplmﬂﬂskmwum
fo:sympoﬂ:eticmde&don-ifdnhabilplmwmmtdmmnmmshapechmge
oradjaccmvaﬂmww!dbeldulicalandmcplmwmndbepamlel.uthecaeof
chnialbaime.’l'hafactthatdwlabitylmaofvaﬂmnlnmaﬂythcmeoﬂenndon
mmtpunlle!lmpuest!mmeformaﬂonofaplmuiumﬂnformaﬁonofmmer
whose orientation is nearly the same, but habit plane (and therefore displacement vector)
isdmetuu.pmbablyinawaywhid:dmnotoppouIhcshapcchangeonheodgiml
plate,

The dislocation density of acicular ferrite has also been measured using two-beam
technique, and is of the order of 10'*m"2, The high dislocation density is consistent with
the high temperature displacive transformation mechanism in which there is some plastic
accommodation of the shape change due to transformation.
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Table VL1 - 24 matrices representing all the symmetry rotations in cube systems.

100 100 100 100
010 010 010 010
oot/ 001/, 001/, 001/,

100 100 100
001 001 (001
010/, 010/, 010/,
010 010 010
(100 100 100
001/, 001/, 001/,
001
( (100
; 010/,
010 010 010
001 001 001
100/, 100/, 100/,
001 001 001 001
010 010 (oio 010
100/, 100/, 100/, 100/,
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Table V12 - Experimentally determined axis-angle pairs relating adjacent variants of
acicular ferrite.

Adjacent Acicular Ferrite Plates Varient Set* Axis-Angle Pair

A-B 1-18 <0.1305 0.9914 0.0000> 180"
B-C 1-18 <0.1392 0.9903 0.0000> 180"
C-D 1-18 <0.1132 0.9936 0.0000> 180"
E-F 1-17 <0.8845 0.2579 0.38%4> 174"
G-H 1-18 <0.1305 0.9914 0.0000> 180"
I-J Description is given in Section 6.2.2

I-L 1-14 <0.7430 0.0783 0.6647> 180"
JK 1-14 <0.7430 0.0783 0.6647> 180"
K-L Description is given in Section 6.2.2

L-M 1-14 <0.7339 0.0570 0.6769> 180"
L-N 1-14 <0.7291 0.0463 0.6828> 180"
- 1-2 <0.6388 0.6169 0.4596> 179"
- 1-23 <0.2077 0.6092 0.7853> 175°
- 1-10 <0.3676 0.5926 0.7167> 173"
- 14 <0.7661 0.6346 0.1016> 175°
- 1-16 <0.4808 0.7974 0.3646> 179*
- 1-21 <0.4828 0.1684 0.8594> 175"

*One of the 24 equivalent axis-angle pairs, with the greatest angle of rotation is
chosen for each pair of adjacent acicular ferrite plates in order to interpret easily.
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Table VL3 - Extinction distance (x (A) in ferrite for 100 and 120 kV electron energy,
respectively.

Reflection Extinction distance cs A
3 100 kV[ 120kV
110 270 289
200 395 423
211 503 538
220 606 648
310 712 762

Table VL4 - Proportion of Burgers vectors &2 <111> invisible in BBC lattice under
different two-beam diffraction conditions.

Diffraction Proportion of invisible
conditions Burgers vectors
Two-beam

= <110> 05

g= <200> 0

'g.= <211> ’ 0.25
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vectors in BCC lattice,

Reflection Possible Burgers
12(111) 172
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times a/2) -
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Table VL6 - Experimental data for dislocation density calculation

No-beam_ No. of extinction| Thickness of | measured corrected ocation

condition §| fringes ng thin foil t (A)| density (m™4) density (m™%)
<112> 5 2690 1.87 x 1014 249 x 1014
<110> 5 1445 490 x 10'4 8.90 x 1014
<112> 5 2690 2,05 x 1014 273 x 10
<200> 6 2538 247 x 1014 247 x 1014
<112> 5 2690 2.60 x 10'4 346 x 1014
<112> 5 2690 253 x 1014 337 x 10'4
<110> 6 1734 3.16 x 1014 6.32 x 1014
<112> 5 2690 2.18 x 1014 291 x 1014
<112> 5 2690 229 x 1014 3.05 x 1014
<112> 5 2690 246 x 1014 328 x 1014
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Figure VL1 - Electron micrographs and corresponding diffraction pattems from a pair of 0
o, plates A and B. (a) Bright ficld image. (b) Selected area diffraction pattem (SADP) w
from interface of grains A and B. (¢) SADP from grain B, (d) SADP from grain A, (¢)

Dark field image of grain B using I‘HI'HH reflection. (f) Dark ficld image of grain A using
(110) o reflection. The central bright spots are 704 surface oxide reflections.

o)um
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Figure VL2 - Electron micrographs and correspording diffraction pattems from a pair of
o, plates B and C. (a) Bright ficld image. (b) SADP from grain C. (¢) SADP from grain
3. (d) Dark field image of grain C using (20)~ reflection. (¢) Dark ficld image of grain
B using (110)g reflection. The central bright spots are Fe,04 surface oxide reflections.
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Figure VL3 - Electron micrographs corresponding diffraction pattems from a pair of o 1-0um
5 ’ E ) V

plates C and D. (a) Bright ficld image. () SADP from interface of grains C and D. (¢)
SADP from grain C. (d) SADP from grain D. (¢) Dark ficld image of grain C using
(D0) reflection. (f) Dark ficld image of grain D using (200)py reflection. The central
bright spots are Fe,O4 surface oxide reflections
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Figure VL4 - Electron micrograph and corresponding diffraction pattems from a pair of
e, plates E and F. (a) Bright field image. (b) SADP interface of grains E and F. (¢)
SADP from grain F. (d) SADP from grain E. The central spots are Feqy04 surface oxide
reflections
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Figure VLS - Electron micrograph and corresponding diffraction pattems from a pair of
o, plates G and H. (a) Bright field image, (b) SADP from grain G. (¢) SADP from grain
H. The central bright spots are Fe403 surface oxide reflections
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Figure V1.6 - Electron micrograph shows six acicular ferrite plates designated 1J,K.LM
and N, which are in intimate contact.
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Figure V1.7 - Showing the corresponding selected area diffraction pattems (SADP) from
the pair of acicular plates I and J, respectively. Details of orientation reltionship are
discussed in text.

Figurc VI8 - Showing the corresponding SADP from the pair of acicular femite plates |
and L, respectively. The axis/angle pair can be represented by <111>/11°,
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Figure V1.9 - Showing the corresponding SADP from the pair of acicular ferrite plates J
K., respectively. The axis/angle pair can be represented by <111>/11°,

Figure VLI0 - Showing the corresponding SADP from the pair of acicular ferrite plates L
and K, respectively. Details of orientation relationship are discussed in text
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Figure VLL11 : Showing the cormesp
wi A\ r

and M, respectively, The axis/an

Figure V1,12 - Showing the corresponding SADP from the pair of_acicular ferrite plates

ind N, respectively. The axis/angle pair can be represented by <111>6°
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Figure VL.13 - Electron micrograph shows the bright field image of acicular ferrite under
two-beam condition = <121>.
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Chapter Seven
Reaustenitisation in Bainitic Steels

7.1 Introduction

Work on reaustenitisation in high-strength steel weld deposits has been reported in
Chapter 4 and S. In this chapter, reaustenitisation in bainitic steels is investigated further.
Bainitic ferrite possesses high strength and high toughness propertics especially in some
silicon containing alloy steels [176,177). The microstructures have been exploited to
improve mechanical properties compared with those of conventional tempered martensite
based microstructures, In order 10 develop these bainitic steels in the construction of
submarines, off-shore plateforms and many other applications, their weldability is crucial.

The specific aim of the present work is o elucidate the effect of the carbon content of
residual austenite on reaustenitisation in bainitic steels which contain high concentrations
of silicon. The high silicon concentration allows transformation to first bainitic ferrite and
residual austenite (i.e., no carbides). If this microstructure is, without cooling from the
isothermal transformation temperature, rapidly reheaded then the reaustenitisation process
mmimmmdeaimofmhe.pcmiumsammuedmdyofﬂ\egwhof
mwnile.Onlhcotherhand.Ih:minumofbaimlemdmmecanbetunpemdlo
decompose the austenite into ferrite plus carbide; reaustenitisation of the resultant
microstructure ferrite plus carbide would then require the nucleation of austenite,
permiting a study of nucleation effects. Both isothermal and continuous heating
experiments have been carried out.

7.2 Experimental Procedure

The experimental details are essentially the same as in Section 4.2 and 5.3, and are not
restated here. The steels used were prepared from high purity base materials as 20 kg
vacuum induction melts and were hot worked to 8mm diameter rod. The ingots were
scaled in quartz capsules (under a partial pressure of argon) and homogenised for three
days at 1250°C, before hot reduction to 3.2mm diameter rods. The chemical composition
of the alloy studied is Fe-0.43C-3.00Mn-2.02Si, wt.%.

7.3 Results and Discussion
7.3.1 The Nature of Bainite (o)

Figure VILla shows the isothermal transformation curves of bainite for the alioy
austenitised at 950°C for 10 minutes followed by isothermal transformation at 350, 380
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and 410°C, respectively. The maximum extent of transformation to upper bainite increases
as the transformation temperature decreases. In steels where the bainite transformation can
develop without interference from other reactions, this is known to exhibit an
“incomplete reaction phenomenon™ (25,89,100); in this, the transformation stops
prematurely, well before the carbon concentration of the residual austenite (XY) reaches its
equilibrium or paracquilibrium concentration. The transformation stops when X.Y reaches
approximately a concentration (XTO) given by T, curve on the phase diagram. The T,
wmonaplotofwnpenmmvemucubonmuonnmmclmorm
points where ferrite and austenite of the same composition have equal free energy. To
ukemuuoflnvaﬂm-plununinmapedm\gemnpmyln;mcfomuuonof
bainite, a T§ curve is defined in which the free energy of ferrite is increased by 400
J/mol [100]. In the present work, it is found that for the alloy studies the bainite
transformation terminates when the Xy reaches Ty curve (Figure VILIb). This can be
expected due to plastic relaxation and interactions between sheaves of bainite [180].

It was noted that the alloy required about 30 minutes to achieve maximum
transformation at 350°C. An upper bainite microstructure (Figure VIL2) was obtained
following isothermal transformation at 350°C for 120 minutes. The microstructure was a
mixture of 55% bainitic ferrite and 45% residual austenite (some of the residual austenite
transformed to martensite during cooling), as determined by the techniques discussed in
Section 3.2. Austenite was found to occur in two forms: blocky and film morphologies
(Figure VIL2). The former originates from the geometrical partitioning of the prior
austenite grain by sheaves of bainite whereas the latter is confined between bainitic ferrite
subunits (Figure VIL3). Although there are two kind morphologies of austenite, the
carbon content of all forms of austenite may be expected to be the same.

7.3.2 Reaustenitisation by Continuous Heating

If after isothermal transformation to bainite at 350°C for only 10 minutes, the
specimen is continuously heated, the residual austenite is found 1o decompose during
heating, before the onset of reaustenitisation. This was found to be particularly the case
with low heating rates as shown in Figure VIL4, Figures VIL4a and b present the relative
length change versus temperature curves for continuous heating at heating rates of 0.06
and 0.15°C/s, respectively, after isothermal transformation at 350°C for 10 minutes. A
pearlite-like microstructure formed (Figure VILS5a) from the large regions of blocky
residual austenite when the temperature reached about 600°C at a heating rate of 0.06°CJs.
This was expected because the starting microstructure contained a high volume fraction of
relatively low carbon untransformed austenite, since the specimen had only been
transformed to a low volume fraction of bainitic ferrite. It was also found that the film
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austenite had decomposed into bands of discretely nucleated carbides in the same
condition (Figure VILSb).

Figures VIL6a and b present the continuous heating curves for samples transformed
isothermally o bainite at 350°C for 120 minutes, followed immediately by continuous
heating at 0.06 and 0.15°C/s, respectively. The results also demonstrate that the relative
length change versus temperature curves deviate from linearity during heating before the
process of reaustenitisation begins in both the experiments. The deviations indicate
decomposition of austenite during heating. Figures VIL7, 8 and 9 show the electron
micrographs corresponding to Figure VIL6a (heating rate = 0.06°C/s) from specimens
which were quenched after temperature reaching 600, 700 and 730°C, respectively, Such
slow heating also leads to the diffusional decomposition of high carbon residual austenite
into tiny particles of carbides (Figure VIL7) located between bainitic ferrite plates.
Micrograph (Figure VIL8) shows that the carbide particle coalesce along the bainitic
ferrite boundaries when a temperature as high as 700°C is reached. The austenite forms
from the larger elongated carbide particles (Figure VIL9) as the temperature rises beyond
720°C.

In order to eclucidate the effect of carbon content of residual austenite on
reaustenitisation, specimens austenitised at 950°C for 10 minutes were isothermally
transformed to bainite for 120 minutes (i.c., longer than needed to complete the bainitic
reaction). Figure VIL10 shows the reaustenitisation start temperature versus heating rate
for four different starting microstructures, which are three bainite microstructures and one
tempered bainite microstructure (Figure VIL11). It is clear that the carbon content of
residual austenite influences the reaustenitisation behaviour. Because of the negative slope
of T, curve, for the higher bainitic transformation temperature the lower carbon comtent
of residual austenite is obtained. It was expected that the bainite formed at higher
temperature should be reaustenitised at a higher temperature (Figure VIL12), as predicted
by the theoretical analysis mentioned in Section 4.3. As the heating rate is lower than
0.6°C/s, these three bainite structures have nearly the same reaustenitisation temperature
(Figure VILI0), simply because the residual austenite first decomposes 1o ferrite plus
carbide during heating before the onset of reaustenitisation. Figure VIL11 shows carbide
particles in tempered bainite; the elongated carbide particles were formed from carbon-
enriched residual austenite, and the tiny carbide particles precipitated in supersaturated
bainitic ferrite platcs. When the tempered bainite is heated at a fast heating rate, the
reaustenitisation start temperature is higher than that of bainite structure. This is probably
because the effect of austenite nucleation retards the rate of reaustenitisation.
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7.3.3 Isothermal Reaustenitisation

Specimens austenitised at 950°C for 10 minutes were isothermally transformed to
bainite at temperature 350°C for 2 hours and then, without cooling below 350°C, rapidly
up-quenched to a higher temperature for isothermal reaustenitisation. Some of the
dilatometric curves are shown in Figure VIIL13. Some length changes were detected
dilatometrically even at relatively low isothermal transformation temperature, but for the
temperature less than 720°C, electron microscopies (Figures VIL14a and b) showed that
the length changes were due to the diffusional decomposition of austenite into ferrite plus
carbide, rather than due to reaustenitisation. When the isothermal transformation was at
720°C, the thickness of austenite layer increased slightly and no carbide particles could be
found (Figure VIL14c). Therefore, the lowest isothermal reaustenitisation temperature is
fmmdwbcnO‘C.hﬁsisomsistemwimmcmeomicdmdydsusMwnbypolmain
Figure VIL12. Electron micrographs of Figures VIL14d, ¢ and f show the austenite
growth at 750, 780 and 800°C, respectively for 2 hours. The result of isothermal
reaustenitisation at 820°C for 2 hours is shown in Figures VIL14g and h. It demonstrates
that full reaustenitisation can not be complete in such condition. Even after isothermal
reaustenitisation at 835°C for 6.5 hours, a litle ferrite could still be found (Figure
VIL14i). However, if the specimen was isothermally reaustenitised at 780"C for 1 week,
after isothermally transformed to bainite at 350°C for 2 hours, the alloy became fully
austenitic (Figure VIL1S5). The results are consistent with the fact that the last stages of
reaustenitisation, which involve the long-range diffusion of substitutional clements, are
tortuously slow, but a fully austenitic sample can be obtained at 780°C, consistent with
theory (point b, Figure VIL12).

Microanalytical measurements have been carried out using energy dispersive X-ray
analysis on a Philips EM400T transmission clectron microscope. The technique has been
mentioned in Chapter Two, and will not be restated here. The microanalytical data (Figure
VIL16 and Table VILI) cover a range of isothermal reaustenitisation temperatures. The
results show that for 2 hours of transformation time, the degree of partitioning of alloying
clements (as indicated by the deviation of the partition coefficient ki from unity, where ki
= Xi¥/Xi%) decreases with increasing reaustenitisation temperature. At 835°C for 2 hours,
the partition coefficient for Mn is close to unity, but that for Si still significantly deviates
from unity. The results are generally consistent with the hypothesis that less partitioning
can be tolerated during transformation at higher driving forces (higher temperature in the
present context).
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7.3.4 Coalescence of Carbides

In Section 7.3.2, it was demonstrated that when a slow heating rate was used for the
reaustenitisation of a mixture of bainitic ferrite plus residual austenite, the residual
austenite decomposed into bands of discretely nucleated carbides (Figure VIL7), and then
the carbide particles coalesced into an elongated morphology (Figures VILS and 9) along
the original bainitic ferrite boundary before the onset of austenitisation. At higher heating
raes, coalescence was not observed, the size of the carbide particles being small, and
Mrsbapcbcingeqdued.Duelolhemrfwccmmycomﬁbuiontoﬂwbulkfmem
necessary for the formation of stable austenite nuclei, the tiny carbide particles seem to be
not easily transformed 1o austenite.

In order to stdy the coalescence of carbides to form elongated particles, further
experiments have been done. Figure VIL17 shows the tempered bainite microstructure
which was formed by isothermal transformation at 350°C for 2 hours and subsequently
tempered at 600°C for 42.7 hours. Although the majority of carbide particles have
coalesced into elongated forms, some small equiaxed particles remain. Figure VILIS
shows that after tempering the bainite at 680°C for 14 days, the carbide particles become
plump (about 0.2um thick and 0.5um long) and are located at the grain boundarics of
extensively recovered ferrite, However, after tempering the bainite at 600°C for 30
minutes and then annealing at 715°C for 25 minutes, the carbide particles combine and
become extremely long (Figure VIL19-23) as was observed for the reaustenitisation
expeﬁmmcaﬂedoutuslowtmﬁnsmes.mmpuﬁdahmbempmvedlobe
cementite. They mwhaqndﬂcdimﬁmmdmpanﬂdwhodu.memotphology
is similar to that of pearlite, except that pearlite possesses three dimensionally continuous
lamellar layers of cementite. Further work is needed to analyse the detailed orientation
relationship between the long particles of cementite and the matrix ferrite, and in order to
understand the growth mechanism,

7.4 Summary and Conclusions

The process of reaustenitisation from bainite in a silicon steel has been investigated,
and the results arc found to be consistent with the theory developed earlier.
Reaustenitisation only begins when the carbon concentration of the residual austenite
exceeds its equilibrium carbon concentration. The experimental results can also be
explained by the theoretical model presented in Section 4.3. Due to the high level of
alloying additions, the complete transformation to austenite at the Acy temperature of the
alloy takes an extremely long time. Microanalytical data show that the partition coefficient
decreases as the driving force for transformation increases. The decomposition of residual
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austenite during slow heating has also been studied. At slow heating rates, the residual
austenite decompose into bands of discretely nucleated carbides, then the carbide particles
coalesce along original bainitic ferrite boundaries, and finally transformed to austenite as
the temperature rises.
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Figures VIL1 - (a) Dilatometric curves showing isothermal transformation to bainite after
austenitisation at 950°C for 10 minutes. (b) Calculated phase diagram for Fe-0.43C-
3.00Mn-2.02Si, and cxperimental data indicating that the transformation 10 bainite stops
when X‘Y reaches the T, curve.

Figure VIL2 - Optical micrograph showing the upper bainitic ferrite and residual austenite
(blocky and film morphologics) following isothermal transformation at 350°C for 120
minutes.
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Typical upper bainite microstructure of Fe-0,43C-3.00Mn-2.02Si alloy. (a)
Bright ficld image of an isothermally transformed (at 350°C for 120 mins) specimen. (b)

o O 4 r
Corresponding retained austenite dark field image,

Figure VIL3 -
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Figure VII.4(a) and (b) - Showing the relative length change versus temperature curves at

heating rates, 0.06 and 0.15
10 minutes,

*C/s respectively, after isothermal transformation at 350°C for
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WL el L
Figure VILS - 10 mins @ 950°C — 10 mins @ 350°C — continuous heating until 600°C
(heating rate = 0.06°C/s) — quenched by helium gas. (a) Electron micrograph showing a
pearlite-like microstructure. (b) Electron micrograph showing the discretely nuclcated
carbides.
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*C/s respectively, after i
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Figure VIL6(a) and (b) -
120 minutes.
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Figure VIL7 - 10 mins @ 950°C — 2 hrs @ 350°C — continuous heating until 600°C
(heating rate = 0.06°C/s) — quenched by helium gas.
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Figure VIL8 - 10 mins @ 950°C — 2 hrs @ 350°C — continuous heating until 700°C
(heating rate = 0.06"C/s) — quenched by helium gas,
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Figure VIL9 - 10 mins @ 950°C — 2 hrs @ 350°C — continuous heating until 730°C

(heating rate = 0.06°C/s) —» quenched by helium gas.
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Figure VII.10 - Showing reaustenitisation start temperature versus heating rate for four
different starting microstructures.
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1 J
Figure VIL11 - Microstructure of tempered bainite formed by isothermal transformation at
350°C for 2 hrs, and subsequently tempered at 610°C for 30 minutes.

TEMPERATURE , °C

00 002 004 006 008 010 012
MOLE FRACTION OF CARBON

Figure VIL12 - Phasc diagram showing the Acs, Acy, T, and T, for Fe-0.43C-3.00Mn-
2.02Si, wi.% alloy. The Aej, T, and T, curvés are calculated as in Ref. 89,100, and the
Aeg curve is calculated as in Ref. 181. (Xis the average carbon content of the alloy).
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Figure VIL13 - Dilatometric curves showing isothermal reaustenitisation.




Lo5um
Figure VIL14a - Electron micrograph showing decomposition of austenite into carbide.
(10 mins @ 950°C - 2 hrs @ 350°C — 2 hrs @ 690°C — quenched by helium gas).

t . ' "- }

. m
Figure VIL14b - Electron micrograph showing decomposition of austenite into carbide.

(10 mins @ 950°C = 2 hrs @ 350°C = 2 hrs @ 710°C — quenched by helium gas),
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Figure VIL14¢ - 10 mins @ 950°C — 2 hrs @ 350°C — 2 hrs @ 720°C — quenched by
helium gas.
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Figure VIL14d - 10 mins @ 950°C - 2 hrs @ 350°'C - 2 his @ 750°C — quenched by
helium gas,
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Figure VIL14e - 10 mins @ 950°C — 2 hrs @ 350°C — 2 hrs @ 780°C — quenched by
helium gas.

PL
4

0-5um
Figure VILI4S - 10 mins @ 950°C — 2 hrs @ 350°C — 2 hrs @ 800°c — quenched by
helium gas.
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Figure VIL14g - Optical micrograph showing the microstructure after isothermal
reaustenitisation at 820°C for 2 hrs. (10 mins @ 950°C — 2 hrs @ 350°C = 2 his @
820°C —» quenched by helium gas).
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Figure VIL14h - Electron micrograph showing the microstructure after isothermal
reaustenitisation at 820°C for 2 hrs. (10 mins @ 950°C — 2 hrs @ 350°C — 2 hrs @
820°C — quenched by helium gas).
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Figure VIL14i - Electron micrograph showing the microstructure after isothermal
reaustenitisation at 835°C for 6.5 hrs, (10 mins @ 950°C — 2 hrs @ 350°C = 6.5 hrs @
835°C — quenched by helium gas). A little amount of ferrite can still be found,
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Figure VII.IS - Optical micrograph (a) and electron micrograph (b) show the full
martensite structure. (10 mins @ 950°C — 2 hrs @ 350°C — 168 hrs @ 780°C — water
quench).
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Figure VIL16(a) - Microanalytical data obtained using energy dispersive X-ray analysis on
a Philips EM400T for specimens reaustenitised,
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Figure VIL16(b) - Microanalytical data obtained usi
on a Philips EM400T for specimens reaustenitised.
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Table VIL1 - Microanalytical data (wt.%, cmor = £ 0.20) for the ¥ and « during
reaustenitisation from starting microstructure oy, + Y.

MN Mn Si Si

Temp.("C) Timec(hr) Y 43 Y o
720 2 4.11 2.37 1.58 2.15
765 2 3.91 242 1.85 231
800 2 3.70 2.37 1.58 2.04
835 2 3.21 3.18 200 2.25
835 6.5 322 3.20 1.86 2.08

Figure VIL17 - 10 mins @ 950°C — 2 hrs @ 350°C — 42.7 hrs @ 600°C.
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Figure VILI8 - Electron micrograph showing that the cementite particles are located at
the gain boundaries of extensively recovered ferrite. Mesh-like subgrain boundaries are
displayed in the left side of the micrograph, (10 mins @ 950°C — 2 hrs @ 350°C — 14
days @ 630°C).
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Figure VIL19b



d

Figure VIL19:

10 mins @ 950°C — 2 hrs @ 350°C = 30 mins @ 600°C - 25 mins @ 715°C
(a) Bright field image .

(b) Cementite dark field image using (023 reflection

(¢) Corresponding diffraction pattern

(d) Interpretation of (c).
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Figure VIL.20:

10 mins @ 950°C = 2 hrs @ 350°C — 30 mins @ 600°C — 25 mins @ 715",
(a) Bright ficld image.

(b) Corresponding diffraction pattem,

(¢) Interpretation of (b).
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Figure VIL21b
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Figure VIIL.21¢

Figure VIL21d

Figure VIL21:

10 mins @ 950°C — 2 hrs @ 350°C — 30 mins @ 600°C — 25 mins @ 715°C.
(2) Bright ficld image,

(b) Cementite dark ficld image using (210
(c) Corresponding diffraction pattern

y reflection

|
v

(d) Interpretation of (c)



Figure VIIL.22a

Figure VII.22b

JONM,
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Figure VIL.22c

Figure VIL22d

Figure V1.22

10 mins @ 950°C <= 2 hrs @ 350°C — 30 mins@ 600°(C
(a) Bright field image 't

(b) Ce tite dark field images using (020)g reflection,
(¢) Corresponding diffraction pattern '

(d) Interpretation of (¢)

- 2S mins @ 715°'C
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Figure VIIL.23c

Figure VI1.23d

Figure VIL23

SU'C = 2 his @ 350°C = 30 mins @ 600°C 25 mins @ 715°C
(a) Bnght ficld image
(b) Cementite dark ficld image using (

(¢) Corresponding diffraction patiern
(d) Interpretation of (¢)

10 mins @ 95

021 o reflection,
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Chapter Eight
The Microstructure of Heat Affected Zone

8.1 Introduction

During welding, microstructural changes occur within the heat affected zone (HAZ) of
waasepmeamwndingmemlunweld-bud.Gnmgmmmmcromaﬁouof
manawiwlnmmmmnﬂmpmucmsnfuumchmialmnmm
concemed. The larger austenite grain size displaces the C.C.T. curve to longer reaction
times producing more Widmanstiitten ferrite, or increasing the possibility of manensitic or
bainitic transformation products on cooling. Although some work has been done [141-
146]mmcstudyofmicmsuucmrehHAz.amodelforduecuypredicﬁn3lhe
microstructure has not yet been developed. At this stage, it is important to rationalise
quantitatively the kinetics of austenite transformation, which depend on its grain size and
chemical composition.

In this work, a low alloy steel has been investigated, and its composition is Fe-0,17C-
0.335i-1.42Mn (w1%). The microstructure of its heat affected zone has been examined and
the kinetics of austenite transformation for different grain  sizes also studied
experimentally,

&zlimstrmeoﬂheHeatAﬂeﬂedZomlnlLowAnoysud

mmicmnmmofmehwlffeaodmsmdiedwuukmrmmmcpammplm
oralﬁgtn-sumnhweld.mplmtlﬂckmwuzanmandu\emantgywuabom-z
kJ/mm. The details of the welding technique used have been mentioned in Section 2.1,
mdmm(resumdhem.ﬂmvm.lslbwsmemwoguphofmmmeaedm
adjacent to the capping layer of the multirun weld (see the low magnification macrograph,
Figure Il.4).‘l'hemtaﬁtcgnlnsiumrﬂwfuslonboundnyisvayhrgc.ofﬁwomr
of 200um. The corresponding detailed microstructures in different regions of Figure
VIIL1 are shown in Figure VIIL2a-j. (For example, Figure VIII.2a corresponds to the
region marked a and Figure VIIL2b corresponds to the region marked b in Figure VIILI,
etc.) It is apparent that in the coarse austenite grain zone, the Widmanstitten ferrite grows
mainly from the allotriomorphic ferrite-austenite boundaries in the form of secondary
Widmanstitien ferrite plates. The microstructure in this zone also contains large amounts
of martensite, with some allotriomorphic ferrite and Widmanstatten ferrite, making the
zonebtime.andsumepdbletocoldcnddngmdmacucking.Asmeumeniwyﬁn
size decreases (Figure VIIL2c), the amount of allotriomorphic ferrite increases
significantly simply because of the large interfacial area of austenite grain boundarics
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available for allotriomorphic ferrite nucleation and growth. Figure VIIL2c illustrates the
transition from the coarse austenite grain zone to & more refined structure. The
micrograph also shows that when the austenite grain size is smaller than a critical value
(=20pum), the Widmanstitten ferrite and martensite do not form, the transformation
products being just allotriomorphic ferrite and fine pearlite (the presence of fine pearlite
has been established by transmission electron microscopy as shown in Figure VIIL3). The
typical microstructure of the fine grained region is presented in Figure VIIL2d, consisting
of allotriomorphic ferrite and fine pearlite. Figure VIIL2e clearly shows the transition
ﬁunmeaustmitcgninmﬂnedmgimwapmimymformedmsion;uwpuk
temperature of this transition boundary is Ary. Some of the untransformed original
pearlite in this region has been spheroidised, as illustrated in Figure VIIL2f. Figure
VIIL.2g displays the transition boundary (peak temperature Ary) from the partially
mfonnedwnetoﬂwmpemdm.mpwﬁﬁccolmkslnmisnunpcmdm
(Figure VIIL2h) are spheroidised to a lesser extent than in the partially transformed zone
consistent with the lower temperature experienced. The detailed microstructure of the
pearlite colonies in the tempered zone has been examined by transmission electron
microscopy (Figure VIIL4). The electron micrograph shows that the lamellar cementite
has been parially spheroidised. The transition boundary from the tempered zone to
unaffected zone is of coarse rather diffuse and is shown in Figure VIIL2i. The cementite
layers of course pearlite (Figure VIIL2j) can clearly be seen in the unaffected base
material which contains about 0.75 volume fraction of ferrite and 0.25 volume fraction of

pearlite.

The austenite grain size in the heat affected zone has been measured using a linear
intercept method. Because austenite grains adjacent the fusion boundary are very large,
only fificen of them could be taken into account. The plot of austenite grain size versus
distance from the fusion boundary is presented in Figure VIILS. Hardness measurements
were made on the polished and etched specimens, using a Vicker's micro-hardness
machine. A load of 0.5 kg was used, and the indentation was large enough to cover the
specific representative microstructure in the different sub-zone of the HAZ. The hardness
pmﬂlelnmeHAZ:djacculolhccappinglaycrofﬂnmu!drunweldlsslwwnhFigulc
VILG6. It is clear that the hardness increases with austenite grain size and reaches a
maximum value near the fusion boundary. The hardness of the partially transformed zone
and the tempered zone are slightly higher than that of the unaffected base plate.

8.3 The Influence of Austenite Grain Size on the Kinetics of Transformation

In order to predict the microstructure of the heat affected zonme, a knowledge of
transformation kinetics is vital. The work presented here is limited initially to a
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chancuedmionofmelnnw\ceofmuﬁwm:iumdwumﬁesofdn
allotriomorphic ferrite transformation. A theory for allotriomorphic ferrite formation
proposed by Bhadeshia et al. [39] will first be reviewed in Section 8.3.1. Isothermal
dilotomcuicexpeﬁmmuhmdsobemarrledmnmdlhemnmvﬁnbeptesenwdln
Section 8.3.2.

8.3.1 Theory for Allotriomorphic Ferrite Formation

Recently, Bhadeshia et al, [39) have presented a new model for the development of
microstructure in welds, in which the allotriomorphic ferrite grains prior to site-saturation
mmodeﬂedudim(pauﬂelmﬂwammﬁtegminbmmduyplm of half-thickness q,
ndiuan),mnpeamlonofmed!otﬁomomismidemdmnbecmln
reality, the lengthening and thickening processes are coupled. Soft impingement between
aﬂouiomorptugmwingﬁunopposiwmhbouuaﬁadmldlnoccurumeumal
ooolingmesmmlcmdlnwdding.wmis-ulyslsukumofhud
impingement, It has been demonstrated [39) that this disc model is a better approximation
than the layer model (see Figure L4). The detailed theory for the disc model is discussed
briefly as follows,

The analysis uses the concept of extended area or volume [178). Consider a plane
suxfaceoftoulareaOpuaﬂel(onpmicuhrbmnduy.mexmxieduuoaisdeﬂned
uﬂnmmofﬂnamofhtusealonoflbedlmwimwsplm It ensues that the
change dOG, in OF, due to disc nucleated between t=t and tet+ds is:

dO§ = xOylp ()%t - 1))de (Va1
for a,(t-t)‘)-s >y

and dO& = 0
s for al(m)o's <y

where OF = extended area due to o allotriomorph,
Oy, = area of a particular grain boundary,
Ig = grain boundary nucleation rate per unit area,
n ratio of length to thickness of allotriomorph,
@; = onc-dimensional parabolic thickening rate constant,
= incubation time for the nucleation of one particle,
and y = the distance between the boundary and an arbitary plane
parallel to the boundary,
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It should be noted that only particles nucleated for T > (y/x;)? can contribute to the

exwﬂaduuhmmdby{nﬂmny.dnwlnlecxwmdmkgivmby:
t-(yla.)

Of = Ma)?r0ylg( -
0

= 0.570plgMe)2e2(1 - 64) Ao

where @ = yja,10-5
The relationship between extended area Of, and and actual area O, is given by [178)
0%/ O = -nf1- Oy / O)}
Therefore Og, =0y (1- exp (-OF/0,})) (VIIL3)
Asmmlnzmmummmfemwuhmaﬁmopmmwmboundmme
total volume V), of material originating from this grain boundary is given by integrating
fonllybaweenmgtﬁvcmdposmvcinﬂxﬁty: in terms of 0, the integral amounts to:
1
Vo =1 | 20qt™3)0y(1- exp(-08/0p )40
1
= Io 20p(04105)(1- exp(-0.5xlg(nay)?21-6%)))d0
= 20p(e ") (0nexy, T, 1) (VIIL4)
1
where f(0,nct; I t)= Io (1- exp(-0.5xIg(ney 212(1-6%)))d0
lfﬂwuﬂuﬂnbouxﬂarymisogsma.mwwmﬁngonforobin
equation VIIL4 the total extended volume Vf,of material emanating from all boundaries
is found; this is an extended volume because allowance was not made for impingement of
discs originating from different boundaries. Therefore,

Vo= 20g(e 05 (0nay, 1, 1)

mdIfVisuntoulvolmw.mdsvmemslcningralnwrfmmaperumvolume.
then:

Ve, 1 v =25 (a0 S)r(oney g1
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Itmbeconvemdimotheocmdvolume,va,usimunemm

Vo ! (V&) = 1 - exp{-V§ / (V4))

where ¢ = (xT% . Xy(x1* . x&Y)
Finally, it follows that:
An{1 - §} = (25 /6)e,05)r(0, na,, Iy, 1} (VIILS)
where § the volume of « divided by its equilibrium volume, i.c.,
§ = Vo ! (V).

As Ig increases or time increases, the value of the integral f tends to unity due to site
saturation. In this condition, equation VIILS simplifics to one dimensional thickening:

- In(1-§) = 28, / ¢)e05) (VIIL6)

mmmmiwmmmmmmﬁummsvm
austenite grain surface area per unit volume, can be written as:

Sy=2/1L.

nisclwtlmequadonVm.Salrudyptovldesanimctpmnhnofaustmiwgninsiu
effect on the kinetics of allotriomorphic ferrite transformation. However, theory is still
needed for the prediction of ferrite nucleation rates,

8.3.2 Dilatometry

This work studied here is initially limited to isothermal dilatometry, and the austenite
grain size effect on the kinetics of allotriomorphic ferrite transformation has been
investigated. The experimental technique is essentially the same as in Section 3.2. The
experiments were carried out on the homogenised base materials austenitised at four
different temperature 870, 950, 1100 and 1200°C, respectively, for 10 minutes, and then
isothermally transformed in a temperature range (680-~760°C) for only allotriomorphic
teniwmcﬁmxﬂaewuminegninslmlnvebecnmcmmdudngmmw
method on the optical specimens, and are 1643, 2545, 4648, 159422um, respectively, for
the specimens austenitised at 870, 950, 1100 and 1200°C for 10 minutes. The isothermal
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dilatometric curves for allotriomorphic ferrite formation are shown in Figure VIIL7(a)~(e).

Figure VIIL7(a) shows isothermal transformation of allotriomorphic ferrite at 760°C
for the four different starting austenite grain sizes. The amount of the transformation is
very small even for a very long time in any one of the four cases, and this implies that
760'CisveryclosctotheAc3 temperature. It also clearly demonstrates that the time
taken for the initiation of allotriomorphic ferrite transformation becomes significantly
longer as the austenite grain size increases. Figure VIIL7(b)~(e) present the same
tendency in grain size effect; i.e., when austenite grain size is small, the transformation
rate of allotriomorphic ferrite will be large. For the same grain size of austenite, the
transformation rate increases as the isothermal transformation temperature decreases from
760°C w 680°C. Figure VIIL7(c) shows that at isothermal temperature 680°C the
incubation time of allotriomorphic ferrite transformation is 100 small to detect for the
austenite grain sizes 16 and 25um (austenitised at 870°C and 950°C, respectively, for 10
minutes). This indicates that the nose of diffusional C curve is in the vicinity of 680°C.
All the dilstometric data consistently show that as the austenite grain size decreases, the
amount of allotriomorphic ferrite transformation increases at the same isothermal
temperature forﬂwmcpcdodofﬁmc.msh\dimmmcgn!n boundary area is a
important factor in the kinetics of transformation of allotriomorphic ferrite,

The microstructure of dilatometer specimens has also been studied (Figure VIILS). The
optical micrograph (Figure VIIL8a) shows a few allotriomorphs forming afler
austenitisation of base metal at 1200°C for 10 minutes followed by isothermal
transformation at 760°C for 2 hours prior to quenching to ambient temperature (the
helium gas quenching rate in dilatometer ~60°C/s). Because of kinetic restrictions (large
austenite grain size), the residual austenite has mainly transformed to martensite, some
bainite and a small amount of Widmanstiitten ferrite. On the other hand, Figure VIIL8b
shows the microstructure for the dilatometric specimen austenitised at 870°C for 10
minutes followed by isothermal transformation at the same 760°C for 2 hours before
quenching 10 room temperature. It is clear that a large amount of allotriomorphic ferrite
forms during cooling in this case. (Dilatometric curves in Figure VIIL7a shows litte
transformation at 760°C for 2 hours). The optical micrographs (Figures VIIL8c and d)
show the microstructure for the specimens austenitised at 1200°C and 1100°C,
respectively, for 10 minutes followed by isothermal transformation at 720°C for 2 hours
before quenching to room temperature. The results show that the austenite grain
boundaries rapidly become decorated with a layer of polycrystalline allotriomorphic
ferrite, and besides the allotriomorphic ferrite the microstructure consists chiefly of
martensite, with some bainite and Widmanstitten ferrite. Comparing the microstructure
shown in Figure VIIL.8c and that in Figure VIIL8d, it is found that the latter (small
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austenite grain size) contains a higher volume fraction of Widmanstitten ferrite. It should
be noted that as the isothermal transformation temperature is reduced (for example at 700
and 680°C), the carbon composition of residual austenite will increase due to the
pmmaﬂngofcubonbetwemamdy.mdmemfwmmonduﬂngcooungvdube
influenced. Figures VIIL8¢ and f present the corresponding microstructure for the
specimens austenitised at 1200°C and 1100°C, respectively, for 10 minutes followed by
lsothamdmfmmudmat?ﬂ)’CfochounbefommNngbmomwmpem
Figures VIIL8g and h show the comesponding microstructure for the specimens
austenitised at 1200°C and at 1100°C, respectively, for 10 minutes followed by isothermal
transformation at 680°C for 2 hours before quenching to ambient temperature, It is clear
that when the carbon content of the residual austenite is large, the formation of

Widmanstitten ferrite during quenching is suppressed.

8.3.3 Further Study

It is necessary to convert the dilatometric data (Figure VIIL7) from “the relative length
change versus time™ to “the volume fraction of allotriomorphic ferrite formed versus time",
for the purpose of investigating quantitatively kinetics of allotriomorphic ferrite
transformation. The calculation is the same as given by equation IIL1, and the linear
expansion coefficients and lattice parameters of ferrite and austenite are required. It will
be interesting to compare experimental data with the model discussed in Section 8.3.1.

Equation VIIL6 can be written as:
VodV = ¢ [1-exp(-(25, /), 105))) (VIILT)

Therefore, after determining S, and o value, the theoretical data can be calculated. This
forms a basis for future work.

8.4 Summary

The microstructure of the heat affected zone adjacent to the capping layer of a
multirun weld has been studied. It has been found that as austenite grain decreases, the
rate of allotriomorphic ferrite formation increases significantly. This is simply because of
the large interfacial arca of austenite grain boundaries available for allotriomorphic ferrite
nucleation and growth. A theory which provides an interpretation of austenite grain size
effect on the kinetics of allotriomorphic femite transformation has been reviewed. The
isothermal dilatometric experiments have also been camied out, and the kinetic data has
been obtained. It needs more work to elucidate the kinetic theory.
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Microstructure concsponds to lhc region marked a in Figun: vmin. The

micrograph shows the microstructure

Figure VIII.2a -

adjacent to the fusion boundary. The microstructure

of HAZ in this region contains some allotriom
large amount of marnensite (grey areas),
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Figure VIIL2b - Microstructure corresponds to the region marked b in Figure VIIL1.
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Figure VIIL2e - Microstructure corresponds to the region marked ¢ in Figure VIILI, 20;.|m
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Figure VIIL2f - Microstructure corresponds to the region marked f in Figure VIIL1. 2(Qum
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Figure VIIL2h - Microstructure corresponds to the region marked h in Figure VIIL1, 20 MM
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Figure VIIL3 - Electron micrograph shows fine pearlite in the austenite grain refined zone,

Figure VIIL 4 - Electron micrograph shows that the lamellar cementite has been parially
spheroidised.
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Figure VIILS - Showing the austenite grain size versus the distance from the fusion
boundary.
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Figure VIIL7(a) - Dilatometric curves show isothermal transformation at 760°C. The left
part of the figure presents for the long isothcrmal transformation time; the right part, for
the short isothermal transformation time.
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Figure VIIL7(b) - Dilatometric curves show isothermal transformation at 740°C.
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Figure VIIL7(c) - Dilatometric curves show isothermal transformation at 720°C.
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Figure VIIL7(d) - Dilatometric curves shows isothermal transformation at 700°C.

210




austenitised at 870°C for o mins.

d0p

Jok ¥ :

Qo |

lo}k :
|

L A A

0.0 i A i A " A i i

auswenitised at 950°C for 10 nuns.

*jlr—

|
|
A A A A A A Al l

austenitised at 1100°C for 10 mins

Relative Length Change (10 AL/L)
{ =]
-

4.04
ol I
|
2.0l |
|
Lot I
o A A A A i A Rl l
i austenitised at 1200C fx |0 mins
1.0} |
|
20t |
|
.04 | |
0o 1 A i 2 1 A | 1 l 1 2 1
0 2000 4000 6000 0 o loo
Time. Seconds

Figure VIIL7(¢) - Dilatometric curves shows isothermal transformation at 680",

211




C — 2 hrs @ 760°C — quenched by helium gas.

@ 1200

Figure VIIL8(a) - 10 mins

m

C — quenched by helium gas. 2

C—2hs @ 760"

- 10 mins @ 870

Figure VIIL8(b)

212



C = quenched by helium gas. SOUM

VIIL8(c) - 10 mins @ 1200°C — 2 hrs @ 720"

Figure

C — quenched by helium gas. S0MM,

< 10 mins @ 1100°C = 2 hrs @ 720

Figure VIIL8(d)

213



. e

Figure VIIL&(N-10 mins 1100°C '—).2 hrs R » ¢ heli : I
@ @ 700°C —» quenched by helium gas. 20um

214



, i‘a‘ - ;

ﬁ V - y 1 . - y " - i
gure VIILS(g) - 10 mins @ 1200°C - 2 hrs @ 680°C — quenched by helium gas. 50 1M
. S0um,

\\ X ] by % . 3.
, 1 . 9 A > - . .- * s : . A
& RN e
A\ 78" v EL b I 42 2 Fra b - 2 . Py
77 PR, Qi Bk Xy PR,
""i. . # 1 »

l'— - . ) R - .
igure VIILS(h) - 10 mins @ 1100°C — 2 hrs @ 680°C —» quenched helium gas. SQuM
ol LA 2o

215



Chapter Nine
Further Research

The present work has gone some way towards an understanding of the mechanism of
acicular ferrite formation. This is of importance in placing the reaction in the context of
other reactions that arise in steels, in computing the effects of alloying elements and
thermomechanical treatments on the design of steel microstructures and ultimately in the
improvement of weld quality. However, much further work needs to be carried out to
ensure that the thermodynamic description can be extended to permit detailed calculations
of the nucleation and growth kinetics of acicular ferrite, Measurements of the nucleation
and growth kinetics seem vital. The mechanism by which acicular ferrite improves
mechanical propertics is not established although very qualitative relationships can be
found in the literature. In particular, the micromechanisms of fracture resistance of
acicular ferrite should be most interesting to investigate,

The model developed for reaustenitisation already permits a calculation of the TTT
curves for the growth of austenite from a specified starting microstructure. However, this
is only the tip of the iceberg and to adapt the work to industrially relevant situations it is
necessary 10 address complications such as the nucleation rate of austenite, and
reaustenitisation from a variety of possibly mixed microstructures,
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APPENDIX 1

C R bl R AL LI L e T L Rt I

C PROGRAM FOR THE CALCULATION OF LENGTH CHANGE
C ACCOMANYING REAUSTENTISATION FROM A MIXTURE OF
C AUSTENITE AND BAINITIC FERRITE

C R AL Ll L L e e T T T L LTI

IMPLICIT REAL*8(A-H,K-2)

DOUBLE PRECISION A(8), WTO(8), WF(8), WAE3(8), W4(8)
C AG=AUSTENITE LATTICE PARAMETER AS A FUNCTION OF COMP, TEMP
C AF=FERRITE LATTICE PARAMETER AS A FUNCTION OF COMP, TEMP
C AGF AND AFF ARE CORRESPONDING FUNCTIONS TO GIVE THESE
PARAMETERS
C XBAR=AVERAGE ALLOY CARBON, MOLE FRACTION
C XAE3=CARBON, MOL FRAC CORRESPONDING TO AE3 CURVE
C XF=CARBON CONTENT OF ALPHA
C XT0= CARBON, MOL FRAC, CORRESPONDING TO TO CURVE
C T=TEMPERATURE, CENTIGRADE
C EG,EF EXPANSIVITIES OF GAMMA AND FERRITE
C  TBAIN,TAUST=CENTIGRADE, ISOTHERMAL TRANSF TEMPS FOR
BAINITE, AUSTENITISATION
C COMPOSITIONS READ IN WT.PCT.
C VB=VOLUME FRACTION OF BAINITE AT TBAIN
C VI=VOLUME OF GAMMA+ALPHA MIX BEFORE TRANSFORMATION, AT
TAUST
C V2=VOLUME OF GAMMA+ALPHA MIXAFTER TRANSFORMATION, AT
TAUST
C DELTAL=RELATIVE LENGTH CHANGEAFTER TRANSFORMATION, AT
TAUST
C DEL5V=RELATIVE LENGTH CHANGE DUE TO INCREASING THE VOLUME
FRACTION
C OF AUSTENITE BY 0.05, DURING TRANSFORMATION, AT TAUST

C AR LA AL L L L L T T L LI

READ(S,*)C,SLMN,NI,MO,CR,V,EG,EF,TBAIN

CALL ATOM(A,C.SI.MN,NI,MO,CR,V)

WRITE(6,1)C.SLMN NLMO,CR,V,A(1),A(2),A(3),A(4),A(5),A(6),
&A(7).EG,EF,TBAIN

XBAR=A(1)/100.0

XF=0,0D+00

XTO=XTOF(TBAIN)

VB=(XTO-XBAR)/(XT0-XF)

WRITE(6,2)VB XT0,XF,XBAR
C VOLUME OF MIXTURE (V1) OF VB BAINITE AND (1- VB)OAMMA AT TAUST

WRITE(6,3)
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DO 5 I=600,850,5

TAUST=I*1.0D+00

CALL WEIGHT(WTO,XT0,C,SI,MN,NI,MO,CR,V)
CALL WEIGHT(WF,XF,C,SI,MN,NI,MO,CR,V)
CALL AFF(AF EF,WF(1),SLMN,NLLMO,CR,V,TAUST)
CALL AGF(AG,EG,WT((1),SL,MN,NI,MO,CR,V,TAUST)
VI=VB*2.0D+00*AF**3 + (1.0D+00-VB)*AG**3
XAE3=XAE3F(TAUST)

IF(XAE3 .GT. XT0) GOTO 5

IF(XAE3 LT. XBAR) GOTO 6
VF=(XAE3-XBAR)AXAE3-XF)

GOTO 7
6 VF=0.0D+00

XAE3=XBAR
7 CALL WEIGHT(WAE3 XAE3,C,SI,MN,NIMO,CR,V)

CALL WEIGHT(WF,XF,C,SL,MN,NI,MO,CR,V)
CALL AFF(AF,EF,WF(1),SI,MN,NLMO,CR,V,TAUST)
CALL AGF(AG,EG,WAE3(1),SLMN,NL,MO,CR,V,TAUST)
V2=VF*2.0D+00*AF**3 + (1.0D+00-VF)*AG**3
DELTAL=(V2-V1)}(3.0D+00*V1)
DELSV=(0.05*AG**3-0.05%2*AF**3)/(3.0D+00*V1)
WRITE(6,4)DELTAL, TAUST, VF,DELSV

5 CONTINUE

1 FORMAT(' C SI MN NI MO CR V'/
&7F8.4, ' WT.PCT'/TF8.4," ATOMIC PCT"/
&' EXPANSION COEFFICIENT OF AUSTENITE=",D10.4,
&' EXPANSION COEFFICIENT OF FERRITE=",D10.4/

&' TRANSFORMED TO BAINITE AT DEGREES CENTIGRADE="F8.2)
2 FORMAT(" VOLUME FRACTION OF BAINITIC FERRITE="F8.3,

&' MOL. FRAC. XTO="F8.4/ MOL. FRAC. XF="D10.4,
&' AVERAGE ALLOY MOL. FRAC. XBAR="F8.3)

3 FORMAT(' DELTAL TAUST VF DELSV ")

4 FORMAT(D14.4,F8.0,F8.3,D14.4)
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STOP
END

C ‘t.t.0O..“OO‘..00‘0.0.....0“t‘.."...00‘0.‘0.‘.“.‘."0000‘...“

DOUBLE PRECISION FUNCTION XTOF(T)
C TOI=INTERCEPT ON TEMP AXIS OF ST. LINE REPRESENTING TO CURVE
C SLOPE=RECIPROCAL MAGNITUDE OF SLOPE OF TO LINE
XTOF=0.14885-6.4052D-04*T+1.2219D-06%T**2-9.2707D-10*T**3
RETURN

END

C .00.0.“.."...‘O..0....“‘.‘..‘...0....‘.“0."..‘...”‘......‘..

DOUBLE PRECISION FUNCTION XAE3F(T)
C TOI=INTERCEPT ON TEMP AXIS OF ST. LINE REPRESENTING AE3 CURVE
C SLOPE=RECIPROCAL MAGNITUDE OF SLOPE OF AE3 LINE
XAE3F=0.34227-3.5370D-04*T-6.7065D-07*T**2+7.21 1 1D-10*T**3
RETURN

END

C “.“...0.0.".O.“‘..“...000....00..‘....0‘0...‘...‘.‘.“..00..‘

SUBROUTINE AGF(AG.EG,C,SILMNNI,MO,CR,V.T)
IMPLICIT REAL*8(A-H K-Z)
C CONCENTRATIONS IN WT. PCT., PARAMETER IN ANGSTOMS,
EG=EXPANSIVITY
C TEMPERATURE IN CENTIGRADE
AG=0,00095*MN-0.0002*N1+0.0006*CR+0.0031*MO+0.0018*V
&+0.033*C+3.578
AG=AG*(1.0D+00 + EG*(T-25))
RETURN

END

C .‘..‘.‘....0..“O‘“‘..‘O‘...‘.O..“‘...0....00...‘.““‘0.‘......

SUBROUTINE AFF(AF,EF,C SLMN,NIMO,CR,V,T)
IMPLICIT REAL*8(A-H,K-2Z)
C CONCENTRATIONS IN WT. PCT., PARAMETER IN ANGSTOMS,
EF=EXPANSIVITY
C TEMPERATURE IN CENTIGRADE
C SPEICH, P.111: CARBON, MO, V, NOT ACCOUNTED FOR
DOUBLE PRECISION A(8)

CALL ATOM(A,C,SIMN,NI,CR MO,V)
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AF=2.866-0.0003*A(2)+0.0005*A(6)+0.0006*A(3)+0.0007*A(4)
AF=AF*(1.0D+00 + EF*(T-25))

RETURN

END

C’0.0.0..O....".OOO..‘“...O“.‘.“...‘....‘0.‘..‘0‘.00.0.0.0....‘O..

SUBROUTINE ATOM(A,C,SIMN NI,CRMO,V)
C SUBROUTINE FOR CONVERTING WT.% TO ATOMIC %

DOUBLE PRECISION A(8),C,SLMNNI,CR,MO,V,B
A(1)=C/12.0115

A(2)=S51/28.09

A(3)=MN/54.94

A(4)=N1/58.71

A(5)=M0O/95.54

A(6)=CR/52.0

A(T)=V/50.94
A(8)=(100.0-C-SI-MN-NI-MO-CR-V)/55.84
B=A(1)+AQCHAGCHAMEHAS)IHAGHA(T)+AB)
DO 11=18

A(D=A(1)*100.0/B
1 CONTINUE

RETURN
END

C‘.0..00000OOQ’OOOOOOOOOOOOOOOO‘..........‘......00.0.000..“..“.“‘.

SUBROUTINE WEIGHT(A,XMOL,C,SLMNNIMO,CR,V)
C SUBROUTINE FOR CONVERTING MOLFRACTION OF CARBON TO WT.%
CARBON
C C READ IN AS MOLFRAC, AND AS AVERAGE ALLOY WT.%, REST AS
AVERAGE ALLOY WT.%

DOUBLE PRECISION A(8),B(8),C,SLMN,NI,CR.MO,V,B1

B(2)=S1/28.09

B(3)=MN/54.94

B(4)=NI/58.71

B(5)=M0O/95.94




B(6)=CR/52.0

B(7)=V/50.94

B(8)=(100.0-C-SI-MN-NI-MO-CR-V)/55.84
B(1)=XMOL*(B(2)+B(3)+B(4)+B(5)+B(6)+B(7)+B(8))/(1.0D+00-XMOL)
Bl=B(1)+B(2)+B(3)+B(4)+B(5)+B(6)+B(7)+B(8)

DO 2 I=1,8

B(D=B(1)*100.0D+00/B 1
2 CONTINUE

A(1)=B(1)*12.0115

A(2)=B(2)*28.09

A(3)=B(3)*54.94

A(4)=B(4)*58.71

A(5)=B(5)*95.94

A(6)=B(6)*52.0

A(T)=B(7)*50.94

A(8)=B(8)*55.84
BI=A(1+AQIAG)+A@HASIHAGHA(T)+A(S)
DO 1I=18

A(N=A()*100.0/B1
1 CONTINUE

RETURN
END
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APPENDIX 2

C bR A ALl R Ll e L L T T L

C PROGRAM FOR ANALYSIS OF DATA FROM BBC/DILATOMETER
C AR LA L L I e T e e L
C Remember that the first line contains length in mm
DIMENSION XX(6000), COEFF(6000), TIME(6000), X(6000), Y(6000)
READ(S,*)ALEN
AMAG=4.9162
J1=40
N1=0
NMAX = 6000

C ALEN=original length of specimen at ambient
C Ji=number of data over which expansivity is averaged

C AMAG= magnification, with dilatometer set at 10000
C COEFF contain expansion coefficients at temperatures XX
C YY contains length change per unit length at temps X, centigrage

N=0

ION=N+1
C X IS TEMPERATURE AND Y IS LENGTH. A IS TIME/100, SES

READ (5, *, END=20) X(N)
X(N)=10.01836*X(N)+0.0187719
B=aX(N)

IF(B .LT. 0.643) GOTO 300
IF(B .LT. 1.78)GOTO 301

IF(B .LT. 4.221)GOTO 302

IF(B .LT. 7.656)GOTO 303

IF(B LT. 10.74)GOTO 304

IF(B .LT. 12.06)GOTO 306
300 B=0.36774176.4*B-33.57*B*B

GOTO 305
301 B=10.26+146,0*B-9.573*B*B

GOTO 305
302 B=32.33+121.2*B-2.485*B*B

GOTO 305
303 B=44.79+114.7*B-1.591*B*B




GOTO 305
304 B=68.41+108.0*B-1.117*B*B

GOTO 305
306 B=205+83,33*B+8,385E-05*B*B
305 X(N)=B

READ (5, *, END=20) Y(N)

YN)=Y(NJ/(ALEN*AMAG)

READ (5, *, END=20) TIME(N)

TIME(N)=TIME(N)/100.0

IF (N .EQ. NMAX) GOTO 30

GOTO 10

20N=N-1
C GRST2S(ASPECT) - initialise package and specify the aspect ratio
30 DO 310 11=1,2000

IF(11*J1 .GT. N) GOTO 312

B1=0.0

B2=0.0

B3=0.0

B4=0.0

DO 311 J=1,J1

Ni=N14+1

B1=B1+Y(N1)*X(N1)

B2=B2+X(N1)

B3=B3+Y(N1)

Bd=B4+X(N1)*X(N1)
311 CONTINUE

COEFF(11)=(J1*B1-B2*B3)/(J1*B4-B2*B2)
XX(11)=B2/11
310 CONTINUE
312 N=I1-1
CALL GRST35(1.0,150.0)
CALL GRLM25(0.3,0.9,0.1,0.6)

CALL GRTYSS(-1,1)
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CALL GRFT35(2.5,1.0,0,190,0.0,20)
C GRGR6S(X,Y N) - draw linear graph of N (X,Y) values

CALL GRGRSS (X, Y, N)
CALL GRANGS("A",0,'Centigrade,10, Relative Length Change' 22)
CALL GRMS35(1.0)

CALL GRLM2S(0.3,0.9,0.1,0.6)

CALL GRTYSS(-1,1)

CALL GRFT3S(2.5,1.0,0,190,0.0,20)

CALL GRGR6S(XX,COEFF,11)

CALL GRANG6S("A",0,'Centigrade',10,"Exp. Coeff.",11)

CALL GRMS3S(1.0)

CALL GRLM2S(0.3,0.9,0.1,0.6)

CALL GRTYSS(-1,1)

CALL GRFT35(2.5,1.0,0,190,0.0,20)

CALL GRGR6S(TIME,Y,N)

CALL GRANGS('A",0,"Time, Seconds',13, Relative Length Change',22)
CALL GRMS3S(1.0)

CALL GRLM25(0.3,0.9,0.1,0.6)

CALL GRTYSS(-1,1)

CALL GRFT3S(2.5,1.0,0,190,0.0,20)

CALL GRGR6S(TIME, X,N)

CALL GRANG6S("A" 0, Time, Seconds', 13, Centigrade",10)
C GRST9S - close package

CALL GRST9S
STOP
END




APPENDIX 3

[l L T T T T T

C PROGRAM TO CALCULATE THE MAGNIFICATION FACTOR FOR
DILATOMETER

C ‘..0‘.0..0..“‘..O“..OOO...‘M‘..0‘.0..“‘.0...00‘.‘“‘.“‘.00.

C Platinum specimen calibration
C ANOT is the Pt length, ALPHA +BETA*T=expansivity of Pt
C T is temperature in centigrade, initial data from BBC/dilatometer
DIMENSION YY(1200), X(1200), Y(1200)
REAL ALPHA, BETA, ANOT, T0, Al, A2
INTEGER N
A3=00
NMAX = 1200
ALPHA=8.8631E-06
BETA=0.0026E-06
ANOT=15.24
T0=26.21
N=0

ION=N+1
C X IS TEMPERATURE AND Y IS AAAGTH. A IS TIME/100, SES

READ (5, *, END=20) X(N)
X(N)=10.01836*X(N)+0.0187719
B=X(N)

IF(B .LT. 0.643) GOTO 300
IF(B .LT. 1.78)GOTO 301

IF(B .LT. 4.221)GOTO 302

IF(B .LT. 7.656)GOTO 303

IF(B .LT. 10.74)GOTO 304
300 B=0.3677+176.4*B-33.57*B*B

GOTO 305
301 B=10.26+146.0*B-9.573*B*B

GOTO 305
302 B=32.33+121.2*B-2.485*B*B

GOTO 305
303 B=44.79+114,7*B-1.591*B*B
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GOTO 305
304 B=68.41+108.0*B-1.117*B*B
305 X(N)=B
READ (5, *, END=20) Y(N)
IF (N .EQ. 1) GOTO 306
Al=AAA(X(1),ALPHA BETA,ANOT)
A2=AAA(X(N),ALPHA BETA ,ANOT)
YY(N)=(Y(N)-Y(1))(A2-A1)
GOTO 307
306 YY(N)=5.0
307 WRITE(6,311)YY(N),X(N)
311 FORMAT(F8.4,F8.2)
READ (5, *, END=20)A
IF (N .EQ. NMAX) GOTO 30
GOTO 10
20N=N-1
C GRST2S(ASPECT) - initialise package and specify the aspect ratio
30 DO 312 I=IN

A3=A3+YY()
312 CONTINUE

A3=A3/N

WRITE(6,313)A3
313 FORMAT(" AVERAGE MAGNIFICATION=", F12.6)

CALL GRST3S(1.0,300.0)
CALL GRLM2S(0.1,0.9,0.1,0.6)
CALL GRTY5S(-1,1)

CALL GRFT3S(2.5,1.0,0,190,0.0,50)
C GRGR6S(X,Y.N) - draw lincar graph of N (X,Y) values

CALL GRGRSS (X, YY, N)
C GRSTYS - close package

CALL GRST9S

STOP

END

FUNCTION AAA(T.A,B,ANOT)
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TT=26.21

AAA=A*T + B*T*T/2 + A*A*T*T/2 - A*A*TT*T + A*B*T**32
&-A*B*T*T*TT + A*B*TT*TT*T/2 + B*B*T**4/8 -
&B*B*T**3*TT/3 + B*B*T*T*TT*TTA

AAASANOT*AAA

RETURN

END
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