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ABSTRACT

Small concentrations of hydrogen in a diffusible form within iron are well-established to harm the mechanical integrity of steels.

There are theories that attempt to explain the pernicious role of hydrogen. The purpose here is to assess the models, in particular

with respect to falsifiability and ability to predict any deterioration in properties or phenomena that can help mitigate hydrogen

embrittlement.

1 | Introduction

This work focuses on the hydrogen embrittlement of steel, a field
hampered by confusion and a lack of progress in both interpre-
tation and the attribution of observations to specific theories.
Inspired by Kragh’s book [1], I scrutinise current hydrogen
embrittlement models using the Popper falsifiability criterion.
First, however, a clear definition of hydrogen embrittlement is
necessary, as the concept is often over-generalised beyond the
critical case of brittle fracture:

Consider a steel that does not yield discontinuously but at a proof
strain of 0.002. Embrittlement corresponds to rapid crack propa-
gation during failure in the elastic regime at a strain
Egracture < 0.002. If the /e curve exhibits discontinuous yielding,
embrittlement manifests When ofraciure < Gupper—yield- BOth cases
represent entirely brittle and unstable fracture events.

Tests that involve substantial plasticity, such as those illustrated
in Figure 1, can be misleadingly classified as hydrogen embrit-
tlement. Misleading because uniform ductility is not compro-
mised, and significant plastic strain precedes failure.

Such tests have questionable relevance to actual engineering ser-
vice, where components operate well below the macroscopic

yield strength. Furthermore, the calculated work of fracture
during this failure mode (%1 — 2kJI m~2) is three orders of mag-
nitude greater than that associated with the perfect cleaving of an
iron crystal.

In a brittle steel under stress control, cracks become unstable and
advance rapidly once a critical stress intensity Kjc is reached.
One could, therefore, classify the phenomenon illustrated in
Figure 1 as a benign deterioration in ductility during testing at
slow strain-rates that are inconsistent with catastrophic failure.
Therefore, the focus here is on unstable crack propagation asso-
ciated with sudden failure.

2 | Karl Popper

Popper’s criterion of falsifiability [1, 3] emphasises that science
must be capable of being disproven by observation or experiment.
A theory is scientific if it makes ‘risky predictions’ that might be
observed to be false. The statement ‘only iron is magnetic’ is fal-
sifiable because observing a single other substance that is mag-
netic would disprove it.

Quantitative theories offer a greater degree of falsifiability
because they propose precise, measurable relationships between
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FIGURE1 | Tensile tests (¢é=8.3x10°s~!)on Fe-0.1C-2.03Mn wt%
1mm thick sheet-steel containing a mixture of ferrite and pearlite.
The dashed line reveals the plasticity (Ae, ~0.02) that persists after
the engineering stress begins to collapse towards zero, over the stress
range ~400— 200 MPa. Selected data from Okada et al. [2].

quantities. This allows for rigorous experiments that can either
confirm or refute the theory (e.g., Einstein’s prediction of star-
light deflection by 1.75 arcsec [4, 5], or the known limits of
Hooke’s law [6] at high stress [7]). Science progresses by testing
and attempting to refute bold conjectures.

In what follows, each theory for the hydrogen embrittlement of
iron is assessed for falsifiability in the Popper sense, i.e., the
ability to make credible predictions.

3 | Mechanism of Hydrogen Embrittlement
3.1 | Decohesion

Pfeil, in his experiments on pickled single- and poly-crystals of
decarburised iron, observed both intra- and inter-granular
fracture [8]. He concluded that hydrogen reduces the cohesion
of the steel, though the elongation prior to macroscopically brittle
failure was substantial, Figure 2.

Later work falsifies the idea of a loss of cohesion in iron caused by
hydrogen, because the change in surface energy is simply too
small to explain the dramatic reductions in toughness during
brittle fracture (e.g. [9]). In Figure 3, the square root of the cal-
culated ideal-cleavage surface energy is plotted because the frac-
ture stress of « /7, according to the Griffith equation [10].
Often, cleavage even at cryogenic temperatures is not ideal
but accompanied by highly-localised plasticity, in which case

b
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the Griffith equation is adapted by substituting an effective inter-
facial energy y, that in practice is at least seven times larger.
Hydrogen does not readily segregate on {100}, planes in intact
ferrite crystals, and repulsion between hydrogen atoms limits the
surface coverage to 0.25. At this maximum coverage, the surface
energy y, is reduced marginally, yielding a maximum decrease in
s of 6%. Consequently, the theoretical fracture stress is mini-
mally reduced, making the decohesion concept less credible.

These data cannot be used to estimate the reduction in tensile
strength observed in Pfeil’s experiments because those tests inv-
olved large elongations, which are inconsistent with a cleavage-
based calculation. More fundamentally, the magnitude of the
hydrogen-induced changes in surface energy is simply too small
to explain any known observations on the loss of toughness in
steels.

The decohesion theory nevertheless remains a popular interpre-
tation of hydrogen embrittlement. To utilise it meaningfully, one
could induce brittle failure in a steel (with specified defects and
plane-strain conditions) by testing at a low enough temperature.
The brittle-fracture stress (o;) would then be recorded across var-
ious dissolved hydrogen concentrations ([H]) and fitted empiri-
cally to the surface energy (ys) via of  ,/75. This empirical
function could then be used to express the steel’s quantitative
sensitivity to hydrogen during brittle failure under defined
conditions.

3.2 | High-Pressure Pores

The study of hydrogen embrittlement was in part stimulated by a
troublesome defect that manifests during enamelling, whence
the coating flakes as hydrogen accumulates at the coating/steel
interface [11]. This led to the interpretation of blister formation
on uncoated steel. In the early 1940s, before defect structures
were established, it was hypothesised that internal ‘disjunctions’
in H-supersaturated steel could trap molecular hydrogen, creat-
ing immense aerostatic pressure that ultimately exceeded the
steel’s strength, thus explaining embrittlement.

Oriani [12] pointed out that the pressure developed within any
bubble relies on a large hydrogen activity within the supersatu-
rated steel, but in fact, the metal can embrittle even when in con-
tact with gaseous hydrogen at a pressure of 0.1 MPa or less. This
suggested that brittle failure of steels, induced by high-pressure
internal-bubbles, is unlikely.

The pressure mechanism is prominent in intrinsically brittle
materials like silicon. When implanted with hydrogen, molecular

26% elongation

58% elongation

FIGURE2 | A hydrogen-charged tensile test sample with 26% elongation prior to the development of fine cracks normal to the pulling direction, and

one without hydrogen. Both samples are broken with the two halves placed in abutting positions. Reproduced and adapted from [8] (permission not

required, https://royalsociety.org/journals/permissions/).
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FIGURE 3 | Pure, ferromagnetic a-iron, 0 K. (a) Atomic structure for modelling {100} surface, with d representing a vacuum layer implemented to

simulate cleavage. (b) The arrow identifies the location of a hydrogen atom in an octahedral interstice. The surface concentration of hydrogen is enor-

mous, H/(4Fe + H) = 0.2, since the problem is modelled as a 2 x 2 x 4 supercell. (¢) The calculated square-root of surface energy y (100} assuming that the

sample is ideally cleaved. The actual specific interfacial energies are 2.482 (Fe) and 2.303J m~2 (Fe—H). After Song et al. [9].

H, enters its diamond lattice [13] and generates defects (Frenkel
pairs and vacancy clusters). The clusters progressively fill with H,
and reorganise into platelets on {100}5 or {111}y planes.
Continued H, accumulation increases the aerostatic pressure
within these platelets, threatening the Si—Si bonds at the edges
of the platelets, leading ultimately to oxidative cleavage via a
reaction that forms silicon hydride:

>Si"h S - >Si—-H®-DHEH_Sj 1)
where the silicon atoms are tetrahedrally bonded (symbol: > Si—).

Hydrogen implantation is used routinely to cleave (ion-cut)
silicon via the bubble mechanism [14]. During annealing at
600°C, diffused hydrogen accumulates at existing H—H platelets
(10-30 nm in size, predominantly on {100};), forming bubbles
that ultimately drive fracture. Failure also occurs on segments
of {111}, which roughens the fracture surface.

Although the deformation mechanisms of silicon differ dramati-
cally from those of metallic iron, the pressure mechanism pro-
posed by Zapffe and Sims in 1941 survives in a different
incarnation. It has found a useful application in the production
of silicon-on-insulator wafers for electronic devices. The calcu-
lated pressure inside the hydrogen bubbles in silicon is estimated
at several gigapascals, which is sufficient to induce brittle frac-
ture on specific crystallographic planes [15].

While extreme electrolytic hydrogen charging can cause blistering
on uncoated iron, it is unclear if this pressure mechanism induces
cleavage at the low hydrogen concentrations (~0.5 ppmw) that
cause embrittlement in strong steels.

The falsifiability of this pressure-based interpretation can be
tested quantitatively by the stress field around a pressurised
spherical bubble of radius ryyppie:

¥ bubble) 3 P (’” bubble) 3

Oradial = —P( and o al = =
radial r tangential ) r

The tensile hoop stress (Gingential) is highly localised near the
bubble interface. However, very small bubbles, which generate

the highest pressure (P o rp i), would be innocuous if
their size is below the fracture mechanics critical crack size.
Furthermore, molecular dynamics calculations [16] reaching
high pressures (e.g., 3.5 GPa in nanovoids) are of dubious rele-
vance, as the opening of a crack would immediately decrease
the internal pressure, removing the sustained driving force for
crack growth.

3.2.1 | Bubble/Hydride Hypothesis

A proposed two-stage hydrogen embrittlement mechanism dur-
ing tensile testing [17] suggests that failure begins with rapid
microscopic-cleavage (velocity >100ms~1) driven by the high-
pressure of accumulated H, within internal cavities, causing
hydride precipitation. This hydride suppresses dislocation emis-
sion at the crack tip, thus causing the initial microscopic-
cleavage, but the resulting decline in hydrogen pressure should
halt that crack. It is argued, however, that the initial high-velocity
crack can continue propagating without the influence of hydro-
gen because its inertia suppresses bulk plasticity. It is not credible
for the initial crack to advance unabated through the complex,
fine-scale structures of martensitic or bainitic steels that were the
subject of the original investigation. There exist countless crys-
tallographic discontinuities within the structure of such steels.

The work also claims a ‘disconnect’ between ultimate tensile
strength and fracture toughness in the context of hydrogen
embrittlement, based on:

« The use of a threshold stress intensity Ky, which repre-
sents the initiation limit for slow crack growth in hydrogen,
rather than a plane-strain fracture toughness Kj¢, which is
the mechanical instability limit (the absolute ceiling of
toughness).

« Failure in a hydrogen environment is not expected until
the crack slowly grows from the Kry threshold up to
the critical fracture toughness in the environment
Kic_y. Thus, Kty is a design parameter, not a true mate-
rial property like Kjc. The estimated critical crack size
based on Kyy therefore, incorrectly assumes immediate,
catastrophic failure.
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The blunt-notched tensile data [18] used in the analysis [17]
exhibited ductility upon failure, not purely brittle elastic-regime
failure predicted by the two-stage model. The strong ‘4340 steel
was suggested to fail with zero ductility in this context, but this
depends on microstructure: experiments reveal substantial duc-
tility under similar conditions of 4340 yield strength and hydro-
gen concentration [19].

Diamond anvil cell experiments [20] show that the iron hydride
necessary for this mechanism only forms at hydrostatic pressures
of 3.5GPa and decomposes at 2.2 GPa. This further limits the
transient role of the hydride.

The model seems inconsistent with the true meaning of Ky and
Kic, the former dealing with the stress-intensity required to ini-
tiate a crack that then grows slowly until a critical stress intensity
is achieved. It does not align with experimental observations of
ductility in strong steels subjected to hydrogen.

The particular susceptibility of strong steels to hydrogen is under-
stood by established principles: greater barriers to dislocation
emission at the crack tip and the ability of larger tolerable stresses
to drive hydrogen diffusion towards regions where stress is con-
centrated [21, p. 319].

3.3 | Local Plastic Instability

Beachem [22] suggested that hydrogen concentrates in the triaxial
stress field of a crack tip, which promotes severe, localised plastic
deformation. This is akin to adiabatic shear [23], which has a dif-
ferent mechanism involving continuum phenomena, whereas any
hydrogen-induced localised plasticity must consider the crystallog-
raphy of slip and microstructure. The bulk material is said to
remain strong because of its lesser, uniform hydrogen-content.
The localisation results in a fracture surface that macroscopically
appears brittle, but microscopically should be ductile. It should
then be possible to detect the deformation debris at the fracture
surface, extending to the depth of the hydrogen-enriched region,
though the necessary degree of hydrogen enrichment is undefined.

This depth and its relation to the stress field at the crack tip have
not been verified experimentally. It may define a quantitative
Popper falsifiability criterion, if a model can be constructed that
defines the expected depth.

The fracture-affected zone can be sectioned using a focused ion
beam for high-resolution characterisation. It might even be pos-
sible to view the accumulation of hydrogen (immobilised by
deformation defects) using atom probe tomography [24-26].

Crack velocity must be dampened by any accompanying plastic-
ity. This could be monitored using acoustic emissions, which
enable the detection of transient elastic waves generated by
the rapid release of localised strain energy. Sudden brittle frac-
ture typically generates distinct, large-amplitude acoustic signals,
and an accelerating crack has a greater emission-event rate as it
traverses diverse structures. Acoustic signals from ductile frac-
ture reflect any irreversible energy dissipation. The technique
primarily involves monitoring the frequency and amplitude
(beyond threshold) of emissions, and the acoustic emission

power [27]. This has been useful in interpreting proposed mech-
anisms of hydrogen embrittlement [28].

The concept of ideal cleavage (cf. pure silicon) is incompatible
with the mechanism of localised plasticity. There is a lack of cred-
ible evidence to support hydrogen embrittlement by localised
plasticity. Concerns regarding existing supporting arguments
include:

1. Modelling: Current models lack the complexity required to
accurately represent the problem.

2. Insitu evidence: None exists for iron, only for nickel, which
has a two orders of magnitude smaller Peierls barrier.

3. Fracture morphology: This is interpreted crudely in poly-
crystalline microstructures; experiments should instead
focus on single crystals of iron.

4. Prediction: There is no quantitative prediction of the
change in toughness caused by hydrogen via the local plas-
ticity mechanism, for even the simplest of steels, rendering
Popper falsification impossible.

3.3.1 | Dislocation Mobility

The proposition that dislocation mobility is enhanced by hydro-
gen in iron is based on in situ observations on nickel, where dis-
locations were observed to move more rapidly in the presence of
hydrogen [29]. However, it is unsafe to extrapolate these findings
to a-iron. The non-planar dislocation core in a-Fe is radically dif-
ferent from that in nickel, which has a Peierls barrier that is at
least two orders of magnitude smaller than that of a-Fe [30]. No
similar insitu observations exist for iron.

The mechanism requires the continuous enrichment of hydrogen
in the vicinity of an advancing crack tip or in deforming regions.
The hydrogen diffusion rate must be commensurate with the rate
of deformation or crack advance. If the strain rate is too large, the
hydrogen may not have sufficient time to replenish the regions
ahead of the crack tip.

Referring to Table 1, the calculated diffusion distance in austen-
ite is too small relative to the distance a crack must propagate to
cause failure, thus ruling out the possibility of a large hydrogen
concentration moving along with the crack tip during the test’s
duration. In contrast, the much faster diffusivity in ferrite means
that hydrogen can in principle, keep up with an advancing crack
provided the velocity is less than D¢ /1. Here A is an interatomic
spacing, so the ratio defines a maximum diffusion-velocity that
can be compared against a proposed or measured rate of advance
of a crack.

Slip localisation bears further scrutiny. When tested in high-
pressure H, gas, the elongation of the ferritic sample in
Figure 4a is reduced. Crucially, neither the yield nor the ultimate
tensile strength is particularly affected by the hydrogen. This is
counterintuitive if hydrogen enhances dislocation mobility. In
any case, slip localisation cannot occur during the uniform elon-
gation phase because maintaining continuity between differently
oriented grains requires the simultaneous operation of at least
five independent slip systems.
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TABLE1 | Calculations for a strain rate £ = 10~¢s~1, plastic strain to failure of &} = 0.3, giving a time ¢ = &} /& = 3 X 10° 5. The diffusion distance is
taken as z ~ /6Dy t. The gas constant R = 8.3143JK ~! mol . The diffusion data are from [31-33] and the temperature is set to 300 K. The interatomic

spacing 4 is taken to be 0.2 nm.

Diffusion
Phase coefficient Dy / m?s~1! D /ms-! zZ/m Conclusion
Y 2.5% 107 exp{— 22300} 6x1077 ~1.5x1073 Too small to move with the crack tip over
the total fracture distance.
a (1.67928) x 1077 exp{— 225} 47 0.12 Orders of magnitude faster, comparable
to the self-diffusion of water.
(a) (b) 1500 |
%07 b o
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FIGURE 4 | (a) Engineering tensile-stress versus engineering-strain curves for a microalloyed Fe-0.064C-1.87Mn-0.1Si-0.47Ni-0.23Mo-

0.035(Nb + V 4 Ti) wt% bainitic steel. The red curve represents testing with the sample exposed to high-pressure hydrogen. Selected data from
Nanninga et al. [34]. (b) Ductile martensitic steel (Fe-0.24C-0.47Mn wt%) that fails within the elastic regime (red marker) when charged electrolytically
with 3 ppm of hydrogen. Selected data from Ronevich et al. [35]. (c) High strain-rate tensile tests on martensitic Fe-0.2C wt% steel, both in the uncharged
(curve) and hydrogen-charged (failed within elastic regime at red marker) conditions. Selected data from Momotani et al. [36].

Once necking and damage evolution begin, the hydrogen-exposed
sample breaks prematurely. The final fracture is a mixture of a
macroscopically ductile failure and a final brittle parting. Non-
uniform elongation does not feature in most engineering designs
where an application is not expected to undergo permanent defor-
mation, except perhaps in crash scenarios where the total energy
absorbed by the steel is important. It is not obvious why the non-
uniform elongation component is missing in the hydrogen-
charged specimen. The problem might be resolved by studying
the evolution of damage during straining, either by sectioning a
number of samples at different degrees of non-uniform elongation,
or using X-ray tomography [37, 38, p. 95].

When cold-deformed and undeformed pearlitic steels are slow-
rate tensile tested (both with and without electrolytically-charged
hydrogen), the stress-plastic strain curves [26] are similar to those
illustrated in Figure 4. Hydrogen exposure slightly reduces the
uniform elongation and more significantly reduces the total

elongation, resulting in a fracture that is a mixture of ductile
and brittle components. Given the need for multiple slip systems
during uniform elongation and the high dislocation density in
the deformed samples, interpreting these results in terms of a
localised plasticity model is not credible.

In stark contrast, other studies (Figure 4b) show that a
hydrogen-charged sample can fail in the elastic regime of
the stress—strain curve, which is correctly classified as brittle
failure. This transition to brittle failure occurs when dealing
with strong steels where the plastic zone at the crack tip will
be limited, or when the strain rate is increased during tensile
testing, Figure 4c [36].

These combined observations emphasise that the local plasticity
model is a qualitative concept. It cannot estimate the ductile-brittle
transition behaviour of steel as a function of temperature and
strain rate. The model does not meet Popperian standards because
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it lacks a quantitative structure that would make the underlying
hypothesis susceptible to experimental disproof (falsification).

Assuming that local plasticity prevails, the following qualitative
predictions designed to improve hydrogen resistance can be sub-
jected to validation:

1. Promoting uniform deformation over localised deformation
by enhancing the work-hardening rate. Increased work-
hardening makes it more difficult for strain to localise into
narrow bands. For example, this can be achieved by intro-
ducing transformation-induced plasticity within the
microstructure.

2. Reducing the amount of diffusible hydrogen for a given
total content by introducing hydrogen traps within the steel
[39-43]. This mitigation method should lessen the effects of
any embrittlement mechanism, as embrittlement is depen-
dent on diffusible hydrogen.

3.4 | Blocking of Dislocation Emission

The original molecular dynamics simulations of hydrogen
embrittlement by Song and Curtin [44, 45] provide insights into
the mechanism of embrittlement and potentially, a quantitative
framework for estimating susceptibility to hydrogen.

Without hydrogen, an increase in stress intensity from
0.8 — 0.96 MPa m, causes the emission of a dislocation, the core of
which is visible as cyan-coloured iron atoms in Figure 5a.
The crack therefore, remains blunt.

When hydrogen is introduced, it migrates initially to the most
favoured locations, which are the crack surfaces where the atoms
congregate (Figure 5b). This is not relevant to crack behaviour
because it occurs on already fractured surfaces, which, when

(@) 0.8MPam 0.96
(i) =>

0.8 MPa/m 112
(ii)

0.8 MPa /m 1.13 1.14

(iif)

saturated, permit dissolved hydrogen atoms to migrate instead
towards regions of hydrostatic tension in the vicinity of the
loaded crack tip. The threshold stress intensity required to emit
dislocations from the crack tip increases in the presence of hydro-
gen, as evidenced by the lack of dislocation generation even at
K;=1.12MPam: (compared with 0.96 MPam: in the H-free
sample). This obviously contradicts the idea that hydrogen
enhances plasticity (Section 4.1).

The simulations further reveal the development of hydrogen-rich
segments (shaded in Figure 5b), where the material has trans-
formed from a — y, forming a region that effectively blocks dis-
location emissions.

As the hydrogen-enriched region grows, it interacts with the
crack front, leading to the emission of a dislocation followed
immediately by brittle cleavage (Figure 5c). This sequence is con-
sistent with a ductile-to-brittle transition.

Song and Curtin assumed the existence of a pre-existing sharp
crack, which, when loaded, was treated using linear, isotropic
elasticity, based on stress field relations derived on the basis
of Westergaard’s work by Irwin, who had defined the meaning
of stress intensity K [46, 47]. The coordinate axes are illustrated
in Figure 5b. The z coordinate is parallel to the crack front, x to
the growth direction, and y along the vertical to the crack face, in
mode I loading under plane strain conditions. The primary inter-
est is in calculating the hydrostatic tension at the crack tip, which
drives the diffusion of hydrogen, so shear stresses are neglected.

oty -t} (2]
o Bl ot (2]

Ny -1
— / nm
z

FIGURE 5 | (a) Simulated atomic configurations during mode I loading of a crack tip; stress intensities and the number of non-surface hydro-

gen atoms per unit length along the crack line Ny;/z are indicated. Hydrogen atoms are coloured white, iron atoms red except those at dislocation

cores which are cyan. The shaded regions correspond to locations of a—y transformation. (i) Hydrogen-free specimen simulation. (ii) Hydrogen

introduced. (iii) The transition from ductile to brittle failure. Reprinted by permission from [45], Springer Nature. (b) Coordinate system around

a sharp crack.
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The hydrostatic tension in plane strain conditions is then:

axx+ayy+azz= 2(1+v)K; o {Q} (2a)
3 3V 2nr 2

positive

Since o;; are all positive in Equation (2a), the term on the left
causes a volume expansion at the crack tip, thus creating favour-
able space for hydrogen atoms to locate in.

The effect of stress on the chemical potential (uy;) of hydrogen
dissolved in a-iron was investigated by Bockris et al. [48].
Suppose that the activities of hydrogen in equilibrium with iron
in the absence of stress, and when a stress is applied, are written
as a?; and ag; respectively, then the free energy G in the binary
Fe—H system is given by

G{o=0}=uY +RT In{ad } + 2. + RT In{al, }
G{o} =p +RT In{ay; } + u}. + RT In{ag. }

AG=G{Fo} —G{o=0} ~ iRTln{a—gI} ~ iRTln{%H}
ay Cu
(2b)

where G{c} refers to the free energy while the iron is stressed, and c
refers to the concentration (fraction of hydrogen atoms per metal atom
and 1 — c for the iron). Since the amount of hydrogen is very small, it
is reasonable to make the approximations that ay ~ cy, that the
chemical potentials of the pure components x° do not change with
o and that cg, &~ 1. The sign of AG will be negative when the stress is
positive (tension) because the associated hydrostatic tension reduces
the free energy of dissolved hydrogen, and vice versa. G{Fo} can be
written as a function of stress as follows:

G{F6}=G{c=0} % |p|Q

2C
~AG= £ p|Q @)

where Q the partial volume of hydrogen (how the presence of
hydrogen affects the overall volume of a-iron) and p is the hydro-
static pressure, which is negative when it causes a volume expan-
sion in iron, i.e., hydrostatic tension and the opposite for
compression. For hydrostatic tension such as that at a crack
tip subjected to mode I loading,

z7xx+o'yy+0'ZZQ

Q=
p 3

(2d)
where the sign has been corrected from the chemical potential equa-
tion in [45]. The partial volume seems to depend both on tempera-
ture and the composition of the iron alloy. For iron at ambient
temperature, it is ~4.41 x 10 ~3° m? atom ~ ! whereas for ‘4340’ steel,
the value is ~3.25x10~% m3 atom~! [48]. Some calculations by
Bockris [48] are instructive, where the stresses applied are uniaxial:

T,°C Stress, MPa /e AG, Jmol 1
27 +118 1.047 —103
27 —118 0.961 +100

It is the gradient Vuy that drives its diffusion. At a constant
temperature,

+0,+

(Van), = —V{W} Q (20)

1+Vv)K 0
= —QL\))MICOS{—} (2f)

3(2n)zr 2
The mean radial velocity of hydrogen atoms towards the crack tip

is then
dr Dy Dy(14+v)Kt {9}
V=——=—-— =Q———C08< = 2

r dr kT( MH)r kT3(277,')5V5 P ( g)

where Kj is the loading rate and ¢ the time. At a time t =1/, all the
hydrogen within a radius r=7 can arrive at the crack tip,

/r:ﬂ Adr= QDiH(l +V)Il<l cos{g} /t:ﬂ tdt
Jr=0 kT 3(2x): 2) Ji=o

y (Q SDu(1+v)K; COS{Q})

12kT (27)2 2

Define ¢ as the equilibrium number of hydrogen atoms per iron
atom in the unstressed crystal, then the number per unit volume
is 2¢, /a3 where a,, is the lattice parameter of ferrite, the unit cell
of which contains two iron atoms. The number Ny/z of hydro-
gen atoms per unit crack length that have diffused to the vicinity
of the crack at time ¢’ is therefore'

&22%0/” (r,)zdé):/}{l,z}zf? QSDH(I-H)I;{HZ $
z ay ) . 2 2°10) a 12kT (2m)2

_ﬁ{l 9}200 5QDy(1+Vv)K?\s
T2 10 @\ 12kT (27)K;
N—_———

~2.13926

(2h)

i

; 2
=b,K; with b,=213926"2 (

SQDH(1+u)>%
aa

12kT (27)2K;
(20)

with the g function being the Euler integral of the first kind, a
symmetrical function of two variables. As stated by Song
and Curtin, b, is the overall parameter that controls the kinetics
of hydrogen segregation at the crack due to loading,
diffusion, concentration and temperature. They suggested that
b; =1.4x 10" MPa~3/°m~%" is a critical value that divides brit-
tle cleavage (b, >b}) from ductile behaviour. This is because
b, > bj represents a domain of high hydrogen content, fast diffu-
sion and slow loading rates that permit the hydrogen to maintain
a large concentration in the crack vicinity.

The theory is said to be ‘parameter free’; Song and Curtin applied
it to a range of iron alloys to determine, by comparison with b},
whether the steel behaves in a brittle or ductile manner (Table 1,
[49]). The inputs they used to calculate K; are not reasonable; the
pre-existing sharp-crack size was assumed to correspond to the
grain size, which was in the range of 11-100 pm—this is far too
large for the steels examined. It is not clear what the ‘grain size’
used refers to because, for the martensitic or bainitic steels in
their analysis, the plate thicknesses are much less than 1 pm.
Their data refer to an estimate of the prior austenite grain size,
which is not relevant in determining the pre-existing crack size
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since each such grain contains myriads of ferrite grains in the
form of plates of martensite or bainite. There is no evidence from
structural studies that cracks 11pm size (Table 1, [49]) exist in
manufactured AerMet 100 [50]; it is likely that the other steels
examined also have gross overestimates of the pre-existing sharp
crack size. The incorrect outcome is to render K; unrealistically
large.

Notice also that bj itself is a fitting parameter that was assumed
to be constant. It must, however, be different for circumstances
other than those they studied, because if it truly is fixed, then a
comparison of b, and b; would lead to the conclusion from
Equation (2i) that the material becomes more brittle as the test
temperature is increased (!) because b, increases as T 1.

It is nevertheless useful to know that the growth of a crack, which
requires a continuing supply of hydrogen to the vicinity of the
crack tip, is related specifically to:

D,
crack growth rate « THKI(CO)S/ 4 )

It would be useful in the interests of maintaining allegiance to
Popper to test whether the dependence on ¢, is correct, though
the obvious difficulty is that brittle failure corresponds to rapid
fracture, making it difficult to measure growth rates. The model
of Song and Curtin may be regarded as defining a putative cause of
hydrogen embrittlement. As Turok stated in another context, ‘it is
healthy for science to have rival theories, which are as different as
possible. This helps clearly identify which critical tests—be they
observational or mathematical/logical—will be the key to distin-
guishing the theories and proving some of them wrong’ [1, p.207].

4 | Hydrogen Embrittlement of Stable Austenite

Austenitic steels that do not transform into martensite (e or «’) are
not in general embrittled by hydrogen, for the following reasons:

« They generally are not strong and possess a large intrinsic
ductility. All of the common austenitic steels have yield
strengths <400 MPa and ductility ~ 50% [51, p.86].

« The temperature dependence of strength is limited given
the very small Peierls barrier at ambient temperatures [52].

+ The diffusion of hydrogen into austenite is orders of mag-
nitude slower than in ferrite, Table 1.

Any reduction in tensile elongation of such steels falls into the
benign category (Section 2), in which the hydrogen-charged sam-
ple exhibits substantive elongation prior to failure, Figure 6. The
fracture surfaces of embrittled samples often are characterised by
dimples rather than facets [53]. There are rarely features akin to
cleavage or fast fracture that could be regarded as unsafe.
Although the observations often are attributed to one or more
of the mechanisms described in Section 4, the role of the plasti-
city prior to fracture is neglected, as is the necessity for multiple
slip systems to engage in a continuous polycrystalline system.
Simplistic interpretations of slip localisation in a single crystal with
a single-slip system active do not reflect reality (e.g., Figure 3 [57]).
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FIGURE 6 | Tensile ductility of stable austenitic steels before and
after charging with hydrogen. The elongations plotted here do not
include the strain recorded prior to yielding, whether that is due to elas-
ticity in the sample or because of the lack of rigidity in the testing
machine. Samples containing 5-ferrite are omitted. Data from [53-56].

4.1 | Mechanism of Benign Embrittlement

Hydrogen particularly reduces the non-uniform ductility in ten-
sion, presumably because it affects the formation and linkage of
microscopic cavities that form, and there may be segments of the
fracture surface that are work-hardened sufficiently to cleave.
Closely spaced voids are able to link rapidly, causing early frac-
ture. Transmission electron microscopy on thin crystals of
310 stainless steel under tension has shown that hydrogen
charging causes the formation of minute voids that then caused
cracking [58]. Hydrogen-free samples did not show this effect.
This cracking mechanism is precisely described as hydrogen-
induced void nucleation, growth, and connexion. Positron
annihilation experiments further demonstrate that hydrogen
enhances strain-induced vacancy formation in austenite, which
is crucial for void nucleation [59].

In summary, hydrogen’s role is to enhance the nucleation and
growth of voids during plastic deformation, leading to their rapid
linkage and a subsequent reduction in the steel’s total ductility.
The generation of tiny voids is attributed to the accumulation of
both hydrogen and vacancies at inevitable stress concentrations
in what is, after all, a heterogeneously deforming polycrystalline
material while necking. Austenite in particular contains dissoci-
ated dislocations, which tend to pile up on the slip plane, so there
will exist local stress concentrations within individual crystals in
a polycrystalline sample.

It is believed that the binding between a hydrogen atom and a
vacancy in austenite is favourable and stabilises the vacancy,
although direct calculations or experiments are lacking. While
an equilibrium concentration of vacancies exists due to their high
entropy, the H-vacancy binding becomes relevant when excess
vacancies are generated by plastic deformation. The agglomera-
tion of these excess vacancies can lead to the formation of fine
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voids [60].> Excess vacancies have also been demonstrated in
hydrogenated, undeformed austenitic stainless steel by the char-
acterisation of sessile dislocation loops (with Burgers vector
2 (111),), which are typical of quenched or irradiated steels con-
taining a surplus of vacancies [61].

If the mechanism of embrittlement based on hydrogen/
vacancy accumulation at stress concentrations is active, then
increasing the stacking fault energy of the austenite would be
beneficial. A higher stacking fault energy would avoid the
dislocation pile-ups that create these stress concentrations.
Recent work confirms the importance of the stacking fault
energy, which satisfies the Popper falsifiability criterion for this
mechanism [62].

When single crystals of austenite (Fe-26Cr-32Ni-3Mo wt%) are
hydrogen-charged and tested at 300K, the deformation mode
changes from pure slip to a mixture of slip and twinning [63].
The stacking fault energy, measured via the triple junction met-
hod, decreases significantly from 65 to 20 mJ m™2. This reduction
changes the dislocation structure from cellular to planar and alters
the orientation dependence of the critical resolved shear stress.
While the exact significance of embrittlement is unclear, the onset
of twinning may contribute to embrittlement if twins intersect
(Table 2).

It follows that the loss of ductility in austenite (its ‘benign embrit-
tlement’) is caused primarily by an increase in the number density
of voids due to hydrogen-vacancy interactions. The loss is not
related to shear localisation caused by increased dislocation mobil-
ity, because hydrogen diffuses too slowly in austenite to maintain a
concentrated presence ahead of an advancing crack tip. Atom
probe tomography shows that hydrogen is not associated with dis-
locations in deformed austenite due to its low mobility relative to
dislocation velocity [53]. Furthermore, a mechanism relying on
hydrogen reducing the shear modulus [68] is not relevant, as
the average hydrogen concentration is only in parts per million,
and any localised accumulation at a crack tip would still be limited
by hydrogen’s slow diffusion.

One way to falsify this hypothesis would be to increase the num-
ber density of hydrogen traps in austenite that compete with its
association with vacancies.

4.2 | Predominantly Brittle Fracture of Stable
Austenite

Nitrogen in austenite affects dislocation mobility, making screw
dislocations sessile and edge dislocations less mobile [52]. This
can cause brittle cleavage and induce a ductile-brittle transition
in austenite as a function of temperature. It is therefore

f

TABLE2 | Tensile tests on stable austenitic steels, some of which are charged with hydrogen. The engineering strain e, corresponds to fracture. The
stacking fault energies are calculated thermodynamically using [Equation (1) [64]; where these energies were missing, they have kindly been calculated
using this method, by Ehsan Ghassemali of Jonkdping University via Steve Ooi of Ovaco. The embrittlement index is defined as %EI{x} =
100(x5; — Xg1) /Xa5; Where x = property measured. The results tabulated can vary with H-charging method; where multiple methods were applied,
the worst scenario is assumed. The data may be sensitive to specimen sizes and shapes.

H c Mn Cr Al Ni SFE el %EI Ref.
Wt% wt% wt% wt% wt% wt% mJ m~—?
No 0.21 30.9 — 1.1 — 19 0.56 [65]
Yes 7 7 ? 7 7 7 0.20 64 [65]
No 0.45 24.5 — 4 — 24 1.13 [66]
Yes 7 7 ? 7 7 7 0.82 27 [66]
No 0.49 24.0 4.04 — — 29 0.43 [62]
Yes 7 7 ? 7 7 7 0.13 70 [62]
No 0.21 30.9 — 1.1 — 29 0.37 [65]
Yes 7 7 ? 7 7 7 0.12 67 [65]
No 0.05 0.95 18.2 — 8.1 0.47Si,0.14Mo 30 0.55 [67]
Yes 7 7 ? 7 7 7 7 0.20 63 [67]
No 0.06 1.11 18.8 — 8.2 30 0.67 [59]
Yes ? 7 ? 7 7 7 0.23 66 [59]
No 0.01 0.66 16.7 — 10.1 2.06Mo0,0.041N,0.47Si 40 0.50 [67]
Yes 7 7 ? 7 7 7 7 0.33 34 [67]
No 0.01 0.90 17.5 — 12.1 0.51Si,2Mo 40 0.59 [67]
Yes 7 7 ? 7 7 7 7 0.61 0 [67]
No 0.25 304 2.71 1.75 3.0 49 0.34 [62]
Yes 7 7 ? 7 7 7 0.38 0 [62]
No 1.10 18.73 5.02 6.00 — 66 0.85 [54]
Yes ? 7 ? 7 7 7 0.79 7 [54]
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interesting to investigate whether hydrogen exhibits a similar
effect in nitrogen-alloyed stainless steels as it does in ferritic
steels.

A nitrogen-containing austenitic steel tensile tested in a hydro-
gen environment showed a dramatic reduction in ductility,
with plastic strain decreasing from 0.67 to 0.12. The fracture
surface shifted from ductile to predominantly cleavage,
Figure 7 [53].

Similar results were observed in an Fe-1C-31Mn-9Al wt% austen-
itic steel [53, 65]. While hydrogen causes hardening of the austen-
ite, the precise mechanism for ductility reduction is unclear, with
only speculation regarding localised plasticity [70]. Critically, there
is no understanding of how this problem might be mitigated in the
context of Popper’s falsifiability criterion. An area for further
research is understanding why hydrogen promotes intergranular
fracture and whether refining the austenite grain size is beneficial,
as explored in medium-manganese twinning-induced plasticity
steels [71]. However, information on grain size refinement in such
steels is contradictory, as hydrogen can suppress e-martensite,
which otherwise mitigates stress concentrations [72].

Hydrogen (specifically deuterium) tends to segregate at austenite
grain boundaries but not at dislocations within the grain. Atom
probe tomography on a hydrogen-charged and deformed Fe-
26.9Mn-0.28C wt% steel showed deuterium segregated to the aus-
tenite grain boundary, peaking at about 1.4 +0.2 at.%. Deuterium
did not segregate to the dislocations generated during deformation
because its diffusion is too slow to remain in the rapidly moving
strain field of dislocations, resulting in a random distribution of
deuterium with grain interiors [53].

(a)

g

air

o

0 0.2 0.4 0.6
Engineering strain

Engineering stress / MPa
N
8

5 | Effect of Hydrogen on the Strength of Stable
Austenite

Hydrogen causes solid solution hardening in austenite, which is
consistent with its finite partial molar volume 2 causing a lattice
parameter expansion [73]. Hydrogenation strengthens single
crystals, reflected by an increase in the critical resolved shear
stress (7.), Figure 8a [63]. The nature of the deformation mech-
anism changes, making 7., orientation dependent (no longer a
simple Schmid factor analysis). The hardening also manifests in
polycrystalline steels, where the yield strength can double with
the introduction of hydrogen. A yield point effect also appears in
the stress-strain curve of hydrogenated polycrystalline samples,
illustrated in Figure 8b [74].

Stress relaxation experiments on the same stainless steel indi-
cated a relatively rapid decline in stress with time in the case
of the hydrogen charged sample, following loading at constant
displacement, Figure 9a [75]. This was interpreted as a reduction
in the activation area A*, which is the product of the length of the
dislocation segment that is activated and the distance it moves
forward. More formally, if the activation enthalpy for a disloca-
tion to overcome an obstacle is G*, then

. JG*
4= <07*)T ®)

and 7* is the effective shear stress. The logic in effect was that the
hydrogen should increase the mobility of dislocations.

However, the interpretation is not strictly correct because
the rate of stress relaxation depends on the level of applied

FIGURE7 | Fe-18Cr-19Mn-0.8N wt% austenitic steel. (a) The effect of hydrogen on the o/¢,, curve. (b) Fracture surface of the sample tested in air. The
arrow points to a relatively flat region which has ductile dimples pockmarking the surface. (c) Mostly brittle cleavage and intergranular failure, in the
sample tested in hydrogen. (d) Segregation of deuterium to an austenite grain boundary. Images reproduced from [53] and [69] with permission of Elsevier.
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FIGURES8 | (a)The measured critical resolved shear stress ., of Fe—-26Cr-32Ni-3Mo wt% single crystals, as a function of hydrogen, orientation and

temperature. Selected data from Kireeva et al. [63]. The hydrogen not only enhances strength but also makes the response of the crystal anisotropic.
(b) Slow strain-rate tensile stress/strain curves for polycrystalline Fe-0.018C-1.77Mn-0.67Si-25.37Cr-19.37Ni-0.4Mo-0.17Cu wt% austenitic stainless
steel, with and without dissolved hydrogen. After Abraham an Altstetter [74].
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FIGUREY9 | (a)Stressrelaxation tests on Fe-0.018C-1.77Mn-0.67Si-25.37Cr-19.37Ni-0.4Mo-0.17Cu wt% austenitic stainless steel with and without
hydrogen. The points represent digitisation of curves in the original work [75]. (b) Analysis of the data in (a) using stress relaxation theory. The regres-
sion lines represent best-fit to the data. (c) Cyclic loading of Fe-0.07C-1.7Mn-8.9Ni-18.3Cr-0.2Mo-0.23Cu wt% stainless steel, not containing hydrogen.
The dashed lines represent purely elastic deformation. Selected data from [76]; there were other loading/unloading cycles between the two illustrated,
but omitted here for clarity. The red curve represents a continuous tensile test.

stress, which is much greater in the case of the hydrogenated
sample [77]:

do

T & (6 —0o)bs 4)

where of is the lattice friction stress, taken to be the asymptotic
limit of each stress relaxation curve. Figure 9b show that the two
sets of data show almost identical slopes, and there are even some

regions of overlap. So the difference in the relaxation kinetics is
not a reflection of an increase in dislocation mobility due to
hydrogen, but rather that the velocity of dislocations depends
on the applied stress, which is of a much greater magnitude
in the hardened hydrogenated sample.

Abraham and Altstetter also noticed that when a tensile test
was interrupted at 6 =0, in the plastic regime, and the load
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FIGURE 10 | Nanoindentation curves from a stable austenitic steel,

adapted to represent the actual data presented in [78].

reduced to zero (¢ =0) before reloading, the recovery of stress
applied stress to 6, was accompanied at the high stresses by
what was described as microstrain, the magnitude of which
was greater in the hydrogenated sample. This was again inter-
preted in terms of hydrogen, but there is a straightforward
explanation.

Figure 9c illustrates a cyclic tension experiment on austenitic
stainless steel that does not contain hydrogen. When pulled in
tension, there are dislocation pile-ups, some of which are able
to relax when the load is removed. These mobile dislocations
therefore lower the yield stress when the sample is reloaded.
A degree of plasticity is indicated by a deviation from the straight
line representing elastic deformation, the difference is identified
as Ag,. The magnitude of Ag, is a function of the stress, so for
both of the cycles illustrated, this ‘microstrain’ is almost identical
at the same stress for the two cycles illustrated (¢ =375 MPa,
Ag, =0.013 ~ 0.011), but increases significantly to 0.034 at the
larger stress of 573 MPa. One of the microstrains reported by
Abrahams and Altstetter [75] for a hydrogenated sample was
smaller at 0.0016 for 6 =593 MPa, proving that Ae, cannot be
attributed to hydrogen, but is simply an effect widely recognised
in, for example, the Bauschinger effect without a stress reversal.
Their observation of an apparent absence of Ae, in the sample
without hydrogen, is simply a reflection of its much smaller
strength.

It seems appropriate to conclude that there is no evidence
to support the hypothesis that hydrogen increases the mobility
of dislocations in austenite, nor for the localisation of slip.

6 | Hydrogen and the Modulus

Nanoindentation of individual grains of austenite in the H-free and
hydrogenated states (~256 ppm) indicates that the Young’s modu-
lus decreases from 220 to 178 GPa due to hydrogen, Figure 10,
while the hardness of the austenite increases by some 30%.

The experiments did not use the recommended repeated loading
and unloading cycles, with each unloading terminated at 10% of
the peak load in order to maintain continuous contact with the
sample [79]. The penetration depth of the indenter into the
hydrogenated sample is greater, creating larger slip steps on
the surface. This would introduce more dislocations that are
known to reduce the apparent stiffness by flexing and unflexing
under load [80]. The evidence that the modulus is reduced by
hydrogen is therefore weak. Indeed, there is no reduction in
the stiffness of polycrystalline austenite by hydrogen; the elastic
responses of the o/e curves for the H-free and hydrogenated
states cannot be distinguished (Figures 7a and 8b).

There are first principles calculations of the elastic modulus of a-
iron as a function of the concentration of its dissolved hydrogen.
Small supercells are implemented to cope with computation
times:

Number of H atoms  Supercell
H, at% H, wppm in supercell dimensions
0.8 146 1 Ax4x4
3.6 659 2 3x3x%x3

These hydrogen concentrations are orders of magnitude greater
than the solubility of hydrogen in iron and exceed typical con-
centrations in exposed iron, Table 3.

The calculations therefore, lead to exaggerated interpretations
with respect to the mechanism of embrittlement. This is illus-
trated in Figure 11, where there is a negligible change in shear
modulus at realistic hydrogen concentrations. The concentration

TABLE 3 | Hydrogen content of steels exposed to the environment.
Measured
Location Period Hydrogen/wppm Note Reference
Okinawa/Tsukuba 1999-2004 0.15 Stressed bolt [81]
Okinawa/Tsukuba 1999-2004 0.16 Stressed bolt [81]
Okinawa/Tsukuba 1999-2004 0.12 Stressed bolt [81]
Okinawa/Tsukuba 1999-2004 0.11 Stressed bolt [81]
Acidic soil, 2.5 pH 360 days 2.9 Unstressed corrosion [82]
Acidic soil, 5.0 pH 360 days Unstressed corrosion [82]
Boiler fuel, no water 1050 h 0.07-0.12 Ship-engine steel [83]
Engine oil, 0.01% water 1050 h 1.8-4.7 Ship-engine steel [83]
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FIGURE 11 | First principles calculations showing the dependence of the shear modulus at 0K of a-iron as a function of interstitially-dissolved

hydrogen. The equation is obtained by best-fit linear regression to the data and shows that the change in Ej is negligible at a concentration of 1 wppm,

which is typical in practice. Selected data from [84].

can, of course, be enhanced by stress triaxialities, but Equation
(2b) indicates that for a hydrostatic tension of 400 MPa at 300 K,
the ratio ¢f;/c¥ is just 1.5. Resonance experiments show that an
average concentration of ¢; = 7— 8 ppmw does not influence the
Young’s modulus of iron [85].

The modulus-based hydrogen effect does not address the extent
of embrittlement to be expected nor the nature of the failure, so it
fails the Popper falsifiability criterion.

7 | Conclusions

There clearly is a dire need to formulate quantitative models that
enable engineering design as a function of the specific levels of
hydrogen concentration expected to enter steel in the circum-
stances of application. The obvious way forward is to focus on
fracture toughness determinations (K;c) as a function of [H],
and express the data empirically in terms of the effective cleavage
surface energy. This is analogous exactly to the current practice
for plane-strain conditions, where

2y ,E

K2 =
c=1_2

©)

where y, is an effective surface energy that accounts for the some
level of localised plasticity, E is the Young’s modulus, and v is the
Poisson’s ratio. The Kic can then be used in engineering design
so in that sense represent material properties.

The true surface energy y is the purely thermodynamic energy
required to break the atomic bonds across a plane to create two
new, stress-free surfaces. For iron this would be between
2.3-2.5Jm~? for {100},, {110}, and {111}, surfaces [86].

Failure in this way would represent a process in which no
energy is dissipated through other mechanisms. The effective sur-
face energy y, accounts for all the energy dissipated from the
crack tip per unit area of crack advance, primarily the localised
plastic work per unit area, w,, associated with a finite plastic zone
at the crack tip, y, =y +w, that can be much larger. And yet, the
effective surface energy is able to function semi-empirically as a
parameter is safe design against rapid fracture when hydrogen is
not present in the steel. There is no reason why such an approach
cannot be exploited for hydrogenated steel.

This approach clearly relies on hydrogen affecting the fracture-
surface energy so it has similarities to the original thinking on
decohesion, Section 4.1. The caveat is that the Kjc tests can
be rigorous representations of potential reductions in toughness
due to hydrogen. They can be used in engineering design, and
unlike most assessments based on tensile tests, they represent
unstable crack propagation. The function Kic=f{[H]} can in
principle even be applied to estimate the safe-life of a component
subjected to fatigue crack growth.

Once the dependence K- =f{[H]} is established, the quantita-
tive variation in y, with hydrogen can potentially provide imagi-
native, though hopefully falsifiable, fodder for further
investigations. If this hypothesis is accepted, then the following
become less relevant:

1. Tensile tests that are associated with benign embrittlement,
accompanied by substantial plasticity. Such tests do not rep-
resent phenomena such as the catastrophic fracture of pres-
sure vessels.

2. The routine interpretation of rudimentary embrittlement
experiments with respect to unfalsifiable hydrogen embrit-
tlement models.
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One aspect not covered here, due to time limitations, is the wide-
spread application of Sievert’s law to estimate the atomic hydro-
gen concentration within a steel due to pressure from molecular
hydrogen gas. This is in the context of the imminent use of exist-
ing pipelines designed for fossil gas, to transmit hydrogen.
Sievert’s law [87, 88] is assumed without adequate attention to
the need for hydrogen dissociation at the steel surface. Johnson
pointed out in 1988 that there are surface impedances such as
oxides, which hinder hydrogen entry and exit form the steel
at ambient temperatures [89]. A palladium sputter-coating leads
to Sievert’s law behaviour, whereas the square root dependence
on pressure is unlikely to be justified otherwise.

Nomenclature

Symbols

a Ferrite or a-iron

7s.{100} Surface energy of plane with Miller indices {100}
y Austenite

€ Strain rate

Efracture Strain when fracture occurs in the elastic regime

& Plastic strain

0 Angular coordinate

A Interatomic spacing

Uy Chemical potential of hydrogen

v Poisson’s ratio

Q Partial volume of hydrogen

Oradial Radial stress

Glangential Tangential stress

60.002 Proof strength

of Brittle fracture stress

Oupper—yield ~ Upper yield stress during discontinuous yielding.
T Effective shear stress

Terss Critical resolved shear stress

a, Lattice parameter of ferrite

ay Activity of hydrogen

A* Activation area

b; Empirical constants

[ Number of H atoms per Fe atom in unstressed crystal
cy Concentration of hydrogen

E Young’s modulus

E; Shear modulus

EI Embrittlement index

G Free energy

G* Activation free energy

k Boltzmann constant

K; Rate of loading to a particular stress intensity
Kic_u Critical fracture toughness in environment with hydrogen

Kic Fracture toughness in mode I loading

Tbubble
R

SFE

Stress intensity in general
Threshold stress intensity
Number of hydrogen atoms
Pressure

Radial coordinate

Bubble radius

Gas constant

Stacking fault energy

Time

Temperature

Radial velocity of hydrogen
Work done per unit area
Hydrogen diffusion distance, or cartesian coordinate

Hydrogen diffusion coefficient
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Endnotes

'Since cos{ —6/2} = cos{6/2}, its integral between the limits —z, +7 is
equivalent to twice its integral between the limits 0, z.

’Although the role of martensite, detected using X-ray diffraction, seems to
have been neglected.
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